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THE EFFECT OF PRESSURE UPON VOID FORMATION IN DIFFUSION COUPLES* 
R. S. BARNES? and D. J. MAZEY}1 


Sandwiches of copper and nickel have been diffused under various hydrostatic pressures. This reduces 
the number of voids and above a critical pressure there are no voids. Similarly, voids previously 
formed by an anneal in vacuo are eliminated by applying pressure during a subsequent heat treatment, 
but the critical pressure is greater than that necessary to prevent them forming. It is concluded that 
the vacancy supersaturation is about 1 per cent and that the voids nucleate heterogeneously upon nuclei 
(about 10-5 cm in size) which are included in the weld between the two metals. There is no evidence of an 
alteration in the diffusion coefficient of copper into nickel with the pressures used. 


L*EFFET DE LA PRESSION SUR LA FORMATION DE CAVITES 
DANS LES COUPLES DE DIFFUSION 

Des ‘‘sandwiches”’ de cuivre et de nickel ont été soumis a la diffusion sous différentes pressions 
hydrostatiques. Le nombre de cavités est ainsi diminué et devient nul pour une certaine pression critique 
De la méme maniére, les cavités formées préalablement par recuit sous vide disparaissent complétement 
en appliquant une pression au cours d’un traitement ultérieur; dans ce cas la pression critique est 
cependant supérieure a celle nécessaire pour éviter leur formation. Les auteurs concluent que la 
sursaturation en lacunes est de 1 pour cent et que les cavités apparaissent de maniére hétérogéne sur des 
noyaux (de dimension approximative 10-5 cm) qui existent dans la soudure entre les deux métaux 
On ne remarque pas de variation du coefficient de diffusion du cuivre dans le nickel sous l’effect de la 
pression utilisée. 


DER EFFEKT HYDROSTATISCHEN DRUCKS AUF DIE PORENBILDUNG 
IN DIFFUSIONSPROBEN 
Die Diffusion in Bimetallproben von Kupfer und Nickel wurde bei verschiedenen hydrostatischen 
Druken untersucht. Durch den Druck wird die Porendichte verringert. Oberhalb eines kritischen Drucks 
gibt es keine Poren mehr. Ausserdem verschwinden Poren, die bei einer vorausgegangenen Vacuum 
Glihung entstanden waren, wahrend einer nachfolgenden Warmebehandlung unter Druck Der 
kritische Druck hierfiir ist aber grésser als der fiir die Porenbildung. Es wird geschlossen, dass dir 
Leerstellen-Ubersattigung grésser als 1% ist, und dass die Bildung der Poren hetorgen an Keimen 


(von 10-5 em Grésse) erfolgt, die in der Schweissnaht zwischen den Metallen liegen. 


INTRODUCTION (3) They form even in carefully degassed materials, 


The formation of voids during the interdiffusion of and their volume is independent of the nature of 
two different metals has been shown to be a general the annealing atmosphere. 
phenomenon when face-centred cubic metals are The number of voids observed by different workers 
interdiffused.4.?;3,4 It is believed that these voids varies between the limits 10°-10°/em? of interface 
result from the supersaturation of vacancies pro- In some cases the number increases with the time of 
duced by the unequal diffusion flow of atoms which the anneal, in others it is constant, the voids only 
was first reported by Smigelskas and Kirkendall." increasing their size. This suggests that the condition 
The following are the principle reasons for believing for the nucleation of the voids is an important 
that the voids are formed by the precipitation of variable, and this paper describes some experiments 
vacancies :— in which couples were diffused under pressure, the aim 
(1) They occur in that region of the diffusion zone being to gain information on the nucleation processes 
which is losing atoms, (i.e. gaining vacancies) involved. 
as shown by the movement of markers. The experiments were all performed with hot 
(2) Their total volume is approximately a constant pressed copper/nickel sandwiches similar to those 
fraction (about a half) of the net volume of the previously used by the author.) Multiple sandwich 
atoms which have crossed the interface during samples were chosen so that the total volume of the 
the diffusion anneal, both of these volumes voids could be determined from the large change in 
being proportional to the square root of the density caused by interdiffusion. Two methods 


time of the anneal at a given temperature. applying pressure to the sample were used. In a 


series of preliminary experiments, designed only to 
* Received April 16, 1957. : demonstrate that an applied pressure could prevent 
+ Atomic Energy Research Establishment, Harwell, 

Didcot, Berks. void formation, sandwiches were made which fitted 
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Fic. 1. Sketch of die and plunger apparatus. 
tightly into a die, and the pressure applied by loading 
the plunger. In more precise experiments samples 
were annealed in a high pressure inert gas atmosphere. 
During the course of this work Geguzin® published 
some results using a die and plunger technique. He 
prevented the formation of voids in a copper/nickel 
couple at 1000°C under the one pressure of 1422 |b/in? 
and in a copper/x brass couple at 850°C under a 
pressure of 171 lb/in?. In the latter case he reported 


a decrease in the diffusion coefficient of zine into 


copper with increasing pressure. 
PLUNGER EXPERIMENT 


DIE AND 


Discs 3 in. diameter were punched from 0.005 in. 
strips, formed by rolling Johnson Matthey spectro- 
rods, and _ similar 


scopically-standardized copper 


discs punched from 0.005in. commercial nickel 
sheet. These discs were stacked alternately copper and 
nickel in a stellite die of the same internal diameter 
as the diameter of the discs, but two nickel dises were 
placed adjacent to one another half way down the 
stack, and the two faces in contact painted with a 
mixture of fine alumina powder and alcohol. to 
prevent them welding together. Thus two separate, 
but similar sandwiches, each containing 24 copper 
and 25 nickel dises were produced by the subsequent 
welding treatment. The stack was welded by inserting 
stellite plungers into the die, which was then placed 
nickel-chromium die into which 


inside a_ larger 


hydrogen flowed (see Fig. 1). The whole assembly 
was heated quickly to 950°C by placing it in the coil 
of a high frequency set. When the temperature was 
steady a load of 3000 lb/in®? was applied to the 
stellite plunger by loading the plunger of the nickel- 
After 10 min 
the dies were allowed to cool. When cold the pressure 


chromium die with a hydraulic press. 
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was released and the two samples removed from the 
inner die and their densities determined. One sand- 


wich was then used as a “control” by placing it 
above the stellite die (position X, Fig. 1). 


were reassembled and the welding procedure repeated, 


The dies 


but this time the required annealing pressure was 


applied to the sandwich in the stellite die before the 


temperature was raised to 1000°C, and maintained 
for 4 hr. 
successively at nominal pressures of 8000, 4000, and 


Three such experiments were performed 


2000 lb/in?. The densities of the two samples were 


then redetermined, and each sectioned and repre- 
sentative photomicrographs taken. 

These experiments showed that a pressure as low 
as 1300 lb/in? prevented void formation and as this 
value was not excessive a more precise experiment was 
designed. The following were the main disadvantages 
of the die and plunger experiment. 

(1) Due to leaks in the hydraulic press the pressure 
could be maintained only between wide limits 
during the anneal. 

The pressur® @ the sample was indeterminate 
because of die and plunger friction. 
The pressure on the sample was not uniform 
because of sandwich-die and sandwich-plunger 
friction. of the 


samples, although they were tightly fitting in 


This caused some distortion 
the die. 

There was a tendency for the copper to ooze 
between the die and its plunger. 

The control sample was not in close proximity 
to the sample under pressure and identity of 


temperature could not be assumed. 


EXPERIMENTS 
The detail 
was subsequently used to anneal the sandwiches 


GAS PRESSURE 
apparatus, described in elsewhere,” 
In this apparatus pressures up to 
the 
sandwiches contained in a stout Nimonic tube which 
The 
tube assembly containing the sample was heated to 
1000°C for the anneals. This method was far superior 


under pressure. 


2500 lb/in? were applied hydrostatically to 


was pressurized with pure argon gas. whole 


to that previously used. The pressure was quite 
steady, was measured directly by a pressure gauge, 
and was hydrostatic. Samples of any shape could be 
used without any distortion. 

Three large rectangular shaped sandwiches were 
individually prepared in the large nickel—chromium 
die under the conditions of temperature and pressure 
already described. Small pieces were cut from these 
large sandwiches and used for the experiments. The 


density of a small piece was always determined before 


H., in Load 

= 

i 
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AND 
and after each anneal by a displacement method 
using ethylene dibromide as the fluid. A number of 
small samples was annealed in a vacuum furnace for 
4hr at Each 


L000°C to produce voids. pressure 


anneal was performed using one of these preannealed 


samples together with a fresh one. By this means a 
series of anneals at various pressures gave both the 
pressure necessary to prevent voids forming in the 
fresh samples, and the pressure necessary to remove 


existing voids in preannealed samples. 


RESULTS 
(a) Haxperiments using the die and plunger. Micro- 
graphs of samples annealed at 1000°C for 4 hr under 
the following applied 5330-8000 1b/in?, 
2660-4000 Ib/in? and 


voids, and little change in density occurred. 


pressures 
1300-2000 Ib/in2. no 


The 


control samples, which were not subject to pressure, 


showed 


contained many voids and decreased in density by 
1.7 per cent. 

(b) Haperiments Fig. 2(b) 
shows the effect of the pressure anneals upon the 


density of both the fresh samples (continuous curve) 


using gas pressure. 


Fresh sample 
Pre-annealed sample 
+ ; 


No. of voids/em of interface 


*lo change in density 


Ap 


2500 
Ib/in? 


500 1000. 
Externally applied pressure P., 


Fig. 2. Graph showing (a) the number of voids/unit length 
of interface and (b) the change in density for both fresh and 
preannealed samples when annealed for 4 hr at 1000°C under 
various pressures. 


FORMATION IN DIFFUSION (¢ 
and those samples already containing voids (dashed 
curve) as a result of the preanneal treatment at 


for the 


thr in vacuo. The upper part (a) of 
same Fig. 2 shows the number of voids per centimetre 
of interface as counted on a representative area of the 
sectioned surface of each sample 

A series of photomicrographs of both the fresh and 
preannealed samples after various pressure anneals is 
shown in Fig. 3. It can be seen that even a pressure of 
250 |b/in? is sufficient to markedly reduce the numbe1 
of voids in the fresh sample and that after the highest 
pressure of 2500 |b/in? neither sample contains an 
appreciable number of voids 

There was no evidence that the application of the 
external pressure changed the diffusion coefficient of 
The distance from the con 
the of the 


copper into the nickel. 


centration contour, (etched upon surface 


sandwich electrolytically’) to the weld interface 
(x) divided by the square root of the annealing time 
(,/t) was constant in all the samples to the accuracy 
of As a 
were performed with one fresh sample inside the 
1200 |b/in? 


measurement. check, some 16 hr anneals 


Nimonic tube at a gas pressure of und 


another in close thermal proximity to it but im 


vacuo. Once again there was no evidence for any 


alteration in the diffusion coefficient. 


DISCUSSION 


Fig. 2 shows that a hydrostatic pressure of 1300 
nickel 


The 


separate evidence both ot the absence ot mu roscopic 


Ib/in? applied at LOOO-C on these coppel 


sandwiches prevents the formation of voids 


voids and the lack of a density decrease at the higher 


pressures* show that this pressure is necessary to 


prevent all voids forming. Similarly it can be con 
that a 


voids previously formed by the 4 hi 


cluded pressure of 2300 in eliminates 


L000°C anneal 
in these wo 


The large differenc 
the 


pressures 


m vacuo. 


1300 lb/in? does not 


indicates that pressure of 


merely collapse voids which form early in the anneal 


The 


shape during 


retained an approximately spherical 


thei 


voids 


Suggesting that the 


collapse 
collapse was by a diffusion rather than a deformation 
process. 


Equilibrium conditions at a void. Let us conside! 


a single void of radius R in a metal which contains c 


vacancies/unit volume at a temperature at which the 


yund in 
para s L 


* The 


no voids is a result of the departure from V« 


increase in density ft 


copper nickel system, or to what is oft 
lattice parameter’ of the mater The in 
the fresh samples than for the pr 
had a total anneal of 8 hr 


n termed 


annealed 


have 
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equilibrium concentration is ¢, vacancies/unit volume. 
Extending the consideration of Seitz"? the void can 
be held constant at this size by an applied external 
hydrostatic pressure P if 

P +. 2y/R = kTN In (e/cy) (1) 
(where y is the surface energy/unit area of the void, 
k is Boltzmann’s constant, 7' is the absolute tempera- 
ture, and N the atomic density). If P is less than this 
equilibrium value, the void will grow by acquiring 


further vacancies and the term 2y/R will diminish, 
so that if ¢ is maintained constant.t the void will 
to The 


however, will be limited by the rate at which vacancies 


continue grow in size. rate of growth, 


can get to the void. Similarly, if P exceeds this 
equilibrium value the void will collapse. 

Each individual void will have a critical value of 
P, and as c will be roughly the same at each void, a 
large void will have a high value of P. 

Equilibrium conditions at a nucleus. Impurity par- 
ticles can assist nucleation by enabling voids to form 
at a low supersaturation of vacancies (c’). An equa- 


tion similar to equation (1) can be written for this 
kTN In (e/e,) 


where r is the radius of a spherical impurity particle. 
If the external pressure is less than P’ a void can 
form, and grow, at a rate determined by the flow of 
vacancies to it. Each nucleus size will have associated 
with it a critical pressure P’ below which it can grow 
in a given vacancy supersaturation c’. If the external 
pressure is greater than k7'N In (c/cy) then even an 
infinitely large nucleus would not collect vacancies. 
The curves for the fresh samples in Fig. 2 show that 
there is a range of sizes of nuclei, an external pressure 
of 1300 lb/in? being necessary to prevent the largest 
of them operating. The similar shapes of the two 
curves for the fresh samples in Fig. 2 (one curve of the 
total void volume and the other of their number) 
that the 


constant in all samples and this is borne out by the 


suggests volume per void is roughly a 
photomicrographs which indicate a constancy in the 


size of the voids. This confirms the view that if a 
void can grow at all it will collect as many vacancies 
as the surrounding supersaturation will permit, and 
that its eventual size is not determined by the extern- 


ally applied pressure. 


+ The supersaturation of vacancies in the diffusion couples 
will not be held at a constant level, but will be determined by 
the rate of arrival of vacancies in the region and the number of 
sinks available. 
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Supe rsaturation and nuclei 
mations are made the results 
and preannealed samples can 
supersaturation existing in 


In 


pre ssures 


nuclei Sizes. 


plastic 


at 1000°C can be neglected 


critical the 


preannealed samples give 


supersaturation existing ¢ 
Photomicrographs ot innealed for 4 


17. VACUO (e.g. see 


voids (R) is about 5 


energy (y) is about 10° e1 


in equation (1) is approximately 4 


and is thus not dominant. Substituth 


2300 |b/in? (1.58 dyn em*) fo 


(1) gives a value of 1.011 for c/c, i. 


at the voids of 1.1 per cent 
If it is assumed that this value of supersaturation 


exists throughout the diffusion anneal, then som« 


estimate of the nuclei sizes can be made. The radius 


of the largest nuclei (7, in the samples is given 


by substituting a value of 1300 Ib/in* (9.0 Lo? 


dyn/cm?) for P’ in equation (2). 


Similarly, the radius of the smallest nuclei whi 
operate with no external pressure (7,,j,) is give 


substituting P’ 0) 


Nuclei smaller than this « but in 


cist 


supersaturation of only 1.1 per cent, 


void formation Thus ass 


assist 
saturation of 1.] 
the diffusion 


pel cent | 
throughout 
the nuclei which en 
2 4 


Small black spe ks 


10-° and 5.6 LO 


in the photomicrographs 


been mentioned in a previous papel 


arKel iv 


used as interface m 


graph (magnification 1600) of 


surtace 


one 


electropolished 


1] 


showing the row of bla 


largest of these is about 


The size of these small 


calculated above for tl void nucle! It can be 


concluded that these specks (which are ibly 


Wwe lded 


presulmM 


inclusions in the original interface between 


the copper and nickel) are the nuclei upon which the 


voids first form. 


COUPLES 
i If some appl 
uread given tor ] 
oth the real 
Tie counk na 1 
32) show that | 
i 
+ 
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Welle 
| 
+ +} 
het 
i] 
5 1s photomic! 
oe: of the sandwiches 
Ree ack specks in the weld. The 
<< Ree specks is the same as that 
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Weld 
interface 


Copper 


Fic. 5. Photomicrograph of lightly electropolished surface 
of a sample showing inclusions in the weld. 1600. 


Those samples which have been diffused under 
high pressures such that no voids form, contain a 
few voids after subsequent heating in vacuo. These 
are invariably nearer to the original interface than 
they would have been had the whole of the heat 
treatment been performed in vacuo (compare Fig. 4a 
and b). This suggests that the voids have nucleated 
in each case upon inclusions in the interface and in 
the one case (a) had insufficient time to move far 
from it. Once the voids have formed they can migrate 
by processes such as surface diffusion, or evaporation 
and condensation on the void surface and so leave 
the inclusions behind. As only a small number of 
voids occur after an initial diffusion under high 
pressure (e.g. see Fig. 4a) we must conclude that the 


supersaturation at the nuclei in these cases is less 


than 1.1 per cent, so that only the larger of the 


6 nuclei can form voids. 
' : Thus in these couples made from spectroscopically- 


standardized copper the voids nucleate only upon 


inclusions in the weld (with > 10-°cm). This 

ee agen explains why the voids occur in a well defined plane 
o% ‘ erg , parallel to the original weld and why the number of 


eae voids varies little with annealing time at low pressures. 


Ma Other workers using less pure material normally 


ey obtain a wide region containing voids. This is 
\% e probably due to the nucleation of voids at inclusions 
bse Vt in the diffusing material itself. This accords with the 


number of voids increasing in these cases as the 
diffusion zone becomes wider. 

The heterogeneous nucleation so strongly indicated 
by this work explains why the number of voids 


Fic. 4. (a) A photomicrograph of a sample annealed under observed by various workers varies so much, and why 
high pressure for 4hr and subsequent! o for 16hr the results on samples prepared at different times 
both at 1000°C. » 270. (b) For comparison a similar sample ; ; 
the foil with the same material do not exactly repeat. 


6 
Nickel 
Fic. 4. (a 
. 
* 
*. : 
Fr $4. (b 
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CONCLUSIONS 
(1) An externally applied hydrostatic pressure 
will collapse voids produced by interdiffusion. 
(2) A to prevent 
formation of voids. 
(3) The pressure acts by reducing the number of 


able the 


smaller pressure is 


voids rather than their size. 

(4) The vacancy supersaturation in the samples 
studied is about | per cent. 

(5) The nucleation of the voids is heterogeneous, 
the diameter of the the range 
2 10-> em to 6 
studied the nuclei lie in the welded interface. 


nuclei being in 


10-° em, and in the samples 


(6) External pressure up to 2500 lb/in? do not 
radically alter the rate of diffusion of copper into 


nickel. 
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THE EFFECT OF 


M. M. 


HUTCHISON? 


PRELOADING ON THE YIELD POINT IN IRON* 


and N. LOUATT 


Measurements of the increase in yield stress in iron caused by preloading below the yield point have 


been carried out with a view to distinguishing between current theories of the yield point in Cottrell 


locked systems. 


The results obtained tend to favour a theory based on a model in which prior to yielding 


the dislocations move significantly carrying their atmospheres with them. 


MISE EN 
“YIELD 


L°,EFFET D’UNE 


Les auteurs ont procédé 


CHARGE 
POINT” DU 


& des mesures del’augmentation de la 


PREALABLE SUR LE 
FER 


tension d’amorce de déformation 


plastique du fer (yield stress) provoquée par une mise en charge préalable inférieure au ‘‘yield point.” 


Leur but est d’établir une distinction entre les théories courantes du “‘yield point’”’ basées sur le blocage 


des dislocations (Cottrell). 
modeéle ou 
appréciable, 


DER EINFLUSS EINER 


avant lapparition d'une déformation plastique, les dislocations se 


entrainant leurs atmospheres avec elles. 


VORLAST AUF 


Les résultats obtenus semblent étre en faveur de la théorie basée sur un 


déplacent de facon 


DIE STRECKGRENZE VON EISEN 


Die Zunahme Streckgrenze von Eisen infolge einer Vorbelastung unterhalb der Streckgrenze wurde 


untersucht mit dem 


Wechselwirkung zu entscheiden. 


Ziel, zwischen gangigen Theorien der Streckgrenze in Systemen mit 


Cottrell- 


Die Ergebnisse stiitzen eine Theorie, nach der die Versetzungen sich 


unterhalb der Streckgrenze merklich bewegen und dabei ihre Atmosphiren mitnehmen. 


INTRODUCTION 

Cottrell has proposed an explanation of the yvield- 
ing of polycrystalline metals in which dislocations are 
anchored by solute atoms, in the following terms. 
Dislocations in a few grains favourably situated as 
regards orientation and localized stress concentrations 
such as a small crack or inclusion are pulled from their 
atmospheres at low stress and pile up at obstacles 
such as grain boundaries, mosaic boundaries, etc. As 
the 
operative sources pile-up until the stress generated is 
so high that a 
in neighbouring grains are torn from their atmospheres 


the stress is increased, more dislocations from 


“break through” occurs. Dislocations 
and the process becomes catastrophic. On the other 
hand. 


follows immediately a source operates and that prior 


Louat™® has recently suggested that yielding 
to the operation dislocations everywhere bend under 
the action of the applied stress. 


One experimental phenomenon which might be 


expected to distinguish between these two theories of 


vielding is the effect of preloading on yield point. It 
has been shown that the yield point of single crystals 


of pure iron and of polycrystalline mild steel may 


be increased by protracted preloading below the yield 
point. Similar effects have been observed in poly- 


crystalline mild steel by Vreeland, Wood, and Clark‘) 
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using stress pulse loading and subsequent annealing. 
On inspection, it was found that these experimental 
results were not sufficiently critical to discriminate 
between these views. Hence further experiments on 
these lines were undertaken and the results are pre- 
sented in this paper. Before this is done, however, an 
analysis is made of the preloading phenomenon in 
terms of the C and L ideas on the release of dislocations 
from solute atmospheres. 

DISCUSSIONS ON PRELOADING IN TERMS 

OF THE TWO MODELS 

Cottrell’s model. On the basis of Cottrell’s ideas, one 
would expect, at first sight, that annealing under a pre- 
load would increase the yield stress by an amount equal 
to the preload, provided the preload was sufficiently 
large (in the presence of the stress concentrations) to 
cause yielding in some grains. This would follow from 
the reasoning that, at equilibrium, the stress at a 
source due to a dislocation pile-up at an obstacle would 
be equal to the applied stress, and would be unaffected 
by reforming the atmospheres. Hence, ina subsequent 
tensile test the stress necessary to produce yielding 
by the operation of this source would be equal to the 
sum of the original stress and the preload stress. 
Similarly, a stress nearly as large as this would be 
necessary for the activation of adjacent sources which 
are also under the influence of the localized stress 


concentrator. 
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This the 


possibility that a source in a previously dormant grain 


view, however, takes no account of 
might begin to operate in a subsequent test as soon as 
the stress rises above the preload. It is important to 
note in this connection that stress concentrators whose 
effects vary comparatively slowly with position also 
exist (e.g. those due to specimen geometry), so that 
the effective stresses applied to individual grains 
should vary more or less continuously over a con- 
siderable range. Hence, on reloading, a ‘“‘most 
favoured source” in a grain inactive during preloading 
could operate and produce a dislocation pile-up which 
would behave in a manner determined by the magni- 
tude of the effective stress in the grain. 

Denoting the original yield point and the stress 
concentration factor of the first grain to operate during 
preloading by o, and n, respectively and the same 
quantities for the second grain by o, and vg, it would 
supposing 


the 


seem reasonable to assume that 7,0, No 
that 
same in both cases. The ratio of n, to n, is then given 


the localized stress concentrators (m) are 
by the ratio of the applied stresses at which the 
sources in the two grains commenced to operate: 

O/T). Where 0 is the 


preload and 09 the effective stress at which a source 


O/nym and + 
(T 0)/7 and 0, (1 
pulls away from its atmosphere at a given temperature 
and in a given time. On this basis, if a second pre- 
loading were made (say to o,) one would expect that 
the resultant increase in yield would be the same as 
that obtained from a single preloading to o,. Thus we 
have seen that there are two ways by which Cottrell’s 
model predicts an increase in yield point after pre- 
loading. These suggest increases equal to (1) the 
preload providing it exceeds 7 and (2) the amount by 
which the preload exceeds 7. Of these the second 
predicts lower yield points and is therefore to be 
preferred. 

In the foregoing analysis no account has been taken 
of the influence of preloading temperature, but it may 
easily be shown that the predictions are valid for a 
series of tests in which preloading is carried out at one 
temperature and the yield points determined at 
another. It should be noted however that 7 is tempera- 
ture dependent and becomes smaller as the temperature 
increases. 
that the initial 


Again, it is reasonable to assert 


source operates a comparatively short time after the 


preload is applied, and is subsequently under a zero 


net stress while the load is maintained. It follows 
therefore that it would operate in the reverse direction 
if the load were removed and the specimen held at the 
ageing temperature for a time great compared with 


9 
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THE YIELD POINT IN IRON 
that of preloading. As a result, the effects of pre! 


ing would be largely if not entirely removed 

refute this view it might be argued that the source 
its glide plane are so hardened by the motion of 
dislocations that the dislocations cannot even m« 
back. This, however, is not in accord with the obse1 
tion made by Vreeland, Wood and Clark? that t! 
was appreciable recovery (~)DO per cent) of microst 


on unloading from a stress level which would hay 

produced yielding had it been applied for suffi 

time. 
Louat’s 


model. It that 


atmospheres bend together under the action of 


sources 


is considered 


applied stress and that if the stress is less than tl 
necessary for yielding this motion will effectively « 


after a certain definite amount. This amount may 


determined from a consideration of the reductio1 


both the effective stress applied to the source and 


the atmosphere density, both of which follow as 
result of the bending. 


It follows therefore that the motion will be resumed 


only under a significantly increased stress if t 


atmosphere density be restored to its original value 
This result in turn implies an increase in yield point 


The dependence of this increase on preload is de1 


in the next section and is found to be similar t 


predicted from the Cottrell model. On the other hand 


this model leads to the prediction that a second pre 


loading will produce a step in the preload—yvield stress 


curve. Furthermore, the effect of preloading should 


not vanish if the specin en be unloaded after anne 


and maintained at the annealing temperatur 


very protracted period. 


Theory of Louat’s mode ( ording 


sources with atmospheres bend under 


an applied shea stress The velocity 


sections being given bv the relation 


J exp 


where uw is the shear modulus x the 


density, g the semi-angle subte nded by 


circle into which the source bends 
centration factor, and ¢ is the stress 


source would operate if no atmospher 


If the specimen be loaded to a stress O» 


loac disloe tio 


for yielding and aged under 


will effectively when and 


In {1 


sin g 2 


cease 


NO» 


|) 
|) 

958 
| 
to 
of 

| 7 Sin ¢ 
= 3 
atmosph 
| 
In | | 
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where 7 is the stress which must be applied in order 
to obtain detectable microstrain in a reasonable time 
and a, is the effective atmosphere density at the ageing 
temperature. It follows that if the atmospheres be 
reformed by ageing under load at this temperature 
and subsequently tested at say room temperature 
(x = a,) the velocity of the source after it has bent 
through an additional angle ¢ will be proportional to 


sin ¢ 


In 


exp 
SIN (Py 4 g 


\no 

We shall now suppose that as the result of preload- 
ing and ageing the yield strength be increased from 
g, to oz. The stresses are defined by the relations. 


sin ¢ 
NO, = SiN q, - kIn (1 Oy 


and 
SIN Pz 


P3 


= C SiN + Y3) —k ln | l—wa, 
where k is a factor having the character of stress and 
which may be considered constant for constant testing 
conditions. It follows that the increase in yield 
strength due to preloading is given by 


0;) c sin (Py + Pz) sin 


% SIN P3/P3 
In principle the additional relations necessary to 
evaluate this increase may be obtained by integrating 
the source velocity over the period under load; in fact 
this process is very difficult if not impossible and only 
an approximate solution can be given. Following 
other work”) we suppose that, under normal experi- 
mental conditions, the loading rate (taken as constant) 
is greater than c cos (gy, + g) dgy/dr which is the rate 
It follows then that after 
preloading the source velocity at a given angle @ is 


of increase of ‘‘back”’ stress. 


either equal to or greater than its value before pre- 
vs - 
- ¢ iN g, as an upper bound to the increase 


loading so that thus set c¢ sin 


(P2 3) 
in yield strength and even write with little error 


-G, we may 


— 0,) = csin + — csin gq, 


and @, are small. 
Pe 
It now remains to find n(a, o,) in terms of a4, the 


preload stress. From equation (1) we obtain 


2 
T) nO, ~ Po OP" 


where 6 = —a,7/{3(1 — a.) In (1 — «,)} assuming as 


above that g, is small, and as is reasonable, that at the 


annealing temperature 1 — > 
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Finally, combining this result with equation (2) and 
making the additional approximations no, = cp, and 


cos ~, = 1 —d¢—,”/2 in the small second term, we have 


2 


n(d3 — ~ no, COs + 


. 
sin 


0 cos — 

It is apparent from this equation that a plot of yield 

stress against preload should show the following 
features: 

(1) When a, - 

(2) A tendency to bend as oa, 


T, will equal 

increases which 
becomes more pronounced as « increases (i.e. 
as temperature decreases). 

(3) A linear region (where a, is small) whose slope 
should be less than 1 and independent of 
annealing temperature. 

(4) A decrease in 7 as the “annealing” temperature 
rises, 

Thus far, it may be seen that the predictions of 
this model differ from those obtained from Cottrell’s 
only in the presence of the quadratic term in o,. This 
is not considered to be very decisive since in the region 
where it might be important g + g, may not be small 
as has been assumed in deriving its existence. 

We turn now to the case of double preloading. If, 
after preloading to o, and “ageing,” the specimen 
again be preloaded, dislocations will not commence to 
move until a stress ¢, + A is applied. This stress is 
defined by the equation (vide equation(1)) 


u 
In (1 — 
A) 


-C€SIN Py 
; u\} 
In (1 Xo) 
NT 


i.e. When n(o, + A) — csin 9, NT. 


Furthermore, from equation (1) we have 


— c sin 


In (1 — a@,)/In | l— 


SIN Po 
and on substituting for no, — ¢ sin @, 


- In (1 - ag)/In (1 - Lo 


sin ¢ 2) 
Pe 


Supposing that A and q, are small, this becomes 


1+ ~ 1 

Consequently a plot of yield stress against preload 
for double preloading should show a step of width A 
given by this relation. 


Po"/6(1 — In (1/(1 


(2) 


M. M. HUTCHINSON anp N. 


EXPERIMENTAL 
Armco iron of the following composition was used 
throughout 


Mn 


0.015 0.033 0.002 0.061 0.022 


Specimens were machined to the dimensions shown 
in Fig. 1; this type of specimen allowed a Robin strain 
gauge which leaves pop marks on the surface, to be 
attached to the shoulders. 
pared by polishing the reduced section with succes- 


Each specimen was pre- 


sively finer emery papers, and this was followed by 
vacuum annealing at 950°C for 1 hr and slow cooling 
The 


after annealing consisted of equiaxed grains having a 


(20 hr) to room temperature. microstructure 
mean diameter of approximately 0.1 mm. No carbide 
particles could be detected. 

The experimental procedure consisted essentially of 
annealing at the preloading temperature to achieve 
equilibrium, preloading at a temperature in the range 
65-150°C, cooling to room temperature, removing the 
preload and testing to determine the upper yield point. 
A fresh specimen was used for each preloading treat- 


ment. 


Specimen geometry 


Fic. 1. 


(Seale: 


Preloading and testing were done in a Denison creep 
machine (5 ton capacity) in which the load could be 
2 lb. 
determined by means of a Robin strain gauge with an 
of -| The 
annealing furnace, which was attached to the testing 
that the 


measured to an accuracy of Elongation was 


accuracy electric resistance 


machine, was controlled so temperature 
variation of the specimen surface was less than —-2°C 
Annealing prior to preloading and during the applica- 
tion of the preload were both prolonged sufficiently 
to achieve equilibrium: the annealing times involved 
were 16 hr at 65°C and 2 hr at 100°C and at 150°C. A 
check was kept on the specimen during preloading for 
any sign of general plastic deformation: in the few 


cases where this occurred the test was discontinued. 


Experiments were carried out to determine the 


effect of two-stage preloading at 100°C. Specimens 
were preloaded to a stress o and annealed 2 hr at 100°C. 
The preload stress was then increased to some value 
(o 6c), the annealing treatment was repeated, and 
the upper yield point at room temperature was 


LOUAT: 


THE YIELD POINT IN IRON 


20,000 


Ib/in? 


Yield stress —+ 


12,000 


— 


Fic. 2. The effect of preloading at 150°C 


determined. This procedure was repeated on different 
specimens for various values of da. 

In the early part of the investigation some tests 
were made in which the preload annealing treatment 
was given in one machine, while the subsequent testing 
to determine the yield point was made elsewhere. It 
was found, however, that the results became incon 
sistent after the first few tests—presumably due to the 
the 


virtual impossibility of re-aligning specimen in 


exactly the same way each time 


RESULTS 
The effect of preloading at 150, 100, and 65°C on the 
upper yield point measured at room temperature is 
Figs. 2-4. 


results (which is not unusual where measurements of 


given in Despite a certain scatter in thi 
the upper yield point are inv 
features emerge quite cleat ly 

(1) There is a threshold preload stress bel 


no increase in vield poimt occurs thi 


e—e Single stage preloadin 


»-0 Double stage preloading 


oading at 100°¢ 


| 
| 
Si P 18,000} 
| 
| 
16,000 | 
| 
10,000 — 14.006 
Preload b/ir 
1958 
cding 
20,000 
18,000 
@ 
e 
16,000¢--2 
“40.000. 12000 14000 16000 
Preload b/in‘ 
FIG 3 Che etiect of pre 
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Yield stress 


10,900 12,000 


Preload ——- 


14,000 
Fic. 4. The effect of preloading at 65°C. 


stress increases as the preloading temperature 
decreases. 

2) The initial slopes of the curves are ~1 and do 
not show any consistent variation with preload- 
ing temperature. * 

(3) The initial \ ield stress rises progressively as the 
preloading temperature is reduced. Increased 

atmosphere density rather than quench ageing 

is believed to be responsible for this effect. This 
in that 


etermined 


was substantiated to some extent 


view 
the vield strength was found to be « 
only by the last ageing temperature and was 
independent of intermediate ageing treatments. 
[In addition to the above observations, the curves 
t show a tendency to bend upwards in the 
this 


of Figs. 2 


higher ranges of the preload stress. However, 
point is not vet firmly established and further examina- 
tio! proceeding 
influence of two-stage preloading is illustrated 
A preliminary preloading at 100°C for 2 hr 
a stress of 13,000 |b/in? considerably reduces 
ield point value obtained on subsequent preload- 
t higher stresses. 
In this connection, it was found that the constant 
Opt of the vield point preload curve may be con- 
siderably reduced if preloading is carried out stepwise 
at oO, then at O7 00}; 


. preload at G,, test preload 


preload at o, then at 07 Oa, then at 071 200), 
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The increase in yield point value produced by pre- 
loading was not removed by protracted annealing at, 
for example, 100°C; but it disappeared after annealing 
at 300°C for 5 days. 


DISCUSSION 

Two models of the yielding process have been con- 
sidered. Employing either model one is led to conclude 
that the yield point will be increased by preloading 
and that the amount of this increase is roughly equal 
to the difference between the preload stress and 
another stress which is characteristic of the material 
and the preloading temperature. On two other 
questions the models lead to divergent predictions: 
these questions are (1) the result of repeated preload- 
ing and (2) the effect of prolonged ageing without load 
after preloading. In both cases the experimental 
results favour a model in which the rise in yield is 
caused by While these 
results indicate that the model employed by Louat is 


the bending of the sources. 


to be preferred, it has not vet been shown that it is 
in accurate representation of the processes involved. 
Further work is being undertaken in an attempt to 


obtain more precise information. 
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ELASTIC INTERACTION OF INTERSTITIAL ATOMS IN 
BODY-CENTERED CUBIC CRYSTALS* 


J. C. FISHER? 


The elastic distortions near interstitial atoms in body-centered cubic crystals are estimated by an 
atomistic relaxation process. Through knowledge of the local strains, thi 


elastic binding energy of a 
pair of interstitial atoms is calculated and is found to agre: 


» satisfactorily with Powers’ experimenta 


value of about 2 kcal/mole. In the appendix, the magnitude of the local strain produced by an interstitia 


atom is determined from the tetragonality of martensite to be approximately 0.19, and it is shown that 
the influence of carbon in increasing the free-energy of %-iron 


relative to y-iron of the same 
is largely accounted for by 


| COmMpPosItion 


elastic strain energy. 
INTERACTION ELASTIQUE DES ATOMES INTERSTITIELS DANS LES 
CUBIQUES CENTRES 


Les distortions élastiques au voisinage des atomes interstitiels des 


cristaux 

estimées par un procédé de relaxation atomique. 
Connaissant les déformations locales, l’énergie élastique de liaison d’une 

est calculée et sa valeur se trouve en bon accord avec la valeur expérimentale de | 
Dans l’appendice, la valeur de la déformation local 


e produit par un aton 
par la tétragonalité de la martensite 


,; approximativement a 0.19, et il est 
carbone d’accroitre énergie libre du fer par rapport 


largement mise en évidence par l’énergie Glastique de défo 


ELASTISCHE WECHSELWIRKUNG VON ZWISCHENGITTERATOMEN 
RAUMZENTRIERTEN KRISTALLEN 


Die elastischen Verzerrungen in der Umgebung von Zwischengitteratomen in 


IN KI 


trierten Kristallen werden auf Grund von Vorstellungen er die Relaxation der u 
abgeschatzt. Mit Hilfe der lokalen Verzerrungen wurde die elastische Bindungsen 
Zwischengitteratomen berechnet;: 


das Ergebnis stimmt befriedigend mit dem von P: 
ermittelten Wert von etwa 2 keal/Mol iiberein. Im Anhang 


vird aus der Tetragonalit 
Grosse der von einem Zwischengitteratom hervorgerufenen lokalen Verzerrung 


O19 
dem wird gezeigt, dass die vom Kohlenstoff hervorger 
(relativ zu y-Eisen gleicher Zusammensetzung 


erklaren ist. 


Erhéhung de 


Internal friction measurements by Powers”) and cube edge length. Qualitatively, the two « 


by Powers and Doyle suggest that interstitial atoms atoms that are nearest neighbors of 
in body-centered cubic crystals tend to unite in pairs atom are pried apart, and the for 


with a binding energy of about 2 kcal/mole (0.1 eV). bors are drawn inward. Disto 
Because the binding energies of oxygen pairs, nitrogen magnitude are confined to a 1 


pairs, and oxygen-nitrogen pairs in tantalum are interstitual atom 


nearly equal to each other, it seems reasonable to An estimate of the « 


attribute most of the binding energy to an elastic assuming that atoms in 


interaction through the tantalum lattice. As aresult interact with each othe 
of the following analysis, it is shown that the hypo- stants. To define 


thesis of an elastic binding energy is probably correct, save one 


and two possible configurations for tightly bound let the remainin 


pairs are deduced. in a/100] direction 


In order to describe the elastic interaction of pairs atoms tending to move 


of interstitial atoms it is necessary to know the These are the atomic for 


elastic strains in the neighborhood of a single inter- the forces that t 


act upon 


stitial atom. Interstitial positions are thought, and ment of one of them in a 


henceforth will be assumed, to correspond to centers Unfortunately, because 


pendent elastic constants fo1 


of cube faces. They have as neighbors four equidistant 
cube-corner atoms at a distance a/\/2, and two cube- — three atomic force-constants can 


center atoms at the nearer distance a/2, where a is the 


biguously in a calculation 


—___——. elastic constants. This restriction means 
* Received June 19, 1957. on only nearest and next-nearest neighbors 
+ General Electric Research Laboratory, Schenectady, New ‘ 


York. obtained. and even these cannot be d 
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32 atoms surrounding an interstitial position (x) 
in a body-centered cubic crystal. 


unique way. The following three will be used in the 


subsequent argument: 


C44)a/2 


C1 94/- 


Here k, is the force constant (force per unit displace- 
ment) for the force that an atom displaced in a [100] 
direction exerts upon each of its two second-nearest 
neighbors that lie in the direction of its motion, kg is 
the constant for the force that it exerts in the same 
direction upon its eight nearest neighbors, and /, is 
that it 


exerts upon its nearest neighbors in the two directions 


the constant for the components of force 
perpendicular to its direction of motion. The constant 


neighbors ahead of the displaced atom, and to an 


corresponds to an outward push on the four nearest 


inward pull on the four behind. 

[t is necessary only to calculate the displacements 
corresponding to a single elementary distortion, where- 
in each of the two nearest neighbors of an interstitial 
position is moved a unit distance away from the 
interstitial position along the line joining them. In 
this elementary distortion the presence of the inter- 
stitial atom is ignored, and the distortion is imagined 
to be produced by a pair of oppositely directed forces 
applied to the two nearest neighbors. 

Fig. | 


position. 


shows the 32 atoms nearest the interstitial 
Atoms of type 1 are nearest neighbors of 
the interstitial position and by symmetry are displaced 
Table 1 


only in the z-direction. summarizes the 


directions of displacement of each of the 6 types of 


atoms shown in Fig. 1, and gives the 9 co-ordinates 


required to specify their positions. A good approxi- 
mation to the displacements near the center of the 


elementary distortion can be obtained by displacing 
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TABLE 1. Co-ordinates and their descriptions, for 
displacement of the 32 atoms in Fig. 1 


Co-ordinates Description 


Equal displacements of both 1l-type atoms 
away from 5—5—5—5 plane in 2—1—1-2 direction. 
Same for both 2-type atoms. 

Same for all eight 3-type atoms. 

Same for all eight 4-type atoms. 

Same for all eight 6-type atoms. 


Equal displacements of all eight 3-type atoms 
away from the 2—l1—1—2 axis with equal com- 
ponents y; =z, along the 3-3 cube edge 


directions. 


Equal displacements of all four 5-type atoms 
2-1-1 


5) 
along the 


axis with equal com- 
cube edge 


away from the 
ponents 
directions. 


Equal displacements of all eight 6-type atoms 
away from the 2—l1—l—2 axis with equal com- 


ponents y, z, parallel to the 5—5 cube edge 


directions. 


Equal displacements of all eight 4-type atoms 
away from the 2—1—1-—2 axis in the 4-1-4 cube 


edge directions. 


only these 32 atoms, subject to the conditions 


(1) ay 


(2) Each of the 30 atoms of types 2-6 is 


subjected to zero force. 


Consider now the forces that are produced by unit 
increments of each of the nine co-ordinates listed in 
Table 1. 


») 


They are summarized in Table 2. For iron, 
C1 12 1.41, cy, 1.16 (all in 


10!2dyn/cm?), and the forces can be given numerically, 


units of 


as, ¢ 
as in Table 3. 
For iron, the displacements 
1.000 
0.052 
0.120 
0.103 
0.022 
0.029 
0.249 
0.066 
0.044 


correspond to zero force on all but the two type | 


14 
6 6 
| 
| 
424 424 | 
i | 
le 
73, | 5. | 13 
Jed 
| 
| 6 4a “4 
a 
| Z v6 
6 y 
J3 “3 
Fre. 1. 
9 
ko = C4a/2 
) 
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TABLE 2. Forces associated with unit 


INTERSTITIAL 


increments of each of the 7 


ATOMS IN B.C.C. CRYSTALS 


Table 1. 


co-ordinates described in 


A unit increase of one of the co-ordinates in the left hand column (all atoms associated with that co-ordinate move) produces 
increments of force on individual atoms. 
As an example, a unit increase in x, exerts a force 
each 4-type atom, tending to increase 2,; and so on. 

Note: —(2k, 


(2k, 


- 8k,) is omitted from each diagonal term. 


* Add —(2k, 8k,) as per note. 


These force increments are tabulated under the co-ordinate they tend to increase. 
8k,) on each 3-type atom, tending to reduce 23; 


a force 2k, on 


TABLE 3. Forces, in units of 10!2a, associated with unit increments of each of the 9 co-ordinates described 


for iron. 


0.705 


0.705 


0.705 


1.16 


atoms. These are the displacements sought, corre- 
sponding to the elementary distortion in which x,= 1. 
The force on each of the two type | atoms required 


to maintain the distortion is 


ff, = 4.16(10)"a dyn. 


It is interesting to compare this force with that 
obtained by a very rough approximation, wherein 
only the two type 1 atoms are allowed to move: 
fio = 6.46(10)%a dyn. 
tion process has altered the force by a factor of 0.64. 

If the energy associated with an elementary dis- 
tortion is Zy, that associated with a distortion for 


The more complete relaxa- 


(For iron a 


2.86 (10)-* em) 


which x, = ae/2 will be a*e*£,/4. ar 


2 is the valu 
of x, produced by an interstitial atom, the distortion 
with 2, ae/2 will be called an interstitial distortion 
It corresponds to a local strain ¢ between the two 
nearest neighbors of the interstitial. Two approxi- 
mations are now made: 


(1) The 
stitial atom is the energy a*e*H#,/4 of an inter- 


elastic energy associated with an inter- 


stitial distortion, 


(2) interstitial atoms are sufficiently rigid that 


Ly ae/2 for each interstitial even though 


others may be nearby. 


With these approximations, the energy of two 


15 
v3 23 Y 4\%4) Ys Y6 26 
0 0 2k, 0 0 
Xe k. 0 0 0 0 0 
4k, 4k, 0 2ko 2k, 0 ko k, 
Ys Z3 8k, 8k, 0 b,* 0 0 0 2k. 2ko 
0 0 0 k.* 0 0 0 0 
Y 4(Z4) 0 0 2k, 0 0 0O* 0 0 0 
Ys i. 8k, 0 0 0 0 0 k.* 2k, 2k» 
0 0 ky 0 0 2k, 0 
Ze 0 0 2k, 2k, 0 0 4k, 0 
| 
Le vy v3 =3 U4 Ys Us 26 
— 2, 6.455 0.605 0.58 a 0 0 1.4] 0 0) 
Lo 0.605 — 5.85 0.58 | 0 0 0 0 0 
Ls 2.32 2.32 5.85 0 1.16 1.4] 0 0.58 0.705 
Y3 23 5.64 5.64 0 6.455 0 0 0 1.4] 1.16 
Ls, 0 0 1.16 0 6.455 0 0 0 0 
Y (24) 0 0 1.41 0 0 5.85 0 0 0 
Ys = 25 5.64 0 0 0 0 0 6.455 1.4] 1.16 
6 0 0 0.58 = 0 0 1.4] 6.455 0 ; 
46 0 1.41 0 0 2 39 0 
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Pc 


Fic. 2. Two interstitial pairs (a, b) and (a, c). 

neighboring interstitials is aze2/4 times that of two 
neighboring elementary distortions, which energy will 
now be computed. Apply, to two pairs of atoms in 
a crystal, the forces necessary to prt duce two isolated 
elementary distortions. The value of x, for the first 
will be 1 04; that for the 
where 0, is the increment in 


distortion then and 


second will be l Oo, 
vy produced at the site of the first by the presence of 


The energies of 


(] Oo), but 


the second, and conversely for 0,. 
and 


the distortions are E 


neither of them is an elementary distortion. In order 

to reduce their values of x, to unity it is necessary to 
1 

0109) 


In this pro- 


multiply the first distortion by (1 
0109) 


cess, the energies are multiplied by the squares of these 


and the second by (] 
factors. so that the energy of the distortion pair is 


and 0, are not large, squares 
») = 2B, 
other words, the interaction energy 


and the interaction energy of a pair of interstitials is 


When too their 
can be neglected and F, E (2 05) 


Oo EB In 


l 


f a pair of elementary distortions is —(0, 


ane 0; 


d)E 


Only two types of interstitial pairs have appreciable 


binding energies. They are sketched in Fig. 2, and 


their values of (0, 0,) as determined from the 32 


atom relaxation are 


0.120 0.120)/2 0.120 


2(0.103)]/2 O.2O5. 


0.205 


suggesting that type ac pairs are more strongly 


bound in iron. 


The energy E, is numerically equal to the force fy 


required to produce the elementary distortion, FE, 


t.16(10)!2a ergs. For carbon in iron. an estimate 


see the appendix) based upon the tetragonality of 


which together with 


these 


suggests ¢ 0.19, 


martensite 
interaction 


a 2.86(10)-§ em for iron gives 
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energies for the pairs sketched in Fig. 2: 


E.., 0.125(10)!a8e? 1.06(10)-!8 erg/atom 
1.5 keal/mole 


0.214(10)!a%e? L.81(10)-!8 erg/atom 


2.6 keal/mole. 
Both of these energies derived for carbon in iron are 
close to that of about 2 kcal/mole observed by Powers 


for the 
nitrogen pairs in tantalum. 


nitrogen, and 


The 


interactions 


oxygen 
of the 


are of 


binding of oxygen, 
closeness 
agreement suggests that elastic 
primary importance in accounting for the binding of 
pairs of interstitial atoms in body-centered cubic 
crystals. 
APPENDIX 

The method of estimating the interstitial strain ¢ 
now will be reviewed. There are two limiting ways of 
looking at interstitial atoms. The first is to assume 
that they are rigid, so that the relationship e = eé, 
holds, where e is the strain between the two primary 
displaced atoms, and é, is a constant. The second is 
to assume that interstitials are infinitely compressible, 
so that f f,, holds, 
double-force that acts on the primary displaced atoms, 


where f is a component of the 


and f, is a constant. 

For an isolated interstitial atom, the double-force 
necessary to produce strain ¢, is f= f,ae,/2, where f, 
is the double-force to produce an elementary dis- 
tortion. 
fare 2/4. 

Now let 


centimeter of crystal, 


The energy it produces in the crystal is 
there be » interstitial atoms per cubic 
of them corresponding to 
double-forces in the x-direction, and correspondingly 
If the crystal 


with ¢,,, 


for n, and n, so that n nN, nN. n. 


is subjected to a macroscopic strain ¢ 


é é, 0, the energy of the n, n. 


ry 


interstitials will not change, but that of the x, corre- 
sponding to double-forces in the x-direction will change. 
For a rigid interstitial, e, = , so that the 


double-force need produce a strain of only e, 


é,,. An energy 


E 


is associated with the interstitial in this configuration, 
so that the of the 
by the amount 


energy interstitial is changed 


AE, = E, 


by the strain e,,... The final approximation is valid 


whenever ¢,,. . Which will be assumed henceforth. 


16 
A 
ow 
. 
E,= + 6,)(1 — 6, + (1 + 6,)(1 — 
Ey. 
i - 
5, + 65 B= — €,,)2/4 
~ » 
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For the (infinitely) compressible interstitial, the which gives 
condition f = f, requires the strain increment e, pro- 
duced by the double-force to be é, E95 independent 
of ¢,,, Where é, is the value of e, for an isolated inter- This solution is valid at high temperatures, above 


] 


2 


stitial. The application of this double-force introduces critical temperature 
an energy E£,, = f,a"e,"/4 into the crystal. At the LT 
same time, the internal energy of the compressible Le. 


interstitial is changed by an amount £., fa eo¢,,/2 Below 7’, the crystal becomes tetragonal, and at ver 


relative to its value for a crystal with e,. 0. (The low temperatures 7, N, No n 0 is a solution 
internal energy was constant for the rigid interstitial.) with 
The overall energy of the compressible interstitial is 


EB E.., + E,., so that its energy is changed by the 


AE f,ae,e,../2 

a Here the ratio of stri 
by the strain eé,.., exactly the same as for the rigid U.d10. 
interstitial. The equivalence of the two extreme types Experimentally, in martensite, spontaneous tetra 


gonality is observed™ with lattice parameters 


of interstitial atoms for small ¢,.. means that detailed 
knowledge of the elastic properties of an interstitial 


atom is not required for estimating the energy change 
») S6( 


of an interstitial in a macroscopically distorted 

crystal. where x, is the atom fraction of carbon. The ex 
Following Zener,) it now is possible to calculate perimental ratio of strains is 0.05/0.76 0.066 

the spontaneous strains that will be present in a which is much smaller than the calculated ratio 

body-centered cubic crystal containing interstitial Agreement can be obtained i mnie 

atoms, in order to minimize its overall free energy.  Garhon produces a small overall expansion it 

To allow for possible tetragonality, the strains e.., lattice parameter of iron from causes other 

Cyy> &zz are written ¢,,, Czz The num- those associated with elastic energ 

bers of interstitials of each type are written Ny, uniform expansion is in the ratio 


n, nN, Ny. Noting that Ny “No n, the con the distortions associated with th 


figurational entropy of the interstitial atoms is carbon at low temperatur 


S=kinw= parameter changes 


Nala, 


ki3.N In N Ny In Ny (72 Ny) In N,) 


per cubic centimeter of crystal, and the free energy 

of a cubic centimeter of crystal is 
giving €,/e, 

The number of carbo 


> + 
na Substitu 


equation the iow te mpe 


l 


In this equation 


Minimizing F with respect to variations in e,, ¢, and n, 


9 . 
(C4, 42 2 A rough check on the valu 
(Cy, = eas e can be obtained from the influence 
free-energy difference between 
neighborhood of room tempe1 
difference (F F between 


containing equ il 


amounts ol 


kT (72 n,) 1] (3n n)(f a’)? S(C 
about 10 keal per mol 


One solution of these equations is 7, 9 3, most of this free-energy 


Cus 

11 
a ? S6(1 0.762 \ 
redist if 
i itd 
0.373 
(72 )f,ane k7 3.\ In A n In? 
(72 n,) In n,) 
4) 1 
0.19 
f 
€9 
2 the tre 
ind y-lron phasi 
(ssul that 


18 ACTA METALLURGICA, 


distortion of the «-iron lattice by interstitial carbon 


atoms, the equation 
A(F, a*e,*E,/4 


results, with A(F, 
per carbon atom, from which 


F,) being the free-energy change 


0.17, 
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in very satisfactory agreement with the value 0.19 
obtained from martensite tetragonality. 
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ASPECT DES TACHES DE DIFFRACTION ET STRUCTURE 
DES MONOCRISTAUX METALLIQUES COURBES* 


A. MERLINI* 


La formation de sous-structures dans des monocristaux métalliques courbés autour d’une surface 
cylindrique est un sujet fort discuté. Selon l’observation microscopique, aucune vraie sous-structuré 
n’existe dans la matrice du cristal aprés la seule déformation plastique; d’autre part, les stries observées 
dans les taches de Bragg réfléchies par les cristaux déformés, ont été intréprétées comme une preuve 
de l’existence d’une sous-structure, formée pendant ou tout de suite aprés la déformation plastique 
Les interprétations des résultats des rayons X sont passées en revue dans cet article & la lumiére dk 
quelques observations récentes. La contradiction apparente entre les résultats obtenus par les différentes 
techniques est levée, si on interpréte la structure fine des taches de Bragg par des variations du pouvoir 
réflecteur du cristal a échelle microscopique. 


DIFFRACTION SPOTS AND STRUCTURE OF BENT METALLIC SINGLE CRYSTALS 

The formation of substructures in metallic single crystals after bending on a cylindrical surface, is still 
largely discussed. From microscopical observations there is no real substructure in the crystal 
plastic deformation. The striae observed in Bragg spots obtained with deformed crystals have been inte 
preted as due to a substructure formed during or right after plastic deformation. 

In this paper, the possible interpretation of the X-ray diffraction results are discussed in connection 
with recent investigations. 

The apparent disagreement between the results obtained with different techniques disappears if on 
interprets the internal structure of Bragg spots as due to variation of the reflecting power at a micro 


scopic scale in the crystal. 


RONTGENREFLEXE UND STRUKTUR GEBOGENER METALLKRISTALLE 
Die Bildung von Substrukturen in metallischen Einkristallen, die um eine Zylinderflache 


wurden, ist ein vieldiskutierter Gegenstand Auf Grund mikroskopischer Beobac 


keine wirkliche Substruktur im Kristallgitter nach plastischer Verformung Andererseits sind di 
Braggreflexen verformer Kristalle beobachteten Streifungen als Beweis fiir die E tenz einer Su 
struktur interpretiert worden, die sich wahrend oder unmittelbar nach der plast en Verforn 
gebildet habe. Die Interpretation der Réntgenergebnisse wird in dieser Arbeit diskutiert in 
neuerer Beobachtungen. Der scheinbare Widerspruch zwischen det Ergebnissen verscl 
3eobachtungsmethoden lést sich auf, wenn man die Feinstruktur der Braggreflexe durch ein: 


des Reflexionsvermégens in mikroskopischen Bereichen erklart 


INTRODUCTION plastique sont disposées selon 


Le phénoméne de la formation des sous-structures du cristal et montent en dehors 


dans les monocristaux métalliques courbés plastique- former des parois qui leur sont perpendicul 


ment et recuits, n’a pas encore été éclairci, bien qu'il gonisation), mais seulement pendant 


y ait eu beaucoup de travaux expérimentaux sur ce température. Gilman 
sujet. Les interprétations des résultats obtenus sont tique de monocristaux de zin 

souvent contradictoires. Si on s’en tient aux résultats présence d’aucune sous-stru 

des études métallographiques, il est nécessaire de faire cristal déformé 

suivre la déformation plastique par un recuit a D’un autre cdté, le 

température suffisamment élevée pour que les sous- des méthodes de diffraction des 

structures se développent dans la matrice du cristal souvent considérés comme une preuve dé 

déformé; le mécanisme de la formation des sous- d'une sous-structure par la seule déformation plas 
structures est alors celui de la polygonisation.“»*) tique. Conard, Averbach et Cohen ® ont des 
Comme Dunn et Hibbard) l’ont montré dans un pics multiples dans la “rocking curve’ de monocris 


travail récent sur des monocristaux courbés de fer- taux de zine courbés, soit a la température ambiante 


silicium, les dislocations créées pendant la déformation — soit a la température de l’azote liquide; la présence de 


we . ces pics a été interprétée comme une preuve de 

* Received January 2, 1957. 

+ Conservatoire National des Arts et Métiers, Laboratoire 
des Rayons X, 292, rue St-Martin, Paris 3°, France. Adresse dans les échantillons pendant ou tout de suite aprés la 
actuelle: Minerals Research Laboratory, University of Cali 
fornia, Berkeley 4, Cal. U.S.A. 
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existence d’une sous-structure qui se développerait 


déformation plastique sans qu'il solt necessalre de 
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recuire les cristaux déformés a une température plus 


haute que celle de la déformation. Lambot™ a 
emplove une me thode capable de déceler de trés petites 
désorientations réticulaires pour étudier des cristaux 
d’aluminium ayant l’orientation cubique, (100) [001] 
et courbés autour d'une surface cylindrique de 20 cm 
de rayon. Comme les taches de Bragg réfléchies par les 
cristaux déformés présentent des stries minces super- 
posées & un fond continu, Lambot en conclut qu ‘ils 
mt une sous-structure dont les domaines sont d'une 
tres bonne perfection. Wei and Beck‘ ont employé 
la méme méthode que Lambot pour l'étude de mono- 
cristaux de zine courbés autour de surfaces cylin- 
Ayant 


dans les 


driques de divers rayons (de 0,8 a 40 cm). 


observé des stries bien résolues seulement 
taches de Bragg réfléchies par les cristaux courbés a 
un rayon inférieur 4 8 em, Wei and Beck concluent 
qu'une sous-structure bien définie est présente dans 
les cristaux courbés a un rayon de 5 cm ou moins; les 
cristaux dont le rayon de courbure est supérieur a 8 cm 
1e seraient pas composés de sous-grains bien déve- 
loppés. Done les conclusions auxquelles conduit la 
méthode métallographique sont en contradiction avec 
celles des rayons X. C'est pour contribuer a résoudre 
cette contradiction apparente que nous nous proposons 
de revoir les interprétations des résultats des rayons 


X a la lumiere de 


nos récentes observations. 


Dispositif et résultats experime nlaux 


Nous avons employé un tube démontable a4 anti- 
cathode de cuivre ou de moly bdéne, dont le fi vera des 


dimensions optiques de l’ordre de 0,1 mm de hauteur 


et de 0,06 mm de largeur. Le porte-échantillon qui 


permet d’incliner le cristal autour axe horizontal, 
est placé sur la téte d'un goniométre dont l’axe est 
vertical. Nous avons utilisé trois montages différents. 
Le plus simple consiste a faire tomber directement le 

] 


faisceau divergent issu de la source, sur |’échantillon 


pla ‘a grande distance du tube (35-50 cm). Dans les 
deux autres montages on a interposé entre le tube et 
‘échantillon un monochromateur a lame de quartz 
plane ou courbée; avec le monochromateur a quartz 


‘ourbé lVechantillon est placé sur la droite de focali- 


sation du monochromateur, selon la technique de 


Lambot, Vassamillet et Dejace.'” Le phénomeéne que 


nous allons décrire, a été mis en évidence avec les 

trois montages, mais il parait d’une maniére plus nette 

en employant un rayonnement monochromatisé. 
Comme échantillons nous nous sommes servis de 


cristaux de fluorure de _ lithium, d’échantillons 


découpés dans un cristal d’aluminium et de lames de 
quartz polies optiquement. Le cristal d’aluminium, 


de haute pureté (99,99°,) avait été obtenu par solidi- 
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Réflexion d’un cristal de fluorure de lithium. Plans 
échantillon incliné a 45° de l’axe hori- 
zontal passant par la surface du cristal. / Cuka; 
tube-échantillon 45 cm, film-échantillon 40 em. 


Fic. 
réfléchissants (220); 


distance 


Noggle.“® et était 


orienté avee un plan (110) paralleéle a sa grande face 


fication, selon la méthode de 


et une direction [111] selon sa longueur. La micro- 
graphie par les rayons X des surfaces des cristaux de 
fluorure de lithium et d’aluminium a révélé quwils sont 
constitués par des blocs de plusieurs millimétres de 
large, désorientés l'un par rapport a l'autre de quelques 
minutes d’are. L’étude de ces blocs par une méthode 
capable de déceler des trés petites désorientations 
réticulaires a montré que leur perfection est trés bonne. 
Une observation plus précise a montré que quelques 
échantillons d’aluminium ont subi une légére défor- 
mation plastique accidentelle, assimilable a une cour- 
bure autour d’une surface cylindrique de 200-400 cm 
de rayon; par contre, les blocs composant les cristaux 
de fluorure de lithium sont parfaitement plans.* 

Les figures 1, 2 et 3 montrent les taches de Bragg 
réfléchies par trois échantillons de fluorure de lithium, 
d’aluminium et de quartz respectivement; les échan- 
sont inclinés de 


tillons plusieurs degrés autour de 


Vhorizontale passant par la surface. La_ tache 
réfléchie par la lame de quartz présente un noircisse- 
ment uniforme (a l'exception de la partie centrale, la 
lame ayan une légere courbure élastique). Les taches 
réfléchies par le fluorure de lithium et l’aluminium ont 
une structure fine tres marquée. Le film est en général 
placé a environ 30 cm de |échantillon, mais cette 
distance n'est pas critique; la structure fine de la tache 


ne devient plus confuse qu’a de grandes distances 


*Pour une description plus détaillée du dispositif expéri- 
mental et des résultats obtenus voir la référence." 


— ZA | 

— 
= 
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d’aluminium. 
autour de 


2. Réflexion dun cristal Plans 
réfléchissants (111); Véchantillon, incliné a 35 
horizontal passant par la surface du cristal, est placé sur la 


droite focale d’un monochromateur a quartz courbé. 2 = Cukx; 


distance film-échantillon 25 em. 
film-échantillon. La simple géométrie des montages 
utilisés montre que la largeur totale de la tache sur le 
film est proportionnelle a la tangente de l’angle entre 
la surface de l’échantillon et la verticale. La hauteur 
de chaque élément vertical de la tache est proportion- 
nelle a la hauteur du foyer du tube et a la distance 


film-cristal; elle est inversement proportionnelle au 


autour de 
Cuk 


inclinée 
lame. 2 


Fic. 3. Réflexion d’une lame de 
Vhorizontale passant par la surface de la 


quartz, 


DIFFRACTION ET 


parcours total (de la source a | échantillon) des rayons 
X incidents. 

Des lames minces (quelques dixiémes de millimétr 
de quartz et de fluorure de lithium ont été observées en 
transmission, aprés les avoir inclinées autour de l’hori 
zontale passant par la surface. Les taches obtenues 


sont semblables a celles des figures 1 et 3 pour | 


fluorure de lithium et le quartz respectivement 


DISCUSSION 


Puisque l’aspect des taches réfléchies ne vari pas 


sensiblement avec la distance entre le film et Véchan- 
tillon, explication la plus plausible de la structure 


fine des taches est que le pouvoir réflecteur des cri 


taux de fluorure de lithium et d’aluminium n’est pa 


mais varie sensiblement aA l’échell 


(11) 


constant, 


micro 
scopique. 
Supposons que les cristaux observés soient constitués 


par des domaines microscopiques légerement dés 


orientés, qui diffractent les rayons X d’une maniér 


notion 


incohérente, l'un par rapport a l'autre; c’est la 
du cristal mosaique que les cristallographes ont di 


adopter pour la plupart des cristaux réels, les mesures 


du pouvoir réflecteur donnant des valeurs beaucoup 
plus orandes que celles caleulées poul les cristauy 


absolues 


parfaits. Malheureusement les mesures 


lintensité réfléchie par de grands cristaux métalliques 


sont rares. Les mesures de James Brindley et Wood" 


sur deux monocristaux d’aluminium, dont l'état di 


surface n’était dailleurs pas spécifié, donnent 


chiffres qui sont 30 fois plus grands que les 


théoriques du cristal partait Oul 


réflexions, les plus intenses; d’autr 


sensible entre les valeurs observé« 


pour le cristal mosaique ide 


responsable de tell 
réfléchie. 


On peut 


assimiler |; 
tallographes au reseal 
cations dans le cristal 


densité des dislocations 


métalliques, mesurée pat 

d'attaque, est de lordre de 10! 
La taille d’un domaine délimité 
dislocations est alors de lordre dé 
En appliquant la formule « h/h 
Bure 


la désoric ntati 


désorientation, le vecteur de 


entie les lignes de dislocations mn entre 


deux domaines contigus, deux 


separes 
I 


est d 


angle est bien plus 


pal 
dislocations du méme signe. 


dare: cet oranda qui le doma 


vyons X 


ies dom 


angulaire dans lequel les 1 subissent la 


réflexiontotale. [Il en résulte délimités 


gue 


UC TURE 21 
mie 
trl 1 ( 
l 11q ( 
dans plusiew taux 
iu a ngvures 
107 em- 
pal des ci¢ 
rs et / La 
nes ce 
n rite 
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par le réseau des dislocations, difiractent les rayons X, 
en général d’une manieére incohérente par rapport 
& l'autre; mais leurs dimensions sont assez grandes 
pour qu'il y ait des effets notables d’extinction. On 
peut ainsi s’‘attendre a ce que le pouvoir réflecteur 
d'un cristal a faible densité de dislocations soit trés 
Par 


pouvoir réflecteur d’un cristal dont le réseau de dis- 


proche de celui du cristal parfait. contre, le 


locations est tres serré, est voisin de celui du cristal 
mosaique idéal. En variant la densité des dislocations, 
le pouvoir réflecteur du cristal pourrait atteindre les 


valeurs intermédiaires entre les deux extrémes: c’est 


justement en quelque point de cet intervalle qu’on 
rencontre le cristal réel. 

La taille des domaines cohérents étant de quelques 
microns, des fluctuations dont les dimensions moyennes 


des domaines seraient suffisantes pour déterminer 


d’importantes variations a |’échelle microscopiques 


de lintensité réfléchie par le cristal, 4 cause des 


phénomeénes d’extinction primaire et, peut étre, 


secondaire; les stries blanches et noires dans les taches 
de Bragg des figures 1 et 2 seraient la manifestation de 
ce phénomeéne. Lorsqu’on courbe le cristal suivant un 
rayon de quelques centimétres, on produit un excés de 


dislocations du méme signe, dont le nombre est du 
méme ordre de grandeur que celui prévu par la théorie 
(107-108 L’effet de 


diminuer la taille des domaines de 


ces dislocations est de 
cohérence: il en 


résulte au moins une diminution de _ |’extinction 


primaire. L’accumulation des dislocations contre les 
obstacles dans leur plan de glissement et la distance 
irréguliere entre Jes plans de glissement, souvent 
amassés en groupes, sont responsables des variations 
a échelle microscopique, de la densité des dislocations. 
Ces irrégularités de la distribution des dislocations dans 
le cristal peuvent déterminer a leur tour, des variations 
importantes dans le pouvoir réflecteur du cristal.* 
Les stries dans les taches de Bragg observées par les 
divers auteurs pourraient précisément résulter de ces 


zones a différents pouvoirs réflecteurs. 
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La conclusion est qu’en général, le seul examen des 
taches de diffraction ne permet pas de décider si une 


vraie sous-structure est présente dans le cristal 


déformé. La contradiction apparente entre lesrésultats 


des rayons X et ceux de la méthode métallographique 


est au moins partiellement éliminée si on tient compte 
des variations du pouvoir réflecteur du cristal a 
l’échelle microscopique. 
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*D’apres l'étude des métaux polycristallins par la méthode 


du microfaisceau, les anneaux de Debye-Scherrer d’échan- 


tillons qui ont subi une forte déformation plastique, sont 
continu. On 


Dans les grains 


composés de taches intenses réunies par un are 
a donné de ce fait linterprétation suivante. 
déformés il y, a des régions a courbure plastique trés faible, 
séparées par d'autres régions a grande courbure plastique. 
Les premiéres qui seraient responsables des taches intenses, 


sont appelées “‘particules’’ ou éléments de la sous-structure; 


les autres qui seraient responsables des arcs continus, sont les 
zones de transition entre les ““particules”’. 18) Cette facon de 
voir peut étre étendue au cas des monocristaux métalliques, 
courbés, les régions & plus faible densité de dislocations étant 
validité de cette inter- 
prétation dépend uniquement de la terminologie employée. 
Au moins pour les cristaux courbés & un rayon assez grand, 


assimilées & la sous-structure. La 


il semble préférable de parler de zones plus ou moins courbées 
du cristal, au lieu d’envisager une sous-structure. 
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THE NONSATURABILITY OF THE STRAIN FIELD OF A DISLOCATION 
BY POINT IMPERFECTIONS 


R. THOMSON? 


It is shown that a dislocation strain field is not saturated by point imperfections when the dislocation 
dilatation is exhausted. Elastic saturation effects are possible because of the direct elastic interaction 
between the point imperfections, but are probably rare. The saturation problem is equivalent to the 
problem of nucleation of precipitates, and thus should be discussed in terms of the short range non-linear 


and electronic forces between the imperfections. 


DEFORMATION 
PONCTUELLES 


LA SATURATION D'UNE 
PAR DES 


L’auteur montre que le champ de déformation d’une dislocation n’est pas saturé par les imperfections 


DU CHAMP DE 
IMPERFECTIONS 


L’APTITUDE A 
DISLOCATION 


ponctuelles quand la dilatation de la dislocation est épuisée. Des effets de saturation élastique dus a 

l’interaction élastique directe entre les imperfections ponctuelles, sont possibles mais vraisemblablement 

rares. Le probléme de la saturation équivaut a celui de la génération des précipités et doit done étre 

discuté en fonction des actions non linéaires et électroniques a petite distance entre les imperfections. 


UBER DIE UNABSATTIGBARKEIT DES SPANNUNGSFELDES EINER 
VERSETZUNG DURCH ATOMARE FEHLSTELLEN 

Es wird gezeigt, dass das Spannungsfeld einer Versetzung nicht gesattigt ist, wenn die Versetzungs 
dilatation durch atomare Fehlstellen erschépft ist. Elastische Sattigungseffekte sind wegen der direkten 
elastischen Wechselwirkung zwischen Punktfehlstellen méglich, treten aber wahrscheinlich nicht auf 
Das Sattigungsproblem ist aquivalent zu dem der Keimbildung von Ausscheidungen und sollte unter 
Beriicksichtigung der kurzreichweitigen nicht-linearen und elektrischen Wechselwirkungen zwischen 
Fehlstellen behandelt werden. 


INTRODUCTION disproves the saturation effect suggested by these 


In this paper the author would like to point out 
an error which has become a part of the intuitive 
thinking of many of us who have thought about the 
the association of various types of point imperfections 
with dislocations. The idea is that if we attempt to 
put too many imperfections into a small volume 
element in the vicinity of a dislocation, the attractive 
force tending to pull more imperfections to the 
vicinity saturates when the total dilatation of the 
volume element provided by the strain field of the 


dislocation is used up by the total volume misfit of 


the accumulated imperfection. This idea was 


sug- 


gested in the classic paper by Cottrell and Bilby,”? 


and has been used by various people since then. 
Webb” has used the saturation idea to calculate 
the density of impurities to be expected in a grain 
boundary as a function of temperature. Cochardt 
et al.*) have calculated a similar saturation effect for 
the interstitial carbon in iron system. In the next 
section we will present a simple theorem which 


* Received April 25, 1957. 
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previous authors. In later sections we will investigate 
some of the conditions under which other types of 


saturation effects might be observed. 
THE ELASTIC ENERGY OF 
POINT IMPERFECTIONS WITH 


We will begin by writing down the energy « 


ASSOCIATION OF 

A DISLOCATION 
fa 
crystal which has N point imperfections all concen 
trated in a small volume dV, located some distance 
the If 
small volume element is not in the core of the disloca 
that the 


dislocation and without imperfections is counted as 


from dislocation line. we assume that the 


tion, and energy of the crystal without 


zero, then we have for the total energy of the crystal 


BE = By + NE, + Ey + Ex, (1) 


Here Ly is the 
the self-energy of one point imperfection, Ey 


self-energy of the dislocation, E, is 
is the 
total interaction energy of the various point imper- 
fections among themselves, and Fy, is the energy of 
line and the N 
The self- 
energy of a defect is simply the energy of the defect 


In 


interaction between the dislocation 


imperfections in the volume element dV 


in a crystal devoid of all other imperfections. 
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the elastic approximation, Fy is given by the expression 
Ey = 43) 6; ds (2) 


Summation is implied over all repeated lower case 
indices. 7..° is the stress of the dislocation on the 
surface of the cut which is made in the crystal when 
constructing the dislocation line, and the integration 
is over the surface of the cut. 5, is the Burgers vector. 


For simplicity, the cut can be imagined henceforth 


to be one half of the slip plane of the dislocation. If 


we are outside the core of the dislocation, then linea 
elasticity theory may be used to compute the inter- 
action between the imperfections and the 
dislocation. The interaction energy is then given by 


energy 


a similar equation to (2), 


> 


Ex D (3) 


The 7’,, is now the stress due to the .V imperfections 
in the 
out over the slip plane. If the crystal is infinite, then 


volume dV and the integration is again carried 


no boundar\ corrections are necessary in equations 


) 


2) and (3), and the stress functions used are simply 


those familiar in dislocation theory. In case the 


crystal is finite, both integrations contain surface 
corrections which we shall ignore for the present. 

In order to evaluate equation (3), it is now necessary 
o make further assumptions, and the simplest case 
to treat is that of point singularities in an isotropic 


medium. This case is well known.) The displace- 


ment field of a center of dilatation situated at the 
origin is simply 


AV r 
4a r? 


(4) 


from which the stress on the slip plane can be com- 
puted. However, the essential fact for us is that the 
stress at the slip plane is the simple sum of the stresses 


of the individual imperfections, and we have 


Nex, (5) 


The only assumption in equation (5) not already 


discussed is the assumption that linear elasticity 
non-linear terms are neglected. 


We see that 


and 


theory holds in dV 
The theorem is now essentially proven. 
between 


the total interaction 


dislocations is linear in the local density of imper- 


impel fections 


fection in any region dV, and thus does not saturate. 
Hence, according to linear isotropic elasticity theory, 
there is no saturation when the local dilatation field 
of the dislocation is used up. Q.E.D. 

The expression for the interaction Ly, given by 


equation (5) is of course true for more general stresses 
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than that of a simple point in an isotropic infinite 
medium. If the medium is anisotropic, finite, or if 
the point singularity is represented by more complex 
singularities like three unequal double forces without 
then the function of an 


individual point singularity will be somewhat harder 


moment, displacement 


to calculate than that of equation (4). However, 
equation (5) is still strictly valid, and simply expresses 
the linearity of the equations of elasticity. 

In the final paragraphs of this section, we consider 
the central theorem regarding the dilatation saturation 
proven. However, in the following sections, we shall 


need certain results concerning defects in finite 
crystals, so we shall here put down a few relations 
concerning the interaction between point defects and 
a dislocation in a finite crystal. In doing so, we shall 


the more 


demonstrate saturation theorem in a 
graphic way. 

It is difficult to treat the surface effects in an exact 
Way. However. there is one case where the solution 
is very simple, and some indication of the role of the 
surface correction can be seen from a discussion of it. 
Suppose the point imperfection is at the center of an 
elastically isotropic sphere. The boundary conditions 
surface are that the force on the surface due 


We can take the solution 


at the 
to the internal stress is zero. 
appropriate to an infinite crystal and add a balancing 
surface force to make the total force at the surface 
zero. isthe stress of the imperfection 
is the outward drawn 
The 
appropriate to equation (4) is a simple pressure 
p = wAV/27R%. R is the radius of the crystal and 


is the shear modulus. The interior stress due to the 


in an infinite medium, and » 


surface force 


normal vector to the surface. 


surface pressure is of course also a constant pressure 


of the same amount 


Obviously, the solution for another shape crystal is 
somewhat different, and the solution would also be 
somewhat different if the imperfection were displaced 
from the center. However, it will be important to 
note that the stress distribution due to the surface 
varies slowly throughout the macroscopic crystal, 
and is not microscopically concentrated at the imper- 
fection, as is 7, In the simple case treated here, 
there is no variation, and the image correction can 
only be a violent function of position when the imper- 
fection is very close to the surface. If we now compute 
the surface correction to equation (5), we have 


OU 
Ex; = N§ ds, = 


R. THOMSON: 


The integration is now carried out over the slip plane 
and the surface of the crystal. /, is the Burgers vector 
the 
displacement due to the dislocation in the integration 
the surface. We see directly that the 
surface force and the resultant 


in the slip plane integration, but is surface 


over outer 
interior stresses are 
still simply additive. We see from equation (6) that 
the correction to the interaction energy of a single 
imperfection with the dislocation is very small and 
in order of magnitude is about eX, ~ bu AV/R. 

The physical interpretation of our theorem is 
simple. If the imperfections are points, the interaction 
with the dislocation is simply given by pAV, where 
p is the pressure at the imperfection due to the dis- 
location. The effect on a second point imperfection 
the of the 
because in the infinite crystal, the first imperfection 
the field of the 


dislocation except at the precise point where it sits. 


brought into neighborhood first is nil, 


does not contribute to dilatation 
Thus the second imperfection is influenced only by 
the dislocation, and not by the first imperfection. 
When surface corrections are included, the variation 
of the dilatation at the first imperfection when the 
second is brought from somewhere outside the field 
of the dislocation to a point near the first imperfection 
is small, and the saturation effect from this source is 


negligible except in special circumstances. That is 


to say, one must transport the first imperfection over 


a distance comparable to the macroscopic dimension 
of the crystal in order for there to be a measurable 
variation in the dilation field. 

On the basis of the last paragraph, it is clear that 
deviations from the linear, non-saturable interaction 
shown by equations (4) and (7) will only be contributed 
by the term £,,. It 
contributed by this term is not simply related to the 
the 


is also clear that the amount 


volume misfit of the imperfections. In next 


section, we discuss this term. 


THE POINT IMPERFECTION INTERACTION 

We can view the problem of saturation in the 
following way. Suppose that a set of imperfections 
are grouped together in the crystal outside the influence 
dV. The 


energy of grouping is the energy which we have called 


of the dislocation in the volume element 


E,,. Now we transport the volume element with the 
grouped imperfections to the vicinity of the dislocation. 
If the energy of grouping is positive, and finite, then 
it will surely be possible to find a region far enough 
the dislocation where the total energy 


away from 


(equation 1) is also positive. The volume element dV 


is then oversaturated with imperfection, and some of 


them wil! tend to drift away. Also, the number needed 


DISLOCATION 


BY POINT IMPERFE( 


TIONS 
to saturate will increase as the volume element 


nearer and nearer to the dislocation due to 


distance dependence of the dislocation sti 
Hence, the 


of the forces between the imp rte 


saturation. effect is in 


tions them 


Eshelby™ has given an excellent discussion of 


elastic forces between imperfections, and 


indicate how his results bear on this problem. H 


shown that the interaction between two 


of dilatation is given by the 


pressure due to on impertection e' 


position of the second imperfection 


p Al This ¢ 


SVinin \ 


volume misfit of the second 


is true in the case of cubi 


whenevel 14 
lation of the interaction then 


dilat 


impr rfection, since thi 


energy 


calculation of the ition field 
two are proport 
cubic crystal. 

The 
infinite isotropic medium 
that the 


force between two singula 


poimt 


LS shown ine) ly 
dilatation of the displace 


ularity 


reason is 
field (equation 1) is given by wu 
is a delta function centered on the sing 
The dilatation is exactly zero everywhere els 


When the 


section 18 


crystal. surface correction discussed in 


the last added to the isotropic solution 


the dilatation is spread rather uniformly over a lai 
region of the crystal, and the saturating effec 
negligibly small. The surface correction could bec« 
important only when the distance between impurit 
is of the same order as the distance betwee! 
locations. 

There are three important cas 
by Eshelby) which lead to appreciable 
The first 


different 


point singularities. 
interaction due to thi 
the medium and imperfection 
the anisotropic correction 
when the imperfection is a non 
as in the case of carbon in iron 
A sixth power short rang¢ 
“point” imperfection is represented as a finite spherical 
Eshelby giv the 


inclusion in an isotropic medium 


equation 


= 6Q (M, AV 


for the interaction energy of two such impet 
In this 


where Q is the 


have used Eshe! tation 


and is the variation 


equation, we 
itomic volume 


in the shear modulus due to the presence of the 


defects defined by u u 1M. n is the atomic 


concentration of the impertections Th on of the 


. 
i! 7 
ment 
itsell 
ati 
I tions 
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interaction depends on the sign of / and thus on 
“soft”. 
estimates that equation (7) gives an appreciable 
the 
10(a,/r)® eV in copper. 


whether the inclusions are “hard” or Eshelby 
two interstitial atoms, 
In the 
and substitutional impurities, equation (7) will be 
of the order of 1-0.1 of the 


interstitial case. 


force in case of €11™~ 


case of vacancies, 


much less, per cent 

We can make an estimate of the local concentration 
at saturation as a function of the distance from the 
dislocation. Let us represent the interstitial energy 
of the point imperfections with the dislocation line 


by the simple formula 


(5) 


In the case of vacancies and substitutional impurities, 
the 0.5eV 
x. is the angle from the slip plane to the point where 
The 


saturation is that the total energy £ gained in equation 


k varies in range 0.1 atom distances. 


the imperfections are situated. condition for 
(1) is zero when one additional imperfection is trans- 
ported from a great distance from the dislocation to 
a region near the dislocation already occupied by 
other defects. That is, AK), AE x,. This 


condition is 


(9) 


For interstitials in copper, 4 ~ 0.25. n,,,, is the 
maximum atomic concentration as a function of the 
distance r (atomic units) from the dislocation line. 
We shall show later that non-linear effects completely 
wipe out the effect of equation (9) in the core of a 
dislocation for the case of interstitial atoms. It is 
rather difficult to estimate the importance of equation 
9) in the elastic region of the dislocation line for the 
case of interstitial impurities and interstitial atoms, 
but it is probably not decisive in most cases even at 
because of the two effects we 
below. At high 


chemical forces, ete. 


dilute concentrations 


shall discuss concentrations, 


non- 
il forces. 


are probably much 


important, leaving only a limited range of 
ipplicability. 

If we take the short range effect seriously, we note 
that equation (7) shows that two inclusions of harder 


material than the matrix will repel, but vacancies 
will attract. saturate. We 
note that size of WV AV 


suggested by Eshelby for the case of the interstitial 


Vacancies will then not 


also for the relative and 
vs. vacancy, there is an attraction, as intuitively 
there should be. In 


impurities which represent “hard spots” in the crystal 


the case of impurities, those 
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may show a weak saturation effect in the dislocation 
field given by equation (9), while those which represent 
“soft spots’ will tend to precipitate in the field of 
the dislocation. 

The second case, which leads to an inverse third 
power law of interaction, is the anisotropic elastic 
effect. 
crystal, the infinite crystal solution still has a zero net 


Eshelby has shown that in an anisotropic 


dilatation field, but that depending on the crystalline 
symmetry, there are some directions in which the 
dilatation field of the point singularity is positive 
The 
crystal which is nearly isotropic and where pertur- 


bation theory is applicable is‘ 


and others where it is negative. result for a 


(10) 


[ is a function which has a maximum in the [100] 


direction and a minimum in the [111] direction for 
a cubic crystal. d is a measure of the anisotropy of 
the crystal. The important result for us is that there 
are always directions in which the interaction is 
attractive. If anisotropic effects are important, it 
may be that a kind of saturation would arise in which 
all the sites in a local region could not be occupied, 
but that the precipitate would build up in certain 
symmetric crystalline directions in the form of a 
“star”. However, this effect can hardly be called a 
saturation effect, but just describes the details of the 
precipitation process. 

The third effect is one related to the discussion of 
Cochardt et al.‘ 


from theirs. 


However, our conclusion is different 
The carbon atom may be represented 
elastically by three double forces without moment 
Two of the 
double forces are equal, while the third is different. 


acting at right angles to one another. ? 


We can decompose these forces into a center of 
dilatation with three equal double forces and an 
additional double force in the unsymmetrie direction 
of the proper amount. We now calculate the inter- 
action energy between two such composite singu- 
larities. The energy is made up of three parts, the 
interaction between the dilatation centers, the inter- 
action between dilatation and double force, and the 


interaction between the two double forces: 


(11) 


€11 


The dilation center interaction, €11: is negligible, 


according to our previous discussion. The energy €,, 


is still given by p AV, where p is the pressure on the 
center of dilatation due to the double force, and AV 
is the volume misfit of the center of dilatation. e, 


9 


sin 
(AV)* — |_| 
A 19° 
ax 
Vr 
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is different, and has been shown by Eshelby to be 


(12) 


d,u 


d,; is the tensor describing the double force which we 
shall define below. 

Love® has given a discussion of the displacement 
fields due to point forces in an isotropic medium, and 
one can derive the displacement field of a double 
force to be 


l 


{ ied) 


U,(T) 


The tensor d;; is given in terms of the double force 


singularity 


fi d (14) 


ij Ox 


If the double force has no moment, then d,, is sym- 
metric. Let us now put one of the singularities at the 
origin of co-ordinates with the force axis in the z- 


direction. Then d;; is 


We now 


calculate the various derivatives of equation (13), 


where d is the strength of the double force. 


at the position of the second singularity necessary 
for the calculation of €,, and ¢€,,. The energy of 
interaction is a function of the orientation of the second 
singularity as well as its distance from the origin. 


If we choose its orientation so that the double force 


is also in the x-direction, then the energy of interaction 


1\ 


p — (15) 

S77 
Zand uw are Lamé coefficients. d, is the strength of 
the dilatation: f dy Vv O(x). The 


expression above is quite complicated in its direc- 


center of 


However, if we try to apply it 
- and the 


] direction 


tional dependence. 
to the case of carbon in iron, then d 
function has a negative value in the 
relative to the co-ordinates chosen. Similar expressions 
can be found for other relative orientations of the 
two singularities. The point is that again we have 
found certain directions in the crystal where the 


interaction energy is attractive, and there should be 


BY POINT IMPERFECTIONS 
a tendency to build up at least a starred precipitate 


It is interesting to note that in the case of iron, thi 
anisotropic formulas worked out by Eshelby for tw 
an attraction in thi 

al. 


singularity 


the c 


centers of dilatation have 
Cochardt et 


crystalline direction. suggest 
the 
three 


LOO] directions so that th 


the 
| 


ystalline 


carbon atom as an elastic has 


double forces oriented along 
co ordinate 


Eshelby’s anisotropi 


System we 


chose for our discussion of equation coincides 


with the co-ordinate system ol 


effect. The two effects thus both have an attractive 


the [11] 
should ot course derive 


the 


force along crystalline direction 


an expression for th 


double rularity 


of interaction of force sin 


anisotropic elastic theory before predicting that 


the precipitate. 


direction is the actual direction of build-up of 


In concluding this section, we see that the conditior 


for the existence of elastic saturation effects around 
a dislocation is a function of the type of imperfection 
and the type of medium. No general simple relation 
given. It would seem that the most common 
that at 


directions there is no saturation condition, and that 


can be 


case 1S least in certain crystallographic 
most impurities would tend to build up symmetrically 


shaped precipitates along the dislocation lin In 


one sense, of course, this is the intuitive result, namely, 
a dislocation line provides a perfectly good nucleation 
site for precipitation to occur. 

The 


that may be possible in certain cases which we have 


We note two further points. (1) saturation 
discussed in this section has different characteristics 
to the saturation idea discussed in the introductior 


The 


quadratic in the volume misfit AV, and can never 


interaction energy #,, is always seen to 
give the appearance of saturation due to the exhaustion 


The 


should be linear in 


] 


of the dislocation dilatation field 


of the dislocation dilatation field 


the volume misfit. Furthermore, the distance depen- 
difterent 


2) The 


These effects 


dence from the dislocation line of the two 


saturation effects is not always the same. 
non-linear effects have been neglected. 
must be important when the density ot the defects 
is very high, or when the volume element containing 
the defects lies within the core of the dislocatior ly 
order to show how non-linear effects can upset what 
has been said so far, consider what happens in the 
core of a dislocation when an interstitial is attached 


We have seen how 


predicts a type of saturation. 


there. the “hard spot” repulsion 


In reality, the inter- 


stitial simply attaches itself to the end of the extra 


half plane and becomes a jog in the dislocation 


There no saturation, because tl next 


is clearly 


/d O 
d (0 0 
is 


28 


interstitial is always attracted to the jog, and widens 


it, making the dislocation climb. 


CONCLUSIONS 
Our conclusions are the following. 
the number of point imperfections in the strain field 
of a dislocation due to elastic effects alone probably 
rarely occurs. Even in the case of interstitial atoms, 
which seems to be the most likely candidate for a 
weak kind of saturation, the non-linear effect in the 
core cancels out the saturation, and the “‘precipitate”’ 
is formed regardless. Seitz suggested privately to the 
author that probably in other cases as well, anapparent 
elastic saturation might be overcome in a similar way 
to the behavior of the interstitial in the core. 
Probably the governing 


saturation are the 


most important forces 


short range chemical and non- 


and these are just the forces which lead 


Thus our study of saturation is 


Loree 


linear 


to precipitation. 


just equivalent to a discussion of the nucleation of 


precipitates in a solid and is not easily discussed from 
the point of view of elasticity.* The author can think 
saturation 


ot one 


where an important type of 


occurs which is due to long range forces, but again 


is unrelated to the dilatation exhaustion idea. In 


ionic crystals, it is possible to have charge effects 
due to an excess of charge of one sign on a diffusing 
impurity. In this case, lining up the impurities along 


the dislocation line without compensating for the 


d in proof: Cottrell has pointed out to the 
equivalence between the saturation and pre- 
new. 


tion problems suggested here is not 


irst discusses the problem in reference 6. 
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charge creates a large coulomb energy that limits 
the amount of impurity which can be put into any 
given region. 

We have not discussed temperature effects in this 
paper. Obviously at any temperature greater than 
absolute zero, the concentration in any region about 
the dislocation line decreases due to the gain in entropy 
when a defect is lost to the matrix surrounding the 
dislocation. 

Webb has calculated the amount of impurity 
to be expected as a function of temperature in a 
small angle grain boundary. It would be interesting 
to 
change the predictions he has made. It 


how the considerations of the present paper 
would seem 


would be a temperature 


that the principal effect 
independent scale factor of the order of ten in the 


densities he predicted. 
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THE RELATION BETWEEN DISLOCATION DENSITY AND STRESS* 


B. A. BILBY, L. R. T. GARDNER and E. SMITH 


Read has recently derived for the special case of simple bendi 
and stress gradient in a solid containing dislocations. It is sho 
the fundamental relation in the theory of continuous distributions of 


the relations between the stress gradient, dislocation density 


bars are given. It is also shown that the properties of 


from the general expression for the dislocation tensor of 


RELATION ENTRE 


parti 


DIE BEZIEHUNG ZWISCHE LR Z UND SPANNI 


Fiir den Spezialfall der einfachen Biegung |} 
und Spannungsgradienten in nem Festkor 
diese Beziehung direkt aus d grundlegenden Gleic] 
verteilungen folgt. Als weiteres Beispiel wird der Zusa 
zungsdichte und Gitterkriimmmung fiir tordierte zylindris 
dass die Eigenschaften linearer Versetzungsanordnungen, 


Ausdruck fiir den Versetzungstensor flachenaft 


1, INTRODUCTION 2. THE FUNDAMENTAL RELATION 


In a recent paper™ Read has derived for the In the following we use an orthogonal « 


special case of simple bending, a basic relation co-ordinate system with basis x, to denoté 


between the curvature and the stress gradient in a_ in a crystal containing a continuous dist1 
body containing dislocations (his equation 1). In _ Such a eryst 
the derivation he also makes use of the properties the local crystal basis e 

of uniform linear arrays of edge dislocations, of in terms of the basis x 
the kind considered by Burgers. In this note we 
show that his relation (1) follows at once from the 


fundamental relation in the theory of continuous If D. 


e 


distributions of dislocations:4;°.%” first given at sense of linear elasticity 
the Bristol Conference in 1954. As afurtherexample, 


the analogous relations in the torsion of cylindrical 


bars are also given. Similarly, the properties of the the true and local Burg 
dislocation arrays which are used by Read, are a_ Burgers vector dB.x 
special case of results following at once from the small element of area dS,x 
general expression for the dislocation tensor of a 

surface dislocation.’ These general results were 


first given by Somigliana.‘®? where 


* Received May 1, 1957. dislocation tensor 

T Department of Metallurgy , University of Sheffield denotes differentiation with respect 

+ E. Smith is now with A.E.I. Research Laboratories, 
Aldermaston, Berks. 


ACTA METALLURGICA, VOL. 6, JANUARY 1958 


has the values l according a 


of dislocatio1 \ fu er 
ittice cul ire int eda narica 
| lislocation art ised Read { 
LA ee LA TENSION ET LA DENSITE DES DISLOCATIONS 
Dans le cas d'une flexion ple, Read a étal ment ur tior 
du réseau et le gradient de tension d’un solide contenant des d tior L iteu nt t 1 
\ titre d’exemple compl entaire, ils ont déterminé les 1 tio1 nti lient d I | 
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or odd permutation of 1, 2, 3, and is zero if any two 
indices are equal. Equation (3) is the fundamental 
relation connecting the dislocation tensor with the 
local state of the lattice. 

The dislocated crystal may arise by any physical 


process irom a perfect unstressed reterence crystal, 


and during this process the local deformation of the 
lattice 
from the shape changes which occur. 
x. ande 


x 


tion of the lattice the x, 


distinguished 
Let the bases 


crystal must, in general, be 
be chosen so that during the local deforma- 
of (1) are carried to the e, 
Then, if we describe all deformations 


the 


when a Ol. 


by the behaviour of components of vectors 


x.x, of the x. system, the d : specify a small rotation 


L 


] 
wy, anda small pure strain ey, of the crystal 


lattice: 


and 


The superscript J emphasizes that the quantities 
refer to the crystal lattice. 
We introduce a_ lattice 


curvature tensor 


defined by the relations: 


dw? dx, (6) 


is the small change in w, for a displace- 
the 


relations 


and dwt 


ment dz,. vanish (or are constants), (6) 


reduces: to between and given 


by 
K 4 (7) 


(3) 


x 


So far, the nature of the physical processes pro- 


ducing the (and has been left open. (34,5) 


For example, part or all of e4, might be due to 


non-uniform heating of the crystal.‘® The present 
application concerns however, the case when all pure 
strain of the lattice is caused by elastic deformation. 
Then any 
given by: 

P; xu Sauap Pa (9) 


associated with there is a stress P; 


the elastic constant and 


linear elasticity. 


where Ca Baus are 


modulus tensors of Pas satisfies 


the equations of equilibrium: 
(10) 
From (5). (6) and 


(11) 


© 
In the isotropic case: 


EZ" = (I 
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where F and vy are Young’s modulus and Poisson’s 
ratio respectively. Kroener™® and Eshelby“ have 
the the 
when the dislocation density is given, the former 
(11) 


discussed calculation of internal stresses 


using a different curvature tensor. 
Read“ considers a solid infinite along Xx, and Xs 
and finite along Ee bent by dislocations and couples 


about the Xs axis. He takes, therefore = = 


corresponding to the simple bending theory for a 


and so that pss 


thin slab. He also takes the only non-vanishing 


and A,. corresponding 
to edge dislocations along As: With these assumptions 


(12) show that only K4, K% do not vanish, and 


A, components to he 


for these: 


(13) 


(14) 


where G is the shear modulus. 

The first is Read’s equation (1) (except for a 
difference in sign convention for K4,). If KK = 0 
it gives his equation (2) for the stress in the unbent 
0, it gives the stress in simple 
The 


components As. 


crystal, and if A,, 


without dislocations. second shows. 
from (7), that the 


related so that this curvature occurs without additional 


bending 
and K= are 


far reaching stress,‘®) as Read also derives by another 
elementary argument. 

As a (12) 
problem of the torsion of a cylindrical bar whose 


further application of consider the 


axis is along the X, direction. The simple elastic 
theory for an isotropic bar is based on the assumption 
of displacements of the form 

(15) 
the X, 


torsion 


u 


1 © , 3 
Here 


direction 


unit length along 
the 


warping of 


x is the twist per 
Q(2x,, 2») is 
the 
The only stresses and curvatures arising 


harmonic 
the 


and 
function determining cross 
section. 
from these displacements are: 
= 


KE 


P23 


as 
Ky} 


Now let the twisted bar contain dislocations. 


distributed in such a way that p,, and poz are still 
the and 


assume 


only non-vanishing stress components, 
that the lattice 
dislocation density are independent of 2g. 


from (12), A,;,—= —K#, A 


and 
Then 
rL 
—K 13 


curvatures 


stresses, 


9 
Zo 


2G 
y 
(4) 2 
d d, )/ 0) KL, 
Ki +0, A,, A = 
) 
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and = These relations would be 


satisfied in the absence of all stress,{9) and involve 
the lattice 


absent when the twisting is elastic. 


curvatures which are assumed to be 
The remaining 


equations of (12) become: 


P1351 


23,1 2G(A 


where we have omitted a further equation which 


follows from (18), (19) and the general relation: 


A. = 2K" 


| 
(=0) 


Equation (20) follows at once by setting 6 = in 


(5).4) The equations of equilibrium give also: 


Ke Az, (21) 


The stresses and curvatures given by (15) satisfy 
the equations (17)-(21) if the dislocation density 
On the 


the equations relate the stress gradients 


A,, vanishes everywhere. other 
= @, 
to the dislocation density, when there is no lattice 
curvature. 


The equations (17)-(20) can, of course be used to 
an analysis similar 


the 


derive torque-twist curves by 
to that used by Read) 


curvature relations in simple bending. This problem 


for finding moment- 


will be considered elsewhere. Meanwhile, it is 
instructive to study the different ways in which dis- 
location movement may contribute to the twisting (17 


For simplicity we consider the situation in which 
the cylinder is fully plastic, and examine some ways 
in which the introduction of dislocations can produce 
the same macroscopic deformation as that occurring 
but We assume 
then, in purely 
0 and the 


Kk, 


in elastic twisting, without stress. 
also that the cylinder is circular; 
elastic twisting by applied couples, @ 
lattice curvatures are, by (16), Kt 
a, =. Here again the superscript L emphasizes 


that the curvatures refer to the lattice. It is necessary 
dislocation 


the 


in discussing crystal deformation by 


movements to distinguish carefully®:>® between 
shape change of a net scribed in the body, which 
specifies the total change of shape, and defines the 
shape deformation (S), and the shape changes associated 
with deformation of the lattice (lattice deformation 
(L)), the 
dislocations (dislocation deformation (D)). We denote 


and with introduction or movement of 


the pure strain é. and rotation O23 associated with 


these three types of deformation by the appropriate 
The total 


superscripts S, LZ and D respectively. 


SMITH: 


hand, if 
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change of shape is a combination of the shape 


changes due to the lattice and dislocation deforma- 
the 


tions. §®,6,12,15,18) 


and for small strains relation 


The total shape deformation is necessarily derivable 
from a displacement function uw, (or is ““compatible’’), 
since the body must fit together in ordinary space." 
In resolving the total shape change in this way, all 
changes of the lattice are included in re aw? 
and the dislocation deformation leaves the lattice 
Thus the 


shape changes effected by the latter in small elements 


invariant in shape and orientation.‘*!® 
are those due to simple shears on unrotating lattice 
planes (glide) or to the addition or removal of portions 
of the lattice in its natural shape and orientation 
(which we may V isualize as occurring by the transport 
The 


terms ol 


of material associated with dislocation climb).* 


dislocation density A, may be defined in 


the lattice deformation only, by means of the Burgers 


circuit,@:*) but because of (22) it is also related to 


the 
the 


dislocation deformation. Thus, on applying 
operator 22?) we 6,10 ,12 


obtain 
using (5 


In the purely elastic twisting by external couples 
the lattice 


wP is zero, and total 


deformations are equal and compatible, and 


More generally’®!*) the dislocation density 
if the dislocation deformation is compatibl 

Consider now the production of a twiste 
free cy linder with the same shape as that « 
twisted by Then « 0 
Aj» A 
19) vanish. The 


couples 


sides of 


while the left hand 


remaining 


components ol 


location density A thus related t 


the lattice curvatures by (7 
the same total shape detorm 


and (22) 


Some simple cases of interest 
1) Suppose Aa, 
J 
Ks 


* This dislocation deformatio1 


distortion’’ used by Kréner 


is 749,12) 
e! eP e> a” 
IGA KL x x x aT >. 
54) On 
| (17) 
SY Al as 
Po 2 2G(Ajo + Ky) 
Pi3,2 2G(A,, — K% — (18) 
as 
— — Ki) (19) 
| 
we Nave tron Ld 
( ( y 2D 
a o> (1) 
7 
ee rresponds to t t 
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may take w/ that, by (25) and (26), 
dD ») 


0: Then by (23) and (24), 
A,, If then 0,A,, Ayo 
a pile of coins, 


x. The cylinder is twisted like 


crossed grids of screw dislocations 


by introducing 


between them: the dislocations are moved in from 
the surface in the 1,2 plane. The tangential simple 
of the 


AT (X,, VU, 1s effected entirely by the dislocation 


S S 
Moa 


shear deformation 


shape 


movements 
If, on the ot hand K£ 0, 
The 


is quit unchanged, and the c\ linder has been twisted 


there are no 


dislocations, but lattice orientation 


by passing dislocations right through it. To see 


how this can occur, note that if a crossed orid of 
screws lying in the 1,2 plane moves in the 3 direction, 
there is no change of shape if the solid remains 
This is because the ensuing dislocation 
Thus 


dislocations 


free 
lattice rot: 


stress 


and tions exact ly compensate. * 


to twist the evlinder without leaving 


in it, we may introduce them by motion from 


the circumference in 1,2 planes, and then remove them 


all by motion along Xz. 


Then by 


Aas. If we take wP 0), 


2) Suppose . A Q). 


Ke = 1A,,, 


9 


then A.. 2x by (27) and wf 

From (25) 
Wi and thus ed 
(24) that 
dislocation deformations are tangential simple shears, 
directions parallel to Xz. When 
the lattice rotations ot, 


however, the total shape deformation is a tangential 


give the correct lattice curvatures. 


D 
dy 


and (26), a 


we? which with show these 


with shear these 


are combined with oe, 


) 


simple shear on the 1,2 plane. The crystal thus 


deforms like a bundle of pencils (more strictly like 
axis 


(17) 


a bundle of radial wedges) parallel to the X, 
which is twisted about X, like a multicore cable. 
see Fig. 1). We can effect the relative sliding of the 
pencils by running in the uniform array of vertical 
lefthand screw dislocations A.. from the circumference, 
ind as this sliding occurs, the pencils simultaneously 
rotate about the radii as axes by an amount pro- 
portional to their distance from the centre (w?, we). 
In Fig. 


placement of groups of pencils forming radial wedges. 


1, this sliding is shown by the relative dis- 


This relative displacement is shown, for simplicity, 


as varying linearly with r; actually this sliding 


since A.. is constant. 


do 


must vary as 7° 


the use of equations like (29) and 
and (22), for the grid array. 
array of between 
Bullough.“* It 
application of the general formula for the force 


crossed 


result for a single screws 


The 
different 


asv to see by 


analogous 


lattices has given by is also 


been 


appli d couple produces 


a dislocation line,'*°?) that an 


no force in the X, direction on such a crossed grid. 
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Fic. 1. 
introduction of a vertical array of 
cations. The 

y the FS/RH convention, 
of the total shape deformation are indicated. 


crystal in torsion by the 
(left dislo- 


Burgers-vectors and arrows on the dislocations 


Deformation of a single 


hand) screw 


obey and the various components 


3. SURFACE DISLOCATIONS 
tead™) makes use of an argument of Nye” to 


infer the across a_ particular 


both 


stress discontinuity 
The 


of stress and rotation for general arrays follow easily 


linear dislocation array. discontinuities 
from the expression for the dislocation tensor of a 
surface dislocation. If the 
and the lattices e\ 


la rge 


normal is 


A 


surface 
on the two sides are pro- 
(+) . 


x 


duced by deformations 
equation (1) from a reference lattice x,, the true 
Burgers vector b,x, of dislocation lines cutting unit 
length of a line in the surface perpendicular to the 6 
directions is given by: 


B € — ES) 


xp 4 1% 


(28) 


If the deformations are small. so that (2) and (4) 
hold, (28) becomes: 
(gb 


9 (29) 
where, without loss of generality we have set n, 


[O10] and written Eb el 


LK 
- 


) = 4 
x 


’ for the discontinuities of strain and rotation 
respectively. Thus B,, = 0, & = 
eb - (By, B,.)/2 and By)/2. 
There are also discontinuities of dislocation deformation 
and shape deformation across the interface.{®.18.1% 
For small deformations, because of (23) the relation 


between B,, and is simply, for n, [O10]: 


B, + (30) 


the remaining lattice discontinuities, 


we must use the fact that the tractions are continuous 


To determine 


across the interface: 


(31) 


39 
3 
4 Wil 
| 
KS 
~~ 
| | / 
\ 
/ | 
| fp. | 2°. = ax, 2 
| =ax,/2 
_4-- abe 
* This is ea 
30 with n/ 
Au 
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The general anisotropic case is rather tedious. For ACKNOWLEDGMENTS 
isotropy we find y We are indebted to Di \ N Stroh 


and 


By, Or) oe. These results discussions and for suggesting the use of the 
were first given by Somigliana™, who also pointed C@© as a further example. We wish 
out the obvious extension to the anisotropic case. Departm« nt of Scientific and Industrial 
9) 


Burgers’) evaluated the stresses and strains remote 09 financial support (E. Smith and L. R 


‘ he R or the 
from discrete arrays with mean dislocation densities and the Royal Society for th 


corresponding to B,, and B,,; the differences between Research Fellowship B. A 

the values at infinity on the two sides of a discrete REFERENCES 
array correspond, of course, to the discontinuities 

calculated here for the appropriate continuous 

array. These results are valid for surface dislocations 

in an infinite medium. Read considers a B,, array 

in a solid finite only in the X, direction, so that ae 
(as is apparent in the simple construction he uses) niocaal 


the depending on Poisson’s ratio vanishes 


leaving only 
If (29) is used to discuss the boundary between 1. IKRONER 
two lattices differing naturally by the strains é@, 94, 655 (1915 
and rotations @/, then we no longer have (30) J.P. NyE Acta 
> E. Kroner Z. 
and the B,, do not completely determine the lattice oe eS noua 


discontinuities. In fact any set of discontinuities - a 4 . 
\RONER rivi 
ars, satisfying eb oe, J Proc 


é 
0 can be added without affecting B,,. a 

It is clear why this should be so. For, since 7 A “Seg 

such a set forms an invariant plane strain with the 

interface as invariant plane, it will not affect the 

dislocation structure of the interface. The converse 

result, that is zero for two lattices differing 9 R 


hesis, Shethe 


‘I 
by a strain leaving their interface invariant has 70. M. Peacn and J. 8, Kornier 


L950 


already been noted.°.1® 


B. A. BILBY, L. 2. 
earen 
raranel 
hys. 142, 463 (1955 
hi. ¢ Lincei 28, 463 (1914 
Wet. 1, 153 (1953 
Natiirf. 969 (1956 
So Si P 3. 79 (1956 
REDE! Z. s. 145, 424 (1956 
ite Cor in tion 
R S \ 200, 47 (1949 
nd B. A. B \ / Phys. S B 69, 
and J. W. CHRISTIA» 4, 
and A. H. REI i 2, 3 
d J. W. Curisttan Institute of J 
Re t Series N 18, 121 (1 
( t 
Phys. R 80, 436 
ee 21. F.C. Frank Phil. Mag. 42, 809 (1951 


DISLOCATION PATTERNS IN POTASSIUM CHLORIDE* 
S. AMELINCKX?# 


Dislocation patterns observed in “‘single crystals’? of potassium chloride, as grown, and after 
deformation, are analysed. Large areas covered by regular square and hexagonal networks are found. 
Singularities in the networks are explained in terms of Burgers vectors and the genesis of the nets is 
considered. 

In particular evidence is presented for the stability of a[100] dislocation with respect to dissociation 
into two a/2[{110] dislocations. It is found that a small driving force coming either from a third crossing 
dislocation, or from purely geometrical circumstances, and which tends to bring the two combining 
1/2[110] dislocations into a parallel position, is sufficient for the formation of a segment of a[100] 
dislocation. 

Evidence for the formation of “‘holes”’ at the intersection point of two singular dislocations with the 
same Burgers vector is also presented. 

It is suggested that networks are sometimes decorated more than once. A systematic use of this 
phenomenon might be of some value in studying the evolution of networks during anneal. Dislocations 
which moved during the anneal accompanying the decoration leave traces of particles behind them, 
suggesting that certain parts of the dislocation line are more effective in causing precipitation. 

The density of the decorating particles depends on the orientation of the line with respect to the 


Burgers vector; screws seem to be less easily decorated than edges. 


RESEAUX DE DISLOCATIONS DANS LE CHLORURE DE POTASSIUM 


L’auteur analyse des réseaux de dislocations observés dans des ‘‘monocristaux’’ de chlorure de 
potassium immédiatement aprés croissance et aprés déformation. On remarque d’importantes régions 
couvertes de réseaux de mailles carrées et hexagonales réguliéres. Des irrégularités dans ces réseaux 
sont expliquées en fonction des vecteurs de Burgers et l’on considére également la genése de ces mailles. 

En particulier, auteur met en évidence la stabilité de dislocation a{[100] vis-a-vis de la dissociation 
en deux dislocations a/2/110]. 

Il montre également que la petite force de mouvement résultant de lintersection par une troisiéme 


dislocation ou d’effets géométriques purs, et tendant a amener deux dislocations a/2[110] en position 


paralléle est suffisante pour former un segment de dislocation a[100]. Il montre en outre la formation 


de ‘‘trous’’ au point d’intersection de deux dislocations particuliéres ayant le méme vecteur de Burgers. 

L’auteur suggére que les réseaux sont parfois décorés & plus d’une reprise. 
Un emploi systématique de ce phénoméne peut étre d’un certain intérét dans l'étude de l’évolution des 
au cours du recuit Les dislocations qui se meuvent pendant le recuit accompagnent leurs 
corations laissent des traces de particules derriéere elles; on peut penser que certaines portions de 
mes de dislocations sont plus actives que d’autres pour provoquer la précipitation. La densité des 
les décorantes dépend de |’ orientation de la ligne vis-a-vis des vecteurs de Burgers; les dislocations- 


nt étre moins aisément mises en évidence que les dislocations-coins. 


VERSETZUNGSANORDNUNGEN IN KALIUM-CHLORID 


n und verformten *‘Einkristallen’”’ aus Kalium-Chlorid beobachtete Versetzungs- 
wurden analysiert. Dabei wurden sich iiber grosse Flachen erstreckende, rechteckige 
Netzwerke gefunden. Singularitaten in den Netzen werden an Hand der Burgers- 
erklart und die Enstehung der Netze wird erértert. Insbesondere wird der Nachweis fiir die 
iner a! 100)|-Versetzung gegen Dissoziation in zwei a/2/110|-Versetzungen erbracht. Es wurde 
funden, dass zur Bildung eines aus einer a/100]-Versetzung bestehenden Segments eine 
bende Kraft ausreicht, die entweder von einer dritten iiberkreuzenden Versetzung oder von 
etrischen Gegebenheiten herriihrt und die bestrebt ist, die beiden kombinierenden a/2/110 


ing 


yen in eine parallele Lage zu bringen. Fernerhin wird nachgewiesen, dass sich am Schnittpunkt 


ier singularer Versetzungen gleichen Burgers-Vektors ‘“‘Hohlraume’’ bilden. 

Es ist anzunehmen, dass Netzwerke gelegentlich mehrmals dekoriert werden. Eine systematische 
Anwendung dieser Erscheinung kénnte beim Studium der Entwicklung von Netzwerken wahrend des 
Anlassens von einigem Wert sein. Versetzungen, die sich wahrend des zur Dekorierung notwendigen 
Anlassens bewegt haben, lassen Spuren von ausgeschiedenen Teilchen zuriick, die vermuten lassen, 
dass gewisse Teile der Versetzungslinie hinsichtlich der Bildung von Ausscheidungen besonders 
wirksam sind. Die Dichte der dekorierenden Partikel hangt von der Orientierung der Versetzungslinie 
beziiglich ihres Burgers-Vektors ab; eine Dekorierung der Schraubenversetzungen scheint weniger 


leicht vonstatten zu gehen als eine solche der Stufenversetzungen. 


* Received June 6, 1957 + Laboratorium voor Kristalkunde, Rozier, 6, Gent/Belgium. 
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S. AMELINCKX: DISLOCATION 


1, INTRODUCTION 

Dislocation patterns in transparent crystals can 
be studied directly by the use of some “‘decoration”’ 
method, which reveals the dislocation lines as rows 
of particles observable by means of the microscope. 
In not too heavily deformed material the scale of 
the dislocation patterns is such that optical micro- 
The 


recent ly by a 


scopy is quite sufficient. “decoration” pro- 


cedure has been used number of 
workers. 

This work is a continuation of previous observations 
on sodium chloride.?’ The dislocation patterns in 
NaCl 


followed by 
here proved to be of such a quality that networks 


were mainly introduced by deformation, 


a long anneal; the KCl crystals used 
could be observed in crystals, as grown. It also 
appeared that larger and better developed networks 
were generally found, although most of the time 
complicated patterns were observed. 


2. EXPERIMENTAL METHODS 


2.1. Specimen preparation 


It was shown™ that dislocation lines can be 


“decorated” in alkali halides, containing a certain 
amount of silver halide, by annealing the crystals 
in hydrogen. The procedure has been found to be 
effective for the NaCl-AgCl, KCl—AgCl 
and KBr—AgBr. every the 
formation of small silver particles, along or in the 


For the 


systems 
The result is in case 
immediate vicinity of the dislocation lines. 
particular work discussed here, KCl crystals, grown 
the melt by the 
A small amount of AgCl (0.75 per cent by 


from Czochralski method, 
used. 
weight) was added to the melt. 
the dislocations the crystals were heated during 
2-3 hr in a stream of hydrogen at a temperature 
between 650—700°C 
The dislocation lines are then found to be decorated 
over a certain depths under the surface depending 
upon the length of the decoration period and the 


and allowed to cool slowly. 


temperature of the treatment. 

The best decoration is found a small distance under 
the surface; the surface layer is therefore removed 
by dissolution; this removes at the same time the 
thin silver film which covers the crystal after the 


treatment. 


2.2. Observation method 

The crystal is cleaved into thin slices (~4 mm) 
which are mounted between an object glass and a 
cover glass, after immersion in a liquid of the same 
index of refraction as KCl, and examined in ultra- 


microscopic illumination. The silver particles light 


PATTERNS IN 


were 


For decoration of 


POTASSIUM CHLORIDE 


up and draw the dislocation lines. It is t 


that as a consequence of the particular 


preparing the specimens, all photographs 


with the focal plane of the objective par 
cube plane which we call (001 Usua 
photographs were taken at different dept! 
of th 
the cube plane was deduced from the wid 
in focus” the 


We will now describe some of the patterns 


with 


inclination boundary 


pl une 
described previo 


part in way 


were observed and which can conveniently 


fied as follows: (i) dislocation nets, (i 


relation with climb and precipitation 


in relation with glide. 


3. DISLOCATION NETS 


Dislocation nets were discussed from 


point of view by Frank, Suzuki and Suzuki 


who also ussed 


and also by the present author" 


junctions of dislocation nets whilst nets introduced 


by deformation were considered by and 


Hirsch.“®) 
The “‘single’’ cry stals were investigated “‘as g 
was given 


before 


no intentional deformation 
examined 


had 


resolvable 


sodium chloride crystals 


“as grown’ sub-boundaries usually too large 


misorientations to be into individual 


dislocations with the techniques used, the resolving 
] 


power being determined primarily by the particle 


size of the precipitates. These cryst ils were therefor 
lightly deformed and thoroughly annealed to alloy 
the This 


treatment 


formation of small angle boundaries 


was not necessary in the present cast 


the crystals being of such a quality that sub-boundaries 


had usually small angles of misorientation. Fairly 


large areas covered by uniform dislocation networ 
were found. 

The general structure of the crystals was a cellulai 
cells being elongated in the growth 


the 


direction, in accordance with previous observations 


structure, 


These cells form a kind of macro substructure, the 


differences of the boundaries being of 
or smaller. No 


distinguished in 
these 


orientation 
the order of | individual dislocation 


lines can be these boundaries 


The 


of an intimate mixture of areas filled uniformly with 


decoration of some of suriaces consists 


specks, and lines of particles which may however 
consequence, can not be 
The 


characteristi 


end abruptly, and, as a 


interpreted as decorated dislocations decoration 


is thus intermediate between the one 


for dislocation nets and the uniform decoration of 


boundaries with a larger angle of misorientation 


It is not clear at present whether this woul imply 


‘ 
row! 
In the 


ACTA METALLURGICA, 


Fie. 1. 


some real difference in structure for these kinds of 
boundaries, or simply a lack of resolving power of 
the 


subdivided 


decoration method. These cells are further 


into smaller cells, which have a more 


nearly isometrical development and of which the 
walls can generally be observed as nets of dislocation 
lines. These small cells are further threaded by a 
more or less three-dimensional network of long dis- 
Jocation lines. These lines have usually complicated 


curvilinear shapes, which we will discuss further. 


They usually interconnect different nets of the cell 


walls: 


the way in which they leave the nets is illus- 


Most 
found in sub-boundaries where they usually form small 
The the 
cells is an order of magnitude smaller than the number 


trated in Fig. 1. of the dislocation lines are 


segments. number of dislocations within 


in the boundaries. 


4. SQUARE NETS 

According to theory’ the stable configuration of 
networks having a [001] rotation axis, and lying in 
a (001) plane should consist of a square grid of pure 
screw dislocations. In the sodium chloride structure 
the stable Burgers vectors are a/2{110)" and to 
some extent [100], as will be shown. The dislocations 
should as a consequence be parallel to the directions 
[110] and [110]. 
the 


For a plane (hkl) and the same 


rotation axis, meshes of the network become 
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Dislocation lines leaving hexagonal net at the points marked by arrows. 


parallelograms; the directions of the lines are then 
— k] and [/,l, — (h+ k)]; 


consequence on (O01) as the same square network. 


they project as a 


Networks having another rotation axis parallel 
to a cube edge and not lying in a plane perpendicular 
to the plane of observation can be observed in oblique 
planes. If the rotation axis is [100], and the contact 
plane (101), the meshes are lozenges but coincidently 
they are observed in (001) as squares, but now lying 
the 
parallel to a cube edge. The directions of the lines 
stil! project parallel to the [110] and [110] directions. 

There is another plane for which the projected 
network with a [100] or [010] rotation axis is still 


in an oblique plane; “in focus” strip being 


square; this plane bisects the angle between (001) 
and (110) or (110); it is not a erystallographic plane. 
The actual meshes are now rectangles, but their 
projection is again the square network previously 
considered. The ‘in focus” 
to [110] or [110]. 


works with a [100] or [010] rotation axis will project 


strip is now parallel 
It is clear that in general the net- 


as parallelograms on the (001) observation plane. 

Networks approaching very nearly the ideal shape 
and extending over an appreciable area in (001) 
have been found frequently in the KCl crystals. 
Fig. 2(a) shows an example where the lines are 
relatively continuously decorated. This is however 
very often not the case and the node points are then 
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(a) Almost ideal square net in (001) plane. Note preferential decoration at node points. A few singular 


are visible. 


preferentially decorated, as is evident from Fig. 


2(b) where practically only node points are visible. 


PATTERNS 


(b) Square array of dots resulting when only node points of a square net are 


The direction of the lines is now very approximately 
[110] and [110], as it should be in the ideal case. The 


lack of decoration along lines having certain directions 
will be discussed further. 

Square networks lying in arbitrary planes have 
also been observed frequently; they very often project 
as squares but sometimes also as lozenges: very 
rarely as rectangles. 

Usually of 


Burgers vector a{100] can be observed at the inter- 


no segments dislocation line with 


section points; we will show further that a small 
driving force is sufficient for the formation of a[{100] 


dislocations. 


4.1. Singularities in square nets 

The most striking singularity of square networks 
is the presence of zig-zag lines parallel to the directions 
of the regular lines. We observed these lines also 
in NaCl crystals °) and their origin was explained 


IN POTASSIUM CHLORIDE 


* oe 


lines 


decorated. 


there. In the present case, due to better resolution, 
it was found that in a number of nets the zig-zag 


lines are systematically quite near to a normal line 
That this 


on the other hand one finds also 


of the square net. is not a coincidence is 
evident from Fig. 3; 
cases where the zig-zag line is half way in between 
the regular lines. This behaviour can be interpre ted 
by observing that two cases have to be considered 
the first the 


Burgers vector AC. It is kept in equilibrium between 


In case singular dislocation has a 


Luse 
hand 


when the Burgers vector of the singular line is CA, 


the two dislocations with Burgers vector AB, bec 
of the repulsion between them. On the other 
there will be a tendency to combine with the disloca- 


tion AB to form a dislocation with Burgers vector 


CB, 


locations with Burgers vector AB. The combination 


which would then be stable between two dis- 


may in some cases take place, but if the line interacts 
first with the perpendicular set of lines, i.e. starts 
first this 
more difficult: attraction would however still subsist 


zig-zagging, combination would become 
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(a) Square net containing a number of singular dislocations, 
rise to zig-zag lines. At points (1) and (2), where 
these zig-zag lines jog from one row to the next, segments 
of a [100] dislocation are formed. The corresponding lettering 
pattern is given in Fig. 4. 


giving 


4.2. Dislocations with Burgers vector a{100] 

In the conditions of growth of the crystals fourfold 
nodes appear to be stable, ie. no visible segments 
with Burgers vector a[100] seem to form at the inter- 

It is, 
almost 


section points of nets lying in a cube plane. 
that 
systematically formed when a zig-zag line of the type 


however, striking such segments are 
described, jogs from one row of the square net to the 
next parallel one. This effect is clearly visible on 
Figs. 3(a) and (b). 

Combination according to the reaction a/2[110] 


+ a/2[110)]—»a{100] gives no gain in elastic energy. 
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(b) Zig-zag lines in square net. Note the formation of a 
row where two singular dislocations with a 
suitable Burgers vector are adjacent. One can also observe 
the presence of segments of a [100] dislocation at certain 
crossings. 


of hexagons, 


Frank‘? concluded however that the reaction may 
nevertheless take place as this would diminish the 
energy associated with the misfit in the dislocation 
cores. We will show that some external driving force 
is all that is needed to make the reaction go; such 
driving force can be exerted by a third crossing 
dislocation, which has elastic interaction with both 


dislocations of the square grid. Consider the specific 


case of Fig. 3(a), the lettering pattern relative to 
the singular dislocation (indicated by an arrow) 
is given in Fig. 4. To understand why the presence 


of the singular line CA can catalyse the formation 
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Fic. 4. Lettering pattern corresponding to Fig. 3(a). 
Note the formation of two segments with Burgers vector 
a{100] at the points where the zig-zag line jogs from one row 
to the next. 
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of an appreciable length of dislocation with Burgers 


vector a[100], consider the crossing of the lines C.D 
and CA. The interaction is such that a torque is 
exerted which tends to bring the lines locally into 
the antiparallel configuration. In the letter notation 
introduced by Thomson” and used before by Frank,‘” 


this means that the dislocations will bend in such a 
way as to try to form parallel segments in the sector 
which has the same lettering for both dislocations. 
This is shown for CD and CA, as well as for BA and 
CA in Fig. 5. It is now clear that the presence of 
the singular line CA causes the lines CD and AB 


to adopt the parallel configuration, which facilitates 
their combination. On the other hand the line CA 
is subject to two torques of opposite sense, and in 
the ideal case they would be of the same magnitude, 

| ll li CA ld Fic. 5. Scheme to illustrate how the presence 
so that finally the line CA would remain straight. gisjocation line CA can “catalvse” the formation of a 
As dislocations with Burgers vectors larger than of dislocation with Burgers vector a{100} in Fig. 4. 
a{100] are not stable in the sodium chloride structure, 
there is no reason why an additional segment should 
form at the intersection point of the a[100] dislocations 


3 


: 


as 


Fic. 6 (a) Zig-zag lines in square net changing 90° in orientation. (b) (1) Zig-zag line changing 
100} dislocation. (2) Loop of singular dislocation taken up into the 
as well as (3) and (4), were originally connected one to t 
(d) Mixture of straight lines an 


the formation of a segment of a 
“holes” in square net. The lines (1) and (2), 
same Burgers vector, their intersection lead to the formation of ‘‘holes”’ 
effectively a three-dislocation boundary with a rotation axis [113]. 
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and the CA dislocation. A satisfactory explanation 


for the observed configuration is thus obtained. 


A check on the validity of this explanation is 


obtained by considering what happens when the 


zig-zag line jogs back to its original row, as can be 


observed on Fig. 3(a). From the corresponding 


lettering patterns of Fig. 4 it is clear that now a 


line with Burgers vector DA and having a direction 


roughly perpendicular to the one of the segment 


>x 


CA, crosses the intersection point. A reasoning 


oO 


quite similar to that above shows that there is 
again no net torque on DA, and that AB and CD 


4, 


are forced into parallel position in the right directions. 


WO 


A further rather critical check on this reasoning 


a is obtained from Fig. 6(b), which shows a closed 
Fic. 40K of singular dilocation ‘“‘captured”’ in the 


square net. This lettering pattern refers to Fig. 6(b), arrow loop of singular dislocation lines. The accompany ing 


-. lettering pattern (Fig. 7) shows that, systematically, 
the segments of dislocation line with vector a{100] 
have the correct directions according to our expla- 
nation. The same photograph shows also a zig-zag 
line changing 90° in direction; one again observes 


formation of a{100] dislocation at the intersection 


point crossed by the singular line. The analysis is 


given in Fig. 8. 


If the singular dislocation crosses in between two 


\ 
\ 


intersection points, as is visible on Fig. 6(a), the 


A 


supplementary segment a[001] does not form, but 


wo p 


one has instead the configuration shown in Fig. 9. 


The same can also be observed on Fig. 6(c), where 


* 


wx 


the two kinds of crossings are visible. We can con- 


O's 


clude with some confidence that every time there is 


) 


ox p 


an external driving force the a(100) dislocation 


forms. 
Fic. 8. Change in orientation of a zig-zag line, accompanied \ 


“alt further indication that we have to deal with 
ulso Fig. 6(b), arrow 1). a{100] dislocations, comes from the observation of 
the angles at a node; whereas the angles in a three- 
fold node of dislocations of equal strength never 
deviate far from 120°, it is clearly visible in most 
cases that one of the angles now becomes less than 
90°. This is to be expected from the equilibrium 
conditions at the node point, between two dislocations 


of strenyvth 6 and one of strength bY 2. 


Some of the square nets lying in oblique planes 


provide also evidence for the “‘spontaneous”’ formation 


of small segments of a [100] dislocation. Whenever 


7 


they are present, they systematically form in the 


acute angles of the lozenge-shaped meshes, i.e. in 


oO 


the sector where the dislocations are nearest to the 


7 


% 


WIP » 


parallel configuration. Fig. 10 is an example; on 


> 


fos) 

7 

XK 


a few places indicated by arrows such segments can 


be seen. There is, however, always a visible difference 


orientation of a zig-zag line, without jn development with the segments forming the singular 
the formation of a segment of a [100] dislocation. Examples . : “i : 4 ivi 
nam be found in Wins. Gia) end Sic). zig-zag lines. The influence of an external driving 
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Fic. 10. Part of square net lying in oblique plane. Note the “‘spontaneous’’ formation 
dislocation at the points marked by arrows. The segments are systematically formed in the acute angles 
shaped meshes, except in (1), where as a consequence of the presence of a third dislocation the gment 
angle. Zig-zag lines are also present, note the asymmetry of the two segments of the zig-zag line as a consequ 


to the 


difference in character, which is due to the inclination of the plane of the net with respect to 


Fie. 1] 


(a) Hypothetical configuration of dislocation lines, which after rearrangement 


(b) Lettering pattern corresponding to Fig. 6(c) Note tine 


the lines 1.2 and 3,4 which have the same Burgers vector. 


force as a consequence of a third-crossing dislocation very small segments 

with a suitable Burgers vector seems to outweigh because of the large 

this natural tendency, as it may cause the formation more easily 

of a segment a{100] in the obtuse angle; this is Zig-zag lines in square nm 
visible in Fig. 10 (arrow 1). are generally asymmetri 


+ 


The preferential decoration at node points of the — the difference in character 


square nets may partly be due to the presence of forming the zig-zag line 


illustrate the formation of small squares (Fig. 13a 
two dislocations of a square net. The pattern is essentially unstable 


4] 

= 
(001) plan 
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(a) 


Formation of small square meshes at the intersection points of a square net; compare with Fig. 12 


VOL. 


- 


» 


(b) Singular line jogging back and forth, see also the analysis of Fig. 14. 


4.3. Hole 


Fig. 6(c) shows some further interesting features. 


nm square net 


In the bottom left corner one observes curvilinear 


hexagonal meshes. Closer examination reveals that 
they are exactly at the intersection points of two 
zig-zag lines. The singular lines are parallel in the 
left part of the photograph; 


The zig-zag line (arrow 2) 


as one of them bent 


down, they intersected. 


was originally connected to another (arrow 1), 


as is evident from the fact that they are 


prolongation; after 


exactly 


in each others intersection, 


however, line 2 became connected to line 3. This 


was possible because the two singular lines have the 


same Burgers vector and they locally annihilated 


each other. Fig. 1l1l(a) shows schematically the 


hypothetical original configuration, and Fig. 11(b) 


shows the final configuration together with the letter- 
ing pattern. The curvilinear character of the lines 
finds its origin in the tendency to conserve the 
angles of approximately 120° at the node points. 
We have described here in fact an example of the 
formation, in the net, of a “hole” of the kind pre- 


dicted by Frank.“ 


4.4. Further singularitie sin square nets 

The zig-zag lines discussed above can, of course, 
describe all kinds of paths in the “‘host”’ net; examples 
Occasionally two 


are visible in Figs. 2, 3, and 6. 


Analysis of Fig. 13(b). A possible original configuration is given in (a). 
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Fic. 15. 
Shapes of meshes of hexagonal net- 
works with [111] rotation-axis. 
(a) Regular hexagon. 
(b) Hexagon lying in a cube plane: 
c/a 3, see, e.g., Fig. 16(b). 


regular hexagon lying in (111) 
plane: c/a l. 


Fic. 16 


PATTERNS IN 


(c) Projection on the cube plane of 
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zig-zag lines can become adjacent; when the Burgers 
vectors have a suitable orientation a stable row of 
hexagons results. Examples of this can be found 
in Fig. 3 and the lettering pattern corresponding 
to this 12 of Amelinckx”?. 


However, when the Burgers vectors of the two singular 


case was given in Fig. 


lines are such that they attract and could combine 


to form a new line with Burgers vector AB as shown 
12(a), a 


Provided zig-zagging takes place before the 
| 


in Fig. somewhat different pattern can 


result. 
dislocations combine, one can get the situation of 
Fig. 12(b) which is not stable because the hexagonal 
meshes have two adjacent A-nodes.'?) The situation 


As the 


will evolve towards the pattern of Fig. 


(a) Hexagonal net presenting singularities marked by arrows; (1) refers to Fig. 17, whilst (2) is analysed in Fig.’20, 
Note the orientation of the net with respect to[110]; for this net c/a 2.9. 


(b) Hexagonal net free of singularities: c/a 2.8 
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c\s c\s c\s_¢ 


(a) 


Jogging of singular line 


Fic. 17. 


(a) Hypothetical original configuration of lines. 


line energy of the system can be lowered further by 
the complete disappearance of the small squares, 
this configuration is not stable either. Such small 
square meshes, very probably due to the process 
just described, were however observed in a few cases, 
and an example is presented in Fig. 13(a). 

Fig. 13(b) and Fig. 14 present a further remarkable 
singularity. A singular line jogs back and forth 
between two rows of a square net. It seems to us that 
the simplest assumption as to the original configur- 
ation, 1s something like Fig. 14(a). i.e. the “capture” 


of a helical dislocation'2”) into the square net. 
5. HEXAGONAL NETS 
Shape meshes 


According to theory, dislocations in pure twist 


voundaries having a [111] rotation axis and a (111) 


contact plane, should form a net of regular hexagons, 


every segment having pure screw character. Because 


of the way of preparing specimens it is difficult to 


L11) plane. Ve can only see in focus 


observe in a 


over a certain area, hexagonal nets which lie nearly 


in the cube plane. Such nets are fairly frequently 


found in the KCl crystals we examined. A number 


had a 


singularities, to 


of them sufficiently well-developed area, 


from allow rather accurate 


measurements. According to the geomet rical theory 


-\B C\ 


Fig. 18. Second type of jogging of singular 


segment of a /100 dislocation. 


in hexagonal network as observed in Fig. 


TOL, 6, 


16(a), arrow 1. 


(b) Pattern resulting from (a) after rearrangement. 


the projection of such nets on (111) should again 
give the perfectly regular network. This means that 
we observe 
15(b) 


ratio 


the meshes in the (100) plane, i.e. as 


them, should have the shape of Fig. with 


c/a = 3. The observed value of this can be 
determined easily; the mean value of ¢ is found by 
directly measuring the height of a number of meshes; 
on an enlarged photograph the mean value of a 
can most conveniently be deduced by measuring, 
in a direction perpendicular to the first, the width 
odd of meshes; we then have 


w of an number n 


1/* 


Ww L)a. 


We further have that the segment perpendicular 


to the longest symmetry line of the meshes should 
be parallel to a [110] direction and be a pure screw, 
whilst the other two sides of the hexagon have mixed 
character. It is now evident from the photographs 
that the orientation of the nets is in accordance with 
this. The pure screw segment is in many cases found 
to be not or much less decorated than the other two 


segments. There is moreover also quantitative 


Measurements for five well-developed 
the 


2.7, 2.9, 2.9. These values are for each, net 


agreement. 


nets gave following results: c/a 


mean 


values over at least 30 meshes. The agreement is 
satisfactory, although the value for c/a seems to be 


systematically somewhat too small. 


line in hexagonal network as observed in Fig. 19, 
(a) Hypothetical original configuration. 


note the formation of a 
(b) Pattern resulting from (a) after rearrangement. 
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Up till now we have only used geometrical con- 
siderations. One can also consider the problem from 
an energetical point of view and ask for the configur- 


ation of minimum line energy for a net of the kind 


row 


ot a 


Fic. 19. Singular dislocation line jogging from one 


of hexagons to the next, with formation of a segment 


{100} dislocation. See Fig. 18 for the analy SIs. 


just considered. This problem has been discussed 


previously. 1) It was shown that the condition for 


minimum energy is 


cos" sin (2 sin 1) 0) 


vy is hereby Poisson’s ratio; for the significance of 
15. 


here the 


For the distribution of Burgers vectors 
This 


LS 


a see Fig. 
taken. 
leads, for a 17 
which is about the same value as that to which the 


sign has to be 
to 


considered 


reasonable value of », 


geometrical considerations have led us: « arctg 
1/3 ~ 183°, which gives as a corresponding value for 
y 0.21. The 


enough to conclude whether the minimum 


measurements are not accurate 
energy 
condition gives a better value for « than the simple 
The 
condition depends, moreover, on what one accepts 
for v. The 


striking way the theoretical predictions. 


geometrical consideration or not. former 


measurements anyway confirm in a 


5.2. Singularities in hexagonal nets 
We will now discuss some singularities which can 


occur in hexagonal nets. Some of them were already 


B\A Bla BA 


(a) 
Fic. 


(a) Hypothetical original configuration. 


PATTERNS 


20. Change in orientation of singular dislocation line 
(b) Pattern resulting from 


IN POTASSIUM CHLORIDE 


we 


mentioned of NaCl. As 


now have better examples we present them here for 


before for the case 
completeness. 

6.21, 
dislocations of the ‘“‘host’’ net 


line has a Burgers vector which is perpendicular to the 


family of 


singular line intersects Ove 


Only when the singular 
one of the intersected family, an observable singu 
larity results, because now a row of fourfold nodes is 
In 
It jogs from one row to the next at the point marked 
Fic. 17(b). 


This jogging can give rise to 


present. such a line is visible 


the corresponding lettering pattern is shown in 
a second type 
configuration which is represented together ith 
Fig 


The difference in pattern Is 


lettering pattern in I8(b) and which can 


du 


The first results 


observed in Fig. 19 
to a different original configuration 


the lines 


starts with configuration of 
17(a), 
one has originally 
Fig 

If the 
which forms an angle 


the 


when one 


the second results whi 


that 


shown in Fig. whilst 


something like shown in 


LS(a). 
Burgers 


has a 


singular dislocation 
of 60° (o1 with the 
supplementary 
be ho obsery 
This is, he 
if the singular line changes direction 
Fig 


right ang 


intersected family, 


would 


there 
f the 


meshes results, and 


effect on the geometry « net 


different 


the case for line (2) on L6(a In its 


the intersects at 
After having 


family of dislocatio 


line 
dislocations changed 
intersects another 


the 


how 
formation ol 
The 
to this type of pattern is shown in Fig 
The 


locations 


resulting in . supplen 


{ 
oO! 


hexagons conngurati 


~ 


sinqula 
Several combinat 

different 
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deduce | vector of the 


the 


unambiguously the Burgers 


singular line from its behaviour at intersection 
The case corre- 
22. 

The singular line could coincidently pass through 


In the case of Fig. 21(b) a sixfold node 


pomts with the basic dislocations. 


sponding to Fig. 21(a) is illustrated in 


a node point. 


would form. This is sometimes observed and ex- 


In the other 
cases one can decide which configuration will develop 


amples have been given previously. 


at the node point by applying the type of reasoning 


used in Section 4.2, which can be generalized to the 


VOL. 6, 


lines two 
*net. The Burgers vector of the 
singular line is respectively for (a) AD, (b) CB, (c) BC 
d) CD, (e) DC. 


Fic. 21. Singular dislocation 


intersecting 
of dislocations of the “host 


sets 


crossing point of any three dislocations. 
Consider for example the three dislocations BA, 
CA, and DA crossing in one point as shown in Fig. 


23(a). The reasoning makes it clear that CA is now 


subject to two opposite torques, whereas BA and 


DA are twisted into a parallel position. It is asa 
consequence to be expected that the configuration 
will evolve towards the one represented in Fig. 23(b), 
where CA the new 


segment DB. Without the presence of DA, a segment 


intersects without interaction 
BC could have formed, and without the presence of 
BA a segment CD would have formed, as shown in 
the same 


Figo. 24 in 


found in 
the 
analysis in terms of Burgers vector is shown in Fig. 25. 


figure. This behaviour can be 


the region indicated by an arrow: 


6. TILT BOUNDARIES 
According to theory, tilt 
kind of 


lines are equally spaced and parallel; 


boundaries containing 


The 


their orien- 


one dislocations lie in (110) planes. 


tation in the contact plane is arbitrary, but parallel 
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22. Singular dislocations intersecting 


PATTERNS 


IN POTASSIUM CHLORIDE 


two sets of dislocations o 


Analysis in terms of Burgers vectors is given in Fig. 2 


tilt 


Y6b): 


to the rotation axis. We have observed such 


boundaries in the crystals as grown (Fig. 
they are very common in polygonized specimens, 
where the dislocations are parallel to a cube edge, 
but this 
found to 
place a line leaves the net, the spacing is very rapidly 
illustration 


will be discussed elsewhere. The spacing 


be very uniform; even when at some 


is 


readjusted to become equal again (see 


of this in Amelinckx"”). 


In several cases we found tilt boundaries with 


unequal spacings: e.g. Figs. 26 and 27 show boundaries 


where lines are systematically grouped. It is clear 
from Fig. 26 that the boundary is not completely 
tilted, but This last 
remark, together with the fact that the boundary 


has a small twist character. 


is very nearly in the (001) plane, allows the conclusion 


that it contains at least two kinds of dislocations. 


It is then clear that the characteristic grouping is a 


(a) 


Fic. 23. (a) Hypothetical original configuration leading to 
DB will form at the intersection point of AB and CA, 
CB would have formed. 


(b). Due 


whereas 


consequence of the presence ol Two kinds ol dis- 


locations. 
Evidence has thus been found for two dislocation 

boundaries. It is remarkable that the small 
of the 


trated in relatively small regions 


tilt 


twist component misorientation is concen 
this was found to 


be always the case. 


7. THREE DISLOCATION BOUNDARIES 


The number of possibl orient itions {ol the rotatio 
her limited 


bound irlies 1S rathne 


axis of two dislocation 
The effect 


a two-dislocation net 


of introducing a singular dislox 


to chan tl 


axis 
When, fo 


are introduced into the 


Instance 


square 


into hexagonal net Kio 


equal mixture of straight 


to the presence 


normally, i.e. without 


This behaviour can be observed in Figs. 2 


17 
RR 
| 
lines and zig-zas 
x 
(D 
2 and 24 
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Singular dislocation intersecting, at their node points, two sets of lines of an hexagonal net. 
The analysis is given in Fig. 25. 


one direction. We now have effectively a three- 
dislocation boundary; the rotation axis of the net is 
somewhere and [111]. 


One can of course. with the same right, describe the 


intermediate between 


net as an hexagonal net. with singular straight lines. 


IG, Lettering pattern corresponding to Fig. 24. A 
lar dislocation DA through the intersection 
ints of BA and CA and causes the formation of segments 


DB. 


passes 


There is a simple way for deriving the rotation 
The 


where d is the sum of the 


axis of a given net. method uses Frank’s 


formula’” d r 


3urgers vectors of the dislocations intersected by 


vector r, which is an arbitrary vector in the boundary 
plane; ow is the rotation vector. 


Choose two different orientations for r, 1, and 


r, and derive from the lettering pattern the sum of 


the Burgers vectors d, and d, of the dislocations 


which are intersected in both cases; the rotation 
axis is then parallel to d, d,. 

Take as an example the net of Fig. 6(d) idealized 
somewhat in Fig. 28. Taking r and Ts in the directions 
drawing, we find d, +n 

m AB = m{110] and the rotation 


If the proportions of zig-zag lines 


shown on the 
CA = n{121], d, 
axis is [113]. 
and straight lines is not exactly 1:1, one obtains 
an intermediate rotation axis. 

the 
shown on Fig. 29 and somewhat idealized in Fig. 30. 


Consider now three-dislocation boundary 
The same type of reasoning shows that the rotation 


axis is now [O11]. 


DISLOCATION NETS 
that 
single 
satisfactorily the 
Teghtsoonian—Chalmers hypothesis,» i.e. the precipi- 


8. GENERATION OF 
the 
crystals 


Frank" has recently shown macro 


can 
the 


substructure in melt-grown 


be explained on basis of 


tation of vacancies into disk-shaped aggregates 
and the subsequent collapse of these disks into pris- 
We believe that the 


substructure consisting in general of resolvable nets 


matic dislocation rings. finer 
inside the cells of the macro substructure has to be 
explained on a somewhat different basis. 

The reasons for this are the following observations. 
Some of the nets present a striking regularity over 
b) and 16(a, b). 


Even when a number of singular dislocation lines 


very large areas; see e.g., Figs. 2 (a, 


are taken up into a net, they are usually of the same 
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wherel 
Two dislocation tilt boundary in (001) plane. 


DISLO(C 
deduced 


e 


b 


inter 
mechanism 


at the 
“host’’ net. 
some 


This 
vacancies produces a 


AMELINCKX: 


of 


S. 


(a) One dislocation tilt boundary lying in (110) plane note the constancy of the 
boundaries having nearly purely tilt character. 
can 


identical behaviour 
dislocations of the 
observations call for 
precipitation 


Burgers vector. 
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dislocation boundary having a] 11: 


rotation axis; compare with Fig. 6d. 


dislocation boundary idealized in Fig. ¢ 


Fic. 


A 


30. Three 


rotation axis. 


A A A 


dislocation boundary having a 
This pattern is visible in Fig. 29. 


110} 


precipitation, it is to be expected that there will 
be no preference for a given plane (i.e. for a given 
Burgers vector). One can thus not expect to have a 
number of loops of the same kind. There is, moreover, 
one more difficulty. At the time that the fine sub- 
structure is being formed, the main part of the 
vacancies has been used up to form the macro sub- 
structure. It is as a consequence doubtful that a 
supersaturation sufficiently high to nucleate further 
rings will be able to build up, once a first ring has 
been formed in a certain area. 

We believe that one way out of the above-mentioned 
difficulties is to assume a mechanism for the formation 
of prismatic dislocation loops in a_ melt-grown 
crystal; this has already been described briefly 


elsewhere.“ 


Suppose that a first dislocation ring is formed in a 


(d) 
Fria. 31. Generation of dislocation loops by the 
precipitation of vacancies. 
certain area. In a certain volume around this, 
the probability for the nucleation of a new ring is 
small, so that we can divide schematically the 
macrocell into smaller regions containing each one 
ring at the start. Thermal stresses will deform some 
of these rings by prismatic glide, in such a way that 
some screw parts are formed, as is shown sche- 
matically in Fig. 31(b). The ring will now climb 
further as more vacancies precipitate; the screw 
parts will hereby adopt a helical shape as described 
previously.” 22) The ring will thus acquire the 
shape shown in Fig. 3l(c). Further climb, combined 
with prismatic glide will ultimately lead to inter- 
section of the two helices, giving rise to closed loops, 
all of the same Burgers vector, in the way shown in 
Fig. 31(d). As a consequence of repulsion between 
dislocations of the same Burgers vector, loops will, 
in general, be “blown off” in the direction of the 
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* 


Fic. 32 (a) and (c) Curvilinear dislocation lines having helical shape. (b) and (d) Isolated dislocation 
loops. The two concentric loops represent presumably the same dislocation loop in two successive position 
(e) and (f) Long dislocation lines which have moved a certain distance, leaving trails of particles behind 


Fic. 33. Pattern giving evidence for intersection of dislocat 
Burgers vector by prismatic glide and one obtains If some rings fail to d 
a situation as shown in Fig. 31(d). It is clear that source’ because they 1 
this mechanism is similar to the mechanism postu- they may nevertheless b 
lated by Bardeen and Herring.“®) It has however become singular dislocations, o1 


the virtue that it avoids the difficulty inherent to the with other single loops and form 
This mechanism wi: 


latter mechanism, namely to necessitate the addition dimensional network. 


or substraction of extra material between successive by the observation of dislocations in C: 


lattice planes. It is clear that the dislocation “sources” More recent observations by Barber et a 
just described can provide in a restricted area a_ dislocation patterns in NaCl crystals seem to give 
sufficient number of dislocations of the same kind somewhat more direct support to the mechanism 
to allow the formation of fairly regular networks. postulated here. Mitchell (private communication) 


5] 
‘ 
- 
purely ! 1 
up into net and 
they ma interact 
a 
Suggested 
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are visible on Figs. 32 and 33. They may be con- 
figurations resulting from the tightly wound helices 
previously observed in CaF,%* 2% and NaCl'® 


independently explained these observations along 
similar lines. 

9. PATTERNS IN RELATION WITH CLIMB 
9.1. Curvilinear dislocation lines 

The longer lines in the interior of the cells of the 
micro substructure have almost invariably curvilinear 


ATF 


Fic. 34 
a) Hypothetical configuration of three dislocations with 
the same Burgers vector, which after rearrangeemnt gives 
the pattern. 
(b) Compare this figure with Fig. 33. 


shapes. Most of the time the curves connect two 
node points; they have the shape of a loosely wound Pig gical : ’ 
; ‘ : . Trails of particles in networks. Note that in (b) 
spiral with only one or a few turns. Examples every node has its corresponding trail. 


Fic. 36. Trails of particles corresponding in the majority of the cases with nodes of the hexagonal network. 
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(a) Doubly decorated network. (b) The same network as (a). The drawing shows that th« 


are lying on lines of the network in one of its previous positions. 


Fic. 38. Tilt boundary, which has probably moved a certain distance and has left trails of particles, 
one for each line of the boundary. 


5 
53 
lie Fic. 37. 
specks In (a 
Re, 
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(a) Hexagonal network in which one family of lines is practically not decorated. 


The orientation with respect to 


suggests that these non-decorated segments are pure screws. 


and discussed in detail with special reference to 
CaF,.'*2) The fact that 
same specimen the radii of curvature of the lines 


in the same region of the 


are always comparable suggests that they represent 
shapes in equilibrium with a given supersaturation 
That these lines have been subject to 
of the 


of vacancies. 


climb can be concluded from the presence 


trails or ribbons of particles. 


Fig. 33 represents an interesting pattern. It is 


suggested that some earlier configuration was as 


shown in Fig. 34(a): intersection of dislocations with 


* % 


Fic. 40. 


the same Burgers vector has lead to the configuration 


of Fig. 34(b) which corresponds to the observed 


pattern. As pure climb displaces all dislocations of 
the same Burgers vector in the same sense intersections 
of the kind suggested by the photograph are impro- 
bable as a consequence of pure climb. It thus appears 
that these lines have been subject to a combined 
action of glide and climb. 


9.2. Dislocation loops 


Very frequently isolated or small groups of two or 


Formation of nets out of dislocations from two different sources. 


D4 
ee. 
| 
110 
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three loops are found within the cells. They lie 
almost invariably in a (110) plane (Fig. 32 b and d); 
they are most probably prismatic loops as suggested 
by the fact that the trails or ribbons of particles 
behind them are in the same plane as the ring itself. 
When doubly decorated, they are seen as concentric 
rings. 

Occasionally one finds loops lying in a (001) plane; 
this could be established unambiguously in a few 
cases when very large loops were found which were 
exactly in focus over their whole area and had a 
This 


suggests that prismatic dislocations with an a(001) 


ribbon of particles also in the same plane. 
Burgers vector occasionally form and are stable. 


10. PRECIPITATION EFFECTS 


The observation at larger magnification of the 
longer dislocation lines, reveals that they are deco- 
This is 


in general only visible for long dislocations, probably 


rated by a ribbon of particles (Fig. 32f). 


because these are displaced much easier, as well during 
The width of the 


in the same region, varies from dislocation to disloca- 


climb as during glide. ribbon. 


tion, but is approximately the same for dislocations 
with the same Burgers vector, suggesting that it 


Dislocation loops resulting from indentation by 


PATTERNS IN 


means of Vickers pyramid. 


POTASSIUM CHLORIDE 


depends on the latter. 
We believe that this ribbon of particles, is mainly 
of the NaCl by 


climb of the dislocation 


decoration of 


due, as in the case 


means of sodium, to 


precipitation. In many cases 


this 


accompanying the 
detail 
small trails of particles, suggesting that some spots 


can be found in ribbon: it consists of 


of the dislocation line. e.g. jogs have been more active 


in generating particles (see Fig. Such linear 


arrangements of specks, which are apparently not 


along dislocations, have also been observed in network 


35 a, b, and 36). They have then usually 


(see Figs. 


some correlation with a node of the network, and 


they might well be due to the disp! icement of a node 


Nodes are 


found to be particularly preferred spots for precipi 


during the formation of the network. 

tation, also in networks (cf. Section 4). 
There is also some evidence that certain dislocation 

least 


lines have been decorated in at two successive 


this is particularly clear for the dislocation 


positions; 
loops of Fig. 32 (b.d) but it has been found for seg- 
We found in some 


that whole parts of networks had been decorated 


Cases 


ments of the network too. 


twice or even more times Fig. 37(a) represents 


a hexagonal network; a part from the “in focus’ 


Loops are lying in (110) planes 


Note in (a) the deformation of the loops at the intersection of the two systems. 
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part of the well-decorated network, one can find some 


specks which are in focus in another area. These 


specks are at some level above the well-decorated 


which is not in focus in this area. It is 
the 37(b) 


that they can be assimilated with the same network; 


network. 
however evident from drawing on Fig. 
this is particularly clear in the left part where the 
boundary is nearly tilted. 

Fig. 38 represents an example of a tilt boundary 
which has probably migrated an appreciable distance. 
With every dislocation in the boundary corresponds 
a “trail” of particles. 
the phenomenon might be of some use for the study 
of the evolution of a network during anneal. 

It now appears that many of the particles which 
at a first glance would be considered as due to random 
precipitation were in fact nucleated by a dislocation 
in its instantaneous position. 
the dislocations is in general a combination of clide 
and climb. The parts that displace by climb are 
presumably mainly responsible for the precipitation, 
e.g. at jogs. The displacement of the tilt boundary 
visible on Fig. 38 can with difficulty be attributed 
to climb alone. The magnitude of the displacement 
by climb alone would imply the precipitation of an 
unreasonably large number of vacancies. It is 
therefore suggested that the main part of the dis- 
placem« nt was conservative. 

Quite similarly to what has been observed in the 

of NaCl we find again that the density of 
decorating particles depends on the orientation of the 
dislocation lines with respect to their Burgers vector. 
In the case of Fig. 39(b), e.g.. this is quite clear: 
sometimes a certain family of lines is not decorated, 
is is. e.g., the case in Fig. 39(a). 

The non-decorated lines are found to be parallel 
to a/110]| direction. Itisasa consequence conceivable 
that the non-decorated segments are screw 
segment. This hypothesis is further supported by the 
This does 


not necessarily imply that pure screws will never be 


pure 


geometrical considerations of Section 5. 
decorated, but it certainly demonstrates that they 
ire not so easily decorated as the other segments. 

Further evidence for the dependence of the density 
of precipitation on the orientation of the line with 
respect to the Burgers vector is found in Figs. 3 (a, b) 
and 6 (a, b, e, d). It is clearly visible that the decora- 
tion is more dense along the zig-zag lines than along 
the regular lines of the square net. Whereas the latter 
are nearly pure screws the former have a Burgers 
vector which is not in the plane of the net (the (001) 
line and vector being 


plane), the angle between 


approximately 45°. 


A systematic exploitation of 


The displacement of 
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11. GLIDE PHENOMENA 
The decoration method used is not ideal to reveal 
dislocations immediately after glide, without disturb- 
ing the patterns in an appreciable way. The reason 
Although 


sood decoration can be obtained after 1 hr treatment 


for this is the inevitable heat treatment. 


at 700°C, this is still sufficient to cause some poly- 
gonization. We have nevertheless tried to study the 
geometry of dislocations generated by glide and we 
give here some preliminary results. 

The crystals were either intentionally deformed 
in bending or compression, immediately before the 
decoration treatment or the deformation accidentally 
introduced by cleaving was studied. Indentation 
experiments by means of a Vickers pyramid were 
The glide planes in NaCl are (110) with 


When observing in a (001) plane 


also tried. 
glide vector [110]. 
one can as a consequence distinguish two kinds of 
patterns depending on whether the glide plane is 
perpendicular to the plane of observation or forms 
an angle of 45° with it. 

In the first shift 
very rapidly sideways in the (110) planes when one 
These dots 
lines which are inclined with respect to the plane of 


case one observes dots which 


changes focus. represent dislocation 


observation; there is a tendency to form an angle 
of approximately 45°. After some anneal, however, 
parts of the loops become approximately perpendicular 
to the cube plane, the other parts adopting approxi- 
mately the pure screw orientation; as a consequence 
the loops become rectangular, as is to be expected 
NaCl 


stage 


for any feature lying in (110) plane of the 
fact the first 
for freshly 


structure. This seems to be in 


in polygonization. The tendency gene- 
rated dislocations to adopt certain crystallographic 
This was also 


Mitchell 
results 


rather pronounced. 
Dash) in 
communication) 


NaCl, 


directions is 


observed by silicon, and 


(private found — similar 


for dislocations in decorated by means of 
gold.‘ 


The 


as it allows one to observe at least part of the loops. 


second case is of somewhat more interest, 
In one exceptional case we observed a pattern which 
could be interpreted as due to an internal slip source.?° 
In general, however, one observes parts of concentric 
loops which would have their centre outside the 
crystal (see Figs. 41 and 43). This that 


deformation is mainly by means of surface sources, ‘2? 


suggests 


in accordance with the results of Suzuki”) obtained 

by means of observations in polarized light. 
Straightforward evidence for the formation of nets 

by means of dislocations from different sources has 


been found, as shown in Fig. 40. 
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Fic. 42. Dislocations in glide planes perpendicular to the plane of observation. (a) pure screw segments. 
per} 
(b) inclined lines with respect to (001) plane. 


Fic. 43. Loops lying in (110) plane resulting from incidental deformation during cleaving 
ps tying 
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Kirkendall-effect in the gold-platinum system* 


1. Introduction 


Diffusion in the gold—platinum system has been 
studied earlier by Jost” and by Jedele. Jost 
determined the diffusion of platinum into gold by 
using a gold—platinum alloy with 20 weight per cent 
platinum coated electrolytically with a layer of gold; 


\ 


Liquid + 


800) 


Pt Gold weight *le 


Fic. 1. Phase diagram of the gold—platinum system. 

whereas Jedele used diffusion-couples of the pure 
metals. Now it the 
gations of Darling, Mintern and Chaston'®) and of 
Raub and Woérwag™? that a two-phase region exists 


in the solid state of the gold—platinum system at 


is well established by investi- 


temperatures below 1256°C. This is shown by Fig. 1, 
taken from the paper by Darling et al. Jost performed 
his experiments at such temperatures (740—986°C) 
For 


Jedele’s experiments, however, this is certainly not 


that diffusion took place in one single phase. 


the case, although he reports that the diffusion is 


not influenced by the presence of the two-phase 
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region. Consequently Jedele plots the penetration 


composition curve as a continuous line from which 
much faster diffusion of platinum 


he deduces a 


into gold than of gold into platinum. 
At that little 
was available on diffusion in systems consisting of 


time, however, very information 
more than one phase and, also as a consequence of 
the Jedele for 


determining the penetration—composition curve, we 


rather inaccurate method used by 


missed the two-phase 


thought it 


think it most likely that he 
For 


repeat 


boundary entirely. this reason we 


worth while to his experiments, likewise 
with the intention to study a possible Kirkendall 
effect which might be expected on the basis of the 
rather high difference in melting points between 
gold (1063°C) and platinum (1769°C). 

In what follows a description will be given of the 
experiments carried out and of the results obtained 


in the course of this investigation. 


2. Experimental Part 
Gold and platinum, supplied by Firma Drijfhout, 
Amsterdam, with a purity of 99.99 per cent and 
99.9 per cent respectively, were used for our experi- 
ments. From this material ‘‘sandwich’’ test-pieces 
were prepared by welding a platelet of gold (dimensions 


of the same dimensions. 


5 mm) at both sides of a platelet of platinum 
The planes of separation 
were marked by means of quartz-wires with a 
diameter of 10 4, quartz being a material which 
alloys neither with gold nor with platinum at thi 
fol 


welding 


temperatures used our experiments (about 


1000°C). The 
pressure of 100 atmospheres at a 
about 900°C, 


was performed unde! 
temperature 


the heating being realized by means of 
Duc 


time ofl 


an electric current of 30 ampéres to this tech 


nique it was possible to keep the heating 


down to a few seconds only and consequently it is 
permitted to neglect diffusion which occurs during 


the welding process. 


The specimens so obtained were ground with 


different grades of emery papel and then polished 


with chromic oxide and alumina. Then the distance 


between the marked interfaces was determined 


microscopically. Fig. 2 shows an example of such 
In order to be able to study a possible 


effect. 


a specimen. 


the were annealed 


spec imens 
for 


After each anneal the distance between the 


Kirkendall 


several times at well-defined periods 


markers 
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was measured again from which the displacement of 


the markers could be determined as a 
the time of heating. 


After the last anneal the penetration—composition 


(a) 


Platinum 
Marker- _, 
interface 


> 


rich phase 
Phase - 
boundary 
Gold-rich 
Marker - 
interface 


Platinum 


Specimen II before and after diffusion: 2(a) before 
485. 2(b) after diffusion; diffusion time 202.40 


207 m. 170 


Fic. 2. 
qaiitusion. 
hours, AM 
This 
was done in the following way: From each specimen 
of a turned off 
on a lathe parallel to the planes of separation. After 


curve was determined by means of X-rays. 


layers thickness of 20-50 fu were 
the re moval of a layer, a Laue-back-reflection photo- 
graph was taken of the specimen. 
these photographs the lattice-parameter could be 
determined for the successive layers from which 
the composition of these layers could be calculated. 
the 
the 


and 


(See. for instance, for relationship between 


lattice and composition Darling, 
Mintern 
Esch.) 

Three specimens, called further on specimens I, 


II and III were investigated in this way. The follow- 


parameter 
and Chaston‘? Grube, Schneider and 


ing results were obtained: 


function of 


With the aid of 
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TABLE 1. Marker-displacements 
AM and values of v calculated from AM 


Specimen I Specimen II Specimen III 


LO3B8°C 1038°C 1002°C 


AM in t in AM in 


hours u 


t in AM in t in 
hours hours 


63.50 103 
134.20 163 
202.40 207 
292.50 256 


67.25 
132.50 
203.20 
271.40 
361.50 


8% 


* Marker-velocity in cm/sec after the total diffusion period. 


(1) During the anneal a considerable shift of 


the markers into the gold-phase occurs (for instance 


256 uw in 292.50 hours in the case of specimen IT). 


From this one must conclude that the quantity of 
gold which passes the marker-interface in a definite 
time is much larger than the quantity of platinum 
which passes in the same time in the opposite 
direction. 

(2) A two-phase boundary comes into existence 
if the diffusion is performed in a couple of the pure 
metals as is done in our experiments. 

Fig. 3 shows the observed marker-displacements 


plotted against the square root of the annealing 


Markermovement 


10 15 


/Time = hr 


Marker-displacement plotted against the square 
root of the annealing time. 


5 ee 156 100.25 123 
4 
| 
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- 
300. 
| 
/ 
250} T 
I 
200} y 
Vf 
= 
100} 
| 
| 
| 
5 20 


LETTERS TO THE EDITOR 


time (cf. Table 1). For all three specimens this TABLE 2. Values of D in cm? 
gives a practically straight line so that most likely 

the diffusion process is governed by a vacancy Atomic 

fraction 


mechanism. Figs. 4(a)-4(c) show the penetration- VA 
u 


composition curves for the specimens I, II and III 


0.962 


0.96 


0.956 
0.948 


0.94 


Marker- interface 


Matano- 
linter face 


0.698 
0.608 
0.0902 O.O89 


Marker interface 0.08 0.097 
0.072 

0.06 0.12 
0.04 0.16 
0.02 0.16 


Matano- 
Linterface 


Gold atomic 


TABLE 3. Day and Dpt in cm? 


| N Au in marker 

Marker -interface Specimen 
| interiace 
Matano- ® 
interface® 


0.956 
0.962 


0.948 


400 
Depth of penetration ——> 


Fic. 4. Penetration-composition curves. 


(a) Specimen I: 361.50 hr at 1038°C. 
(b) Specimen II: 292.50 hr at 1038°C. a 
(c) Specimen III: 100.25 hr at 1002°C, f 
| 


respectively. With the aid of these curves it is 
possible to determine after the method of Matano,® 
for the temperature considered here (about 1000°C), 
the coefficients of interdiffusion D for each com- 
position except those which fall inside the two-phase 
boundary of Fig. 1. Moreover with the aid of Darken’s 
method,” it is possible to calculate the partial 
diffusion coefficients D,,, and Dy, for the composition 
found at the marker-interface. 

The results of these calculations are given in 
Tables 1, 2 and 3. 

It must be kept in mind that the values of D 
calculated for low contents of gold are approxi- 
mate only as a consequence of the fact that it 
was impossible to determine the direction of the 
tangent to the penetration—composition curve with 


accuracy for this region. 


61 
sec: 10 
100 
| 1.60 1.87 1.61 
80) | } 1.57 
} 
60} | 1.83 
e 0.92 1.93 1.75 1.65 
| 0.88 58 52 
| 1.63 1.46 1.19 
| 0.80 1.35 1.2] 0.99 
20) { 0.772 1.18 1.04 | 
e (a) 0.76 1.06 0.95 0.76 
0.72 O.80 0.72 0.57 
0.702 O.75 
0.71 
Bee. | 0.40 
80} | EB... 
| A 
| 
60} 4 
| O.1] 
| 0:13 
40} O.10 
20} | 
(b) 
} 
80} 
Ds Dp- 
60} 
be 40} 2.78 + 10-9 3.7-10 
3.49 10-9 1.1-10 
20} ~ t 2.50 - 10-* 
| 
@ Pre, \ 
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The dependence of D on composition is represented 


by Fig. 5 from which it turns out that D passes a 
maximum in the neighborhood of the marker- 
interface. 

The ratio of D,,, to Dp, as calculated from Table ¢ 
amounts to 75 for specimen I, 85 for specimen II 
and 47 for specimen III. This ratio can be determined 
in quite a different way, namely after the method 
proposed by Heumann,‘*) by measuring graphically 
the quantities of gold and platinum which passed 
the marker-interface during diffusion. If this method 
is applied one finds for D,,/Dp, the values 81, 
77 and 51 for the specimen [, II and III respectively. 


3. Discussion 

From the experiments described in Section 2 it 
follows that during the mutual diffusion of gold 
and platinum a two-phase boundary comes into 
existence and that a very pronounced Kirkendall 
effect occurs in the gold-rich phase. The latter 
phenomenon can be explained by the great difference 
between the partial diffusion coefficients of gold 
and platinum in the gold-rich phase (cf. Table 3). 
In our opinion it must be considered as a normal 
Kirkendall effect. 

The formation of the two-phase boundary is a 
the of the 
platinum system. It is difficult to imagine by what 
precise atomic displacement the mutual dissolution 
of both 


consequence of phase-diagram gold— 


metals at their surface of contact takes 
However, once the equilibrium-phases are 
this takes 


place in two separate single-phase systems, namely 


place. 
formed by process, normal diffusion 
the system consisting of the gold-rich phase against 
pure gold and that of the platinum-rich phase against 
pure platinum. The two equilibrium-phases are 
continuously formed during the diffusion by the 
process of mutual dissolution. We are aware of the 
fact that this is only a suggestion but further experi- 
ments are necessary in order to obtain information 


about this question. 
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Zum Einfluss der Korngrdésse auf die 
SNOEK-Dampfung und die Alterung des 
Kohlenstoffs im Ferrit* 

Die ersten Beobachtungen tiber einen Einfluss der 
Korngrésse Alterungskinetik Eisen- 
Kohlenstoff-Legierungen fiinf 
Jahren von Seemann und Dickenscheid™ mitgeteilt. 
Wegen der Bedeutung dieses Problems haben wir 


auf die von 


wurden bereits vor 


Versuche"™) an 
genommen. Die 
Abziehen feink6rnig rekristallisiert, daraufhin zur 
Halfte kritisch abgezogen und zusammen der Lésungs- 
gliihung (1/2 h 700°C im Vakuum) unterzogen und 


neue teinsteisen mit 0,02°,C vor- 


Proben wurden nach starkem 


abgeschreckt. Bei dieser zweiten Gliihung erlitten 
kritisch Drahte 
Kornvergréberung, wahrend die nicht nachverformten 
Drahte unter den angewandten Versuchsbedingungen 


verformten eine’ erhebliche 


keine wesentliche Veranderung der Korngrésse erfuh- 
ren. Die Korndurchmesser lagen beim feinkérnigen 
Material zwischen 15 und 40 mw, beim grobkérnigen 
zwischen 70 und 200 4. Die beschriebene Versuchs- 
methode der unterschiedlichen Verformung bei identi- 
scher Warmebehandlung wurde vor allem deshalb 
gewahlt, weil dadurch die beste Gewahr fiir einen 
Kohlenstoffgehalt in den und 
grobkérnigen Proben gegeben war. 

Die Alterungskinetik (90°C) 
zeigte, dass die bis zur Erreichung eines bestimmten 
Zeit bei den 


grobkornigen Proben um etwa 20° kiirzer war als 


identischen fein- 
Untersuchung der 
Ausscheidungsbetrages erforderliche 


bei den feinkérnigen.t 


*+Die oben erwahnten, friiheren Versuche” gaben ein etwas 
anderes Bild. Diese Ergebnisse kénnen jedoch hier nicht zum 
Vergleich herangezogen werden, da sie unter anderen Warmebe- 
handlungs und Verformungsbedingungen durchgefiihrt worden 
sind. 


TO 


Zur 


annehmen, dass es keinen unmittelbaren Korngréssen- 


Deutung dieser Beobachtung mdéchten wir 
einfluss auf die Alterungskinetik gibt, solange die 
Alterungstemperaturen und -zeiten so liegen, dass 


Falle 


grosser sind als die in Betracht kommenden Diffusions- 


die Dimensionen der Kristallite in jedem 


wege. Vielmehr kommt es fiir die Kinetik entschei- 
Gehalt Matrix Metalls 
solehen Zentren an, die in der Lage sind. die Bildung 


dend auf den der des an 
von Ausscheidungskeimen zu _ begiinstigen oder zu 
ermoglichen. Bei den feinkérnigen Proben miisste 
insbesondere das Korninnere eine geringere Konzen- 
Gitterfehlern 


k6rnigen Material. 


tration an aufweisen als beim grob- 


Kin Einfluss der Korngrésse zeigt sich aber nicht 


nur bei der Alterungskinetik, sondern viel mehr 


noch im Zusammenhang zwischen der Menge des im 
Ferrit geldsten Kohlenstoffs (in Gewichts-°,) und der 
maximalen SNOEK-Dampfung Q,,' 


p:Q 


om 


Josefsson’®) haben ZWel 


G. 


Jahren als erste dariiber berichtet. 


Lagerberg und A. vor 


TABELLE | 


tein- 
heits- 
grad 


Fe 


Zei- 


chen 


Korn- 
grosse 


(14) 


pP- 
Faktor 


140 
2000 


Wepner 4,5) 


Lagerberg—J osefsson 


99,95 
99, 
99,95 
99,95 


70 
(3) 500 
Lagerberg—J osefsson 
Eigene Versuche 
Eigene Versuche 


verschie- 
SNOEK- 


Diaimpfungsmessungen, bei denen gleichzeitig auch 


Die Tabelle 
in 


zeigt eine Auswertung der 
denen, der Literatur’-* mitgeteilten 
die Korngrésse des Versuchsmaterials mitgeteilt war’ 
Dabei wurde von Effekten zweiter Ordnung abgesehen, 
wie sie z.B. in der Arbeit von G. Lagerberg und 
Gestalt nicht streng linearen 
feinkérnigem Material 

In Falle 
p-Faktor fiir einen C-Gehalt von 0,02°,C bestimmt. 
Die 
Ablesung der Messwerte aus dem 


Wegen 


gegebenen Analysenmég- 


A. Josefsson in des 


Verlaufs der an gemessenen 


Kurve auftreten. letzterem wurde der 


angegebenen Fehlerbereiche riihren von der 


Diagramm der 


Veroffentlichung'® her. der bei unseren 


eigenen Versuchen nicht 


lichkeit sind die betr. Kohlenstoffgehalte mit einem 
Fehlerbereich von +-10°, 


fluss auf die SNOEK-Dampfung war bei unseren 


eingesetzt. Ein Texturein- 


Proben, wenn iiberhaupt vorhanden, nur sehr schwach 
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ausgepragt und beeintrachtigt unsere Ergebnisse 


nicht. 
Die Abb. 
einfach logarithmischer Darstellung den Verlauf des 


1 zeigt auf Grund der Tabellenwerte in 


p-Faktors als Funktion der Korngrdésse. zeigt 


Korndurchmesser ——e 


ABB. 1. Proportionalitatsfaktor p als Funktion 


des Korndurchmessers. 


sich deutlich, dass die p-Werte fiir feines Korn stark 
zunehmen. 

Man kommt somit zu folgenden Feststellungen 

(1) Der p-Faktor 
Abhangigkeit 


unterliegt einer ausgepriagten 
Materials. 
Der Variationsbereich erstreckt sich fiir die praktisch 


0.9 


von der Korngrésse des 


vorkommenden Korngr6éssen von bis tiber 2.5 


hinaus. 


(2) Uber einen sei es direkten, sei es indirekten 
Einfluss von Legierungselementen auf den p-Faktor 
ist bis jetzt so gut wie nichts bekannt. Jedoch liegt 
nach dem unter (1) Gesagten auch die Annahme eines 
solehen Einflusses nahe. 

(3) Die 


schiedener 


miihevollen p-Faktorbestimmungen 


Autoren“®® haben danach nur 
beschrankten Geltungsbereich 
(4) 


den 


Auf Grund dieser Ergebnisse bestehen 


bisherigen Erwartungen erhebliche 


+ 


keiten, die Dampfungsmessmet 


le sten Ke nien 


Bestimmung des im Stahl 
Stickstoffs zu 
die Moclichkeit 


tativen Nachweises. 


tativen 
stofts 


bertihrt 


bzw. verwenden. Davon un 


bleibt 


eines lediglich quali 


H. J. 
W 
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ACTA METALLURGICA, 


Specific heat of antiferromagnetic 
phase in Mn-rich 
Cu—Mn binary alloys* 
Mn 
binary alloy system has been investigated by various 
The X-ray data” indicate that the y-Mn 


forms a continuous series of solid solution with Cu, 


The equilibrium phase diagram of the Cu 


workers. 
while the «-Mn precipitates from the solid solutions 
below the solvus line. The solid solutions (the y-phase 
alloys) of the compositions up to 84 at. per cent Mn 


Temperature ——> 


Fic. 1. Specific heat versus temperature 
curves of Cu-Mn alloy (81.7 at. per cent Mn). 
cooled from 800°C at 1200°C/hr 
cooled from $0°C/hr 
ooled from 800°C at 20°C/hr 
as quenched from 800°C in water (22°C 
held at 550°C for 300 hr and cooled to 20°C at 2°C/hr. 


at 


have f.c.c. structure, while the alloys of compositions 


greater than 84 at. per cent Mn have f.c.t. structure. 
As is well known, however, it is not easy to establish 
equilibrium in this system. For instance, the furnace- 


cooled alloys up to 90 at. per cent Mn have single 


phase instead of two-phase structure at room 


temperature. The tetragonality of high Mn alloys 


depends upon the cooling rate, covering the range 


from c/a 0.99-0.96. Whereas the a-parameter is 
nearly independent of the cooling rate, the c-parameter 
decreases with decreasing cooling rate. This metas- 
table single phase is fairly persistent and lasts for at 
least 120 hr at as high as 550°C. It takes more than 
200 hr to decompose this metastable phase into the 
final two-phase mixture. 

Two years ago, we noticed pronounced A-type 
anomalies in the specific heat versus temperature 
curves of these alloys cooled at various rates from 
The heat 


versus temperature curves which have been obtained 


800°C to room temperature. specific 


of 81.7 at. per cent Mn a loy are shown in Fig. 1. 
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It may be noted that the 4-peak disappears when 
the alloy has a f.c.c. structure. The A-points and the 
energy of transition for 53.4, 74.3, and 81.7 at. per 
cent Mn alloys are summarized in Table 1. 


TABLE l. 


Cooling rate Peak temp. 


(-C per hour) (-C) 


Energy 


Mn at. ° 
Mn at (cal/mole) 


Meneghetti and Sidhu have recently shown by 
the 


antiferromagnetic 


their neutron diffraction study on furnace- 


cooled alloys that there is an 
arrangement of the magnetic moments in the alloys 
of compositions creater than 69 at. per cent. 

Table ] that both the Néel 


and the antiferromagnetic 


shows, therefore, 
the 


the magnetic moments increase 


point energy of 
with 


Mn 


ordering of 


decreasing cooling rate and with increasing 


concentrations. 
details will soon the 


Further be published in 


Journal of Physical Society of Japan. 
HIRANO 
MANIWA 


K EN-ICHI 
HIDEYO 
YuTAKA TAKAGI 
Physics Department 

Tokyo Institute of Technology 

Oh-okayama, Meguro-ku, Tokyo, Japan 
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Remarques sur l’aspect micrographique 
de cristaux de silicitum imparfaits* 


L’analyse micrographique permet de reconnaitre 
simplement certains défauts cristallins du silicium, 
notamment Jes macles et les dislocations. Le travail 
de Vogel et de ses collaborateurs™ a établi le bon 
accerd numérique existant entre le nombre de figures 
de corrosion comptées sur un joint entre deux grains 


faiblement désorientés et le nombre de dislocations 


| 
53.4 60 130 15.2 
53.4 20 155 16.4 
74.3 60 172 64.3 
74.3 20 175 72.2 
Cu Mn (81.7 at. Yo) | 
E | 81.7 1200 108 61.4 
= \ | 81.7 10 178 74.5 
81.7 20 196 79.0 
6 / 
P 
£4100 200 300 
A: 
B: 
4 
D: 
E: 


or 


750 queue de 


nécessaires a créer cette désorientation 
schéma maintenant classique D autre part 
la moitié de l’énergie de déformation cr 
dislocation est emm iwasinee a piu 
ligne de dislocation.**? Ces deux resultats de l’expéri 
mentation et de la théorie indiquent que la dislocation 


désorganisation du réseau f san aque 


distances atomiques) peut se manifester par une figure 


de corrosion dont les dimensions atteig 


microns. 


133 queue de cristal A. Nous avons étudié par voile 
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. 
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nombreux cristaux de silicium, principalement en 
queue parce que c’est dans ces régions qu ils possédent 
la plus grande densité de défauts. 

Les cristaux sont coupés en queue, perpendiculaire- 
ment a l’axe de tirage [111] et les surfaces & examiner 
sont abrasées au carborundum 600, polies chimique- 
ment dans un mélange d’acides fluorhydrique, 
nitrique et acétique, et attaquées chimiquement a 
Vaide d’un réactif du type “silver etch’. 
Les micrographies 1, 2, 3, 4, 5 et 6 représentent 
différentes portions de surfaces sur lesquelles on 
distingue les défauts suivants: 
rectiligne (Fig. 1) orientés 
(111). 
géométrie (Fig. 2) est analogue a celle de bandes 
dont 


pouvoir séparateur du microscope optique. 


des sillons, a fond 


suivant des directions de plans Leur 


inférieure au 
Des 


essais sont en cours pour observer ces défauts par 


maclées l’épaisseur serait 


microscopie électronique. Dans le cas ot | épais- 
seur serait encore inférieure au pouvoir séparateur 
d’un tel instrument, il y aurait lieu de se demander 
l'on n'est pas en présence de défauts d’empile- 
ment dus a la décomposition d’une dislocation en 
deux dislocations partielles suivant un mécanisme 
proposé par Shockley. Les Figs. 3 et 4 sont en 
accord avec une telle hypothese. 

des figures de corrosion alignées suivant des 
directions de plan (111) et partiellement regroupées 
en parois de polygonisation (Figs. 5 et 6); leurs 


traces sont sensiblement perpendiculaires aux 
aux directions de plan (111) dont une famille est 
repérée par les sillons visibles sur la Fig. 5. 

En particulier, on remarquera en examinant la 
Fig. 


qui est d’autant plus grande que les parois de 


5 en incidence rasante la courbure des sillons 


polygonisation sont plus denses. Ceci met en 
évidence d'une facon simultanée des parois de 
polygonisation et la désorientation du réseau 
cristallin due a leur présence. 
Je remercie le Docteur J. L. 


cette étude et le 


Lévy de m/avoir 


Professeur J. Friedel de 


suggéré 
Vintérét qu il a porté a ce travail. 
G. E. STORA 
Société le Matériel T éléphonique 
Boulogne -au-Ne ine 
France 
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Effect of temperature on the 
anodic passivation of lead* 


The rate of anodic processes of lead is very slow 
However, 
fact is the 
processes in detail. The author has investigated the 


in comparison with those of other metals. 


this favorable for analyzing anodic 


anodic behavior of lead in sodium sulfate solutions and 


reported") that the potential-time curve under 


| 


| 


O2 -evolution 
| 


Formation | 

of PbO2 film | 

| 


| 
| 
Uniform 
| 
4 


growth of 
PbSO4-film 


(S.C.E Scale) 


Current density 
SO A/em 


covered 
with PbSO4 


| | | 
| Surface is 


Electrode potential 


60 120 


360 
min 


| 

180240 300 
Time of anodization 


Fia. 1. Typical potential-time curve of lead 
anode in dilute sodium sulfate solution under 
constant current density. 


constant anodic current is divided into four parts 
corresponding to the characteristic reactions at the 
anode surface as shown in Fig. 1. During the uniform 
growth of PbSO, film, the anodic potential increases 
This fact 
ionic conductive property of PbSO, film, and its 


(2) 


linearly with time. is accounted for the 


conductivity is represented as follows, 


where J is the anodic current density in A cm~, 
Ve V, is the potential difference between two 
points P, and P, chosen arbitrarily on the linear 
part in potential-time curve in V, and ft, — ¢, the 
time interval between P, and P, in seconds. 

The author estimates the electrical conductivity 
of the PbSO, film according to the equation (1) from 
the the 


range results obtained 


potential-time over 
0-50°C. The 


2. At the low temperature, the film is assumed 


curves temperature 
are shown in 


Fig. 


1.6 
| | 
0.6 
0.4 —— 
| | 
0,2 
-0.2 | | 
04-— | 
-0.6 
| 
| 
I(t, t,) 
o = 2.54 10-4 Q-! em! (1) 
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69 50 40 30 20 


\ ° 
3.0 3.2 3.4 3.6 3.8 
x 103 


Fic. 2. Temperature dependency of electrical conductivity of 
PbSO,-film on lead anode. Conditions of anodization are 
the same as shown in Fig. 4 


to possess a very fine structure. This partly amor- 
phous phase may consist of extremely small crystallites 
and have narrow capillaries, which are perhaps of 
ionic dimensions. The 
diffuse through these capillaries. 
and film thickness 


ions are considered to 
As the temperature 
crystallization 


rises increases, 


occurs. The process of crystallization is accompanied 
by considerable shrinkage of the film, giving cracks 
usually at right angles to the direction of the inter- 
(Fig. 3). 


range above about 40°C 


face The increase of o in the temperature 
is assumed to be accounted 
In this 


temperature range, crystalline film may be formed 


for the absence of an amorphous layer. 


from the initiation of film formation. 
When to the the 
electrode potential falls down to the low value as shown 


these cracks reach substrate, 


and dissolution of lead proceeds at micro- 
the As this fall 


in Fig. 4 


scopic pores in film. potential 


A: Metal 


: Amorphous 
layer 
: Crystallized 
part 
: Crack 


3. Model of PbSO,-film in higher 
temperature range. 
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usually occurs before the potential value at which 
PbO, 


is prevented. 


anodic 
PbO, 
formed, but the film is considered to be discontinuous 
at the cracks of PbSO, 
at which considerable 

the state of 


accomplished. 


can be formed is reached, passivation 


At lower temperature, may be 
film. Only in the temperature 


crystallization does not 


lead 


range 
occur, passive anode can be 

Extending this experimental fact to the case of 
some other metals, the author considers it possible 
to effect of 
temperature passivation of those 
This The 


stage of anodic passivation in the case of those metals 


reasonable explanation for the 
the 


be 


give a 
anodic 
stated 


on 


metals. can as follows first 


is the formation of an amorphous salt-film which is 
Electrode potential becomes higher 
film thickness and then a 


ionic-conductive. 


with increasing potential 


0.4 


At 50°C 
0.1 N-N 
1 .78x10” 


SO4 solu 
msity, 
Acme? 


(S.C.E -scale) 


nN 


c 
@ 
2 


Time of anodization 


Potential-time f lead anode 


higher temperature rang: 


Fia. 4. 


curve 


which passive oxide film of electronic 


value, at 


conductive property can be formed, is reached 


However, the amorphous layer may crystallize at 


higher temperature and metal dissolution can con 


tinue at the cracks produced by crystallization In 
other words, the passive state of the metallic anode can 
be accomplished in a higher temperature range 
Physical Research Section M. MazDa 
Electrical Communication Laboratory 

Musashino-shi, Tokyo, 


Japan 
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ACTA METALLURGICA, 


Experimental difficulties in the measurement 


of self-diffusivity during compressive creep** 


Measurements are being made on the self-diffusion 
rate of iron in specimens undergoing compressive 
creep, and some preliminary data have been re- 
ported." Unfortunately, several experimental 
difficulties associated with the earlier findings were 
not recognized, and the published values of D./D 
(D self-diffusion coefficient for specimens under 
stress, D self-diffusion coefficient for unstressed 
specimens) appear to be too high. 

In the earlier technique, a rather thick layer, 


onto the end face of a disc-shaped specimen, and 


~10-% em of radioactive was electroplated 
then the specimen was subjected to compressive 
The diffusivity was deter- 
The 
first difficulty arose from the method of applying 
the the 


creep during diffusion. 
mined from the change in surface activity. 
the compressive creep load: friction at 
bearing surfaces of the specimen caused considerable 
A series of fiducial marks (Knoop diamond 
that 


barreling 


impressions) in the contact surfaces showed 
the lateral strain in these faces was relatively small 
even though the specimen had been compressed by 
Since the diffusion was being measured 


that the 


20 per cent. 
became evident 


difficult to 


at the bearing surfaces, it 


appropriate strain rate was describe. 


This obstacle was overcome by using a lime glass as 


eliminated the barrel- 


a lubricant, which practically 


Ing 
The second problem resided in the thick electro- 


sit of radioactive iron. The original technique 


was the same as that used for determining the static 


self-diffusion coefficients’ and gave good results 


in unstressed specimens. It was found, however, 
that when the specimens were subjected to stress, 
thickness became an important variable, 
taken the 
With a thin plate, 10~° em, 


than 


4+] ] 
tne piate 


ven though it was into account in 


mathematical solution. 


diffusivity was several times lower with 


the 10-* cm plate, but this differential was observed 


the runs under creep stress. For the static 


miy in 


case, both plate thicknesses gave the same results. 


The discrepancy was traced to effects arising in 


the thick electrodeposit during follows: 


A thick laver of 


plated onto one end-face of several creep specimens, 


creep as 


non-radioactive iron was electro- 


and a thin layer of radioactive Fe was then plated 


Wright 


nautical Research Laboratory, 


Air Development Center, Aero- 


and the Engineering Founda- 


Supported by 


tion. 
* The 


and, hence, varying strain rate; 


load 
strain rate was 


conducted under constant 


the average 


earlier runs were 


reported. 
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TABLE 1. Effect of thick electrodeposit on 
self-diffusion of *°Fe during creep 


(10-1! em?/sec) 


Strain rate 
(L0-® see!) 


Temp. 
(°C) Thin radio- 
active layer 

on thick 
electre deposit 


Thin radio- 
active layer 
on base metal 


0.67 
3.6 
1.8 
5.6 
17.0 
0.79 


0.34 


onto both faces of each specimen. These were then 
subjected to diffusion-creep runs at constant strain 
rate.t It 
identical 


was thus possible to compare, under 


conditions, the diffusivity during creep 
in the thick (inert) electrodeposit and in the coarse- 
grained base-iron, in both instances with a thin-plate 
source of radioactive iron. 

The Table 1. It is 


evident that the faces having only the thin plate 


results are summarized in 
exhibited consistently lower diffusivities than those 
having the thin plate over a thick inert electrodeposit. 
This trend was found in all cases, and it is concluded 
that under conditions of creep, self-diffusion in the 
electrodeposited material is significantly higher than 
in the bulk iron. It is likely that extraneous changes 
occur in electrodeposits during creep, which lead to 
enhanced atom transfer. Accordingly, the deposited 
laver of radioactive iron should be as thin as possible. 

The overall result of these changes in technique 
has been a reduction in the D,/D,, values by a factor 
of almost ten compared to the previously published 
data.”’) New runs are in progress, employing thin 


plates, glass lubrication, and constant strain rates. 
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TO 


Sur la précipitation de magnetite aux limites 
des joints de la sous-structure d’un protoxyde 
de fer riche en oxygéne* 

De nombreux travaux résumés dans des mises au 
point récentes,"?) ont démontré qu’au cours de la 
décomposition d’une solution solide sursaturée il y a 
en général précipitation préférentielle aux sous-joints 
de grains qui peuvent étre ainsi facilement mis en 
évidence, C’est ainsi que dans le cas particulier de la 
solution solide ‘phase protoxyde de fer” riche en fer, 
Chaudron et Collongues™ ont noté la formation d’un 
liseré de fer aux limites des joints de la sous-structure 
au cours d’un recuit a 450°C ot le protoxyde instable 
se déconipose. 

Compte tenu de la forme du domaine de stabilité 
de la phase FeO on pouvait done espérer mettre en 
évidence les joints d’une sous-stiucture du protoxyde 
de fer riche en oxygéne par la précipitation pro- 
eutectoide de magnétite au cours d’une trempe iso- 
therme ou d’un simple refroidissement a l'air. Cepen- 
dant si dans ces conditions le protoxyde se décompose 
effectivement la répartition des particules de magné- 
tite est en général désordonnée.‘?? 

Nous avons pensé que ce caractére de la précipita- 
était 
oxygene et partant d’une instabilité trop élevée du 


tion la conséquence d’une concentration en 


protexyde et avons cherché a obtenir la composition 
fer de 


pureté dans la vapeur d’eau a LOOO'C, température 


propice en oxydant une plaquette de haute 


pour laquelle la pellicule superficielle est constituée 
par la seule phase de protoxyde.'® La durée d’oxy- 
dation choisie a été de quelques minutes supérieure 
a celle nécessaire pour oxyder la totalité du fer. 
(L’échantillon, apres essai fut trempé en atmosphére 
de vapeur d’eau dans la partie froide du tube labora- 
toire.) Dans ces conditions, par suite de minimes 
variations locales de |’épaisseur de la plaquette de fer 
et de la vitesse d’oxydation en ses divers points, on a 
pu obtenir une pellicule de protoxyde de concen- 
tration en oxygene légérement variable tant dans le 
sens longitudinal que tranversal de la pellicule et 
obtenir localement la concentration optima cherchée. 
La morphologie du précipité de magnétite obtenu en 
les différents points de l’échantillon a été étudiée sur 
une coupe de celui-ci soigneusement polie et attaquée 
par une technique déja décrite en détails.“ 

Sur la micrographie de la Fig. 1(a) on observe que la 
précipitation de magnétite dessine bien un réseau 
ayant pour dimension de maille 50 4 100 yw, alors que 
les grains ont en moyenne une dimension triple. La 
distance des particules de magnétite est de l’ordre du 
micron. Ces alignements de précipité ont les carac- 
teres de limites de sous-grains; en particulier il n'y a 
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pas de changement perceptible de direction 


limite de grains au point ot celle-ci rencontre un 
l(b). 


La morphologie du précipité visible sur la micro- 


alionement Fig 


graphie de la Fig. l(c) est tout a fait differente puisque 


les particules de précipité sont réparties au hasard 


dans la matiice de FeO. et qu’elles sont beaucoup 


plus volumineuses Cette morphologie doit étre 


associée a une concentration en oxygene plus elevee 
et plus uniforme de la phase FeO a la température de 


essai que dans les exemples précédents comme Ie 


démontre la présence d’une couche  superficielle 


de magnétite ayant cri aux dépens de la couche d: 


FeO et le fait que la morphologie du précipité est 


identique sur toute l’étendue de la micrographie 


(comparer avec la Fig. | b) ou | homogénéisation du 


protoxyde n’avait pas eu le temps de se parache ver 


au cours de l’oxydation). 
Remarquons incidemment que dela comparaison des 


micrographies des Figs. | 1) et I(b) dans les qaeuxX Cas 


les derniéres traces de fer avaient déja disparu pat 


oxydation) on déduit immédiatement qu’au cours 


de loxydation du protoxyde dans la vapew 


d’eau a 1LO00°C les germes de la ph use FF 0, nappa 
raissent qu’aprés une période d’incubation pouvant 


atteindre plusieurs minutes, fait qui explique la 


forme déchiquetée de |’interfaceFe.t 


Un cas analogue de précipitation de magnétit 


en réseau a été observé fortuitement dans des échanti 


lons de protoxyde obtenus pal recult sous Vide cl 


durée suffisante & 900°C de pellicules d’oxydation 


superficielle du fer formées dans lintervalle 900 


LLOO et détachées préalablement cd 


Suppo! 
Ces pellicules sont constituées comme l'on sait pal 
couches continues et compactes de Fe,O,, de Fe,O, 
de FeO qui représentent respectivement 1,4 et 95 
») Au cours de leur recuit dar 


protoxyde 


de l’épaisseur totale 


le vide, la couche de Ss nomogencis 
crcit aux dépens des couches d’oxydes supérieu! 


\pres 


examen au microscope coupe de la p cule 


finalement  disparaissent refroidisseme 
montre en vénéral parfaiten ent homoge ne 

que dans certaines zones oti la peluicule 
anormaiemeé! 


comportait une proportion 


d’oxydes supérieurs que l'on peut observe 
pité fin de magnétite parfois en 1 

Notons pour termine! que 
presente mmunication permettent che ionnel 
interprétation plus précise de quelques particu 


des p 


morphologiques de la couche mixte 


d’oxydation superficielle du fer refroidies dans | 


En particulier elle permet d’expliquer pourquoi cett 
zone 


couche comprend en général une a précipitation 
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Fic. l(c) 


Fic. 1. Pellicule résultant d’oxydation, pendant 15 mn a 
1000°C dans la vapeur d’eau, d’une plaquette de fer Puron de 
0,23 mm d’épaisseur et refroidie rapidemment & l’abri de lair. 
l(a) x 275; I1(b) x600; I(e) x 300. 


Fic. l(a) 


be 


Fic. 2. Coupe d’une pellicule d’oxydation superficielle du 
fer (950°C; 3 mn 45s) détachée de son support, recuite sous 
vide, (10-* mm Hg) pendant lh et trempée sous vide. (L’atta- 
que fut réalisée pendant 40s a l'aide d’une solution aqueuse a 
40% d’acide chlorhydrique chauffée & 60°C) x 1250. 
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désordonnée et une zone ou les particules de magnétite Bibliographie 


sont groupées en alignements. D’aprés notre inter- . R.W. Cann Impurities and Imperfections — 
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ERRATA 


B. H. ALEXANDER and R. W. Batiurri: The mechanism of sintering of copper 
Acta Met. 5. 666 (1957). 


The quantity ““S” should be replaced by “6” in equation (1) and in all the following 


v OV 
relations in which it appears. The quantity “ should be replaced by * y in the 


following places: sixth line after equation (1); eighth line after equation (1); equation 
(2); and fifteenth line after equation (2). The quantity “ in the first line after 


equation (2) should be replaced by “ 


M. De Jone and G. W. RatrHenav: Influence on interstitials on the grain size of 
z-iron obtained by y —« transformation Acta Met. 5, 679 (1957). 


The figures should be turned 180° in the plane of the figure. In the caption to Fig. 1 
under (c) read: Fe + 0.03 wt ° C, and in reference 9, read G. Baas. 


P. Bean, J. D. Livinestone and D. 8. RopBELL: Determination of precipitate 

particle shape by ferromagnetic resonance Acta Met. 5, 682 (1957). 

The following paragraph should have appeared at the end of the above letter: 

The effects of magnetocrystalline anisotropy have been neglected in the above 
discussion. Subsequent work on single crystals of this alloy has shown this to be not 


entirely justified. Inclusion of these considerations will modify the interpretation of 


the results shown above. but we believe the conclusions reached will be essentially 


unchanged. 
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GRAIN-BOUNDARY SEGREGATION OF PHOSPHORUS IN AN IRON-PHOSPHORUS 
ALLOY AND THE EFFECT UPON MECHANICAL PROPERTIES* 


M. C. 


INMANT 


and 


H. R. TIPLERt 


A simple radioactive tracer technique provides clear evidence of the segregation of phosphorus at the 


grain boundaries of an alloy of iron and 0.09+ per cent phosphorus. 
The results show that the concentration of phosphorus in the grain-boundary region can be fifty times 


as great as the grain interior concentration. 
may be thicker than has hitherto been supposed. 


It is also shown that the disordered grain-boundary layer 


The results also indicate that the degree of intergranular failure in this alloy is related to the amount 


of phosphorus contained within a grain-boundary layer about 1000 A thick. 


SEGREGATION DU PHOSPHORE DANS LES JOINTS DES GRAINS D’UN ALLIAGE 
FER-PHOSPHORE ET INFLUENCE SUR LES PROPRIETES MECANIQUES 


Une technique simple de traceur radioactif montre clairement la ségrégation du phosphore dans les 


joints des grains d’un alliage de fer avec 0,09 pour cent de phosphore. 
Les résultats montrent que la concentration du phosphore dans la région des joints des grains peut 


étre de l’ordre de 50 fois sa concentration a l’intérieur des grains. I] est également démontré que la couche 


désordonée des joints des grains peut étre plus grosse que ce qui a été jusqu ici supposé. 
Les résultats indiquent par ailleurs que l’ importance des fissures intergranulaires dans cet alliage est en 


relation avec la quantité de phosphore contenu dans une couche des joints des grains d’une épaisseur 


approximative de 1000 A 


KORNGRENZENAUSSCHEIDUNG VON PHOSPHOR IN EINER EISEN 


PHOSPHOR-LEGIERUNG 


UND IHR EINFLUSS AUF DIE MECHANISCHEN EIGENSCHAFTEN 


Eine einfache 
einer Legierung von Eisen mit 0,09% Phosphor. 


tadioisotopen-Methode beweist die Ausscheidung von Phosphor an den Korngrenzen 


Die Ergebnisse zeigen, dass die Konzentration von Phosphor im Korngrenzenbereich 50 mal grésser 


sein kann als im Korninneren. 
sein kann als bisher angenommen wurde. 


Die Resultate weisen darauf hin, dass das Auftreten zwischenkristalliner Briiche in dieser 


Es wird ferner gezeigt, dass die fehlgeordnete Korngrenzenschicht dicker 


Legierung 


zum Phosphorgehalt in einer etwa 1000 A dicken Korngrenzenschicht in Beziehung steht 


INTRODUCTION 
The of 


boundaries is to be expected on any model of the 


segregation impurity atoms at grain 


grain-boundary structure yet proposed. At the grain 
the than 


complement 


matrix atoms have less 


of 


therefore large and small impurity atoms will fit 


boundaries, 
normal nearest neighbours, and 
into these regions with less strain than in the grain 
interior. The degree of this type of segregation will 
depend upon the detailed structure of the grain 
boundary, and therefore quantitative measurements 
of such segregation should provide a means of dis- 
criminating between the various structures which 
have been proposed. 
Although the literature contains many examples 
investigations providing indirect evidence for 


of 


grain-boundary segregation, the quantity of direct 


* Received June 28, 1957. 

+ Metallurgy Division, 
Teddington. 

t Alloy compositions are weight per cent unless otherwise 


National Physical Laboratory, 


stated. 
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evidence is small. Dean and Davey") examined the 
at 


Polished specimens of about 5 mm 


copper content the grain boundaries of a zine 
copper alloy. 
grain size were prepared and the polished surfaces 
were coated with a transparent lacquer which was 


Material 


electrolysis, 


the grain boundaries. was 


the 


cut through at 


then removed from boundaries by 


and spectrographically analysed. The lacquer was 


also cut at points away from the boundaries, and 


material was similarly removed and analysed from 
these points. In every case, the copper content of 
the grain-boundary samples was less than that of 


The 


differences in copper content were surprisingly large; 


samples taken from the interior of the grains 


for example, in one test, the grain-boundary sample 
the 


contained 0.7 per cent copper, orain-interior 


sample 1.1 per cent copper, and an overall wet 


analysis of a massive sample showed 1.07 per cent 

A simple analysis of results such as these 
that the 
require the grain boundary to be 


copper. 
differences 
ot 


concentration 
of the 


shows observed 


order 


_ 
1952 
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10- em thick even if its content is zero. 


This fact, which was pointed out by Chalmers, 


copper 


is difficult to reconcile with the current view that 
the grain-boundary zone is not more than a few atom 
spacings thick. Clifton and Smith tried to detect 
grain-boundary segregation in a bronze containing 
1.4 at. per cent of tin, by means of a specially designed 
micro-shaping machine. These authors showed that 
the difference in composition between successive 
slices of alloy 0.02 mm wide, taken parallel to the 
grain boundaries, was less than 0.1 at. per cent of tin. 
Chalmers and Thomas’ used an autoradiographic 
technique to show the segregation of polonium at the 


tilt-type grain boundaries of bi-crystals of a lead 


bismuth alloy containing only one part in 10!° of 


The 


polonium increased with increasing orientation dif- 


polonium. grain-boundary 


ference between the neighbouring grains. It was also 
observed that the concentration of polonium at the 
boundary decreased linearly with increase of annealing 
temperature. These results have recently been the 
subject of some dispute, since Maroun ef al.©) claim 
that the segregation exists only at the surface of the 
bi-crystals and is due to a selective surface oxidation 


(6) main- 


of polonium, whereas Chalmers and Thomas 
tain that in their specimens segregation definitely 
occurred below the surface. Arkharov and Skornya- 
kov’ made use of a micro-radiographic technique 
to show the segregation of silver at the grain boun- 
daries of an alloy of aluminium and 1.5 per cent silver, 
but a quantitative measure of the degree of segre- 
gation was not obtained. 

In the Metallurgy Division of the National Physical 
Laboratory, a comprehensive study has been made 
of the mechanical properties of high-purity iron alloys. 
It has been shown that addition of small amounts of 
the nitrogen,"?) and _ phos- 


elements oxygen,'®) 


phorus"®) 


to a high-purity iron produces a severe 
been 
It has 


been proposed that the intergranular failure is due to 


intergranular weakness when the alloy has 


subjected to an appropriate heat-treatment. 


the segregation of the impurity elements at the grain 
boundaries, although no evidence to support this 


view could be obtained from studies of the micro- 
structure. The present investigation was undertaken 
to determine whether segregation of phosphorus at the 
grain boundaries of an iron—phosphorus alloy could 


occur, under certain conditions of heat-treatment. 
EXPERIMENTAL 
Alloy preparation 


The alloy was made in a small are furnace from 


high-purity iron and radioactive red phosphorus (?=P), 


concentration of 
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TABLE 1. Iron analysis 


Element 


Carbon 
Silicon -O14 
Sulphur ‘O10 
Aluminium -008 
Chromium 
Copper “O009 
Manganese “005 
Molybdenum -003 
Nickel -001 
Oxygen -OO17 
Nitrogen 
Hydrogen ‘002 
[ron remainder 


The radio- 
Atomic 


Energy Authority, and was 97.5 per cent pure. An 


which had an initial activity of 30 me/g. 
active phosphorus was supplied by the 
analysis of the iron is given in Table 1. 

A hole was drilled in a cylindrical piece of the iron 
and filled with the quantity of radioactive phos- 
phorus necessary to give an alloy containing about 
0.1 per cent phosphorus. The hole was sealed with a 
tightly fitting iron plug and the sample (weight 
about 200 g) was melted in an are furnace with an 
argon 
a current of 350 A at 16 V. In an attempt to obtain 
distribution of 


atmosphere (pressure 16cm mercury), using 


a uniform phosphorus, repeated 
melting was carried out, the button being inverted 
before each remelt. Half-way through the melting 
operation, the button was removed from the furnace, 
hammer-forged at 1000°C, and cut into small pieces 


The 


final button was sectioned along a diameter, and one 


which were then remelted in the are furnace. 
half was again divided. Autoradiographs of these 
sections are shown in the photographs (Figs. 1 and 2), 
and it is clear that despite all precautions, the distri- 
bution of radioactive phosphorus was not completely 
uniform. The structure appearing in Figs. 1 and 2 
seems to be a consequence of the method of melting 
employed, for the bands of high and low phosphorus 


content were always parallel to the faces of the button. 


Fic. 1. Reproduction section 
through a diameter of arc-melted 


Dark areas 


of autoradiograph of plane 
button. 1.5. 


high phosphorus concentration. 


| 
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Fie. 2. 
through a diameter of one half of arc-melted button, at right 
angles to the plane of Fig. 1. 1.5. 

Dark areas—high phosphorus concentration. 


teproduction of autoradiograph of plane section 


These bands could be due to incomplete melting, 
although considerable care was taken to avoid this 
possibility. Measurements of the radioactivity of 
various portions of the final button indicated that 
the 


concentration 


minimum phosphorus 
the 
phosphorus content of the alloy was 0.09 per cent 


(Table 3). 


ratio of maximum to 


) 


was about 2:1, and average 


Heat-treatment and fracture characteristics 


Each half of the arc-melted button was cut along 
a series of planes parallel to that shown in the photo- 
graph (Fig. 2), to produce a number cf sections, each 
of the 


amount of material available, it was not possible to 


approximately 3mm thick. Because small 
make standard test-pieces from the alloy sections, 
so that some other method for determining the frac- 
ture properties of the sections after different heat- 
treatments had to be employed. It was found that 


the behaviour of the material when bent in an ordinary 


bench vice provided a simple but effective means of 


determining the fracture characteristics. According 


to the heat-treatment and temperature of testing, 
the sections either bent through 180° in a completely 


ductile manner, or broke in a brittle fashion with 


Bend showing material in the ductile 


condition. 18. 


test fully 


GRAIN-BOUNDARY 


SEGREGATION OF PHOSPHORUS 


4. 


Typical brittle intergranular fracture 


little or no deformation, the fracture being usually 
almost wholly intergranular in character. 

All the alloy sections were heated in vacuo for 23 hr 
at 1000°C and furnace-cooled. This treatment pro- 
duced a material which was fully ductile at room 
temperature, but failed in a brittle intergranular 
manner at 
brittle 
(Figs. 3 and 4). 
and promote homogeneity of the alloy, all sections 


for 3 hr at 


78°C, Typical examples of ductile and 


behaviour are shown in the photographs 


To increase the grain size (0.16 mm) 
were heated 1150°C and again furnace- 
cooled. The fracture properties were not altered, 
and the mean grain diameter was now 0.37 mm. A 
reasonably large grain size was required so that some 
sections could be examined for grain-boundary 
segregation by an autoradiographic technique. 
Earlier work®® on 


that a 


iron—phosphorus alloys had 


shown very short isothermal treatment at 


700°C followed by water-quenching 


Accord 


approximately 
produced a severe intergranular weakness. 
heated in vacuo at 
These 
a brittle intergranular manne1 
Full 
properties ol 


ingly, some sections were 


for 10 min and then water-quenched. alloy 
failed in 


temperature. 


sections now 
at room details of the heat 


treatments and fracture the 


Various 


alloys sections are given in Table 2 


Analysis of the grain-boundary laye rs 


the 


grain-boundary zones in the alloy after different heat- 


To investigate phosphorus content of th 


treatments, small quantities of material were dis- 


solved from the intergranular fracture surfaces (pro- 


duced by breaking the alloy sections at —78°C) by 
volume of an 


Acid 


surfaces 


dipping these surfaces into a fixed 


acid solution of standard composition attack 


upon areas other than the fracture was 


avoided by coating these areas with a thick layer of a 
The 


sisted of 0.5 ml of concentrated hydrochloric 


quick drying varnish. standard solution con- 


acid 


and 2.5 ml of distilled water, in which was dissolved 


= 
hic. 3. 
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TABLE 2. Heat-treatments and fracture characteristics 


Section no. Heat-treatment Fracture properties 


Completely ductile at room temperature. 

Brittle fracture at 78°C, with little or 

at 1000°C, furnace-cooled no deformation. Fractures more than 
*at 1150°C, furnace-cooled 95 per cent intergranular in character 


Brittle fracture with little or no deformation 

23 hr at 1000°C, furnace-cooled at room temperature and — 78°C. Fractures 

3 hr at 1150°C, furnace-cooled more than 95 per cent intergranular in 
10 min at 700°C, water-quenched character 


* Examined by autoradiographic method. 


TABLE 3. Comparison of grain boundary and grain interior compositions 


Number of phosphorus Grain-boundary ae : 
Grain interior 


at. ° phosphorus) 
I I 


. Number of iron atoms 

Section no. atoms layer 

(at. phosphorus) 


4P5 Al 
4P5 A2 


4P8 Al 
4P8 A2 


4P8 Bl 
4P8 B2 


4P10 Al 
4P10 A2 


4P10 Bl 
4P10 B2 


4P4 . 
4P4 


4P7 
4P7 


3ulk analyses: (i) 0.17 
(ii) 0.17 


Note: the letters A and B in column 1 refer to the two “‘mirror image” fracture surfaces produced by breaking a given alloy 


section and the terminal numbers | and 2 denote the first short immersion and the second long immersion (text, p. 77). 


76 
4P 1* 
4P 3* 
4P 5 23 hr 
4P 8 3 hi 
4P 10 
4P 12* 
4P 13-20 
4P 2* 
4P 4 
4P 6 
4P 7 
4P 9 
4P 11* 
po 0.19 83 0.23 5 
0.26 137 0.19 
| 0.32 89 0.36 
0.26 134 0.19 
0.26 SY 0.29 
0.22 120 0.18 
0.52 139 0.37 
0.39 235 0.17 
0.22 50 0.44 
1.11 588 0.19 
1.85 62 2.9 
12 0.86 44] 0.19 
pe 1.74 289 0.60 
12 1.13 430 0.26 
4P7 Bl 1.79 223 0.80 
4P7 B2 1.20 475 0.25 
4P9 Al 1.77 146 1.2 
4P9 A2 1.03 450 0.23 
4P9 Bl 1.37 95 1.4 
4P9 B2 1.13 605 0.19 
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|mg each of potassium chlorate and sodium di- 
hydrogen phosphate. The potassium chlorate was 
added to help oxidize the phosphorus to phosphate, 
and the sodium di-hydrogen phosphate acted as a 
carrier for the small quantities of radioactive phos- 
After the fracture 
surfaces had been dipped in acid solution, the solutions 


phorus involved (10~® to 10-8 g). 


were boiled to destroy the remaining potassium 
chlorate, since this substance would otherwise have 
interfered with the subsequent iron determinations. 
A check was made to discover whether or not radio- 
active phosphorus was evolved during boiling, but 
detected. 


solutions was measured with a liquid counter, and 


none could be The radioactivity of the 
the phosphorus contents determined by comparison 
of the measured activities with those of previously 


prepared standard solutions containing known quan- 


tities of radioactive phosphorus. The iron content of 


each solution was measured by means of a micro- 


calibrated 
the 


about 5 


colorimetric technique using a photo- 


meter, with thio-glycollic acid” as colouring 
A detection 


with 


reagent. limit of 


iron obtained this method. Calibration 


tests indicated that 


iron and phosphorus were approximately 10 per 


Was 


the errors of determination of 


cent and +-5 per cent respectively. 


Initially, the fracture surfaces were immersed for 


but this time was later reduced to a 


seconds so that thinner layers of alloy were 


about | min, 


few 
removed. Some of the surfaces were subjected to a 


series of successive immersions, and the resulting 


solutions were separately analysed for iron and 
phosphorus. In this way, the change in composition 
from the grain boundary inwards was determined. 
Each fracture surface was finally immersed for 
between 2 and 10min so that a large quantity of 
material was dissolved. Analysis of these solutions 
provided a measure of the grain interior composition 
adjacent to the fracture surface and it was thought 
that this procedure would minimize the effect of the 
inhomogeneity of the original button. In addition, 
an analysis of bulk material removed from different 
parts of the button was carried out, and the result 
was in good agreement with the grain interior com- 
positions obtained in the manner just described 
(Table 3). 

Tests were also made to find whether long-lived 
impurities (which may have been present in the 
also 


thus 


radioactive phosphorus) were segre- 
the 


errors in the phosphorus determinations. 


original 


gating at grain boundaries and causing 
However, 
no spurious activities could be detected by means of 


absorption and half-life tests. 


1A 


BOUNDARY 


10 6 ot 


SEGREGATION OF PHOSPHORUS 


RESULTS 
and 4 the 
different 


surfaces are shown. The analytical data are expressed 


In Tables 3 results of a number of 


immersion tests on intergranular fracture 
in terms of the numbers of atoms dissolved, and the 
figures obtained from two overall analyses of massive 
different parts of the 


also included 


samples taken from alloy 


button are comparison. It will be 
noted that the mean grain interior composition of all 
the alloy sections listed in Tables 3 and 4 (0.19 at. 
per cent) agrees well with the bulk analyses given 
in Table 3. 

From the data of Table 4, 


5f) showing the phosphorus 


histograms were con 
structed (Figs. 5a to 
distribution at each fracture surface. The change in 
composition at the grain-boundary region is very 


striking; in one case, the concentration of phos- 


phorus in the first layer of dissolved material is 
almost fifty times as great as that in the grain interior. 
It was found that the quantity of iron removed from 
a given fracture surface did not increase linearly with 
the time of immersion. This behaviour was in a large 
part due to other less controllable factors such as the 
fracture surface shape, the trapping of air bubbles 
upon immersion of the surface, and the formation of 
bubbles of hydrogen during the acid attack. Becaus« 
of these effects, 
thick layers of material from the whole fracture 


that the 


the acid does not remove uniformly 


surface, and it is believed variable phos 


phorus contents obtained upon the second and some 


subsequent immersions of a given fracture surface 


(as evidenced by the scatter in the histograms of 


Figs. 5a to 5f) are due to this cause. 


It is possible in principle to caleul ute the thi KHeSS 


of the layers of alloy dissolved during each immersio1 


the numbers of atoms 
calculation requires ne 
the 


must also be assumed that the treatment 


from 
The 


know ledge of 


treatment 
analysis. 


surtace area of tracturt 


in the removal of a uniform thickness of ma 


It is difficult to measure 


from the whole surface 
fracture surface area directly, and although estim 
can easily be made, these depend upon the choic 


ana racture surtact 


some particular grain shape 
orientation, which may or may not be a good approxi- 

the state of affairs. In 
cumstances, approximate values for the 
The 


were mounted in bakelite and sections wer 


mation to true these cil 


surtace area 


were obtained as follows fractured specimens 


polished 
normal to the surface of 


The length X YZ of the 


trace of the fracture surface in the plane PQRS was 


in longitudinal planes 


fracture, as shown in Fig. 6 


series ol 


measured with a travelling microscope for a 


— 
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TABLE 4. Distribution of phosphorus at the grain boundaries 


Number of phosphorus 
Number of iron atoms 


( 10-16) 


Immersion At. per cent phosphorus 


atoms 
sequenct 10 16) 


Section no. 


021 
O41 
.64 


1S 
1.8 
0.60 
0.33 
0.24 
0.20 


© and D in column 1 denote the “mirror image” fracture surfaces produced by breaking a 


given alloy section a second time (see footnote, Table 3). 


such planes, and an average value was obtained for In Table 5 are listed the fracture surface areas 
the ratio k of the trace length X YZ to the length of obtained for the alloy sections of Tables 3 and 4, 
the straight line XZ. The fracture surface area A together with the respective values of k. 

It is interesting to compare theoretical estimates 


was then expressed by: 
A i area of cross-section LM NO) (1) of k for two simple grain shapes, with the average 


78 
2 0.174 11.8 1.5 
3 2S 0.30 
} 0.038 10.7 0.36 
0.021 5.3 0.40 
6 0.035 7.5 0.47 
7 0.137 31 0.44 
0.029 6.4 0.45 
y 0.34 85 0.40 
LO 0.83 480 0.17 
$P6A l 1.22 16 
0.050 5.3 0.93 
3 0.037 7 0.53 
4 0.039 6.4 0.61 
5 0.039 19.8 0.20 
6 0.048 10.2 0.47 
7 0.048 9.6 0.50 
8 0.36 240 0.15 
l 0.84 24 3.4 
2 0.081 7.5 RR 
3 0.027 71.5 0.36 
0.021 8.0 0.26 
: 0.048 13.4 0.36 
6 0.033 20) 0.16 TO] 
0.73 505 0.14 
0.21 20.3 1.0 = 
? 0.056 21.9 0.26 
3 0 19.8 0.11 
4 0 0.28 
5 0 16 0.12 
6 22 0.19 
7 403 0.16 
l 0 — 6 
2 0. 
3 
O.4 
6 
$P5D 0.53 10.7 4.8 
2 0.176 13.4 1.3 
3 10.7 0.54 
0,066 13.9 0.47 
5 0.052 10.7 0.49 
6 0.164 8? 0.20 
7 0.65 503 0.13 
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Penetration x Penetration x 
30001000 3000, 2000 400C 


13 


} Section Na 4P6C |Section No.4P58 
Section No. 4P4B Section No.4P6A WQ.700T EC. 1150 °C 


w.Q. 700 °C 700°C 


Phosphorus content 
Phosphorus content 


Phosphorus content 


00 2000 100 200 
Total number of at. dissolved 


Penetration x 


_2000 4000 


Section No.4P5C [Section No.4P5D 
Cc F.C. 1150 %C 


content 


rus 


Phosphorus content 


Fics. 5a to 5f. Histograms showing distribution of phosphorus 
at the grain boundaries. 
F.C. Furnace-cooled. W.Q. Water-quenched. 
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Fic. 6. Sections employed to measure fracture sur 


values k shown in Table 5. If the alloy is assumed to 


be constructed from identical tetrakaidecahedral 


grains packed in a body-centred cubic array, a simple 


analysis* shows that & will be approximately 1.25. 


The only other regular polyhedral grain shape which 
permits of close packing and has a maximum ratio 
of surface area to volume is the simple cube. In this 


An excellent drawing, due to C. 8S. Barrett, of the fracture 


assumed in this calculation appears in an 
. Vetal Interfaces p. 90. American 
for Metals, Cleveland (1952). 


shape 


S. SMITH 


TABLE 5. Fracture surface 


{PUB 
$P5A 


$ 


$P104 


The letters . refer 


to mirror 
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case, k will have a maximum value of 1.73 if the steps 
in the fracture surface are not greater than one cube 
dimension. If these grain shapes are a reasonably 
good approximation to the average grain shape of 
the actual material, and the mean cross-sectional 
grain area is small compared with the fracture surface 
area, then k will be expected to lie between the limits 
1.25 and 1.73. This expectation is justified by the 
results shown in Table 5. An encouraging feature of 
these measurements is the good agreement between 
the values of k for “mirror image”’ pairs of fracture 
surfaces which should of course have identical surface 
areas. The chief difficulty in attempting more precise 
estimates of k lies in the great variety of possible 
fracture surtace shapes, and especially in the like- 
lihood of sudden surface steps with dimensions of the 
order of several grain diameters. 

The the 


thickness a2 of the dissolved layers of material was 


fracture surface area A being known, 


calculated from the equation: 


a= + NpVp)/A (2) 


where .V,, and \, are the numbers of iron and 


and V, 


phosphorus atoms in the layers, and V,, 
are the volumes of these atoms. The value 11.8 
em? was chosen for the atomic volume of iron and. 


in the absence of any published data, the atomic 


and grain-boundary layer thicknesses 


Thickness ¢ of pure 
phosphorus layer Fracture properties 


(A) 


30.4 


Brittle intergranula: 
racture at room 


temperature and 78 ( 


Fully ductile at rool 
temperature. Brittle 
intergranular fracture 
at 78°C 


» pairs of fracture surfaces. 


SU ACTA METALLURG 
\y \ “NY 
—_, 
Ll M LAs 
IN 
| 
| 
| 
+ 
surtace 
article 
no 
${P4A 1.48 
0.67 
1.50 0.62 26.0 
0.70 
1.44 | ZU. 4 
1.48 be 30.7 
0.55 
1.48 | 25.6 
1.39 0.6 
‘ 0.64 
1.38 3.8 
1.45 12.6 
0.67 
1.43 15.2 
1.49 
1.47 2.5 
1.43 5.9 
1.4] 2 4 


M. C. INMAN anp H. R. TIPLER: GRAIN 
volume of phosphorus in this alloy was taken to be 
equal to that of iron to a first approximation. The 
penetration distances 2 shown on the upper abscissae 
of Figs. 5a to 5f were computed from the data in 
Tables 4 and 5 by means of equation (2). 
Several alloy sections (footnote, Table 2) were 


examined for grain-boundary 
Although the sections 


were ground down to a thickness of 10-* cm to 


segregation by an 


autoradiographic technique. 


improve resolution, the autoradiographs gave no 


indication of excess phosphorus activity at the grain 


the 
10-2 em, the maxi- 


the range of 


f-emission in iron is about 9 


boundaries. Since phosphorus 
mum resolution to be expected from the autoradio- 
graphs would be of the order of the specimen thick- 
ness (10-2cm). Therefore the results of this work, 
although negative, do support the distributions shown 
in Figs. 5a to 5f where the segregation occurs within 
a grain-boundary layer less than 10~° em thick, which 
is well below the limit of resolution of the autoradio- 
graphic method. In addition, several fracture surfaces 
were examined using X-ray and electron diffraction 
techniques. The X-ray pictures showed no lines 
other than those expected for iron, and no useful 
results were obtained with the electron diffraction 
camera because of the extremely rough nature of the 
surfaces. 

Earlier work”® in this laboratory had shown that 
severe grain-boundary embrittlement could be induced 
in iron—phosphorus alloys by heating for short times 
in the 600-S800°C and water 


temperature range 


quenching. Some final experiments were therefore 


made to determine whether a maximum segregation of 


phosphorus at the grain boundaries also occurred in 
this temperature range. A number of alloy sections 
were given isothermal treatments at temperatures 
ranging from 400° to 1150°C for times varying between 
5 days at 400°C and 10 min at 1150°C. The isother- 
mal treatment times could not be made long enough 
to ensure that at all temperatures an equilibrium 
segregation was obtained* because of the decay of 
the phosphorus activity. All the alloy sections were 
78°C. 


water quenched and fractured at Each pair 


*Since the activation energy for diffusion of phosphorus in 
iron is not known, the isothermal treatment 
chosen such that, if in the diffusion equation D D, exp 
(—Q/RT), D, is unity and Q is 20,000 cal mole~! for phosphorus 
in iron (which would be reasonable for an interstitial 
impurity"!?,!%)) they would be many times larger than the 
computed estimate for diffusion of phosphorus from the 
middle of a grain to the boundary grain sizé 
In this case the figures shown in Table 6, column 3, 
an equilibrium segregation. 


periods were 


knowing the 
represent 
If, alternatively, phosphorus is 
a substitutional impurity in iron, its diffusion rate may be littl 
faster than that of iron,'!*) and the segregation data of Table 6 
will not then be the values at equilibrium. 


SOUNDARY 


SEGREGATION OF PHOSPHORUS 8] 


of fracture surfaces from a given alloy section was 


immersed in acid solution for about 10 sec. and the 


solutions were analysed for iron and 


At this stage of the work, 


phosphorus 
the phosphorus activities 
of the alloy sections were low owing to decay so that 
errors in the phosphorus determinations became large 
(approximately 20 per cent Because of these errors, 
it was not thought profitable to measure accurately 
the fracture surface areas of the sections in the manner 
described on Instead, 


page 77. the fracture surface 


areas were estimated approximately by assuming 


Table 5) 


thickness of 


(taken from and 


The 


(usually less than 500 A), dissolved from each surface 


an average value for k 


applying equation (1). material 


was then estimated by means of equation (2) and 
assuming an average grain interior concentration of 
0.17 at. per cent phosphorus, the analytical results 
were all normalized to a standard layer thickness of 


500 A. The 


together with 


results obtained are listed in Table 6 


details of heat-treatment and 


The 


boundary layer compositions given in Table 6 are the 


the 


fracture properties of the material. grain- 
averages of the individual analyses obtained from 


each pair of fracture surfaces. 


DISCUSSION 
Degree and type or seqreqation 


It is clear from Tables 3 and 4 that grain-boundar\ 
segregation was invariably present irrespective of the 
sections. The 


heat-treatment undergone by the alloy 


degree of segregation was generally greater in 
sections that had been reheated to 700°C 


had 


exan ple 


ind watel 


those which been 
1150°C, though one 
of 


ot grain-boundary 


quenched, than in 


from 
(Table 5, 


degree 


cooled 
section no. surprisin 
vation in a slow 


noted that although this 


cooled section. It may be 


section is classified as ductile at room t mperature 


since the test-piece that gave this result was actual 


broken at 78°C, there is no guarantee that it would 


had 


5a to 5f show 


not have been brittle if it been broken 20° 


In addition, Figs that the segregatio1 


grain-boundary certainly less 


than 1000 A units thick 


occurs within a lave! 
One main problem remaining 
state of segregation of the 
Three 


phosphorus 


is the exact phosphorus 
within this grain-boundary layer 


The 


layer of the pure element at 


possibilities 


may be considered here may 


segregate in the form of a 


the grain-boundary surface, ; an enriched solid 


solution of phosphorus in iron, or as separate phos- 


phorus-rich phases. If the phosphorus s¢ 


oregates as 
thickness ¢ of this 


data of 


a layer of the pure element, the 


layer can be easily computed from the 


82 ACTA METALLURGICA, 


In Table 5, 


are given the various values of ¢ for the 


Tables 3, 4, and 5, using equation (2). 
column 4, 
alloy sections listed in Tables 3 and 4. The figures 
obtained for ¢ are surprisingly large, especially in the 
case of alloy sections which show grain-boundary 
the total 
(obtained by 


room where 
thickness of the 


adding ¢ for both sides of the fracture) lies in the 


brittleness at temperature, 


phosphorus layer 


range 30 to 70 A 

It is worthwhile at this point to consider the 
magnitude of the various errors involved in the 
computation of ¢ in order to estimate the reliability 
of the results obtained. A major uncertainty is the 
value to be taken for the volume of a phosphorus 
atom An estimate of V,, 
phorus can be computed from the published densities 


for elementary phos- 


of the allotropes of phosphorus, and ), turns out to 
lie in the range 20 to 30 cubic A. For the purposes 


of calculation, V.. was taken to be 11-8 cubic A so 


p 
that one might reasonably expect the values of ¢ in 
Table 5 to be minimal] with respect to uncertainties 
in V,. Errors due to the removal of material from 
grain boundaries not in the plane of the fracture 
surface are negligible since less than 0.004 per cent 
of the total 


sections of such boundaries with this surface (using 


fracture surface area consists of inter- 
the mean grain diameter of 0.37 mm and assuming a 
grain boundary width of 70 A). The fracture surface 
areas A are not likely to be in error by more than 
20 per cent, in view of the close agreement between 
the Table 5. 


remaining source of error lies in the observation that 


measured values of & in The major 
the acid solution does not attack the whole fracture 
surface in a uniform manner (p. 77). Corrections for 
this effect 


of A with a corresponding increase in the values of ¢ 


would lie in the direction of a reduction 


according to equation (2). On the whole, it seems 
likely that the figures given for ¢ in Table 5 may be 
relied upon to within a factor of about 2. 

Although the 


grain boundaries is not known, the view most widely 


detailed structure of high-angle 
held at present is the “transition lattice’ theory due 
to Hargreaves and Hills,“ in which the disordered 
grain-boundary region is supposed to be about two 
atom spacings thick. However, the results described 
above are difficult to reconcile with this picture for 
the 
equivalent to a layer of pure phosphorus at the grain 


the segregation observed is, in extreme case, 


If, alternatively, the grain- 


boundary 70 A thick. 


boundary layers are supposed to consist of an enriched 
solid solution of phosphorus in iron, then these 
enriched layers will be some hundreds of angstré6m 


units thick (Figs. 5a to 5f). Results such as these 
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indicate that the disordered grain boundary structure 
extends over distances of the same order of magnitude, 
in contrast with the very narrow region of disorder 
proposed in the “‘transition lattice” theory. 

Enriched grain-boundary layers similar to those 
observed in the present work have been detected in 
iron-carbon alloys, by Lagerberg and Josefsson.“® 
who measured internal friction 


These authors, 


maxima of iron-carbon alloys of different grain 
sizes and compositions, found that upon quenching 
saturated specimens from 710°C, the fine-grained 
material exhibited a 38 per cent lower internal friction 
value than the coarse-grained material. In addition, 
a markedly higher overall solubility of carbon in the 
fine-grained alloy as compared with the coarse-grained 
alloy was observed. Lagerberg and Josefsson con- 
cluded from these results that the thickness of the 
carbon-enriched grain-boundary layer was at least 
2.5 

It might be thought that the grain-boundary 
segregation in the iron—phosphorus alloy could be 
interpreted in terms of the nucleation of a separate 
phosphorus-rich alloy phase at the grain boundaries. 
This explanation seems unlikely, however, for the 
First, the limit of 
over the range 


the literature as 1-2 per 
present 


following reasons. solubility 


phosphorus in iron temperature 
600°-1150°C is given in 
cent,” the 
contained an average of only 0.09 per cent phosphorus. 
Table 6 Table 5 


shows that the amount of segregated phosphorus 


whereas in work the alloy 


Second, a comparison of and 
was not sensibly greater after 90 min at 700°C than 
it was after 10 min at this temperature. One would 
have expected the longer heat-treatment to accelerate 
a precipitation process. It is likely that the segre- 
gation observed in this alloy is a true grain-boundary 
segregation, occurring as a consequence of the dif- 
ference in size between the atoms of the solute and 
those of the 
precipitation. 


solvent, and not a second-phase 

As stated earlier, an attempt was made to measure 
the temperature variation of the segregation, the 
results being shown in Table 6. In the absence of 
any reliable figures for the rate of diffusion of phos- 
phorus in this alloy, it is impossible to be sure whether 
or not the data of Table 6 represent an equilibrium 
segregation, for the heat-treatment times were such 
that equilibrium would only be attained if the acti- 
vation energy for diffusion of phosphorus was not 
more than about 20,000 cal mole! (footnote, p. 81). 
It has that the 
degree of segregation after heating for 90 min at 
700°C was little different from that due to a 


been mentioned earlier, however, 


LO min 
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GRAIN-BOUNDARY 


SEGREGATION OF PHOSPHORUS 


TABLE 6. Grain-boundary segregation at different temperatures 


Section Temperature 


no. (°C) 


400 W.Q. 
500 W.Q. 
600 W.Q. 
700 W.Q. 
800 W.Q. 
900 W.Q. 
1000 W.Q. 
1150 W.Q. 


W.Q. 
IG Intergranular. 
* See footnote, p. Sa. 


Water-quenched. 


+ Times less than 10 min were not used, to avoid errors due to the 


Time at 


temperature * 


5 days 4.3 
18 hr 

4 hr 

90 min 

40 min 

20 min 

10 mint 

10 mint 


Grain-boundary 

‘ [ype of fracture 

a r 


(at. °% phosphorus) 


90°, 1G 
90° IG 
100% 1G 
100% 1G 
90° IG 
90% 
70% 1G 


70% 


time taken by 


the specimens to reach the furnace temperature. 
+ Normalized to a standard layer thickness of 500 A (see text page 81 


treatment at this This observation 


leads one to believe that Table 6 gives the equilibrium 


temperature. 


segregations for temperatures greater than 700°C. 
Before discussing the data of Table 6, an approxi- 
mate expression describing the temperature depen- 
dence of grain-boundary segregation is derived as 
Assume that NV 


follows. lattice sites and n grain- 


boundary sites are available to the solute atoms. If 


a solute atoms are distributed over the JN lattice 


sites, and } solute atoms over the n grain-boundary 


sites, the entropy of mixing of the a + 6 atoms will be: 


n! 


k In 
b)! 


S=klin 
a\(. 
Taking the distortion energy due to a solute atom 
in the lattice as #, and that in the grain boundary as 

e, then the free energy increment is: 
N! n! | 
kT \\n - In 

al(N a)! (n by!) 
Using Stirling’s approximation, and the equilibrium 


condition F/da OAF/db = 0, 


we have: 


: E — e)[kT 
b N a *P 


Putting a/N = C C,, and — 


(NV, being Avogradro’s number), we obtain: 


and b/n 


a 


C_exp Q/RT 
C, + C, exp Q/RT 


a 


which for C, << 1 becomes: 


exp Q/RT 
+ C, exp Q/RT 


the grain-interior and grain- 


and C, 


boundary concentrations of the solute. It should be 


where are 


> 


noted that equation (3) is an approximation only, 
since vibrational entropy factors have been ignored, 
and, in addition, a single average value e is taken 
for the grain-boundary distortion energy, whereas in 
fact the 


irregular boundary structure 


there will be a range of e values due to 

Equation (3) can be applied to the results in Table 6 
if an assumption is made concerning the thickness 
of the phosphorus-rich layer. If the layer is about 
30 A thick, which in the «-phase corresponds to a 
layer of nearly pure phosphorus, then taking ( 0.17 
at. per cent phosphorus, () is of the order of 20,000 
cal mole~! for the «-phase and 14,000 cal mole! for 
the y-phase. If on the other hand the layer is 1000 A 
thick, which is as high as can reasonably be deduced 


from the histograms (Figs. 5a to 5f), Q is of the order 
of 6500 cal mole! for the x-phase and 3900 cal n 
for the y-phase. 

The 
dissolved in 
7400 cal 


2700 cal mole! for the y-phase 


elastic distortion energy # for phosphorus 


iron according to due to 


for 


an equation 
the 
Assuming that the 


Pines* is mole and 
distortion energy e due to a solute atom in the grain 


boundary is small, thus making Y ~ £, these figures 


matrix, 
solute atom, 


where G is the shear modulus of the 
the matrix atom, r, the radius of the 
the compressibility of the solute In the 


101! dynes cm~?, 7 1.41 A,7 
and 0.4 10 


radii of spheres equal to the atom 


and kK 
prese nt case G 
1.54 A, 7 L.78A 
em? dyne Tus and r, are the 
volumes The 
volume of phosphorus was deduced from published crystallo 
graphic data on the allotropes 


4P 13 
4P 14 
4P 15 
4P 16 
4P 17 
4P 18 
4P 19 
4P 20 
N! | 
(1 + —@K,} 
C, lius of 
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would be consistent with a thickness of the phos- 


phorus-rich layer of between 600 and 1600 A. 


In these arguments it has been assumed that the 


phosphorus is substitutionally dissolved, for if it 


takes up interstitial positions, the distortion energy of 


the x-solid solution according to the Pines’ formula 


would be about 26.000 cal mole-! which seems to be 


too high and not in accordance with equation (3). 


Segregation and mechanical prope rties 


At first sight, there appears to be a significant 
correlation between the mode of fracture of the alloy 
sections and the degree of segregation at the grain 
boundaries. Table 5 shows that alloy sections which 
gave a brittle intergranular fracture both at —78°C 
and room temperature contain four to five times more 
sections which 


the 


case an additional heat-treatment of 10 min at 700°( 


grain-boundary phosphorus than 


were brittle only at 78°C. Since in former 


followed by a water-quench was given (Table 2), 
assumed that during this heat-treatment 
diffused to the 


boundaries to 


it must be 


additional phosphorus has orain 


boundaries, thereby weakening these 
tem- 


loses its room 


the 


such an extent that the alloy 


perature ductility. In other words, tough-to- 


brittle transition temperature is raised from some 
point between 78°C and room temperature to a 
value greater than room temperature. 

difficulty from the _ results 


However. a arises 


presented in Table 6. Although a number of experi- 
ments™® have shown that the intergranular strengths 
of iron-phosphorus alloys are greater when they have 
been quenched from 400°C than when they have been 
Table 6 
sponding change of the phosphorus content of the 
this 


quenched from 700°C, shows no corre- 


grain-boundary layer. An _ explanation of 
observation cannot yet be offered, and more detailed 
experiments are required. It is also not yet clear why 


slow cooling from 1150°C did not give as much grain- 
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boundary segregation as was obtained by heating for a 
comparatively short time at 700°C, since during the 
slow cooling from 1150°C ample time appears to 
have been spent at around 700°C for the necessary 


diffusion to have taken place. 
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POLYSLIP IN POLYCRYSTALS 
KOCKS* 


The idea that polyslip, 1.e. simultaneous glide of dislocations in many slip s\ 
responsible for the plastic deformation of cubic poly rystals at low enough tem 

in the light of new evidence. Taylor's formula for the calculation of the polycrystalline 
curve from the shear-hardening curve of a free single crystal is derived in a a al way, pal 
Bishop and hill, but withemphasis on the physical implications of the assumptions involved. Ho 
deformation need not be assumed, and none of the necessary hy potheses seems phy ’ 

A new experimental check on the Taylor formula is presented for high-purity 
sin 


to compare the polycrystalline behavior with that of symmetrically oriented 


polyslip, in particular with the (111) and (100) tensile curves, yields a good agreemen 


The different stages of deformation of an f.c.c. single crystal, exc 


and experiment. 
be retraced in the polycrystal thus permitting the ideas about the mechanisn 


of single 


in the various stages to be applied to the polycrystal 


GLISSEMENT MULTIPLE DANS LES POLYCR 
L’auteur discute, & laide de nouvelles données, l'idée que le glissement 


ment simultané des dislocations dans plusieurs systémes de glissement de cl 


des déformations plastiques de polycristaux cubiques & des températures suffisa 


obtient d’une maniére générale la formule de Taylor pour le calcul de la courbe tensior 
polycristaux en partant de la courbe de durcissement par cisaillement d'un monocrist 
partiellement Bishop et Hill mais en mettant l’accent sur le sens physique des suppos 


nest pas nécessaire d’'admettre une déformation homogeéne et les hy 


ne semble étre physiquement injustifiée. L’auteur présente une nouvell 
formule de Taylor sur aluminium de haute pureteé. 
polycristallin avec celui cle monocristaux orientes syvme trique ment qui presenten 
et (100), donne un bon 


al 


Une proposition en vue de 


et, en particulier avec des courbes de traction (111 
lexpérience. Les différents états de déformation d’un monocrist 


glide), peuvent étre retrouvés dans le polycristal. Ce fait 


sur les mécanismes de la plasticité des monocristaux 


VIELFACHGLEITUNG IN VIELKR 


eitige 


Die Vorstellung, dass Vielfachgleitung, d. h. gleichz 
plastische Verforn 


n 


Gleitsystemen eines jeden Korns, fiir dis 
hte der neuers 


tiefen Temperaturen verantwortlich ist, wird im Li 


fiir die Berechnung des vielkristallinen Spannungs-Dehnung 
eines freien Einkristalles wird in einer allgemeinen Weise abg 
und Hill folgt, aber das Gewicht auf die physikalische Bedeut 
Verformung muss nicht vorausgesetzt werden, und keine de 
unvernunitig. 
Eine neue experimentelle Priifung der Taylor-! 

Vorschlag, das vielkristalline Verhalten mit dem vo 
Vielfachgleitung zeigen (insbesondere den (111) und (100) Zug 


Ubereinstimmung von Theorie und Experiment. Dir 
viederfinden 


hj 
verschiu 


ausser dem “‘easy-glide’’, kann man im Vielkristall 


Vorstellungen, die man iiber die Verformungsmechanismen 


tallverformung gewonnen hat, auf den Vielkristall zu iibertr: 


the woune 


INTRODUCTION number of crystals and « 


that 


The physical interpretation of the plastic behavior them. It has g¢ been kn 
the fact low temperatures, and for most met: 


of “a normal piece of metal” starts from 


that a “normal piece of metal’ consists of a large temperature, no substantial deformation 


— --- within the grain boundaries. Also 


iT 


Received December 12, 1956; in revised form April 29, been established for aluminum 


1957. | 

This paper is based upon a thesis accepted in partial boundary does not have a strength of its ow: 
fulfillment of the requirements for the degree of Diplo } all of the plastic behavior of a poly rvsta 
Physiker by the University of Géttingen, Germany, in 
December, 1954. It was reported on the 3 Discussion Meeting normal piece of metal Is now catied 

on | lastic ity, Stuttgart, October, 1954. explained in terms of the plastic behavior 

+ Now at Gordon McKay Laboratory, Harvard University, 

Cambridge, Massachusetts. crystal subject to the boundary conditions 
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a polycrystal In a pure shear 


ted planes and directions only, the volume 


dashed line would open up 


and displacements that the surrounding crystals 


impose 
A first approach to this behavior was taken to be 


+ 


the behavior of a free single crystal, the hope being 


that the basic mechanism of plastic deformation is 
the same in spite of the different boundary conditicns 
This hope has only been verified in very narrow 
limits. 

The deformation of a free single crystal is essentially 
‘ar in one crystallographically prescribed 


This 


conditions 


pure 


svstem of glide plane and glide direction. 


cannot satisfy the continuity 


process 
grain boundary in a polycrystal, as is 


in example in Fig. .. The coherence 


it the boundary of two crystals requires the con- 
that 


the two 


tinuity of three strain components across 


boundary If the 


crystals consists of shears in crystallographic glide 


deformation in each of 


systems, this continuity condition alone requires 


the operation of either three independent systems 


in one crystal and one in the other or of two systems 


in each of them.™ In a erystal surrounded by other 


crystals the situation is even much more complicated. 


The extreme assumption would be that the entire 


strain tensor is imposed crystal by the 


upon a 


surroundings, such as an aluminum inclusion in a 


have to conform with the 


hole it 


el specime n would 


deformation of the occupies A general 


imposed strain tensor would have six components 


restricted only by the one condition of a constant 


volume during plastic deformation. In order to 
conform with the entire deformation imposed each 
crystal would thus have to operate five independent 
glide systems. 

The actual case may not be as extreme, since the 
crystal in question also contributes to the mutual 
interaction of the grains. The number of actually 
operating glide systems would probably vary from 


crystal to crystal but the average at any spot is 
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certainly expected to be closer to five than to one.* 
Without 
operate, if there are “many” 


specifying how many systems actually 
i.e. enough to satisfy 
these compatibility conditions—we shall call the 
process “polyslip”’. 

Taylor’® was the first to formulate the hypothesis 
that polyslip is the basic mechanism of the cold 
deformation of polycrystals. It is the only single 
mechanism having a chance to account for the fully 
plastic state of a polycrystal if this state has any 
connection whatever to the behavior of a free single 
crystal, namely deformation by slip. In crystals of 


(Zn) 


independent glide systems of the type observed in 


c.p.h lattice structure there are only two 


single crystals at room temperature. Thus, slip on 


these systems alone cannot possibly make up the 


deformation in a polyerystal; and it is known that 


polycrystals of hexagonal materials harden very 


much more than the corresponding single crystals 


In cubic metals. however. the strain-hardening 


curves for both poly- and single-crystals lie in the 
same order of magnitude, and this coincides with the 
fact that cubic metals have many 12) equl- 
valent glide systems available of the same type as is 
observed in the single crystals. In fact, some of those 


various glide systems be simultaneously 


activated in free single crystals, such as, e@.g., six 
systems in a tensile test on a specimen having a (111 
axis aligned with the tensile axis. The question then 
is whether or not the mechanism of the plastic 
deformation of a polycrystal is identical with o1 
similar to that of a free single crystal stressed such 
as to activate “many” glide systems, viz. polyslip 
We shall discuss some evidence for this thesis in the 
following section. 

relevant 


Assuming polyslip to be the 


process, 
Taylor’® gave a quantitative theory for the calcula- 
tion of the strain-hardening curve of a polycrystal 
in a tensile test from the shear-hardening curve of a 
Apart from the 
“the 


hardening curve of a single crystal’, use is made of 


single crystal, for an f.c.c. metal. 


inherent assumption that there exists shear- 


several other hypotheses, most well-known of all 


the assumption of homogeneous deformation in the 


whole polycrystal. This is suggested as a first 


* This does not hold for the elasto-plastic transition region, 
The 
deformation of a polycrystal before poly slip sets in has been 
3atdorf and Budiansky.'* Also the general 
many slip systems is not expected in poly 
having extremely large grains and 
few cry stals on the cross-section (e.g. 3oas and Har- 
Any aggregates that do not fulfill quasi-homo 


since naturally a single system is expected to start off. 


studied by 
operation of 
crystalline aggregates 
very 
greaves'”’). 
geneity and quasi-isotropy conditions will be excluded from 
the term “‘polycrystal”’ in this paper 
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approximation by the microstructure of a heavily 
rolled On the other 


strong advanced 


hand, 
evidence the 
But Bishop and Hill'’:®) have pointed 
out, for the first time, that the assumption of a 


sheet or drawn wire. 


has been against 


hypothesis. 


homogeneous deformation is not at all necessary for 
the derivation of Taylor’s results and can be sub- 
stituted by much more general postulates. 

Bishop and Hill have introduced these necessary 
In the 


following, we shall derive Taylor’s formula introducing 


general postulates in a mathematical form. 


detailed physical assumptions some of which are 


believed to be equivalent to those of Bishop and Hill, 


and can be discussed as to their importance and 


investigated experimentally. 

Finally, an improved experimental check on 
Taylor’s formula is given by comparing data in the 
literature and by some experiments on high-purity 


aluminum. 


SURFACE OBSERVATIONS 

One of the 
deformation of single and polycrystals is provided 
of the of the 
crystals 


estimate processes going on in the 
deformed 
ot 
slip-line arrangements, depending on their orientation 
The (l) a ol 


orientations of the stereographic 


by an observation surface 


crystals. Single show a wide variety 


two extreme are limited range 


Cases 


“in the center’ 
triangle, which show single slip, and (2) crystals on 
the corners and two of the boundaries of the triangle. 
which show slip on two or more planes with compar- 
able contributions and in various degrees of local 
a wide variety ot 


the 


interpenetration. In polycrystals, 
deformed 


that 


details may again be observed on 


surface. <A 


every 


common feature, however, is in 


grain two or more sets of slip lines appeal 


again in various degrees of interpenetration. * 


A microphotograph of a single crystal of corner 


orientation (100) is pictured in Fig. 2, one of a poly- 
that they are bound to show only 


But they 


should emphasized 


of a 


crystal in Fig. again be 


part wide 


variety of cases. are believed 
typical as possible. 

These two pictures are different in many details 
but they do bear similarity in the basic features, 
confronted, say, with the usual single slip picture of 
crystal of general orientation. 
that the 


a single 


Thus it will be concluded deformation 


in a polycrystal is probably much more 


process 
similar to that in a single crystal of corner orientation 


* See the footnote relating to reference 5. It must be borne 
in mind, too, that in all slip-line pictures each slip line may 


well represent two independent slip systems in one plane. 


than to that in an average single crystal 


it will be assumed later, for the purpose of a quantita 
tive theory, that the energies consumed in the deforma 
ot detorm | 


orientation 


tion a polycrystal and in the ition 


single crystal of cornet ure hoth su 


stantially made up of the energy necessary 


a 


polyslip.t This assumption is believed to be supported 


by the surtace obset vations secondary 


Drocesst 


Any 


that might occur in the polyerystal for minor adjust 


ments not necessary in the single crystal of corn 


like, the severe bending 


the 


orientation 


slip-lines at boundary on the 


Surtace 


luminum, defor 


The energy dissipation 


well pe also to the 


rtaim 


furnished by one systen 


minor contributions, since 
highly 
operating at al 
in the 
necessary for 


that, 


on whether or not 
Slip-syst 
microscope may have 
the 
the 


one set o 11] nes 1s 


ope ration 


Tact on surtace oO 
often 


the abov 


particular area 


far predominant, does not contradict 


IP IN POLYCRYSTALS 
| 
SSE 
Fic. 2. Surface of 100 | 
| 
— 
\ 
SSS 


ACTA METALLURGICA, 


believed not to alter the 
This 
not seem unlikely in view of Figs. 2 and 3 taking into 
that, e.g., 
each grain boundary makes up three percent of the 
Thus, 


consume 


Fig. 3) are then energy 


consumption substantially. hypothesis does 


account a region of 1 uw thickness around 
total volume if the grain diameter is 0.1 mm. 


any secondary processes would have to 

energy very different from that necessary for polyslip 

if any effect should be felt. 
CONTINUITY CONDITIONS 

We have seen in the beginning that the macroscopic 

the 


operation of “many” systems in most of the crystals. 


compatibility conditions can be satisfied by 


But another discontinuity, on a “‘microscopic”’ scale, 
would arise if each grain formed on its boundaries 
steps of the kind observed on free surfaces. Of 
course, slip can well occur within one grain without 
any step appe Wing at the surface or orain boundary. 
However, large dislocation pile-ups would be expected 
to build up at those places near the grain boundary 
where a step would have appeared in the case of a 
free surface.* These pile-ups would probably be 
strong and more in number than will appear in single 


would fall 


pr ICCSSECS 


crystals deformed by polvyslip; so they 


under the category ot “secondary 


demanding more 


The 


the operation of 


if slightly) energy. 


conditions of equilibrium will also require 


some secondary processes. Since 


there are only distinct stress states capable of operat- 
many glide systems simultaneously in any grain 
shear ete., see 


that 


111) tension, /100! 


it seems very unlikely continuity 
of only three components of the stress could be 
The 
problem doesnot seem serious however, for two reasons. 


First, 


yperate either 6 or 


strictly maintained a grain boundary. 


across 


there are 28 such stress states that can possibly 


8S systems simultaneously in any 


ictual case, and this number is increased a great 


deal further at places where fewer systems operate. 


Secondly, any necessary adjustment of stresses in 
small regions can always easily be made by elastic 
distortions, the strains being negligible with respect 
to the plastic ones for all reasonable stress adjustments. 
These 


other sec mdary 


small superimposed elastic distortions and 


any processes which might help 


the adjustment are, then, supposed not to contribute 
substantially to the energy of deformation. 
the these 


An indication for correctness of all 


* Nabarro.'®) These 
likely 
in particular in their influence on the actual choice of active 


dislocation pile-ups would be a very 


physical means of the “interaction between grains’ 


glide systems. '* 
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assumptions is provided by a comparison of the 


strain-hardening behavior of single and bicrystals":?? 
which show no difference if the macroscopic continuity 
conditions are satisfied at the boundary by the opera- 
tion of those slips that would operate even in the 
single crystal. 


TAYLOR’S FORMULA 


Consider a volume element in the  polycrystal 
that is small enough to be assigned one value of each 
stress and strain component and, on the other hand, 
resolve the “microscopic 
This 


by Bishop 


large enough not to 


inhomogeneities inherent in slip itself. type 


of volume element is called a “‘unit cube” 


Hill. 


slip plane distance and 100 uw for the grain diameter, 


and For the typical values of 1 uw for the 
the edge of this “‘unit cube” should be about 10 wu. 

the 
this 


strain- 
the 
If de is effected only by polyslip in 7 


Let o and de be actual stress and 


increment tensors in volume element of 
polyerystal. 
glide systems, the energy of deformation consumed 
in this volume element during a strain increment is 
o:de y (1)* 


the glide 


activate it. 


increment of shear in 


the 


where dv. is the 


system s and 7 shear stress to 


Equation (1) is an expression of the hypothesis 
discussed above that any secondary processes that 
might go on besides polyslip, do not substantially 
contribute to the energy of deformation. 

The shear stress 7, is assumed by Taylor to have 
the same value in every glide system operating in 
the volume element, at every stage of the deformation: 
“isotropic hardening’. This seems to be a reasonable 
least if 


Experiments by Dehlinger et al.“ indicate that it is 
| 


proposal at many systems are operating. 


well satisfied for Al and only wrong by about 10 


per cent for z-brass. This makes 


o de r > dy (2) 


Now o is doubtlessly proportional to the state of 


hardening of the glide systems. Introducing a 
proportionality factor (generally speaking a tensor) 
M, we have 
M + 
and by virtue of (2): 
dy 
— 


M de 


(3b) 


* All equations are 
but can be read as scalar equations for the special case of a 
The dot product is defined by 


written in the general tensor form, 


tensile test. 
= 
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M is entirely determined by the crystallographic own crystallographic orientation, we can 

orientation of the volume element and the kind of and de separately and get 

deformation it undergoes (tension in x-direction, S-dE 

shear (xy) ete.). For a free single crystal in a tensile ce 

test it is the well-known orientation factor m | “The work actually done is the same as if the deforma 

{COS 7 cos A). tion were homogeneous , 28 Was stated but 
The energy consumed in the whole polycrystal derived in a different way, by Bishop and Hill 

during an increment dE of the macroscopic strain For a tensile test on the polycrystal we can replace 

tensor, which will lead us to an expression for the the dot product of tensors by a simple product o 

macroscopic external stress S on the specimen, is numbers and divide (6) by d# 

obtained by averaging over all volume elements, 7 

since o and de are defined as the actually occurring 

set and thus satisfy equilibrium and compatibility thus getting the desired equation relating the tensil 

conditions: stress on a polycrystal and the orientations and 


= i states of hardening of the grains 
S-dE ode : 2% +) lo express the state of hardening of each volume 
element in terms of its previous deformation 


Here a further postulate is introduced, viz. that 7 write. as is usually dons 


and x dy in any volume element have no statistical 


correlation to each other. For an illustration, two 7. H | | S d- 


statements shall be given either of which would 


be precluded by this hypothesis: (a) A volume and with (3b) and 


element is likely to contribute relatively much to any V HOM, 
increment of gross strain if it has contributed much 
A final postulate needed for the evaluat 


to the total previous strain (and thereby was more 
the function H, the shear-hardening curv: 


strain-hardened); (b) A volume element is likely 


to contribute relatively little to any increment of ah mice 
VWH( ME 


gross strain if it is relatively hard (due to much 


previous deformation). If any one of those correlations we have a workable formula 


é S | Co he ( > 
does not apply solely, but, e.g. both of them alter due to Taylor. Apart from the step M 


nately, depending on other conditions, we can write ; 
. has already been discussed, equation 


rigidly obtained from (Sb VY assumu 
S-dE rT vi hardening value 7 at 


at rticular mome 


. 1. \ ‘onstant throughou body. or the functi 
and. using 3h): ( ) in ni 1g t the l n I 


S-dE Mi - 5b 


Of course, one would like to average over M and de 
separately, too. Taylor did this by assuming the 
deformation de in every volume element to be the 
same as that of the whole specimen, dE. But we 
that this, convenient as it may be, is not at al 
necessary. The only assumption really involved is 
that M and de are statistically independent. This 
means that, given the orientation of a grain and the 
kind of its deformation—and thereby M—the extent 
of the deformation de is in no way determined 
That this is really so seems to be very likely if there 
is any sort of strong interaction between the grains 


If then the surroundings of an element have a greate 


This simple formula for th 
influence on the extent of its deformation than its — directly from (4) and (3), making 
on the pairs {o, de} and {M, 7 


this would not have permittec 


) hon at 
- rhe bar denotes a volume average : T ot iomogener l rain 


procedure emploved by Bishop 


2. 
which in 
id 
( 
HU AT.) 
7 
/ 
/ 
A 
/ 
4. Illustratiorx tion 
setting H(] H(1 ) nat 
rvstal polvslip shear-hardening | SDI 1 thr 
the polyerystal of lo total l 
r, M, «le 
and 
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shear-hardening curve of a free 


What is really needed, 


be linear and the 
single crystal a straight line.* 
however, is only that H be approximately linear 
within the range of dy occurring in the various 
grains during one particular increment of gross strain 


dE (Fig. 4). 
too wide, this approximation would only be substan- 


Since this range is not expected to be 


tially violated in the neighborhood of very sharp 
bends of the shear-hardening curve. 
Thus, the problem is reduced to determining 1. 


For this, Taylor used equation (3b) setting de = dE 


With the assumptions that exactly 
(the 


in each grain 


five systems operate in each grain minimum 


number necessary under the homogeneous deforma- 
tion postulate) and that this set of systems is the one 
the 96 crystal? 


dy 


out of irreducible sets in an f.c.c. 


dE 


(thus using the least energy) Taylor calculated these 


which furnishes the lowest value for MW 


minimum UV values for 44 orientations of the tensile 
axis with respect to the cry stal orientation. Averaging 
these values for a quasi-isotropic f.c.c. polyerystal in 
tension gave 

3-1 
(The values m for free single crystals vary between 2 
ind 3:7 their mean being 2:24.) 


Bishop and Hill 


method for the 


devised a elegant 


determination of 7 


have very 
mathematica! 
3a) instead of (3b) and using 


back to equation 


general properties of the yield behavior of metal 


single crystals. They do not use Taylor’s assumptions 
homogeneous deformation and of the fixed set of 
operating slip systems as the one with the smallest 
‘ar sum. For the actual set of slip systems, they 
leave open a multiplicity of sets that would use the 
me energy as the one Taylor would have used: 
ie, however, is derived by a different and more 
neral argument 
For the evaluation of mM, Bishop and Hill do need. 
no other hypotheses are introduced, an assumption 
i.bout the distribution of strains through the aggregate. 
Homogeneous strain is not 
Taylor 1955.°° If all 


the tensile axes in different grains could in some cases 


necessary, contrary to 


strains were tensile only, 
be 50 away from the macroscopic tensile axis. 
The 


lengthy, they were able to determine M for a variety 


numerical calculation being very much less 


of test types from simple tensile to simple shear 


deformation, thereby getting the complete yield 


* Bishop and Hill‘? stated only the former of these two 


possibilities. 


+ Taylor took 
see Kochendorfe 


only 24: for the correction, 


1955. 


and Tay lor 


into 


VOL. 6, 1958 
surface for a quasi-isotropic quasi-homogeneous f.c.c. 
polyerystal. Their value for the tensile test coincides 
with that of Taylor. 

In both Taylor’s and Bishop and Hill’s evaluation, 
use is made of the assumption that all slip systems 
in one volume element, not only the active ones as 
used in deriving equation (2), harden equally when 
polyslip in any of them takes place. 
used to derive 


Summing up, the assumptions 


Bishop and Hill's law (6) and thereby justifving 
Taylor's formula (9) were: 

(1) The process of plastic deformation in poly- 
lattice structure is polyslip; any 


that 


crystal of an f.c.c. 


secondary processes might occur to satisfy 


equilibrium and “microscopic” compatibility con- 
ditions do not substantially contribute to the energy 
of deformation. 

(2) All active slip systems in one volume element 
harden equally. 

(3) The increment of the shear sum in one particular 
volume element during one particular stage of the 
deformation is not statistically correlated with the 
hardening of this volume element during previous 
deformation. 

(4) The strain-increment furnished by one particular 
volume element towards the gross strain increment 
at one particular stage of the deformation, is not 
statistically correlated with its own crystallographic 
orientation. (Replacing Taylor's theorem of a 
homogeneous deformation. ) 

(5) The shear-hardening curve of an f.c.c. single 
crystal is approximately linear within every range of 
shear-sum increments or of hardening states occurring 
at one time in the whole polyerystal. 

Necessary for the evaluation were: 

6) The general yield behavior (in the language of 
single 


mathematical plasticity theory) of 


crystal is as analyzed by Bishop.®? 
shear-sum”’ hypothesis is not necessary.) 

7) All slip systems (latent and active) in one 
volume element harden equally during the process of 
polyslip. 

It seems that the crucial hypotheses are the two 
non-correlation assumptions. Only if the deformation 
process in a polycrystal is really complex enough 

All the above 
There 


present not seem to be any evidence nol an\ good 


this statistical treatment is justified. 


hypotheses need further testing. does at 


intuitive argument against any of them. 


EXPERIMENTS 
Taylor published a comparison of his formula 


with an experiment. As the basis for the calculation. 
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Tensile stress [kg/mm] 


Shear Strair r/ 
Fic. 5. Extreme and average shear-hardening curves 
high-purity aluminum single crystals, after Staubwasse1 
(The (111) curve No. 3 of Staubwasser was substituted, also 
for calculating the average, by curve K which we have 
measured from the identical material for a wider range ol those types ot wMneailNng 
deformation than No. 3.) 1] 
comple te re ry Stallization 
textures, which vielded 
the shear hardening curve of one single crystal 
1/10 mm One other 
was taken, with an orientation in the center of the 
; ve dimensions in the er 
stereographic triangle. (The curve consisted of five 
the axial length wa 
points measured in a discontinuous experiment 
it ad these sets tensile tests 
The recent realization of the very marked orientation se : 
. 1 and 2 per cent/min the curves coincided wi 


dependence of the shear-hardening curves for pure ; 
the accuracy of the experiments 
(13,14,15) (Pio 


aluminum crystals 5) suggested that a ; 
For comparison with this experiment 

new comparison be made. The most realistic approach 
theoretical ones hav 

the concept of the whole theory being polyslip, Is to 

choose as the basic single erystal curves those of the . 6 , 
7 in Fig. 5) and shows 1 

exact corner orientations where “many slip systems 


surprising since it is derived fro 


are operating simultaneously. A look at Fig. 5 shows 


characteristic of polyslip. The 


that the two curves for the (100) and (111) orienta 
on the (111) single eryst 


tions lie far out of the average behavior of the single 
one discrepal cy 


crystals. Also it is seen that these two crystals 


happen to have a fairly similar curve throughout ' 
Now it is evident 


their steep part. Unfortunately, experiments othe 
region or the t1 


than tensile ones have not vet been made on a face 
. Hecomes shortel 


centered cubic metal, which would show the shea ' 
1es Cornel 


hardening curves for any of the three other types of P tien ereutal 
OL ¢ Vstais Is 
test causing polyslip in a single crystal."*) So the 
only reasonable basis for a comparison is to take 
either the (100) or (111) tensile curve to calculat 
the theoretical curve for a polyerystal 
The experiments cf Fig. 5 just having been com- 
pleted at the same university, polycrystalline speci 
mens of the same roll of wire were tested in the same 
Polanyi type machine. The specimens were subject 
to a great number of different annealing treatments 
to get different orain sizes (which nevertheless had 
to be small compared to the specimen diametet 


1.5mm). A qualitative observation of the Laue 
transmission patterns taken from the whole cross- ? (‘ro 
orientation 


section simultaneously showed, however, that only taken to be 
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it seems justified to subtract any transition region 
left in the experimental single crystal curves to get 
the hypothetical “‘polyslip-curve’.* This procedure 
vields the dash-dotted curve in Fig. 6, which can 
hardly be distinguished from the experimental 
polycrystalline curve. 

Had the (100) single crystal curve been taken for 
the comparison the agreement would have been 
just as good in the steep part of the curve, but 
obviously quite out of scatter in the final flat part. 
The reason for this discrepancy is not known and 
cannot be discussed, the understanding of this stage 
of the single cry stal deformation being as scanty as 
it is. Thus, also the agreement of the curves plotted 
in Fig. 6 might have to be taken as accidental in 
this part. Further investigations are doubtlessly 
necessary on this point. 

The result is. in words, that the \ ield stress? in 
the annealed state of an f.c.c. polyerystal, having 
no preferred orientation and a quasi-homogeneous 
arrangement of the grains, is three times as high as 
the sheaz stress in a single crystal of almost polyslip 
orientation at the onset of the steep straight part 
and that the subsequent slope dS/dE of this part 
is 9.5 times as high as the corresponding dr dy in the 
single crystal. This is about 2/3 of da/de for this 
part of the L111) single cry stal curve. the lowering 
of the slope stemming directly from the fact that 
the orientation factor m for the 11] tensile test 
is the highest possible, whereas the other kinds of 
polvslip deformation are much more “‘efficient”’. 

The comparison has also been made for one other 
material, the technically pure aluminum used by 
Liicke and Lange.“%.16 In this case the corner 
orientations were not available, but the orientation 
dependence of the shear-hardening curves was 
relatively small so that it seemed to be a good 
ipproximation to use just the highest one available 
near (211)).t The comparison is shown in Fig. 8 
ind is fairly good, too, the deviation being in the 
xpected direction. 

Karnop and Sachs@” also published a polycrystal 
curve with their single crystal data, and the applica- 


tion of the present method to their curves, although a 


* The term “‘polyslip’ could be defined, at this point, 
in terms of its extreme strain-hardening behavior. 

The term “‘yield stress” is used, throughout this paper, 
as the stress at the initiation of gross plastic flow as determined, 
e.g.. by extra} olating back to zero strain the plastic stress- 
strain curve. The limit of accuracy that is of interest in this 
papel does not require a more rigorous definition. 

*+ In the experiments of Karnop and Sachs?) on a 
probably similar material, the curve for an orientation close 
to (100) falls within the scatter, those for orientations near 

111) only about 15 per cent higher. 
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Fic. 8. Stress-strain curves for polycrystals of 99.5 per cent 
Al, after Liicke and Lange: experimental® ( and 
theoretical on the basis of their highest single crystal curve 


somewhat unsafe procedure, yields a good agreement 


with the Taylor formula. 


DISCUSSION 

A correlation between slip processes in single 
crystals and polycrystals of aluminum has_ been 
established quantitatively. It has recently been 
realized"®) that there are, in general, three different 
slip processes occurring one after the other in single 
crystal deformation, as is evidenced by three dis- 
tinctively different parts of the plastic hardening 
curve (Fig. 9). The third part is highly sensitive 
to temperature and, at high enough temperatures, 
lies so low as to completely obscure the second part. 
This is the case for non-symmetrically oriented 


crystals of high-purity aluminum at room temperature 


18.19) (19,20) 


(Fig. 5) but not for copper, silver and 
gold. The first part, “‘easy-glide”’, is missing in 
the corner crientations. Polycrystals of face-centered 
cubic materials show the same general behavior. 


except that here the easy-glide region 1s always 


missing. This again points towards the close similarity 


Shear stress 


I:"Easy glide” 


Shear strain 


Fic. 9. The three parts of the “‘general’’ shear-hardening 
curve for f.c.c. single crystals (center orientations at low 
enough temperatures, e.g. Cu at room temperature 18 


7, 
) 


| 


KOCKS: POLYSLIP IN POLYCRYSTALS 


between polycrystals and the single crystals of of a fully plastic f.c.c. polyerystal against many 
coiner orientation. The steep straight character of criticisms. Most of Taylor's assumptions, including 
“Part IL” of the single crystals is evident in the that of hcmogeneous deformation, are not necessary 
first part of all f.c.c. polyerystal curves at low enough for his result. Eminent among the really necessary 
temperatures. This is seen in Fig. 6 and in the assumptions are two non-correlation hypotheses 
temperature-dependent measurements of Trozera, for the two pairs (state of hardening—shear-sum 


Sherby and Dorn! on aluminum, and of Carreker increment, in a volume element) and (deformation 
23) 


) 


and Hibbard on copper,” silver and aluminum) of a volume element—its crystallog: iphie orienta 


over a wide range of temperatures. Although none’ tion). They can be made plausible in terms of 
of these authors analyses the curves this way, a_ influence of the surroundings 
steep straight part for the first few per cent Js evident The shear-hardening curve of a fre 
for the lower temperatures and gradually disappears that Taylor’s analysis takes as a b 
with increasing temperature. to be seen in the extreme shear-hardening 

In the present paper, a quantitative correlation those free single crystals which thems 
between the steep straight parts of the single and _ polyslip 


polycrystalline strain-hardening curves has _ been Taylor’s formula was applied to the single cr 
given for aluminum. For the “third part’, a corre- curves of Staubwasser™* on high-purity alun 
lation is evident but has not yet been quantitatively and the resulting theoretical curve for a pol 
established. compared with experiments on the identi 

The different slip processes going on in the three The agreement of the theoretical and « 
different parts cannot be said to be fully understood curves is very good, at least in thei 
at present. The situation seems to be clearest in the The same holds for comparisons mad 
case of “Part Il’. Here a short-range slip of dis- pure aluminum using the experiments « 
locations piling up against Lomer-Cottrell barriers Lange 13) and ot Jarnop und Sachs." 


is envisaged by Friedel'**) and by Seeger ef al.‘ The correlation between thi 


If this “‘short range” of slip is shorter than the grain of single crystal 


strain-hardent 
diameter in the polyerystal, then the close correlation occurring in polycrystals is d 
between the two processes is not surprising the probable mechanism 


In the particular case of copper single crystals, ag This suggests a 1 
Diehl and Rebstock 


of surface slip lines to decrease systematical \ from The situation in the fir 


have measured the length vield strength 


roughly LOO u at the inset of ‘“‘Part IL” to about investigated 
LO bt at its end. In this case, one would expect no The experimenta 
effect of oraln-size on yield stiength above a grain tions as well as 
diameter of the order of 100 uw (as long as this is strengthen the concept 
small enough compared to the specimen diameter), important mechanism 
and for smaller grain-sizes the yield strength should — polyerystals, although 
increase at least* according to the relation of stress here from one observ 
vs. glide length in “Part II”. This is consistent  stantiated by many 
with what is found in the investigations of Carreket 
and Hibbard‘??:7.24 and of Feltham and Meakin.‘*% 
A more thorough investigation on these points is straight part in polyerys 
however, necessary to establish a quantitative and its possible co 
relation. crystals has, in the m« 
SUMMARY iustenitic stainless steel 
A number cf general assumptions that have partly Cu, Ni, Pb at liquid ai 


been introduced by Bishop and Hill and are made > 'T. bv Feltham and Meakir 


plausible in physical terms in this discussion, enable by Kauffman. Jaoul’s quantitative 


us to justify Taylor’s formula for the tensile hardening means of Sachs’ mean orientation fa 


and his choosing a double slip single cryst 


he ISO ~ n 
* This holds if there is no effect due to the boundaries ol m 2.24 for the con parisol Cen 
themselves 1,9) nor any appreciable influence on yield strength with his (and ow assumption of px 
of the different heat-treatment employed to obtain different 7 
grain-sizes process 1n polyerystal plasticity 
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SELF-DIFFUSION IN DILUTE 


B 


INARY SOLID SOLUTIONS—III 


Diffusion in Silver Germanium and Silver Thallium Solutions 


R. E. HOFFMAN 


results of measurements of the diffusivities of 


and germanium in pure silver and their correspond 


{ 


solute and solvent diffusion data for silver—lead and silv 


predictions based on a prev iously proposed model 


wr diff 


AUTO-DIFFUSION DANS LES SOLUTIONS BINAIRES SOLIDES DILUEES—II] 
DIFFUSION DANS LES SOLUTIONS ARGENT-GERMANIUM ET ARGENT-THALLIUM 


L’auteur expose les résultats des mesures de 


pot 


argent—thallium et du thallium et germanium dan 


publiées sur des solutions argent plon b et argent-« 


ivolrs de adaittusion 
Ss largen 


livre sont 


sur un modéle précédemment publié pour la diffusion dans | 


SELBSTDIFFUSION IN VERDUNNTEN BINAREN MISCHKRISTALLI 
DIFFUSION IN SILBER-GERMANIUM UND IN SILBER-THALLII 


Ks werden die Ergebnisse von Messungen det 


Mischkristallen und von Thallium und Germaniun 


Dif 


rusionskonstanten on Sipe! 


in reinem Silber und in de 


Lésungen mitgeteilt. Diese Daten sowie schon bekannte Ergebnisse iiber die Diff 


und Silber—Kupfer-Mischkristallen sind in 


schon friiher vorgeschlagenen Modell fiir die Difft 


INTRODUCTION 

In the first paper of this series,” a model was 
developed to account for the enhancement"? of 
the diffusivity of silver, D,,. in binary silver-rich 
solid solutions of lead, copper, germanium and 
aluminum. It was assumed that in these solutions 
the vacancy concentration and/or the silver-vacancy 
exchange frequency were larger than the corre 
sponding quantities for pure silver only in the nearest 
neighbor shell surrounding solute atoms. The most 
important consequence of this model is that in a 
given solid solution, the diffusivity of the solvent 
D,. is closely related to the solute diffusivity D, 
Agreement between theory and experiment was 
satisfactory in the one svstem (Ag Pb) for which 
sufficient data were available for comparison. Subs 
quently, 
of dD, and dD, for the special case where Ds, dD, Was 


clarified and made more rigorous although the final 


the formulation of the interdependence 


result was basically unchanged from that given 
originally.“ 

To provide a further test of the theory, measure 
ments of the diffusivities of silver in Ag—TI solutions 
and of thallium and germanium in pure silver and 
in their corresponding solutions have been made 


These new results are reported here, and a comparison 


* Received June 27, 1957. 
+ General Electric Research Laboratory, henectady 


New York. 
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peremstimmul 


yn in verdiinnten M 


is made between theory and experiment 
rich solutions of lead, germanium, tl 
coppel 
EXPERIMENTAI 
The details ol sam pie 
inneals, sectioning, and de 
the sliver tracer wel 
previously used.” 
Thallium trae 
cally Trom a 
except that 
approximat 


measured 


he thalliu 

cermaniun 
GeO which was re 
reduction with dry hydrogen at LOOO™( 
lavers were obtaine vacuum ¢ 
germanium trom 
the GeO, contained appre 
and its radioactive daugh 
were made 
following reasons 
such short half-lives 
that most of the 77As 
any measurements were mad 


\s, 0, IS probably removed 


\I 
Silber—B 
cuter mit Voraussag lie auf 
Te el 
na 
~ 
+} +h» 
with é 
Geiger tube rae t 
ité ey poratiol 
\ It or} 
t | ( 
\ | 
— — 7 1 ou 
uci tne 


Tl 
TL 


Pure silver 


O96 104 
1000/T 
dependence ot D 4, in 


pure silver 


m solutions of various compositions. 


treatment. since 


tube 


the hydrogen reduction As,O. 


sublimes at 193°C: (3) the used for counting 


the germanium activities was equipped with a 150 mg 


em? beryllium window which absorbs more than 


98 per cent of the p-radiation from any remaining 


‘As while transmitting more than 85 per cent of the 


71 radiation. The absence ot any detectable 


amount of *“As was confirmed by aluminum absorp- 
measurements. 


Penetration curves were obtained for all the 


sermanium diffusion samples by counting the activity 
individual samples. and in addition for about half 


the samples, duplicate penetration curves were also 


uned by the residual counting technique.® The 
ement of the results from the two techniques was 


within experimental error. 


RESULTS 
‘he diffusivity of silver, D,,, has been measured 


silver-thallium solutions containing 1.1. 2.6 and 


D.0 at. per cent thallium. For each composition the 
extended 
of approximately 150°C. 
Fig. | 


s in the equation D,., 


measurements were over a temperature 
These data 
and the least-squares 
QO/RT) 


|. For comparison, previous data‘? 


Fig. | 


are 
graphically in 
D, exp ( 
' pure silver are included in and 
ible 1. 
T 


silver 


he diffusivity of 


thallium, in pure 


TABLE 1. Fre 


tivation energ,\ 


factor, D,, and 
. Q, for diffusion of silver in 


quency 


silver-thallium solutions 


concentration 0 4 


. per cent sec! keal/g atom) 


Pure silver\\r%TL 


dependance of in 


0°88 


Fic. 2. The 


and in silver—thallium solutions of various compositions. 


temperature pure silver 


and in several dilute thallium solutions has also been 


measured over 150 
These 


least-squares constants D 


approximately 
data 


temperature 
and the 
and @ are given in Table 2. 
the 


ranges. are shown in Fig. 2 


0 


Extensive measurements of diffusivity of 


germanium, D have been 
These 


described by the relation. 


made only pure 


silver. data are shown in Fig. 3. and are 


0.084 exp (—36,500/RT) cm? sec™! 


( 
A few 


vermanium 


measurements of were made in dilute 


De 


solutions, as shown by the filled circles 


in Fig. 3. These data give an average increase in D,, 
of about 15 per cent per atomic per cent germanium. 

The possible errors in all cases are estimated to 
be about 5 per cent in D, 4 per cent in Q and 50 per 
cent in D,. 

DISCUSSION 

As noted above, the proposed model leads to the 
conclusion that the solvent diffusiv ity, D,, and solute 
diffusivity, D,, are interrelated. Although the general 
of this relation has not 


form the 


D,, it has been shown"? that 


been derived, in 
special case where Ds 
D, = (1 — kX)D,° + a, pXD, (1) 


where k is the number of solvent atoms in the soft 


TABLE 2. Frequency factor, D 
activation energy 


and 
, Y, for diffusion of thallium 
in silver and silver-thallium solutions 


Atomic per cent 


thailium (keal/g atom) 


37.9 
40.4 
39.4 
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| \ 
N 
\ 
= 
199 | | 
\ 
\ 
0 0.724 $5.5 
0.42 $3.5 0 0.15 
2.6 0.35 $1.9 0.72 
5.5 0.10 37.6 2.6 0.57 
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0°84 
1000/7 (°K) 
3. The temperature dependence of D, ; 


Filled 


germanium solutions of stated composition. 


silver 


open 


in pure 


D 


silver 


circles). circles show data for in 


region (assumed equal to the co-ordination number), 
D,® is the solvent diffusivity in pure solvent, X is 
atom fraction of solute, x, is the number of effective 
diffusion jumps of a particular solvent atom while 
in the soft region, and / is the number of new solvent 
atoms encountered in each solute jump. The quantity 
Ly is the most difficult to evaluate, since it depends on 
the relative frequencies with which solute and solvent 
atoms interchange with a mutually adjacent vacancy 
it that differ 


from unity: if a, 1, rapid solute diffusion cannot 


However, appears %, cannot greatly 
occur and equation (1) is no longer valid: on the other 
hand, solvent jumps greatly in excess of one become 
redundant and hence do not contribute to «,. 

The diffusivities of lead,“ germanium and thallium 
are all larger than D,,° by a factor of approximately 
1) should be applicable to 
12 and 


an 


ten, and hence equation 


solutions of these solutes. By choosing k 


} S for f.c.c. structures, and leaving %, as 


adjustable parameter, equation (1) has been fitted to 


LO0O°K the three 


The departure of the 


data at T for 


systems, as shown in Fig. 4. 


experimental 


reflection of the approxi- 
of D, on X, 
ducesa quadratic term into the dependence of D, on X, 
to fit the data to equation 


curves from linearity is a 
mately linear dependence which intro- 
The values of Xy necessary 
(1) Table 3. 
numbers to the expected value of unity is considered 
to the 


between theory and experiment. 


are given in The proximity of these 


quite sufficient demonstrate consistency 
measured 
Their data 


Sawatsky and Jaumot‘? have recently 
silver. 


at 


the diffusivity of copper in pure 
indicate that 25 


SION IN DILUTE SOLUTIONS 


The « 


thallium 


lependencs 


and 


Interpreted in terms of our model, the near-equality 
and solvent diffusivities in Ag—Cu 
the enhancement of D, 


the 


of solute 


implies that 
be 


would much smaller than enhancement 


rapidly 


expe riment 


that diffuse 


D\ 


caused by those solutes 


implication is borne out the 


constitutes further confirmation of the 


of the model. 
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THE ORIENTATION RELATIONSHIPS OF THE LOW TEMPERATURE MARTENSITE 
TRANSFORMATION IN METASTABLE /-BRASS* 


R. D. GARWOOD? and D. HULL? 


\ Laue method has been used to determine the lattice orientation relationship between the martensite 
ind the parent body-centred cubic phase in meta-stable /-brass. The X-ray beam was aligned to strike 
i single colony of plates containing crystals of four different orientations, formed by opposing shears on a 

of (2.11.12 2.12.11). habit planes. 

The data is consistent with a layer-like martensite lattice in which the basal plane in each plate 
deviates by 4° from a plane of the form {110}, , and a prominent direction in this basal plane lies parallel 

111 The relationship is identical with that found in /’ martensite in copper aluminium alloys 
The associated shape deformation has been analysed as a shear parallel to the habit plane of magnitude 
10.9° and in a direction close to [011]... When this shear is applied to a unit cell of the parent struc 


ture. a body-centred triclinic lattice is obtained but the positions and intensities of the X-ray reflections 
calculated for this unit cell do not agree with those reported for the low temperature martensite. The 


probable nature of the martensite lattice is discussed. 


LES RELATIONS DORIENTATION DANS LA TRANSFORMATION MARTENSITIQUE 
4 BASSE TEMPERATURE DANS LE LAITON § METASTABLE 
,uteurs ont utilisé la méthode de Laue pour déterminer les relations d’ orientation entre la marten 
phase cubique centrée dans le laiton / métastable. Le faisceau de rayons X a été réglé de 
aniére a frapper un seul groupe de plaques contenant des cristaux de quatre orientations différentes 
»btenues par glissements Opposés sur une paire de plans (2.11.12 (2.12.11) 

Les résult 
aquette fait un angle de 4° avec un plan {110}, et ot la direction principale se dispose paralle 


ats sont en accord avec une structure martensitique en couches minces ot le plan de base de 
Cette orientation est identique a celle qui a été trouvée dans la martensite ~’ des 
ninium 
on morphologique a été considérée comme un cisaillement paralléle au plan d’habitat, 
10,9° et dans une direction voisine de |O11}3. Lorsque ce cisaillement est applique 
de la structure de base, un réseau triclinique centré est obtenu, mais les positions et les 
des réflections de ravons X caleulées a partir de cette maille sont en désaccord avec celles qui 


ur la martensite a basse température. Les auteurs discutent la nature probable du réseau 


DIE ORLENTIERUNGSBEZIEHUNGEN BEI DER TIEFTEMPERATUR 
MARTENSITUMWANDLUNG IN §-MESSING 
g der kristallographischen Orientierungsbeziehung zwischen dem Martensit und det 
nzentrierten Ausgangsphase im metastabilen /-Messing wurde ein Laue- Verfahren verwendet 
wurde so getroffen, dass der Réntgenstrahl eine einzelne Kolonie von Platten erfasste. 
Kristallen mit vier verschiedenen Orientierungen bestand. welche durch entgeg 
en entlang eines Paars von (2.11.12 2.12.11 Habitusebenen gebildet werden. 


misse sind im Einklang mit einem schichtenartigen Martensit-Gitter. in dem die Basisebens 


im 4° von einer {110 Ebene abweicht und eine ausgezeichnete Richtung der Basisebene 


11] liegt. Der Orientierungszusamme nhang ist derselbe wie beim /’-Marte nsit m Kupfer 


andlung gekoppelte Gestaltsinderung wurde ebenfalls analysiert; sie entsteht 
cherung um 7 10,9° parallel zur Habitusebene und entlang einer nahe bei [0111] liegen 
Wird diese Scherung auf eine Einheitszelle der Ausgangsstruktur angewandt., so ergibt sich 
triklines Gitter. Die fiir diese Einheitszelle berechneten Lagen und Intensitaten det 
stimmen jedoch nicht mit den fiir den Tieftemperatur-Martensit mitgeteilten Daten 
vahrscheinliche Beschaffenheit des Martensit-Gitters wird diskutiert. 


1. INTRODUCTION by rapid quenching, are cooled below room tempera- 


A martensite transformation occurs In binary alloys ture. The habit planes adopted by the martensite 


ol copper containing approximately 4) per cent zinc plates are known with precision, but a full analvsis 


when specimens of the metastable / phase, obtained — of this transformation has not been possible owing to 


> Received March 22. 1957. the uncertain symmetry of the low temperature phase. 
8 1e product of the transformation has been reportec 
* Formerly University College, Cardiff, now at A.E. ted 
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GARWOOD 


AND 


Fic. 1. Surface relief structures produced by a typical 


colony of plates with zig-zag formation in 61.0 per cent Cu 
39.0 per cent Zn alloy, cooled to 410°C after quenching from 
850°C to retain the / phase in a metastable condition. 150 


per cent zine and | lead iron tin as 


impurities,"*) but the X-ray spectra obtained from the 


per cent 


martensite in binary alloys indicates a more complex 
structure.) 
The 


crystal methods seems improbable since an intricate 


determination of the symmetry by single 


array of fine martensite plates is formed on sub-zero 
cooling. The difficulty would be obviated if a single 
cry stal of the parent phase could be transformed by 


the passage of a single interface from one side of the 


grain to the other. Transformations of this type have 


been observed in gold—cadmium™ > and_ indium 


thallium"? alloys. In both cases the crystals were 


given a long anneal at a temperature close to the 
solidus before cooling to the transformation tempera 
induce this mode of 


ture. Repeated attempts to 


transformation in single crystals of ( brass were not 


successful although some coarsening of the marten- 
site structure occurred. 

A limited 
structure of the product and the orientation of 


amount of information concerning the 


its 
lattice with respect to the parent phase has been 
obtained the 
The method relies upon the fact that the plates form 


using conventional Laue techniqu 


\3 
Q. 
> D 


Fic. 2. Schematic diagram of a zig-zag group of plates 
showing the opposite surface tilts on alternate plates. Four 


orientations of martensite crystals occur in each colony. 


ORIENTATION RELATIONSHIPS 
in zig-zag groups or colonies, each group being associ 


ated with an {O1L! Such a 


pole of the parent lattice 
group 1s shown in Fig. 1, and schematically in Fig. 2 
It will be seen that four types ot martensite plate 
Opposite shears on 
Z.11.42 und 


beam 1s aligned to 


occur in each group as a result 
the associated habit 
(2.12.11) Thus, if the X-ray 


strike a colony of this type the spots on the film wil 


two planes 


lie on conic sections corresponding to zone axes in 


crystals of these four orientations 


2. EXPERIMENTAL 


The specim« ns used wert single crystais Of the 


phase grown by the Bridgman technique from stock 


containing 39.0 per cent zinc. These were ground int 


the form ol thin wedges and after quenching on 
850°C, the faces were polished electrolytically in | | 


The 


in a low temperature stage 


orthophosphori« acid specimens wert mounted 


6 


and examined at approx 


locate martensite colonies 


Th Lce 


surface rel 


imately to 


the tip of the wedge ind tilt angle sure 


ments of the structure were made on 


suitable colonies using technique devised by 


Basinski and Christian” for the latter measurements 


This procedure was repeated the other polished 


face ol the wedge ind the data tol the two surtaces 


analysed 1 the method of Greninger and Troiano.® 


In this method the shape deformation is assumed to be 


. pure shear and the component of the strain norma 


to the surface is neglected. Since plates in the array 


re formed by Opposite she irs 


some irose 1n matching the 


un ertainty 


ments for a particular habit polished 


Thus two possible soluti ms wer obtained 


differs ntly 


of the four orientated martensit 


The 


they 


correct solutions were 
were mutually consistent 
The 


and the directions « 


the results 
Table | 
the stereographic projectiol 

The 


camera and adjusted so that 


group 


specimens were 


0.4 mm wide, illuminated a 


wedge where a single colony { ites would d 


on subzero cooling. The colonies frequently 


of several mm* and essentially 


patterns were obtained after r¢ peated evcles ot heating 


During the X-ray 


mens were cooled continuously 


Speci 


and cooling exposures 


of liquid 


with a stream 


the described bv Lonsdalk und 


%) A series of Laue photographs was taken at 


oxygen in manne! 
Smith 
different 


Although the colony 


angular settings of the wedge specimen 


consists Of a mass of fine 
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TABLE l. 


Approx. indices 
Index letter ol 


habit plane normal to habit plane 


0.126 
0.719 O12 
0.682 O12 
2.12.1] 126 O17 
O12 
2.43.92 126 O17 
.O12 
O12 
2.11.12 O17 
.012 


(2.12.11 


In this analysis the distortions are assumed to be pure shears on the habit planes. 


ave been neglected. There is some 


alloys have indicated a ce¢ 


the phase in Cu—Al—Ni 


Standard rojection of a parent crystal 
ar and the positions of the basal 


foul 


directions of she 
do-hexagonal martensite lattice in the 


olony of plates. 


abit planes in group of plates 


zone axes present on Laue photographs. 
orresponding basal planes in the martensite 
planes are also shown as broken great circles 
ar directions. the two solutions shown on 


senses. 


ot opposite 


plates, the spots on the photographs were reasonably 
sharp confirming that the same lattice orientation 
occurs in similar plates. Certain ellipses on the 
transmission photographs were very prominent, the 
spots being drawn out into streaks along these curves. 
The zone axes corresponding to these prominent 
ellipses have been plotted in Fig. 3. which is an (011) 
stereographic projection of the parent crystal. The 
pair of }2.11.12) habit planes in the group are associ- 


ated with this pole. The full plot of all the spots on the 


Components of unit vector 
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Indices of direc- 


Components of unit vector 
tion of atom 


in shear direction 
movement 


0.026 
0.701 
0.713 
0.035 
0.695 
0.719 
0.013 
0.713 
0.701 
0.091 
0.719 
0.695 


0.080 Oll 
0.012 
0.012 
0.080 Oll 
0.012 
0.012 
0.080 Ol] 
0.012 
0.012 
0.080 Ol] 
0.012 
0.012 


The dilatations normal to these planes 


justification for this assumption since dilatometric studies of an analogous transformation of 


mtraction of only 0.25 per cent in volume. 


films was too complex for the Laue symmetry of the 
product to be determined. However, comparison with 
the results obtained by Greninger for the analogous 
6 martensite transformation in copper—aluminium 
alloys?® suggests that the lattice is laver-like with 
basal plane 
The 
four basal planes are shown as great cicles (broken 
D) in Fig. 3, the 
from the 


the three important directions in the 
occurring at angles of 60° ( 2°) to one another. 
lines) and as poles (A, B,C, and 
poles being separated by an angle of 4 
The 


permit a basal plane to be attributed unambiguously 


appropriate poles. method does not 
to a particular variant of the pair of habit planes in 
the group, but by analogy with the results for copper 
aluminium alloys, poles A and 


the (2.12.11), plane, and C and D with the (2.11.12) 


B are associated with 


plane. 
DISCUSSION 

The results show that the same lattice orientation 
relationship exists between the low-temperature 
martensite and the parent body-centred cubic phase 
in alloys of copper and zine as in the analogous /’ 
martensite transformation in the copper-aluminium 
system. Measurements of the associated shape 
deformation indicate that the angle of shear (average 
value 10.9°) is much greater than is the case for the 
two systems where single interface transformations 
have been observed. The larger shear strain is almost 
certainly one of the factors responsible for the failure 
to obtain a single interface transformation in alloys of 
copper and zinc. 

The measured shear directions are shown in Fig. 3, 
the accuracy of these determinations being +-5° in the 
plane of shear. These results are to be preferred to 
those given previously, where an inferior optical 


method was used to measure the surface tilts produced 


100 
Yo 
{ 12-44 
B 9-30 
( 13°36 
D 8-62 
- 
744. 
8 
\ 
\ 
\ 12 
ox Fe - 
\ 
2 
| 
ul of 
2.11.12 and (2.12.11 
@ Prominent 
Poles of 
tti These 
Observed 
ich habit plane are 
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by the transformation. The technique devised by 
Basinski and Christian is capable of high precision 
and the present surface tilt measurements are thought 
to be within an error of 10’. Since there is no justi- 
fication for assuming that the distortion is a pure 
shear, it appears that the major atomic movement 
takes place in the rational [011], direction. The fow 
solutions from a single group of plates all lie within 5 
of this crystallographic direction in the parent cry stal. 
Shearing in this direction is to be anticipated from the 


Zener()) 


body-centred 


theoretical arguments put 


the 


forward by 


concerning instability of cubic 


structures formed by ions with filled inner electron 
shells. Thus the reported values of the elastic coefti- 
cient ( (Cy Cie 
small indicating that 


)/2 for is extremely 
the resistance to deformation 
by a shear stress applied across the (011) 
the [O11] 


within 8° of an {O11}, plane, but the habit is modified 


plane in 


direction is low. The plane of shear is 
by the condition that the macroscopic deformation 
should be an invariant plane strain leading to the 
minimum distortion of the surrounding matrix. 

When the measured shear is applied to a unit cell of 
the p lattice a body-centred triclinic lattice is pro- 
duced.* However, the positions and intensities of the 
lines on Debye-Sherrer photographs of the low tem- 
perature martensite®* are not in agreement with 
those calculated for the hypothetical triclinic lattice. 
A significant feature of this intermediate lattice is 
that it contains a plane in which the principal atomic 
directions occur at angles of 60° (+-2°) to one another. 
This plane is derived from a (101), plane which 
undergoes a rotation of approximately 4° into the 
position where the basal plane of the final lattice has 
The 


from. the 


been identified from the Laue photographs. 
prominent directions in this plane result 
rotation of the [111],, [11] 
the (101) 


sponding movements for the four shear components in 


and [010], directions in 


plane of the parent lattice. The corre 


a single group of martensite plates are shown in Fig. 3 
In a review of current phenomenological theories of 


the martensite transformation” it has been shown 


that the shape deformation can be factorized into two 


components as follows: 


“Shape” ‘Lattice’ Shear’ 


The lattice component is a homogeneous deformation 


which converts unit cells in a small volume of the 


parent structure into corresponding unit cells of the 
product. The conditions for this strain to contain an 


invariant plane have been stated by Bilby and 


* In this analysis the average shear of 10.9° was assumed 


to operate on the (2.11.11), plane in the [011], direction 


ORILENTATION 


RELATIONSHIPS 


Christian."“” In the transformations analysed so fat 
these conditions do not obtain so that the distortions 
must be inhomogeneous. The combination of a 
simple shear with a lattice deformation results in a 
macroscopic shape deformation in which on 


remains unrotated and undistorted The 
component is usually assumed to occur on a twinning 
plane and in a twinning 


These 


correlated with the secondary 


direction of the product 

lattice. cry stallog1 elements hav 

markings 

present within the martensite pl 

10,15 The 


markings in the plates ol copper—zin 


systems. absence of visible subsidi 
martel 
cannot be taken as prool that this component dor 


operate fol the effects may occur on a submicro 


scale. This appears to be the case in this system 
the measured shape distortion does not venerate 
final lattice. It does 


howeve! convert a LO] Dial 


into one in which the main crystallographie dir 


occur at angles of approximate iv 60° to one anothe 


and whose pol is coincident with the bas 


identified in the final lattice It follows 


plane cannot be distorted or rotated by thi 
shear component of 
opposing lattice Invariant 
basal plane 

These findings justify s 
the structure of the marten 
fication of a promune nt basa 
plate suggest tha 
presence ot tauits 1n 
gous transtormation In 
that they present 
spots with 
the 


An addition 


irtensite produ 


svimme try.' 


sequence 
derived from (001 

derived from (111 
anticipated in the axis n¢ 
stacking sequence 
packed he XaVgoli 

this type are main 


the X-ray 


martensite. 


spect 


A dditi ) 


\\ | 
Viti nici raering t rn th 4 
temperatures, the ord ( tu 
; 


ACTA METALL 


upon these as a result of faults in the stacking sequence. 


Faulting leads to broadening of certain reflections 


from a close-packed hexagonal lattice and in addition 


the displacement towards higher or lower Bragg 


of certain reflections from face-centred cubic 


angles 


lattices.2718) Neither random faulting nor the dis- 
tortion attributable to ordering can explain all the 


weak reflections in the X-ray spectra of the low-tem- 


perature martensite or of the bainitic reaction product 


19) 


formed by isothermal transformation below 225°C 
The most plausible explanation of this anomaly is that 
the stacking faults occur at regular intervals in layers, 
resulting in a cell with large dimensions perpendiculat 
to the basal plane. Periodicity of this type is observed 
in the layer-like lattices of silicon carbide crystals. 
Many different repeated sequences have been observed 
ind the phenomenon is known as polytypism. 

difficult to obtain experimental con- 


of these claims in view of the low transfor- 


It will be 
firmation 
However. the successful solu- 


ures. 


mation mper 

on he » martensite structure in copper—alumi- 

nium alloys, in which the experimental difficulties are 

great since the product exists at room tem- 

would probably lead to a solution of the 

structure of the martensitic product in alloys of copper 
nd zine 

ACKNOWLEDGMENTS 
W. R. D. Jones 


and for his constant 


ish to thank Prof. 


roviding research facilities 


URGICA, 


L958 


VOL. 6, 


interest and encouragement of this work. One of 


them (D. H.) has received financial support from the 


Department of Scientific and Industrial Research. 


REFERENCES 
LD. How and D. 
Mechan sin of Phase Transformat Ons 
graph No. 18, p. 219 (1956). 
IsarrcHew, E. Kaminsky, and G. 
{mer. Inst. Min. (Metall.) Engrs 
(1938). 
\. B. GRENINGER and V. G. MoOoRADIAN 
Inst. Min. (Metall.) Engrs. 128, 337 (1938 
L. C. Coane and T. A. Reap Jbid. 191, 47 (1951). 
Z. S. BASINSKI and J. W. CHRISTIAN icta Met. 2, 148 
1954). 
D. Huu 
(1955). 
Z. 8. 
80, (1 
B. GRENINGER 
Vin. (Metall.) Engrs 
LONSDALE and H. 
194] 
B. GRENINGER' Trans. mer ust. Min 
Engrs. 188, 204 (1939 
C. ZENER tla and Anelasticity of Me 
1948). 
W. A. 
J. W. CHRISTIAN 
\. and J. 
Vechanism of Phase 
graph No. 18, p. 121 
D. S. LIEBERMAN, M. 8S. WE 
J. Appl. Phys. 26, 473 (1955). 
S. BARRET Phase T 
York, (1951 
C. Wimson A-r ptics ,ondon 
. Ltd. (1949 
.S. Paterson J. 


ium on the 


Met. Mono 


Inst. 


GARWOOD 


Tran 8 
(discussion) 


KURDJUMOW 


128, 361 


Trans. Amer 


and R. D. Instrum. 32, 232 


GARWOOD 


BasInskI and J. W. Curistran J. Inst. 
2?) 659 (1951-52 
and A. R. TROIANO 


185, 590 (1949). 


Smita J. Sci. Instrum 


Trans. 


18, 133 


Metall 


tals. Chicago 


Phys. Rev. 60, 605 (1941). 

J. Inst. Met. 84, (10), 386 
W. CHRISTIAN Symposium 
Transformations Inst Met. 


L957 


(,OOD 
1955-56) 
on the 


Mono 
and T. A. READ 
and 


Methuen 


1952) 


1954-55 


ippl. Phys. 28, 805 


t. Met. 88. (2). 64 


GARWwoop ./. Ins 


t 

l 

l 

l¢ 

17 

l 


GROWTH OF WHISKERS IN THE SOLID PHASE? 


J. FRANKS 


The growth of whiskers from clamped tin plate has been studied 
extrusion must be inhibited for whisker growth to occu If whiskers 
reached their terminal length, whiskers may oTOW subDSsE que ntly on the 
temperatures upto 190°C in vacuum are similar to those grown at room t 
ture existing whiskers collapse on to the surface from which th« 

In the presence of oxygen, whiskers grow thicker and longer 

\ dislocation model has been developed which explain 
chief features are that the whisker generating dislocations mo 
is supplied by diffusion. Dislocations may be produced in t] 


an essential part of it. 


LA CROISSANCE DES BARBES EN PHASE SOLIDI 


L’auteur étudie la croissance des barbes sur des feuilles d’étain comprimé¢ 


ment que Venlévement généralisé des barbes doit étre évité pr 


Si les barbes sont détachées dés qu'elle 3 ont attemt leur 
mémes endroits. Les barbes obtenues jusqu’aé des ter 
celles préparées a la température ambiant« Au voisinage 


s affaissent sur la surface d’oti elles émergeaient et une 


présence d’oxvgene, les barbes sont plus grosses et plus long 


L’auteur développe un modeéle de dislocations expliquant | 


des barbes. Les principale s d’entre elles sont d’ailleurs que les 
par glissement tandis que la matiére des barbes 


apparaitre dans la barbe au cours de ce mécanisme 


WACHSTUM VON FADENKRISTALLI 


Das Herauswachsen von Fadenkristallen vhiske 
untersucht. Dabei ergab sich, dass Fadenkristalle 
das Zinn einfach herausgequetscht wird. Werden F: 
so wachsen an der gleichen Stelle neue nacl Bel 
Kristalle sind ahnlich wie die bei Raumtemperatu 
vorhandene Fadenkristalle auf die Oberflache 
Wachstum unterbleibt. In Anwesenheit von Sauers 
kristalle als bei Raumtemperatut 

Es wurde ein Versetzungsmodell entwickelt, « 
Wachstums zu erklaren vermag. Dic 
kristalle erzeugenden Versetzungen durch 
Diffusion erfolgt. Versetzungen n Fa 
Mechanismus erzeugt werden, doch stellt dies 


dar 


INTRODUCTION 

Several materials have recently been obtained in the aterial and that som 
form of thin, single-crystal filaments, with elastic removal of 
properties approaching those predicted for perfect whisker growth is de 
single crystals.”) In the present work, Fisher's properties of whiskers 
technique for growing tin whiskers at an accelerated whisker-generating dislo¢ 
rate by applying pressure to an electroplated layer of | determined by diffusion pro 
tin’) is used to study qualitatively the conditions 


under which whiskers grow. It is shown that general PREVIOUS WORK 


extrusion must be inhibited for whisker growth to Whiskers have been grown in the 
bulk material 
* Received May 1, 1957. vapour,” from vapour form 


Research Laboratory, Associated Electrical Industries phase reaction“ and thev have 
Limited, Aldermaston, England: now at the Research : 
Laboratory, Siemens Edison Swan Limited, Harlow, Essex 
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Whiskers of cadmium,-8!% jndium™® 


and zinc®:®) have been grown from the bulk material, 


usually in the form of an electro-plated layer about 


5 u thick Oona steel base. The whiske rs may be a few 


microns in diameter and are rarely more than 1 mm 
long. The earliest whiskers grew spontaneously over a 
but the rate of growth may be 
method of Fisher, 


period of about a vear. 


greatly accelerated by using the 


Darken and Carroll. In this case the terminal 


length may be attained in | hr or less. 
Silhouettes 


the growth of whiskers on tin plate showed that the 


taken by electron microscopy during 
whiskers grew from the base whether the material was 
free or under 
THE CONDITIONS FOR WHISKER GROWTH 
Whiskers were grown from tin layers 5 w thick, 
electro-deposited onto 0.3 mm steel plate. The tin 
plate was mounted between two rigid steel plates 
and a cross-section was prepared by grinding and 
polishing. The application of pressure between the 
steel plates produced accelerated whisker growth on 
the polished edge of the tin laver. 
shown in Fig. 1. It was not possible to 


foils ol 


whiskers is 


obtain whiskers on tin various thicknesses 
between 6 and 375 u. clamped dire¢ tly between steel 


When the 


two 


plates, the tin merely extruded out. 


thinnest foil was sandwiched between electro- 


plated sheets, it appeared that some whiskers were 
growing from the foil in regions where some slivers 
of steel had become embedded in the tin, possibly 
during grinding, and preventing extrusion there. This 
evidence, together with the published observations 


about the greater ease with which whiskers may be 


produced on poor quality electro-plated coatings®:-® 


seems to indicate that whisker growth can occur 


when material is stressed above its free extrusion 


imit, but general extrusion is inhibited, as it may be 
by the slivers of steel. 

According to this view, if tin grains be finely 
dispersed in a stronger medium and the alloy stressed 
above the extrusion point of the tin, without the alloy 


should 


orains at the surface as the extrusion of the tin would 


yielding as a whole, whiskers grow on tin 


be partly restrained by the surrounding medium. 
As the solubility of tin in aluminium is very small, an 
alloy could be prepared consisting of small particles 
of tin dispersed in a stronger aluminium matrix. 
Such an alloy was made consisting of four parts, by 


When a 


slab 3.5 mm thick was compressed, whiskers had 


volume, of aluminium and one part of tin. 


grown on the whole free surface after about 24 hr (see 


Fig. 1, Franks"*)). The bearing alloy, Hiduminium 


A t\ pical group ot 


Fic. 1. Tin whiskers grown by the application of pressure 
to tin plate at room temperature. 385D. 


29, which contains 6-5 per cent tin, | per cent copper 
and 1 per cent nickel in aluminium also produced 
whiskers during 24 hr of compression. Whiskers also 
occurred ‘spontaneously’ onan uncompressed polished 


(13) 


and etched sample, after one month. Thomas 


described spontaneous whisker growth on an alu- 


minium-—tin alloy, but he made no reference to the 
significance of the eutectic structure of this alloy. 

As a further test, a sample of “Glacier Metal’? with 
a steel backing was compressed and prepared similarly 
to the previous materials. “Glacier Metal’ contains 
30 per cent lead dispersed in copper, and lead whiskers 
might therefore be expected to be formed if the 
restraint conditions suggested above, are of general 
validity. 

No whiskers were observed on samples compressed 
for a week at room temperature. On heating in vacuo 
to 200°C, at which temperature the self diffusion 
coefficient of lead is about the same as that of tin at 
room temperature (approximately 10~! cm?/sec), lead 
whiskers grew near the steel backing, while elsewhere 
the lead was generally extruded. 

Whisker 


reported only for a number of soft materials. The tests 


growth in the solid phase has _ been 
described in this section indicate that the restriction 
to soft metals is merely due to the ease with which the 
free extrusion limit may be reached while still being 
inhibited by neighbouring, stronger material. In 
principle it should be possible to produce whiskers on 


any metal if the extrusion conditions are satisfied. 


WHISKER GROWTH AT ELEVATED 
TEMPERATURES 

It is generally supposed that self diffusion and the 

movements of dislocations play an important part in 

the formation of whiskers.“4.1°.16 Certain character- 

istics of whisker growth might, therefore, be expected 


to change with temperature. 
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until only one region continued to produce 
Whiskers grew repeatedly on the same sit 
that the tin plate contained fixed whisker s« 
that such sources could pro 

previous whiskers stopped 

removed It was also found 

remain inactive for several 

agaln generating a whiske 

of the sources of an 

exhausted 

grinding away the surf 

increased at first with the dept 

tended to become constant 

on a fresh spec imen below 


Fic. 2. Extrusion blobs formed at 200°¢ 


the base of t vhiskers. 385D. 
he base of tin whisker S85] sources active after the re 


When clamped tin-plate specimens were heated to 
about 190°C, whisker growth proceeded very much as WHISKER STRUCTURES 
at room temperature. On heating above 190°C under As whiskers are rarely more than 2? y 
vacuum, little further growth occurred. At 200°C — the optical microscope revi 
extrusion blobs appeared at the roots of the whiskers, The electron microscop 
as shown in Fig. 2, and whiskers tended to collapse 
onto the surface of the clamp. It had been found 
during mounting experiments at room temperatul 
that whiskers are not strongly attached to the bulk 
tin. 
Results obtained at these higher temperatures with 
oxygen sometimes differ markedly from thos 
obtained at room temperature: for example, Fig. 3 is a 
photograph of whiskers approximately 5 mm long, 
grown at 215°C: at room temperature few whiskers 


attain a leneth of 1 mm. 


THE BEHAVIOUR OF WHISKER SOURCES 

An examination was made of the positions at 
which whiskers emerge from the bulk tin. A region of 
dense whisker growth on clamped tin plate was studied 
at regular intervals the whiskers were wiped off with 
lens tissue, and further growth observed. The number often have 
of whiskers per unit area of the free surface, decreased xis. Large 
slender fibre 
Lsmatl part 


the remainde! 


whiskers and carbon r¢ 


method of Bradley 


replicas show whiskers 


including star-shapes, 


appear to be ribbon-like 


DISCUSSION 


The published experimental work",*." n the 


tne nase has shown 


crowth of tin whiskers from 


les 


that these whiskers possess the following propert 


Fic. 3. Tin whiskers grown near the melting point of tin in : 
the presence of oxygen. 60D. (1) Whiskers are crystals 
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Fic. 5. Pr 


. shadowed carbon replica of 
ribbon-like tin whiskers. 


SOOOD. 


judged by their high elastic limit) which grow from the 
base. 
(2) The whisker diameters vary between 0-05and 5 uw. 
(3) There is an induction period before growth begins 
which decreases with increasing pressure. 
(4) During the length of 


increases at a constant rate for a given pressure. The 


crowth. the whisker 
rate of growth is proportional to the pressure. 

(5) The period during which the whisker grows is 
inversely proportional to the applied pressure; after 


this period the ‘ rowth rate drops to zero (or becomes 


very small Thus, the average terminal whisker 
length is independent of pressure. 

6) The number of whiskers, per unit area of free 
surface of the whisker producing medium, increases 
with pressure 

The following additional properties of whiskers have 
been established in the current work. 

(7) Whisker growth occurs only when bulk extrusion 
s inhibited 

(S) Whiskers grow from fixed sites in the material. 

(9) After an 


sources may produce new growth after the original 


indefinite induction period, some 


whiskers have been removed. The new growth occurs 
on the same sites and is similar to the original except 
that the number of filaments per unit area is reduced. 
10) If whiskers have been grown and removed from 
a surtace many times, so that few sources continue to 
operate, fresh, dense growth can be restored by the 
removal of about 20 uw of material from the surface. 
(11) Whiskers have a variety of cross-sections and 
there is evidence that 
bundles of smaller ones. 


(12) Whiskers 


oxygen, often 


grown at high temperatures, in 


are thicker and longer than those 


grown at room temperature. 


3efore Fisher’s results on the effect of pressure on 


the larger whiskers consist of 
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whisker growth were published, Frank" and 


Eshelby"® assumed that the energy required to 


produce whiskers is supplied by surface oxidation. 


They proposed mechanisms in which the location of 


the whisker irregularities on the 


surface, the whisker being generated by a dislocation 


is determined by 


moving by climb. The rate of whisker growth, on this 
model, is determined by the rate of self-diffusion in the 
whisker growing medium. 

Fisher, Darken and Carroll used Frank’s model to 
account for the constant growth rate which they 
observed at any given pressure. They supposed that 
the driving force for whisker growth was provided 
either by the applied pressure, or, in the case of 
whiskers growing on unclamped tin plate, by internal 
The 
attributed to 


termination of rapid growth was 


the 


stresses. 
“plugging” of dislocations by 
impurity atoms. 

The thermodynamic approach of Fisher, Darken 
and Carroll’) was not successful in accounting for the 
magnitude of the growth rate: which led Hasiguti?® 
to introduce two further assumptions. He supposed, 
firstly, that the stress in the whisker growing medium 
is relieved by whisker growth when it cannot be 
relieved by extrusion, the stress in the medium can 
then be considered to exist right up to the surface: 
secondly, he supposed that the concentration gradient 
of vacancies at the root of the whisker was maintained 
the absorption of vacancies by edge 
situated at the 


showed 


constant by 
gradient. 
that a 


linear relation should exist between the growth rate 


dislocations the end of 


Using these assumptions, Hasiguti 
and the applied pressure, which is in agreement with 
experiment. The absolute value of the growth rate 


was, however, at least an order of magnitude too 
small. This may be due to assuming a linear vacancy 
sradient, instead of considering a diffusion into a 
surrounding volume. 

The ideas of Frank and Hasiguti, taken together 
account for the induction period and the constant 
growth rate, but they do not explain the abrupt 
decrease in growth rate. In Hasiguti’s model, growth 
ceases when the stress in the system has been relieved, 
this implies a continuous decrease in the growth rate, 
and does not permit growth to be resumed when a 
whisker is removed. The suggestion that the termina- 
tion of the period of constant growth rate is due to the 
plugging of dislocations by impurities seems un- 
satisfactory because there is no indication that the 
average terminal whisker length depends on the 
purity of the material. 

It is now suggested that the whisker generating 


dislocations are locked before the stress is appreciably 
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relieved, and further that whisker-generating dis- freely now that locally the restraints 
locations moving by glide at a rate controlled by removed 
diffusion processes play a major part in the generation During their passage to the surface 
of whiskers. The locking of these dislocations is ‘reate jogs in the elements of the dislocat 
supposed to be due to lattice faults which develop which are cut, the jogs will lengthen as thi 
during diffusion processes. Excepting the statistical or filament on the surface continues to gt 
variations, the number of faults created then depends — suitable orientation and length could « 
only on the amount of diffusion which has occurred, to extrude further by 
that is, on the length of whisker produced. Thus the (first as Z mills and then : 
termination of growth depends only on the whisker before the Eshelby source ha 
length. The statistical variation in the rate at which additional plane. These Fi 
faults develop is reflected in the variation of the act in planes forming a prisn 
terminal length of the whiskers. a) The elements which « 
The energy for whisker growth is supplied by the form a closed step ther 
applied pressure or by internal stresses. Whisker b) The elements perpendis 
growth may be regarded as an extrusion process over a loops from neighbouring sources 
region so restricted that only a small number of othe 
dislocations is involved. these dislocations act togethe (c) The elements which 
to extrude a perfectly ordered lattice. General ex form a plate of vacant sites 
trusion involves the independent movement of a original Eshelby source 
large number of dislocations so that exposed material into the surrounding e 


is not perfectly ordered. It is now proposed to discuss from the surrounding 
in greater detail a model having the features described dense”’ 
above. 

Let an Eshelby-type source exist in a plane in the 
whisker-producing medium, the plane for simplicity 
being taken as parallel to the free surface: that is 
there is in the plane an element of edge dislocation 
which has its extra half-plane of atoms in the plane 
and, therefore, its Burgers vector perpendicular to it 
This element of dislocation line is part of the inherent 
network of dislocations which exists in all ordinary compar 
crystalline materials, and is anchored at each end by lislocation 
nodes. Under the whisker producing stresses, vacan trude 
cies may diffuse away from the Eshelby source, that is 
material may be added to the extra half plane and th 
elements of dislocation line may bow out by clim| 
and progress by this mechanism through the sa 
stages as an element acting as a Frank-Read soi 
Thus the Eshelby source may be considered as 
regenerative source of loops of edge dislocation 
have Burgers vectors perpendicular to the pl 
which the source operates. 

When a loop from the Eshelby source ex] 


that large enough portions lie in suitable glide pla 


the loop may glide to the surface. The looy 

experience difficulty in breaking through the surfac 
Thus loops from the Eshelby source will pil 
their combined stress-field is sufficient to overe 
surface restraints, and a closed step forms 
surface. As the diffusion process continues 


loops from the Eshelby source reach the 


increase the height of the step: this process can occu 


nave ( 
burs 
| 4 
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stable network. Occasionally the faulty region may 


decrease to such an extent that the generating 
dislocations become active again. 

Hasiguti’s theory of the growth rate of whiskers 
may be applied to this model to give a linear growth 
rate at constant pressure, because diffusion governs the 
rate of growth and it is assumed that the pressure near 
the base of whisker is relieved only to a slight extent 
before growth terminates. 

It is now proposed to show how the model just 
described can account for the whisker properties 
enumerated at the beginning of this section. 

(1) It is clear that the model gives rise to highly 
ordered growth from the base. 

(2) The whisker diameters are limited to the range 
0-05 bt to 5 lt because the probability of an area of less 
than 0-05 diameter intersecting suitable dislocations 
is small and if the diameter is larger than 5 uw too 
many dislocations are involved for a perfectly ordered 
growth to result. 

(3) The induction period depends on the time taken 
to produce a pile-up of loops from the Eshelby source, 
that is, on diffusion and therefore on pressure. 

(4) The growth rate is proportional to the frequency 
with which the Frank-Read sources operate: this, in 
of diffusion of material 


The rate of 


turn, is governed by the rate 


into the vicinity of the whisker base. 


diffusion is proportional to the pressure which, it is 
issumed, does not drop appreciably during whisker 
srowth 

5) The constant addition of material to the region 


etween , of the whisker introduces lattice 


faults there which gradually extend toward the surface, 


ventually locking the whisker generating dislocations. 


The time taken for the faults to reach the dislocation 


only on the amount of material which 


depends 


s into the prism that is, it depends only on the 
sth The 


efore, independent of time and pressure. 


terminal whisker length is, 


The number of whiskers per unit area increases 


Eshelby sources and sets of 


pressure, because 


lislocations with increasingly less favourable Burgers 
vectors smaller components normal to the surface) 
produce whiskers. 


7) Whiskers may not 


occurs because the stress is more efficiently relieved 


crow when general extrusion 


by general extrusion than by whisker growth. 
(8) Whisker 


the generating dislocations form part ol the 


sources remain fixed in the material 
hecause 


inherent stable network of dislocations 


9) When 


or some of the 


a whisker is removed it may 


the 


He possible 


f faults which locked cenerating 


dislocations to diffuse out of the now free surface and 
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disappear, allowing the dislocations to recommence the 
production of whiskers. 

(10) Sites eventually stop producing whiskers after 
a number have been removed when the lattice has 
been completely disturbed; the disturbed region evi- 
dently extended to a depth of 20 uw. 

(11) Complex structures, such as bundles, may be 
due to many dislocation sources being available for 
the the 


whisker axis occur when the generation of the whisker 


whisker growth. Changes in direction of 
is taken over by a set of dislocations with different 
Burgers vectors from the first set. 

(12) The temperature dependence of three pheno- 
the 


They 


mena must be considered in accounting for 
growth of whiskers at elevated temperatures. 
are: 

(a) The 


temperature and therefore the whisker growth rate 


rate of diffusion: this increases with 


should also increase with temperature. 
the the 


inherent network may be moved under the extrusion- 


(b) The ease with which dislocations of 
inhibiting conditions of whisker growth. There are two 
possibilities: The dislocations may be equally difficult 
to move at all temperatures, or they may suddenly 
become mush easier to move in a critical temperature 
range as in the case of Cottrell locking by impurity 
atoms. 

(c) The locking of the whisker generating disloca- 
tions by lattice faults. There are similar possibilities 
here to case (b) viz: The locking of the oliding dis- 
locations by lattice faults may be equally effective at 
all temperatures, or this locking may rapidly become 
much less effective in a critical temperature range. 

If the locking of both the network and the whisker 
generating dislocations is the between 


same room 


temperature and a certain higher temperature, the 


whisker growth rate will increase with temperature, 
but the final product will be the same at all tempera- 
tures in the range. 

If the 


dislocations of the inherent network are 


much easier to move above a critical temperature, 


general extrusion may be expected above this range 
and whisker growth should not occur. It seems from 
section 3 that this is the case for whiskers eTown 
under vacuum, the critical temperature being about 
190°C. Whisker growth is normal below this tempera- 
ture but does not occur above it. 

If the lattice-fault locking of the whisker generating 
dislocations becomes weaker in a temperature range 
where the locking of the network dislocations is 
unimpaired, the terminal whisker length might be 


increased above that temperature. Rehbinder®® and 


Barrett) have shown that an oxide skin may prevent 


) 
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dislocations passing freely through a surface. This 


skin may inhibit the movement of the network 


dislocations without impairing whisker growth when 


Oxygen is present at elevated temperatures, and the 


whiskers may have a greater terminal length. 


CONCLUSION 

The properties of whiskers as established in the 
literature have been enumerated and some new 
properties have been established. Notably it has 
been shown that general extrusion must be inhibited 
for whisker growth to occur. The whisker producing 
sites are fixed in the material. Some sites may be 
reactivated on the removal of the whiskers. 

A model has been developed which explains the 
known properties of whiskers. Its chief features are 
that the whisker generating dislocations move by 
glide while the material of the whisker is supplied by 
diffusion. 
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ELASTIC PROPERTIES OF METALS AND THE RESONATING 
VALENCE BOND THEORY*? 


G. BERGMAN: 


cubic close-packed and hexagonal close-packed structures are 

g valence bond theory of metals developed by Pauling. It is found 
ileulated and observed elastic moduli cannot be obtained on the 
uling theory in it implest form. In this form the theory requires that the lengths of the 
in a definite relationship to each other. It is found, however, that 

1ieory 1S supple mented by the reasonable assumption that 

mations that are not interrelated. The supplementary 


bond-bond interactions in the Pauling theory to be weakened 


IS PROPRIETES ELASTIQUES DES METAUX ET LA THEORIE DES 
LIAISONS DE LA VALENCE RESONNANTE 


iques et hexagonaux d’assemblage compact se déduisent de 
nise au point par Pauling. L’auteur trouve qu'on ne peut 

9 dans sa torme simplifiée, un accord raisonnable entre les 
ous sa forme simplifiée, la théorie exige une relation définie 
par un atome donné. L’auteur montre cependant qu'il est 
en complétant la théorie par la supposition raisonnable que les 
si des déformations qui ne sont pas en relation entre elles. La 


1ux fortes interactions entre les liaisons prévues par la théori 


EIGENSCHAFTEN VON METALLEN UND DIE THEORIE 
DER RESONANZ-VALENZ-BINDUNG 


ibisch dichtest gepackten und hexagonal dichtest gepackten 


nn Pauling entwickelten Theorie der Resonanz-Valenz-Bindung 

: mit der Paulingschen Theorie in ihrer einfachsten Form eine 

vischen den berechneten und den gemessenen elastischen Moduln nicht 

Form verlangt die Theorie, dass die Langen der verschiedenen, von einem 
enden Bindungen in definierter Weise miteinander zusammenhangen Im 
funden, di echt gute Ubereinstimmung zu erzielen ist, wenn die Theorie durch 
erganzt wird, dass die einzelnen Bindungen auch Deformationen 


ga 
miteinander korreliert sind. Diese Zusatzannahme wirkt sich effektiv so aus, 


rs-Bindungs-Wechselwirkung abgeschwi wird 


INTRODUCTION assumed always to occur in metals. The resonance 
semiempirical theory of metals developed by in metals also involves valence bond structures in 
known as the resonatims valence bond theory which the atoms have net electrical charges. This 
1 chemical theory. It is is made possible through the existence of the so-called 

a metal are held metallic orbital. The unsynchronized resonance 

» ond simili to the valence bonds which results from the use of the metallic orbital is 


Lil non-metallic substances. 1,2,3 Vhile. assumed to be the cause ot such typical metallic 


ipproximation, it Is generally not necessary properties as high thermal and electric conductivity. 


bond structure in non-metallic sub- The Pauling theory has been applied with consider- 


om resonance between two or ible success in the explanation of the structural 
bond structures +h resonance 1 features of metals and intermetallic compounds, 
primarily the distribution of interatomic cistances. 
There is therefore considerable evidence supporting 
the assumption that the atoms in metallic substances 
ire actually held together by bonds similar to the 
res covalent bonds in non-metallic substances. In this 
alifornia 


SA papel will be described an attempt to account for 
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the characteristic elastic properties of metals with were nevertheless invest 

the same assumption as the starting point. Thegreat interatomic forces have at least to some extent 
advantage in using this assumption lies in the fact force character. Only small deformations 
that the chemical bonds between atoms that are not considered so that the interatomi forces « 
nearest neighbors can ordinarily be ignored. As assumed to obey Hooke’s law with a minimun 
there may exist interactions between the bonds it distance d and a force const | 

does not necessarily follow that nearest neighbor The elastic properties of Model IL can 
interactions only are taken into account. Only the only when the exact relationship betwee 
cubic close-packed (c.c.p.) and hexagonal close-packed lengths is specified \ reasonabl 

(h.c.p.) structures are discussed. In these structures be found in the following 

every atom is surrounded by twelve equally distant Pauling theory of metals 

nearest neighbors and the investigation can be assigned to every bond and _ the 

carried out with as small a number of arbitrary monotonically decreasing with the ine: 
assumptions as is ever possible. This is, of course number, Pauling has proposed th 


not true for the body-centered cubic structure. 
Din 0.600 log... 7 


MECHANICAL PROPERTIES OF THE as a first approximation In this inves 
INTERATOMIC BONDS particulal relationship is not needed It 
It is, of course, not possible to derive the elastic that the bond distance D decreases with 

properties of metals from the very general assumption —n in the neighborhood of the equilibrium inter 
that the bonds are similar to the covalent bonds in distance. By definition the su 
non-metallic substances. The properties of the bonds of the bonds formed by a given 
must be specified more precisely. In general, it can to a constant (the valence o 
be expected that there are interactions of some kind then also be some relation 
between the different bonds formed by a given atom bond distances. If it is now 
As the interactions can be expected to vary greatly relationship holds in a mechat 
in intensity from metal to metal it is illuminating to then there must also b 


investigate the consequences of different extreme the strains in the different 


assumptions. It may be assumed that the interactions itom For the f.c.c and 


are weak enough to be ignored. This assumption neighbor distances ar 


underlies Model 1 in this investigation. But it may 


AD 


also be assumed that the interactions are very strong 


Two extreme cases may then be considered Che ’ 
is obtained where AD 


lengths of the bonds formed by a given atom are in 
bond and the Summation 


some definite relation to each other but the directions 


bonds formed by a o1Vve 
of the bonds are not similarly restricted [his aes 
: relationship for ever\ 
assumption underlies Model IL inthisinvestigation. Or ‘hn 
the directions of the bonds formed by a given atom 

are in some definite relation to each other but the ; ' 

must not be ‘ar Tun of the bond 
lengths of the bonds are not similarly restricted. This To 1 
assumption underlies Model III in this paper. 1 , 
3 le Same 
Model I clearly responds toa mechanical deformation 
energy as a functioi 


small lengthening AD 
\E. ¢: hen be writt 


with central forces. Since in the f.c.c. structure all 
the atoms are at centers of symmetry, it can immedi- 
ately be concluded that Cauchy’s relation for cubic 
crystals C5 C4, 18 satisfied for this model. As this AE {AD 


is never even roughly the case for the f.c.c. metals ; 
where A and 


that have been investigated, the extreme Model ] 
the quantity 4/AD, is zero, the tota 


does not account very well for their elastic properties 
In the h.c.p. structure the atoms are not at centers energy will contain quadratic terms in t 
of symmetry and Cauchy's relations for hexagonal The forces acting between neighbor 
crystals are consequently not useful for testing the bond interactions according to Mod 


model. The detailed elastic properties of Model | central forces in spite of the fact that 


mat tne 
hond 
4 
ads 
th, el they 
; ; 
the change in th 
/2(AD.) 
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the lines connecting neighboring atoms. The reason 
why they are not central forces is, of course, that their 
determined the 


magnitudes are not entirely by 


corresponding interatomic distances. It can immedi- 
ately be concluded that Cauchy’s relation for cubic 
crystals cannot be satisfied (the failure of the corre- 
sponding relations for hexagonal crystals is again of 
known to 


no significance). As no ¢.c.p. metal is 


satisfy the Cauchy relation it was considered a 
reasonable possibility that bond interactions according 
to Model II are at least partly the cause of the charac- 
teristic elastic properties of metals. The model was 
therefore investigated further. 

The elastic properties which result from interactions 
according to Model III cannot be derived unless the 
relationship describing the bond interactions is given. 
There is good evidence that interactions according 
to this model are in general, of secondary importance. 
It is a well known fact that the crystal structures of 
the pure metals as well as intermetallic compounds 
are with few exceptions characterized by high packing 
efficiency. The metal atoms behave as if they were 
spherical moderately deformable bodies of different 
sizes striving to occupy as small a volume as possible 
with the forces of attraction exactly balancing the 
forces of repulsion due to the deformation from 
sphericity. This is in harmony with the well-known 
fact that 


entirely different coordination polyhedra in different 


a metal atom of a given type may utilize 


structures. It is hard to see how such a behavior 


‘an be 


the 


compatible with a strong directionality of 


bonds. In the investigation described here the 
exceptional structures were disregarded and _inter- 
actions according to Model III were ignored.* 

It seems likely that the lack of directionality of the 
metal bonds may be explained in terms of the unsyn- 
valence bond 


chronized resonance between different 


structures which, according to Pauling. is charac- 


of metals. 


teristl¢ 


THI 
The « u 
be described i 
forward. A sample calculation is, however, included 
in the Appendix. It is sufficient to state here that a 


a given macroscopic strain and in 


CALCULATION OF ELASTIC CONSTANTS 


tion of the elastic constants need not 


detail as it is very simple and straight- 


structure with 
static equilibrium is in a state of minimum strain 
energy, which circumstance permits one to calculate 


The 


the equilibrium strains in the different bonds. 


* For the special kind of interactions which lead to fixed 
bond angles, the c.c.p. 
undergo isotropic expansion only leading to relationships 
between the elastic constants entirely different from those 
observed. 


as well as the h.c.p. structures can 
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or the elastic moduli ¢,, are then 
Only 


elastic constants s,, 


easily obtained. small deformations were 
considered. 

It should perhaps be pointed out that the calculation 
for the general case of a structure with part Model I 
and part Model II character is only a little more 
complicated than in the special forms corresponding 
to pure Model I and Model IT as the elastic coefficients 
s,, Clearly must be equal to the sum of the corre- 
sponding coefficients for the two special cases. 

It is perhaps also worth pointing out that the 
investigation of the h.c.p. structure is somewhat more 
complicated than that of the f.c.c. structure not only 
because of the larger number of independent elastic 
constants, but also because the atoms are not at 
centers of symmetry, with the consequence that the 
positional parameters of the atoms in general change 
when the structure is deformed. 

The results of the calculation in the general form 
are aS follows: 


Cubic close-packed structure 


) 


8, = 


dy/2 


dy 


6hK 
2 3K 
3kK 


3K 


Hexagonal close-packed structure 


12k 6K) 


— 
"12 | 4}: (4) 
x) 
| | tk? 
4k2 
| kK 
dy K k 
l = 
(5+ 
| 

| 
(3; x) [ 
533 dy 2 12k: 


G. BERGMAN 


29kK 16k" 
12k 
Likk 
d\/2 12K + 12k 
SkK 
dy/2 12K + 12k 
l 32kK 16k? 
dy 12k 
SKK 16k? 
d\/2 12K +- 12k 


character is obtained for A /4 


Pure Model | 
and pure Model II character for k/K S 


DISCUSSION OF RESULTS 
Unfortunately, the single crystal elastic constants 


appear to be known for a very small number of 


metals only. Among the c.c.p. metals the only ones 


for which they have been published are aluminum 
nickel,* copper, silver, gold, and lead, and among 


the h.e.p. metals the only ones are Magnesium, Z1n¢ 


and cadmium. To make things worse the elasti 


constants often seem to be uncertain by 5 per cent 
or more. Also, the c/a ratios for zine and cadmium are 


* Nickel was included in this investigation in spite of tl 
fact that it is highly magnetostrictive. The results obtained 
for this metal are therefore of somewhat doubtful signifi 


TABLE l. 


Metal 


Copper 

( opper 
Silver 
Gold 
Nickel 
Aluminum 
Lead 
Magnesium 
Cobalt 


0.260 0.148 


Number ot bonds 


ELASTIC‘ 


aleculated and obser 


PROPERTIES 
so different from the ide 
equations 6 ind 
completely satisfactory 
is therefore not possibl: 
The equations can b 
metal the values of A 
agreement between 
or ¢ The oTet 
applicability of the e 
results of such 
Table 2 


constants A and 


contains 
calculated from the 
cubic compressibility 
modulus is related to / 
of the k and K values 


method and in such a way a 


tive discrepancies between observed and 


( 


Two sets ot elastle modull 


recent work 


some 


copper was performed 


written from which th 
The agreement 

elastic moduli 

metal but is on the 


; 
terest 


cular 1n 


Ll: 
113 
il Value 2/4 > that the 
Cc 
nard Py Die \ 
est of the equatior | 7 
Cho 
tested ) 1 TO! vel 
d K which give best overa 
14 4 tna l ed 
reement 18 a me The 
{ ns Table 1 contains tl 
Cac 
33 rformed with t! 
responding \ l¢ f the 
I 
Ve is the ( stant 
13 
of the meta he ull 
J 
\\ made 1 DD! \ i 
ther data were 4 al 
that \ od re ent 
obs ecale ODS cal 
1.70 1.83 1.23 1.14 0.75 0.69 
1.70 1.78 1.24 1.17 0.65 0.60 
1.20 1.25 O.897 O.85 0.436 0.40 r 
1.86 1.90 1.57 1.52 0.420 0.29 
2.50 2.66 1.60 1.55 1.185 1.1] 
1.08 0.99 0.622 0.68 0.284 0.3] 
0.45 0.53 0.41 0.39 0.14 0.14 
O.585 0.57 0.250 0.26 0.166 0.14 0.61 ( ( 
0.260 0.148 0.052 0.050 ( 0.13 
Type PC Strain in bond D | 
D 30 D 3 
]—2 4 
4 } | 
1-3 2 D ) 
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TABLE 2 constants K and &k for best 


well as experimental force constants kbulk in 104 dyne/em 


Force agreement as 


Metal 


Coppel! 
Coppel! 
Silver 
ld 
Nickel 
Aluminum 


for Magnesium since for this metal there are five 


independent elastic moduli as compared with only 


three metals.* It is also of some interest 


for the c.c.p. 
that the force constants k are in fair agreement with 
those calculated from the bulk moduli for polyerystal- 
line aggregates. This latter fairly good agreement is, 


The 


general very nearly the same as the bulk 


however, not surprising. experimental bulk 


moduli are in 


moduli calculated from the observed constants C1 


ind ¢c,. and these constants are as has been shown in 
relatively good agreement with the corresponding 


calculated constants. 
As the ¢ 


ilculation of the c.,.s was preceded by the 


of two parameters (k and A) and there 


ee inde pendent moduli for the f.c.c. metals 

ely good agreement between the calculated 
1 observed values is perhaps of somewhat doubtful 
nificance. It appears, however, that hybrid models 
possessing partly Model I and partly Model II character 
re considerably superior to both the extreme Model | 
nd the extreme Model Il. For the extreme Model I 


the moduli ¢,,, and Cy, are in the relation 2:1: 1. 


This relation is far from being satisfied by any of the 


The Model II is, 


as unsatisfactory as it leads to the 


experimental values. extreme 


wever, 1UST 
relation | 


model} 


Also for the magnesium the hybrid 


is considerably better On the whole the 
hybrid models appear fairly successful, and it seems 
s if the bond interactions in the Pauling theory 
of metals are of considerable importance in the elastic 
deformation of metals. There remain to be explained 
ften quite large discrepancies between theory and 
which are 


‘Xperiment discrepancies 


the 


particularly 


noticeable when observed and calculated s,,’s 


ire compared. While the $1 and Sio coefficients are 
always in a relation corresponding to a hybrid between 
Model I and Model II the S44 coefficients are, except 


for lead, too small to fit well. It is possible that these 

* Note added in 
i1uthor that the moduli for 
letermined. They are in excellent 


oduli. (See Table ] 


to the attention of the 
cobalt 


proo} It has come 


elastic have also been 


agreement with the calcu- 


lated n 


VOL. 6, 1958 
discrepancies may be substantially reduced by taking 


into account also next nearest-neighbor bonds. It 
also seems quite likely that the wave mechanical 
effects associated with the periodic structure of the 
The effects of 


the periodicity, leading to the formation of Brillouin 


crystalline metals are of importance. 


zones, seem to be possible to discuss also with the 


resonating valence bond approach.‘”? 
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APPENDIX 
Sample Calculation in Outline 


H.c.p. crystal with part Model I and part Model I] 
110 


The following strains enter in the calculation: 


characte rau nde y te nsile stre SS in the dire ction. 


Tensile strain 


110) 


Compressive strain [110] and 


[110] and 


Compressive strain 
Internal strain i110 
The 


deseribed by these four strains (Fig. 1) 


state of strain in the crystal is completely 


Direction_ of 


Fic. 1. Unit cell of the h.c.p. structure and the four different 


strains for stress in the [110] direction. 


There are 2 
cell. In the strained crystal the 12 bonds are 


of 4 different types. 


atoms and 12 bonds per hexagonal 


unit 


For the calculation of the strain energy the strains 
in the bonds are decomposed in two parts, one corre- 


sponding to Model 1 response (subscript k) and the 


other to Model II response (subscript A). Each part 


T here are Wo 
he strains Ox, D,, Dx, 


corresponding to a given strain 6 ( 0, Ox) are 


gives rise to a quadratic energy term. 


k K cross terms. 


7.44 3.42 3.70 (4, 6) 
3.67 3.01 3.03 (4,6 
23) 5.00 5.18 6) 
? 66 2.37 4.6 
Lead L.15 1.61 1.53 (4, 6 
c 68 
S 
4 
| 
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next obtained by minimization of the total strain S,,’s for the pure Model I with force constant / 
energy with respect to the strains 6,, dx, subject the pure Model [I with force constant A 


to the condition that, as a result of the bond-bond 
REFERENCES 


equal to zero and also subject to the condition that 34, 69 


interactions, the quantity Dy; + A, — dg¢ must be 


the quantity 6, Ox must be equal to the given 3. L. Paurin ’roc. Roy. Soc. A 196, 


strain 0. After the minimized total strain energy has 

been obtained the deforming tensile stress is readily i ; JACOBSEN hy tev. 97, 
obtained. The elastic coefficients S,,, and 
can then be immediately written down. It is seen 


that the S,,.’s are equal to the sums of the corresponding 


15 
104 
654 
P re | 
1.004 


LETTERS TO THE EDITOR 


Zum Problem der Spannungskorrosion 
homogener Mischkristalle—I. Die Ursache 
erhéhten Reaktionsvermégens der 


Mischristallkorngrenzen* 


des 


Bei der homogener Misch- 
kristalle treten sehr hiufig interkristalline Risse auf.” 
Das 
chemischen 


Ursache 


nicht 


Spannugskorrosion 


bedeutet eine sehr starke Lokalisierung des 


Angriffs 


trotz 


auf die Korngrenzen, deren 


bisher zahlreicher Untersuchungen 


geklirt werden konnte. Es konnte bis jetzt 
festgestellt dah Hetero- 
genitaten an den Korngrenzen dafiir sicher nicht in 
Betracht Die 


jedoch aus strukturellen Griinden ein etwas unedleres 


nur werden, irgendwelche 


kommen.'? Korngrenzen  besitzen 
elektrochemisches Potential als die Kornflaichen, wie 
Robertson und Bakish sowohl an unlegiertem reinem 
Kupfer-Gold-Mischkristallen 
beobachtet 


Kupfer als auch an 


haben. Trotzdem man 


bei Kupfer-Gold-Mischkristallen 


nachgewiesen 


] 


bei Kupfer keine, 


dagegen eine merkliche interkristalline Korrosion. 


Man kann dies leicht nachweisen, indem man diinne 
Bleche oder Draht 


Gold-Legierung mit 


aus Kupfer und aus einer Kupfer- 


etwa 10 Atom Gold ohne 


mechanische Spannungen in 2° iger wiésseriger Kisen- 
nach bestimmten 


der 


Agens bestimmt. Im 


korrodiert und 


Festigkeit 


3-chlorid-L6sung 
Einwirkungszeiten die Proben durch 


Zerreiben 


Diagramm Bild 1 ist die Zugfestigkeit der Proben in 


Entfernen des 


Prozent ihrer urspriinglichen Festigkeit in Abhangig- 


keit von der Einwirkungsdauer des Agens autgetragen. 
Bei Kupfer ist die Festigkeitsabnahme s hr gering und 


wird nur durch einen schwachen Oberflichenangriff 


| und einer 
10 Aton n nang) 


Kupfer-Gold-P1 
der Korrosionsdauer in iger was Léosung ohne 


Bild 1. Festigkeitsabnahr 


Kelt von 


Beanspruchung 


A, VOL. 6, 


mecnaniscne 
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verursacht. Beiden Kupfer-Gold-Proben fallt dagegen 
die Festigkeit ausserordentlich rasch ab infolge inter- 
kristalliner Korrosion, die sich mikroskopisch leicht 
nachweisen laBt. 

Robertson und Bakish konnten nun zeigen, dab bei 
Kupfer im Verlauf des Angriffs die elektrochemischen 
Potentialunterschiede zwischen Korngrenzen und 
Kornflachen allmahlich verschwinden, wahrend sie bei 
Kupfer-Gold-Mischkristallen dauernd bestehen blei- 
weitergehen 


Misch- 


foloender- 


weshalb hier der Angriff dauernd 
Verhalten 


Bakish 


ben, 


kann. Dieses andersartige der 


kristalle erkliren Robertson und 


massen: Wenn beim Anoriff eines Agens, z.B. Eisen- 
3-chloridl6sung, das Gold nicht gelést werden kann, 
bleibt es auf der Oberflaiche des Mischkristalls zuriick 
Anlab. 


Es erfolet also beim Abbau eines Mischkristalls eine 


und gibt dort zu einer Lokalelementbildung 


Differenzierung der edleren Komponente gegeniiber 
dem Mischkristall, wodurch dieser anodisch polarisiert 
Hierauf hat 


wiesen.?) Es _ ist 


wird. auch der Verfasser schon hinge- 


damit aber noch nicht geklart, 


warum der Angriff an den Korngrenzen von Misch- 
weitergeht im Gegensatz zu 


kristallen dauernd 


unlegierten Metallen. Denn die strukturell bedingten 
Potentialdifferenzen zwischen Korngrenzen und Korn- 
flachen sind nicht Korn- 
flachen 


vor dem Anegriff des 


so groB, daB dadurch die 
Polarisierung dauernd 
Mag dies 


Beginn des Angriffs der Fall sein, so hért 


infolge kathodischer 
Agens geschiitzt sind. 
auch zu 
dieser Schutz doch sofort auf, sobald an den bevor- 
zugt angegriffenen Korngrenzen reines Gold auftritt. 
Dann werden naimlich umgekehrt die Korngrenzen- 
bereiche kathodisch, die Kornflaichen anodisch polari- 
siert, und der Angriff wird auf die Kornflachen gelenkt, 
auf denen sich ebenfalls ein Goldbelag ausbildet. Es ist 
daher nicht einzusehen, warum der Angriff bei einem 
Mischkrista 


Atome dauernd bevorzugt auf die Korngrenzen gelenkt 


ll durch die dabei freiwerdenden edleren 


werden soll, so daB diese von Robertson und Bakish 
gegebene Erklarung fiir den bevorzugten dauernden 
Anoriff auf die Korngrenzen nicht befriedict. 

Es liei sich nun ausserdem durch Untersuchungen 
mit Quecksilber direkt nachweisen, daB ein elektro- 
Fortschreiten eine 
Mischkristallen 


chemischer Prozess fiir das 


den Korngrenzen von 


(4. 5) 


Reaktion in 


nicht notig ist. Denn auch Quecksilber reagiert 


bei Mischkristallen bevorzugt an den Korngrenzen 


und lést bei zugbeanspruchten Proben interkristalline 


Risse bezw. sriiche wihrend bei unlegierten 


aus, 


& 
VU 
3 
aN 
— 
O 


Lebensdauer | 
Zugfestigkeit 


Zugfestigkeit in % der Ausgangsfestigke’t 
yaS Ul MNOPSUEGa7 


von Kupfer 
Mischkristall 


a und 


Bild 2. Lebensdauer bezw. Zugfestigkeit 
Gold-Mischkristallen in Abhangigkeit der 
konzentration bei Einwirkung von Quecksilber (Kurve 
Ko6nigswasser (Kurve c). 


von 
b) bezw. 


Metallen wie z.B. Kupfer oder Gold keine derart 


bevorzugte Korngrenzenreaktion zu beobachten ist. 


Bestimmt man die Lebensdauer prozentual gleich 
stark belasteter Kupfer-Gold-Proben in Abhingigkeit 
von der Mischkristallkonzentration bei Einwirkung 
von Quecksilber bel Zimmertemperatur, dann findet 
man, genau so wie bei der Einwirkung chemischer 
eine starke Abnahme der Lebensdauer der 
mit zunehmendem Goldgehalt. Etwa 
Verlauf Zugfestigkeit 
Proben beim Zerreissen unter Quecksilber (Diagramm 
Bild 2). 


Agentien 


Agentien, 
Proben den 


gleichen zeigt auch die dei 


Gegeniiber der Einwirkung 


unterscheiden sich diese Kurven 
dadurch, dah 
bezw. der Zugfestigkeit der Proben erst bei 50 Ator 
auftritt: 


svmmetrischen Verlauf zum 


jede ch 


hier das Minimum der 


einen etwa 


Mischkristall- 


ferner weisen die Kurven 


hdchsten 


konzentration auf, d.h. es besteht 


korrodierender 


Lebensdauer 


hier weitgehende 
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Mischkristalle 
einer Vertauschung der Mischkristallkomponenten 
Bei 


die Lebensdauer der Proben bereits beietwa 30 Atom 


Invarians im Verhalten det gegeniiber 


EKinwirkung von K6nigswasser erreicht dagegen 


Gold ihr Minimum. steigt dann rasch wieder an und 


ab 50 Atom®,, treten weder Spannungskorrosion noch 


interkristalline Korrosion auf, sondern nur noch ein 


gleichmassiger Oberflichenangriff. Interkristalline 


Korrosion und Spannugskorrosion sind demnach 


eines 


Erscheinungen, die nur auf der unedleren Seite 
Kinzige bekannte 
Ve riassel 

isch aufgefundenen Regel ist Messing bei Einwi 
\gent 

Der svmmetrische Verlauf der Lebensdauer 
Abhangickeit 
kristallkonzentration bei Einwirkung von Quecksilbe1 
dal3 cle 


Korn 


Mischkristallsystems méglich sind 


Ausnahme dieser schon friiher vom 


von Ammoniak und ammoniakhaltigen 


Festigkeitskurve in von det 


weist nun darauf hin Aktivitaét (das 


rrenzen offensicht 


tionsvermogen) 
unmittelbar durch die 
Es handelt 


kiirzlich": 


Funktion Mischkristallkonzentratio 
Mischkristallbildung 
nierbel 
erkannten Mischkrist 
Ursache 
Korngrenzen on Misch 
cegentiber unlegierten Metallen 


Die erhdhte Aktivitat der 


wird. sich somit 


dieser allein ist die 


Korrosion§ det 


Mischkristallk« 


und ihre unmittelbare Abhangigkeit von det 


Mischkristallkonzentration konnte auch 


Bestimmung der interkristallinen Diffusi: 


digkeit von Quecksilber bei erhdhter 


nachgewiesen werden man QWuect 


120°C auf mechanisch nspruchte K 


Kupfer-Zink-Proben 


dieses um so rascher entla 


ode1 


S 


nN 
S 


+ 
MS 67:170°C 


Z gfestigkeitin % der Ai sgangsfest gkeit 


4 


VTage 


Bild 3. 


Zugfestigkeitsabnahme von Kupfer-Zink-Misch-kristallen 


(Blechproben) mit 90,72 und 67% Kupfer bezw .mittlere Eindringtiefe 
von Quecksilber in Abhangigkeit von der Einwirkungsdauer desselben 
bei 120°C. Blechdicke 0,12 mm. Quecksilber vor dem Zerreissen der 


Proben abgedampft. 


20806080 | 
fer-Gold 
den Korner 
00 
10,01. 
‘ial | | | | 
| Blechproben 
i 7 2 c f 
4 
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Tage 


90 At %Au 


Quecks 


Orahtproben 


x 


indringtiefe des 


| 75 At %eAu 


50 At% Au 


Tage 


Bild 4. Mittlere Eindringtiefe von Quecksilber in Kupfer-Gold-Mischkristallen 
(Drahtproben, 1 mm Durchmesser) mit 90, 75 und 50 Atom% Gold in Abhangig- 


keit von der Einwirkungsdauer des Quecksilbers bei 120°C. 


Quecksilber vor dem 


Zerreissen der Proben mit Salpeterséure entfernt. 


Proben ein, je héher die Mischkristallkonzentration 
ist. Der Héchstwert wird auch hier bei 50 Atom®, 
erreicht. Diese Untersuchungsergebnisse sind in den 
Diagrammen Bild 3 und 4 zusammengestellt. Auf der 
Ordinate ist die mittlere interkristalline Eindringtiefe 
des Quecksilbers aufgetragen, die naherungsweise aus 
der Abnahme der Zugfestigkeit der Proben berechnet 
Ihre Zugfestigkeit 
nach sorgfaltiger Entfernung des Quecksilbers bes- 


wurde. wurde durch Zerreissen 


timmt. Beziiglich weiterer Einzelheiten mu auf die 
zitierten Arbeiten verwiesen werden. Auf der Abszisse 
ist die Einwirkungsdauer des Quecksilbers in V Tage 
angegeben. Man erhalt in allen Fallen Gerade, d.h. 


die Festigkeitsabnahme bezw. das Eindringen des 
Quecksilbers erfolgt nach einem parabolischen Zeit- 
gesetz, wie es bei echten Diffusionsvorgingen be- 


obachtet wird. Die Neigung der Geraden wird durch 
die Hohe der Mischkristallkonzentration bestimmt. 
Berechnet man aus diesen MeBergebnissen die inter- 
kristallinen Diffusionskonstanten und tragt sie tiber 
der Mischkristallkonzentration auf, dann erhalt man 
das Diagramm Bild 5. Dies laBt besonders deutlich 
den ausserordentlich grossen EinfluB der Mischkris- 
Diffusions- 
Die 
vom unlegierten 
Mischkristall 
um nahezu 4 Grdssenordnungen! 


tallkonzentration auf die interkristalline 
Quecksilber 
andern 


geschwindigkeit von erkennen. 


Diffusionskonstanten sich 
Metall (Gold, mit 
50 Atom®, Aus 


erganzenden Untersuchungen bei 70 und 170°C wurde 


Kupfer) bis zum 


bei den Kupfer-Gold-Mischkristallen auch die Tem- 
peraturabhangigkeit der Diffusionskonstanten ermit- 
telt und daraus die Ablésearbeit der Atome in den 
Bei Mischkristallen 
50 Atom, ergab sich der tiberaus niedere Wert von 
etwa 2500 cal/Mol. 
Mischkristallbildung die Bindungsernergie der Atome 


Korngrenzen berechnet. mit 


nur Hieraus folgt, durch 
innerhalb der Korngrenzen stark beeinfluBt und mit 
zunehmender Mischkristallkonzentration immer mehr 
herabgesetzt wird. 


25 
Atom %Au,Zn <— 


Bild 5. Abhangigkeit der interkristallinen Diffusionskoeffi- 
zienten von Quecksilber in Kupfer-Gold- und Kupfer-Zink- 
Mischkristallen von der Mischkristallkonzentration bei 120°C. 
Der fiir 10 Atom% Zn eingezeichnete Wert entspricht auch 
dem Wert fiir 10 Atom% Au (Drahtprobe). 
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Dieser “‘Mischkristall-Effekt”’ laBt sich etwa folgen- 
dermassen erkliren: Der Einbau von Fremdatomen 
in ein Kristallgitter verursacht stets gewisse Stérungen, 
die in Gitterverzerrungen bestehen. Im Inneren eines 
Gitters werden diese St6rungen von den umgebenden 
Atomen des Basisgitters symmetrisch aufgenommen 
und ausgeglichen, so daB die Aktivierungsenergie 
(Schwellenenergie) der Fremd und Eigenatome nicht 
Befinden 


Fremdatome jedoch an einer Grenzfliche des Basis- 


wesentlich herabgesetzt wird. sich die 
gitters, zum Beispiel an einer GroBwinkel-Korngrenze, 
dann sind sie nur an den “‘halben”’ Kristall gebunden 
und die Bindungskrafte wirken nur einseitig auf sie. 
Die Gitterverzerrungen werden daher nicht symmet- 
risch ausgeglichen, sondern verstarkt, was dazu fiihrt, 


daB die 


massen “‘herausgedriickt”’ werden. Dies bedeutet aber 


Fremdatome aus dem Basisgitter gewisser- 


eine Herabsetzung ihrer Bindungsenergie an das 
Basisgitter, d.h. ihre Aktivierungsenergie (Schwel- 
lenenergie) wird entsprechend verringert. Mit zuneh- 
mender Anzahl von Fremdatomen nehmen diese 
St6érungen an Grenzflaichen immer mehr zu, wodurch 
nicht nur die Fremdatome, sondern auch die Atome 
des Basisgitters eine zunehmende Herabsetzung ihrer 
Aktivierungsenergie erfahren, die bei 50 Atom®, ihren 
kleinsten Wert Mit 
**Mischkristall-Effektes” diirfte 


der bevorzugten 


erreicht. der Erfassung dieses 


nunmehr die Frage 
der 
[hr 


Auftreten ist jedoch an eine bestimmte Voraussetzung 


nach der Ursache Korrosion 


Korngrenzen von Mischkristallen geklart sein. 


gebunden, die noch kurz besprochen werden soll. 
Die weitere Auswertung unserer Untersuchungen 
Angriff 


durch ein korrodierendes Agens kann sich die erhéhte 


fiihrte zu folgender Erkenntnis: Bei einem 
Aktivitét der Korngrenzen von Mischkristallen im 
allgemeinen nur dann auswirken, wenn dieser Angriff 
durch einen elektrochemischen Prozess in der Korn- 
Wie eingangs besprochen 
Abbau 


eines homogenen Mischkristalls unter gewissen Bedin- 


unterstiitzt wird. 


Lokalelementbildung 


grenze 


wurde, ist eine beim 


gungen mdglich, z.B. wenn die edlere Komponente 
vom einwirkenden Agens nicht angegriffen wird und 
daher auf der Oberfliche des Mischkristalls zuriick- 
sie zwar auch geldst wird, 


bleibt, oder aber, wenn 


jedoch infolge zu hoher Ionenkonzentration in der 
Nahe der Oberflache wieder zum Teil ausgefallt wird. 


Dies ist jedoch, wie leicht einzusehen, nur auf der 


unedleren Seite eines Mischkristallsystems mdglich. 


Denn nur hier sind gréssere zusammenhingende 
Bereiche aus unedleren Atomen vorhanden, die als 
Anoden wirken kénnen, wihrend sich die kathodischen 
Bereiche erst beim Abbau des Mischkristalls bilden. 


Auf der edleren Seite eines Mischkristallsystems sind 
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zusammenhingende Bereiche aus 
Atomen 
kénnten; 


da 


Lésung gehen und sich 


dagegen 
ft dl ren 


wirken 


vorhanden, die zwar als Kathoden 


fehlen 


unedleren 


jedoch die anodischen 
Atome 


aut 


es 


stets sofort in 


Ober fliic he 


Bereiche, die 


nie des 


Mischkristalls ansammeln. 


Da somit der Angriff auf der Seite « 


edleren 


Lnes 


Mischkristallsystems nicht durch einen elektro 


ertoigt 


chemischen Prozess unterstiitzt werden kann 
hier trotz der an sich vorhandenen erhéhten Aktivitat 
der Korngrenzen weder interkristalline Korrosion nocl 
Daher die 
Angrift KOnigswasse 
Kupfer-Silber-Mischkristalle 
Misch 


Spannungskorrosion. verliuft Kurve det 


Lebensdauer z.B. beim durch 
auf Kupfer-Gold-oder 
mit 0-100 Atom®,, 


kristallkonzentration. 


Gold unsymmetrisch zur 


Ferner beobachtet man_ bei 
Messing weder interkristalline Korrosion noch Span 
Einwirkung von Eisen-3-chlorid- 
Losung und anderen Agentien, 


Sonderfall 


nungskorrosion bei 
abgesehen von dem 


noch ungeklirten der Ammoniakeinwit 


kung. 

Der fiir die Auslésung der interkristallinen Korro- 
sion und Spannungskorrosion notwendige elektro- 
chemische Prozess hat offensichtlich die Aufgabe, den 
Angriff innerhalb der interkristallinen Spalte oder 
Risse durch eine leichte und rasche Entladung det 
Kationen praktisch iberhaupt Zu ermoglichen 
Andernfalls Anoriff 
gehemmt, da} er sich praktisch gar 
Dabei bleibt 


schreitendem Angriff stets anodisch 


wird der vermutlich derart 


nicht auswirken 


kann. der Kerbgrund auch bei fort 


polarisiert und 


wird durch die zuriickbleibenden edleren Atome nicht 


allmahlich abe 


| 


auren 


gegen die Einwirkung des Agens 
schirmt, wie ja auch der Oberflaichenangriff 

Atome nicht iba 
Eine Abschirmung durch die 
Mischkristalls 


das die edlere Komponente nicht any 


zurickbleibenden edleren 


edleren 


wird. 


d.h. 


Agens, 


Resistenz eines cegenubel 


vermag, tritt bekanntlich nicht bei jedem beli 

sondern erst von einem bestimmten Mindestgeha 
Mischkristall 
Hohe hingt vom Verhalten der edleren Kompon 
Agens ab. Oberhalb der 


Oberflaichenangriff, n 


it 


aul: desse 


edlerer Komponente im 


nt 


zum einwirkenden Resiste 


tritt rch inter- 


kristalline Korrosion oder Spannungskorrosion auf.‘4 


orenze weder 


Damit diirfte auch die Rolle des elektrochemischen 


Prozesses weitgehend geklirt sein. Beziiglich weitere 


Einzelheiten muB auf die zitierten Arbeiten verwiesen 


werden. 


Institut fiir Mi tallphysth 
am Max Planck-Institut fiir Metallforschunq 


Stuttgart -N, See Strasse 71 
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Dislocation configurations and densities in 
tantalum crystals* 


The better understanding of metal 
imperfections and of dislocations, in particular, has 


Since the 


desire for 


resulted in extensive research in this field. 
the | 
etch pits and edge dislocations by 


establishment of | correspondence between 
Vogel et al., a 
number of materials investigators have shown similar 
and non- 


(1) 


variety of metallic 
The 
Dunn, 
Vogel, are 


investigations in 


correspondence in a 
Amelinckx, 
Wyon 
known to the metal- 
this field. 


metals 


metallic materials. works of 


Hibbard 


Lacombe. 


and Gilman, and 


4) and 
lurgist familiar with 
Observations of dislocations in “‘pure”’ b.c.c. 
were almost non-existent until the recent 
iron by Van Wijk and Van Dijck.'® 


In this paper, the author presents a new technique 


paper on 


which is believed to reveal patterns associated with 


dislocations in tantalum. ‘Dislocation’ densities and 


configurations as inferred by these patterns are 


discussed. 
Pure (Ta 


C 0.03 max.) supplied by Metallurgical Corporation 


tantalum 99.9. Fe 0.03 max. and 


in wire and sheet form was used in this investigation. 
The study of etching was conducted on wire crystals 
of sizes up to | mm, on sheet polycrystals and single 


crystals grown by the strain-anneal method. 


Experimental procedure 


Etch pips were made visible by the following 


treatment. 30 min 


Samples were oxidized by a 


heating at 750°C in air. The oxidized samples were 
30-45 min vacuum degassing at 


the 


then subjected to a 
The 


which is apparently unstable at this temperature, 


cooling in furnace. 


the 


followed by slow 


1S00°C treatment removes surface oxide, 
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and also parts of the dissolved oxygen. The 


oxygenated samples (exact percentage oxygen has 


not been determined) were subjected, after mechanical 
polishing, to etching with a solution of 5:2:2 
H,SO,: HNO,: HF. The etch that 
this treatment believed to be 


with dislocations. 


patterns are 
are 
The slight 
different photo- 


developed by 
associated difference 
in appearance of pips as seen in 
micrographs are due to differences in length of etching. 
Longer etching times tend to produce larger pips. 
Good reproducibility in etch-pip density determina- 
tions was obtained for the wire samples. The relative 
surface—volume ratio in wire and sheet specimens and 
the effect of this ratio on oxidation, degassing, and 
heat treatment are held responsible for the observed 
differences. Similar results were also obtained on 
etching with a | 
of 48 per cent HF in water and 20 per cent of NH,F 
however, resolution of the pips 


| mixture of a 60 per cent solution 
solution in water: 
does not seem always satisfactory. 

The local regions decorated by this treatment are 
cathodic and stand in relief as determined by depth 
evaluation. This is quite different from dislocation 
observations in the bulk of investigations reported 
today, where the revealed dislocations are etch pits 
and anodic to the matrix. They are, however, similar 
to findings reported by Van Wijk and Van Dijck.‘® 
The “decoration” of the edge dislocations by oxygen 
in solid solution, or combined with tantalum, seems 
to be responsible for their etching characteristics. 

Orientation determinations discussed in the course 
of this work were carried out by the use of standard 
techniques.” 

Experimental results 

The etching patterns are best developed on the 
(112) planes. This is quite similar to the findings of 
Hibbard and Dunn”) in silicon iron. Pips are visible 
also on faces other than (112). In this case, the pip 
density is smaller and the pips are not well defined. 


Transition from a large angle grain boundary to a 
Transition is due to 
2000. 


Fic. 1. 
simple tilt small angle grain boundary. 
gradual change of the orientation in the lower grain. 
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Pip distribution typical of wire 
crystallite. 800. 


After establishing the fact that variation in etching 
times does not affect the number of pips but only 
their size, counts of pips on (112) faces were conducted 
on a large number of grains in wire samples. A pip 
density of ~3-5 x 107 per cm? was established. 

An unusual configuration of pips is shown in 


Fig. 1. Here we have a grain favourable for etching 


and next to it a grain in which a gradual change of 


orientation takes place. One can speculate that this 
is a transition from a large angle grain boundary to 
what seems to be a small angle tilt grain boundary. 
The usual type of pip distribution found in wire 
2. Occasionally, pip 


specimens is shown in Fig. 


configuration as seen in Fig. 3, 


where pips are arranged 
in bands of different densities, was also observed. 
The pip configurations in the sheet tantalum are 


different from those of the wire crystallites. In some 


crystals, pips were arranged in subgrain boundary 


walls leading to cellular distribution with cells of the 
order of 0-001 em, while in others entirely random 


distributions were observed. In other cases, grains 


Linear grouping of pips. 2000. 


Fic. 4. Etch pips in sheet specimen. 


different 
were encountered (Fig. 4). 


with pip concentrations within subgrains 
It should be pointed out 
that when pips are very closely spaced, they cannot 


be resolved and rows of pips take the appearance of 


5. Grains of different orientations LO00 


ridges. The Laue back reflection spots of these sheet 
crystals have a spread of more than one deg 
»bserved in the 


ten times as large as those 


crystallites. 


Etch pips along glide planes. 2000 
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Pip configuration associated with 
multiple slip. 2000. 


The effect of orientation in the process of delineation 
of etch pips is illustrated in Fig. 5. Here, one can see 
grains which have orientations suitable for etch pip 
delineation, i.e. (112) grains which do not etch and 
grains of orientations intermediate to those. 

When the orientation difference is great, as between 
the grain with (112) orientation and an orientation 
such that no pips are visible, the transition is associated 
with a step. The same type of orientation dependent 
etching is observed in the wire samples. 

The glide elements of tantalum have not yet been 
established. 

Preliminary measurements indicate that tantalum 
glides at room temperature on both the (110) and 
(112) planes, with (110) slip being predominant. The 
glide direction is not known but by analogy with 
iron should probably be [111]. 

Some difficulty was encountered in revealing the 
dislocations associated with elements of plastic flow. 
due to the fact that a 


siderable number of the dislocations are apparently 


This is believed to be con- 


annealed out in the course of the “‘decoration”’ treat- 
ment. However, pips were seen associated with glide 
elements in a number of polycrystals (Fig. 5) and 
single crystals. Fig. 6 shows pips as observed on the 
(112) plane of a single crystal deformed just above 
the yield point. Fig. 7 shows a pip configuration 
associated with multiple slip. 

The pip densities determined in the small grains 
with dislocation 
) 


of wires are in good agreement 


densities predicted by Gay et al.,) and is within 
the usual dislocation density range for annealed 
metal 10®-108/em?. No direct correlation between the 
width of the Laue spots and dislocation densities as 


determined from etch pip counts seems to exist. 


Summary 


Etching patterns on tantalum which are believed 
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to be associated with dislocations are described. 
**Dislocation’’ densities and distributions are discussed. 
A preliminary determination of the glide plane of 


tantalum at room temperature is reported. 
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Thermodynamics of martensitic 
transformations* 

The thermodynamics of solid-state phase trans- 
formations is considered in this note and it will be 
shown that in many problems it is inconvenient 
to base the attack on Gibbs or Helmholtz free-energy 
functions 

G TS + PV 
TS 
with their established properties. It is better to 
start from the two basic principles of thermody- 
namics, which give 
0 (3) 


(natural changes) (4a) 


or dS (reversible changes) (4b) 


The quantity qg is the heat absorbed by the system 
and w is the work done by the system. All spon- 
taneous processes must satisfy relation (4a) whereas 
can be calculated from 


equilibrium conditions 


(4b). Combination gives 


dU —TdSiw (5) 
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In many cases the work w can be expressed as 

PdV. When this holds, equation (5) is equivalent 

to dG < 0 in the special case of constant tempera- 

ture and pressure, since then 

TdS —SdT+ VdP+ Pdv 


dG dU 


- dU T dS (6) 
If instead the temperature and volume are kept 
constant, equation (5) becomes equivalent to dF < 0, 
since 

T dS SdT 


dF dU 


dU — Tds (7) 

The usefulness of the functions G and F is based 
on the fact that many transformations take place 
under constant temperature and pressure or tempera- 
ture and volume. It is not unusual for solid-state 
transformations, however, that neither the pressure 
nor the volume is kept constant and, furthermore, 
the 


there are shear stresses, for instance. It is customary")? 


work w cannot be expressed as PdV when 
in such cases to evaluate w explicitly and to use 
one of the following criteria for natural and reversible 
changes. 


dG 0 (S) 


(9) 


neglecting the difference between G and F, which is 
usually very small for condensed phases. Estimates 
have for instance yielded values around 65 
Fe—C 


of w 
cal/mol for the martensitic transformation in 
alloys.".?) 

The above procedure does not seem to have any 
advantages. It is to 
equation (5) directly. The condition for equilibrium 


more straightforward use 


should thus be written 


(10) 


Theoretically this equation is of general validity 
and there are no restrictions concerning the pressure, 
volume, temperature or any other parameter being 
kept constant. However, if a system is thermally 
isolated from its surroundings, i.e. if q¢ 
(10) cannot be used to determine 7’, because dU w 


0, equation 
and dS are both zero. The original equations (° 
1 dS bot Th l 3) 
and (+) must then be applied. 
Krisement, Houdremont and Wever') have sug- 


gested that martensitic transformations should be 
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considered as adiabatic processes because of the high 
velocity of propagation. The quantity q is then zero 
and consequently 


dU ; 0 (11) 


They state that the equilibrium 


condition for such a process is 


quite correctly 


dS (12) 


If the transformation of a region containing | mol. 


is considered, these equations can be written 
TA Al 
U“(T,) 


0 = UT,) 


T,) — 84(T,)] (14) 
The superscripts A and M denote the parent phase and 
the transformation product. lr. is the temperature ol 
the parent phase before the transformation and 7’, is 
the temperature of the new phase immediately after 
its formation. If the value of w is known and also U 
and S of the two phases at different temperatures, 7’, 
and 7', can be calculated from equations (13) and 
(14). At this point, however, Krisement ef al. argue 
that dS is the difference between two large quantities 
Without 


any further explanation they instead introduce the 


and cannot be evaluated accurately enough 


condition 


F4(T,) 


1A rr 
Ss (7) 


on this 


and 


shown 


and they base their calculation of le 


equation and equation (13). It will be her 


to 


that this procedure leads 
all 


two original equations 


and 


the 


results 


erroneous 


should therefore be based on 


(13) and (14). 
In a reasonably small temperature rangé 


cood approximation to consider the specific he 


calculations 


It is a 
‘at of the 
parent phase c, and the difference in internal energy 
of U™(T) U4*(T) 


S4(7'), as independent of temperature. 


and entropy the two phases, 
and S“(7) 
Denote these differences by AU’ and AS. 


(13) and (14) then give 
AU 


Kquations 


(13 
dF +w<0 
o 7 
= 
dU +w 
7 || 
dS 
UA(T,) 
16) 
AS = S4(T,) — 
¢-In Ty/T, 17) 
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These equations can be solved for 7) and 7. One 


obtains 


AU w AS 


AS 


AS/c] 


(19) 
AS/2c 


where 7’, denotes the equilibrium temperature under 
isothermal conditions, which can be calculated directly 


from equation (10). 


20) 


The instead of (14) by 


Krisement et al. vields an expression for 7’, identical 
1 


suggested 


relation (15) 
to this expression for 7’,, whereas our result indicates 
that 7’, 
Tas T 

The 


Assuming 


is situated approximately as much above 
is Situated below 7’ 
ot and T is 


transformation 


0 


significance the following. 


that a martensitic takes 
lace adiabatically and reversibly, the parent phase 
} | I 


cooled to T 


taneously to the new phase. 


must be in order to transform spon- 


In the first moment this 
but it 


Once the 


new phase will have the temperature 7’, will 


soon be cooled to 7’, by its surroundings. 
reaction has taken place it will be necessary in order 
for the reaction to reverse to have the new phase and 
heated to the 
phase which is then 
the 


calculated 


whole 
The 
aquire the temperature 7’, in 
This 


directly from equation (16). 


consequently the specimen 


temperature T';. parent 


regenerated will 


first moment. hysteresis can be 


T T (21) 


In an actual case it cannot be expected that all 
done by the martensitic transformation 
The actual 


the work, w, 
can be recovered on the reverse reaction. 


hysteresis might therefore be much higher. It can 
be calculated from the first parts of equations (18) 
and (19) using different values of w in the two equa- 
tions. 

It has 


appreciably decreased if the transformations are 


been shown”: that the hysteresis is 


studied under plastic deformation of a specimen, 
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supposedly because the necessary work w is decreased 
Py 
The 


between the w values for the primary reaction and 


almost to zero by this technique. difference 


for its reverse would then be negligible. However, 
there would still be a remaining hysteresis according 
to equation (21). The following comparison with 
Kaufman and Cohen‘? 
found that the remaining hysteresis is about 100 
for Fe—Ni alloys with about 30 at. cent Ni. 
With the values 7’, = 450°K, — AS 1.5 cal/mol. “KK 
7 cal/mol. “K, equation (21) 


agreement 


experiments can be made. 
per 


vields an 
the 


and ¢ 
hysteresis of 95°, in good with 
experimental value. 

treated 


then be 


transformations are 


The 


computed from experimental data on the 1/7, tempera- 


Usually martensitic 


as isothermal processes. work w can 


ture by identifying this temperature with 7',, given 
by equation (20). The result from such calculations 
is about 350 cal/mol. for Fe—C alloys®) and is thus in 
conflict with the previously mentioned w values of 
only 65 cal/mol. obtained from direct estimates of w. 
introduced the adiabatic 


Krisement ef al. concept 


in order to resolve this conflict. When identifying 
the experimental 7, temperature with 7, in their 
adiabatic treatment, they obtained w values around 
The the 


values of 65 cal/mol. was so good that the 


SO cal/mol. agreement with estimated w 
conflict 
seemed to be resolved. However, if the calculation 
of w from re is based on the proper equation (LS), 
w values of about 200 cal/mol. are obtained instead 
of 80. It thus appears impossible to eliminate the 
discrepancy in the w values merely by introducing 
the hand, the 


remaining discrepancy is no reason for abandoning 


the adiabatic concept. On other 


the adiabatic treatment. In fact, it is quite possible 
that a value of 65 cal/mol. vields the correct criterion 
for the continuation of the growth of an already 
nucleated plate of martensite whereas a value of 
200 cal/mol. determines the start of the formation of 
such a plate. There is no reason to expect that a 
single value of w should apply to all stages of the 
formation of a plate. 

Metallografiska Institute M. HILLertT 
Stockholm, Sweden. 
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|) [exp ASJe — 1] 
~ (18) 
AS/2c 
AU + w AS 
exp AS /e exp 
=) 
| 
AS 
AU + w AS 
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On the martensite crystal* 


. . 
rhere have been proposed many theories concerning 
the martensite transformation. In almost all of them 
it is assumed that the martensite plate is subjected 


to slipping or fine twinning-like deformation during 
the transformation. Actually the present writers") 
formerly found fine lamellae of spacing 200 A on the 
surface relief of the martensite in an Fe—30 per cent 


Ni alloy. Thus a question arises whether the mar- 
tensite plate is a single crystal or not. The single 


crystal idea is supported by Scheil’s experiment,” in 


which there are found parallel straight line markings 
throughout a deformed martensite plate. For further 
confirmation of this idea, the present writers carried 
out an electron-microscopic study observing small 
etch pits formed in the martensite. 

The specimen used is Fe—30-64 per cent Ni alloy. 
After it underwent transformation by cooling to 0°C, 
it was etched with a reagent of 3 per cent HCl-2 per 
cent zephiran chloride in alcohol. Then replicas for 


electron microscopy were made by the process of 
methylmethacrylate—carbon film—chromium shadow. 
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Figs. 1-3 are typical examples of the electron- 
micrographs taken with these replicas. They cor- 
respond to the framed areas in the optical micro- 
graphs inserted at their corner. Each of them shows 


part of a martensite plate and exhibits a number of 


etch pits, the shape of which is similar all over the 
martensite plate and seems to be characteristic of 
the orientation of the plate. Similar etch pits are 
also found in the mid-rib region, where a peculiar 
etch figure is also seen different from that of the 
ground region. 

These facts suggest that the martensite plate is a 
single crystal, and that the mid-rib region has almost 
the same orientation as the ground but more lattice 
imperfection than the latter. A detailed report on the 
present work will be published elsewhere. 

Z. NISHIYAMA 
Institute of Scientific and K. SHIMIZU 
Industrial Research 
Osaka University 
Sakai, Osaka, Japan 
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Examen métallographique d’uranium 
irradie* 

Nous avons fait des examens métallographiques 
d’échantillons d’uranium pris dans les barreaux d’une 
pile. Nous avons choisi des barreaux qui avaient 
fourni des énergies depuis 17 MW jours par tonne 
jusqu’a 220 MWj/t. Quand cette énergie croit des 
macles fines apparaissent de plus en plus nombreuses. 
Au dessus de 100 MWj/t ces macles se courbent 
traduisant ainsi des déformations locales importantes 
du métal (Fig. 1). Ces déformations apparaissent 
également de facon nette sous forme d’un cisaillement 
des macles au croisement avec d’autres macles (Fig. 2); 
elles semblent proportionnelles 4 l’énergie fournie 
(Fig. 3). La déformation de l’échantillon le plus 
irradié est de l’ordre de 30°, en accord avec l’ordre de 
grandeur des changements de forme observés sur les 
monocristaux.") 

Pour les échantillons correspondant 4 220 MWj/t 
nous avons observé une recristallisation. La tem- 
pérature des barreaux dans lesquels le phénoméne se 
produit était voisine de 300° en surface; on peut 
estimer grossiérement a 350° la température au centre 


Fic. 2. Energie fournie par la barre: 220 MWj/t 


de ceux-ci. La recristallisation se fait comme dans le L.P. (x 450) 
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Fic. 3. 140 MWj/t 


Energie fournie par la barre: 
L.P. (x 450). 


Fic. 4. Energie fournie par la barre: 220 MW)j/t 
L.P. (xX 225). 
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cas des métaux écrouis par la croissance de germes. 
Ceux-ci ne donnent pas lieu 4 un grain unique mais 
la di- 


La répartition de 


a une boule de grains assez fins en regard de 
mension initiale de ceux du métal. 
ces boules dans une section d’un barreau semble due 
au hasard (Fig. 4). 

Des fissures apparaissent pour des énergies voisines 


de MWj/t. Elles et 


généralement intracristallines 


200 sont assez nombreuses 


Aucune loi simple ne 
nous apparait pour l’instant quant a leur point de 


départ ou a leur répartition 


Ne Yr? de Radiométallurgi« 
Départe ment de Meétallurgie el 
C.E.A. France 


Ch am 


Référence 
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Uber den Einfluss einer elastischen Spannung 

sowie des Legierungsgehaltes auf die Ausschei- 

dungsgeschwindigkeit von Kohlenstoff bzw. 
Stickstoff im a-Eisen* 

Die Zeitkonstante 7 der Ausscheidung iibersattigt 
gel6sten Kohlenstoffs und Stickstoffs aus dem Ferrit 
ist ausser von der Temperatur vom Verformungsgrad 
sowie von der Konzentration der betreffenden Atome 
Es 


Beziehung: 7 


ist anzunehmen, dass gemiass det 


abhangig. 
l*/D dieser Einfluss im wesentlichen 
Anderung des mittleren Keimabstandes / 


l-* der als Ausscheidungskeime wirkenden Stufen- 


durch eine 


bzw. der auf die Flacheneinheit bezogenen 


versetzungen hervorgerufen wird und nicht durch eine 
D. Wie 


von Koster u 


Anderung der Diffusionskonstanten man 


insbesondere aus Untersuchungen 
Mitarb.“ entnehmen kann, ist nimlich die Tempera- 
turlage des Maximums der Snoek-Dampfung nahezu 
unabhangig vom Verformungsgrad, was bekanntlich 
an C- bzw N- 


kann daraus schliessen, dass die 


beziiglich der Konzentration 
Man 
durch den Verformungsgrad bzw 
halt Dichte 


Versetzungslinien 


auch 
Atomen gilt. 
den Legierungsge- 
Ortliche Verteilung der 


bedingte und 


massgeblich die Ausscheidungski- 
netik bestimmen. 

Untersuchungen in dieser Richtung erstreckten sich 
bel 


bisher vorwiegend auf hohe Verformungsgrade, 


welchen eine starke Zunahme von L experimentell von 


Harper™ bestatigt wurde, wahrend tiber den Einfluss 


geringer, insbesondere elastischer Verformungen wenig 


bekannt ist. In diesem Zusammenhang wurde auch 
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der Einfluss der Legierungskonzentration untersucht, 
wortiber nach unserer Kenntnis bisher ebenfalls noch 
keine genaueren Unterlagen vorliegen. 

Elastische Spannungen miissten beispielsweise in 
spannungsfrei gegliihtem Material mit homogener 
Versetzungsliniendichte eine Erh6hung von 7 bewirken, 
da aus der gegenseitigen Annaherung von Stufenver- 
setzungslinien ungleichen Vorzeichens eine Verringe- 
rung ihrer Keimwirkungssphire resultiert. Unsere 
Untersuchungen an aufgekohlten bzw. aufgestickten 
Reinsteisendrihten sowie an Drahten aus einer im 
Vakuum erschmolzenen Eisen-Kohlenstoff-Legierung 
etwas geringeren Reinheitsgrades mit einem Phosphor- 
gehalt von 0,014°, sprechen fiir diese Auffassung. 

Zur Versuchsdurchfiihrung sei Folgendes bemerkt: 
720°C 


wurden die 


Nach dem Lésungsgliihen im Vakuumofen bei 
Wasser 
Drahtproben in einem besonderen Ofen bei 90°C 
Von Drahtsorte stets 


Proben gleichzeitig gealtert, eine als Vergleichsprobe 


und schroffem Abschrekken in 


gealtert. jeder wurden zZWel 
ohne Spannungsbelastung, die andere mit einer Zug- 


Nahe der 


Eine Spezialhalterung sorgte fiir inni- 


beanspruchung von 7,3 kg/mm®* in der 
Kriechgrenze. 
gen thermischen Kontakt der beiden Proben; ebenso 
wurde das Lésungsgliihen und Abschrecken der beiden 
Proben in einer gemeinsamen Halterung vorgenommen, 
so dass die gesamte Wiarmebehandlung unter iden- 
tischen Bedingungen erfolgte. Zur Bestimmung der 
Ausscheidungskinetik wurde der Maximalbetrag Q der 
Snoek-Dampfung an den Drahtproben im Torsions 
pendel bei 1 Hz gemessen. Hierzu wurden die Proben 
in passend gewahlten zeitlichen Abstaénden aus dem 
Alterungsofen genommen und in das Torsionspendel 
gespannt. 

Das Ergenbis einer Messung an einer Fe-C-Legierung 


mit 0.015°, P zeigt Abb. 1. 


Aufgetragen ist 
logarith- 


Wwrirt t @ 


f(t) in doppelt 


2 10° 


t min 


10 


Ass. |. Logarithmus des Verhaltnisses c,/c als Funktion der 
Alterungszeit ¢ bei 90°C fiir eine Fe-C-Legierung mit 0,015% P. 
Messwerte unter Zugspannung von 7,3 kg/mm? 


Messwerte ohne Zugspannung. 
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mischem Masstab, wobei On der Maximalbetrag der 
0, Q nach Ablauf der Zeit ¢ 


Wegen der bei geringen 


Snoek-Dampfung fiir f 

und Q,, fiir t— 0 ist. 
C-Gehalten unter 0,02°, geltenden linearen Abhangig- 
keit zwischen 0 und der Konzentration des gelésten 


Kohlenstoffs gilt dann auch In c)/e = f(t) (¢g Anfangs- 


konzentration der gelésten C-Atome, c Konzentration 


nach der Alterungszeit t). Man erkennt eine merkliche, 


wenn auch geringe Verz6gerune der Ausscheidung bei 
der belasteten Probe. 


In der folgenden Tabelle sind die Messergebnisse 


zusammengestellt. 
TABELLE | 


oO 


Proben Nr. Zusatz |Gew. min 


O17 C 
14 C 
O13 C 
OLOC 
O08 C 
006 C 
0,016 C 
O16C 
O13 N 
N 


OD 


0.015 P 
0.015 P 
0,015 P 


Spalte 3 enthalt die jeweiligen Ausscheidungszeit- 
Spalte 4 die relative 


Erhéhung Ar/7 infolge der Zugbeanspruchung. Samt- 


konstanten 7 fiir In c,/e l. 


liche Proben, ausgenommen Nr. 1 und 5, zeigen den 
erwarteten Effekt. 
den Proben 1 u. 5 auftretenden Abweichungen durch 


Es ist zu vermuten, dass die bei 


0-005 0-01 


C bzw C+P in Gew % 


ABB. 2. Alterungszeitwert 7 als Funktion des C bzw. 
Ge-Gehaltes. 
reine Fe-C-Proben 


Fe-C-Proben mit P-Zusatz. 


1/2 0 
3 ] 0,2 
4 2 0.2 
5 0 
6 3.3 0,1 
7 3.6 
0.6 0.2 
10 0.7 0.2 
1] 0.75 0.1 
12 0.75 0.1 
= 
2°O} 
| 
| | 
= | 
\| 
10 — 0-02 
10° 


TO 


Effekte 
infolge des Abschrekkens) bedingt sind. 

Ferner sind in Abb. 2 die 7-Werte fiir die unter- 
Fe-C-Legierungen als C-Ge- 
Die beobachtete erhebliche Ab- 


nahme der 7-Werte mit steigender C-Konzentration 


sekundire (etwa Homogenititsunterschiede 


suchten Funktion des 


haltes aufgetragen. 


deutet auf eine entsprechende Zunahme der Verset- 


zungsliniendichte L. Demgegeniiber kommt (wie 
bereits erwihnt) eine Anderung der Diffusionskon- 
stanten als Ursache kaum in Frage, da in diesem Fall 
entgegen dem experimentellen Befund eine konzen- 
Snoek-Maxi- 


sollte. 


trationsabhangige Verschiebung des 


mums um ca. 15°C fiir 0,02°% C auftreten 
Ausserdem ist bemerkenswert, dass die Legierung mit 
Phosphorzusatz sich dem Kurvenverlauf in Abb. 2 gut 
einordnet, wenn man als Abszisse die atomare Gesamt- 
konzentration nimmt, was darauf schliessen liasst, dass 
die Wechselwirkung zwischen den Versetzungen und 
den C-bzw. P-Atomen von gleicher Grésse nordnung 
ist. ther- 


mischen Vorgeschichte diirften bei derartigen Legie- 


Untersuchungen iiber den Einfluss der 


rungen in diesem Zusammenhang von besonderem 
Interesse sein. 

H. J. SEEMANN 
Saarbriicken, Universitit M. Stou 


Institut fiir Metallforschung 
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An interpretation of the apparently 
anomalous hardness results of 
germanium-silicon alloys* 


The hardness of single-phase germanium-silicon 


alloys has been measured by Wang and Alexander" 


and was found to vary approximately linearly with 
composition across the phase diagram. These results 
at first appear anomalous since hardness measure- 
ments on all other binary systems in which there is 
complete miscibility show a pronounced maximum. 
Various theories of solid solution hardening have been 
advanced in the past to explain this observed maxi- 
mum. At first glance the results on the germanium 
silicon system seem irreconcilable with these theories; 
it is the purpose of this letter, however, to show that 
the results are consistent with general solid solution 
hardening theory. 

Unfortunately, particularly 


but Tabor 


hardness is not a 


fundamental parameter to analyze 
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has shown that indentation hardness measurements 
such as were made in this case are essentially propor- 
tional to the yield stress of the material being tested 
Let that 
germanium-silicon alloys varies linearly 


In turn the yield 


us assume, therefore, the yield point of 


with com 


position in view of Tabor’s analysis 


point is a measure of the stress needed to initiate 


dislocation glide. It can be presumed, therefore, that 
the critical stress for initiation of dislocation glide in 
germanium-silicon varies linearly with 


the system 


composition This observation needs to be reconciled 
with two theories of hardening which both predict 
an increase in critical stress with solute additions 


ot 


depends on the existence of short-range order in the 


Fisher's theory solid solution hardening™ 


alloy. Virtually every binary alloy system known 
even though complete miscibility may be evidenced 
deviates considerably from thermodynamic ideality 
This lack of ideality is reflected in a non-zero heat of 
mixing, a volume change upon mixing and is also 
reflected in the shape of the liquidus and solidus 
short-range ordering 


that 


and hence results in 


twofold 


curves 


There is evidence, however. the ger- 


manium-silicon system may be unique in being close 


to ideal. First, it has been found that Vegard’s law is 


followed across the entire diagram with very slight 
negative deviation,“ hence the volume change upon 
mixing is close to zero indicating very little interaction 


Secondly, Thurmond"? has calculated liquidus and 


solidus curves for the germanium-silicon system 


using equations which assume ideality, and finds clos 
agreement with the experimentally determined phase 
conclusion 


diagram.'*) These observations lead to the 


that the heat of mixing in the germanium-silicon sys 


not zero: and thus short-range 


Hence 


should not contribute to hardening in 


tem is very small, if 


ordering will be negligible this mechanism 


this particular 
system. 
The other 


concerns the pinning of dislocations by solute ato 


hardening mechanism to be considered 


3esides the presence of germanium and silicon 


solution 


l) for 


re are impurity atoms present 1n 


impurity level is stated in the 


alloys used in making hardness measurements, but an 


impurity level of about 10'4/em? with a dislocation 


[mpurity atoms will 


of 


density of 104/cm®? is reasonable 
ot 


solute 


result 
In 


either germanium or silicon considered as the 


oul 


be attracted to dislocations as a 


and elastic interaction in general the case 


the coulombic term will be zero since the 


the 


howev er, 
the 


solvent and solute have same valence and 


elastic term will be quite small, since the size disparity 


is small. An impurity level of 10'/em® is more than 


atoms 
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enough to provide a substantial atmosphere around 
the dislocations, and since the interaction between 


dislocations and either germanium or silicon is 


probably much smaller than that with the other 


impurities, their presence as solute will not affect the 


atmosphere. This means, therefore, that strengthen- 
ing will not result from the presence of germanium or 
silicon as solute by the above mechanism unless the 
purity of the solvent is extremely high. 

In view of the above discussion, the yield stress or 
stress to initiate dislocation glide will therefore be 
proportional only to the shear modulus of the alloy.‘® 
We now 


with composition. 


have to consider how the modulus varies 
It is normally observed in metal 
alloy systems that a lowering of the modulus occurs 
upon solute.“;8) Zener 


sidered this problem and finds a good correlation 


addition of a has con- 
between the lowering of the modulus ~ upon solute 
addition and the residual strain energy resulting from 
atomic size disparity (AR/F) through the following 
equations: 
du 

In the above equation C is the solute mole fraction, 7’ 
is absolute temperature, k is Boltzmann’s constant, 
and NV is the number of atoms per unit volume. The 
shear modulus of silicon and the derivative du/dT are 
available“ and substitution into equation (1) yields a 
value of du/dC too small to be detected when silicon 
is the solvent. No value of du/dT for germanium 
is available but it is probably similar to that of silicon. 
Hence the modulus of germanium will probably not 
be altered by this mechanism either. It can therefore 
be concluded that the effect of residual strain energy 
on the modulus due to size disparity between ger- 
manium and silicon is negligible. 

The modulus of the germanium-silicon alloys is 
dependent on composition, however, since the moduli 
of pure germanium and pure silicon are not the same. 
As was stated earlier, 


This will now be considered. 


germanium-silicon alloys can be considered as 


thermodynamically ideal, therefore the number of 


pairs of gerrmanium-—germanium bonds is given by 


2X 2N, 


Pi, 


where X, represents the mole fraction of germanium 


and N, is Avogadro’s number. The 


silicon—silicon bonds is 
X,)°No 

and the number of silicon—germanium bonds is“! 

Pie = 


4X,(1 — X,)N, 


number of 
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We can consider each type of bond to be characterized 
by a force constant k,;; which is proportional to the 
second derivative of bond energy with strain. As a 
with composi- 


first approximation the variation of k;, 


tion will be neglected. For an ideal solid solution” 


= 1/2(E,, 


412 E59) 
1/2(k,, 


kao). 


hence ky. 
The average force constant *& for the alloy will be 
simply the weighted average of those above 
Py, 
2 
Py 


. 
12 


kyo Poo 


Substituting values of P,,, Py. and Py, 


kyo) (3) 


96 


It is to be expected that the modulus wu is proportional 
to k for the alloy, therefore 


u alloy ~ X,(k,, Ky) Koo (4) 


and is found to vary linearly with mole fraction X,. 
The calculated critical stress for dislocation glide and 


thus ultimately the hardness, therefore, will be 


proportional to mole fraction for the particular system 


being considered in agreement with experimental 


observation. R. A. 


Minneapolis-Honeywell Research Center 
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Anelasticity in alloys of Cd and Mg* 

There is presently known a fairly large group of 
substitutional alloys which exhibit an internal friction 
While the 
complete details of the mechanics of this energy loss 


peak caused by stress-induced ordering. 


are not known, various studies have indicated that 
reliable information of two types might be obtained 
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from this internal friction effect. One of these is the 
rate of atom movements in the alloys; the other, 
information about the natural order occurring in them. 
The present study is an attempt to further our know- 
ledge of these two facts in the alloy system Cd—Mg 
using internal friction methods. 

The existence of long-range order in this system has 
been known for many years, but in spite of this not 
much progress has been made in understanding it. 
Little conclusive work has been done. Two reasons for 
this relative lack of work are (1) the great tendency of 
the alloys to oxidize (making specimen handling 
difficult) and (2) the scarcity of reliable information 
about the constitution diagram. There has, however, 
been a small group of fairly convincing work published. 
Some of the facts pertinent to the present paper which 


studies will be 


have been established from these 
summarized in the next paragraphs. 

Ordered structures which are modifications of the 
hexagonal cells of the pure constituents exist at the 
compositions MgCd,, MgCd and Mg,Cd. The first of 
these has been studied extensively recently by Wallace 
and his co-workers using X-ray and thermal measure- 
ments™ and by Lulay and Wert using internal 
friction measurements. As a result of these investi- 
gations the Cd rich alloys up to 25 per cent Mg are 
fairly well understood and the constitution diagram 
in this region seems to be well established; at least for 
that part near room temperature. 

At the other end of the constitution diagram, in the 
region between 50 per cent and 100 per cent Mg, there 
do not exist great differences of opinion between 
various researchers.“ The reader is referred to the 
earlier papers for facts about these alloys. 

The region between 25 per cent and 50 per cent Mg 
has provided the greatest amount of controversy. In 
particular the region about 31 per cent Mg is quite in 
doubt. The present study was an attempt to push 
further the internal friction studies cited above into 
this region to see if they could add anything new. 

The experimental technique was the same as that of 
Lulay and Wert. Wires about 0.030 in. in diameter 
were cast in Pyrex capillaries. Internal friction 
measurements were made on these wires at a frequency 
of 1 c/s with a conventional torsional pendulum. The 


position of the peak in temperature and the magnitude 
of the peak were measured as a function of composition. 
All of the peaks observed occurred around room 


temperature, indicating that atom movements were 
occurring at roughly one place-change per second at 
that temperature. There was in fact a slight syste- 
matic variation with concentration in the temperature 
of the peak, but this variation was rather small. The 
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Fic. 1. Magnitude of damping peak versus composition. 


Solid circles between 0 and 25 per cent Mg were plotted from 
the data of Lulay and Wert. 


activation energies for the peaks were about 19,000 
cal/mol. 

Of most interest was the magnitude of the damping 
peak ; thishadan unusual dependence on concentration. 
In Fig. 1 there is plotted the peak height as a function 
of concentration between MgCd, and MgCd. Its shape 
was somewhat as had been anticipated and it may be 
explained on a fairly rational basis. 

Most interesting in the interpretation of this curve is 
our attempt to deduce from it the possible structures 
of the various alloy phases. This will be done in the 
following. The damping is about zero at 25 per cent Mg 
because this alloy is nearly ordered at room tempera- 
ture and the small external stress cannot alter the 
degree of order appreciably. The damping then rises 
rather uniformly from 25 per cent to 30 per cent Mg as 
though this is a two-phase region—one phase, the 
ordered MgCd, and the other a disordered solid 
solution of about 30 per cent Mg. Just above this point 
the pronounced dip in the damping peak shows that 
much of the volume of the alloy is not participating in 
This 
either a new phase or of another ordered structure at 
this composition. (This is the 
MgCd,.) From this minimum the damping then rises 
to a high value at 32 per cent Mg; presumably another 
The steady decline in the 


the damping process. indicates formation of 


almost composition 


solid solution exists here 
peak height to near zero at about 40 per cent Mg is 
characteristic of another two-phase region; the 
constituents being the solid solution of 32 per cent Mg 
and some other phase of about 40 per cent Mg, 
presumably based on the MgCd structure type 

The nature of the region between 40 per cent and 
50 per cent Mg cannot be deduced from these measure- 
ments. Any phases existing here must have either 
much greater or much less atomic mobility than that 
characteristic of the alloys of higher Cd content; this is 
so since no peak is observed for these alloys between 


~50°C and 100°C. The earlier work of Wert shows 


131 
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that the atomic mobility must be less in this region. 
The ordered MeCd 


exhibit no damping peak at all, and indeed it does 


structure ought, of course, to 


not. 


All of these assignments of various phases which 


might exist at room temperature are self-consistent 
and are consistent with one or more pieces of work 
Since many of these are themselves 


difficult to 


reported earlier 


somewhat contradictory, it is make a 


really conclusive picture. 
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Oxygen as an impurity in high-purity lead* 
The purpose of this note is to point out the possible 
importance of small amounts of high- 


lead 


investigations. 


oxygen in 
such 


purity” as that used recently in several 
The suggestions arose from the 
consideration of some creep tests on high-purity and 


commercial lead which are summarized in this note: 
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these results also indicated that some creep character- 
istics are systematically affected by annealing but 
that this sensitivity is less when oxygen or other 
impurities are present. 

The experiments reported here were made using 
three grades of lead, namely: A—special high-purity 
lead (0-0008 per cent total of impurities) from which 
the had 
with 


oxygen been substantially removed by 


reduction hydrogen casting in 
vacuo (10-2 mm Hg): B—the same lead 4. 
but 450°C) 


high-purity commercial lead (0-008 per cent impuri- 


followed by 
hydro- 
gen-reduced cast in air at and C—a 
ties) hydrogen-treated and cast in vacuo (107? mm 


Hg). 


annealed in air. 


Specimens were made from extruded bar and 


Table 1 shows the values for creep characteristics 
of the three types of lead in creep under constant 
$00 Ib/in?. The top half 
of the table gives results for specimens annealed for 
hr at 100°C. 


revealed a 


load with the initial stress 
It will be seen that these specimens 


marked decrease in creep rate with 


decrease in purity, although grain size also decreased: 
this that (6,7) 


lead 


B has produced changes in some properties com- 


trend is contrary to normally found. 


Also, the impurity introduced by air-casting 
parable to a change in purity from 99-999 to 99-99 per 
cent (leads A and (). The amount of oxygen present 
in lead B the 
Richardson and Webb‘ to be less than 0-00005 wt 


can be estimated from results of 
per cent (0-00065 at. per cent): from examination of 
microstructures this would appear to be retained in 
solid solution. 


Table | 


with purity for specimens annealed 8 hr at 


shows similar changes 


The lower half of 


but the extent of the changes is generally less because 
the high-purity lead A was more affected by annealing 


than the other materials. The effect of duration of 


Effect of impurities on creep characteristics of lead. Tests at 400 |b/in? 


Anneal 
tine 


hr 


Initial 
extension 


Grains creep 


per mm) 


days 


{ High purity 
vacuum 

B High purity 
air) 

C Commercial, 


high purity 


A High purity 
(vacuum) 

B High purity 
(air) 

C Commercial, 
high purity 


End of primary 


Min. creep Strain at Fracture 


rate recrystallization 


days! (X10-4) ) 


oO 


days tvpe 


320 Knife edge 


(12) (300) continuing) 


35 982 srittle 


40 300 Knife edge 


(12) (300) (continuing) 


35 Brittle 


— 
2-8 0-57 1-6 6 9-5 2-7 0) 
6-2 0-43 2-8 27 4-5 4-2 
l 8-0 0-36 3-0 50 3°3 9-0 a 
8 2-5 050 6-3 31 
15 0-36 30 4-7 4 
8 8-4 0-30 5-0 100 2:7 10-0 CCC 
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anneal has been studied more extensively and will 
be reported elsewhere; the point of interest here is 
that if the lead used is made free from oxygen it then 
becomes sensitive to heat-treatment in this way and 
can only be regarded as stable after annealing for 
several hours after recrystallization. 

The effect of oxygen appears to be relevant to the 
investigations cited above in ways which will now be 
indicated. 

In his work on the creep of lead, Feltham” has 
attempted to correlate characteristics such as those 
given in Table 1 with equations based on rate theory. 
He used lead nominally about the purity of lead C 
but presumably air-cast and so less pure than lead ( 
There appears to be some variability in his results; 
e.g. not all specimens recrystallized during creep 
under conditions which might have been expected to 
lead to recrystallization. Feltham used long periods 
of annealing in vacuo at high temperatures for his 
specimens, thus fully “ageing” them, where ageing 
refers to the kind of changes shown to occur with 
time in Table 1. Thus, Feltham’s work may have 
to be put in the context of experiments on rather 
complex alloys and not high-purity materials. 

2) studied self-diffusion in 


Okkerse' “high-grade” 


lead, vacuum-cast: he deduced activation energies 
for body and grain-boundary self-diffusion. Alloying 
additions of about 1 at. per cent of silver, cadmium 
and tin were found to have no effect on these activa- 
tion energies. This lack of sensitivity to alloying, 
well within the limits of solubility except for silver, 
might well result from the fact that the basis material 
the ot 


This might also account for the apparent 


already contained almost solid solubility 
oxygen. 
lack of agreement between Okkerse and some previous 
investigators. 

The conclusions on Thomas and Chalmers and, 
later, of Maroun, et al.“ concerning the segregation 
the of lead 


bicrystals may also be affected by these considerations 


of polonium in boundaries bismuth 
of purity. Maroun et al. point out that the observed 
segregation of polonium at the boundaries where 
they meet the surface may be connected with the 
fore 
the 
give 


still 


fact that polonium oxidizes readily and is ther 
trapped at the surface after diffusing along 
boundary. Although Thomas and Chalmers‘® 
good reasons for rejecting this suggestion, it is 
possible that the observed segregation may be affected 
by the presence of oxygen in the lead—bismuth alloy. 
If oxygen segregates at boundaries, the very small 
amount of polonium in the specimen might be con- 
centrated at the boundaries by its affinity to oxygen. 
Thus, the concentration at a boundary of so small an 
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amount of polonium (1 in 10!) would not be as 
surprising as originally thought. 


We 


Schumacher" 


following Greenwood 10 


12 that 


must conclude 


l 


and Bleakney very small 


traces of impurities have important effects on the 


lead. 


impurity 


most 
ad 


because it is nearly always present in amounts close 


properties ot Oxygen is probably the 


dangerous in so-called high-purity le 


to the limit of solid solubility but it is seldom looked 
for in analysis. Casting and annealing in vacuo or an 


inert atmosphere do not overcome the problem of 


oxygen impurity because oxygen is usually present 


Until it can be 


manutacture. 
effects 


are of no importance it would appear to be necessary 


melting during 
that the 


from 


established suggested in this note 


and 


lead, ¢ 


thoroughly annealed, for any work of a 


to use hydrogen-reduced ‘ast VACU 


tit 
fundamental 
nature. 

R. C, GIFKINS 
Commonwealth Scie ntific Industrial 
Research Organization 
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Baillieu Laboratory 
University of Melbourne, 


lustralia 
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Antiferromagnetism in titanium hydride* 


paper Wohlfarth discussing anti 
ferromagnetism in TiH,, suggested that it was due 
the intermediary 


Molecular 


rather than atomic hydrogen in the interstices of the 


In a recent 


to superexchange™ through 


hydrogen in molecular form. hydrogen 


metal was proposed in order to provide the two 
electrons of opposite spin necessary for superexchange 
ot 


established 


A later neutron diffraction study the titanium 


hydrogen system by Sidhu et al that 
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titanium hydride has the fluorite structure with hydro- 
gen atoms existing in the tetrahedral interstices of a 
The fact that 


hydrogen is not bimolecular does not rule out super- 


face-centered cubic titanium lattice. 


exchange as the cause of the antiferromagnetism, 
however, since an alternative explanation can be 
given. 

It has been shown") that hydrides of the Group III 
and IV transition metals are largely ionic in character, 
cations and hydride anions 


consisting of metal 


having a radius of 1.3 A. The hydride anions can, 


therefore, act as intermediaries in a superexchange 
mechanism between titanium cations. An s electron 
is transferred from an H~ anion to a d orbital in a 


neighboring titanium cation to form a neutral H 
atom. The other s electron, having a spin opposite to 
the first, interacts with another neighboring titanium 
cation. Since these are s orbital electrons having 
spherical symmetry about the hydrogen, it is not 
necessary for the hydrogen to be collinear with the 
two titanium cations (as opposed to the case of O~ in 
MnO, where p orbitals engage in the superexchange 
mechanism). Actually the angle between the hydrogen 
anion and the two titanium cations in the fluorite 
the 109°29’. Non- 


linear superexchange has also been observed‘) in 


structure is tetrahedral one of 


spinels. Thus, antiferromagnetism in titanium hydride 
is further evidence for the ionic nature of transition 
metal hydrides. 

G. G. LiBpow1Tz 
Atomics International 
A Division of North American Aviation, Inc. 
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A new type of grain-boundary precipitate 
observed in cast steel* 


Cast nickel-chromium steels containing more than 
5 per cent total alloying content frequently exhibit 
intergranular brittleness, particularly on tempering 


Normal 


microscopic examination of polished sections has 


the cast steel in the range 500-650°C.",2,3) 


failed to reveal precipitation, although preferential 
attack at the grain boundaries often occurs on etching. 


VOL. 6, 


1. Extraction replica from fracture 
surface. 4000. 


This has led other workers to ascribe the weakness to 
grain-boundary segregation. 

Using a steel containing 0.13 per cent C, 4.0 per 
cent Ni. 1.38 per cent Cr, 0.49 per cent Mn, 0.013 per 
cent P and 0.015 per cent 8, we have examined the 
fracture surfaces directly with the carbon extraction 
replica technique™ where a thin film (200-500 A) of 
carbon is evaporated on to the fresh fracture surface. 
The surface is then etched in 5 per cent nital through 
the replica to free the carbon film, which can be 
floated off in water taking with it any precipitate 
lying along the grain boundaries. The replicas were 
then examined in an electron microscope and electron 
diffraction photographs were taken of the precipitates 
observed. 

The outstanding feature in the replicas was the 
presence of very large flakes (Figs. 1 and 2), sometimes 


in long strings over a millimetre in length on large 


Mee 
Fic. 2. Extraction replica from fracture 
surface. 7000. 


4 


Fic. 3. Electron diffraction pattern from two- 
dimensional precipitate. 


grains. In many cases these flakes were sufficiently 
thin to transmit partially the 75 kV electron beam, 
1000 A 


particles 


which suggests that they are no more than 
thick. It that 
practically two-dimensional and lie along the grain- 
the 


thus appears these are 


their thinness accounts for 
fact that they have not 


metallographic sections. 


boundary surface; 


been detected in normal 
The structure of the steel 
within the grains is normal, carbon replicas merely 
revealing a fine dispersion of chromium carbide, 
Cr,C,, which is also visible in slightly coarser form 
in the grain-boundary regions (Fig. 1). 

The thinness of the plates enabled transmission 
diffraction taken: a 


electron photographs to be 


typical example is shown in Fig. 3. These revealed 
that the plates were single crystals of high symmetry 
and several approximate d spacings could be calcu- 
lated. These were found to correspond to spacings in 
a-MnS, although as might be expected, the intensities 
were somewhat different from those reported for 
normal crystals. Sufficient material was obtained by 
electrolytic extraction from the boundary region to 
take X-ray diffraction photographs, which confirmed 
the presence of manganese sulphide, but it is not yet 
clear whether the pattern arises from the plates or 
from globular MnS normally present in such steels. 

for the 
ferential occurrence of both manganese and sulphur 


Further evidence has been obtained pre- 
at the grain boundaries. Autoradiography of random 
sections using the radioactive isotope °®Mn has shown a 
concentration of manganese at some grain boundaries: 
the absence of such a concentration at other grain 
boundaries confirms the discontinuous nature of the 
manganese precipitate. Sulphur prints of several 
fracture surfaces revealed high sulphur contents in 
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small streaks which could correspond with the 


observed strings of precipitate particles. 

The precipitate is clearly very brittle, as indicated 
by the fragmentation illustrated in Fig. 2, and it 
seems quite reasonable to relate the brittle behaviour 
of the steel to the presence of the manganese sulphide 
film. Work is now in progress to determine the stage 
at which this film is formed. Our present view is that 
the phenomenon is closely related to that of over- 
heating, in which circumstances similar precipitates 
apparently develop. Of still wider interest, is the 
possibility that two-dimensional grain-boundary pre 
cipitates occur in many alloy systems, and that other 
intergranular weaknesses may be attributed to thei 
presence, 

[.S. BRAMMAR 
W. K. HonEYCOMBE 
Unive rsity of She ld WARD 


De partment of Mi tallurgy 
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Bending of coated zinc single crystals’ 
In continuation of a recent 
effects of solid 


fracture of zine single 


investigation on the 


environments on the tensile brittl 


series ol 


crystals a expel 
ments was carried out to determine whether sin 

effects The 


of this state of stress are that it affords : 


occur in bending. inhere 


to study environmental effects on single crys 
metals that normally do not exhibit brittle fract 
at easily accessible testing temperatures, and th 


the distribution of strain in the elastic r 


stress is well known theoretically 
Using seeded 
the 


Tryst iis of the same 


previous study y 2 


tions used in 
and 7, 
clean surfaced 1) and electrodeposited coppel 
(2000 A to 4500 A) 


out at room 


ie S3 tests were conducted 


Testing was 


spec imens 


temperature, where crystals of 


orientations exhibit brittle behavior in 


A two-point loading bend test was used so 
| in. gauge length 


was subjected to on 


From the load 1] 
the 


the 


uniform bending force 


the 


1cTure 


and dimensions of crystal, the bending 


moment and in turn modulus of rupture, S 


LETTERS TO 135 
& 
GREE 
Resear 
914 917 
ort unit 
tac 
oated 
carried 
}endin 
pure 
— = 


136 ACTA METALLURGICA, 


were calculated. This latter was used as a measure 
to study the effects of solid environments in bending. 

While it was found that in tension a surface film 
increased the cleavage strength of crystals 7» 3 
some 43 per cent, the results of the present study 
failed to show any significant effect of a solid environ- 
ment. For the 
value of S was found to be 8900 535 |b/in? as com- 


twenty-one clean crystals mean 


pared to a mean value of 9200 655 |b/in? with 


twenty-three coated specimens. It was also deter- 
mined that the orientation of the basal plane relative 
to the axis of loading was not important, in that 
test results indicated no difference between crystals, 
both clean and coated, tested with their basal planes 
either parallel or normal to the axis of loading. 

A 48 per cent decrease in cleavage strength was 
observed in tension for crystals 7» 83° possessing 
film. In effect 
was found. The mean value of S 


a surface bending, no due to a 
solid environment 
for clean and coated crystals was observed to be 
340 |b/in? and 2250 


oriented Lo 3 


2000 640 lb/in?, respectively. 


In crystals twinning is the 
predominant mode of plastic deformation in regions 


of tension, while for specimens of the other orientation, 


Zo 83°, twinning occurs in regions of compression. 


Therefore it is thought that the absence of effect of 
solid environments on these crystals in bending is 
due to the alteration, once twinning has taken place, 
from a simple state of stress to one that is quite 
complex. Once twinning occurs, the stress relaxation 
accompanying it has so complicated the original 
simple stress distribution that an unknown tri-axial 
state of stress is now present within the crystal. 
Under complex states of stress, effects such as those 
observed in simple tension would in all probability 
These results indicate that tensile tests 

than 
brittle 


be masked. 


at appropriate testing temperatures rather 


bend tests are necessary for a study of the 


behavior of materials which exhibit twinning. 
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The effects of grain size and texture on the 
internal friction in xs-iron due to interstitial 
solutes * 


In a previous investigation,” the maximum internal 
friction in torsion (Q 
of the 


or nitrogen in coarse-grained as well as in fine-grained 


max) Was determined as a 


function concentration of dissolved carbon 


x-iron. At a given solute concentration it was found 
that a 
internal 


fine grained specimen exhibited a lower 


did a 


It was also shown that a small grain size increased 


friction than coarse grained one. 
the carbon solubility of the polycrystalline ferrite 
aggregate, whereas no such effect was noticed in the 
case of nitrogen. These results were interpreted 
as being due to 
(a) a reduction of the mobility of interstitial 
solutes in regions adjacent to grain boundaries 
(b) in the case of carbon, also an enrichment of 
carbon atoms at grain boundaries. 
As the fine grain size was obtained by a recrystal- 
the the effect of 


texture had to be considered. Hence, back reflection 


lization treatment in 
X-ray photograms were taken of the wire specimens. 
Cok« 


was 


radiation used the re- 
(310), 


high multiplicity is not a suitable one for observing 


However, since was 


flection obtained which because of its 
a [110]-texture as has been found in later studies. 
The degree of texture of the fine grained specimens 
used in ref. (1) thus became underrated. 

The effect of texture on damping was computed 
in ref. (1) assuming that the stress induced diffusion 
is caused by variations in tensile stresses in the 
individual grains as is indicated by measurements 
on single crystals by Dijkstra.@ By 
the effects different 
their orientations, it was found that a wire with a 
[110]-texture 
damping than a wire with no preferred orientation. 
Pitsch 
and 


averaging 


from grains with respect to 


should exhibit a somewhat higher 


Essentially the same method was used by 


Liicke™ with similar results. Rawlings 


Tambini'* 


and 
also used this method in evaluating the 
Q-! of a non-texture wire. 

the calculated 
texture effect does not agree with the experimental 


As pointed out by Rawlings,‘ 
findings by Fast and Verrijp,‘® and hence he con- 
cludes that the assumptions made in the calculation 
are probably not correct. The latter authors showed 
that texture decreased the nitrogen peak height by 
0.003. These 
the 


effect of grain size has also been investigated, however: 


about 18 per cent at a Q>). of about 


results cannot be considered conclusive until 


e.g. a slight difference in grain size between the 


LETTERS TO 
texture and non-texture specimens could perhaps 
affect the damping by a mechanism as outlined in (1). 

We have performed the following experiments in 
order to show: (1) the effect of texture at a minimum 
amount of disturbing grain boundaries, e.g. at a 
coarse grain size and (2) the effect of grain size in the 
absence of texture. 

Pure iron wires (C. N, 
0.005 


0.001, 
Philips 

cold- 
of 
wires was annealed at 850°C for 4 days, and another 
1100°C, the 


performed in evacuated quartz tubes. 


Mn, S each about 


O about obtained from 


Research 


per cent) 


Eindhoven were 


One set 


Laboratories in 


drawn from 0.9 to 0.7 mm in diameter. 


being 


treat- 


treatments 
Both 
ments produced a grain size corresponding to an 
The 
subsequently treated at 700°C in wet hydrogen to 
of 
or nitrogen during the previous treatments. 
the treated 


various ammonia—hydrogen mixtures of controlled 


furnace-cooled from 


average grain diameter of 200 uw. wires were 
carbon 


Wires 


together 


eliminate any accidental contamination 


from two sets were then in 


compositions at 580°C. The wires were requenched 


from 580°C, measured for internal friction and 


investigated for texture by means of X-ray diffraction. 
The latter procedure was performed with a round 
The 


specimen was slowly rotated during exposure and 


Debye-Scherrer camera using CoK« radiation. 


the film was applied to the bottom as well as to the 
cylindrical surface of the camera. This film mounting 
permitted detection of texture spots for all reflections 
with indices lower than (310), and in directions covering 
a sector of more than 180° of each diffraction ring. 
The wires annealed at 850°C produced pronounced 
intensity maxima in directions corresponding to a 
[110]-texture for all reflections, whereas the latter were 
furnace-cooled from 1100°C, 


smooth for the wires 


indicating no texture. The results are summarized 
in the following table. 


In 


subjected to a purification anneal at 


had 


700°C: only 


run no. 3, cold-drawn wires that been 


were also nitrided. After a rapid normalizing at 


950°C in vacuo, they were quenched from 580°C. 


Nitriding run no. 
Annealed at 850°C, 


texture 


Furnace cooled from 
1100°C, no texture 


0.0064 
0.0225 


0.0255 


0.0081 
0.0289 
0.0310 


* Measured at 0.8 per/sec. The peaks occurred at 20.5°C 


in all instances. 
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The grain size obtained corresponded to an average 
No texture 


0.0289 


grain diameter of about dU LU. could be 
detected. The 


compared to the value of 0.0310 valid for the case 


was which has to be 


of no texture at a grain size of 200 uw. By chemical 
analysis it was checked that no dissipation of nitrogen 
occurred during the normalizing (0.040 per cent V 
for both grain sizes). 

The 
Verrijp 


ot and 


internal 


results confirm the findings ast 


that 


However. 


lowers the friction. 


the 


texture 


decreasing orain size has a _ similar 


effect, although less pronounced. The interpretation 
of the findings in (1) should be modified in accord with 
Hence effect 


be due to a reduction of the mobility of interstitial 


the present results. the suggested to 


solutes by grain boundaries was probably only to a 
minor part caused in this way and to a major part 
caused by texture. The conclusion regarding carbon 


enrichment at grain boundaries remains unchanged 
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The origin of dislocations in dendritic growth 
The 


introduced 


processes by whi h_ dislocations 


into a crystal have peen 


clarified during recent years. There 
of 


growth or 


number main mechanisms, by) 


by mechanical deformation 


The evidence for the occurrence of “‘grown-in”’ dislo¢ 
tions has arisen largely from studies of crystal 


have established that many real crystals 


which 
fact 


The origin of dislocations in the 


l 


in grow only if they contain dislocations 


initial seed has been 
For example studies of 
iodide 
essentially 


ol 


explained in various ways 


thin tabular crystals like cadmium have 


indicated that 
but 


the initial seed is 


dislocated 


pe rtect 


becomes by the buckling 
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The general appearance of dendritically 
solidified melt. 50. 


strains built into the structure by impurities. There 
is also evidence that dislocations can be introduced 
mechanically by convection currents in the solution 
x by the pressure of neighbouring crystals. 

A further mechanism by which dislocations might be 
introduced during crystal growth was suggested by 
the pattern of pits produced when a supercooled 
melt of aluminium was solidified and etched.) The 
arrangement of etch pits indicated that the melt had 
solidified dendritically and that where neighbouring 
arms of the dendrites met imperfectly an array of 
dislocations appeared to accommodate the misfit. 
This kind of evidence was by no means conclusive and 
it is the purpose of the present note to describe a 
recent observation which establishes the mechanism 
more clearly. 

Dendrites of sodium chloride, potassium chloride 
ind mixtures of these salts can be prepared in several 
ways. The simplest method is to melt a small crystal : NU NaS 
of the salt on a glass slide which is then cooled fairly : 

ipidly in air. More satisfactory results can be 
ybtained by preparing a thin layer of melt in a small 
Pyrex culture flask which can then be sealed off from 
the atmosphere before solidification. The melt 
solidifies dendritically, that is, a skeleton of dendrite 
irms is produced initially and this is finally filled in 
luring the later stages of solidification. Such a mode 
of crystallization is illustrated by Fig. 1, which shows 
the typical appearance of interlocking dendrites in a 
film of mixed sodium/potassium chloride. 

Specimens prepared in this way usually contain 
large numbers of rectangular pits or holes lying along 


the boundaries where the filling-in between neigh- 


bouring dendrites meets. These are visible already in 


Fic. 2. (a, b,c). Illustrating the rectangular pits appearing 
Fig. 1 but are shown more clearly in Figs. 2 and 3. along boundaries between dendrites in pure sodium chloride. 
Photographs taken at intervals of 24hr. to illustrate the 


Fig. 2 illustrates the rows of pits found along dendrite — growth of the pits. 150. 
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The growth of pits along boundaries between 
Photo- 


Fic. 3 (a, b). 
dendrites in a mixed sodium/potassium chloride. 
graphs taken at intervals of 24 hr. 150. 


boundaries in pure sodium chloride, whilst Fig. 3 
with a 


shows how similar results can be obtained 


mixed sodium/potassium chloride. The appearance of 


the patterns of pits is consistent with the ideas put 
forward above, that neighbouring dendrite arms can 
have slight relative misorientation and therefore meet 
along a small-angle boundary. Such a boundary can 
be described simply by an array of dislocations to 
the 
marked by a pit or hole. 

The formation of pits probably represents a form 


accommodate misfit and each dislocation is 


of etching which proceeds by a slight local rearrange- 
ment of the the 
presence of moist air. The sequences of micrographs 
in Figs. 2 and 3 illustrate the lateral growth of the 


pits under prolonged etching conditions. The specks 


material around dislocations in 


of material persisting at the centres of the pits in 
Fig. 3 may be taken to indicate that segregation of 
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impurities (a eutectic or one of the component salts in 
this case) at the dislocations might be responsible 
for stimulating the etching. Impurities might also 
be present in the case illustrated by Fig. 2 although no 
specks are visible here. 

uncertain. 


the boundaries Is 


They may be described as tilt boundaries, the tilt 


The exact nature of 
being simply due to misorientation of the arms of the 
dendrites in the plane of the slide, or they may be 
twist boundaries, arising possibly from undulations in 
the surface of the slide. 
the microscope observations by X-ray diffraction o1 


It is difficult to supplement 


optical methods since the angle of misorientation is 
usually small. For example, according to the density 
of etch pits the boundaries shown in Fig. 3 represent 
about 2’. This is 


further 


angular misorientations of only 
the 


(compare Figs. 3a, b) reveals no new pits but simply 


likely to be true angle since etching 
an expansion of the pits already present. An attempt 
is now being made to prepare specimens with larger 
misorientations so that a more quantitative correlation 


with the density of etch pits can be made. 
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Yield strength of metals as a function 
of grain size* + 


Theoretical treatments of the problen 


that the yield strength, s,, of a metal is proportion 


to the inverse of its grain diameter. D,“ or that 


rroportional to the inverse of the square root 


grain diameter.'?.4 Each theory has 


protagonists among experimentalists 
mentalist plots yield strengths against th 
sponding inverses of the grain diameters and 
a series of points falling on a straight line he becomes 
If he 


by plotting vield streneths against the corresponding 


a partisan of Bragg’s. obtains a straight line 


inverses of the square roots of the grain diameters 


+ Case Institute of Technology, Cleveland, 6, Ohio 


ORS 
(a) 
: 
3 
3 
4. 
propose 
it i: 
of its 


ACTA METALLURGICA, 


1000 Ibjin? 


Yield stress, 


mm” 
Fic. 1. Yield strength of 
grain diameter, D, (b) 1/D, (c) 1/D*/* and (d) 1/D?/. 
that in the latter plot the 
passing through the origin. 


Stroh. Actually 
vield strength—grain diameter data as usually gathered 
D or 


he becomes a follower of Petch or 


show enough scatter to either a | 


1/D)* law or 


“support” 
even other inverse laws with smaller 
Fig. l(a) for example gives 


fractional exponents. 


Dorn and Robinson’s data,“ which they originally 


plotted as in Fig. l(b) to prove Brageg’s law. Fig. 
l(c) on the other hand shows that the data support 
the inverse square-root law. while Fig. l(d) shows the 
data could support an inverse cube-root law as well. 

There is one noteworthy feature to the inverse 
cube-root plot of Fig. 1(d): the straight line which 
fairly represents the data points goes through the 
This, 


seems beyond coincidence, however, that published 


origin. of course, could be a coincidence. It 


data for copper,’ molybdenum, titanium,'?) mag- 


magnesium mild steels,(9-12) 


(4,13 ,14,15) 


nesium,'®) alloys,‘® 


various brasses, and zirconium"’® all yield 


this same result (Fig. 2)! So general a behavior 
suggests that the inverse cube-root relationship is a 
real natural law. 

There are those who feel extrapolation of data is 
always dangerous. This is a proper attitude, certainly, 
when approaching a problem from the physical point 
of view. We know in our present instance, for example 
that 
yield 


| 


given in 


2 


crystals (1/D'3 0) 
that 


have a 
therefore the 
must in fact deviate from the straight line 
The 
if indeed it 
represents a true natural law, is that in the mathe- 


single non-zero 


point and curve, s VS. 


Fig. 2 as 1/D'83 approaches zero. 


significance of the straight line in Fig. 2. 


matical sense it is an asymptote passing through 


70:30 brass plotted vs. (a) the 
Note 


data adhere to a straight line 
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Fic. 2. Yield strengths of a variety of metals and alloys 
plotted against the inverse of the cube root of the grain size. 
In every case the data pass through the origin. These data, 
it is true, also cluster—with the same degree of scatter—about 
straight lines when plotted vs. 1/D or 1/D'/? but in such plots 
the straight lines do not pass through the origin. 


zero which the data approach at high values of 
1/ 


those factors giving rise to the yield strength of 


The physical implication of this fact is that 


single crystals make negligible contribution to the 
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yield strength of polycrystals and, vice versa, those 
factors by which grain boundaries affect yield strength 
in polycrystalline metals are absent in single crystals. 

Basinski and Sleeswyk“” have pointed out that 
the inverse square-root law is unsatisfactory in that 
it predicts no grain size dependence of the low 
temperature brittleness of steels where one obviously 
exists. Their suggestions for amending the foundations 
on which the inverse square-root law rests lead to an 
inverse law with a fractional exponent smaller than 
a half. 

There are exceptions to the pattern established 
in Fig. 2. While steels tested at room temperature 
behave like other metals (Fig. 2f, g and h), they show 
tested at 
In this case the yield strength still gives a straight 


some difference when low temperatures. 
line when plotted against the inverse of the cube 
root of the grain diameter but the line no longer 
This shift in the 


line is presumably due to the intrusion of the Cottrell 


passes through the origin (Fig. 3). 
effect on the yield strength—the pinning down of 
dislocations by clouds of carbon or nitrogen atoms—as 
temperature is lowered. 

Steels that have been quenched and aged behave 
It is 
only natural to expect that the presence of precipitates 


like steels tested at low temperatures (Fig. 4). 


70 Steel 293°K 


Cracknell and Petch'” 

60 OEn. 2 mild steel 

@ Same quenched and 
aged thr at 150°C 


50} 


1000 Ib/in2 


40 


Yield stress, 


08% mm 


+. 4. Room temperature yield strength of quenched 
and aged steel plotted against 1/D1/°, 
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would complicate any simple relationship between 


yield strength and grain size alone. Indeed theré 


are some data in the literature™®) for titanium and 


illovs in whi h the vield str neth 


The pr 


titanium—aluminum 
shows no dependence on grain size 


that the 


‘sumption 


here is yield strength 


precipitates, segregations, or other heterog 


having no relationship to the grain size. 
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annealing of a gold-silver alloy’’’ 
Averbach, Leach”! 
made calorimetric measurements of the energy stored 
filing of a gold 


They have attributed the major part of this energy 


Bever, Comerford and have 


during deformation by silver alloy 


to the interfacial energy of sub-boundaries, a small 


fraction to changes in short range order ind a 
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negligible amount to elastic strain within the filings. 
Two points made in the paper are at first sight 
surprising. The first is that filings which have been 


annealed to 500°C still contain about 20 per cent of 


the total stored energy even though this annealing 
temperature is considerably higher than that required 
250-300°C. The 


second is that the specific interfacial energy increases 


to produce recrystallization, i.e. 


markedly with annealing temperatures above 250°C. 
The purpose of this note is to point out that no 


account appears to have been taken of the difference 


between the surface energy of the filings and that of 


the annealed strip which is used as a _ reference 


The 


specimen in the calorimetric measurements. 


approximate magnitude of the surface energy of the 


filings can be estimated from the given value (2040 
em?/g) of surface area and an assumed value (1500 
This latter 
value of the 
values of 1140 and 1400 erg/em? obtained by Buttner 


erg/em?) for the specific surface energy. 


seems a reasonable estimate in view 


and his co-workers®) for silver and gold respectively 
at considerably higher temperatures than those used 
in the present work. The value of surface energy so 
calculated is 0-07 cal/g. This is clearly significant 
as it is almost identical with the difference between 
the energy released by the reference strip and that 
released by the filings after annealing to 500°C. Since 
the results from both the X-ray and hardness measure- 
ments indicate that recrystallization is almost complete 
by 350°C, it seems reasonable to suggest that the 
0-08 cal/g released by the filings after annealing to 
500°C should be attributed to surface energy. This 
value should then be subtracted from all the measured 
energies in order to obtain the energy stored within 
If this is done, the 


values of specific interfacial energy calculated in the 


the metal during cold work. 
manner of Averbacn et al. are shown in Table 1. It 
is apparent that the reported sharp rise in specific 
interfacial energy is no longer obtained. 

Thus, by taking account of the surface energy of 
the filings, a simple explanation is provided for both 
the points mentioned above. On this basis, whilst 
the et al. 
effect of recovery and recrystallization on the sub- 


arguments used by Averbach about the 


boundaries may be correct, little or no supporting 


evidence is provided by their work. 
Finally, the correctness of considering the inter- 
TABLE | 
Annealing as | 150} 200) 25 275 300 350 500 
temperature (°C) filed 
Specific interfacial 178 208) 114 33 150 170 
energy (erg/cm?*) 
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facial energy of the sub-boundaries as distinct from 
and additional to the stored energy arising from strain 
is open to doubt. The work of Michell and Haig‘ 
on filings of nickel shows that, in the deformed state, 
even the most heavily strained regions within the 
filings diffract into the observed lines of the X-ray 
diffraction pattern. As the sub-boundary regions are 
simply regions of high strain, the strain energy calcu- 
lated from the shape of the X-ray lines should include 
the energy stored in these regions. The actual value 
found depends sensitively on the assumed strain 
“strain energy” 


distribution and the low values of 


obtained by Averbach et al. are probably due to 
poor correspondence between the actual strain distri- 
bution in their filings and the Gaussian function used 
to represent it in their calculations. 
D. MICHELL 

Division of Tribophysics 
Commonwealth Scientific and Industrial 
Research Organization 
University of Melbourne 
Australia 
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Concerning Michell’s comments on ‘X-ray and 
calorimetric investigations of cold working and 
annealing of a gold-silver alloy’’* 
Michell™ points out that in the investigations of 
gold-silver filings by Averbach et al.,"*) no account was 
He contends that if the 
the filings after annealing at 


taken of surface energy. 
energy content of 
temperatures above that required for recrystallization 
was in fact surface energy, no increase in the specific 
250°C would have been 
the 


considering the interfacial energy of the sub-bounda- 


interfacial energy above 


observed. He also questions correctness of 
ries from the stored energy arising from strain. 

The possibility that surface energy may have 
contributed a significant term to the energy balance of 
For this, 


information on the amount of free surface is required. 


the filings deserves careful consideration. 


As reported in the paper, a krypton adsorption tech- 
nique gave a value of 2040 cm?/g for the specific 
surface of the filings. This value, however, does not 
apply to the briquettes on which the X-ray and calori- 


metric measurements were made. Cold welding 
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TABLE ] 


Cold-pressed briquet tes 


Area (cm?/g) 


120 
960 
480 
960 


Measured pores 

Apparent contact area 
Assumed true contact area 
Assumed fine pores 

Total energy 


* Assumed to be eliminated by recrystallization 


the 


at a 


eliminated free surfaces briquetting 


of 


Annealing, especially at 


during 


process, which was carried out pressure 
approximately 10 tons/in?. 
500°C for 1 or 2 hr, may be assumed to have further 
reduced the free surface. 

A metallographic examination has now been made 
on two briquettes representative of those used in the 
original investigation."?) One was in the cold-pressed 
condition and the other had been annealed at 500°C. 
Both contained many large pores, which did not seem 


to change with annealing. The surface area of these 


pores was determined by a quantitative metallo- 


graphic method as approximately 120 em?/g. 

It seems unlikely that pressing under the conditions 
used was sufficient to reduce the free surface to the 
extent indicated by these measurements. Probably 
the apparent contact areas between the original filed 
particles contained additional pores, which were too 
small to be detected with the metallographic technique 
used. It will be assumed here that half the apparent 
contact area in the cold-pressed briquettes did not 
form true bonds and thus was still free surface: it will 
be further assumed that sintering reduced this figure 
by a factor of four. The arbitrary nature of these 
assumptions should be emphasized. 

Where true contact was made, new grain boundaries 
presumably formed; their area is above that in the 
material from which the filings were prepared, but was 
included in the X-ray measurements made on the 
briquettes. One unit of this area accounted for two 
units of free surface of the filings. Most of the incre- 
mental grain boundary area may be assumed to have 
disappeared during recrystallization. 

The specific surface energy of a 75 Au—25 Ag alloy 
at room temperature will be assumed to be about 1600 
If the grain boundary energy is taken as 
of the of the (4,5) 


surface, a 
value of about 530 ergs/cm? results. 


9 
ergs/cm?. 
one-third energy free 

From these estimates the energies attributable to 
free surfaces and incremental grain boundaries can be 


Al- 


though these energies are Gibbs free energies, they are 


estimated. They are summarized in Table 1. 


Energy (cal/g) 


Annealed iquettes 


Area (cm?/g Energy 


0.0046 120 0.0046 
960 

0.0061 (0.0092 

0.0367 


0.047 


720) 
240 0.0092 


0.014 


approximately equal to the internal energies or 
enthalpies usually measured in investigations of the 
stored energy. 

The 
0.047 
0.014 


The energy values for specimens annealed at various 


surface and interface energies ar 
the 


cal/e for the specimens annealed at 


estimated 


eal/g for cold-pressed specimens and 


500°C, 


temperatures between room temperature and 500°C 
presumably lie between those limits. These values are 
only fractions ot the total energy contents reported 


for these samples. In particular, the estimated 


value for the samples annealed at 500°C must b 
compared with measured values of 0.10 and 0.01 


(This 


listed 


0.08 (Run 


Fig. | 


The average, 


eal/g (Run 18) and cal/g 


last value was plotted correctly in but 


incorrectly as 0.10 in Table 1. which 


should have been used in Table 4 and in Fig. 1. was 
0.06 cal/g.) 

The paper stated that “the accuracy of the calori 
metric measurements was adversely affected by the 
use of powders, even though they were in briquetted 
form.’ The probable cause was surface contamination 
which resulted in gas evolution and a reduced raté 
The 


reaction with tin even of small amounts of 


dissolution in the calorimeter thermal effects « 


ad 


any 


sorbed oxygen'® would also have been a source of erro! 


Under these conditions, a small value of the 


ener? \ 
based on three divergent measurements should 


given much weight. It appears that energ 


present in the samples annealed at 500°C 


presumably was surface energy, as suggested by 


Michell, but the true amount was probably less thai 
0.06 ecal/g. 
Michell calls attention to the 


increase above 250°C 


in the specific interfacial energy. In addition to the 


doubt concerning the energy content of the sampl 


annealed at 500°C, X-ray values for the average sub 
boundary intercepts become less certain with increas 
ing particle size; this contributes to the uncertainty 
of the calculations of spec ific interfacial energies. The 
value of 860 ergs/cm* reported in Table 4 should have 


been 640 erg/cm? if the correction from 0.08 to 0.06 
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il/g 
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cal/g is made for the average energy. Even this value 
is too high in relation to the assumed grain boundary 
energy of 530 ergs/cm?. 

The values of the specific interfacial energy repor- 
ted in Table 4 can be improved by taking the energies 
of free surfaces and any incremental grain boundary 
areas into account. The resulting values, which are 
presented in Table 2, show an increase in specific 
interfacial energy starting with samples annealed at 


Although various assumptions and approxi- 
mations underlie these estimates, the upward trend 
is believed to be real. The decrease of the interfacial 
energy to zero in Michell’s Table | is not acceptable. 
While the absolute interfacial area decreased during 
annealing, the specific interfacial energy could not 


have vanished. 


150 200 250 275 300 350 500 


Treatment (annealing as 
temp., C) 
Specific interfacial 


filed 


200 230 150 110 280 340 880 (490) 


(ergs/em?*) 


energy 


Concerning the separation of stored energies into 
boundary and strain energies it should be pointed out 
that the assumption that a boundary is a region of 
high strain is not in accord with the dislocation model 
of low-angle boundaries. Such boundaries are formed 
because of the reduction of strain energy resulting 
from the collection of dislocations into walls and the 
strain conditions in the vicinity of a single dislocation 
are far different from those near a lJow-angle boundary. 
It thus seems entirely appropriate to consider the 
energy associated with a boundary as distinct from 
with dislocations contained within 


that associated 


the subgrains. There probably are localized strain 
but this 


is part of the boundary energy. It should be empha- 


fields associated with low-angle boundaries, 


sized that such strains are not included in the values 
of strain determined by the X-ray technique used. 

In the interpretation of the X-ray line data it is 
worthwhile to consider the procedure for making a 
The 


Fourier coefficients representing the broadening may 


separation of local strains and particle sizes. 


be separated into two types. One type is independent 
of the order of the line and these are called particle size 
broadening coefficients. The other type increases with 
order and these are called strain broadening coeffi- 
cients. The separation makes use of a Gaussian 
assumption in plotting the logarithm of the Fourier 
coefficient vs. (h? k2 +- [?) 0: 


value of the exponential function is unity and the 


at this point the 


separation is independent of the Gaussian assumption. 
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Other strain distributions which are physically reason- 
able can be used, but in each case a similar extra- 
polation to zero order is required, and the separation 
should be little affected by the precise form of the 
distribution function used. 

The values of local strain are calculated from the 
vs. (h? 


order and depend on the form of the strain distribution 


9 


slopes of the log A, k? + ]*) lines at zero 
chosen. The Cauchy distribution used by Williamson 
and Smallman™ gives much larger strains, but this 
distribution is physically impossible since it implies an 
infinite mean square strain and, thus, an infinite strain 
energy. Any attempt to terminate the Cauchy 
distribution to give a finite mean square strain leads 
to completely arbitrary values of strain. The Gaussian 
distribution at least has the merit of physical pro- 
bability. Another piece of evidence in favor of a 
normal strain distribution comes from data on single 
crystals cold worked by rolling. In these cases the 
plot Vs. (h? |. 
of reflection and in three directions in the crystal. 


I?) is straight over several orders 


This can be taken as evidence that the strains follow 
a normal distribution in a cold worked metal. 

In summary, the main conclusions of the original 
paper were that in the gold-silver filings investigated 
the 
negligible, the contribution from reduction in short- 


stored energy arising from elastic strain was 
range order was small but significant and most of the 
stored energy was associated with the presence of 
subgrain boundaries. Further, during recovery 
substantial relief of local strains occurred, some of the 
energy was released and the particle size increased, but 
the specific interfacial energy remained substantially 
constant up to 250°C, above which it increased. The 
authors believe that these conclusions have not been 
affected 


pleasure in acknowledging Michell’s contribution to 


by the foregoing discussion. They take 
the evaluation of their work, which has led to a clari- 
fication of the role of surface energy. 
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Diffusion anormale des rayons X au cours de 
la decomposition dans un groupe d’alliages 
Cu Ni Cr* 
de le 
a été mise en évidence par 
Braun.",?) 
Ce diagramme d’équilibre cété Ni, Cu, peut étre 
Fe, 


nous avons cherché a voir si la ligne de séparation 


L’existence d'une lacune miscibilité pour 


diagramme Cu, Ni, Cr, 


Meijering, Rathenau, van der Steeg et 
comparé au diagramme Ni, Cu, Par analogie 
entre le domaine a une phase cubique faces centrées 
solution solide Cu, Ni, Cr, et le domaine a deux phases 
cubiques faces centrées, se déplagait en fonction de 
la température. Effectivement pour certaines com- 
positions nous avons trouvé une seule phase a haute 
température et deux a basse température. Nous 
46, Nickel 44, 


en poids pour étudier le processus de 


avons alors choisi l’alliage Cuivre 


Chrome 10°, 


décomposition, de l’état a une vers l'état a deux 


phases. 
Les éprouvettes découpées dans le lingot ont été 
1080°, laminées, puis ont subi un 


LOSO 


homogénéisées a 


dernier traitement de 5 minutes a suivi d’une 


16 h 1080 


2. 16h 1080 
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trempe a l’eau. Le métal comportait alors de petits 
grains. 
Apres des revenus a 550°, 700° et 800° les dia- 


X le 


passage de la structure par un stade de préprécipita- 


grammes de rayons montrent en premier lieu 


Pendant 


et 


tion. ce stage les plaquettes de précipités 


le 


non 


restent cohérentes, 


de la 


Scherrer est 


riches pauvres en chrome 


parametre moyen étant celui matrice 


revenue. Chaque raie Debye bordée de 


raies satellites (Fig. 1). chaque tache de Bragg d’une 


ou plusieurs paires de taches satellites suivant son 


indice. Cette diffusion anormale correspond a des 


les LOO’ du 


situés 


la 


noeuds d’intensité sur rangées 


réseau réciproque de matrice cubique a faces 


centrées. 
La 


progressivement 


structure précédente se transtforme ensuite 


trés légérement 


Il y 


des raies du réseau de la matrice sur les diagrammes 


en deux 
») 


phases 


quadratiques, Fig. incohérentes. a disparition 


Debye-Scherrer mais les nouveaux réseaux ont la 


orientation. Ces structures 


quadratiques 


évoluent vers forme cubique lorsque pour un 


revenu suffisant les plaquettes ont des dimensions 


microscopiques, Fig. 3. 
A la micrographie les produits de la décomposition 
pla 


apparaissent, au dernier stade sous forme de 


quettes enchevétrées en accord avec la _ structure 


revelée aux rayons X. Nous retrouvons ainsi dans cet 
Fe, 


Les diagrammes d’équilibre sont 


alliage l’évolution déja étudiée dans le Cu, 
le Cu, Ni, Co. 
la 


structures semblables. 


et 


zone nous intéresse et les 


trois 


analogues dans qui 


CAS expose ic] generalise le 


phénoméne: l'un des éléments est trés peu 


soluble dans l’un des deux autres, ces derniers formant 


[| 


evolution 


solide eXIst¢ a autres 


la 


une solution continue 


alliages’® ot méme structurale 


eau et 16h 550°C. 


eau et 16h 700°C, 


IRS 
2 
3 
6 
= = 
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| 
if 
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INFLUENCE OF MICROSTRUCTURE ON THE CARBON DAMPING PEAK IN 
IRON-CARBON ALLOYS*+ 


PHILIP STARK,* B. L. AVERBACHS and MORRIS COHENS 


The internal-friction peak due to the stress-induced migration of carbon in b.c.c. iron has been studied 
in a series of high-purity iron—carbon alloys with variations in grain size and intercarbide distance. It 
is found that when these microstructural parameters are small the height of the carbon damping peak 
does not correspond to the equilibrium solubility at the solutionizing temperature An explanation is 
suggested in terms of the rapid precipitation of carbon during the quench from the solution temperature 
the sites being provided by grain boundaries or ferrite—carbide interfaces. Only when the grain size and 
mean distance between carbides are sufficiently large can the equilibrated carbon content be retained 
in solution on quenching to room temperature. The same phenomena are involved when martensit 


tempered to ferrite—carbide aggregates. 


INFLUENCE DE LA MICROSTRUCTURE SUR LE ’ DE FRICTION INTERNE DU Al 
CARBONE DANS LES ALLIAGES FER-CARBONE 


L’auteur étudie le pic de friction interne dt a la diffusion du carbone dans le fer cubique centre 
sous l’effet d’une tension, dans un ensemble d’alliages fer-carbone de haute pureté distincts par la 
grosseur du grain et la distance entre les carbures. I] trouve que, lorsque ces paramétres sont petits 
la hauteur du pic du carbone ne correspond pas a la solubilité a l’équilibre pou! la tempe rature de mise 
en solution. 

I] propose une explication ot il est tenu compte de la précipitation rapide du carbone au cours de la 
trempe a partir de la température de mise en solution, les sites de précipitation étant constitués par les 
frontiéres de grains ou par des interfaces ferrite-carbure. 

Ce n’est que si la grosseur du grain et la distance moyenne entre carbures sont importantes que le 
pourcentage de carbone correspondant a l’équilibre peut étre maintenu en solution au cours de la tremp« 
jusqu’a la température ambiante. 

Les mémes phénoménes interviennent au cours du revenu de la martensite pour donner des agrégats 


de ferrite et carbures. 


EINFLUSS DER MIKROSTRUKTUR AUF DAS KOHLENSTOFF-DAMPFUNGS-MAXIMUM 
IN EISEN-KOHLENSTOFF-LEGIERUNGEN 

Das von der spannungsinduzierten Wanderung von Kohlenstoff im kubisch raumzentrierten Eisen 

herriiuhrende Maximum der inneren Reibung wurde an einer Reihe von hochreinen Eisen-Kohlenstoff 

Legierungen mit unterschiedlicher Korngrésse und verschiedenem mittlerem Abstand zwischen den 

Karbidteilchen untersucht. Es wurde gefunden, dass dann, wenn diese mikrostrukturellen Parametet 

klein sind, die Héhe des Kohlenstoff-Dampfungsmaximums nicht der Gleichgewichtsléslichkeit bei det 


Normalisierungstemperatur entspricht. Zur Erklarung dieses Befunds wird vorgeschlagen, da 
wahrend des Abschereckens von der Normalisierungstemperatur eine rasche Ausscheidung 

stoffs stattfindet, wobei die Korngrenzen oder die Ferrit-Karbid-Grenzen als Aussche 

wirksam sein sollen. Nur wenn Korngrésse und mittlerer Karbid-Abstand geniigend gr 

mdéglich, den ins Gleichgewicht gebrachten Kohlenstoffgehalt beim Abschrecken auf R 

in Lésung zu behalten. Dieselben Erscheinungen treten auf, wenn Martensit 


Karbid-Aggregaten getempert wird. 


1. INTRODUCTION frequency is approximately | c/se The height 


This investigation was prompted by recent internal- the peak, Q,,~!, is proportional to the concentration of 


friction studies which indicated that the carbon peak ~“‘mobile” carbon atoms in the lattice, and the tem 


in w-iron depends on the microstructure. It is well perature at which the peak occurs is related to the 


established that there is an internal-friction peak in relaxation time for the stress-induced redistribution 


low-carbon b.c.c. iron at about 37°C (99°F) when the of the carbon atoms. This damping phenomenon is 


ey ; considered to provide reliable measurements for both 
* This paper is taken from a thesis presented in January 
1957 by Philip Stark in partial fulfillment of the requirements 
for the Se.D. degree in Metallurgy at the Massachusetts Wert") has thoroughly reviewed the methods and 
Institute of Technology. : 
Received September 18, 1957. summarized the relevant data. 


the diffusivity and the solubility of carbon in «-iron 


z USAF, Wright-Patterson Air Force Base, Dayton, Ohio Lagerberg and Josefsson(2 have reported howevel 

§ Department of Metallurgy, Massachusetts Institute of 
Technology, Cambridge 39, Massachusetts. 
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that the internal-friction peak varies with the grain 


a 
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size of the «-iron. For a solution temperature of 630°C 
1 to be 0.008* 
1 was 0.013 


(1165°F), they found the value of Q,, 
when the grain size was 15-50 yw, but Q,, 
when the grain size was 0.5-2 mm. Only the higher 
value is in line with the generally accepted equilibrium 
solubility of carbon in b.c. iron at 680°C (1165°F). 
Thus, the microstructural details may have appreciable 
influence on these measurements, and the interpre- 
tation becomes somewhat uncertain. 

reached in the 


A similar conclusion is 


internal-friction studies on tempered martensite in a 


high-purity 0.78 per cent carbon alloy.“ No carbon 


peak is observed in tetragonal martensite despite the 
content of dissolved carbon, apparently because the 
applied stress is insufficient to induce any significant 
migration of the carbon atoms from their preferred 
interstitial sites in the tetragonal lattice. Even after 
the martensite is tempered at temperatures high 
enough to produce b.c.c. ferrite, the carbon damping 
peak barely begins to emerge at a tempering tempera- 
of 485°C (900°F). 


expected from the equilibrium solubility of carbon in 


ture Moreover, the full peak 
ferrite is not achieved on tempering for 20 hr at 650°C 
1200°F). Correcting for the amount of carbide present 


does not remove the anomaly. Inasmuch as the 
highly-tempered structure consists only of ferrite and 
carbides, it appears that the internal-friction results 
Such 


been generally 


are influenced by the presence of carbides. 
effects of 
recognized, and this investigation was undertaken in 


microstructure have not 


order to help clarify the phenomena at play. 


2. EXPERIMENTAL METHODS 
An inverted torsional pendulum of the type sug- 
The 


allowed counterbalancing the 


gested by Chen") was constructed for this work. 


inverted arrangement 


weight of the pendulum-bob and clamping assembly 


so that the net longitudinal stress on the wire 


specimen was very small. Test temperatures between 


0 and 95°C (32 and 205°F) were uniformly maintained 


yy circulating water in a jacket surrounding the 


Frequencies between 0.5 and 0.9 c/sec were 


specimen 
employed, and the damping was computed from the 


relationship: 
0.693 
(1) 


where f is the frequency and ¢ is the time for the 
amplitude to decay to one-half of its initial value. 
The specimens were in the form of 0.030 in. dia. 


wires. During the torsional vibration, the maximum 


shear strain on the surface was never more than 


* Each 0.01 unit of Q,,~' is approximately equivalent to 


0.01 wt. per cent of carbon in solution." 
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TABLE 1. Heat treatments for varying the grain size and/or 
carbide dispersion of the internal-friction specimens 


Weight 


per cent Normalizing Treatment 


treatment 


Specimen 


carbon number 


None 

Austenitized at 950°C, 

15 min, brine-quenched 
Austenitized at 950°C, 

5 hr, air-cooled 
Austenitized at 980°C, 

5 hr, furnace-cooled 
Austenitized electrically in 


720°C, 20 hr 


argon at temperature near 
melting point, 30 sec, cooled 


in argon 


Austenitized at 770°C, 2 hr; 
transformed at 700°C, 24 hr 
Austenitized at 990°C, 
transformed at 710°C, 24 hr 


870°C, 1 hr 
5 hr; 


Austenitized at 790°C, 2 hr; 
transformed at 720°C, 4 hr 
Austenitized at 790°C, 2 hr; 
transformed at 720°C, 20 hr 


815°C, 1 hr 


Austenitized at 765°C, 2 hr; 
transformed at 720°C, 3 hr 
Austenitized at 765°C, 2 hr; 
transformed at 720°C, 30 hr 
Annealed at 650°C, 25 hr 

Austenitized at 760°C, 30 min 
oil-quenched; tempered from 
110 to 650°C, $ to 136 hr 


2 


A straight line was always obtained when 
the logarithm of the amplitude was plotted against the 
number of cycles, indicating that the internal friction 
was independent of the amplitude and there was no 
plastic deformation in the twisting. 

All internal friction results reported here are cor- 
units). A 


correction has also been introduced for the volume 


rected for background damping (0.001 


occupied by the carbides, since the carbon atoms in 
this phase do not participate in the damping process. 
The volume percentage of carbides was measured by 
quantitative metallography as described later, and the 
peak height was prorated to correspond to 100 per cent 
ferrite. The maximum error in Q,,~' was about +10 
per cent. 

Four high-purity iron—carbon alloys were investi- 
gated, as listed in Table 1. The original iron was 
received from the National Research Corporation in 
the form of a 2 in. dia. vacuum-cast hot-rolled rod, 
0.0005 per 
The rod 


cold swaging to 0.25 in. dia. and then 


containing 0.004 per cent carbon, cent 


nitrogen and 0.013 per cent oxygen. was 
reduced by 
vacuum-annealed at 870°C (1600°F). This was followed 
by carburizing at 700°C (1292°F) for 24 hr in hydrogen 


saturated with normal heptane at room temperature. 


» 
2 
3 
4 
5 
9 
0.78 815°C, 1 hr 10 
12 
: 
= 
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After furnace cooling, the alloy was machined to 
(1328°F) for 20 


hr, and then swaged and drawn to 0.030 in. dia. wire. 


0.190 in. dia., homogenized at 720°C 


The final carbon content was 0.025 per cent. The 
three higher-carbon alloys in Table 1 are identical 
with those used by Roberts et al.) These were swaged 
and drawn with intermediate anneals to 0.030 in. dia. 
wire. 

Heat treatments to provide various ferrite grain 
sizes and/or different dispersions of the carbides were 
carried out, involving either long isothermal annealing 
or hardening and tempering as indicated in Table 1. 
In all cases, decarburization was carefully avoided, 
usually by sealing the specimens in evacuated Vycor 


tubes. Nearly all the annealing treatments of the 


three higher-carbon alloys in Table 1 consisted of 


austenitizing at the higher temperature shown in each 
instance, followed by hot quenching to the lower 
temperature for isothermal transformation to ferrite 
plus spheroidized carbides. The hardening and tem- 
pering treatments were applied only to the 0.78 per 
cent carbon alloy, with the tempering temperatures 
ranging from 110 to 650°C (230 to 1200°F). 

Lineal analysis was used for the quantitative 
of 
(1) mean ferrite path between carbides, (2) mean 


measurement four microstructural parameters: 
ferrite path between grain boundaries, (3) mean free 
path between both carbides and grain boundaries, and 
(4) of The 


method and the equipment, consisting of a Hurlbut 


volume fractions ferrite and carbide. 
counter and a bench microscope, have been discussed 
in detail by Howard and Cohen.‘® 

The mean ferrite path between carbides is given 


by: 


where L, is the total distance traversed in the ferrite 


phase and N, is the number of carbides intercepted 
during the traverse. 
The 


boundaries is: 


mean ferrite path between ferrite grain 


where NV, is the number of ferrite grains intercepted 
and L, is defined as in equation (2). 

The mean free path in the ferrite, taking both 
carbide and grain boundary interruptions into account, 


IS: 


where n, is the number of uninterrupted ferrite paths 
encountered during the transverse. 


DAMPING PEAK IN IRON-CARBON ALLOY 


and of carbide 


The volume fractions of ferrite, V 


(6) 


V., are given by 


(or L, L total distances 


is the distance traversed 
ot 


where L, ) is the 


and L 


Four 


traverses, each approximately <2 
length, were conducted on each sample. 
125 


), the carbide dispersions wer 


the 


For the specimens tempered between 


540°C (S00 and 1LOOO°F 


too fine for quantitative metallography with 
optical microscope, and hence electron mMICcroscopy 
Fifteen 


were taken of each sample, 


was adopted. electron 


14.000 


micrographs at 


and the mean 
distance between carbide particles was measured on 


\ linear 


> mm was made for such samples 


each plate with a millimeter scale. travers 


Metallo 


graphic measurements at lowe1 tempering te¢ mpera- 


ot 5 LO 


tures were unnecessary because, as previously 


mentioned, a carbon peak was not observed fol 
tempering treatments below 485°C (900°F 
The tempered specimens were all brine-quenched 


in an effort to preserve the extent of carbon solution 


in the matrix prevailing at the end of the temperi: 


treatment. Then the internal friction determinations 
were made 
In the ec: of 


treatments were carried out 


ise the anne iled specimens 


at te mperatures 


4125 and 705°C (800 and 1300°F 30 min, fi 


The 


The maximum si 


DY brine-quenching internal trictior 


measured. utionizing temperatur 
for a given specimen never exceeded the prior 
ing temperature that was used to fix the 


and oO! carbide dispersion nence 
graphic parameters were not materia 
final treatment which established t 

the 
affected DY 


30 min to 


solution in ferrite 


were not 


time trom 5 hi 


equilibration was reached 


3. EXPERIMENTAL RESUI 

Table 
tempering temperature ; 
As 


internal-friction peak is for 


presents the 


carbon martensite 


temperature reached about 485°C (900 


185 and 650°C (900 and 1200°F 


plateau value characteristic of 


L 
L 
and 
L 
6 
L 
traversed 
im 
= 
L. 
(2) 
-friction resu 
Le : 3 ition 
N, indicating that state 
L, ported 
Betwee 
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TABLE 2. Q 


T Tempering temperature (°C 
empering 

time 


(hrs) 


540 


0.003 0.004 
0.006 
0.007 
0.009 
0.009 


0.000 0.001 0.0014 
0.004 
0.005 
0.005 
0.005 


0.000 0.001 0.003 


0.003 


0.003 
0.009 
0.009 


1/2 hr after 
30 hr at 


650°C 0.00] 0.002 0.003 0.005 0.009 


*(,,-' corrected for background damping and 100 per cent 
ferrite. 
temperature within a few hours of tempering. Although 
the plateaus increase with the tempering temperature, 
they fall appreciably below the carbon levels cor- 
responding to the equilibrium solubilities in ferrite 
at these 
136 hr at 650°C (1200°F), Q)~! is only 0.009, whereas 


this 


temperatures. Even after tempering for 


with carbon at 
1 value of 0.012. 


It is important to note that the internal-friction 


ferrite saturated temperature 


should have a 


level reached at each tempering temperature can be 
approached from higher temperatures as well as from 
the latter 
Table 2, after tempering for 30 hr at 650°C (1200°F), 


retempering for } hr at temperatures between 425 and 


below being the usual case. As shown in 


595°C (795 and 925°F) causes V, l to drop back to 
the aforementioned plateau values for these tempera- 
tures. 

Smaller carbon-damping peaks than those ordinarily 
reported for low-carbon ferrite are also observed in 
annealed 0.29, 0.62, and 0.78 per cent carbon alloys. 


When these 


coarsely spheroidized structures (Table 1), and then 


materials are heat treated to produce 
solutionized at a series of temperatures, the resulting 
(+ values (after brine-quenching) are almost identi- 
cal with the plateau values of the tempered marten- 
site. Here again. the same dependence of ¢.. l on 


solutionizing temperature is found whether the 


temperature is approached from above or below. 
In the light of this anomalous behavior, it seemed 


desirable to determine if the generally accepted 
damping values for low-carbon ferrite (without excess 


The 


increases with the grain 


could be reproduced. relevant data 


Cn 


carbides) 
are given in Table 3; 
size, and does not attain the equilibrium solubility 


vs. solutionizing temperature unless the ferrite grain 


for tempered martensite (0.78 per cent C) 
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TABLE 3. Q,,~' * as a function of solutionizing temperature 
and grain size (0.025 per cent C) 


Solutionizing temperature (°C) 


485 540 595 


0.002 0.003 0.006 0.009 
0.009 
0.012 
0.012 


0.012 


0.003 0.004 


0.003 


0.006 
0.005 


0.009 
0.008 


*Q,,~' corrected for background damping and 100 per cent 
ferrite. 
+ a is the mean ferrite path between 


The average grain diameter is 1.65 a." 


grain boundaries. 


the 
boundary intercept («,) must be at 


size is sufficiently large, i.e. grain- 


least 14-100 wu. 
This is in line with the findings of Lagerberg and 


average 


Josefsson® and demonstrates that the anomalously 
low values are not attributable to the damping 
apparatus used here. 

In the case of the three higher-carbon alloys, the 
carbide dispersion becomes an important metallo- 
graphic variable along with the grain size. An example 
of the role of intercarbide distance («,) is shown in 
temperature of 650°C 
lO uw, the 
internal friction increases rapidly with «,, but then 


Fig. 1 for a solutionizing 


(1200°F). than about 


When «, is less 
levels off at a value which is below the carbon solu- 
bility limit at 650°C. This situation is essentially 
independent of the carbon content, and prevails for 
all the (Fig. 2), the 


plateau value (apparent solubility) increasing with 


solutionizing temperatures 


22 


20 O 0-78%C, Tempered Martensite 
@ 0:78%C, Isothermally Annealed 
0 0-62%C, |sothermally Annealed 
© 0:29%C,lsothermally Annealed 


Carbon Solubility 


20 25 30 35 40 45 50 
a, (Microns) 


10 


Fic. 1. Q,,~! as a function of the mean ferrite path between 
carbides (x,) for iron—carbon alloys solution treated at 650°C, 


1 * 
) 
425 $85 650 
(44) 425 650 
l 
2 9 
5 g 14 
10 100 
130 
45 150 
14} 
Tre 
al. 6 
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T T T 


Solutionizing Temp. (°C) 


705 650 595 540 485 425 

isothermally Annealed A 4 

O62%C isothermally Annealed A 

0-29%C isothermally Annealed © 


0'78%C Tempered Martensite 


© 


Vv 540°C 
485°C 


(Microns) 


Fic. 2. Superimposed curves of Q,,~' vs. mean ferrite path 


between carbides («,) for all solution temperatures. 


the Below inter- 
carbide spacing which depends on the solutionizing 
0) is a 


cm 


solutionizing temperature. some 


temperature, strong function of «,: but 
when the plateau is reached for each temperature, 
Q,, | becomes quite insensitive to the carbide dis- 
persion. 

The carbon contents corresponding to the apparent 
solubility in Fig. 2? are plotted in Fig. 3, along with 
ferrite.» It is 


evident that the difference between the apparent and 


the normal carbon solubility in 


equilibrium solubility curves tends to disappear with 


decreasing temperature. On the other hand, when 
the logarithm of the carbon content is plotted against 
the reciprocal of the absolute temperature, the two 


curves become straight and parallel, with a slope of 
900 


A nonrent 
Appare 


O} o This Inves 


DAMPING 


PEAK IN IRON-CARBON 


Fic. 4. Q,-! as a function of the mean ferrit« 


. path between 
grain boundaries (%,) for iron—carbon alloys solution treated 


at 650°¢ 


about 12,500 cal/mole. Thisagrees with Lindstrand’s‘® 
value of 12,100 cal/mole for the heat of solution.* 
The discrepancy between the two curves is related 
to the ferrite grain size. The specimens on the curve 
labeled “‘apparent solubility” in Fig. 2 were extremely 
Even large as 45 u 


fine-grained. when a as as 


4%, Was only about 104 because of grain-growth 


inhibition due to carbides at the boundary 


The 


solutionizing temperature of 650°C (1200°F 


junctures 


role of grain size is indicated in Fig. 4 for 


Unfortu 
nately, the interecarbide distance is not fixed in this 
plot, and hence «, is not the only variable at play 


unless 18 well 


However, it noted that 


lO uw 


may he 


above l dor Ss not approat h the true ¢ irbon 


solubility. The only points that actually lie at the 


equilibrium solubility level are those for 


1] 


grained 0.025 per cent carbon 


is now clear that even the higl 
display the true carbon sol 
SsIZe and carbide 


The 


carbon alloy in Fig 


coarse point 


isothermal annealing tre 
specimen 6) was the! 
of 0.009 on the 
isothermal anneal 
intercarbide spacing increased 
the principal change was 
Correspondingly, @ 
Fig. 4 
The 


the mean ferrite path Lo 


mcre 
internal friction is 
both grain-bou 


taking 


and carbide interruptions into account. The initia 


steep slope is mainly due to variations in the carbide 


Wert" gives cal/mol r the heat tution 
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True Carbon Solubility 


0.78% C, Tempered Martensite 
0.62% C,|lsothermally Annealed 
0.29%C, Isothermally Annealed 


0.025%C Alloy 


40 80 120 160 200 


az (Microns) 


as a function of the mean free path («,) for 


iron—carbon alloys solution treated at 650°C. 


dispersion in this range, while the subsequent bending 
of the curve at «, > 20 uw and the gradual approach 
to the equilibrium solubility level are controlled by 


the grain size. 


4. DISCUSSION OF RESULTS 


Inasmuch as the elastic modulus and intensity of 


the carbon peak depend upon the crystallographic 
direction in the b.c.c. lattice. consideration was given 
to the possibility that the observed variations in 
changes in 


might be caused by 


the 


damping capacity 


texture occurring in annealing treatments 


employed to alter the grain size and carbide dis- 


persion. However, back-reflection Laue patterns 


disclosed no pronounced texture in any of the speci- 
Furthermore, in systematic series of heat 
the 


mens. 
treatments to vary «, or a, and hence Q,, 
natural frequency remained constant, indicating that 
there was no pronounced change in the elastic modulus 
or average grain orientation of the polycrystalline 
specimens. 

Tests were also conducted to determine whether 
carbide precipitation might occur at room temperature 
during the 10 min elapsed between the brine-quench 
from the solutionizing temperature and the subsequent 
damping tests. Resistivity measurements during this 
gave no 
lattice. In 
that. 


following 


period at room temperature 
the ferrite 


(10) 


from addition, 


carbon loss 
in the 


the 


suggest 


aging experiments by Kunz 


first 10min at room 


quench, the amount of carbon migrating to disloca- 


temperature 


tions is much too small to account for the present 
discrepancies. 
The 


reported here is that the grain boundaries and excess 


most probable explanation of the findings 
carbides provide effective sites for the precipitation 
of carbon, even during the brine-quenching of 0.030 in. 


dia. specimens. Hence, if the grain size and/or inter- 


evidence of 
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carbide distance is very small, significant depletion 
of the ferrite solution may take place on quenching 
from the solutionizing temperature. In other words, 
metallographic conditions may exist such that the 
equilibrium concentration at the solutionizing tem- 
perature cannot be preserved in the ferrite lattice 
at the lower temperatures where the carbon damping 
peak is found. 

The 


checked by considering the distance that 


reasonableness of this hypothesis may be 
carbon 


The 


effective time of quenching, ¢, is about 1 sec, and the 


atoms can diffuse during the time of quench. 
weighted average diffusion coefficient, D, is of the 


order of 10-8 cm?/sec. The approximate diffusion 
distance. (Dt)!/2. 


| w on either side of a grain boundary or surrounding 


is then 10-4em. Thus, a region of 


an existing carbide particle can be substantially 


depleted of carbon during the quench. This is con- 
sistent with the experimental findings, in that Q~! 
is relatively small when «, or a, is of the order of 
| uw: under such conditions the ferrite lattice seems 
to lose an appreciable part of the carbon that had 
been dissolved at the quenching temperature. 


Seeman and Dickenscheid™! have arrived at a 


basis of electrical 


the 


of aging in 


similar interpretation on 


resistivity measurements iron—carbon 
alloys. These investigators found that the extent of 
aging decreased markedly with increasing carbon 
content. They also noted that a 0.16 per cent carbon 
alloy, aged at 350°C (660°F) following a quench from 
the 


precipitation-free zones around the pearlite patches. 


just below eutectoid temperature, contained 
It was concluded that the cementite in the pearlite 
acts as precipitation sites for carbon during the 
quench and thus reduces the capacity for subsequent 
Dickenscheid@) 


reported that fine-grained ferrite retains less carbon 


aging. In addition, Seeman and 


in solution on quenching than does coarse-grained 
ferrite. 


) accounted for 


Lagerberg and Josefsson'?) have 
their grain-size effects in «-iron by assuming that 
carbon atoms are both absorbed at. and immobilized 
Their that 
carbon is more soluble in fine-grained than in coarse- 
of the thin 


austenite film (due to impurities) along the grain 


by, grain boundaries. results indicate 


grained ferrite because presence of a 
boundaries at the high solutionizing temperatures 
used.* However, in the high-purity alloys studied 
here, the complication of austenite existing below 
the eutectoid temperature can be ruled out, as shown 


by Lagerberg and Lement."?) 


* The carbon dissolved in the f.c.c. austenite does not 


contribute to the damping peak. 
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If, on the other hand, carbon atoms are assumed 


not to be concentrated in grain boundaries, but 


immobilized in the ferrite lattice on either side of the 


of the boundaries would 


have to be felt at a distance of at least 1 uu to explain 


boundaries, the influence 
the abnormally low Q,,-' values. This concept is in 
disagreement with recent models of the strain field 
in the neighborhood of a grain boundary. 

The that 
nearby grain boundaries (as 


conclusion carbon atoms migrate to 


well as to existing 
carbides) during the quench from the solutionizing 
temperature raises the obvious question as to what, 
then, happens to these carbon atoms at the grain 
boundaries. Assuming that the width of a grain 
boundary is one unit cell on either side and that the 
carbon atoms lost during a quench from 650°C (1200°F) 
go to grain boundaries when «, is smaller than 10 y, 
the localized carbon concentration would be over 

This 


high concentration suggests that the carbon actually 


carbon atoms per grain-boundary iron atom. 


precipitates, rather than being merely entrapped 
along the grain boundaries. 

When «, and «, have the same value, it turns out 
that there is one-half as much grain-boundary area as 
ferrite-carbide interface per unit volume. However, 
since carbon atoms can approach a grain boundary 
from both sides, a unit grain-boundary area should 
be about twice as effective as a unit ferrite—carbide 


interface from the standpoint of carbon drainage. 


Thus, if «, and «, are small and of the same order of 


magnitude, both the carbide dispersion and ferrite 
grain size should influence the amount of carbon lost 
during the quench. When one of these parameters is 


much smaller than the other, the smaller one controls 


» 1 


extent of depletion: for example, in Fig. 2, Q,, 
depends strongly on «, when the latter is small, but 
becomes insensitive to x, when the latter is large. At 
the plateaus, «, %, and the small grain size then 


prevents the observed Q,,-' from reaching the equili- 


brium solubility value. 

However, the emergence of grain size as the 
primary factor does not occur when «, is exactly 
equal to a. a, can be somewhat larger than «, and 
still exert an effect. Possibly, even when the carbides 
are rather far apart, they can still provide potent 
sinks for the carbon atoms if the grain boundaries 
act as collectors along which the carbon can find 
short-circuiting paths to the carbides. 

In the light of these explanations, the carbon loss 
on quenching should increase with the solutionizing 
temperature because of the higher rate of diffusion 
involved, and not because of any difficulty in attaining 


This 


equilibrium at the solutionizing temperature. 


accounts for the increasing disparity (Fig. 3) between 


the equilibrium and apparent solubilities as the 
solutionizing temperature is raised, whether the latter 
is approached from above or below. At the same 


time, the amount of carbon remaining in solution 
likewise increases with the solutionizing temperature 
However, when ~, and «, (and hence «,) are sufficiently 
large, Q,,-' then approaches the equilibrium valu 


corresponding to the solutionizing temperature 


5. CONCLUSIONS 
The height of the internal-friction peak associated 


with the stress-induced migration of carbon in b.c.c. 


iron does not correspond to the true solubility at the 


solutionizing temperature when the grain size or 


intercarbide distance is small. Under such conditions 


part of the dissolved carbon precipitates, despite 


rapid quenching, at boundaries or existing 
Thus, the ferrite ; 
not retain the carbon content that prevails in solution 


These effects are 


grain 


carbides. t room temperature does 


at the equilibrating temperature 
essentially independent of the overall carbon content 


for a given grain size and intercarbide distance 


Similar findings are observed on the tempering of 


martensite to ferrite plus carbides, the tempering 


then playing the part of a solutionizing treatment 
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DEFORMATION TWINNING IN SILVER-GOLD ALLOYS* 
H. SUZUKI*+ and C. S. BARRETT? 


Silver—gold alloy single crystals were studied with respect to their tendency to undergo deformation 
twinning in tensile tests at low temperatures. X-ray diffraction, metallography, and stress-strain 
curves all indicated that deformation twinning occurs in crystals of suitable orientation throughout 
the entire range of alloy composition. Twinning takes place even at 0°C, with slow rates of testing, 
in favorably oriented crystals of pure silver; the upper temperature range for twinning decreases with 
increasing gold content, but is still above 77.3°K at 100 per cent gold. Three different propagation 
processes for the twinning are noted. The stress measurements indicate that there is a critical resolved 
shear stress for twinning which is independent of orientation and only weakly dependent on tempera- 
ture; this stress in kg/mm, is found to rise from 6.48 0.66 for 0 per cent Au to 9.84 0.25 for 50 per 
cent Au and falls to 9.23 0.39 for 90 per cent Au and 9.48 0.40 for 100 per cent Au. The apparent 
restriction of twinning to certain orientations should be ascribed to the shear stress that is reached 
during the test with these orientations, not to the orientations themselves. Values of the stacking- 


fault energies can be computed from the twinning shear stresses by assuming a mechanism of twinning 


proposed by H. Suzuki, which involves a pair of twinning dislocations moving away from a Cottrell 


sessile dislocation. The double stacking fault trailing behind this pair has a computed energy of 21 
erg/cm? for silver and 30 erg/cm? for gold, and it is suggested that these same values are approximately 


correct for a single deformation stacking fault in these metals. 


DES MACLES DE DEFORMATION DANS LES ALLIAGES OR-ARGENT 


Les auteurs étudient des monocristaux de l’alliage or—argent qui ont tendance au maclage de déforma- 
tion lors d’essais de traction a basse température. La diffraction par rayons X, la métallographie et les 
courbes tension—déformation indiquent que les macles de déformation apparaissent dans des cristaux 
d’orientation convenable et dans tout le domaine de composition de l’alliage. Le maclage a méme lieu 
a O°C dans des cristaux favorablement orientés d’argent pur, pour de faibles vitesses d’essai; la tem- 
pérature supérieure pour le maclage diminue lorsque la teneur en or augmente, mais elle est encore 
au-dessus de 77,3°K a 100°, d’or. Les auteurs indiquent trois processus différents de propagation des 
macles. Les mesures de tension indiquent qu’il existe pour le maclage une tension de cisaillement 
critique qui est indépendante de l’orientation et faiblement dépendante de la température; cette tension 
en kg/mm?*, augmente de 6,48 0,66 pour 0% Au a 9,84 0,25 pour 50% Au et tombe a 9,23 0,39 
pour 90% Au et 9,48 0,40 pour 100% Au. Le fait que les macles n’apparaissent que pour certaines 
orientations doit étre attribué a la tension de cisaillement qui est atteinte au cours de l’essai avec ces 
orientations, et non aux orientations elles-mémes. Les valeurs des énergies des défauts d’empilement 
peuvent étre établies & partir des tensions de maclage en admettant un mécanisme proposé par H. Suzuki 
et qui comporte une paire de dislocations de macle se déplacant a partir d’une dislocation sessile de Cottrell. 
Le double défaut d’empilement en mouvement derriére cette paire & une énergie de 21 erg/em? pour 
largent et de 30 erg/cm? pour l’or. Les auteurs suggérent que ces mémes valeurs sont approximativement 


correctes pour ces métaux dans le cas d’un défaut d’empilement unique pour une déformation. 


MECHANISCHE ZWILLINGSBILDUNG IN SILBER—-GOLD-LEGIERUNGEN 

Silber—Gold-Einkristalle wurden im Hinblick auf ihre Fahigkeit, im Zugversuch bei tiefen Temperaturen 
Deformationszwillinge zu bilden, untersucht. R6ntgenuntersuchungen, metallographische Beobach- 
tungen sowie die Spannungs-Dehnungskurven zeigten, dass eine Zwillingsbildung bei Kristallen geeig- 
neter Orientierung in der gesamten Legierungsreihe auftritt. In giinstig orientierten, reinen Silberkrist- 
allen ist bei langsamen Verformungsgeschwindigkeiten selbst bei 0°C Zwillingsbildung zufin den. Die 
obere Grenze des Temperaturbereichs der Zwillingsbildung nimmt mit zunehmendem Gold—Gehalt ab, 
liegt aber bei 100°, Gold noch oberhalb von 77,3°K. Fiir die Ausbreitung der Zwillinge wurden drei 
verschiedene Prozesse beobachtet. Die Spannungsmessungen zeigen, dass eine kritische Schubspannung 
fiir die Zwillingsbildung existiert, die von der Orientierung unabhangig und von der Temperatur nur 
schwach abhangig ist. Nach den vorliegenden Ergebnissen steigt diese Spannung (in kg/mm?) von 
6,48 0,66 fiir 0°, Au auf 9,84 0,25 fiir 50% Au und fallt wieder auf 9,23 0,39 (90% Au) bzw. 
9,48 0,40 (100°, Au) ab. Die scheinbare Beschrankung der Zwillingsbildung auf bestimmte Orien- 
tierungen sollte der Schubspannung, die bei den Versuchen mit diesen Kristallen erreicht wurde, und 
nicht den Orientierungen selbst zugeschrieben werden. Unter der Annahme eines von H. Suzuki 
vorgeschlagenen Mechanismus der Zwillingsbildung, bei dem sich ein Paar von Zwillingsversetzungen 
von einer unbeweglichen Cottrell-Versetzung ablésen, lassen sich aus den Schubspannungen fiir die 
Zwillingsbildung Werte der Stapelfehlerenergien berechnen. Der hinter dem Versetzungspaar aufges 
pannte doppelte Stapelfehler hat eine berechnete Energie von 21 erg/cm? fiir Silber und von 30 erg/em? 
fiir Gold. Es ist zu vermuten, dass dieselben Werte naherungsweise auch fiir einfache Stapelfehler 


in diesen Metallen zutreffend sind. 


* Received September 30, 1957. + At the Institute for the Study of Metals, University of 
+ Institute for the Study of Metals, University of Chicago, Chicago during this work, on leave from Téhoku University, 
Chicago, Llinois. Sendai, Japan. 
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SUZUKI anp BARRETT: 


1, INTRODUCTION 

It was believed for many years that a face-centered 
cubic metal does not deform by twinning. Blewitt, 
Coltman and Redman," however, have shown that 
twins form during the tensile testing of certain 
copper crystals at low temperatures and they also 
found deformation twins in silver and gold crystals;'? 
Haasen™ has likewise obtained X-ray evidence of 
deformation twinning in some nickel crystals strained 
at very low temperatures. 

If this twinning takes place, as is believed, by the 
propagation of a half-dislocation and its associated 
stacking fault across each atomic plane of a set of 
parallel octahedral planes, the stress required for 
twinning an f.c.c. crystal must be related to the 
energy of a stacking fault in the crystal, plus any 
other forces resisting the motion of a half-dislocation. 
This relationship appears necessary, even though up 
to the present we have not had a detailed twinning 
mechanism that would apply to deformation-twin- 
ning in f.c.c. metals.) Although the energy of a 
stacking fault must have an important influence on 
the mechanical properties of an f.c.c. metal and data 
on stacking-fault energies are needed, we lack direct 
and reliable methods of obtaining such data except 
by means of direct observation of dislocation widths 
with the electron microscope as done by Hirsch,‘°) 
and his method is limited (thus far) to specimens 
with very low stacking-fault energy, such as stainless 
steel. It is therefore important to examine in many 
metals and alloys the conditions under which deforma- 
tion twinning occurs. 

In this paper we report data on silver—gold alloy 
crystals deformed at various temperatures; deforma- 
tion twins were found, after low-temperature straining, 
in crystals of suitable orientations with compositions 
throughout the entire range in this alloy system. 
The paper includes the evidence for twinning, the 
conditions of temperature and composition under 
which it occurs, its manner of spreading over the 
crystal during straining, the stress law that appears 
to govern the occurrence of twinning, and the values 
of stacking-fault energies that can be inferred from 
the test data. 

2. DETECTION OF DEFORMATION TWINS 
(a) Stress-strain curves 

The crystals used in this investigation were grown 
from the melt in a sintered alumina tube with an 
inner diameter of 2.3mm and a length of about 
30 cm. 
0, 10, 25, 50, 75, 90 and 100 at. per cent gold, from 


The alloys were melted to compositions of 


gold of 99.98 per cent purity and silver of 99.9995 


per cent purity. The single crystals, originally about 


DEFORMATION 


TWINNING IN 


gold 


Fic. ] 


alloy 


stress-strain curve ol y at per cent 


crystal deformed at 77.3 ; the applied load divided 


by the initial a s plotted 


25 em in length. were cut into four or five 


900°C. for 


pieces 


annealed at 5 hr and tested at various 


temperatures. The crystals were numbered and the 


various given crystal were given 


tests 


segments of a 
The 


slow rates on a Tinius—Olsen pendulum-type machine 


letters. a. b. c. ete. tensile were run at 


experimental details of the tensile testing are reported 


in another paper, in preparation, on the plastic 

deformation of the alloys. 
An example of the stress-strain curves obtained 
Fig. 1, the 10 at. per 


gold alloy (sample 10-lc) deformed at 77.3°K. 


cent 
The 
stress-strain curve is very smooth until the elonga- 
The smooth 


is shown in which is of 


tion is well over 50 per cent. portion 


is terminated with an abrupt drop in stress accom- 
panied by a loud click, and is followed by a flat 
portion of the curve in which only the average value 
of stress is indicated, since instantaneous values 
cannot be obtained on a soft machine of the pendulum 
The does not record the 
discontinuous differs 


twinning 


so-called 


machine 
flow" that 


type. 
essentially fron 


twinning; but it does record loud 
click and associated drop in load is foun 

at the first 
found to 


determining the stress that initiates twinning 


formation of twins, and this 


provide a very convenient 


(b) X-ra y exam mation 


The 


present in portions of the deformed samples 


determination of the cerystal orientations 


aided 


the interpretation of the markings that were observed 


this was done by preparing oscillating crystal photo 


graphs, using both stationary and moving films in a 


Weissenberg camera with filtered cobalt Ax radiation 


The diffraction data were plotted on stereographi 
projections. 
When crystals were examined after being elongated 


past the first abrupt drop in load, many were found 


to be deformed severely and uniformly throughout 


limited length, a Luders band. An example of this 
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Fic. 2. Pure gold crystal (100-ld) de- 
formed at 77.3°K. The crystal deformed 
homogeneously throughout regions I 
and II until the amount of defor- 
mation reached a certain value, then 
severe deformation took place in region 
[I with an audible click, but no longer in 


region I. i. 


is seen in Fig. 2, which shows a sample of pure gold 


after deformation at 77.3°K. With the abrupt drop 


in stress, a localized deformation like a Luders band 


has started somewhere in the crystal and has pro- 
pagated through the portion labelled Region II in 


the figure. Prior to this localized deformation, slip 


had occurred throughout the crystal, producing the 


markings visible in Region I. 


100 


FIG Z. Stereographi projection of observed orientations 
planes and the tensile axis of a pure gold 
crystal (100-1d) Filled points indicate 
the orientation derived from X-ray data 
and open points are some of the individual X-ray reflections. 
The suffix 7’ denotes that twinned 
crystal. Ay, Ay represent the tensile axes just before twinning 
and after twinning, respectively, and A, the calculated axis 


orientation for complete twinning 


of erystallographic 


77 2 


deformed at 77.3°K. 
an average of the 


points belong to the 


X-ray patterns of 
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Region I contained reflections from the 


erystal only, but patterns from Region II contained 


parent 


strong reflections from a twin in addition to those 
from the parent crystal. 

The observations on this crystal (sample 100-1d) 
are summarized in the stereographic projection of 
Fig. 3. The filled symbols refer to the parent crystal 
and those labelled 7 refer to the ideal orientation 
of a twin that would form in this parent crystal if 
twinning occurred on the twinning plane that is 
indicated. The open symbols show some of the 
X-ray data and give an idea of the precision that was 
obtained in plotting individual reflections. Four 


reflections were observed from twinned material, 
all of them belonging to a single twin, including one 
from the twinning plane itself. The direction of the 
rod axis in Region I is denoted by A, and in Region 
Il by A,,. The direction of shear for the twinning 
been discussed in 


must be [211] in Fig. 3, as has 


analogous cases by Blewitt et al.” If substantially 
all the material in Region II had been converted to 
the twin orientation, the axis of the parent crystal 
in this region would have rotated to the calculated 
but the 


twinning 


position indicated by the filled circle Ao, 
that 
amounted to only about half of this, i.e. 
from A, to Ajy. 

The 
37 per cent; this is very close to the elongation that 


observed rotation accompanied 


rotation 
elongation in Region II is approximately 
would have resulted from complete twinning of the 
region. Since slip on the conjugate slip system (dis- 
cussed in the following section) is observed, it must have 
acted to reduce the net amount of rotation observed. * 

Other crystals were also examined by X-rays for 
twins and definite evidence was obtained for twins 
in all of the alloy compositions, after straining at 
77.3 the X-ray 


crystals 
indicated the presence of two different twins of the 


certain patterns 


parent crystal; in the others only a single twin 


orientation was found. Further details of the twin- 


ning characteristics are discussed in latter sections. 
(c) Metallographic examination 

Several crystals in which the stress had dropped 
with a loud click were mounted in bakelite, mechani- 
cally polished, then etched in an aqueous solution 
of KCN and ammonium sulphate. A typical micro- 
10 at. 


per cent gold alloy deformed at 77.3°K. The bands 


structure is reproduced in Fig. 4, which is a 


by twinning 
by slip on the primary 


* Haasen points out*® that rotation toward [211 
combined with rotation toward [101 
slip system could also aid in accounting for orientation Ay. 
Unfortunately, the distortion of the X-ray 
cludes a full specification of the operative mechanisms. 


reflections pre- 
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Fic. 4. Microstructure of an Ag—Au alloy crystal (10 at. per 


cent gold) deformed at 77.3°K. 250. 

seen in the micrograph, which etch preferentially, 
are found to be parallel to the traces of (111) planes. 
Similar crystals that have not undergone an abrupt 
drop in stress do not show these bands (with certain 
exceptions discussed later). 
regions like Fig. 4 show spots arising from twinned 
We therefore conclude that these 
Further details of the micro- 


material. bands 
are deformation twins. 


structure are discussed below. 


erry 


stages in the first 
process of twinning in a 75 at. per cent 
deformed at 77.3°K. Twins started just 
and propagated in both directions; + 
structure of the end of the twinned 
a to d natural size; e, 10. 


Fig. 5. Successive type of 


gold alloy 


propagation 
crystal 
before the stage c, 
shows the enlarged 


region. Magnification: 


DEFORMATION 


X-ray phe ttographs of 


TWINNING IN 


3. THE PROPAGATION 


DEFORMATION 


PROCESS OF 
TWINS 
Blewitt, Coltman and Redman found that the 
twinning plane of copper was the slip plane on which 
the largest amount of slip had occurred, while on the 
other hand, in an irradiated crystal the twinning 
plane was the conjugate slip plane. No corresponding 
rules about the selection of the twinning plane as the 
active or conjugate slip plane were found for the 
present silver—gold alloys. Thus in some crystals 
the twinning took place on a twinning plane that was 
parallel to either the active or conjugate slip plan 
in some other crystals twinning occurred on the act 


slip 


slip plane in one region and in the conjugate sli 
In th 


plane in another region of the same crystal 
remaining crystals, twinning took place concurrently 
on both twinning planes in the same region. Twinning 
propagated in the individual crystals in a manne 
that depended upon the twinning planes that were 
active. 


The first type of propagation process is illustrated 


in Fig. 5, which shows successive stages in the elonga 


tion of a 75 per cent gold alloy. The twinning pro- 


pagated along the specimen axis by continuously 
adding twin lamellae. Some details of the propagation 
process should be mentioned. It is significant in this 
case that the deformation markings on one side of the 
crystal differ in an easily visible way from those on 
the other: on one side deformation took place homo 
geneously, while on the other it was very he terogeneous 


side took 


also the deformation in one 
different 


(see Fig. we): 


place on a twinning plane from the othe 


side. The two active planes are in the relation 


conjugate twinning planes 


The above-mentioned deformation struc 


be understood if the propag: 


ition process Ol 


is as follows. Let us suppose a thin layer of twin 


material forms in the crystal passing through 


as indicated 


ippeat 


daries between the twinned and untwinned n 


crystal and deforming it 
Bending moments would then 
Starts 1n 
The 


upwards and down- 


increasing until slip or twinning 


jugate system, as indicated in Fig. 6b. twinned 
region grows in both directions 
wards; twinning taking place initially from the rig 
side in the uppel half of the ervystal, and from 
left side in the lower half, and concurrently conjug 
slip or conjugate twinning from the 


half and the 
leads to the 


takes pl Lee 


in the right in the lowe1 
This 
Fig. 


The 


in Fig. 7, 


upper 


process structure illustrated 


second type of deformation is demonstrated 


which shows suc¢ essive stages ol deformation 
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(c) 


epresentation of the progressive growth of 


gion in the l t ty » of process. 


cent gold crystal (sample 25-3d). 


the 


20 at. per 


and active 
twinning plane in differs 


A cross-section parallel to the specimen 


Several twinned regions are seen, 


one region from that in 


inothe 


axis and nearly parallel to the twinning direction in 


® ¢@e 


Fic. 7 Successive ges in the second type of propagation 


twinning in a 25 at. per cent gold alloy crystal. 


process of 
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Fig. 8. Micrograph of the area in which the twinning 


system changes, for second type of twinning process in a 
10 at. per cent gold alloy crystal deformed at 77.3°K. Etched 
by KCN solution. 75. 


a crystal of this type is as shown in Fig. 8, which is 
a photomicrograph of a 10 at. per cent gold crystal 


deformed at The 
first; these spread until they encountered twinning 


77.3°K. darker twins formed 
on the conjugate system at the position photographed. 
In the third class of crystals the twinning takes 
both the 
There is no localized region of flow. This 


situation is shown in Fig. 9, which shows the twinning 


place on conjugate planes throughout 


cry stal. 
in pure silver deformed at 77.3°K. 

The experiments indicate that two major variables 
the 
propagation occurs in a given instance: deformation 
The effect 


variables is plotted in Fig. 10, using crosses, triangles 


determine which of three types of twinning 


temperature and composition. of these 


and circles. Crosses denote the first type, in which 
twinning takes place on only one twinning plane 
and propagates along the specimen from one origin; 
triangles denote the second type, in which twinning 
spreads out from several origins and occurs on one 
plane in some regions and on the conjugate plane 
in other regions: and circles denote the third type, 
in which both conjugate twinning planes are active 
Failure to twin in 
the 


concurrently in a single region. 
the main part of the specimen is denoted in 


figure by squares. 


with twinning on 


Fic. 9. Third type of twinning process, 
17.3°K. 


systems at random. Pure silver deformed at 
Etched by KCN solution. 10. 


two 
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44 


\\ 


Temperature, °K 


Fig. 10. Temperature-concentration diagram showing the 
occurrence of the three modes of twinning propagation. 
See text. 


Au-Ag crystal 25-1 


20 ) 60 
Elong atic 
Stress-strain curves of the 25 at. per c¢ 


»~ 


crystals (samples 25-le, 1b, ld 


Au-Ag crystal 90-1 


Stress-strain curves of the 90 at per cent gold alloy 
crystals (samples 90-10, le, 1d). 
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There is a correlation between the type of twin- 
ning process operating and the nature of the stress 
strain curve that is obtained. Crystals deforming by 
the first or second type process show a considerable 
drop in stress when twinning starts, whereas those 
deforming by the third type do not. Examples are 
given in Fig. 11, which concerns crystals of 25 at. 
per cent gold, tested at three temperatures, each 
having the orientation indicated by the stereographic 
projection at the lower right of the figure (for the 
deformation types, see Fig. 10). Further examples, 
for the crystals containing 90 per cent gold, are 
given in Fig. 12, where the 77.3 and 20.4°K curves 
are of similar type, rather than dissimilar as they 
were in the alloy of Fig. 11. 

Fig. 11 


the deformation 


The microstructures of the crystals of 


are shown in Fig. 13 (a, b and ec): 
temperatures of these were 193, 77.3 and 20.4°K, 


respect ively. 


4. CONDITIONS FOR DEFORMATION 
TWINNING 
As already mentioned, deformation twinning has 
now been observed in silver-gold crystals of all 
compositions at liquid-nitrogen temperature, pro- 
the The 


orientation-dependence of twinning in copper has 


vided crystal orientation is favorable. 
already been studied by Blewitt et al.”’ According 
to their result, only those samples will twin which 
have their tensile axes rotated to the portion of the 
dodecahedral plane (the line connecting the (001) 
and (111) plane in Fig. 14) that lies between [113] 
and {111}. The present results regarding the orienta- 
tion of crystals that twinned were nearly the same 
as those of Blewitt et al., but consideration of the 
differences and of the stresses reached during the 
tests have led us to conclude that the criterion for 
the presence or absence of twinning is not the orienta- 
tion of the axis in a certain portion of the dodecahe- 
dral plane. 

data. Fig. 14, 


shows for 


first the orientation 
the tests at 77.3°K, 
crystal the initial orientation of the tensile 
the 


instant twinning began (filled circles). 


Consider 
summarizing each 
axis 

the 
The orienta- 


(squares) and calculated orientation at 
tion calculations were made by assuming that the slip 
that occurred before twinning was on the principal slip 
system until the specimen axis reached the dodeca- 
hedral plane and that the crystal axis then moved 
along this plane toward the [112] position by double 
The actual crystal orientations at the instant 
took 
orientations plotted in the figure (filled 


slip. 
twinning place may have deviated slightly 


from the 
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(oo!) 


Fie. 14. 


cry stals 


Stereographic projection of the orientation of the 

and their twinning tendencies. Filled 

represent initial orientations; filled indicate the 

calculated crystal orientation when twinning began; open 

the final orientation of crystals that did not 
deform by twinning. 


squares 


circles 


circles show 


because there must have been over- 


but that 
twinning took place only after the tensile axis had 


circles) some 


shooting ;'® nevertheless it is obvious 
rotated into the dodecahedral plane and that some 
crystals have deformed by twinning when their axes 
lay in this plane between [113] and [001], as well as 
between [113] and [111]. The orientation of crystals 
that did not twin at 77.3°K are shown by open circles. 

Consider now the stress data. Table 1 gives the 
shear stress resolved on the twinning plane and in the 
twinning direction just before the drop of stress 
occurred, assuming the orientation of the tensile 
Fig. 14. 
much scatter, but the scatter with crystals of identical 


axes shown in This twinning stress shows 
orientation is similar to that with crystals of different 
orientation and there is no systematic dependence 
We that the 
shear stress for twinning depends mainly upon the 


upon orientation. conclude critical 
composition of the alloy and little upon the tempera- 
ture. Fig. 15 is a plot of the twinning shear stress 
against alloy composition neglecting any temperature 
dependence. Average values are indicated together 
with the computed standard deviation, for each 
The 


increasing gold content in the silver-rich alloys, and 


composition. stress rapidly increases with 
it is almost independent of the coniposition in gold- 
The crosses in the figure indicate the 
the 


untwinned 


rich alloys. 


shear stress on twinning system just before 


fracture in crystals at liquid-nitrogen 
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TABLE l. 


Composition 


Sample 
(at. gold) 


bo bo bo bo bo bo 


temperature. In the untwinned crystals the shear 
stress on the twinning system is always less than 
the average critical shear stress for twinning that 
is observed in twinned crystals. 

From these observations we conclude that there 


is a critical resolved shear-stress law of twinning 


that governs the occurrence or absence of twinning 
and that is independent of crystal orientation, The 


apparent restriction of twinning to certain orienta- 


tions, as found, for example, by Blewitt et al.,”) 
should be ascribed to the shear stress that was reached 
during the test with these orientations, not to the 


orientations per se. 


Testing 
temperature 


TWINNING IN SILVER-GOLD ALLOYS 


Twinning shear stress 


Elongation Twinning 


before twinning shear stress 


kg mm 


In support of this conclusion we should mention 


the fact that some crystals that did not show any 
the 


nevel 


indication of twinning in most of crysta 


theless twinned in the necked region. For « xampl 


in the 90 at per cent gold crystals deformed at 
193°K, 
in Hig. 12, 

twinning stresses computed from the tests at 77.3 and 
20.4°K, there 


deformation twinning in the stress-strain curve. ve 


for which the stress-strain curve is plotted 
the 


the stresses reached are well below 


and accordingly is no evidence of 


+ 


the micrograph of this crystal, Fig. 16, shows that 


deformation twins formed in the vicinity of the 


fracture. The material in the necked region must 
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(°K) 
0-7a 0 273 42.5 7.35 
0-7b 0 193 38 7.81 
0-7e 0 771.3 25 5.76 
0-7d 0 20.4 23 5.01 
10-la 10 77.3 74 8.23 
10-16 LO 11.3 66.5 7.95 
10-ld 10 20.4 57.5 6.36 
10-2b 10 193 74 6.82 
10-2¢e 10 77.3 61 6.44 +7.00 
10-2d LO 77.3 62 6.05 
10-3c 10 75 8.82 
10-3d 10 76.5 6.06 
10-3¢ 10 20.4 57.5 6.30 
25-le 5 193 SU 8.26 
25-la 5 77.3 73 8.28 
25-1b 5 77.3 66.5 8.56 
25-ld 5 20.4 75 8.48 
25-2b 5 193 36 9.46 >8.22 
25-2c 5 20 7.29 
25-2d 25 20.4 18.5 6.59 
25-3c 25 11.8 85 9.20 
25-3d 25 77.3 79 RO 
50-16 50 71 10.40 
50-ld 50 77.3 64.5 & OB 
50-2e 50 77.3 70 9.78 79.84 
4h 50-2d 50 20.4 76 10.26 
50-3e 50 20.4 74.5 9.79 
78-2c 75 72 9.50 
FO 75-2d 75 77.3 69 9.93 
75-2e 75 20.4 5S 8.73 9.93 
75-3¢ 75 77.3 33 9.5] 
75-3d 75 4140 34 9.78 
75-3e 75 20.4 30 
90-le 90 77.3 78.5 9.31 
90-1d 90 20.4 75.5 9 03 
90-2¢ 90 77.3 56 10.27 
90-2d 90 77.3 10.39 >+9.30 
90-2¢ 90 20.4 4? 8.70 
90-3¢ 90 73.2 22.5 8.65 
90-3d 90 24 8.76 
100-la LOO 77.3 64.7 9.84 | 
100-leé 100 77.3 65 9.92 ‘9.48 
100-ld LOO 20.4 15 8.69 | 
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Fic. 15. The shear stress required for twinning as a function 

of gold concentration. 

the twinning dislocations of untwinned crystals just before 

necking and fracture; these lie beneath the curve representing 

the average of the critical 

twinning. Vertical bars through average points give standard 
deviation for each composition. 


Crosses indicate the shear stress on 


values for the shear stress for 


have been subjected to a stress that increased up to 
the critical value for twinning during necking just 


before fracture occurred. 


region of 


gold) 


Fic. 16. Deformation twins confined the 
necking in a Ag—Au alloy crystal (90 at. per 


deformed at 193°K. 


cent 
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5. DISCUSSION 

The most important conclusion from these experi- 
ments is that twinning obeys a simple shear-stress 
law: twinning occurs when a critical resolved shear 
stress is reached on the twinning dislocations, a stress 
that is independent of the shear stress acting on the 
detwinning dislocations. (We are using the names 
twinning and detwinning dislocations for the two 
partials of each extended dislocation.) 

This twinning law, with its lack of dependence on 
the shear stress acting on the detwinning dislocation, 
leads directly to the conclusion that an extended 
that is 
nucleus of a twin, since the separation of the partials 


dislocation free to move cannot become a 


of a free extended dislocation depends upon whether 


or not the difference between the stresses on the two 


partials overcomes the stacking-fault tension between 


them. 

A mechanism of twinning is needed that involves 
an anchored detwinning dislocation, and the following 
is proposed.* Twinning starts at a Cottrell-sessile 
dislocation” (a ‘‘Cottrell_—Lomer lock’’) at which there 
are piled-up dislocations on one slip system. The stress 
concentration from the pile-up changes the Cottrell- 
sessile from one with its apex away from the pile- 
the 
Simultaneously, the stress field of the pile-up forces 
of the of the 
to move out, stretching out the fault plane that 


up into one with its apex toward pile-up. 


one half-dislocations Cottrell-sessile 


connects it with the sessile: this twinning dislocation 
is closely followed on the neighboring plane by the 
leading half-dislocation of the pile-up, which also 
stretches out a fault plane behind it. This pair of 
moving twinning dislocations forms the leading edge 
of a double fault plane that extends back to the 
sessile dislocation, and to the leading detwinning 
dislocation of the pile-up, which is caught in the 
stress field of the sessile. The double fault plane has 
B/A BC These 


twinning dislocations, encountering a perfect disloca- 


a stacking sequence A B( two 
tion that has its Burgers vector non-parallel to the 
twinning plane, climb by rotating around the perfect 
dislocation, and thus build up the deformation twin. 

In this model, the criterion for twinning depends 
on the condition for movement of the twinning dis- 
location, and this may be taken as the overcoming 
of the tension of the double stacking fault and the 
resisting force due to the intersecting dislocations. 
The equation for the work required for moving the 


pair of twinning dislocations then yields the twinning 


* This mechanism is proposed by H. Suzuki after a 
systematic models of the twinning 


process, and will be discussed in greater detail elsewhere. 


analysis of possible 
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shear stress, f, required for movement of the pair of 


twinning dislocations: 


f = y/[26 + 27 /lb (1) 


where y is the stacking-fault energy, 6 is the Burgers 
is the tension of the 
the 


dislocations, 


vector of a half-dislocation, 7’ 


half-dislocation line, and / is distance 


the 


assumed not to be cut by the twinning dislocation. 


mean 


between intersecting which are 


In applying this expression to pure metals we 


neglect the second term of equation (1) because of 


the low density of dislocations present, and we obtain 
from the tensile data 

Y ac 21 ergs/em 
30 ergs/em? 


These stacking-fault energies, which apply to the 
ABC/B/ABC ..., 


taken as approximately the same as apply to the 


stacking sequence may also be 
single deformation-type stacking-fault sequence A BC 
BCABC ... (i.e. the interaction between the breaks 
in the sequence is assumed to be small) and this may 
also be assumed to be of the order of twice the energy 
of a coherent twin boundary. Accordingly, we may 
compare these values with the current value for the 
coherent twin-boundary energy in copper, 40 ergs/cm?. 
Thus the values are of the expected order of magnitude, 
but because precision measurements are lacking for 
silver and gold it cannot be judged with certainty 
whether or not the values place the three in their 
true relative order. 

The Table 1 


Fig. 15 are higher in alloyed crystals than would be 


observed twinning stresses in and 
expected from a linear curve between the pure metals. 
This extra stress may be interpreted in terms of the 
resistance to the motion of the twinning dislocations 


that arises from intersecting dislocations—the second 
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term in the equation for the twinning shear stress 


That this is reasonable is indicated by the fact that 


overshooting is very significant in alloys, while it is 
negligible in pure metals; hence dislocation densities 


in the slip bands of alloys must be higher than in 


pure metals. Now assuming that the stacking-fault 
energy depends linearly upon the concentration, the 
maximum force due to the intersecting dislocations 
is found near the 50 at. per cent composition and has 
a magnitude of about 2 kg/mm?*. Using equation (1 


assuming 7 ub*/2, where uw is the rigidity modulus 


this resisting force implies density of intersecting 


dislocations of the order of 2 10° lines/em?, a value 
that seems reasonable in the light ot recent theories 
of work hardening. 

The 8S) stematic dependen¢ e of the ty pe ot twinning 


propagation upon temperature and concentration 


shown in Fig. 10 requires further consideration and 


will be discussed in another papet 
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THE OXIDATION OF TANTALUM AT 50-300°C* 


D. A. VERMILYEA?t 


The thicknesses of oxide films formed in oxygen were estimated from measurements of the electrical 


capacitances of the films after oxidation. The oxidation of tantalum at temperatures below 350°C is 


adequat« ly described by the Cabrera—Mott theory for the growth of thin oxide films on metals. 


L;OXYDATION DU TANTALE ENTRE 50—-300°C 


L’épaisseur des films d’oxyde formés dans l’oxygéne a été estimée a partir de mesures des capacités 
r lectriques de ces films apres oxydation. 

L’oxydation du tantale & des températures inférieures & 350°C est convenablement décrite par la 


théorie de Cabrera—Mott sur la croissance de minces films d’oxyde sur les métaux. 


DIE OXYDATION VON 


Die 


chatz 


TANTAL 


50°—300°C. 


ZWISCHEN 


Dicken von in Sauerstoff gebildeten Oxydschichten werden aus Kapazitatsmessungen abges- 
Die Oxydation von Tantal lasst sich bei Temperaturen unterhalb 350°C durch die Cabrera 


Mottsche Theorie des Wachstums diinner Oxydschichten auf Metaller ausreichend beschreiben. 


There has never been a convincing demonstration 


of the validity of the theory of Cabrera and Mott” for 


of thin oxide films metals. 


Rhodin’®:*) measured the rate of oxidation of copper 


the growth very on 


single crystals at 78—353°K., using a vacuum micro- 


balance, and showed that reasonable values of the 


various parameters were obtained when the data were 
interpreted in terms of the theory. However, the 
agreement between the calculated and experimental 
p! at 


Also, the experimental plot of thickness versus 


thickness-versus-time ots is rather poor short 
times 
log 
convex, as demanded by the theory.t From studies 
of the oxidation of copper, Young et al. obtained 
data which yield linear 1/x versus log time plots, as 
demanded by the theory, but the parameters derived 
from the data at different temperatures were shown 
not to be consistent with the theory. Many observa- 
tions of linear thickness versus log time plots have 
been made, but often they were made at one tempera- 
ture only, or they extended over a rather short time 


possible to determine whether the reciprocal thickness 


yeriod, or they showed too much scatter to make it 


versus log time plot would also be linear and whether 
the results for several temperatures were consistent 
with the theory. 

The present investigation was undertaken in order 
to determine whether the low-temperature oxidation 
of consistent with the Cabrera—Mott 


tantalum is 


1957. 


Research 


* Received August 5, 


+ General Electric Laboratory, Schenectady, 


New York. 
t The calculated curves in the paper'*) by Rhodin appear 
to be in error. 
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time was concave towards the time axis instead of 


166 


theory, and incidentally to test a new method of 


measuring the thicknesses of oxide films. 


EXPERIMENTAL 
General te chnique 


{ in. | in. cut from 


sheet 


Tantalum specimens were 
0.005 in. annealed 
Metallurgical 
chemically polished in five parts by volume 96 per cent 
H,SO,, two parts 70 per cent HNO, and I} parts 


50 per cent HF. The polished specimens were welded 


obtained from Fansteel 


Corporation. These specimens were 


to a tantalum rod, dipped for 20 sec in 50 per cent 
HF, blown dry with compressed air and suspended in 
oxygen in a vertical tube furnace. After a specimen 
had been oxidized it was removed from the furnace, 
placed into an electrolytic cell and the capacitance of 
the cell was measured. A freshly cleaned specimen 
was used for each data point to avoid cumulative 


errors. The hydrofluoric acid was blown from the 


specimen in order to avoid oxidation of the surface in 


water during rinsing. 


A tmosphe re 

The oxygen was produced in Schenectady by the 
liquefaction of air and by electrolysis of water, and 
contained about 99.5 cent 


per O,, the principal 


impurities being nitrogen§ and argon. The oxygen 
was dried over silica gel and had a dewpoint of about 
70°C. Just before its entry into the furnace tube 


the oxygen was passed through a trap cooled with a 


§ The reaction of tantalum with nitrogen is slow at tem- 
peratures below 500°C.‘ 
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mixture of dry ice and ““Dowanol-33B” (1 methoxy-2- 


propanol) in order to remove any residual oil o1 
The 


contained 


grease which might have been present. first 


several inches of the furnace tube glass 
beads to preheat the gas, and the tube and the beads 
were cleaned in 5 per cent HF prior to use. The 
oxygen flow-rate was about | ft®/hr. 

It was necessary to have a rapid flow of oxygen in 
the upper portion of the furnace tube where the gas 
this 


rapid flow in the top of the tube without having too 


was exhausted to the air. In order to assure 
rapid a flow in the hot zone of the furnace and a 
that it be difficult to 
introduce the specimen rapidly, the top 6 in. section 


furnace tube so small! would 
of the tube was reduced to a diameter of about 3/16 in. 
If the oxygen flow was not rapid near the top of the 
tube it was found that oxidized tantalum specimens 
were no longer perfectly wet by water as they were 
immediately after cleaning. Presumably some con- 
taminant from the laboratory atmosphere diffused 
rate not 


back into the furnace tube if the flow was 


great enough. With the rapid flow the specimens 
were perfectly wet with water when they were removed 
for testing, indicating the absence of such contamina- 
tion. Cleaning of the surfaces with potassium dichro- 
mate-sulfurie acid cleaning solution caused no change 
in the measured capacitance provided the films were 
more than about 20 A thick, further evidence that 
(When the film thickness 


was less than 20 A, the cleaning solution and water 


contamination was absent. 
rinse caused additional film growth.) 
Measurement of capacitance and calculation of film 
thickness 

The capacitance cell consisted of a _platinized 
platinum electrode with an area of 100 cm*, a 300 cm®* 
The 
electrolytic solution consisted of 2 per cent HNO, in 
Fig. | the 
electrical circuit. 
cell the 


platinized platinum electrode maintained the potential 


vessel and another smooth platinum electrode. 


water. shows a schematic diagram of 
flowing through the 


the 


The current 


from smooth platinum electrode to 


of the latter constant. (The solution was changed 
frequently as the HNO, was reduced.) The tantalum 
specimen to be tested was placed at a potential 
0.5 V negative with respect to the platinized platinum 
electrode in order to prevent the formation of Ta,O, 
during the test. 

The impedance bridge measured the equivalent 
series capacitance and resistance of the capacitance 
The 


the capacitance cell are largely the solution resistance 


cell at a frequency of 1000 c/s. resistances of 


and the resistance of the oxide film. If the resistance 


Platinized O. 


impedance | 
> i 
\ | 
[T° bridge 
j 
Tantalum 
specimer 


/ 
—__jPlatinum 
electrode 


of the oxide film is very lal compared to the 


capacitative reactance of the film, then the calculation 
of the from the 
Now, it 


ments of the electronic current that th 


thickness measured ( ipacitance IS 


greatly simplified. is known from measur 


resistl\ 


anodic tantalum oxide films is about 10!" or greate1 


and it can be shown that a resistivity of 109 is ient 


to make the resistance of a Ta,O, film large compared 


L000 e/s. It that the 


fol 


to its reactance at was found 


equivalent series resistance was the sam«¢ hims 


of the same capacitance formed anodically or 1m 


oxygen, and hence the resistance of the film formed in 


oxygen must also be very large compared to its 


reactance. 


The capac itances of the cell are those of the oxide 
film and of the double layers at the electrode-solutior 


The 


platinized platinum electrode is so large 


interfaces, all in series capacitance of thi 


that it can 


be neglected. The capacitance of the double lavel 


at the oxide solution interface cannot be measured 


separately. which was 


fol 


obtained using a 


The value of this capacitance 


used these calculations was 64 mF/cm* 


tantalum specimen whic! 
HF 
Prey 


a specimen treated 


dipped into 50 per cent 
cell without 


that 


rinsing. 
film on its surface, and h 
that of the doubl 

The 
oxygen Was assumed to 
Ta,O, The 


thickness 


lavel 


dielectric constan 


films 


veomet 
calculation of 


using tl 


previous studies“ 


shown that the chemical 


on a very small seal since 


area with thickness has been found fo1 


formed on similarly prepared surfaces 
A comparison can be made between the 


calculated from the method 


capac itance 


obtained by Gulbransen Irom measurements 


weight changes 2 hr at 


250 and 300°C 


For specimens oxidized for 
Gulbransen found weight changes of 


about 3 and 10 wg/em* respectively. Assuming that 
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= 
platinum electrode 
a= 
/ 
ae 
+ \ 
Capacitance ce 
scnel uagral I trl lit Ol 
capacitance l 
. CATLESSES 
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Thickness 


2. Thickness log time. The points are 


mental, the curves calculated. 


versus 


the density of the oxide is the bulk density, these 
The 


capacitance method gave 25 and 40 A for the same 


weight changes correspond to 34 and 114 A. 


times and temperatures of oxidation, although the 


oxygen pressure was higher than that used by 


Gulbransen. Gulbransen used abraded specimens, 


and a difference in surface area probably accounts for 


part of the difference in the thickness measured by 
the two methods. However, the weight changes also 
include the oxygen dissolved in the tantalum, and 
since oxygen solution is fairly rapid at 300°C (see 
the the 


methods at 300°C as compared to 250°C is probably 


below), larger discrepancy between two 


the result of increased solution of oxy gen. 


RESULTS 
Data 
show plots of thickness and reciprocal 
All of 
150°C, 
where the points plotted are averages of two or more 
noted that 


Figs. 2 
thickness against the logarithm of the time. 
the 


data are shown except for the runs at 


determinations. It should be each data 
point was obtained using a surface freshly cleaned in 
hydrofluoric acid, and is thus a separate oxidation 
run. No data are shown for specimens which were 
returned to the furnace after previous oxidation. 


Data obtained by using only one specimen and not 


140 


Thickness 


experl- 
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Reciprocal thickness 


Ol : 
10 102 10® 
Time sec 


Fic. 4. Reciprocal thickness versus log time. The points are 


experimental, the curves calculated. 


cleaning it before each run showed much less scatter 
from point to point but often gave results which 


differed considerably from the average of those shown. 


Comparison with theory 
According to the Cabrera—Mott theory, the rate of 
growth of very thin oxide films on metals should be 
given by the equation 
qaV |X 


NQy exp — (1) 


dX /dt 


where X is the film thickness, NV is the number of 
metal atoms at the interface which are in favorable 
positions for jumping into the film, Q is the volume of 
the oxide per metal ion, y is a frequency, W is the 
activation energy for the transfer of an ion from the 
metal into the oxide, g is the charge on the ion, a is 
the distance from the minimum to the maximum of 
the activation barrier, and V is the potential difference 
across the oxide film. 

The establishment of the potential difference across 
different 


electrons 


the oxide film probably occurs by two 
15-20 A, 
can probably tunnel directly from the metal to 


mechanisms. At thickness below 


adsorbed oxygen atoms, but at greater thickness the 


0-20} 


O-1 


5} 
| 100 C 200°C 


Reciprocal thickness 


| 
40} + | 0-25} | | | 
150°C 
>) 
104 10° 10° 0-15; | | | 
é 10 O 150°C 
e Fe 
T 
| 
2c 
80} | | te) | | | 
| | | | | | 
40} | | O-10} + + + 4 
10 104 Te 10° {0 10 10 10* 10 
Time sec Time sec 
Fic. 3. Fic. 5. 
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through the oxide film. 
that the full 


potential difference between a semi-infinite, semi- 


diffuse 
shown 


electrons must 


Cabrera’ has equilibrium 


conducting oxide and an atmosphere containing 
oxygen would only be established after an almost 
infinite time because of this slow diffusion of electrons. 
For films only 100 A thick, however, it can be shown 
that diffusion is sufficiently rapid to establish a 


potential difference of the order of a volt across the 


oxide in | see when the equilibrium concentration of 


electrons in the conduction band is only 108 em-*. 
It seems likely, therefore, that in the tests discussed 
in this paper there would be no difficulty in establish- 
ing essentially the full equilibrium potential differ- 
ence across the oxide film. 

Equation (1) is an approximation, the flux of ions 
from the oxide to the metal having been neglected 
in comparison to the flux from the metal to the oxide. 
an error in dX/dt of 


1.5, and of 15 per cent 


This approximation results in 
4 per cent when qaV /k7TX 

when gaV/kTX a 
from the data, it can be shown that the error resulting 
from the 
negligible for all the runs at temperatures up to 250°C, 


Using the parameters derived 


neglect of backward jumps would be 


and to 10° sec at 300°C, at which time gaV /k7X 1.3. 
the data should 
In order to compare the data with the 
NQy, and 
were determined from plots of log 
for different 


values of W and b, where b 


Hence, essentially all of follow 
equation (1). 


where 


theory, values of A, where A J 


Q = W — qaV/X, 


rate versus 1/7’ film thicknesses, and 
qaV, were then deter- 
mined from a plot of @ versus 1/X. Next, curves of 
film 
caleulated* and compared to the experimental values 
A better fit to the data after slight 
adjustments in the parameters A, W, and b. The 
5 were calculated, using 
the values log A 1.33 eV and 6 = 5.2 eV-A. 
The the theory 
found after short periods of oxidation at 50 and L00°C 


LOO-C give 


oxide thicknesses as a function of time were 


was obtained 


solid curves shown in Figs. 2 


only large deviations from are 
As a matter of fact, the data for 50 and 
linear thickness versus log time plots (shown dotted in 
2.5 log t 
The 
less well described by 
1.9 log 


2 and 3) with equations X 2.8 
for 50°C and X 0.4 2.8 log ¢t for 100°C. 


data for 150°C are somewhat 


Figs. 


such a line, having the equation X = 6.7 
There does not seem to be any theory which would 
account for the behavior at 50 and 100°C. Since the 


results at 150—-300°C are in such good agreement with 


equation (1), it is likely that the theory is also valid 


at the lower temperatures, and that the deviations 


* Data for the calculation of these curves were kindly 


supplied by J. K. Bragg. 
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at short times are the result of surface contamination 
The method of cleaning certainly does not result in a 
clean metal surface, but one which probably contains 
some oxide film and some adsorbed water and hydro- 
that 


affect the initial formation of the oxide 


fluoric acid, and it is likely substances 


film. It might 
be, for example, that the formation of the oxide film 
might be prevented over much of the surface by the 
The film 


the least contaminated areas, would presum ibly grow 


adsorbed contaminants. which did form, on 


to the thickness predicted by the theory, so that 
observed \s 


SOT 


change in capacitance would be more 


and more of the surface became covered with oxide 


the behavior would come closer to that predicted 
Except for these short time tests at 50 and 100° 
the agreement between theory and experiment is very 


The the 


reasonable. 


cood. values of parameters WW ind 4 are 


If tantalum ions diffuse and it is assumed 
then | 0.7 \ 


that gq Sanda L.5 10-5 em 


The pre-exponential factor . is rather small 
und V em 


JQi4 instead of about 10° as 


Q) 10-72 » sec! 


A should he 
One interpretation of this result is that the 


factor 
observed 
which tantalum atoms 


fraction of surface sites from 


can jump into the film is 10~® 
Although the agreement with the theory is very og 
it must be admitted 


rather larg It 


scatter in ti 


that the 


is therefore not entirely 


effects due to space charge” or to cha 


structure with time and temperaturs 


such as those observed in anodic Ta 0 


absent 
The rate-determining step fo1 


tantalum occurs within the film“?® 


interface, as postulated by th 


[t IS possible that fol the thin Ox1a¢ 


this investigation the rate-determining 


film and still give results 


occur within the 


with equation (1) if the number 

ions (and hence any space charg 
absence of any dependenct ot g 
orientation of the metal substrate (see below 
that the rate-determining 


If the 


does not oc 


metal—oxide interface rate-determining 


within the film, the small valu 


tfactol could be interpreted as meanin 


fraction of mobile ions within the film 


that the anodic films ar 


There is some evidence 
different from those formed in oxygen. For exampk 


when specimens containing 7A anodic films wer 


oxidized at 200°C the capacitance decreased ly 


less rapidly than for the clean’ specimens indicating 


a slightly thinner oxide film after a oxidation 


= the 

0d 

rather than at tl 
the 

the pre 
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time. 
films formed in oxygen at a certain temperature is 
somewhat greater than that of anodic films heated to 
If the two types of films are 


the same temperature. 
really different, then it would not be surprising if the 


rate-controlling step was not the same. However, the 
activation energy found in this investigation (1.33 eV) 
is very that found 
anodic Ta,O; films heated 5 min at 100°C (1.06 eV), 


close to for ion conduction in 


and hence the difference between the two types of 


films may be a minor one. 


Structure of the films 


diffraction tests showed that the oxide 
film formed at temperatures up to 350°C is initially 


BD0°C, 


Electron 


amorphous. After a few hours at however, 


examination with a microscope and by electron 
diffraction showed that the oxide film was beginning 
to crystallize, while after about a day the film was 
nearly completely crystalline. Fig. 6 shows a photo- 
micrograph of the surface of a specimen heated 26 hr 
at 350°C. 


a film containing acicular crystalline oxide which 


Each grain of the metal was covered with 


appeared to be oriented with respect to the substrate. 


The color of the film on each grain was different, 
indicating a different film thickness. At low tempera- 


tures or after short times at 350°C the color of the 


Surface of a specimen heated 26 hr at 350°C. 500. 
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Also, the rate of hydrofluoric acid solution of 


VOL. 


Fic. 7. Surface of a specimen heated 4 days at 300°C. » 500. 


(The film 
hours at 


film on each metal grain was the same. 
first 
200°C.) The specimen heated 4 days at 300°C had 


also started to crystallize, as shown by the markings 


becomes faintly visible after a few 


in Fig. 7. Tests were not continued above 350°C, and 
data for temperatures above 300°C are not reported 
because of the uncertainty of the effect of this 
crystallization process on the rate of growth of the 


film.* 


Solution of oxygen in the metal 

Another reason why tests were not conducted at 
higher temperatures was that the solution of oxygen 
For 


example, a tantalum specimen was found by a bend 


in the tantalum becomes very rapid at 350°C. 


test to have been embrittled by heating in oxygen for 
4 hr at 350°C. Specimens heated 4 days at 300°C and 
8 days at 250°C were also slightly more brittle than 
the materials before oxidation, while the specimen 
heated 22 days at 200°C did not seem to have been 
embrittled. It seems that the onset of crystallization 
and of oxygen solution in the metal occur simulta- 
neously, probably because both can occur only when 


the oxygen in the film becomes relatively mobile. 


* Crystalline anodic Ta,O, films grow faster under given 
conditions of field and temperature than do anodic Ta,O, 
films.‘1* 


VERMILYEA: THE 
CONCLUSIONS 
(1) The thickness of very thin tantalum oxide films 
can be estimated quickly and accurately from 
measurements of the electrical capacitance of the 
films. 
(2) The kineties of growth of tantalum oxide films 


at temperatures below 350°C are consistent with the 


equation developed by Cabrera and Mott. 
(3) The 


process is probably not at the metal—oxide interface. 


rate-determining step for the oxidation 


(4) The oxide films formed at 


to 350°C are initially amorphous. Transformation to 


temperatures up 


a crystalline film is nearly complete after 1 day at 
350°C, while only a small amount of crystallization 
occurs during oxidation for 4 days at 300°C. 

(5) Oxygen dissolves into the tantalum at 350°C 
rapidly enough to cause embrittlement after a few 
hours. 
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X-RAY MEASUREMENT OF SHORT-RANGE ORDER IN BAgZn**+ 
E. SUONINEN?: and B. E. WARREN? 


To determine short-range order in a /-brass-type structure, measurements have been made on PAgZn. 
Using crystal monochromated CuK, and a single crystal of SAgZn held at 330°C, measurements were 
made of the diffuse scattering throughout a sufficient volume in reciprocal space. The low intensity of 
the short-range order peak, relative to the temperature diffuse scattering, makes it difficult to obtain 
accurate short-range order intensities. A Fourier analysis gave values for the first five short-range order 
0.31, 0.14, 0.06. 


atoms as nearest neighbors. 


0.27 0.08 and 


coefficients a The value of a, corresponds to 5.2 unlike 


and 2.8 like 
MESURE PAR RAYONS X DE L’ORDRE A PETITE DISTANCE DANS fAgZn 


Pour déterminer l’ordre a petite distance dans une structure du type laiton /, des mesures ont été 
effectuées sur PAgZn. En utilisant un rayonnement CuK strictement monochromatique et un mono- 
cristal de SAgZn maintenu & 330°C, les auteurs ont mesuré la diffusion anormale dans un volume suffisant 
La faible intensité du pic d’ordre a petite distance par rapport & la diffusion 
Une analyse de Fourier a fourni 

0,31, 27 0,14, 0,08 


proches voisins différents et 2,8 proches voisins 


de l’espace réciproque. 
thermique, rend difficile la mesure des degrés d’ordre a petite distance. 
pour les cing premiers coefficients d’ordre a petite distance les valeurs a; 
0,06. Ces valeurs de correspondent a 5,2 


et a 


identiques. 


RONGEN-MESSUNG DER NAHORDNUNG IN 

Zur Bestimmung der Nahordnung in einer Struktur des f/-Messing-Typs wurden Messungen an /-AgZn 
durchgefiihrt. Mit Kristalls Cuka«-Strahlung wurde 
an Einkristallen aus BAgZn, die auf einer Temperatur von 330°C gehalten wurden, die diffuse Streuung 


Die relativ zur diffusen 


PpAgZn 


unter Verwendung eines monochromatisierter 
iiber einen geniigend grossen Bereich des reziproken Gitters hinweg gemessen. 
Temperaturstreuung geringe Intensitat des Nahordnungsmaximums erschwerte eine genaue Bestim- 
mung der Nahordnungs-Intensitaten. Aus einer Fourier-Analyse wurden folgende Werte fiir die ersten 
fiinf Nahordnungskoeffizienten ermittelt: 0,31, +0,27, +0,14, —0,08, +0,06. Der Wert von a, 
2 ungleichartigen und 2.8 gleichartigen Atomen als nachsten Nachbarn. 


a 


entsp! icht 5, 


1. INTRODUCTION 
Single-crystal measurements of short-range order 
have been made in the alloys Cu,Au,™ CuAu,") 
CuAu, and AuAg," all of them f.c.c. in the dis- 
A powder pattern measurement has 


mined the critical temperature for the ordered phase 


the melt, can be maintained as a single crystal having 


979 


A single crystal, grown by cooling from 


the cubic structure by quenching from above 280° 


ordered form. to room temperature, and by heating rapidly from 


been made of short-range order in b.c.c. LiMg,™ but = room temperature to above 280°C. However, after a 


as yet no single-crystal measurement of short-range 
order in a /-brass-type structure has been published. 
It is impossible to measure the short-range-order 
diffuse the 
scattering factors of Cu and Zn are so nearly equal. 
the 


scattering from /-brass, since atomic 


For a short-range order determination, most 


promising f-brass-type structure appears to be SAgZn. 
\ bove this 


3elow 280°C, it changes to a complex hexagonal 


about 280°C, material is disordered 


b.c.c. 
zeta phase.'®:7) However, by quenching from above 
280°C, the transformation to the zeta phase can be 
suppressed, and an ordered CsCl structure is obtained 
at room temperature. By adding small amounts of 
Au to suppress the zeta phase, and extrapolating the 


measurements to zero Au content, Muldawer‘® deter- 
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few passes between room temperature and 280°C, the 
single crystal is apt to spoil on prolonged heating 


above 280°C. 


2. DIFFRACTION THEORY 


Relative to any origin atom, the position of a 


neighboring atom is given by: 


Mas 


la 


r(lmn) 
where a,‘a,'a,/, are each half of the usual cubic 


aXe€S 42,44, and for a b.c.c. material /mn are integers 


either all odd or all even. In terms of vectors b,'b,'b.! 


reciprocal to the a,’a,’a,', the diffraction vector can 
be represented by 


s 


A 


SUONINEN anp 
where the h,h,h, are continuous variables representing 
any position in reciprocal space. The short-range order 


parameter «(/mn) for /mn neighbors is defined by 


a(lmn) p(lmn) m 4 (1) 


where p(/mn) is the probability of finding an A atom as 
the /mn neighbor of a B atom. 
The intensity of short-range order diffuse scattering 
in electron units per atom is given by 
I m f 4 fp) 
with 


Tsrolhyhohs) 


S Sa(lmn) exp [27i(lh, 


n 


mhs nh.)| (3) 


where m_,, Mp are the atomic fractions of constituents 
A or B, and f ,, fy are the atomic scattering factors. 
The short-range order coefficients are obtained from 


the measured by 


ey 
JU 


mh. nh.) | dh, dh, dh. (4) 


exp [—2zi(lh, 

The intensity function I¢po(hyhoh3) is periodic in 
reciprocal space, the unit of repetition being the large 
cube shown by Fig. 1. It is necessary to avoid con- 
fusion between the Miller indices Ak/ of a reflection 
and the position co-ordinates h,hohs used for the 
short-range-order diffuse scattering. For example, 
the corners of the unit cube are at the positions of 
the Bragg 200. 020. 002, but the 
position co-ordinates h,h,h, of these three points are 


100, O10 and OOL. 


reflections and 


If we assume that the short-range 
order exhibits cubic symmetry, the values of a(/mn) 
will be the same for all combinations and permutations 
of l 


The symmetry relations introduced 


Fic. 1. The unit for short-range-order intensities 


in reciprocal space represented by the large cube, and the 
pyramid ABCD within which intensities were measured 


repeating 


WARREN: 


SHORT-RANGE ORDER 


by these equalities are such that itis only necessary to 
measure the intensity in the small pyramid A BCD of 
Fig. 1. In 
are at 
and D 3/4 1/4 1/4 
1/192 of that of the 
distribution throughout the 


terms of co-ordinates hyh the four 
A 1/200, B 
Th 


unit 


corners LOO, ¢ 3/4 1/4 0 
volume of the pyramid IS 
cube, and the intensity 


in the 


cube obtained Dv 
metry operations from the measured intensity 


pyramid. 


3. EXPERIMENTAL PROCEDURE 


Two single crystals were used of composition 61.6 
and 63.9 cent Ag The crystals 


grown in graphite crucibles by slow cooling from the 


weight wert 


per 
melt. The quenched ingots were cut to a 100 face 


polished and mounted on the front wall of an 
The 


crystal surface was protected against oxidation during 


trically heated furnace, hel a goniometel 


measurements at elevated temperatures by enclosing 


it with a beryllium cover. inside of which a reduc ing 
atmosphere was maintained by a mixture of nitrogen 
and hydrogen. 

The radiation from a Machlett Cu target tube was 
monochromated by a doubly bent LiF monochromato! 


The 


by such a monochromator is particularly troublesom« 


described by Chipman A/2 component passed 


at point A of the pyramid This is the peak 


short-range-order diffuse scatte and o1 


) 


posed the //2 reflection by the strong fundamental 


balanced Ni 


reflection POO To correct for 


ymponent 


measurements were made with a 


filter, balanced at 7/2. To avoi 
difference of the two filte1 
point A, the intensities wel 
Electric X-Ray Company 
and argon proportional counte! 
criminated sufficiently 
factory correction for thé 
of the balanced filte1 

Intensity measurements were made 
points distributed uniformly througho 
To obtain an estimate 
diffuse scattering at 330°C, n 
at room temperatt 
330°C by 


values corrected to 


to the absolute temperature he ai 
measured throughout the 
and 


sample providing 


measurements were 
(electron units per aton 
from polystyrene CoH, at 


The measured intensity is the 


> 
m 
0 
vit} 2) 
th ieinit ot 
re 
t it ) 
e ° it the pyramid 
ents nad 
imple nd tl 
port 
iverted to absolute units 
DV measuring the ittel 
LOO 
l sro Vs) ‘TDS l 
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W here 


Igpo is the desired short-range-order diffuse 


scattering. 
is a diffuse modulation due to a difference in 
(10) 


sx 
size of the two atoms. 


is the temperature diffuse scattering. 


I pps 

I y, is the Compton modified scattering. 


, is the air scattering. 
‘he last two are readily corrected, J { by direct 


measurement, and J;,,, by use of tabulated values. 


4. RESULTS 
The contour plot of Fig. 2 shows the total measured 
the pyramid ABCD in 


intensity in the base of 


~ 
\ 
\ 


\ 
\ 


\ \\ 
L 
fuse intensity in arbitrary units in the basal 


id ABCD for PAgZn held at 330°C. The 


a short-range order peak. 


ente o! 
The 


corner A. 


arbitrary units for the sample held at 330°C. 
quantity of interest / the 
Along the edge Bt 
diffuse scattering which is considerably more intense 
than the peak of J 


Irom 


SRO peaks at 


there is a ridge of temperature 


sro. lo attempt a correction for 


using the measured room-temperature values 
the 


TDS: 


ordered structure, involves such a small 


difference between two large numbers, one of which 
uncertain, that the corrected values remote 
since I rps 
should be small in the vicinity of corner A, and J g, is 


is rathe 


from corner A have little significance. 


ilso small in this region, the values in the vicinity of 


rner A were corrected for J, and J,,, and then 


smoothed off to a constant level throughout the rest of 


the pyramid The value of the constant level was 


fixed by the condition Xp 1.0. This treatment of 


the data is admittedly crude, but with such a relatively 


TABLE l. 


0.20 

0.15 1.8 
0.10 4.0 2.0 
0.05 5.8 3.4 
0.00 8. 6.0 4.0 
h, i 55 0.60 0.65 


Values of I’gr9 in base of pyramid (h, 
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Short-range-order coefficients 


jAgZn at 330°C 


TABLE 2. 


for | 


0.14 
0.08 


0.06 


intense temperature diffuse scattering, it is doubtful 
The final values of J 


illustrated by 


/ 


if one can do much better. SRO 
(hyhohs) the 
h. = 0.00 section of the pyramid shown in Table 1. 

Values of J 
left-hand half of a prism based on A BC and extending 


which were used are 


sro Were obtained throughout the 


to the top of the small cube, by symmetry operations 
on the values within the pyramid. The short-range- 
order coefficients were obtained by replacing the 
integral of equation (4) by a summation over the 
values of Ip, within the prism using proper weighting 
(hyhohs) 
cos 27lh, cos 27mh, cos 27mh, was readily carried 


the use of the 


factors. The summation of the values of Jono 


out by Lipson and 
for the short 


efficients up to fifth neighbors are given in Table 2. 


Beevers strips. 


The values obtained range-order co- 


For complete randomness «; = 0, and for perfect 


order % | or —1 for /mn even or odd. The signs 
of the coefficients in Table 2 correspond to those for 
perfect order, a preference for unlike nearest neighbors 
and for like second and third neighbors. Each atom 
has 8 nearest neighbors, and the value of x, corresponds 
to 5.2 unlike atoms and 2.8 like atoms. 


1.0 for perfect 


Since 0) 
for complete disorder and «, 
order, the measured value «, 31 is 31 per cent 
For 


33 for 


of the way from randomness to perfect order. 
Cu,Au, %, = 0 for randomness and «, 0.3 
perfect order. The measured value just aboveT',, 
Ly 0.152, corresponds to an order 46 per cent of 
the way from randomness to perfect order. Compared 
in this way, short-range order in a /-brass-type 
structure such as PAgZn is about two-thirds of that in 


the f.c.c. Cuz,Au. Im Cu,Au it is possible to have 


0.00) 


5 
0.5 


0.5 O.5 
.90 0.95 1.00 


ay 0.31 
Ay 0.27 
%310 
Lavo a; | 
Fic. 2. Tot 
19> 
— 
— 
0.25 0.5 
0.6 0.5 0.5 
0.8 0.5 0.5 0.5 
1.4 O.8 0.5 0.5 0 
2.0 1.1 0.5 0.5 0 
0.70 0.75 0.80 O.85 0 


SUONINEN 


AND 


anti-phase domains maintaining perfect nearest- 
neighbor order, but this is not possible in the PAgZn 
structure. 

A previous unpublished determination by Jones“) 
of the short-range-order coefficients for PAgZn gave 
the values x, 0.31 and a, These older 
values are in very satisfactory agreement with those 
of Table 2. 


working with PAgZn are 


However, the experimental difficulties in 
that 


considered uncertain by 


such the a, and a, 


values of Table 2 must be 
25 per cent and the others by an even greater amount. 


The intensity of the short-range-order peak is pro- 


f,)*, and although there would 


portional to (f, 
seem to be a fair difference in the atomic numbers of 
Ag and Zn, (f , 
the corresponding value for Cu,Au. It is this low 


value of (fy, Sen)? which makes the intensity of the 


WARREN: 


ff)? for AgZn is only about 1/9 of 


SHORT-RANGE ORDER 


short-range-order peak small compared to the inten 
sity of temperature diffuse scattering, with the result 
that the determination of short-range order becomes 
difficult. 
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CALCULATION OF ENTROPIES OF SOLUTE ATOMS FROM 
SOLID SOLUBILITIES* 


FREEDMAN? and A. S. NOWICK? 


The theories of the excess entropy due to a lattice defect are applied to the case where the defect is a 
solute atom. For such a case the intrinsic entropy (i.e. excess entropy per solute atom) is obtained from 
the intercept of a plot of the logarithm of solubility against the reciprocal absolute temperature, pro- 
vided that the solubilities are very small, or by a slightly modified method when the solubilities are 
higher (up to 3 at. per cent). Applying this analysis, available solubility data are examined for simple 
systems in which two terminal substitutional solid solutions are separated by a two-phase region, and 
ilso for systems involving equilibrium between a terminal solution and a well-defined intermetallic com- 
pound. The intrinsic entropies obtained are compared with the theory of Zener and that of Hunting- 
ton, Shirn and Wajda 


CALCUL DE L’ENTROPIE D’ATOMES EN SOLUTION SOLIDE A PARTIR DE 
SOLUBILITE A L’ETAT SOLIDE. 

Les auteurs appliquent les théories de lentropie en excés due a un défaut du réseau cristallin au cas ot le 
défaut est un atome soluté. Dans un tel cas, lentropie intrinséque (c.a.d. lentropie en excés par atome 
soluté) peut étre obtenue, si les solubilités sont trés faibles, par la courbe du logarithme de la solubilité 
en fonction de linverse de la température absolue, ou, si les solubilités sont plus élevées (jusque 3° en 
atomes), par une méthode légérement modifiée. De cette maniére, ils examinent les données disponibles 

ur les solubilités pour des systémes simples dans lesquels deux solutions solides de substitution ex- 
trémes sont séparées par une région a deux phases et aussi pour des systémes comportant un équilibre 
entre une solution extréme et un composé intermétallique bien défini. Enfin, les auteurs comparent les 
entropies intrinséques ainsi obtenues, avec la théorie de Zener et celle de Huntington, Shirn et Wajda 


BERECHNUNG DER ENTROPIEN GELOSTER ATOME AUS DER LOSLICHKEIT IM 
FESTEN ZUSTAND. 
orien der Zusatzentropie von Gitterfehlstellen werden auf den Fall angewandt, in dem die 
Fehistelle ein geléstes Atom ist. Fiir einen derartigen Fall erhalt man die spezifische 
. d.h. die Zusatzentropie pro geléstes Atom, als Ordinatenabschnitt, wenn man den Logarith 
ius der Léslichkeit gegen die reziproke absolute Temperatur auftragt, wobei allerdings sehr geringe 
Loéslichkeit vorausgesetzt ist. Fiir héhere Léslichkeiten (bis zu 3 At.-Prozent) muss die Methode nur 


rfiigig abgeandert werden. Mit diesen Verfahren wurden vorhandene LOslichkeitsdaten ausge 


wertet, und zwar sowohl von Systemen, bei denen zwei Substitionsmischkristall-Randphasen durch ein 
zweiphasiges Gebiet getrennt sind, als auch von Systemen mit Gleichgewicht zwischen Randphase und 


ohldefinierten intermetallischen Verbindung. Die ermittelten spezifischen Entropien werden 


ers Theorie und derjenigen von Huntington, Shirn und Wajda verglichen. 


INTRODUCTION associated with the normal modes of a crystal such 
A crystal containing defects has associated with it that the ith frequency changes from y, to »,’, then 
in entropy increment, relative to the entropy of the the intrinsic entropy is given by: 


pure perfect crystal, which is customarily expressed as 


(1) 


the sum of a mixing entropy term and an excess 


entropy term. The mixing entropy results from the kis Bol : Usi hi lati 
; where 1s boitzmanns constant. sing this relation, 
randomness of location of the defects in the lattice, 
it 18 1n principle, to estimate the intrinsic 
while the excess entropy is usually related to a change ; J I deri ‘ 
entropy of a defect by considering the manner in 

in the vibrational properties of the material. Follow- hi he def, : 
: , . which the defect modifies the vibrational frequencies 
ing Huntington et the excess entropy per defect the latt; \ 
; en 7 ; of the lattice. Actually, to account for the change i 
will be called the intrinsic entropy of the defect. In ‘ 
; nate ia the frequencies of all the normal modes of a crystal 
terms of classical statistical mechanics, if the presence 
if ; due to a defect is a formidable task. Accordingly, 
of a defect serves to change the vibrational frequencies : ' 
simpler but less accurate methods have been suggested. 


f Zener) has calculated the intrinsic entropy for the 
* Received August 24, 1957. 
Hammond Metallurgical Laboratory, Yale University, case where the “‘defect”’ is a solute atom by treating 
New Haven, Conn. 
Formerly at Yale University; now at the IBM Watson 
Laboratory at Columbia University, New York City. isotropic elastic continuum. The strain field about such 
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the foreign atom as a center of dilatation in an infinite 


J. 
jt 
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a solute atom is pure shear with no dilatation. The 


strain free energy per solute atom (exclusive of 
mixing entropy) is then estimated to be equal to 
S7uk,(OR)?, where uw is the shear modulus, R, is the 
radius of the solvent atom, and OR is the difference in 
the radii of the solute and solvent atoms. The excess 
entropy per solute atom is obtained by taking the 
negative derivative of this expression with respect to 
Since R, and OF are 


relatively temperature independent, the stored elastic 


absolute temperature, 7’. 
energy will have a temperature variation determined 
principally by the temperature variation of the shear 
constant, uw. Thus, Zener’s expression for the intrinsic 
entropy of a solute atom is 
As (OR)*(du/dT) (2) 
Since du/dT is generally negative, this expression 
predicts that As isa positive quantity. The considera- 
tions leading to equation (2) may also be applied to a 
lattice defect, such as a vacancy or interstitial atom, 
by assigning an appropriate OR to the defect. 
Huntington et al.” considered the problem of the 
They 


recognize the importance of considering the change in 


entropy of lattice defects in greater detail. 


vibrational frequencies of atoms immediately adjacent 
to a defect, in addition to the elastic effects which 
are valid only at relatively large distances from the 
defect. In particular, they point out that a crowding 
together of atoms near the defect means an increase 
in the vibration frequency of the atoms concerned, and 
therefore (from equation (1)) contributes a negative 
term to As: 
entropy of a defect must always be greater than zero. 


hence it does not follow that the intrinsic 


Rather, it must be concluded that, for the same strain 
energy contribution, As is algebraically less for a 
defect that produces a local crowding of atoms than 
for one which produces a local expansion. Huntington 
et al. consider the case of lattice defects in coppel 
using a very simplified force model (only the closed- 
shell ion-core repulsions) to evaluate the frequencies 
of the vibrations near the defect, as well as the strain 


Zener.* They 


also take into account an additional dilatational term 


energy contribution considered by 
which comes from the boundary condition of zero 


pressure on the 
and O.8k (where is 


surface. In this way they obtain 


values of Boltzmann’s 


energy by 
from the 


the strain 


per 


* While Zener calculates elastic 
integrating the strain energy unit 
surface of the solute atom to infinity, Huntington and co- 


volume 
workers integrate over the region outside a group of atoms 
consisting of the solute atom plus all its nearest neighbors. 
Consequently, the strain contribution to As obtained by the 
latter workers is smaller than that given by equation (2). The 
effect of changing the limits, however, should 
amount only to a change in the constant in equation (2), Le. 
As is (OR)?(—du/dT) regardless of inte 


gration limits. 


integration 


proport ional to 


ENTROPIES OF 


SOLUTE ATOMS 
constant), respectively, for the intrinsic entropy of a 
vacancy and an interstitial atom in copper. 
To obtain experimental values for the intrinsic 
entropy of a lattice defect such as a vacancy or intel 
stitial atom is hardly possible at present, since there is 
no direct method for measuring the defect concentra 
tion as a function of temperature. In the case wher 
the 


solubility 


“defect” is an impurity atom of very limited 


however, information on the equilibrium 
solubility 
able. It 


as a function of temperature is often avail 


is well known that at sufficient dilution the 


solute 


variation of the equilibrium concentration of 
with temperature is given by 


A 
f f (> 


where x is the mole fraction of solute and the quantities 
Ah and As are the appropriate enthalpy and excess 
(The 


these two quantities will be given in the next section 


entropy, respectively. exact interpretation Ol 


that AA and As are 


readily obtained from the slope and intercept, respec- 


From equation (3) it is clear 


tively, of a plot of In x versus 7’ 

Zener™? has examined terminal solubility data for 
number of aluminum-rich alloys and has shown that 
for these systems As is always greater than zer 


the alloy systems quoted was a simple eutecti: 


ranging from Unfortunately, only on 
systen 
the others involved intermetallic compounds 

the next 


latter cases. it be shown (see 


that Ah and As represent the enthalpy and 


may 


entropy relative to the pure solvent 


metallic compound as reference 


relative to the two pure metals. Qualita 


might appear that since intermetallic 


often involve tight binding, the large po 
ot As quoted by Zenel mignt be 


the looser bonding (lower vibrational frequencies 


unae rstood in ter! 


occur in the solid solution relative to the intermeta 


compound, rather than to an elasti 

such as that given by equation (2). Thi 
present therefore to 
values of As (and at thi 


ing existing solubility data for binary 


purpose 
attempt to 
of A/ 


illoy syst 


papel LIS 


Same time 


which show a two-phase region bounded by 


terminal substitutional solid solutions. The 


for such “‘terminal-solubility” systems will also 


compared with those for systems in which there is 


well 


equilibrium between a terminal solution and 


defined intermetallic compound 


ANALYSIS OF SOLUBILITY DATA 


The first objective of this section is to interpret the 
quantities AA and As which appear in equation (3) for 


the case of “*terminal-solubility”’ systems as well as for 


states ratl 
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the case in which an intermetallic compound is 
data fall in the 


range where equation (3) can be applied accurately, a 


involved. Since available seldom 
second purpose of the present section is to generalize 
equation (3) for the case when solubilities up to 3—5 at. 
per cent are involved. 

Consider first a “‘terminal solubility’ system formed 
Let AG* be the Gibbs free 


energy of formation per gram atom of the alpha 


between metals A and B. 


(4A-rich) solid solution phase with respect to pure A 
and B as reference states.* Then 
NkT [x,* In (1 

In (1 — (4) 


where AG** is the excess Gibbs free energy per gram 
atom of alloy, and the remaining term on the right 
represents the mixing entropy. In the latter term V 
is Avogadro’s number and x,*the mole fraction of B in 
In the notation to be 


the used, the 


superscript (« or /) refers to the phase being considered, 


A-rich phase. 


while the subscript (A or B) denotes the component 
An equation analagous to (4) 
energy, AG’, of the B-rich 
equilibrium between the « 


under consideration. 
may be given for the free 
phase. The condition for 


and # phases is given by : 
AG AG* 


Ox p vB 


(5) 


This equation is no more than a statement of the fact 
that the equilibrium solubilities are given by the 
to the AG*® and AG’ curves when 


remains to obtain 


common tangent 


each is plotted versus xp. It now 
an expression for the excess free energy. 

For dilute solutions the quantity AG** is 
given by: 


AG™ AH AS“ N (Ah, TAs (6) 


where Ah,,* and As,* are the enthalpy change and 
excess entropy per solute atom of the « phase relative 


very 


to the pure metals as a reference state.? An expression 


* Note that AG is defined as relative to pure A and pure B 
ven though A and B may have different crystal structures 
The quantities AG* and AG«rs defined here therefore differ, 
from the usual definitions of the free energy and 
excess free energy of formation of the « solid solution, by the 
term «p*AG gu, where AG Rt is the molar free energy of trans- 
formation of pure B from its normal (/) crystal structure to the 


respectively, 


metastable « form 

+ Thus, Ah p% and As B% are, respectively, the enthalpy change 
and excess entropy when one B atom is brought from pure B 
into an infinitely dilute eA solid solution. Referring to the 
previous footnote it follows that Ahg% is related to more 
familiar thermodynamic quantities by the relation: 


l = 
Ah (AH px AH ptr) 


where AA pz is the partial molar heat of solution of B in the « 


phase (at infinite dilution) and AH gtr is the molar heat of 


allotropy or transformation of pure B from the f to the « 


form. A similar expression applies to AS p<. 
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of the same form applies for AG’**. When equations 
(4) and (6) and the corresponding expressions for 
the 6 phase are inserted into the equilibrium condi- 
tions (5), and the approximations 2x,*< | and 
: l are used, one obtains an equation of the form 
of equation (3) for rR’: with Ah Ah ;* and As 
As,*, and similarly for a ,” (in terms of AA ,* and As ,”). 
B A A A 
Consider now a system formed between a metal A 
As before, let 


AG* be the Gibbs free energy of formation per gram 


x 


and an intermetallic compound 4, B,. 


atom of the alpha solid solution with respect to pure A 
Then 
it is readily shown that equation (4) is still valid for 


of compound dissolve in A, 


and the pure compound as a reference state. 


For a very dilute solution in which » molecules 
the excess free energy of 


solution is given by 


x 


(Ah,.* 


T As,*) (7) 

since » xp"N/q, where q is the number of B atoms 

per molecule of compound, and the subscript C 

The quantities Ah,* and 

are to be interpreted as the enthalpy change and 


represents the compound. 
As, 
excess entropy when one molecule of compound is 
dissolved in pure A to form the alpha phase. Here the 
changes are relative to pure A and the pure compound 
When equations (4) and (7) 
are inserted into the equilibrium condition (5), and 


as the reference state. 


the assumption is made that the solubility of A in the 
compound and of the compound in A are both very 
small, one again obtains a result in the form of equation 
(3) for 2,*, where the quantities AA and As that appear 


in (3) have the following significance: 


Ah q 
As As, q 


(3) 


As already mentioned, for application to moderately 
dilute solutions (e.g. above | at. per cent) equation (3) 
is no longer valid and a more exact equation is there- 
fore required. The more general equation required 
will be developed here only for the case of terminal- 
solubility systems, first because the mathematics for 
systems involving compounds is more complicated, 
and second because available data are usually poorer 
at low concentrations for the terminal-type systems. 

For moderately dilute solutions, equation (6) is no 
longer valid. Since equation (6) may be regarded as 
the first term of a Taylor expansion of both the 
quantities AH* and AS in terms of the small 
quantity x,”, it seems appropriate to arrive at a next 
higher approximation by taking one more term in the 
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laylor expansion. Thus our next approximation is 


N| Ah Cp tp’) 


where Ah,” and As,” have the same meaning as before, 
while ¢,,* and 7% are positive constants of the order of 
unity which, like Ah,* and As,*, are assumed to be 
almost independent of temperature.* Introducing 
equation (9) into (4) and application of condition (5) 
and 


under the approximation that (x,%)?, (2 4”)? 


are all 1, yields the following result: 


The detailed calculation of equation (10) is presented 
in the Appendix. 
The four constants in this equation could be deter- 


@ 


mined precisely if the terminal solubilities x ,* and x , 
were known to sufficient precision at four different 
the 
solubility data are actually obtained prevents one from 
It is then helpful to 


temperatures. However, precision to which 
calculating all the constants. 
estimate the constants CR and ip” from other con- 
siderations. These constants appear only in the 
correction terms which are omitted in the first-order 
dilute 


approximation (equation (3)), Le. for very 


If we confine ourselves to a range of com- 
the 
nevertheless, not negligible, it follows that equation 
(10) the 


coefficients and 7,” 


solutions. 


position where correction term is small but, 


with a reasonable guess for the values of 


may serve as an adequate 


second-order approximation. Now, since €,* and 7, 


are of the order of unity, it seems appropriate to take 


CR’ np 1 as the best choice under the circum- 


> 


stances. Using this assumption, and simplifying the 


notation such that x is the solid solubility for the 
phase of interest at temperature 7’ and y is the solid 
solubility for the corresponding phase at the other end 
of the equilibrium diagram at the same temperature 
(here, x rR, y x ,’), and dropping the subscript 
and superscript notations throughout, equation (10) 


becomes 


(11) 
kT 


* Lumsden obtains a similar variation of AG=*ts with 


composition, considering instead the various pairwise inter 
actions of the atoms. 
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This equation for the solubility as a function of 
temperature resembles the equation of Hildebrand? 
that the 


approach. ©) 


and also derived from quasi-chemical 


Equation (11), however, is more 
general than the previous equations, since the latter 


deal 


constitutional! 


neglect the excess entropy term entirely and also 


only with the case of a symmetrical 


diagram (i.e. 2 y at each temperature 


If we define by 


converted into 


with x, Thus, a plot of 


7’ yields a straight line, the slope and 


11) is 


replacing x. 


then equation equation 


in 2 


Versus 


intercept ot 


tion an 


which are proportional to the enthalpy of solu 


+ 


the intrinsic entropy ot a solute atom 


respectly 
I 


In most cases the (1 y) term in equation (12 
much less importance than the term (1 
» neglected. However, if the correction 
were dropped and data plotted as In 2 vs 
| the plot would turn up at high concentrations 
The best straight line drawn through such data would 


for Ah as well as for As 


between ? ‘ id Is only 


then give too high a value 
The difference 


per cent for a cent 


solubility of t. pel 


correction increases rapidly higher solubilities 
Fig. | 
for the aluminum-rich end of the Al 


The 


trations is typical of all experimental solubility 


illustrates the corrected and uncorrected plots 


| wWTall 


t low 


deviation from the straight line 


and uncorrected 


Fic. l. 


logarithmic scale against 7'~!, for the case 


Corrected solubilities plotted on a 


of Si as solute in Al 


| 
In y 
Ina 12 
B 
In | 
| | x ,P 
L kT 
measured uD ty x 

° ° 

\ 
x< 
Ah__As 
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1. Values of various parameters for terminal-solubility systems 


(1) (3) (4) 
Solute 
(kg/mm? 


Sof cof 


00 GO 00 


examined and is due to the failure to achieve equili- 
brium at the lower temperatures. The values obtained 
from the best straight line through the corrected data 
Ah/k = 5120°K As/k Bes 
rections had not been applied the values would have 


been Ah/k 6000°K As/k 288.* It 


be repeated here that the assumption C 1] | is 


are and while if cor- 


and should 
only justified by the fact that the corrections obtained 
by employing this assumption are not large: thus, 
changing C or » by as much as 20-30 per cent would 
have only a small effect on the calculated values of 
Ah and As, 

The data for solubility as a function of temperature 
for various binary alloy systems were obtained from 
the original references quoted in three standard 
for 


When an attempt was made to plot 


source books information on constitutional 


diagrams. ‘7—9) 
the available data in the manner of Fig. 1, it was 
found that there were only twelve cases for terminal- 
solubility systems where the equilibrium solubility 
is known as a function of temperature sufficiently well 


The values of Ah/k and of 


to allow such an analysis. 


As/k obtained from these solubility data are listed in 
Table 


| (columns 6 and 7), together with the original 
references from which the data were obtained (column 
8). Similarly, there were nine solubility curves for 
systems involving a well defined intermetallic com- 
pound and for which the solubility data are known at 
sufficiently low concentrations to permit the use of 
equation (3). The results obtained from these nine 
solubility curves are listed in Table 2. It is interesting 
to note that the magnitude of As/k for solute atoms 
reported in both tables is in the same range as the 
for various lattice defects by 


values calculated 


Huntington ef al. 


* In this paper, values of As will be expressed as the 
dimensionless quantity As/k, while Ah will be expressed as 
Ah/k, units of “K. To the latter into 


cal/g atom, multiply by the gas constant, R 1.99 cal/°K. 


which has convert 


(dE/dT) 


(5) (6) (7) 
As/k Ah/k 


K) (cale. (°K) 


4790 
3960 
5120 
4320 
5600 
5900 
2170 
5110 
8520 
4530 
5 5480 
2 . 2160 


0.89 
0.90 
0.26 
3.07 
1.19 
0.65 
0.38 
0.02 
0.01 
1.29 
5. 


2 
1.4 


TABLE 2. Values of intrinsic entropies and enthalpies 
of solution for systems involving an intermetallic 
compound 


(4) 


(°K) 


Solute 


(3) 
Compound 


(2) 


Solvent 


CeMg, 
NiAl, 
SnMg, 
CuAl, 
Bi,Mg, 
Ag,Al 
MnAl 
CrAl, 
ZrAl, 


S600 
11250 
4560 
4840 
6070 
3130 
7580 


i929 


S050 0.66 


DISCUSSION 
As for terminal-solubility systems 


As shown in the previous section, the quantity As, 
obtained from the intercept of a plot like that of Fig. 1 
for a simple “‘terminal-solubility” system, is to be 
interpreted as As ,”*, i.e. as the entropy change (exclu- 
sive of mixing entropy) when one B atom is removed 
from the lattice of pure B and inserted substitution- 
ally into pure A. Since equation (1), which expresses 
As for a lattice defect, measures frequency changes 
relative to the perfect A lattice, 
equation is not correct for the case of the intrinsic 
To the 
equation it is necessary to add the difference between 


A and B, 


it is apparent that this 


entropy of a solute atom. obtain correct 
s, and sp, the entropies per atom of pure 
respectively. Thus 

3.N 
k In 


i 


As (13) 


Equation (13) is exact, so long as the entropy change 
To 


it is convenient to introduce an 


is entirely of vibrational origin. make further 


progress, Einstein 


model, according to which s 4 — sp = 3k In (vp/v 4). 


Finally, it is desirable to separate out of the summation 


180 
(S) 
Ref. 
Ag Cu 13.0 LO 
Cu Ag 11.5 10 
Si Al 6.7 11 
Pb \g 12 
Au Co 15.1 13 
Co Au 13.1 13 
Sb Pb 7.6 14 
Co Cu 1.75 15 
Fe Cu 1.22 15 
Ni \g 13.7 15 
Ni Pb 28.6 ] 
Cd Pb 14.9 l 16 
s/k Ref. 
A f 
Ce Mg 1.77 17 
Ni Al Bye: 
Sn Mg 0.91 19 
Cu Al 0.95 20,21 
Bi Mg 1.19 23 
Ag Al 0.30 23 TO] 
Mn Al 1.52 24 - 
Cr 1.11 24 
Zr Al 25 195 


FREEDMAN anp NOWICK: 
in equation (13) those vibrational modes related to 
A—B bonds. 


atoms is Nz/2 (where z is the co-ordination number) 


Since the total number of bonds for NV 


while the total number of vibrational modes is 3, it 


seems proper to assign 6/z vibrational modes per 


B bonds, it 
is concluded that exactly 6 vibrational modes are 


bond. Now, since the B atom forms z A 


related to the A—B bonds. Let the Einstein frequency 
of these modes be v,,. Thus equation (13) becomes 
‘ B 
3 In (14) 
VAB VA 


6 In 


where the summation involves all but the 6 modes 
which have been separated out. If we now make the 
rather drastic assumption that the frequency 4p 
is given by the geometric mean of vy, and yp, or 


(15) 


YAB 


then the last two terms of equation (14) cancel to 


leave 
(16) 


In equation (16) the most important nearest-neighbor 


interactions have canceled. It then seems reasonable 


to treat the remaining vibrational modes in terms of 


Zener’s strain theory and therefore to introduce 
equation (2) as a further approximation to (16). 
that 


equation (15) will not be valid for solid solution for- 


However, in general, it must be recognized 


mation, just as in general the A—B bond energy 
cannot be written as the arithmetic mean of A—A 
and B 


attraction exists v4, may be expected to be greater 


B bond energies. Thus, when a strong A—B 


than (v, ¥p)V2 with an accompanying negative contri- 

bution to As. The opposite will hold when an A—B 

repulsion predominates. 

seems 
The 


results of this table show a positive As value for all but 


With the above considerations in mind, it 


appropriate to review the results of Table 1. 


one of the alloy systems examined, in qualitative 
agreement with the prediction of a positive value 
from Zener’s equation. In view of the extremely small 
solubilities involved for the case of Ni in Ag and in 
view of the early date of measurement of these 
solubilities, (15) it is probably inadvisable to become 
greatly concerned over this negative As value until 
the solubility measurements are repeated again. In 
seeking a more quantitative correlation with equation 
(2), Table 1 lists the size factor, f, defined as f 

(R, R,)/k, OR,/R,, where R, and R, are the 
atomic radii of the solvent and solute, respectively. 
(When the co-ordination number of solute and solvent 
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are not the same, the Goldschmidt atomic radii'?® are 
used.) Also given in Table | are the temperature co 
efficient of Young’s modulus, /, for the various solvent 
metals, obtained from Késter.'?” It has been shown‘) 
that dE /dT is very nearly equal to (8/3) du/d7’. Finally 
the value of As (cale.), obtained from equation (2), is 
(5) of Table \s mentioned earliet 
Zener for th 


contribution to the entropy is very sensitive to the 


listed in column 


the result obtained by elastic strain 


cut-off radius used in the integration to obtain the 
Nevertheless, if As is describable 


entirely in terms of elastic strain considerations, the 


strain free energy. 


value of As calculated from equation (2) should at 
least be 


parison of columns (5) and (6) of Table 1 shows that 


proportional to the observed value. Com- 


even a proportionality is not valid. Particularly 
noteworthy is the low As value for Au in Co, where 
the size factor is quite large and the large As value for 
Fe in Cu where the size factor is very small, as well as 
the negative As for Ni in 


the predictions of the elastic strain theory indicate that 


Ag. These deviations from 


nearest-neighbor considerations must be taken into 
the 


solute atom, just as in the case of lattice defects.” 


account in calculating intrinsic entropy of a 

A useful criterion for the validity of the approxi- 
mation given by equation (15), 
B bonds, is the extent of 
Thus, if 


Vegard’s 


which permits one to 
cancel the terms due to A 


deviation from Vegard’s law. there is a 


negative deviation from law, one 


strong 


may anticipate that v4, > (v4”,)"” and the nearest 
neighbor contribution to As should then be 
Vegard’s 
large As 


value. Unfortunately, data on the lattice parameters 


negative 
Similarly, a positive deviation from law 


should be accompanied by an unusually 


of the solid solutions are not avaiJable for many of th« 
systems listed in Table 1. In the case of the Au—Co 


system" the data that exists indicates a positive 


deviation from Vegard’s law of about equal magnitude 
at both ends of the phase diagram. This factor, then 
does not seem to explain the striking difference in As 
Au in Co and of Co in Au 


In view of the poor quality of much of the solubility 


values between the cases of 
data on the terminal-solubility systems, however, it is 
probably wise not to draw sweeping conclusions from 


ot As 


strongly 


values. Rather 


furthe 


a comparison of any single pair 


it is desirable to encourage expel 


mental work on terminal-solubilities of simple systems 


As for inte rmetallic syste ms 


From equation (8), for the ec: of a termina 


solution in equilibrium with an intermetallic con 
pound, the quantity As obtained from equation (3) is 
equal to As,*/q. Here, As,* is the 


entropy chang 
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(exclusive of mixing entropy) when one molecule of 


the compound is dissolved in pure A keeping the total 
The quantity As,* can 


be expressed in a form analogous to equation (13). It 


number of atoms equal to 1. 


must be remembered that the A atoms of the molecule 
when dissolved in pure A produce no change in the 


vibration frequencies, while the B atoms (qin number) 


produce gq times as much of a contribution to the 


vibrational entropy as a single B atom. We therefore 
obtain 
3.N 
gk > (p 
i=1 


qAs As, a q)s 4 ( 17) 


where s,, is the entropy per molecule of compound 


and y,’ is again the ith frequency for a single B atom 


dissolved substitutionally in the A lattice. Equation 


(17) is better expressed in terms of the entropy of 


formation of the compound, As,, given by 
So (PS 4 p) 


When (18) is solved for s,, and the result inserted into 


(18) 


(17), one obtains: 
N 
As k S In 


1 


(Asq/q) (19) 


Comparison of equation (19) with (13) shows that for 
the case involving an intermetallic compound the 
quantity As differs from that for terminal solubilities 
only in the term As,/¢, where As, is the entropy of 
formation of the compound. Unfortunately, for most 
of the compounds listed in Table 2 an experimental 
value for As, 


relatively tight binding for most of these intermetallic 


is not available. If one anticipates a 
compounds, it might be anticipated that As,, defined 
by equation (18) should generally be negative and 
therefore that As given by equation (19) should tend 
to be higher than that for the terminal-solubility 


systems equation (13). Examination of 


Table 2 shows that these As values in fact fall in the 


given by 
same range as those of Table 1. To understand why 
the values in Table 2 are not higher requires a con- 
sideration of the terms in As due to near-neighbor 
In particular, for a strong attraction 
as mentioned earlier, leading to a negative contri- 
bution to As. 
roughly enough to compensate for an additional 


interactions. 


between A and B, we anticipate that vp 
Such a negative contribution may be 


positive contribution due to the As, term. Precise 
thermodynamic measurements of As, 


course be helpful in checking these considerations. 


The quantity Ah 
Ah, 


derived from the solubility data also represents a 


The enthalpy of solution per solute atom, 


would of 


VOL. 6, 1958 
fundamental parameter of the given alloy system. 
The fact that Ah cannot be interpreted as due pri- 
marily to strain energy is well known. For example, 
on the basis of strain energy alone one cannot inter- 
pret the fact that Ah values for the system Au—Ni 
are positive, while those for Au—Cu and Au—Ag are 
negative. (28) 

One of the difficulties in attempting to develop 
a theory of the enthalpy of solution for various alloy 
systems is to obtain data at sufficient dilution, since 
thermodynamic measurements on very dilute solutions 
usually cannot be carried out to sufficiently high 
limited solubility the 
present method, whereby Ad is obtained from equation 


precision. For systems of 
(3), should be far more accurate than direct thermo- 
dynamic measurements, when the solubility is known 
as a functionof temperature. There are many systems, 
however, for which the solubility is only known at one 
high temperature (usually a eutectic temperature). 
The results of Table 1 suggest that, even for such 
systems, Ah may be estimated to a reasonable degree 
of accuracy by substituting into equation (11) the 
known solubility and temperature and a mean value 
for As, say As = 1.5k. Thus AA is obtained from the 


equation 


20) 


where x is the known solubility at the temperature 7’. 
Examination of the systems quoted in Table 1 shows 
that the error in Ah made by using equation (20) is 
This is due to the 


fact that the slope of the log x vs. 7’ plot is relatively 


usually less than 20 per cent. 


insensitive to the variations in the intercept within the 
It therefore 
becomes possible to make reasonable estimates for Ah 


range found for different alloy systems. 


for the large number of binary eutectic systems for 
which complete solubility data are not available. 


CONCLUSIONS 

Such thermodynamic quantities as the enthalpy of 
solution and the intrinsic entropy of solution (relative 
to the two pure metals) of a solute atom in a given 
solvent may be obtained directly from solubility data. 
These quantities are certainly of considerable interest 
with regard to questions of the theory of the constitu- 
tional diagram formed by a given pair of metals, yet 
they are not readily attainable through direct thermo- 
dynamic measurements. In the case of the intrinsic 
entropy, As, values obtained from available solubility 
data all turn out to be positive (with only one excep- 
tion), and similar in magnitude to the values derived 
for various lattice defects by Huntington et al. 


| 
Ah = T(1.5—-——} = 


FREEDMAN anp NOWICK: 
It is also found that a quantitative interpretation of 
the results for As cannot be given entirely in terms of 
Zener’s elastic strain theory, but requires consideration 
In order to test the 
various theories of the intrinsic entropy of defects 


of nearest-neighbor interactions. 


and solute atoms more critically it is necessary to 
obtain more precise solubility data, particularly on 
simple terminal-solubility systems in the range below 
1 at. per cent. 
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APPENDIX 


It is intended in this section to outline the calcu- 


lation of the equilibrium solubility as a function of 


temperature in moderately dilute solutions. Substi- 
tution of equation (9) into equation (4) yields an 
expression for AG*, and by changing « to 6 and B to A, 
the analogous expression for AG” is obtained. Since 


= 1 for both the « and phases, equation 


Ox 4 


Ox,” 


AG? AG* 


(A-1) 


which expresses the conditions for equilibrium entirely 


in terms of the small quantities x,” and x,,*. 


Substituting our expressions for AG* and AG? into 


the first equality of equation (A-1), and separating 
out terms of different order in the small quantities 
x,’ and x,”, we obtain: 
A B 


TA, 
Ah," — TAs, 
“tp ( CR Ah B 


a 4” 
kT In (1 


k 1 In a B 

As, ) 
TAs ,”) 
Up (Ahp 


kT nz, 
kT x,* In x,* + terms of order x* 

(A-2) 
For the first-order approximation we set all terms of 


order x and higher (i.e. the right-hand side of equation 
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A-2) equal to zero. This gives the first-order solution 


of the form of equation (3). For the next order of 
approximation, we set all terms of order 2* and higher 
equal to zero and substitute the first-order solution 
Thus in the right-hand side of 
kT x 
TAs 
then be 
equation (10) of the text as the final result for the 


into terms of order 2. 
and similarly for Ah,” 


remaining 


is set equal to zero 
kT The 


combined to give 


terms may 


solubility. A similar handling of the second equality 


in equation (A-1) gives the analogous result for x , 


One could continue to develop more accurate 
solutions to equation (A-2) by taking terms of order 


x” into account, but such work would be of no value 
in view of equation (9), which already neglects 2 
terms. 
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SUR LA CINETIQUE DE L’OXYDATION DU FER DANS L’AIR DANS 
LYINTERVALLE 700-1250°C*+ 


J. PAIDASSI: 


La présente recherche sur l’oxydation superficielle du fer dans l’air nous a permis d’établir les faits 
suivants: 

1) La pellicule, dans lintervalle 700—-1250°C est toujours constituée par trois couches continues et 
compactes de de et de FeO. 

2) Dans des conditions isothermes d’oxydation, si on fait abstraction d’une courte période initiale 
perturbée, la loi de croissance de ces couches est parabolique. 

3) Dans l’intervalle étudié, les épaisseurs relatives des trois couches de Fe,0,, de Fe,0, et de FeO pai 
rapport a l’épaisseur totale de la pellicule restent pratiquement invariables et égales respectivement a 1, 

+) La chaleur d’activation de 40 500 cal/mole, traduit indifféremment le processus de croissance de 
lune quelconque des trois couches de la pellicule et celui de ensemble de la pellicule. 

Les résultats antérieurs s’appliquent exclusivement aux pellicules adhérentes a leur support a la 
température de l’expérience, l’"apparition d’une solution de continuité par exemple au niveau de l’interface 
métal-oxyde en cours d’oxydation modifiant en effet complétement la constitution de la pellicule. 


THE KINETICS OF THE AIR OXIDATION OF IRON IN THE RANGE 700-1250°C. 


It is shown in this work on the superficial air oxidation of iron that: 

|) In the range 700—-1250°C, the scale is always composed of three continuous and compact layers 
of Fe,O,, Fe,0, and FeO. 

2) Under isothermal oxidation conditions, the growth law of these layers is parabolic, except during 
initial instable stage. 

3) In the same range of te mperatures, the relative thicknesses of the Fe,O3, Fe,O, and FeO layers 
versus the total thickness of the scale remain practically the same and are respectively 1, 4 and 95%. 

4) The heat of activation of 40,500 cal/mole, illustrates both the growth process of one or another of 
these layers and of the whole scale. 

These results are concerned exclusively with scales strongly adherent to the support under the 
experimental temperature since the appearance of a discontinuity, e.g. at the metal-oxide interface, 


during the oxidation modifies completely the constitution of the scale. 


ZUR OXYDATIONSKINETIK VON EISEN IN LUFT ZWISCHEN $700-1250°C. 

Die vorliegende Untersuchung der Oberflachenoxydation von Eisen in Luft gestattet die Feststellung 
folzgender Tatsachen: 

1) Die Oxydhaut ist im Temperaturintervall von 700° bis 1250°C aus drei zusammenhangenden und 
kompakten Lagen von Fe,O,, Fe,0, und FeO zusammengesetzt. 

2) Unter isothermen Oxydationsbedingungen ist das Wachstumsgesetz dieser Lagen parabolisch, 
wenn man von einer kurzen gest6rten Anfangsperiode absieht. 

3) Im untersuchten Temperaturbereich sind die relativen Anteile der drei Lagen von Fe,O,, Fe,0, 


und 95%. 


ind FeO an der Gesamt-Oxydhaut praktisch konstant und gleich 1%, 4% 
4) Die Aktivierungswarme von 40 500 cal/Mol beschreibt gleichermassen das Wachstum jeder der 
drei Lagen der Oxydhaut und das der gesamten Haut. 
Die friiheren Ergebnisse betreffen ausschliesslich Oxydschichten, die bei der Temperatur des Experi 
its auf einer Unterlage haften. Das Auftreten einer kontinuierlichen Mischung z.B. an der Grenz 
he Metall-Oxyd im Verlauf der Oxydation verandert die Zusammensetzung der Haut vollstandig. 


1. INTRODUCTION puisqu’il s’agit non seulement de déterminer le 
L’étude de la cinétique d’oxydation aux tempé- domaine d’existence de chacune des couches d’oxyde 


ratures élevées d'un métal polyvalent comme le fer mais également leurs lois de croissance isotherme, lois 


dont les pellicules sont constituées par plusieurs qui pourraient au surplus n’étre pas du méme type. 


couches constitue un probléme relativement complexe Ces raisons et |’importance du fer expliquent le grand 


nombre de recherches consacrées a |’étude de l’oxy- 
* Regu le fovrier, le 22 dation de ce métal depuis les travaux classiques de 
+ Cette recherche realisee en liaison avec M. le rotesseur . 
J. Bénard a fait objet du contrat n° 43 entre l’auteur et le Pilling et Bedworth” et de Pfeil.‘ Parmi ces 
“Consejo de Investigacion Cientifiea’” de l'Université yecherches il faudrait citer tout particuliérement celle 
Concepcion (Chili). 
* Universidad de Concepcion, Concepcion, Chili. 
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de Bénard et Coquelle® qui démontrérent pour la 
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premiere fois la possibilité de déterminer expeéri- 
la de 
croissance des différents oxydes de la pellicule par des 
Cette 


mentalement dans l’intervalle 650 loi 
mesures effectuées sur des sections polies. 
technique fut appliquée ultérieurement par d'autres 
chercheurs pour étendre l'étude 
intervalles et 1100 


Les divergences entre les résultats des différents 


antérieure aux 


1200°C.™ 


auteurs nous ont incité a reprendre l'ensemble du 
probleme en mettant en oeuvre une technique micro- 
L’étude 


commencée en 1950 a donné lieu déja a un certain 


graphique perfectionnée. que nous avons 


nombre de publications partielles.“®) Dans l’intervalle 
a été publié lintéressant travail de Birchenall et de 


le 


présent mémoire nous indiquons les résultats complets 


ses collaborateurs sur le méme theme.’ Dans 


sur la cinétique le loxydation du fer dans l’air dans 


Vintervalle 700-1250°C; une autre et prochaine 


publication sera consacrée a l'étude de l’oxydation 
dans l’intervalle 400—700°C ot les résultats sont plus 


complexes. 


2. TECHNIQUE OPERATOIRE 


Nos essais ont été réalisés sur plusieurs qualités de 
fer; Armco, fer dénommé ‘‘Puron’’ par la ‘‘Westing- 
house’, fers purs élaborés par la ““National Research 
la ‘Johnson Matthey 
échantillons, sous forme le plaquettes ayant 
Ld 16 16 22 et 


épaisseur comprise entre 0,3 et 3 mm, étaient soumis 


Corporation” et Les 


pour 


dimensions: mm ou mm une 


& une préparation soignée qui comprenait dans cet 
ordre: un polissage mécanique jusqu’au papier émeri 
(3/0), un lavage dans plusieurs bains successifs de 
toluene, un recuit dans l’hydrogéne pur et sec a 900 
ou 1000°C selon le cas durant 24 heures, éventuelle- 
de 


Jacquet,? suivi d’un recuit sous vide (10-4 mm Hg) 


ment un polissage électrolytique dans le bain 


ou dans lhydrogéne a 850°C durant 4 heures. 

Des essais préliminaires nous ont montré que dans 
lintervalle étudié, a condition de choisir de facon 
adequate les caractéristiques géométriques des échan- 
tillons il était possible d’utiliser pour l’oxydation de 
ceux-ci | installation simple déja 
décrite comportant un four ouvert,“ sans rien perdre 


Quant au choix des 


particulierement 


dans la rigueur des résultats. 
caractéristiques géométriques des échantillons il est 
important seulement dans le cas d’échantillons Armco 
et vise 4 éviter dans la mesure du possible les décolle- 
ments de la pellicule de son support en cours d’expé- 


rience. Pour réduire ceux-ci il est nécessaire d’adopter 


pour chaque essai un échantillon dont |’épaisseur soit 


seulement de peu supérieure a celle du métal oxydé au 


cours de l’essai. Si on respecte cette régle on arrive 


DE 
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toujours a obtenir des pellicules adhérentes sur des 
d’effectuer 


surfaces suffisantes pour permettre des 


mesures valables d’épaisst ur des couches. 

Le global de 
caractérisé par l’augmentation de poids qu’: 
des 


lgneusement 
ll 


résultat chaque experience etait 


vait subi 


V’échantillon au cours de son oxydation camen au 


microscope des pellicules portait SUI coupes 


poues et 


perpendiculaires a la surface 


attaquées. Dans un travail antériew nous ns 


donné toutes indications utiles su détail des 


techniques utilisées 


RESULTATS DES ESSAIS ET DISCUSSION 


Aspect micrographique des pella ule 


de 


pellicule d’oxydation superficielle du fer est toujours 


Dans lintervalle température 700-1250°C la 


t compa 


constituée pal trois couches continues et « ipactes 


rua. 1. 


( oupes d’une pellicu 
pe ndant 4h 


— 
Fe,0, 
| 
FeQ___ 
» 
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De la face externe a la face interne en contact avec le 


fer-support on distingue successivement: la couche de 


Fe,O,, la couche de Fe,O, et la couche de FeO. Dans 


le cas de pellicules formées a des températures 
supérieures 4 800°C et refroidies dans l’air, on observe 
dans la zone externe de la couche de FeO une précipi- 
‘+;0, dont nous avons déja indiqué 


(11) 


tation fine de 
l’origine et les particularités morphologiques. 

Les micrographies des Figs. 1 4 5 représentent apres 
attaque les coupes des pellicules formées successive- 
ment a 700, 800, 920, 1000, 1100 et 1200°C et refroidies 


a). Pellicule obtenue par oxydation 
a 800°C 2h. 150. 


2(b). Pellicule odtenue par oxydation 
a 800°C 2h. 400. 
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dans l’air. Sur certaines des micrographies on dis- 
tingue les limites de grains dans les trois couches. 
Ces limites sont souvent approximativement per- 
pendiculaires 4 la surface libre de la pellicule. Les 
dimensions des grains diminuent quand on passe de la 
couche de FeO a la couche de Fe,O,. Nous avons 
déja insisté ailleurs"*) sur quelques particularités de la 
croissance FeO en 


fonction de la température et de la durée d’oxydation 


des grains de la couche de 


Les interfaces entre les différentes couches de la 
pellicule présentent des irrégularités dont nous avons 
déja indiqué la cause." 

La Fig. 6 schématise les faciés observés pour les 
divers interfaces et indique le sens des signes représent- 
atifs utilisés dans les diagrammes qui suivent, ainsi 
que la définition adoptée pour |’épaisseur moyenne de 


chacune des couches. 


2. Resultats relatifs a la croissance des couches 

Les mesures des épaisseurs qui figurent dans les 
diagrammes qui suivent étaient effectuées dans des 
zones de la pellicule présentant tous les caractéres 
morphologiques de zones non décollées au cours de 
l’oxydation, l’apparition d’une solution de continuité 
au niveau par exemple de l’interface métal-oxyde en 
cours d’oxydation modifiant en effet complétement la 
constitution de la pellicule. 

La mesure des épaisseurs des couches de Fe,O, et de 
FeO ne risquait pas d’étre affectée d’erreurs systémati- 
ques. Il] n’en était pas de méme de la couche externe 


de Fe,O, qui pouvait s’arracher ou s’user au cours du 


:. 2(c). Pellicule obtenue par oxydation 
a 800°C 12h. x 1500. 
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polissage. Aussi, un soin particulier fut-il apporté 
a la préparation des coupes polies. Dans la plupart des 
cas on ne constatait au microscope aucune dénivella- 
tion ni sillon entre le bord externe de la pellicule et 
Venrobage de sorte que la mesure de |’épaisseur de la 
couche de Fe,O, offrait toute garantie de sécurité. 
Les diagrammes des Figs. 7 et 8 tracés en coordon- 
nées semi-logarithmiques, récapitulent les résultats 
700 et 


ces deux diagrammes, nous avons 


obtenus pour les températures de 
Dans chacun de 


indiqué la variation en fonction du temps, de 


l’épaisseur des couches de Fe,Q, et de Fe,O, et de 


Pellicule obtenue par oxydation a 920°C 
pendant 4h. «135 


Fig. 3(a) 


Fig. 3(b). Pellicule obtenue par oxydation a 920°C 
pendant 4h. «400 
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Fic. 3(c). Pellicule 


pendant 4 h 


oxydation a 920°C 


1250 


obte nue 


l’épaisseur totale de la pellicule [ls ont été également 
portées les hauteurs maxima des irrégularités que 
Fe,O,. 


figurent 


présente interface FeO Les chiffres entre 


parenthéses, qui dans les diagrammes 


indiquent les épaisseurs relatives, par rapport a |’épais- 
seur totale de la pellicule, de la couche de Fe,O, et de 
celle de Fe,O, (ou de l'ensemble des deux couches de 
Fe,O, et de Fe,O,). Enfin 
avons fait figurer l’augmentation de poids mesurée 


a titre d’indication, nous 
par cm? de surface initiale de |’échantillon. Il y a lieu 
de noter que les conditions exactes de ch ue essai ne 


sont pas spécifiées sur les diagrammes car |’ 


itilisation 
d’un fer pur au lieu du fer Armco, polis électrolytique- 
ment ou mécaniquement conduit, aux erreurs d’expé- 


rience pres, a des résultats identiques. 


Fic. 4. Pellicule obtenue par oxydation a 1100°¢ 
pendant 3 mn 45 s. 275 


aid. 
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Be 


Fic. 5. Partie externe d'une pellicule obtenue par 
oxydation a 1200°C pendant 3 mn 45 s 


275. 


Dans les diagrammes des Figs. 9 4 11. nous avons 
réuni sous forme de réseaux d’isothermes nos résultats 


de Fe,O, 


V’intervalle 


relatifs aux épaisseurs des couches de Fe,Og, 


et de Vensemble de la pellicule dans 


700-1250°C 


3 Loi CrOLSSANCE isothe rove dé Ss couche S 


L’examen des diagrammes des figures 9 4 11 montre 


que les points expérimentaux relatifs aux essais 


isothermes se placent avec une bonne approximation 
sur des droites (ce n’est que dans le cas de la couche de 
Fe,O, dans 


pour les durées courtes d’oxydation et 


Variations maximum constatees des 
&épaisseurs moyennes e,e, et ep Ou 
rregularités maximum 4h, et Aho de 
|’interface FeO-Fe3,0O, indiquees a 
7 2 partir de la surface moyenne de 
nterface 


Fe,O; 


Fic. 6. Signes représentatifs utilisés dans les diagrammes 
d’oxydation superficielle du fer. 


VOL. 


Temps’2 (minutes) 
6 


100°C 


Les chiffres entre parentheses 
indiquent les pourcentages par 
rapport a ’@paisseur totale 


e epaisseur totale 


Adm mesure 


Augmentation de poids 4m ("S4m*) 
E paisseur 


traduisent la 
a 700°C, 


Courbes cinétique de loxydation 


l’intervalle 700—-800°C que l’on constate de légéres 


anomalies). Par conséquent les épaisseurs des trois 
couches croissent en fonction du temps suivant une 
loi parabolique, ce qui indique que le processus d’oxy- 
dation superficiel est régi par la diffusion des divers ions 
qui y participent. En d’autres termes les réactions qui 

produisent aux interfaces des différentes couches 
n’ont aucune action limitative sur la vitesse de 
croissance de celles-ci. 

[] est intéressant de discuter quelques particularités 
des droites des figures 9 a 11 et d’abord le fait qu’a 
partir d’une certaine température limite elles passent 


de plus en plus au-dessus de l’origine des coordonnées. 


| 
Temps 2 (minutes 


20 


Les chiffres entre parenthéses 
indiquent les pourcentages par 
rapport a | @paisseur totale 


"fem 
W 


mg, 
de poids dm (™9 


Epaisseur en 


Augmentation 


Temps (h) 


Fic. 8. Courbes traduisant la cinétique del’ 
a 1100°C. 


oxydation 
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Epaisseur en yz 


800°° 


Temps’2 (minutes’2) 
4 


© 
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uJ 


9. Courbes de croissance isotherme de Fe,O. dans Tr 10. Courbes de croissan 
Vintervalle 700—1250°C. V’intervall 


Ce fait doit étre attribué principalement 4 une éléva- technique opératoire et 
tion transitoire de la température de |’échantillon au- généralité A nos résultats probabl 
dessus de la température régularisée, par suite de la dégagement de la chaleur de réaction est troy 
violence de la réaction. Pour une température d’oxy- au-dessus de 1000°C pour que | support de fer 
dation égale 4 1300°C cette surchauffe de l’échantillon un réle efticace dans sa dissipation [l est cependant 
est suffisante pour fondre la pellicule. possible en principe d’obtenir expérimentalement 
En toute rigueur il aurait fallu pour établir une épaisseurs idéales des pellicules, données 
isotherme utiliser des échantillons de fer d’épaisseur  paralléles 4 nos droites passant pat 
constante, les résultats obtenus n’étant valables que coordonnées; il suffirait de soumettre préal 
pour cette épaisseur. En fait nous avons pu vérifier les échantillons 4 une préoxydation judi 
que la translation de l’isotherme que l’on obtient en  choisie. Remarquons d’ailleurs qu’avee not 
faisant varier cette épaisseur dans les limites de nos nique opératoire (introduction directe des échan 


expériences est négligeable ce qui justifie notre dans un four ouvert) il se produit une préoxyd 
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@ 


Epaisseur en 


11. Courbes de croissance isotherme de | épaisseur totale 
de la pellicule dans l’intervalle 700—1250°C. 


cours de la mise & température des échantillons ce qui 
fait que cette technique donne au-dessus de 1000°C des 
résultats plus corrects que la technique rigoureuse qui 
consiste 4 préchauffer les échantillons en atmosphére 
inerte jusqu’a la température de l’expérience avant 
introduction du gaz oxydant. 

Une autre particularité des droites isothermes est a 
noter. Comme on le voit par exemple sur la Fig. 8 les 
trois droites D,, D,, D correspondant respectivement 
aux couches de Fe,O, et de Fe,O, a l'ensemble de la 
pellicule coupent l’axe des temps en des points %,, % 
et « tels que les segments: - Ox, 


0 VY, et Ua 
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() étant l’origine des coordonnées. II en résulte que 


les épaisseurs relatives expérimentales des couches de 


Fe,O, et de Fe,O, par rapport a l’épaisseur totale de la 


pellicule varient en toute rigueur constamment avec 
la durée d’oxydation (les rapports e,/e et e,/¢ décrois- 
sant et croissant respectivement). 

En fait, 4 cause de la faible épaisseur relative de la 
couche de Fe,t )., compte tenu de la précision des 
mesures, é,/e reste constant en fonction du temps 
comme on peut le constater sur les Figs. 7 et 8. Dans 
le cas de la couche de Fe,0, la variation de son épais- 
seur relative est par contre parfaitement décelable 
bien restant faible 
l’intervalle 700—1100°C). 
couche |’épaisseur relative se stabilise rapidement 


que (au maximum 25°, dans 


Cependant, méme pour cette 


aux erreurs d’expérience prés et a partir de durées 
d’oxydation de l’ordre de 2 h a 700°C et de quelques 
minutes au-dessus de 1000°C on peut la considérer 
constante. 

La cause de ces variations de |’épaisseur relative de 
la couche de Fe,O, en fonction de la durée d’oxydation 
doit étre différente selon la température considérée. 
Quand celle-ci dépasse 1000°C il semble que c’est le 
gradiant de température qui s établit transitoirement 
dans la pellicule du fait de la violence de réaction qu’il 
faille 700-800°C 


plutét le ralentissement de |’établissement de |’équi- 


incriminer. Dans l’intervalle c'est 
libre cinétique entre les divers oxydes, conjointement 
avec une stabilité accrue de Fe,O, vis a vis du prot- 
oxyde, qui doivent étre responsables des variations 
observées. 

Quoiqu’il en soit, sur la base de nos résultats, il est 
légitime de séparer pour une expérience d’oxydation 
une période de régime transitoire et une autre de régime 
permanent. Nous dirons que le régime permanent est 
établi dés que les 2 conditions suivantes sont remplies: 

(1) L’épaisseur totale de la pellicule croit suivant la 
loi parabolique qui correspond aux durées d’oxydation 
moyennes et longues. 

(2) Les épaisseurs relatives des couches se sont 
stabilisées & des valeurs constantes aux erreurs 
d’expérience prés. 

Les Figs. 7 et 8 et d’autres analogues montrent que 
le régime permanent dans |’oxydations superficielle du 
fer s’établit trés rapidement températures supérieures 
a 700°C, aprés une a deux heures a 700°C, aprés 
quelques minutes au-dessus de 1000°C. Dans la Fig. 


12 nous avons délimité Je domaine de régime 
permanent. 

Il y a lieu d’insister d’ailleurs que dans la courte 
période perturbée les déviations des épaisseurs rela- 
tives par rapport a leur valeur de régime permanent, 


restent faibles méme dans le cas de la croissance de 
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la couche de Fe,O, ot ces deviations sont les plus 


accentuées. Il en résulte que les proportions des 


couches peuvent étre considérées en premiere approxi- 


comme se maintenant constantes dés les 


mation 
premieres minutes de l’oxydation isotherme. 

Pour tenir compte des particularités discutées des 
droites des Figs. 9 4 11 il est indispensable de traduire 


la croissance des couches par |’équation suivante: 


(7 1 a3) (1) 


dans laquelle e,; est l’épaisseur de la couche considérée, 


k 


i 


la constante d’oxydation, ¢; l’ordonnée nulle ou 
positive, a l’origine des temps, de la droite correspon- 
dante (l’equation (1) appliquée 4 la couche de FeO 
s écrira k, et a la pellicule entiére 
k \ t é€). 
Dans le Tableau 1 nous avons réuni les valeurs des 
constantes k,, ky, ks, &, &, aux différentes tempér- 
telles des 
précédents. (Nousrappelons que ¢, = Oet « 3 
quelle que soit la température.) Ce tableau permet, 


a aide des équations (1) de calculer avec précision la 


€3 


e 


atures qu’elles résultent diagrammes 


+e 


valeur numérique de |’épaisseur des couches d’une 
pellicule correspondant 4 une durée et a une température 
données d’oxydation. Il va de soi que toute extra- 
polation, pour des durées nettement plus courtes que 
celles figurant sur les diagrammes (1 a 30 mn suivant 
les températures) est sujette 4 caution et que de plus 
il est indispensable de déterminer |’épaisseur de la 
couche de Fe,O, dans l’intervalle 700-850°C et les 
temps courts d’oxydation, directement a l'aide du 


diagramme de la Fig. 10. 


4. Influence de la technique de 
polissage 


Nous 


croissance 


la pureté du fer et de 


de 
pellicule 


souligné les vitesses 
différentes 
adhérente, formée soit sur du fer Armco soit sur un fer 
Ce 


impuretés présentes dans le 


avons déja que 


des couches d’une 


résultat montre les 
fer 


pratiquement pas sur la croissance et la constitution 


pur, sont identiques. que 


Armco n‘influent 


de la pellicule dans l’intervalle étudié, pour autant 


évidemment que celle-ci conserve une adhérence 
suffisante 4 son support métallique a la température de 
essai. 

Cette adhérence dépend cependant de facon trés 
nette de la pureté du fer mis en oeuvre, augmentant en 
général avec celle-ci. C’est ainsi qu’il est en général 
impossible de séparer mécaniquement de leur support 


les pellicules formées sur le fer Puron alors que cette 


opération est aisée pour les pellicules formées sur le fer 
De 


Armco a une température supérieure a 900°C. 
méme il est beaucoup plus difficile d’obtenir pour les 


DE 


Température, °C 


L’OXYDATION DI 


Temps (minutes 


20 


de la 


permanent 


Fie. 12. Courbe donnant en fonction 


le temps de l’établissement du régime 


longues durées d’oxydation des pellicules adhérentes 
sur le fer Armco que sur le fer pur. 

Depuis les travaux fondamentaux de Chaudron et de 
(14,15,16) 


ses collaborateurs sur l’oxydation du fer dans 


des mélanges H,—H,O, on sait que dans la zone de 
Fe—FeO 


métalliques du fer mis en oeuvre et cela, quelles que 


lV’interface se concentrent les impuretés 


soient les affinités relatives vis a vis de loxygene des 
Nous 


vérifié que cette ségrégation d’‘impuretés se produit 


éléments correspondants et du fer. avons 


également dans le cas de |’oxydation du fer Armco 
dans l’air™*) et qu'elle est d’autant plus importante que 


A la lumiére de 


faits il devient naturel d’ores et déja d’attribuer a la 


le métal de départ est plus impur 


ségrégation des impuretés dans la zone de | interface 
Fe—FeO 
l’adhérence de la pellicule 4 son support métallique « 
de 


sur celle-ci des diverses impuretés présentes dans 


influence néfaste sul 


une importante et 


attendant pouvoir precise! action particullert 


Il est a noter que Vadhérence de la pe 


support dépend aussi de la préparatio1 


l’échantillon du fer, étant plus grande quand | 


ty 


est complété par un polissa ge ele 


ne doit pas nous étonner } usqu 


Variation en fonction d 
- 


Fic. 13 


relatives en ® des couches d 


courbe 2) par rapport a lépai 


1000} + 4 + 4 
800} + + 
= 
i 
600} t 
Temps r 
= face 
rbe 
Temps. ture 
t perature des seu 
ir be ‘ | () 


192 ACTA METALL 


dissolution anodique s’éliminent les grains d’abrasifs 
insérés dans les couches superficielles du métal, grains 
qui doivent se concentrer a |’égal des impuretés dans 
la zone de l’interface Fe—FeO. 

5. E paissé “urs re lative Ss de Ss couches dans la pe llicule 
doxydation 

Des que le régime est établi (Fig. 12) ces épaisseurs 
relatives sont constantes dans des conditions iso- 
thermes d’oxydation. 

En ce qui concerne | influence de la température sur 
les proportions des couches elle est précisée a l’aide du 
diagramme de la Fig. 13 qui indique la variation en 
fonction de la température, des épaisseurs relatives 
en °, des couches de Fe,O, (courbe 1) et de Fe,0, 
(courbe 2) par rapport a l’épaisseur totale de la 


pellicule. On constate que dans lintervalle 750 


1150°C, ces épaisseurs relatives restent pratiquement 
l et 4%. 


Ces valeurs, soulignons-le, correspondent au phéno- 


invariables et égales respectivement a 


méne d’oxydation a l'état pur, qui suppose une surface 
suffisamment polie et propre, un métal suffisamment 


pur et exempt de tensions et des fluctuations de 


températures au cours de l’expérience relativement 


réduites permettant de réaliser 4 leur tour la condition 
essentielle suivante: absence de toute solution de 
continuité dans l’échantillon en cours d’oxydation (en 
particulier a l’interface Fe—FeO) susceptible de géner 
& quelque niveau que ce soit de la pellicule, la diffusion 
des ions qui participent dans le phénomene. 


[l vy a lieu d’ajouter que les conditions opératoires 


Fic. 14. Echantillon de fer “‘Puron”’ oxydé a 
800°C pendant 4 h (voir le texte). 
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Fic. 15. Influence de la 
vitesse de 
pellicule (courbe Z,) et sur la constante gravi- 


métrique d’oxydation (courbe L,,). 


temperature sur a 


l 
croissance de la couche de FeO de |: 


énumérées sont assez faciles a satisfaire. En particulier 
la pureté du fer Armco recuit dans lhydrogéne est 
suffisante les proportions correctes des 


pour que 


couches soient obervées. Il va sans dire que locale- 


ment cette proportion peut subir une fluctuation 
importante méme dans le cas d’un métal relativement 
pur. A titre d’exemple la Fig. 14 montre la micro- 
graphie d’un échantillon de fer Puron oxydé a 800°C 
pendant 4 h. On y constate sur sa face supérieure 
une proportion anormalement élévée d’oxydes supé- 
rieurs motivée par la présence d’une grande inclusion 
dans la zone de interface Fe—FeO, ce qui a pour 
effet de réduire considérablement la diffusion des ions 
de fer vers l’extérieur. 

Si on excepte ce cas particulier de ségrégation 
d’impuretés on peut dire que quand les conditions 
opératoires mentionnées sont respectées, les fluctua- 
tions d’épaisseurs des couches dans les pellicules adhé- 
sont minimes et 


rentes les résultats parfaitement 


reproductibles d’une expérience a l'autre. 


6. Influe nee de la te mperature sur la vitesse de réaction 
Considérons la croissance de la couche de FeO de la 

pellicule et tragons a l’aide du Tableau I la courbe de 

, en fonction de 


l’inverse de la température absolue 1/7’. 


la Fig. 15 donnant la variation de log k 
Cette courbe 
L. se confond avec une droite. 

Pour tirer les conclusions de ce fait il est indispen- 


sable de faire quelques hypotheses simplificatrices. 
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Nous admettrons a la suite de divers auteurs que les 
conditions suivantes sont réalisées dans les pellicules 
d’oxydation superficielle du fer; 

(a) La variation de la concentration en fonction de 
la distance est linéaire dans chacune des couches de la 
pellicule; 

(b) Les concentrations aux interfaces sont données 
par les concentrations d’équilibre des phases corre- 
spondantes en contact: 

D est constant sur 


toute |’épaisseur de chacune des couches de la pellicule. 


(c) Le coéfficient de diffusion 


Compte tenu de ces hypothéses et du fait que la 
courbe DL. est une droite, il est facile de montrer que 
dans lintervalle étudié: 

(1) Le processus de diffusion dans la couche de 
FeO est régi par une chaleur d’activation trouvée 
égale & 40 500 cal/mole. 

(2) Les teneurs en oxygéne du protoxyde de fer aux 
Fe et FeO 
sensiblement indépendantes de la température, ce qui 


interfaces FeO Fe,O, de la pellicule, sont 
est en accord avec le diagramme d’équilibre Fe—O 
établi par Bénard.“” 

On pourrait tracer sur le méme graphique de la Fig 
14 les courbes expérimentales L,, L, et L donnant 
respectivement la variation de log k,, log ky et log k 
en fonction de 1/7’. Cependant, il est évident qu’a 
cause de la quasi constante des épaisseurs relatives des 
trois couches de Fe,O, de Fe,0, et de FeO dans 
lVintervalle étudié, les courbes L,, L, et L peuvent 
Il en 


résulte que dans l’intervalle 700-1250°C la chaleur 


étre assimiliées 4 des droites paralléles 4 Lg. 


d’activation de 40 500 cal/mole traduit indiffére mment 
le Processus de CrOUSSANCE de Lune quelconque de Ss trois 


de la pellicule et Ll’ nsemble de la 


couches celui de 
Pe llicule 
Soulignons enfin que nos résultats montrent que la 


croissance et la constitution des pe llicules adhérentes ne 


présentent aucune anomalie décelable ala température de 


910°C qui correspond a la transformation « = y du fer. 


OXYDATION 


Sur le méme graphique de la Fig 


reporté les valeurs expérimentales et 


partir des mesures d’épaisseur des couche 
constante gravimétrique d’oxydation k,, d 
la relation Am k. Vl e,, ou Am est 

tation de poids par em* de surface initiale de |’échantil 
lon, t le 


Dans 


temps et é une autre constante 


Vintervalle 7O00—-1250°C ot les épaisseurs 


relatives des couches sont invariables ou la com 


position et le poids spécifique moye nh de ia he ce 
FeO 


sont sensiblement constants, 


gravimétrique calculée a partir de 


couches est de la forme f ak, ot 


stante absolue. Cette proportionalit 


constantes gravimetriques et micrographiques 


traduit par le parallélisme des deux droites L et 


On constate que nos valeurs expérimental 


Davies, Simnad et Bir 


ainsi que celles de 
se placent avee une tres bonn 


droite L 


Pour les températures supérieures les vale 


ipproximatiol 


caleulée, jusqu a une temperature 


mentales sont nettement inférieures a 


Cela tient au fait que 


pratiquement impossible 
adhérentes a la ten perature de le 
surface de l’échantillon ou méme sw 
important de celle-ci et cela 
précautions opératoires utilisées 
restreint évidemment considérablement 

présente, dans l'étude de la cinétique de |’oxydation « 
fer, l’¢ mploi des méthodes globales et en part 


la méthode gravimétrique 
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TABLEAU | 
°C k, (em! s 104 (em 10 
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4.1. 10-4 3,35 10-6 1,4] 10 0 3,9 
5,1 10-4 10-6 1,80 10 0 1.9 1,2 
6.0 10-4 5.4 10 0 10-4 
8.4 10-4 8,4 LO 15 8,0 1O-4 2,1 
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1,95 10-8 2,1 10-° 8.6 10 50 1,85 LO 
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A THEORY OF THE 


ORIGIN OF 


FATIGUE CRACKS* 


N. F. MOTT 


A model based on the concept of cross slip is given to explain how a slip band can develop into 


if dislocations in the band are free to move backwards and forwards 


UNE THEORIE 


SUR 


L’auteur propose un modéle basé sur le concept du 
d’une bande de glissement en une fissure lorsque les dislocations présentes dans cette 


de se mouvoir dans les deux sens. 


EINE THEORIE DER 


L°>ORIGINE 


ENTSTEH1 


DES FISSURES DE FATIGUI 


glissement croisé pour expliquer la trans 


bande 


NG VON ERMUDUNGS-RISSEN 


Ein auf der Quergleitung fussendes Modell wird angegeben, welches erklart, wie sich 


in einen Riss verwandeln kann, wenn sich 


bewegen. 


Versetzungen 


in dem Gleitband vorwiarts 


Two reviews have been published recently of the 
physical processes taking place in fatigue. A book 


Fatigue in Aircraft Structures” contains articles 
on experimental work by Wood, Forsyth, Thompson 
and others, and a recent discussion on the subject 
The 


aim of this paper is to suggest in the light of the 
for the 


has been published by the Royal Society. 


evidence there presented a mechanism 
formation of fatigue cracks. 

We emphasize first of all that fatigue fracture has 
been observed in several metals at the temperatures 
of liquid helium.® This shows that, though tem- 
perature-activated processes such as the diffusion of 
vacancies or chemical processes such as attack by 
oxygen can play a role at higher temperatures, they 
are not essential to fatigue and a theory of the 
phenomenon must not depend on them. 

We emphasize secondly the similarities and differ- 
ences between hardening in cyclic and in unidirectional 
under both 


straining. There is much evidence that 


conditions the density of dislocations is greatly 
increased and to this the hardness and stored energy 
are mainly due. The differences are 

(a) There is much less gross bending under cyclic 
stressing, as shown by the absence of X-ray asterisms 
and higher temperatures for recrystallization. In 
other words, there are no regions in which the number 
of dislocations of one sign greatly differs from the 
number of those of the other sign. 

(b) The dislocations responsible for hardening in 


cyclic stressing seem to have a higher density of 


jogs, as shown by a greater temperature-dependence 


of the flow stress.>4) This may be due to the repeated 


* Received October 7, 1957. 
+ Cavendish Laboratory, Cambridge. 
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cutting of other dislocations, or, as ested by 


Broom and Ham," to the condensation of vacancies 
on them (if the temperature is high enough 

The behaviour of a metal under, say, cyclic straining 


at constant amplitude shows then three main 


stages. (5,6,7,8) 


(a) A region of hardening, not dissimilar to that 


observed under unidirectional straining except for 


Fine 
The 


cycles involved here depends ot course on the strain 


the differences mentioned already. slip and 


coarse slip may be observed.‘® number of 


LOOO—L0.000 


applied; in 


(b) A 


observ ed 


a typical test it may be 


region in which no further hardening is 


but in which some slip lines broaden 


become persistent in the sense that they ire not 


removed by electropolishing and finally develop 


certain conditions extrusiol 


these 


into cracks (or under 
Wood‘? 
slip is continuing in this region 
Mott 


o, necessary to move a dislocation in a wor 


stresses that observations show 


thougn there 


hardening. has pointed out that the 


lattice should in general be less than 


generate new ones (a,’), so that i 


stress lies 


fatigue test the applied 


He also shows that the energy dissipa 


quantities. 


per cycle is consistent with the assumption th 


small number of dislocations moves up and down 


each slip band per cycle, though the cyclic movement 


of dislocations cannot be more than about 0.1 per 


cent of the movement which has produced hardening 
(c) In this stage one or more of the cracks formed 
in stage (b) spreads from grain to grain. The spread 
of cracks will not be discussed in this paper 
Our purpose is to present a model of how the slip 


bands broaden in state (b) and then turn into cracks. 


narar ed 
ev we Thess 
tod 
U 
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. Short slip lines in stage I of the hardening curve 
of single crystals of face-centred metals. 


Fic. 1. 


(b). Formation of long slip lines by cross slip. 


First, however, we must review the model of slip- 
that the 
Friedel,°!)) Seeger“? and others. 


band formation emerges from 


According to Friedel, in polycrystalline face- 
centred cubic metals and in single crystals, as soon 
as the region of easy glide is passed, the first stage 
of slip is the formation of numerous short slip lines 
(Fig. la); their density and intensity depends on the 
substructure from which one starts. Each is thought 
to originate in a Frank—Read source and to be termi- 
nated by a Cottrell-Lomer lock. 


Slip bands are due to cross slip,“?) which gets rid 
of the piled-up groups at the ends of the lines, and 
so allows the sources S, 8’, S” in Fig. 1b to generate 
The 


slip lines into bands that occurs later in the de- 


more and more dislocations. broadening of 


formation is thought to be due to the same process; 
fine slip lines near a coarse line lose their piled-up 
dislocations by cross slip, and so may become 
stronger. 

[It must be remembered that, while cross slip can 
in theory occur at a high local stress without the 
help of temperature, the stress at which it may occur 
will be greatly lowered as the temperature is 
raised. 

We think it reasonable to suppose that the broaden- 
ing observed in fatigue is also due to this cross-slip 
process: the continual movement backwards and 
forwards of a dislocation on a long slip line AB, 
line CD, 


eventually lead to cross slip and the consequent 


in Fig. 2, past a neighbouring short will 


annihilation of the dislocation. This is a 


Illustrating local softening by cross slip during cyclic 


stressing, 


work of 


form of 
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softening due to cyclic slip, which will allow S and 
other nearby sources to generate more dislocations. 

We now turn to the mechanism of crack formation. 
We believe that at low temperatures a mechanism 
involving formation of vacancies such as that sug- 
gested by the present author and others‘®) is unlikely 
to be correct. At low temperatures, vacancies cannot 
move, and if they stay in the slip band they should 
harden it and bring slip there to a stop. We need to 
find a mechanism depending on the kind of dislocation 
movement that can occur without thermal activation. 

In considering this problem, we have also to ask 
We 


know, for instance from the work of Bowden and 


what happens to the material from the crack. 
Tabor,“®) how firmly clean metal surfaces adhere 
when they touch, though their adhesion is greatly 
Attack 
by gas is not essential for fatigue, as is shown by the 


reduced if they are contaminated by gas. 


results at very low temperatures. This suggests that 
a considerable amount of material must be removed 
from the crack, to prevent the two halves seizing up. 

This, and the fact that fatigue cracks are normally 
initiated on the surface, leads one to ask whether 
extrusion is not essential for fatigue. The phenomenon 
observed by Forsyth,"* the extrusion of a visible 
tongue of metal say 10-* cm long, is suppressed in 
some alloys by cooling, and is believed to be due to 
some over-ageing or softening process. Nevertheless, 
finer extrusion 


a more gradual or may occur as a 


slip band broadens. Fine extrusions could be 
immediately oxidized in many metals in the presence 
of air. Wood" gives some evidence that this occurs.* 

Cottrell and Hull@*® have suggested a mechanism 
by which such extrusions can occur, as a result of 
slip on two sets of planes. Our aim in this paper is 
to suggest an alternative mechanism. A hypothesis 
capable of explaining the observed facts must make 
no special assumption about the substructure and 
must predict crack formation along slip bands under 
any conditions of cyclic stress. We claim that our 
model, based on the concept of cross slip, satisfies 
these conditions. 

Fig. 3 shows a crystal of which PQRS is a surface 
and XX’ is a dislocation of which the Burgers vector 
the 


It is clear that if X_X’ is displaced so that its extremity 


has a component perpendicular to surface. 


X on the surface moves round the path ABCD, 


then a tongue of metal will be extruded and a cavitv 


A’ B’'C’ D'A" B’C" D” will be formed. As the motion 


* The suggestion that metal is extruded and immediately 
oxidized from fatigue cracks is also 
article (ASTM Bulletin. February 
motion pictures of metal fatigue 
3ureau of Standards. 


made in an unsigned 
1957, p. 20) describing 
taken at the National 
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Fic. 3. movement in a crystal during crack 


formation in fatigue. 


Dislocation 


continues the cavity will gradually extend (4’‘A’” 
lengthens) till it the 


if the cavity already exists, a cyclic stress inclined at 


reaches surface. Moreover, 
some angle to AD will keep the dislocation moving 
in this path, for the following reason; each time the 
end X comes to a corner of the cavity, the high 
stress-concentration there will facilitate cross slip. 
We have, then, to explain the formation of such 
cavities. 

A current theory"®.!” of ductile fracture in metals 
assumes that this is due to the running together of 
Ductile 


fracture is a property of polycrystalline metals, and 


small cracks formed by piled-up groups. 


the theoretical finding is that only piled-up groups 


formed against grain boundaries. and not those 


Cottrell 


capable of initiating cracks. 


locks, are normally 
We know that 
can occur in single crystals; we 
that 


Many observations, e.g."°) show that under cyclic 


formed at Lomer 
fatigue 
need then a mecha- 
nism does not make use of grain boundaries. 
stressing one gets fine slip lines with displacements in 
Under 


arrangements of 


the opposite direction near together. such 


conditions one will obtain dislo- 


cations as in Fig. 4. If the two slip planes are close 


enough together we may expect a crack to form 


An analysis of the conditions under which this 
will occur has been given by Fujita.“*) According 


two edge 


to him, if dislocations of opposite signs 
are on planes about 10 A or less apart, they attract 


each other so strongly that a crack is opened up and 


Fic. 4. Crack at the an extrusion 


ORIGIN OF 


FATIGUE 


dislocations 


into the 


other moving along the 


wider. He 


nodel has 


planes 


will move crack and make it 


applies his findings to fatigue and _ his 
many points of similarity with ours 

If these ideas are correct, then, the condition for 
the initiation of fatigue is that slip should occur on 
two parallel planes within a few atomic distances of 
each other. Such a according to Fujita, 
A’ D' A” B’C" D 
which 
as XX 


thin sheet 


process 
will initiate the crack 
Then 


one end of it is held by the crack 


screw dislocation moves 


any 


round and round until a very 


extruded. 


We envisage such a process as occurring rep¢ itedly 


model 1 correct 


in the broad slip bands. If the 


what is dangerous for fatigue is the broad band in 


which active sources allow slip on planes very close 


to each other. These may be formed by 
We 


limiting stresss on 


would expect the dependence ol 
temperature to be 

that for the transition from stage II to stag 
thought 


McCammon and 


unidirectional slip, which is a 
to cross slip 


3 


Observations by 
Rosenberg 


silver and cold between fatigue 


show a fair correspondence fol coppel 


and ultimate tensil 


stress between liquid helium and room temperatures 


Further investigation of this point would be of 


interest. 


unlike that 


The model proposed here 
Hull, suggests that 


vu Cl icks should 


and 


underneath extrusions, though the mate 


the crack will be eventually extruded 
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INTERACTION BETWEEN SOLUTE MAGNESIUM ATOMS AND 
VACANCIES IN ALUMINIUM* 


C. PANSERI,+ F. GATTO? and T. FEDERIGHIt 


A study by resistivity measurements at 20°C has been carried out on the effects of small magnesium 


concentrations (to a magnesium of 1.68 per cent at. fr. Mg) on the annealing out of vacancies frozen-in 


by quenching aluminium wires (quenching medium: brine at 2°C). 
The following results are observed: (1) a concentration as small as about 0.13 per cent at. fr. of Mg 


atoms is sufficient nearly to suppress the annealing out of vacancies which is observed in pure aluminium 


at room temperature; (2) in the meantime we have an increase of resistivity of the sample which is 


sensitive to the quenching speed; (3) this increase is annealed out in isochronal annealing in the range 
80-120°C. These facts are easily interpreted if we assume, in agreement with a point of view advanced 
recently by Perryman in the case of the examination of other properties of Al—Mg alloys, that magnesium 


atoms in aluminium are able to trap vacancies at room temperature and that only at about 80—120°C 
vacancies can free themselves from traps. 


A preliminary study of the isothermal annealing out of vacancies in the presence of magnesium has 
shown that the phenomenon is complex and not well understood. 

Finally, some additional experiments on the isochronal recovery of resistivity of cold-worked Al-Mg 
alloys have shown that in the same range in which it is possible to observe the recovery after quenching, a 
larger recovery, the greater the magnesium content, is observed. This result is in agreement with the 
view of generation of vacancies by cold-working. 


INTERACTION ENTRE LACUNES ET ATOMES DE MAGNESIUM DISSOUS DANS 

L’ALUMINIUM 

Des mesures de résistivité ont été effectuées a4 20°C en vue d’étudier les effets de concentrations 

faibles de magnésium (jusqu’a 1,68) sur la restauration des lacunes gelées par trempe dans des fils 
d’aluminium (trempe dans la saumure a 2°C 


Les résultats suivants ont été obtenus; (1) une concentration aussi basse que 0,13%%, de 


»magnésium est 
suffisante pour supprimer presque complétement la 


restauration des lacunes qui est observée dans 


aluminium pur aux températures ordinaires; 


2) on observe une augmentation de résistivité dépendant 
de la vitesse de trempe; (3) cet accroissement se restaure par un traitement isochrone entre 80 et 120°C 


Ces observations peuvent s interpréter facilement si l’on suppose, en accord avec le point de vue de 
Perryman a propos d'autres propriétés des alliages Al-Mg, que les atomes de magnésium sont capables 
de bloquer des lacunes a la température ordinaire et qu’entre 80 et 120°C, ces lacunes se libérent de 
ne étude préliminaire de la restauration des lacunes en présence de magnésium a montré que le 
phenomene est complexe et encore mal compris. Enfin des expériences supplémentaires sur la restaura- 
tion de la résistivité d’alliages Al-Mg écrouis ont montré que dans certaines conditions la restauration 
d’autant plus grande que la teneur en magnésium est forte. Ce résultat est en accord avec l’idée de 
formation de lacunes par |’écrouissage. 


WECHSELWIRKUNG ZWISCHEN GELOSTEN MAGNESIUM-ATOMEN UND 
IN ALUMINIUM 


LEERSTELLEN 


Die Erholung eingefrorener Leerstellen in Aluminium in Gegenwart 


kleiner Magnesiumgehalte (bis 
1.68 at Vg 


wurde durch Widerstandsmessungen bei 20°C untersucht, mit folzenden Ergebnissen: 


1) Bereits 0,13 at.°,, Mg reichen aus, um das Ausheilen der Leerstellen, welches in reinem Aluminium 


Raumtemperatur auftritt, fast vollstandig zu unterdriicken. 
einen Widerstandsanstieg, 


bei (2) An Stelle dessen bekommt man 
der von der Abschreck-Geschwindigkeit abhangt. (3) Dieser Anstieg heilt 
isochronen Aufheizverfahren zwischen 80°—120°C aus. 


Diese Tatsachen lassen sich durch die Annahme deuten, die auch Perryman fiir andere Eigenschaften 


von Al~Mg—Legierungen gemacht hat, dass namlich Mg-Atome in Aluminium Leerstellen bei Raum- 


temperatur binden kénnen, und dass sich diese erst bei 80 


bis 120°C losreissen kénnen. 
Das isotherr 


1e Erholungsverhalten ist in Gegenwart von Magnesium sehr komplex und noch schlecht 
verstanden 

Schliesslich wurde noch die isochrone Erholung des Widerstandes kalt bearbeiteter Al-Mg—Legie- 
rungen untersucht, mit dem Ergebnis, dass im gleichen 


3ereich wie beim Abschrecken eine starke 
Erholung zu beobachten ist, welche mit 


wachsendem Magnesium-Gehalt zunimmt. Das ist mit 


der 
Vorstellung einer Leerstellenerzeugung bei Verformung im Einklang. 


* Received July 17, 1957. 
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It is currently assumed that vacancies can be 
introduced in metals in several ways, as quenching 
from high temperature, cold-working and _irradia- 
tion” and that eventually they can be trapped by 
impurity atoms.“~®) 

In the present paper, results obtained in a research 
carried out to confirm the existence of an interaction 
between vacancies and solute magnesium atoms in 
aluminium are reported. The existence of such inter- 
action was recently advanced by Perryman, »*) who 
reported that several properties of cold-worked Al-Mg 
alloys (on which we will come later into discussion) 
are easily explained by such assumption. 

In this 
introduced principally by 


research, excess of vacancies has been 
quenching and in some 
additional experiments by cold-working; the excess 
of vacancies has been evaluated by accurate resistivity 
measurements at room temperature. 

The possibility of quenching-in defects in aluminium 
was proved recently:'®!" since these quenched 
defects appear to be thermally generated and acti- 
vated, the interpretation in terms of vacancies (or 
groups of vacancies) appears to be the most straight- 
forward; in this paper such interpretation is accepted 
as a working hypothesis. 

Vacancies appear to conserve a great mobility in 
pure aluminium at room temperature, so to rapidly 
cluster or precipitate on grain boundaries or on 
dislocations, when an excess is produced.{®&-!) In 
preliminary experiments, however, it was found that the 
presence of some kind of solute atoms can slow down 
the rate of room-temperature recovery of resistivity 
in quenched aluminium, which is interpreted as due to 
the precipitation or clustering of vacancies. 

For this purpose, solute magnesium atoms seemed 
to be this fact 


ascribed to the existence of an interaction 


very efficient, and might again be 
between 
vacancies and solute magnesium atoms, in agreement 
with Perryman’s view: due to this interaction, 


vacancies could be trapped by solute magnesium 
atoms remaining in excess in respect to the equili- 
brium concentration. To support this view, however 
it was considered necessary to acquire some more 
experimental information. 
1. SECTIONS OF THE RESEARCH 

Measurements have been carried out on four Al-Mg 
alloys, marked A, B, C, D, prepared with aluminium 
99.995 per cent and pure magnesium; the composition 
(in atomic fraction) were: <A aluminium, 
B=0.13 per cent Mg, C = 0.42 per cent Mg and 
D = 1.68 per cent Mg: solubility of Mg in Al, at 


room temperature, was not surpassed. 


pure 
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Mg ATOMS AND VACANCIE IN Al 


resear h 
had 


shown that by quenching from high temperature it 


To understand the various stages of th 
it must be noted that the preliminary experiment 
iS possible to observe (a) a 


recovery ol 


resistivity 


after quenching, at room temperature; (b 


manent’ increase of resistivity, that is, an increase of 
resistivity with respect to the value before quence hing 


(this increase must be considered permanent only at 


room temperature). The research was divided, there 


fore, in several sections: 
(1) Study of room-temperature recovery and of th 
permanent increase of resistivity after quenching fron 
550°C; these experiments show clearly the trapping 
of vacancies by solute magnesium atoms 
(II) Study of recovery of the permanent increas¢ 
annealing at increasing 


of resistivity by tempera 


tures, after quenching from 550°C: these experiments 


show in what range of temperature (~S80—120°C 


vacancies can be set free from magnesium atoms and 
the equilibrium concentration re-established 

(LIT) Study of the effect of quenching speed from 
550°C on permanent increase of resistivity (this study 
was carried out on alloy C’ only) 

(IV) Study of 


manent 


isothermal recovery of the 


increase of resistivity at temperatures in thi 
range of 75 to 120°C, to know the rate of precipitation 
of vacancies (this study was carried out on alloy B 
only); 

(V) Study ol 


working, by 


recovery ol resistivity afte 


in (II) 


make clear the 


COL 


annealing (this study w 


carried out to interaction eT weel 


magnesium and vacancies generated in c 
L\ ot the 
hi 


performance of the experiments 


Since in Sections (1) 


res 


were always annealed 


that density of dislocation sl 
t] 


unchanged subsequently 
has been interpreted therefore 
centration of puntiform detects 

This may be considered 


corre 


and for alloy #B: in this last 


magnesium can be estimated 
prevent appreciable clustering 
itoms 


Kor 


phenomena 


bution of magnesium 


considered constant 
precipitation 
presence ol clustering canno 


2. EXPERIMENTAL PART 


Owing to the very small resistivity ariat 


these were always computed from resistance 
120 


tions of wire samples (6 1.56 mm, length 


with soldered contacts 


| 
ti 
cel 
+ i+ 
\ 
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To simplify manual operations, samples were 


wound as lamp spirals and supported by an insulating 


rod. Quenching operations were carried out by 


manual extraction of samples from furnace and by 


rapid immersion in the cooling medium (brine at 


about 2°C). 
(II) and (V) the annealing of samples 
in Section (LV) an 


In Sections 
was carried out in an air furnace; 
oil-bath was employed. 

All resistance 


20°C by a potentiometric system, using an oil-stirred 


measurements were carried out at 
hath to assure a constant temperature; a Wenner-type 
potentiometer was used. 

Normal precautions to eliminate parasitic thermal 
e.m.f. were taken: only, to study recovery after 
quenching at room temperature (Section (I)) due to 
the rapid variation of resistance, it was necessary to 
use a different procedure: resistance measurements 
were carried out rapidly, inverting each time the 
current direction and hence plotting two diagrams of 
resistance-time: true results have been computed from 
the mean value of the two diagrams: the results were 


satisfactorily reproducible. 


3. RECOVERY AT ROOM TEMPERATURE 
AFTER QUENCHING (SECTION I) 
20°C after 
The 
differences Ap, expressed for its small value in mu Qem, 
the 


Typic esults for the recovery at 


quenching from 550°C are reported in Fig. a 


has been computed by taking values of each 


sample | hr after quenching as reference value 


Op 


Fic. 1. Time variation of resistivity at 20°C after quenching 
Al and Al—Mg alloys. The reference value in 
is the value of each sample l hr after 


from 550°C for 
ordinate (zero value) 


quenching. 
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The relatively large resistivity variation which is 
observed in pure aluminium appears to be notably 
reduced by the presence of about 0.13 per cent at. Mg 
and practically suppressed by a higher concentration 
of Mg. 

If we assume that the absence of variation is really 
due to a trapping of vacancies operated by magnesium, 
we must expect a permanent increase of resistivity 
by quenching, that is an increase of resistivity in 
respect to the value before quenching. 

As a matter of fact, experience has pointed out that 
Such data 


have been reproducible well enough for aluminium and 


such increase exists as reported in Table 1. 


the first alloys, and less for the others (this fact is 


connected probably with a small variation of Mg 


content due to its preferential oxidation). 


TABLE 1. Permanent increase of 


resistivity at room temperature 


by quenching from 550°C 


Alloy 


my 42 em 


The reported permanent increases appear to be very 
interesting from two standpoints: 

(1) The permanent increase of Mg alloys, which is 
relatively large, is nearly independent from Mg con- 
centration; this fact shows that about 0-1 per cent at. 
fr. Mg is sufficient to trap nearly all the vacancies, in 
agreement with the very small variation of resistivity 
observed after quenching (Fig. 1):* 

(2) A small permanent increase appears to exist for 
pure aluminium also: we shall return to this fact in 


the following paragraph. 


4. ANNEALING AFTER QUENCHING 
(SECTION II) 

Keeping in mind the preceding considerations, we 
may expect that by annealing the quenched samples 
of Al-Mg alloys at increasing temperature, the per- 
manent increase of resistivity due to the quenching 


action can be reduced. 


* It is easy to note that the 
in presence of Mg 
than the observable recovery reported for pure Al (Fig. 1) 
at 20°C; this is not a contradiction, because by the adopted 


observed permanent increase 


(~10-11 maw @ em) is much higher 


technique the first measurement has been carried out only 40 
sec after quenching, and so we have had a noticeable recovery. 
Our air-liquid quenched 
aluminium (to be published) have shown that the increase of 
resistivity by quenching from 550°C, is about 10-11 my Q em, 
hence of the expected value, in agreement with the given 
interpretation. 


subsequent measurements on 


at. fr. 
0 8 
ee B 0.13 ~10.0 
( 0.42 ~10.5 
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0.13 %mg at. 


a 


_1.68%rng at. 0.42%mg at. 


4p 


Fig. 2. (a): resistivity variation at 20°C of quent 

temperatures. The reference value in ordinate is t 

(b): as above, for cold-worked samples (70 per 
is the value of each sample tw 


Typical results are reported in Fig. 2(a). As a the quenched \ 
matter of fact in presence of magnesium, a sensible the magnitude 
recovery appears to exist in a range of temperatures as the difference bet 
between 80 and 120°C; the magnitude of the recovery quenching and the 
is of the same order as the permanent increase observed —annea 
at room temperature by quenching, in full agreement 240 °( 
with the proposed interpretation of trapping of 
vacancies: in pure aluminium, vacancies can rapidly 
precipitate at room temperature; in the presence of Such procedure 
magnesium, vacancies are trapped at room tempera- following 
ture, so we observe no recovery of resistivity; such 
a recovery is, however, observed at higher tempera 5. EFFECT OF QUENCHING SPEED 
tures, when vacancies are set free from magnesium (SECTION III) 
atoms, or when solute-vacancy couples have acquired We must expect the pi 
a greater mobility to precipitate on dislocations or on _ tivity by quenching in pres 
grain- boundaries. sensitive to quenching speed 

The small permanent increase of resistivity of pure the number of trapped iad 
aluminium (Table 1) is partially reduced by annealing Experiments have been 
in a range from 150—-170°C; no recovery is observed und - sults are 
in this range in presence of magnesium: therefore _ 
this phenomenon must be considered peculiar of the ifn escitinnle 
on pure aluminiur 


recovery of vacancies in pure aluminium and _ its 


to le quenching 

analysis will be done in an appropriate paper. * which takes place 
second at abo 

is not opserved 


1 hr at about 200°C is sufficient for recovery of all annealing out of cl 


It is interesting to note in Fig. 2 that annealing of 
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700 
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min 
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Fic. 3. Isothermal annealing of alloy B after quenching from 550°C (pg, p, and pp are, respectively, 


tne 


resistivity of the sample after quenching, after time ¢ at the annealing temperature, and 


after a final annealing of } hr at 240°C). 


The effect of quenching speed is very evident, 
air-cooling or furnace-cooling giving no trapping of 
vacancies: on the contrary, brine-quenching appears 
to trap probably all the vacancies, as no increase is 
obtained in respect to the quenching in water at 17°C. 
Intermediate results are obtained by less drastic 
quenching. 

It is interesting to note, however, that quenching in 
water at 50°C appears to be as effective as quenching 
in brine, in trapping nearly all vacancies. This fact 
can be related to the reduced mobility of vacancies in 
Al—-Mg alloys due to interacting action of magnesium 
toms; it is probable that when the temperature of the 
sample is reduced to about 100 C during the quenching 
action, all vacancies are trapped by magnesium as 
The meaning of this 


able to 


shown in the preceding sections. 


that all quenching media that are 


act 18 


reduce the temperature of the sample to about 100°C 


from 550°C 
of alloy ¢ 


of cooling media 


f resistivity at 20°¢ 


medium my em 


at 


Furnace 


in about the same time are nearly equally effective in 
trapping vacancies. 

The possibility of trapping all vacancies by a 
sufficient concentration of magnesium suggests a new 
method for studying the energy of formation of 
vacancies in aluminium by quenching from various 
temperatures, viz. it should be possible to substitute 
the freezing action of low temperatures (to immobilize 
vacancies) by the trapping action of magnesium. 
In this way it should be possible to conduct measure- 


ments at room temperature. 


6. ISOTHERMAL ANNEALING AFTER 
QUENCHING (SECTION IV) 


Results of isothermal annealing at several tem- 


peratures of alloys B, after quenching from 550°C, 


the 


are reported in Fig. 3. To various 
PR) 


Pa and Pp are respectively the 


normalize 
curves, results have been expressed by (p, 
(Po PR) where Pe: 
resistivity of the sample at time ¢, after quenching, 
and after a final annealing at 240°C. 

The curves appear to be very complex: they are 
not exponential, and an attempt to prove that they 
given negative 
the 


curves observed in quenched pure aluminium, which 


were curves of some order n has 


results; they are not therefore like recovery 


we have found to be approximately of order two. 


Similarly, they are not curves of strain-ageing type. 
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Cll, 
Brine at 3°( 10.5 
Water at 17°¢ 10.5 
Water 9.0 
Qil at 2S~( 29 
Air-jet 0.2 
Still au 0 
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Besides, it was impossible to deduce an activation 
energy computing, as usual, the time necessary for a 
given variation, because in the usual diagram log f 
vs. 1/7' a straight line is not obtained.* 

The conclusion therefore is that the return towards 
the equilibrium concentration of vacancies in the 
presence of magnesium is not a simple phenomenon, 
and for its correct interpretation other experimental 


results are perhaps necessary. 


7. ANNEALING AFTER COLD-WORKING 
(SECTION V) 

It is currently assumed that vacancies can be 
introduced in metals by cold-working; it has seemed 
interesting therefore to know if it was possible to 
demonstrate, by annealing after cold-working, a 
recovery of resistivity in the same range as observed 
after quenching, which takes place at temperatures low 
to the 


resistivity due to recrystallization. 


enough be distinguished from decrease of 


\ 


dp,mp2cm 
oO 


35 


40 


1-0 
mg% ct. 


Fic. 4. Some results of 
(I) and (II) 
difference and is the 
(IV) refers to quenched samples. 

(LV) should be due to vacancies. 


Fig. 2 reported versus Mg content 
(II1) is then 
recrystallization; 


(I) and 


samples; 
due to 
The decrements of 


refer to cold-worked 


decrement 


Measurements have been carried out on samples 


cold-worked 70 per cent R.A. by drawing: the 
annealing procedure has been kept similar to that 
used after quenching and was carried out about two 


months after the cold-working. 


* However values in the range between 1.5—2.3 eV could be 


extimed; these appear to be very large to be considered 


physically significant. 
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Mg ATOMS AND VACANCIES IN 


Typical results are reported in Fig. 2(b). It is 
possible to observe, as distinct from the decrease at 
about 270°C due to recrystallization, a recovery in 
the range from about 80 to 130°C, whose magnitude 
with magnesium content 


4 the decrement Ap evaluated at 


increases 

In Fig. 
(by the data of Fig. 2) 
with the total 


is reported in function of Mg 
content, together variation evaluated 
Stal 

Mg 
content, the Ap observed in recovery is strongly and 
the 


at 360°C and with the variation due only to reer) 
lization; while the last is scarcely dependent on 


linearly dependent on Mg content. Since range 
of temperature of the recovery is in enough 


the 


igreement 
with that observed after quenching hypothesis 


of introduction of vacancies by cold-working and 


their trapping by magnesium atoms appears very 
plausible. 

The proportionality ot Apat 240° Cto the magnesium 
content, and hence the absence of a saturation effect, 
suggest that the number of vacancies generated during 
a constant deformation is proportional to Mg content 
this however, it should be 


to accept deduction, 


confirmed by experiments performed at lower 


temperatures. 


8. DISCUSSION 


The interpretation given to the reported results 
can be summarized as follows 
introduced in aluminium and 


{a} Vacancies can be 


aluminium—magnesium alloys by quenching or cold 
working 

(b) At room temperature, mobility 
pure aluminium is very noticeable, s« 
to cluster or precipitate very quickly 

(c) In presence of magnesium they can 
and remain in excess 

(d) The equilibrium concentration ca 


by annealing at about 


from their tra 


prec 


vacancies can be set free 


(magneslium-Vacancy) and Cal 


tions or grain boundaries 


Isel\ 


This picture explains con 
the reported results 


the same view, Perryman 


In support ot 


reported other independent roors which n 


summarized as follows 
(1) The precipitation of Mo in supersaturated \| M« 
alloys at 100°C is much quicker if the sample has been 


cold-worked (the trapped vacancies, generated by 
cold-working, increase the speed of diffusio1 
(2) At room temperature, the presence of magnesium 


increases the recovery of cold-worked aluminium (duc 


7 
5 | | | 
Sipe | 
240°C | 
+ 
30] 
| 360°C | 
| | | 
pee ipitate on 
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to the vacancies which can speed the climb of dis- 
locations); on the contrary, at higher temperatures 
(~200°C) the presence of magnesium, which now is free 


from vacancies, slows down the creep of aluminium. 


(3) The density of a cold-worked Al—-Mg (2.9 per 


cent wt. Mg) is increased by annealing, which is in 
agreement 
vacancies: 
(4) The recovery of resistivity by annealing for a 
given deformation is larger, the larger the magnesium 
contents: we also have had occasion to verify this 
point (Fig. 4), and our results are in good agreement 
with Perryman’s. 
facts 
the 
and 


the 


In conclusion, we have a great number of 


which can be easily explained by assuming 


vacancies 
that 


existence of an interaction between 


therefore. 


hold, 


hypothesis of the existence of vacancies and of their 


solute atoms: we may 
interaction with solute magnesium appears strongly 
confirmed. 

We have attempted also to look for other inter- 
pretations of the reported results, but at present with 
negative results: for example, one could try to explain 
the increase of resistivity by quenching, observed in 
the Al—Mg alloys, by a dispersion of Mg atoms in 
solution and the subsequent decrease in annealing by 
strain-ageing (assuming that the contribution of Mg 
is lower if atoms are on dislocation). 
this 


to resistivity 
Although 
could exist, 
of C and N in Fe, ' 


preponderant in this case. as is shown by the fact that 


such a small contribution of kind 
similar to that observed in strain-ageing 


13) it is improbable that it might be 


the increase of resistivity at room temperature due to 
the quenching Al—Mg alloys is of the same order of 


that observed in pure aluminium at liquid—air 


temperature. * 

We call attention to the fact that from the preceding 
results it is only possible to deduce that, in presence 

magnesium, vacancies are trapped in excess at 
room te mperature; the precise way this happens can 
be only object of conjecture and the formation of 
magnesium-y\ icancy couples can be accepted only asa 
tentative mechanism. 

However, the nature of the interaction between 
magnesium and vacancies would probably be princi- 
pally elastic in origin. due to the larger radius of 
magne slum atoms. 

Unfortunately, from the present results it is not 
possible to deduce the value of the interaction energy, 
the lack of a correct interpretation of the 


due to 


» 


results of Fig. 3. 
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9. CONCLUSIONS 

If we accept the assumption that the quenching 
defects observable in pure aluminium are vacancies 
(or divacancies), the reported results, together with 
those reported by Perryman on cold-worked Al—Mg 
alloys, show the existence of an appreciable interaction 
between vacancies and solute magnesium atoms in 
aluminium. 

This is deduced principally from the following facts: 

(1) No appreciable recovery of resistivity is observed 
at room temperature after quenching in presence of 
a sufficient concentration of Mg (this is observed in 
pure aluminium): 

(2) A 


observed by quenching, in presence of magnesium: 


relatively large increase of resistivity is 

(3) A recovery of the same order of such increase is 
observed by annealing (after quenching) at about LOO’C; 

(4) In the same range of temperature, within which 
it is possible to observe the recovery after quenching, a 
larger recovery after cold-working is observed, the 
greater the magnesium content. 
Note added in proof 

Just after the present paper was sent for publi- 
cation, the attention of the Authors was drawn to 
quite recent results of Westwood and Broom (Acta 
Met. 5, 249 (1957)) on the strain ageing of pure Al-Mg 
alloys. Their results show clearly that in these alloys 
vacancies, of Mg atoms 


a movement, increased by 


takes place at about room temperature. We can 
deduce, therefore, that an interpretation of our results 
in terms of a simple trapping action of vacancies by 
Mg atoms, forming motionless couples, would pro- 
bably be incorrect. Instead, we might think that 
vacancies reach dislocations with Mg atoms at room 
temperature, but they can only be absorbed (in some 
complex way) at about 100°C, at which temperature 
It might be that 


this fact could be explained if Mg atoms occupy jogs 


we find the decrease of resistivity. 


on dislocations and thereby hamper climbing. 
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FACTORS AFFECTING THE ALPHA-BETA PHASE BOUNDARIES OF 
ZIRCONIUM AND TITANIUM ALLOYS* 


J. O. BETTERTON, Jr. and J. H. FRYE, Jr. 


The variation of the phase boundaries, arising from the allotropic transiti 
titanium, can be reduced to an approximate common behavior in terms of ele« 
metallic valency of 2 is used for zirconium and titanium, and if allowance is mad 
to unequal sizes of atoms. Thermodynamic relations are given for these phase 
certain approximations permit the boundaries to be used to derive the relative 


two phases with alloy composition. 


LES FACTEURS AFFECTANT LES LIMITES DES PHASES ALPHA-BETA 
ALLIAGES DE ZIRCONIUM ET DE TITANIUM 
Les variations des limites des phases résultant de la transformation allotropique de zire« 
titanium, peuvent étre interprétées au moyen de la concentration électronique si 
valence métallique du zirconium et du titanium est de deux et si l’on tient compte des effet 
dus aux dimensions inégales des atomes. Les auteurs donnent, pour ces limites des phases 
thermodynamiques qui permettent d’évaluer, moyennant certaines approximations 


relatives d’énergie dans les deux phases en fonction de la composition de lalliage 


EINFLUSSE AUF DIE ALPHA-BETA-PHASENGRENZEN IN ZIRKON 
TITAN-LEGIERUNGEN 
Die Verschiedenheiten der von der allotropen Umwandlung in Zirkon und Titan ausgehenden 


Phasengrenzen kénnen nahezu auf ein gemeinsames Verhalten der Legierungen zuriickgefiihrt werde 

wenn man als massgebenden Parameter die Elektronenkonzentration betrachtet, fiir Zirkon und Titan 
als metallische Valenz 2 ansetzt und die Energiebeitrage, die von Unterschieden in den Atomradier 
herriihren, beriicksichtigt. Fiir die Phasengrenzen werden thermodynamische Beziehung 

die es erméglichen, unter gewissen Vereinfachungen aus der Lage der Phasengré 

Anderung der Energien beider Phasen mit der Legierungszusammensetzung abzuleiten 


INTRODUCTION ot experiments which have been done at Oak Ridg 


Zirconium and titanium are elements of group © Zirconium alloys with silver, indium 


IVA in the Periodic Table with two s and two dq = antimony.” 
systems show that the «// boundaries 


Examination of the various 


valency electrons in the free atom, and near the 


beginning of the transition elements of the first and characteristic manner with the position of 


second Long Periods. The low- and high-temperature in the Periodic Table. Thus, when zi 
forms of these metals, designated as alpha and alloyed with transition elements to the rig] 


beta, have close-packed hexagonal and body-centered Periodic Table and with elements 
the «/f boundaries are depressed 


solute is from group IIIB, IVB 


boundaries are raised. Th 


cubic crystal structures respectively. The phase 
boundaries between these phases will be called the 


z/? boundaries. An uncertainty in these metals is 
their metallic valency, and a study of their phase rule, the nature of wh 
boundaries is of interest since it is sometimes possible for three zirconiun 


in this way to deduce the effective valency of a Since titanium and zirco 


transition element. In the present discussion, solutes 


group in the Periodic ‘I 


of the type: silver, cadmium, indium, tin, and ©!f titanium 


antimony will be assumed to have the conventional 7!conlum 


valencies 1, 2, 3, 4, and 5. phase diagrams 
of the anomalous 


The experimental «/f boundaries of binary zil 


conium systems have been investigated in some general behavior 


detail, and this work has been compiled by Lustman the titanium systems 
coppel on the 
in Fig. | 


boundaries to the val 


and Kerze.“) This compilation includes the results 


* Received April 29, 1957; in revised form June 17, 1957 
Oak Ridge National Laboratory, Oak Ridge, Tennes ; solute on the Periodi 


operated for the U.S. Atomic Energy Commission b be 
Union Carbide Corp. group \ solvents 
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sition of the phase boundaries between the allotropic forms of zirconium, titanium 
and cobalt with solutes of different valency. 


cobalt.© As 


an example of the effects in these elements, the data 


other elements such as iron‘) and 


of Koster’ showing the effect of copper, gallium, 


and arsenic on the « boundaries of cobalt have 


been plotted in Fig. 1. 

Because of the special conditions which govern 
the free energy ol metallic phases, the phase boun- 
found to be functions of electron 


daries are often 


concentration. If this is true in the present case, 
the opposite effects of the univalent and trivalent 
solutes on the temperatures of the allotropic transitions 
of zirconium and titanium suggest that these elements 
The hypothesis 


re divalent in the metallic state.* 


can be tested by assuming the divalency and plotting 


the positions of the (« B) regions of the known 


zirconium systems as a function of electron con- 


The 


are shown in Fig. 2. In this graph the hori- 


centration. results for various B sub-group 


solutes 


zontal bars represent the experimental 


495 
FI ECTRON CONCCNTRATIOR 
4 


J 


ie variation of the temperature of the a/f phase 


Fic. 2. T 

boundaries in zirconium systems with electron concentration. 

electron concentration limits 

which the constitution is (« fp) at the particular 

indicated. The numbers represent atomic size 
factors. 


The horizontal bars represent 
within 
tempe rature 


* It is highly that four electrons occupy over- 
lapping d and s bands in solid zirconium and titanium, but 
it may be that only two of these are important in the present 


probable 


phenomenon. This will be discussed later 


width of 


the (« + #) region at some particular temperature 


selected from the phase diagram. For simplicity 
only one temperature is shown, usually near the 
temperature of the eutectoid or peritectoid reaction. 
Although the agreement of these zirconium systems 
with a common linear relationship is fairly approxi- 
mate, an important effect of electron concentration 
is indicated. 

When the positions of the (« fp) regions of the 


known titanium alloy systems”) with B sub-group 


elements are plotted in the same way, as indicated 
in Fig. 3, the same behavior is found for only part of 
these systems, and it is apparent that an additional 
factor is affecting these phase diagrams. In common 
have been made in other 


with observations which 


7) a size-factor effect is often present 
For this 


reason the atomic size factors have been shown on 


alloys studies, ' 
which obscures the valency relationship. 
these figures for each alloy system. These numbers 
are based on the percentage difference in minimum 
interatomic distances in the pure elements concerned 
except for the solutes aluminum, indium, tin, and 


lead. 


irregular in their pure element form, and the approxi- 


The sizes of these elements are thought to be 
mate atomic diameters, obtained by Vegard’s Law 
extrapolation of the lattice spacings of dilute alloys in 
which these elements were solutes,'’:9!% have been 
used for the present purpose. 

In both Figs. 2 and 3 the larger size factors tend 
to depress the phase boundaries below the straight 
line, representing a linear dependence upon electron 
concentration. This result may be understood, because 
the body-centered cubic beta phase is less densely 
has lower coordination number, and, at 
the 
of smaller magnitude than the hexagonal, alpha 
Thus, and 3 


the second important effect appears to be that of 


packed, 


least in case of zirconium, has elastic moduli 


phase. from examination of Figs. 2 
size factor, and if this is accepted, the previously 
anomalous behavior of Si, Sn and Pb in titanium can 


be explained in this way. On the other hand, if the 
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Fic. 3. The variation of the temperature of the «// phase 
boundaries in titanium systems with electron concentration 
The horizontal bars represent electron concentration limits 
within which the constitution is («% 


temperature indicated. 


at the particular 
The numbers represent 


factors. 


atomic size 


closest distances in the elements are used throughout 
in evaluating size factors, the size relationship is 
not importantly altered except for Ti-Sn, which 
remains anomalous in this case. 

For a full understanding of the phase-boundaries 
it would be desirable to express concentration in 
terms not alone of temperature but also of the energies. 
entropies, and specific heats involved. Data are not 
now available which would permit this to be done 
in detail and the calculation of such quantities cannot 
be carried out with sufficient accuracy to be useful. 
It is possible, however, to derive general equations 
for concentration as a function of energy, entropy, 
specific heat, and temperature. Such equations are 
two First, they serve as guide in 


Second 


helpful in 


ways. 


discussing the «/$ boundaries. and more 


they 


which must be performed if a fuller understanding 


important, indicate additional experiments 


of these boundaries is to be obtained. 


THERMODYNAMIC EXPRESSION OF THE 
PHASE BOUNDARIES 

When two terminal alloy phases are present in a 

binary phase diagram as a result of an allotropic 

transition in the solvent metal, it can then be shown 

from the usual conditions for equilibrium and_ the 

following equation * for the free energ) of an alloy 


phase, 


kT (x, nx, + (1 


r,/In (1 


* The discussion will be essentially unaltered if the Gibbs 
free energy and a constant pressure 18 assumed 
instead of the Helmholtz free energy and a system of constant 
this case, H, E, PV, is substituted for 


system ol 


volume. In 
E, and C,, for C,- 


ALPHA 


BETA PHASE BOl 


that the compositions 


and are given byt 


when 


In the above. f(C’. 7’) is convenient notation for the 


1 
CO(dT/T). 


and #, are the 


energies 


integral dT’ 


of the alpha and beta phases, respectively. C, and 


( are the specific heats at constant volume A 


latent heat of the pure solvent transition at 


The 


respect to 2a or 2 The 


is the 
the 
differentiation 


temperature 7’ dot symbol indicates 


with 


supe 


script 0 indicates pure solvent, the subscript 0 


dicates O-K. The symbol A indicates difference in th 


sense and E, 


beta minus alpha 


refer to E E,. and fi(¢ 


0 0 
tively 


Thus with the approximations 


and ideal mixing entropy in 


boundaries can be ileculated fre 


effects of various solute element 


absolute zero ol tempel ture 


heats For thi present some 


mations are desirable. The 


Is th it k 


0 


and ( of each pha 


sition in tne 


that # 


dilute 


and vanish 


For values 


the term 


expected on the hasis of extra 


heat measurements in thi 


ylidus and 11quldaus 
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kl 
<inplest appr 
Phe exponent th 
| of 7’ not too greatly different f ] 
— | + AC°dT/T woul 
pure solvent. to b 
the bound of alle 
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ving of the alpha 
and } 


and In—Zr systems. 


latent heat term. JL then 
1)/k7. The other 


becomes approximately / 
N dep nds upon both the rates of change 


xpone nt 


ot the re lative energy at absolute ZeTOo of temperature 


ind the relative specific heats of the two alloy phases 


Following Jones.) 


with respect to composition. 


the approximation is made that the effect of alloying 
the specific heats is smaller than the effect upon 
energy at absolute Thus AC is neglected 


N is given approximately by A E,)/kT. 


the ZCTO. 


ryt 


Since every term is now known except AE, the 


experimental boundaries of an alloy system at various 


temperatures may be used to solve the equation (1) 


NE,. This has 


boundaries of 


the a/(« P) 
Zr and In—-Zr 
Fig. 4. The 


relative change in energy is reasonably constant in 


for 
the Ag 


are shown in 


been done 


and 
the results 


systems, and 


temperature, and 
hence with solute composition, the 


boundaries of In—Zr and the + 


magnitude with variations in 


for a/(a + p) 


and 


boundary of Ag—Zr. 


tGICA, 


For the «/(« 6) boundary of 
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Ag-Zr and for temperatures near 7’, in both systems, 
the results are variable and of different magnitudes. 
The latter regions, however, are those most strongly 
affected by minor impurities in the alloys.” Esti- 
mates of the size of these impurity effects indicate 
that they are sufficient to explain these deviations 
of the relative energy changes. Thus a necessary 
0 


the approximation 


is observed in the reasonably constant 


A E,. 


condition for Ox 


values 


FOR DERIVING 
THE ALLOY 


APPROXIMATE METHODS 
ENERGY PARAMETERS FROM 
SYSTEMS 
In view of the above, a more approximate procedure 
will be adopted for further comparison of the different 
alloy systems. The first few terms of a series expan- 
sion of the exponentials in expressions (1) are sub- 
value, 


stituted in these expressions, and a mean 


of the phase boundary composition, x, and 2g, 
derived. 
AS ,°(T 
AE, 


(2) 


This relation may also be expressed in terms of the 
the 


other composition variable 1, electron con- 


centration. 
AS 

A"E, 
Here AS,”, or 2,°/T.., is the entropy change during the 
transition in the pure solvent, A"£, is the difference 
E,,). The the 
electron concentration and the mole fraction solute is 
given by n n® a(An). where An is the difference 
For the 


relationship between 


in valency of the solute and the solvent. 
range of I and N usually encountered, the accuracy 
of these relations, relative to expression (1), is within 
5 per cent. 


In terms of the earlier assumption that Hy, and 


vanish, the quantity A”, will be constant with 
If in addition 


Ey 
respect to variations in composition. 
A"E, has the same value in different alloy systems, 
the relation (3) results in a common linear behavior 
between the mean electron concentration of the phase 
boundaries and temperature, such as was suggested 
earlier by the straight lines on Figs. 2 and 3. 
Equation (2) may now be used to derive approxi- 
mate values of A’E, for each system, using the phase 
boundary data at the particular temperature shown 
in Figs. The for both 


zirconium and titanium alloys in Table 1. If these 


2 and 3. results are given 
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AE, values derived from «/f phase boundaries 


An A’E, 


49 0.075 
0.134 


0.019 
0.050 
0.084 
0.033 0.024 
0.049 
0.022 


0.039 


0.060 
0.085 


0.014 
0.032 
0.065 
0.067 


0.073 
transitions in 


atom 


respectively. 


The entropy values used above for the 
pure zirconium and titanium were 3.49] LO 
deg. and 3.541 10-5 eV/atom 


values of A’, are now regarded as linearly dependent 
upon the valency difference and the size factor, the 
data can be fitted by least-squares to a linear combi- 
nation of the type 
AE, 


where S represents the square of the size factors, for 


K, An 


K 


reasons which will be explained below. The constants 
obtained for the zirconium alloys were K, 0.033 
eV/electron and K, 3.0 10-4 eV 
for the titanium alloys k, 0.033 eV/electron and 
K, 1.4 10-4 eV/atom. The similarity of these 


numbers for the zirconium and titanium systems was 
both 


atom, and 


encouraging, since zirconium and _ titanium 


would be expected to behave similarily and both 
were combined to obtain the 
(K,) and 3.9 l0O-* (K,) to an 


accuracy of about 10 per cent. 


sets of data 
0.031 


average 


values 


CALCULATION OF PHASE BOUNDARIES 


FROM AVERAGE PARAMETERS 
The agreement of a particular zirconium or titanium 
system with these two average constants is by no 
means perfect, and other complicating factors are 
undoubtedly present which have not been discussed 
illustrate the degree of 


However, in order to 


agreement, under the earlier approximations that 


E 


“0x 


Ey if p 


recalculate 


and AC all vanish, equation (1) has been 
the pb 
This 


in order to see how 


used to phase boundaries fol 
also. of 


the 


boundaries and the distance between them 


some typical systems. calculation is 


interest well the nature of 
derived 
correspond to experiment. 

The 
the 


These results are illustrated in Fig. 5. 


agree- 
reas mably sat isfactory for 


Zr—Sn 


ment is 


Zr—Cu 


systems 


and and to a lesser extent for the 


ALPHA 


BETA PHASE BOUNDARIES 
systems Ti-Ag, Ti—Al, Zr—In, and Zr—Pb 
Au, and Zr—Ag 


solubility by 


systems, Ti-Cu, Ti all show 


calculation than 


alpha-solid 


experiment. This may be related to a pronounced 


effect of transition element impurities on the alpha 


phase solid solubility (2,1 


The effects of transition element solutes hav: 


omitted in the previous discussion because their 


valency as solutes is likely to be variable in different 


alloys. However, since important impurity 


arise from these elements, the boundaries hav: 


calculated for the case of Zr—Fe 
that 


under the 


ssumpti 


iron acts with a valency of zero in this systen 


Unusually low solid solubility of iron in alpha 


conium in this way appears to be consistent with tl 


valency and a large size factor 


The system Z1 


would be 


Ti is also of interest 


since no \ 
this system 


appt al 


strain 


change expected in 


the variation of the 4/> boundaries 


quite well reproduced by the relativ 


energy 


term alone. 


DISCUSSION OF THE ENERGY PARAMETERS 
AND THE DIVALENCY OF GROUP IVA 
ELEMENTS 


In the above the square ot the size tactor 


so that the constant obtained would « 


orrespol 
rough estimate of the relative sti 
of the formula, WV 

the 


due to the 


un-energy b 


strain-energy in 


insertion 


in a single spheri 


centage differences 


formula becomes 


In the present case the approxin 


solute atoms act as if 


rigidity modulus in bot! 
estimated fron measurements 


Koster.“ The result 


10-4(100 r/r,))= e\ 


0 


derived from the experi 


the correct sense und 


improved estimate would 


could be made for 


energies in the vicinity of 

The 
of the 
(o On) E, 


A E, K, An fol 


transforming the 


other constant K, 


phase boundaries 


E This can 


compositional variable 


concentration. More experimental work is requi 


oreatel 
An S NE, 
| 
Zr—Cu 13 
Zr-Ti 0 71 
Zr—Al 1 12] 
Zr—Pb 2 46 Ti-Sn 2 144 
Ti-Si 2 303 ee 
Ti-Pb 2 272 
Zr-Sb +3 42 
10] ed 
Sar, 2Glo 11100 
oltained A 
i T \ ) 
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TITANIUM SYSTEMS 


ZIRCONIUM SYSTEMS 


AT 
AT 


TEMPER 


SOLUT 


to assign a definite interpretation to this parameter, 
but for the present its meaning might be understood 
by assuming that the only energy term which changes 


differently in the two phases during alloying is the 
e dn. where € 
0 


represents the electron energy. If the valency band 


energy ol the valency electrons 


is assumed rigid in alloying for small changes in 


0 


expanded as a Taylor’s series. 


2N(e). 


Thus to a first approximation, neglecting the second 


U0 


(o On) 


and higher powered terms, (oO On)\(E, ) € 


E..) A°E 2 


0.03 eV/atom in the Fermi surfaces of the two phases, 


and 


), then the energy of the alloy phase can be 


difference of 


O 


COMPOSITION (at.%) 


5. Comparison of experimental «// boundaries (solid lines) with calculated results (broken lines), 


the lower-temperature allotrope having the lower 


Fermi surface, would thus be sufficient to account 
for the numeral value of this constant. 


The 


x/( phase boundaries is the valency of 2 for zirconium 


most interesting result obtained from the 
and titanium. Theoretical calculations of the energy 
states in titanium and zirconium have not been made 
in sufficient detail to permit an explanation to be 
made. However, in many discussions of transition 
elements the electrons are regarded as occupying 
two separate distributions, one an s-type band, and 
the other a d-type band. One characteristic of the 
d-type band is that it is more tightly bound to the 
atom, and if in the present case of alloying zirconium 
is assumed not to 
of the 


then it is easily shown that successive removal of 


or titanium the d electron band 


extend into the atomic cells solute atoms. 
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zirconium and titanium atoms during alloying could 


remove four electrons and one d state, resulting in an 


effective valency of 2 as far as movements of the 


Fermi surface are concerned. 
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THE ANOMALOUS THERMAL EXPANSION OF SOME RARE EARTH METALS* 


B. S. CHANDRASEKHAR* 


The thermal expansion anomalies in 


with Zener’s views on the exchange interaction between unfilled electron shells. 


gadolinium, terbium, 


and dysprosium are shown to be consistent 


The spin alignment iz 


antiferromagnetic dysprosium is inferred. The possibility of extending the model to the actinide elements 


is suggested. 


LA DILATATION THERMIQUE ANORMAI 


DE QUELQUES METAUX DES TERRES 


RARES 


L’auteur montre que les anomalies de dilatation thermique du gadolinium, du terbium et du dyspros- 


ium sont en accord avec les conceptions de Zener sur l’interaction d’échange entre des couches électroni- 


ques non saturées. On en déduit 


l'alignement des spins dans le 


dysprosium antiferromagnétique. 


Enfin, auteur envisage la possibilité d’étendre le modéle aux éléments actinides. 


DIE ANOMALE THERMISCHE 


Es wird gezeigt, dass die Anomalien der thermischen 


AUSDEHNUNG 


EINIGER SELTENER ERDMETALLE 


\usdehnung in Gadolinium und Dysprosium 


mit Zeners Auffassung iiber die Austausch-Wechselwirkung zwischen unaufgefiillten Elektronenschalen 


Im Einklang sind. 


Moglichkeit einer 


\usdehnung des Modells auf die 


Die Spinausrichtung in antiferromagnetischem Dysprosium wird abgeleitet. 


Ac 


Die 
‘tiniden wird diskutiert. 


1. INTRODUCTION 


Recently there have been two interesting papers, 
different discussing anomalous 


Zener," 


of these. has considered the anomalies which usually 


based on models, 


thermal expansion in metals. in the first 
appear in the region of the transition points in 


ferromagnetic and antiferromagnetic metals, using 
the localized shell model,” and explained in particular 
the low thermal expansion of “‘Invar” and the high 
expansion of certain copper—manganese alloys. The 
other paper is by Varley, who applies a collective 
electron model to calculate the electronic contribution 
to the thermal expansion. This electronic term could 
be large and negative under certain very special 
conditions, and Varley suggests that these conditions 
hold for 6-plutonium, which has a negative volume 
4) In this shall 


show that Zener’s model provides a simple explanation 


coefficient of expansion. ' paper, we 


of recently 


some rare-earth metals. 


THE THERMAL EXPANSION OF 
GADOLINIUM, TERBIUM, 
AND DYSPROSIUM 


These metals show interesting magnetic and thermal 
We 
Zener’s approach 


characteristics at low 


this 


expansion 
shall 


provides a qualitative explanation of the observed 


temperatures. 


show in section how 


thermal expansion anomalies. His basic postulate 


16, 1957. 


arch 


veceived August 
Westinghouse Rese 
Pennsylvania, U.S.A. 
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is that the exchange interaction between the unfilled 
shells of two atoms is repulsive if they have parallel 
spins, and attractive if they have antiparallel spins. 

Both 
have unfilled 4f and 5d shells, and they are both 


(a) Gadolinium and terbium. these metals 
ferromagnetic at low temperatures, the Curie points 
being 289°K for gadolinium and 233°K for terbium.'® 
The ferromagnetism can be attributed mainly to the 
4f electrons. Bozorth™ 
diameter to 4f shell diameter as 3.1 for gadolinium 


gives the ratio of atomic 


(the value for terbium is unlikely to be much different), 
compared to values less than 2 for the ferromagnetic 
metals in the first transition group. Thus, these two 
metals should lie well to the right of the maximum 
of the Heisenberg—Bethe interaction curve, and one 
can show by a simple thermodynamic argument that 


go through small 


the thermal expansion should a 


maximum near the Curie point. But experiments‘® 


show 


that. in fact. the expansion coefficients of 


gadolinium and terbium go through pronounced 


minima, even assuming negative values, near their 
respective Curie points. This is precisely the behavior 
to be expected on Zener’s model, since the loss of 
ferromagnetism on heating through the Curie point 
implies a decrease in the number of nearest neighbors 
with parallel spins (and therefore repulsive interaction), 
and hence the total crystal volume should decrease. 
While it is true that the overlap between adjacent 4/ 
shells in these metals is likely to be small, there may 
be some electrons in 5d states in the metal, and the 


spins (~7 for gadolinium, and presumably a similar 


| 


CHANDRASEKHAR: 


the direct 


enough to 


that 


large 


number for terbium) are large, so 
exchange interaction could well be 
make the above mechanism possible. 
This unfilled 4/ 


It has been shown by Elliott, Legvold 


(b) Dysprosium. metal also has 
and 5d shells. 
and Spedding" to have a ferromagnetic Curie point 
92°K, 


magnetic transformation at 


antiferromagnetic 
176°K. 


at about and an > para- 


about Further, 
the ferromagnetic behavior below 30°K is anomalous, 
in that the saturation magnetization begins to decrease 
The 
expansion data of Barson, Legvold and Spedding' 
LOOTK, 2 10-6 


K-!. With increasing temperature, « decreases to 


slightly with decreasing temperature. thermal 


8) 


begin at about where x is about 
negative values, passes through a minimum, and then 
begins to increase steeply again, becoming positive 
177°K and reaching a value of about 8 

200°K. At 


continues to increase, but slowly. 


at about 
10-6 °K-! at higher temperatures « 

The facts that we should like to explain are (1) the 
negative « in the range of temperatures where the 
spin alignment is changing from ferromagnetic to 
antiferromagnetic, and (2) the rapid rise in % as one 
goes through the antiferromagnetic to paramagnetic 
transformation. Now, dysprosium has a close-packed 
hexagonal structure. The simple kind of antiferro- 
magnetic alignment, where the spin on a given atom 
is antiparallel to the spins on all its nearest neighbors, 
is not possible for a close-packed structure, where some 
of the 


nearest neighbors to one another. 


nearest neighbors ol a given atom can be 
To get round this 
difficulty, we postulate the following: considering 
the hexagonal lattice as being built up ol close-pac ked 
planes of atoms ABABA ---: we let the spins within 
each plane be parallel, while the spins between adjacent 
planes are antiparallel. 

We consider now what happens as the erystal is 
the 


Initially all the spins 


warmed up, starting from low-temperaturt 
ferromagnetic state (~LOO’K). 
are parallel, and there is a repulsion between the 
atoms. As antiferromagnetic alignment sets in, ther 
is an increase in the number of antiparallel pairs of 
spins between adjacent planes of atoms, increasing 
thereby the attraction between these planes, whil 
within each plane the spin alignment between adjacent 
Thus, as 


atoms is still dominantly parallel. one ap- 


proaches the antiferromagnetic Neél point (+176 IK 


one would expect a large decrease in the parameter c, 
and relatively little change in the parameter a. 
X-ray 
measurements of Banister, Legvold and Spedding.” 
Such a lattice 


decreasing crystal volume with increasing temperature 


This. in fact. was what was observed in the 


variation of parameters gives a 
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and explains the negative « in the ferromagneti 
range As the 
Neél 


point, the number of pairs of antiparallel spins between 


> antiferromagnetic transition 


temperature is further increased through the 


adjacent planes decreases resulting in rapid 


dilation and increasing expansion coefficient 


The axial ratios c/a for gadolinium and dysprosium 


are about 1.59 and 1.57 near then trans 


respe 


formation points, indicating th nearest neighbors 


between adjacent planes are 


neighbors in the One might 


nearest same 
therefore, expect that th expansion effects ; 
with the relative alignment of spins will 
pronounced along the c-axis than along th 

and this is just what is observed for both met 

It should be interesting to study the spin ahonment in 
dysprosium in the different temperature regions by 


neutron diffraction. 
3. CONCLUSIONS 
Zener’s 


thermal 


We that model in ple 


interpretation of the 


VIVeS a 


thus set 


mnomaties 


xpansion 
this 


in these metals Assuming the validity ol intel 


pretation, we art also able to infer the spin alignm 
in antiferromagnetic dysprosium 
The expansion anomalies in the 6 (face centered 


cubic) and 6 face centered tetragonal phases ol 


plutonium are remarkabl the linear coefficients 


reported hy Jette i are 


06 (539° K 


0'(738°K) 


To explain these rathe 
would re 
This 


nounced eftect 


theory 


om 


structure might 


But the electrical 


comparatively normal! 
phase s 


On the other hand 


unomahes arising tron 


the type envisaged by Zenet 


such 


seen that 


the rare earths and the 


ire very Simuar to the rare 


It 1s tempting to 


Spe Cul ite 


5 


applying Zeners model to 


to conside! some type ot ordering ol 


these phases Further work must aw 


or declassification, of detailed magneti 


on these phases 


Since 


Note added in proo] 


author’s attention has been 


This papel was 


drawn to 


oser togetne! thal 

LO 10-6 °K 
120 LO-8 
onet teract 
earths. of 1 


214 ACTA METALLURGICA, 


group at Iowa State College on the specific heats of 
gadolinium,“ terbium“?) and dysprosium.“) They 
have shown that for each of these metals the increase 
in entropy associated with complete loss of magnetic 
ordering is very closely given by R In (2J + 1), 
where J is the total quantum number for the free ion. 
This that the 


metals are localized at each atom, rather than being in 


indicates magnetic carriers in these 


a collective band, and lends some support to the 


model used above. 
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LETTERS TO THE 


Multiple Slip in Bicrystals* 

In the June 1957 issue of Acta Metallurgica, Livings- 
ton and Chalmers report a method for predicting 
additional slip systems in bicrystals. The authors 
have demonstrated that it is possible to predict the 
activation of multiple slip systems in deformed bi- 
crystals, using a model involving 
dislocations at the grain boundary. For this they are 
to be commended. 


On the other hand, the use of the principle of 


macroscopic continuity to predict the number of active 
slip systems does not seem justified, or even necessary. 
The experimental findings confirm the conclusions of 
the dislocation analysis, but do not seem to relate to 
the findings based on macroscopic continuity. 

It is the opinion of the writer that the principle of 
macroscopic continuity is not useful in predicting the 
number of active slip systems. Taylor’s original work 
on this subject was based on assumed homogeneity 
of strain. This has subsequently been shown not to 
exist,” in general. The authors wisely decide to 
“confine our discussion to a region in the immediate 
vicinity of a grain boundary over which we can 
assume the deformation to be macroscopically homo- 
geneous...” 

It is the intent of this note to show that such regions 
probably do not exist. 

The common boundary of the regions must be the 
grain boundary. If such regions are macroscopically 
homogeneous, then the strains everywhere within the 
two regions are not functions of position. Accordingly, 
once two such regions have been located we may make 
them arbitrarily small (provided that we always 
include part of each of the two crystals in our field 
of view) and still preserve continuity. At first it 
would appear that only microscopic inhomogeneities 
The 


These are microscopic in the 


may be present. grain boundary contains 
microscopic defects. 
sense that their geometric extent is of the order of the 
size of the lattice parameter. On the other hand, the 
gradient of strain across a defect such as a dislocation 
can be almost arbitrarily large so that the product of a 
very large strain gradient and a very small distance 
can be a macroscopically significant change in strain. 
In other words, microscopic discontinuities in the 
structure can lead to macroscopic discontinuities in 
the strain. 

This is analogous to the interposition of an insulator 
between two conductors of heat. As long as heat flows 
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there will be a gradient in temperature across the 


material. would be greater the lower 


Thus, 


insulator can be as 


This cradient 


the conductivity of the material. although 


thickness of the small as one 


wishes, the temperature drop across its thickness can 
be large, and every where in one conductor the tem- 


perature will be greater than anywhere in the 


other. 
So also with strain, although of course the analogy is 
not exact. The grain boundary, consisting of a finite 


width of “‘insulating’’ material (the transition zone 


between the crystals) which is so disorderly as to 


inhibit plastic flow (thus piling up dislocations), 


can, when the strain exhibits a gradient across the 


which causes a signi- 


Refer to Fig. 1. 


boundary, serve as a “buffer” 


ficant change in strain across its width. 


Strain 


Strain 


| 


Transition 
zone 


Consider also another conclusion that can | 
structure 


Due to the irregularity of the 


transition zone, the effect of an entering sliy 


vary from point to point along the boundary. Suppos« 
that at one point in the boundary the approach of thi 
basi slipline in cry stal A excites three s Ip systems 1n 
B. At another point, however, the slip line approacl 
ing in A may cause two slip systems to activate in B 


Now 


erain boundary 


and a second one in A. considering only these 


two regions of the one 
active slip systems in B and three in A. 

The irregularity of the structure of the zone can well 
that the 


together. The experiment would then reveal not 


be such two regions considered are close 
tour 
but as many as seven active slip systems 

The writer hastens to remind that this discussion in 
no way detracts from the excellence of the original! 
work, in that the requirement of equal strains in 


regions of the two crystals near the boundary does 


Crysta 

| Crysta 

| A 

Position 


MET 


ot appear to be necessary for the ensuing analysis. 


One may proceed further, then, and ask: if strain 


matching is not 


nswer appears at the moment to be 


expression only in thermodynamic terms. When one of 


several adjacent cry stals deforms, the energy of the 


rain boundary momentarily is raised. The atoms 


omprising the transition zone must then either 


relieve this energy by slip or actual grain-boundary 
(configurational) entropy 


vliding, or increase the 


enough to offset the gain in energy. Thus new slip 
cry stals and/or 


the 


systems are activated in adjacent 


the disordered region increases its extent, 1.e. 


effective thickness’ of the grain boundary must 


mcrease. 
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Multiple Slip in Bicrystals* 
Inasmuch as our macroscopic treatment of deforma- 
tion neglected microscopic inhomogeneities such as 


slip bands, it is clear that its conclusions must be 


limited to strains observed on a scale large compared 


to slip-line displacements and spacings. On such a 


scale, macroscopic discontinuities in the strain 


components of equation (3) of our paper would be 


observable as “‘grain boundary shearing’. Reference 


marks drawn boundaries before deformation 


across 
would be displaced macroscopically aitel deformation. 
Such behavior is indeed observed at elevated tempera- 


tures and low strain rates,” but is not believed to be 


important under non-creep conditions, at least in 


c.c. metals.? Where grain boundary shearing is not 


in important mode of deformation, the “‘transition 


l of the above note as applied to the 


ZOne ot Fig. 


strain components of equation (3) must be macro- 
scopic in extent. That is to say, macroscopic continuity 
will be observed. 

Macroscopic continuity was assumed in our treat- 
ment, but macroscopic homogeneity of strain over the 
entire bicrystal was not. As one moves progressively 
nearer the deformation 


bicrystal boundary, the 


presumably becomes less like that of an unconstrained 
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capable of 
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single crystal and more like that of a crystal con- 


strained as in equation (3). It is usually only 
in the immediate vicinity of the boundary that the 
“additional” slip markings are seen. 

It is, of course, true that the slip systems actually 
utilized may vary from place to place along the 
boundary. Macroscopic continuity conditions alone 
can only lead to requirements on the minimum 
number of systems. Our experimental results indicate 
that the choice of systems is dictated by microscopic 
conditions, and these could vary along the boundary. 

As Frankel points out, the use of macroscopic 
continuity arguments was in no way essential to the 
analysis of our results. We feel, however, that such 
arguments are helpful in understanding under what 
conditions multiple slip is necessary. Equation (4) 
defines conditions, satisfied by symmetric and other 
special bicrystals, under which macroscopic continuity 


itself requires no ‘‘additional’’ slip. 


J. D. Livineston 
General Electric Research Laboratory 
Schene ctady, New York 
B. CHALMERS 
Harvard Unive rsity, Cambridge 
Massachusetts 
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Sur l’Oxydation du Cuivre dans I’Intervalle 
600—1000°C* + 


L’oxydation du cuivre dans lair ou l’oxygene a 
fait l’objet de trés nombreuses recherches parmi 
lesquelles il faudrait tout 
Pilling et Bedworth,” de 
de Wagner et Griinewald,'*) de Bénard et 


de Valensi.‘*) de Tylecote,‘® et de 


citer particulierement 
Feitknecht,'”? 
Talbot, 


et de 


celles de 


Fassell, Jr. 
ses collaborateurs.‘” 

Cependant, sil a été reconnu que la loi parabolique 
classique régit en général l'ensemble du phénomene et 
que la pellicule d’oxydation pour les températures 
inférieures & 1000°C est constituée par deux couches 
superposées de Cu,O et de CuO, de nombreux points 


restaient a préciser, et tout particulierement la loi 


been reported in poly 


although it 


Grain boundary shearing has 


crystalline magnesium at room temperature,'- 


was suggested that it was possibly always preceded by local 


iracture. 


+ Cette recherche réalisée en liaison c M. le Professeur 
J. Bénard a fait objet du contrat n° 43 entre lauteur et le 
“Consejo de Investigacion Cientifica’ de l'Université de 


Concepcion (Chili). 


1952) for discussion of strain inhomogeneity. 
Recall September 3, 1957; in revised form October 7, 
1957 
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de la 


conditions isothermes d’oxyvdation. 


exacte de croissance couche CuO dans des 


I} nous a paru par conséquent intéressant de 
reprendre l'ensemble du probleme dans un ample 
intervalle de température (300-1050°C). Dans la 
présente communication nous nous limitons 4 exposer 
les résultats que nous avons obtenus dans |’intervalle 
600-1000°C. 

Les échantillons constitués par des plaquettes de 
quelques cm? de surface et de 0,2 4 2 mm d’épaisseur 
de cuivre OFHC étaient soumis 4 une préparation 


soignée qui comportait: un polissage aux papiers 


Cu | | 


Fic. 1. Coupe d’une pellicule obtenue par oxydation & 600°C 


pendant 48 h. Sans attaque. x 600. 


Fic. 2. 
750°C pendant 24h. Examen en lumiere polarisée. 


Partie externe d’une pellicule obtenue par oxydation a 
1250. 
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Pellicule 


émeri jusquau 4/0, un lavage dans plusieurs 
vide 


10 h 


foul 


successifs de toluéne, un recuit dans Ie 


mm Hg) a 900 ou 950°C pendant + ou Sulvant 


[Is 


ouvert ou l’atmosphere était lentement renouvelée 


le cas. étaient oxvdés dans un vertical 


car des essais préliminaires nous avaient montrés 


qu’aux températures supérieures & 600°C une tech- 


nique d’oxydation plus raffinée ne changeait en rien 


les résultats. Les pellicules obtenues dans l’intervalle 


de 


températures considéré étaient adhérentes au 


support ce qui assurait toute garantie dans la validité 


des résultats obtenus. L’essai était caractérisé pat 


917 
* > 
(a 
2 
' 2 
Fic. 3. MEE obtenue pa xvdation a 1000% . 9 
a 175. 125 


Epaisseur en 


16 24 32 40 48 56 


Temps , heures 


isotherme de dans 


Courbes de croissance 


lintervalle 600 


Fic. 4. Cu,O 


augmentation des poids Am par cm®* de surfaec 
initiale de |’échantillon et par l’épaisseur des couches 
de la pellicule mesurée sur des coupes soigneusement 
polies par une technique déja décrite en détails.‘ 
est 
600-LOOO°C constituée par deux couches continues 


La pellicule d’oxydation dans _ l’intervalle 
et compactes de Cu,O et de CuO quelle que soit la 
l, 2 3 


les pellicules obtenues a 600, 750 et LO00°C respective- 


durée d’oxydation. Les Figs. montrent 


ment. L’épaisseur de la couche de CuO est trés 


Temps2, mn’* 
20 30 40 


Temps , heures 


isotherme de CuO dans 


‘ourbes de croissance 


lintervalle 600 
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réguliére pour les températures inférieures a 900°C; 
par contre, pres de la limite supérieure de l’intervalle 
étudié, les interfaces Cu,O—Cu et surtout air—CuO 
deviennent trés tourmentées ce qui rend difficile la 
détermination de |’épaisseur moyenne. Enfin, aux 
750°C la couche de CuO 


perpendi- 


températures inférieures a 


porte de fines aiguilles, grossiérement 
culaires a la surface de |’échantillon. 

Les diagrammes des Figs. 4 et 5 traduisent, en 
coordonnées semi-logarithmiques et respectivement 
différentes 


l’épaisseur des couches de Cu,O et de CuO de la 


la croissance aux températures de 


pellicule. Ces diagrammes montrent que si la croissance 
de la couche de CuO obéit a la loi parabolique classique 


22 


Epaisseur relative 


700 800 900 1000 
Temperature = 


Fic. 6. Variation en fonction de la température de lépais- 
seur relative en % de la couche CuO par rapport a l’épaisseur 
totale de la pellicule. La courbe 2 donne l’épaisseur relative 
pour les faibles durées d’oxydation (15 mn a 1 h) et la courbe 
(1) la valeur “‘limite’’ pour les longues durées d’oxydation. 


6g = kyv/t (1) ob eg est son épaisseur et ky une cons- 
tante, la loi de croissance de la couche de CuO est 
600-800°C elle 
t (2), 
k, et k’, étant deux constantes positives. Dans 
cette 


d’abord suivant une loi du type (2) puis se ralentit 


plus complexe. Dans [lintervalle 


peut étre traduite par |’équation ¢, 


Vintervalle croissance s’effectue 


et |’épaisseur e, atteint finalement une valeur limite 
pour une durée variant de 2 4 16 h suivant la tem- 
pérature. 


On doit conclure de ces résultats que dans le 


processus d’oxydation superficielle du cuivre dans 


air la croissance de la courbe de Cu,O de la pellicule 
est régie dans l’intervalle étudié par la diffusion des 


divers ions qui y participent. Quant a la couche de 
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CuO la complexité relative de sa loi de croissance 
doit étre vraisemblablement expliquée dans |’inter- 
600—750°C 
des compositions d’équilibres aux interfaces Cu,O 
CuO et CuO-air, et 800—L000°C 


par le réle de plus en plus prédominant joué par la 


valle par la lenteur de |’établissement 


dans l’intervalle 
dissociation de l’oxyde CuO suivant la réaction CuO = 
Cu,O0 


isotherme de la Fig. 5, correspondrait a |’égalité des 


40, (En particulier le palier horizontal d’une 


vitesses de croissance et de dissociation). 

Une conséquence directe des lois de croissance 
indiquées des couches est que |’épaisseur relative 
e,/e de la couche de CuO par rapport a |’épaisseur 
totale de la pellicule diminue constamment dans 
des conditions isothermes & mesure qu’augmente 
la durée d’oxydation, d’abord rapidement puis de 
plus en plus lentement de sorte qu’en premiére 
approximation il est possible de parler d’une valeur 
de régime atteinte au bout de 4 a 32 h. suivant la 
température. La variation de cette valeur limite de 


sur la Fig. 6 (courbe 1), 


e,/e en fonction de la température a été indiquée 


ainsi que la variation de 


e,/e pour les durées minima d’oxydation de nos 


1 
essais, qui varient entre 15 mn et 1 h suivant la 
température (courbe 2). 
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Sur l’Oxydation du Protoxyde de Fer dans 
l’Air dans l’Intervalle 600—1350°C**+ 

fer 

jusqu’a 


L’oxydation du protoxyde de aux 
fait lobjet 


réduit de 


tempera- 


tures élevées présent que 


d’un nombre trés recherches. Parmi 


celles-ci il faut citer les expériences a 900°C de 


+ Cette recherche réalisée en liaison avec M. le Professeur 
J. Bénard a fait objet du contrat n° 43 entre l’auteur et k 
“Consejo de Cientifica’”’ de lVUniversité de 


Concepcion (Chili). 


Investigacion 
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Michel, 


développement extrémement rapide des oxydes Fe,O, 


Bénard et Chaudron qui ont observé | 


et Fe,O, aux dépens de FeO, et l'étude de Davies 


Simnad et Birchenall) effectuée par la méthode 


gravimétrique dans l’intervalle 850-950°C, 
Cette absence relative de données sur l’oxydation 

dans l’air du protoxyde de fer nous a incités A déter 

miner ses lois dans un large intervalle de températur¢ 


propre 


d’autant plus qu’en dehors de leur intérét 


celles-ci sont susceptibles de precisel le mé 


tures 
l 


de l’oxydation superficielle du fer aux tempera 
élevées. 


Les échantillons étaient surtout constitués 


pal 
des pellicules d’oxydation superficielle du fer Armco 
dans l’air, formées a 900, 950, 1000 ou 1100°C suivant 
leur 


le cas et détachées mécaniquement de support 


apres refroidissement. Ces pellicules constituées 


d’environ 95°, de protoxyde,) comportent sur leur 


face externe des couches minces continues et super- 
posées de FeO, et de FeO, et a la base de la couche 
de FeO une ségrégation d’impuretés."?) L’emploi 
généralisé que nous en avons fait se 
fait 


facile et 


justifie par le 


qu’elles sont de préparation particuli¢rement 


qui malgré les particularités qu elles 


l Pellicul 


30 mn), détacheés 


LETTE 
l ‘ is 
A 4 
3 
6 
4 
5 
j 
|) die rt et 6 ( 
pendant 48 heur 


ACTA METALLURGICA, 


Fic. 2. Pellicule d’oxydation superficielle du (900 C; 


fer 
2h) réoxydée a 1200°C pendant 1 mn. 175. 


présentent leur utilisation permet de  déter- 


miner les lois de loxydation du protoxyde de 
fer pur et homogeéne. L’oxydation des pellicules de 
départ a été réalisée 4 des températures échelonnées 
600 et 1350°C pendant des durées variant 


48 


entre 


entre 1 mn et Les coupes des échantillons 


Temps’, mn 


Temps , heures 


3. Courbes de croissance isotherme de 
lintervalle 600—1000°C, 


Fe,O, dans 
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Ye 
Temps* minutes“ 
10 20 


1000° 950° 920°900° 


Epaisseur 


Temps heures 


isotherme de Fe,O, dans 


Vintervalle 600-—LO00°C. 


croissance 


oxydés étaient examinées au microscope et les 
épaisseurs des couches mesurées au micrométre sur 
les deux faces. 


Quelles 


d’oxydation la pellicule d’oxydation superficielle du 


que soient la température et la durée 
protoxyde de fer est toujours constituée par deux 
couches continues et compactes de Fe,O, et de 
Fe,0,, dont nous appellerons e,’ et ¢,' les épaisseurs 
respectives. Cependant ces deux couches peuvent 
avoir sur les deux faces de |’échantillon une vitesse de 
morphologiques 
Fig. | 
qui représente apres attaque la coupe d’un échantillon 
oxydé a 650°C pendant 48 h. 


doivent étre attribuées a la présence d’impuretés 


croissance et des particularitiés 


nettement différentes comme le montre la 


Ces différences qui 


| 
| 


400 500 600 700 800 900 1000 1100 1200 130C 
Temperature 


Fic. 5. Variation en fonction de la température de l’épais- 
seur relative en % de la couche de Fe,( ds par rapport a l’en- 
semble des couches de Fe,O, et de Fe,O, dans le cas de 
l’oxydation superficielle du fer (A) et celle du protoxyde de 


fer (O et @). 
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300} 
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800% 
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1000°/ 950, | 
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| 
e e4 e;+e- | | | ! 
“~ 50} | | 25 
d 
| 
a aco e e 
if | |= | 
OOF 


concentrées au voisinage de la face intérieure de la 


pellicule de départ (tournée vers le bas sur la 


figure) diminuent quand augmente la température 
négligeables au-dessus 


d’oxydation, devenir 


de 800°C. 


pour 


La Fig. 2 


oxydé & 1200°C, 


montre la coupe d’un échantillon 


Les Figs. 3 et 4 récapitulent en coordonnées semi- 
logarithmiques et respectivement les résultats relatifs 
aux couches de Fe,O, et de Fe,0, croissant sur la 
de 


dépens du protoxyde de 


face extérieure V’échantillon c’est-A-dire aux 


fer pur. Ces diagrammes 


et d’autres analogues relatifs a lintervalle 1000 
1350°C montrent que les points expérimentaux se 
placent sur des droites passant trés sensiblement 


vérifiée 


par l’origine. Ceci équivaut a dire que la loi e’ 


ou e’ est l’épaisseur et k’ une constante est 
pour les deux couches de la pellicule dont les épais- 
seurs croissent ainsi paraboliquement en fonction 
On 


d’oxydation du protoxyde de fer est régi dans l’inter- 


du temps. doit en conclure que le processus 


valle étudié par la diffusion des divers ions qui 4 


participent. En d’autres termes, les réactions qui se 


produisent aux interfaces des deux couches de la 
pellicule n’ont aucune action limitative sur la vitesse 


de croissance de celles-ci. 


Une conséquence directe de la croissance para- 


bolique des couches est que leur proportion dans 


la pellicule se maintient constante au cours d'une 


oxydation isotherme. Sur le diagramme de la Fig. 5 


nous variation du 


avons représenté la rapport 


| ¢ 


gramme A celle [e'/(e, )|; qui correspond la 


face interne, et au rapport e,/(é, é,) entre |’épais- 


seur de la couche de Fe,O. et celle de ensemble des 
et de 


d’oxydation croissant sur support de fer. 


couches de Fe,0, dans les pellicules 
L’exam 
de la Fig. 5 montre que ses épaisseurs relatives sont 
sensiblement égales dans lintervalle 750—-1300°C et 
que leur valeur commune y est en premiére approxi 


mation indépendante de la température. 
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Université de Conce peion (Chili) 


Bibliographie 
A. MIcHEL, J. BENARD et G. CHAUDRON Bul 
Fr. 11, 175 (1944). 
M. H. Davies, M. T. Srwnap et C. E. BrrcHENALI 
Amer. Inst. Min. (Metall.) Engrs. 191, 889 (1951 
J.Paipasst Rev. Métall. 52, 869 (1955 
J.Paipasst’ Bol. Soc. Chil. Quim. 7, 20 


Sci., Paris (Sous presst 


1955): 


* Received August 5, 1957 


THE EDITOR 

Sur Quelques Particularités de ’Oxydation 

de la Magnétite dans |’Air dans I’Intervalle 
400-1350°C 


magnetite aux 


On 


Li phénomene d’oxydation de la 


températures élevées est encore tres mal connu 
incomplete 


Huggett de 


ne dispose sur lui que de données 


lesquelles il faudrait citer celles de 


Greunlich - de Honda et cle sone ’ et surtout 


de Simnad, Davies et Birchenall™ auteurs qui l’ont 


étudié récemment pal la méthode gravimetriq ue dans 


Vintervalle 800—L000°C 


(‘fe fait nous a entreprenart étude de 


l’oxydation de la magnétite dans un ample intervalle 


de température d’autant plus qu’en dehors di 


intérét propre une telle étude est susceptible d 


pres sel le processus de Voxvdation du fer aux te mpe 
ratures élevées. 


Deux séries d’essais ont été effectuées Dans la 


premiere ona utilisé comme échantillons des plaquettes 
de magnétite obtenues par oxydation complet du fer 


Armco ou du fer Puron dans la vapeur d’eau a LOOO'C 


(experiences appelées dans et qul suit d’oxydatio1 


directe). Etant donné que par oxydation dans lain 


de ces échantillons on obtenait une cour he de 


d’épaisseur trés irréguliere et cela quelles que soient 


les précautions prises dans une deuxiéme série d essals 


ona utilisé comme échantillons de départ des pellicules 


d’oxydation superficiell du fer détachées de lew 


support métallique pellic ules qul sont constituees 


Q5 de protoxyde de ter et qui 


ce Ss durées tres courtes 


comme si elles étaient col 


homogene >») Dans une pren 


ces pel ICULeS 


loxvdation de 
forme en oxvde superiel 
dans une 


le protoxvde st 


precedente comn 


Ss 1ldentine 


de la pr lhicule 


LSSISTE 


c est-a-dire qu 


Véchafaud 


possible de détermine! ill 


experiences appt lées d 
Quelque SOIT le type d’éc} 

leur préparation de surtact 

dans plusieurs bains succt 

minima d’oxydation 

» heures 


cel maxima dé 


commulil 


+ en °% en fonction de la température. se comportent 
Cette épaisseur relative a été comparée sur le dia RE constitu de p cv 
l. 
ture 
2. Dans cette atl nou Lou 
3. 
R.A Ce 
Cons d estis n 


Fic. 1. Coupe d’un échantillon de magnétite obtenu a partir 
du fer Armco et oxydé a 700°C pendant 48 h. 400. 


décrire les particularités morphologiques de la couche 


d’hématite formée dont la cinétique de croissance fera 
l'objet d’une publication ultérieure. 

Quand on procéde par oxydation directe on observe 
deux phénomeénes remarquables 

(1) interface )., 


accentuées qui dans l’intervalle 400-800°C sont des 


Fe,O, présente des irrégularités 


avancées en biseaux (c’est-a-dire des aiguilles en coupe) 


2. Coupe d’un échantillon de magnétite 


obtenu a 
partir du fer pur et oxydé a 800°C pendant 48 h. 


135. 


Fic. 3. 


Echantillon de protoxyde de fer oxydé a 
pendant 


m 4 h, ¢t, étant le temps qui correspond a la 
disparition des derniéres traces de FeO. 400. 


800°C 


orientées souvent approximativement a 45° sur la 


surface de |’échantillon. 

Les figures | et 2 montrent cet aspect remarquable 
de la couche de Fe,O, aux températures de 700 et 
800°C respectivement. Pour les températures supeé- 
rieures A 850°C ces avancées en biseaux disparaissent 
mais l’interface Fe,0,—Fe,0, continue a présenter des 


ondulations dont 


amplitude relative diminue 


Fie. 4. Echantillon 


de protoxyde de fer oxydé a 1000°C 
pendant 


15 mn, ¢, étant le temps qui correspond a la 
disparition des derniéres traces de FeO. 400. 
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TO 


progressivement quand la température augmente. A 
1300°C Vinterface devient une surface pratiquement 
plane. 

(2) Pour les températures d’oxydation inférieures aA 
900°C dans la couche résiduelle de Fe,0, apparaissent 


des nodules ou des amas lamellaires de Fe,O, dont les 


dimensions sont souvent hors de proportion avec 
La 


durée d’incubation de ces nodules ou de ces amas 


l’épaisseur de la couche continue d’hématite. 


augmente a mesure que la température d’oxydation 
diminue (pour les plaquettes de 1004 obtenues a 
partir du fer Armco elle est de l’ordre de 4h a 400°C 
et seulement de 15 mn a 800°C) et leur croissance est 
en premiére approximation parabolique avec le temps. 

Si les expériences sont refaites en mettant en oeuvre 
la technique d’oxydation compléte on constate que 
les particularités précédemment décrites disparaissent 
complétement comme le montrent les micrographies 
des figures 3 et 4. (L’inégalité de la vitesse de crois- 
) 


sance de la couche d’hématite sur les 2 faces de 
l’échantillon doit étre attribuée a la présence d’im- 
puretés concentrées au voisinage de la face intérieure 
de la pellicule de départ, tournée vers le bas sur les 
figures). 

Ce fait, l'étude détaillée de la morphologie et de la 
cinétique de croissance des aiguilles et des nodules en 


de la 


certaines expériences spéciales, nous ont conduit a 


fonction température, enfin le résultat de 
penser qu’on devait chercher |’explication des aiguilles 
et des nodules dans l’action superposée: 

(1) De tensions mécaniques internes ou méme de 


fissurations submicroscopiques dans les échantillons 


THE EDITOR 

de départ de magnétite, originées par les changements 
brusques de températures accompagnant leur prépa- 
ration et leur oxydation. 


») 


(2 


germination 
Fe,( ). 


derniere étant maximum suivant les plans cristallo- 


) De l’anisotropie de la 
croissance des grains superficiels de (cette 
graphiques (111) de la magnétite-support). 

Notons que cette interprétation est également en 
accord avec le fait que dans les expériences d’oxydation 
complete n’apparaissent ni aiguilles ni nodules 
puisqu avec cette technique opératoire les tensions de 
refroidissement n’ont pas l’occasion de se produire 
non plus que la germination et la croissance aniso 
tropique de ’hématite. (Au moment ot disparaissent 
les derniéres traces de FeO des échantillons de départ 
de protoxyde et que commence l’oxydation de la 
magnétite, existe effectivement déja une mince couche 


superficielle et continue d’hématite). 
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THERMODYNAMIC ANALYSIS OF BINARY LIQUID ALLOYS OF GROUP II B METALS—I 
THE SYSTEMS ZINC-CADMIUM, ZINC-GALLIUM, ZINC-INDIUM AND ZINC-TIN* 


O. J. 


KLEPPA*t 


Some new information is presented on the heat of mixing in the liquid alloys of zine with cadmium, 


indium and gallium. 


The results are discussed along with those obtained in earlier work on zinc—tin 


In the considered systems a correlation is found between energetic asymmetry and the difference in 


valence between the two components. 


Partial molal heat contents of zinc derived from the present work are compared with corresponding data 


on the excess free energy available in the literature. 


The evaluated excess entropies are largest for 


zinc—tin, of similar and intermediate magnitude for zinc—indium and zinc—gallium, and quite small 


for zinc-cadmium. An interpretation of the observations ir 


suggested. 
ANALYSE THERMODYNAMIQUE 


LES SYSTEMES ZINC-CADMIUM, 


D’ALLIAGES 
METAUX 
ZINC-GALLIUM, 


terms of the electronic heat capacities 1s 


LIQUIDES BINAIRES DU GROUPE DES 


It B—I 
ZINC-INDIUM ET ZINC-ETAIN 


L’auteur présente quelques résultats nouveaux sur la chaleur de mélange dans les alliages liquides 


de zinc avec du cadmium, de l’indium ou du gallium. 


Ces résultats sont discutés en relation avec ceux obtenus dans un travail précédent sur l’alliage 


zinc-étain. 
de valence entre les deux composants. 


Dans ces systémes, il existe une corrélation entre l’asymétrie énergétique et la différence 


Les chaleurs molaires partielles du zinc déduites de ce travail sont comparées aux valeurs données 


dans la littérature pour l’excés d’énergie libre. 


Les entropies excédentaires ainsi calculées sont plus grandes pour le systéme zinc—étain, similaires ou 


légérement plus faibles pour les systémes zinc-indium et zinc—gallium et franchement plus petites pour 


le systéme zinc—cadmium. 


L’auteur propose une interprétation de ces résultats en fonction des capacités calor ifiques é lectroniques 


THERMODYNAMISCHE ANALYSE 


DIE SYSTEME ZINK-CADMIUM, ZINK 


FLUSSIGER 
GALLIUM, 


Il B-METALLEN 
UND ZINK-ZINN 


LEGIERUNGEN VON 
ZINK-INDIUM 


Es werden einige neue Werte der Mischungswarme fliissiger Legierungen von Zink mit Cadmium, 


Indium und Gallium angegeben. 
diskutiert. 


Die Ergebnisse werden zusammen mit friiheren am System Zink 


Zinn 


In den betrachteten Systemen wird eine Beziehung zwischen der energetischen Asymmetrie 


und dem Valenzunterschied der beiden Komponenten gefunden. 
Die partiellen molaren Warmeinhalte von Zink, die aus dieser Arbeit folgen, werden mit entsprechenden 


Angaben der zusatzlichen gen freien Energie aus der Literatur verglichen. 
tropien sind fiir das System Zink—Zinn am grdéssten, sind ahnlich und von mittlerer Gri 
Indium und Zink—Gallium und sind ziemlich klein fiir Zink—Cadmium. 


Die entwickelten Zusatzen 
sse fiir Zink 


Eine Interpretation der Beobacl 


tungen durch die Elektronenwarmen wird vorgeschlagen. 


INTRODUCTION 


In recent communications some new calorimetric 
data have been presented on the enthalpy of formation 
of a series of binary alloys of copper, silver and gold 
with group B elements of higher valence.” Lately 
these investigations have been extended to comprise 
a more detailed thermodynamic analysis of binary 
liquid alloys. We shall consider, first, systems which 
have zinc, cadmium or mercury as one of the two 
components. When these alloys are compared with 
those involving copper, silver and gold, characteristic 
We now find, for example, 


differences are noted. 
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that solid intermetallic phases are less common than 
among the alloys of the monovalent metals. Frequently 
the enthalpy of mixing in the considered liquid 
mixtures is positive, and several systems are known 
with limited miscibility in the liquid state 

Below we shall report first some new information 
on the heat of mixing in the systems zinc—cadmium 
Corresponding data 


Unfortu- 


zinc—indium, and zinc—gallium. 


were published elsewhere for zinc-—tin.” 


nately, it was not possible to determine the heat of 
mixing in zine—thallium, zinc—lead and zinc—bismuth 
alloys, due to the restricted liquid miscibility at the 
temperature of the measurements (450°C) 

also with 


In the present study we are concerned 


the free energy and the entropy of mixing. Therefore, 


we shall compare the reported calorimetric data with 
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part 
zinc—indium, 


available free-energy information. This information 


will be derived from the binary equilibrium diagrams, 
and from electromotive force measurements recorded 


in the literature. The significant parts—the four 
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binary phase diagrams of interest—are given in a 
composite graph in Fig. 1. From these diagrams we 
calculate the excess partial molal free energy of zinc 
at temperatures and compositions along the zinc- 
branch of the liquidus curve. 

Taylor® reports information on the e.m.f.’s for 
zinc—cadmium and zine-tin, Svirbely and Selis™ for 
zinc—indium, and Fiorani et al.©.® for zince—gallium 
and zince-tin. From these investigations we may in 
principle derive information on the free energy, 
But a 
reliable set of thermodynamic data should consist of 


the heat, and the entropy of mixing. more 


free energies from equilibrium work (i.e. phase 
diagram or e.in.f. studies), heats from calorimetry, 
and entropies calculated by a combination of the two. 
Excess entropies evaluated in this way will be pre- 
sented in the second part of this paper. 

In the present study we shall emphasize the relative 
partial molal quantities of zine, which is a component 
in all the four systems. For very obvious reasons, 
equilibrium data for zinc are more comprehensive and 


reliable than those for the other components. We 
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TABLE 1. Molar integral heat of mixing at 450°C in the liquid 
systems zinc-cadmium, zinc—indium, and zinc—gallium 


AH* 


g atom) 


Total 
(g atoms) 


Composition 
(VZn) 


(a) Zn—Cd 0.0596 493 
0.0901 714 
0.1527 1126 
0.2143 1458 
0.3716 L985 
0.6086 2030 
0.7625 L585 
0.8602 L060 
0.8659 1039 
0.9286 592 
0.9517 423 


.600 
.728 


697 

980 
1694 
2707 
3080 
2466 
L584 


0.0663 
0.0962 
0.1779 
0.3304 
0.6598 
0.7911 
0.8897 
0.9138 1278 
0.9299 1079 
0.9518 784 
0.9680 533 


(b) Zn—In 


590 
916 
1065 
1354 


0.1217 
0.2024 
0.2554 
0.3633 
0.5668 1614 
0.8217 1150 
0.9023 741 
0.9465 444 
0.9820 161.4 


(c) Zn-Ga 


0.663 


shall not carry out Gibbs—Duhem integrations of the 
partial molal data for zine to obtain corresponding 
values for the other components. It is a regrettable 
fact that 
errors which may obscure rather than clarify the 


these evaluations sometimes introduce 


thermodynamic picture. 


THE HEAT OF MIXING 
Experimental. The heat of mixing experiments 
reported below were performed at 450°C by means of 
a high-temperature reaction calorimeter previously 
the The 
techniques involved no significant departures from 


described by author.” experimental 


previously reported practice, and no new experimental 


difficulties were encountered. The metals used were 
all of better than 99.9 per cent purity. 

Results and discussion. In the course of the present 
total of 31 
determinations were carried out (11 on Zn—Cd, 11 on 
Zn-In and 9 on Zn-Ga alloys). 
mental data are recorded in Table 1, and are plotted 


investigation a separate calorimetric 


The actual experi- 
I 

vs. composition in Figs. 2-4. These figures contain 

plots of the molar heat of mixing, AH™), and of 


AH™ AH™/(1 — xz,) and AH™/xz,(1 


Xgn); as 


LIQUID 
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gend 
egen 


—O—— PRESENT WORK 450° 
ENTA .FIORANI ond 


VALENTI, emf , 488° 


O02 03 O4 06 


ATOMIC FRACTION, xX 


gallium alloys 


mixing of liquid zine 
at 450°C. 


heat of 


derived from the experimental data. In the plots of 
AH™ we have included also the corresponding curves 
from the quoted e.m.f. work and, for the zin 
cadmium system also the earlier calorimetric results 
reported by Kawakami."* 

We note that there is reasonable agreement betwee1 
e.m.f. and calorimetric data for the zinc-cadmium 
zinc—indium systems, while the e.m.f. heats for zin 
gallium are about 30 per cent too high. The agreement 
for zinc-cadmium is surprisingly good in view of the 
small electrochemical difference between these two 
metals.‘ 

It has been stressed elsewhere” that it is frequently 
useful to describe the properties of moderately dilute 
solutions by expanding the integral heat of mixing in 


powers of the atomic fraction of the solute (2), i.e. 
AH™ ax has h.o.t (1) 


We give in Table 2 a summary of the values of a 
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TABLE 2. Summary of characteristic heat constants (kJ 450°C) 
for the terminal liquid solutions in Zn—Cd, Zn—In, Zn—Sn 
and Zn—Ga 


Solvent Solute bla 


1.0 (1.0) 
1.6 (0.6) 
2.4 (0.4) 


1.7 (0.6) 


* Data for 430°C 


and 6 for the eight terminal solutions explored in the 
present work. 

In Fig. 5 we give also a composite graph of the 
integral and partial molal heat data for the three 
systems zinc—-cadmium, zinc-indium and zinc-tin.* 
(We have not included the corresponding data for the 
zine-gallium system, to avoid overcrowding this 
figure.) 

The experimental data confirm that all the con- 
sidered systems have positive enthalpies of mixing. 
The maximum value of AH™ is 


2.2 for zine-cadmium, 3.2 for 


1.6kJ/g atom for 
zinc—gallium, zince— 
indium, and 3.3 kJ for zinc-tin. It is perhaps significant 
that a rough correlation exists between the magnitude 
of AH™ the the 
volumes of the two components. 

But the most interesting feature of the new heat 
the 
energetic asymmetry and valence difference. 


and difference between atomic 


between 
This 


data is correlation which is found 


* There is always some uncertainty associated with partial 
molal quantities derived integral data. The 
following simple procedure was found useful in the present 
Figs. 2—4 that the plots tor 
smooth and well defined. An 
this quantity was obtained by 
setting it equal to a power series in z,,. In the most unfavor- 
able cases 4 terms were required to reproduce the data within 

experimental precision. These 4 arbitrary constants were 
determined by forcing the analytical function to pass through 
the smoothed experimental values of AH" /x(1 xr) at 
Pus 0; 0.3; 0.7; 1.0. In this obtained the 
follow ing expressions, W hich were used to evaluate the relative 


from a set of 


work: It was noted from 
AH" |x,,(1 — az,) are all 


unalytical expression for 


manner we 


partial molal heat contents: 
Zn-—Cd: AH” /zx(1 
kJ 


0.9522 0.20277" 


Zn-In: AH” 


kJ 


Zn-Sn: /zx(1 


10.62zn 21.4azn* kJ 


AH* /x(] 


Zn—Ga: 


0.652zn 2.05a¢zn3 kJ 


VOL. 
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Fic. 5. Integral and partial molal heat data (L) at 450°C in 
the systems zinc-—cadmium, zinc—indium and zinc-—tin. 


correlation can be demonstrated by considering the 
ratios of the two limiting heats of solution (a,/a,). 
This ratio is 1.0 for zine—cadmium, 1.6 for zinc—indium, 
1.7 for zinc—gallium, and 2.4 for zinc-tin. Note also 
that the heats of solution of zinc in cadmium, indium 
and tin are of very similar magnitude (8.8, 11.1 and 
9.5 kJ): however, for the inverse processes the values 
i 23kJ. The 


probable influence of valence in determining the 


differ widely and are 9.1, and 
energetic asymmetry is demonstrated also when we 
compare the results for the two equivalent systems 
zinc-gallium and zinc-indium. At corresponding 
compositions the zinc—indium data are very nearly 
twice as large as those for zinc—gallium. 

From a more detailed analysis of dilute solutions we 
know that the magnitude and sign of the constant b 
is a measure of the interaction between the solute 
atoms in the solvent medium. In all cases investigated 
in the present work this constant is negative, which 
the 


atoms." The results show that when zinc is dissolved 


indicates a mutual attraction between solute 
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in cadmium, indium and tin, i.e. in metals with 
increasing metallic valence in the same row of the 
periodic system, b differs relatively little from one 
system to the other. Thus the zinc-zine attraction in 
these cases is relatively insensitive to the valence of 
the solvent metal. 

When the mentioned metals are dissolved in zine, 
the situation is very different. 

Now b increases by a factor of 3 from cadmium to 
indium and by a factor of 5 from cadmium to tin, i.e. 
roughly in proportion to the difference in valence 
between solvent and solute. 

At this point it is emphasized that the observed 
values of b are all negative. Therefore this possible 
valence effect has a sign which is opposite to the one 
predicted by Friedel.“® It is recalled here that 
behavior in agreement with Friedel’s valence “‘rules”’ 
involving the 
1) 


has been found for many systems 
monovalent metals copper and silver.' 

We note finally that for each of the four systems 
covered in the present work the values of —b/a and 
a,/a, are quite similar. These ratios may be approxi- 
mated by the ratio of the characteristic valences, z, 
of the two components, i.e. 1.0 for zinc-cadmium, 
1.5 (or 0.67) for zinc—gallium and zinc-indium, and 
2.0 (or 0.5) for zinc-tin. Therefore the integral heats 
of mixing may be represented in these cases by van 


Laar expressions of the form 


M 
AH- = (2 


where A is the single arbitrary constant. 
stressed, however, that this approximation is fairly 
rough and should not be used in more detailed 
calculations. 

From the data presented above it may be concluded 
that the valence difference probably is of considerable 
importance in determining the energetic asymmetry. 
This 


considered in context with the excess entropy data 


observation is particularly interesting when 


given in the next section. 

EXCESS ENTROPY 
The enthalpies reported in the present 
450°. 
zince—tin were obtained at 430° (and 525°). 


DATA 
General. 
while the data for 
The quoted 


work were determined at 
work on zinc-tin demonstrates very clearly that the 
heat and entropy of mixing may vary with tempera- 
ture. Nevertheless, it was decided to disregard this 
possible temperature dependence in the present study. 
We assumed, instead, that the systems in question 
obey the Neumann-Kopp heat capacity rule in the 
temperature range of interest. 
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It must be 


GROUP II B ALLOYS 


This assumption gives us no cause for wor 
the heat data are compared with e.1 
the The r 
that most of the e.m.f. work quoted below was « 
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new 
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some error in the excess entropies calculate 
phase diagram information and heat data 

150°). 


zine contents, but 


Clearly this error will be quite small 
increase as the zin¢ 
of the 


Figs. 6—9) 


may 


decreases. However, a survey excess entropy 


indicates that this 


than 


(see 


data given below 


uncertainty probably is smaller those arising 


from other sources. 
and Evans,“ the 


According to Kubaschewski 


entropy of fusion of zinc, AS,,’, is equal to 10.5 J/deg 


We 


undercooled liquid zinc. Therefore we shall make th« 


have no information on the heat capacity of 


is inde pe ndent of 


As long as the 


ilculate the 


reasonable assumption that AS;,,/ 
temperature in the considered range 
solid solubility in zine is restricted, we « 
excess partial molal free energy of zinc, referred to 


undercooled liquid zine from the expression 
Here 7’ 


W hile 


AS7,)(T RT In (27,/xz, 


is the melting point of pure zinc (692.6°K 
and Lan are the equilibrium atomic trac- 
tions of zinc in the liquid and the solid phase at 


indium, gallium 


absolute temperature 7’ For 
tin, solid solubility in zi 
without hesitation set xy, 
solubility of cadmium in zinc is of the 
per cent. Here we have accepted the 
Lumsden 

The 


e.m.1 


recommended by 
Zinc—cadmium. excess fret 
work of Taylo 
Heycock 
composition in Fig. 6 


term L, We 


free energies on the whole are lar 


derived from the 
the liquidus data of and 
plotted vs 
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in nearly perfect agreement with thi 
As a consequence we find that 
and calorimetric data giv 
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calorimetric data 
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Relative partial molal heat contents, excess 
and excess entropies of zine in liquid zinc— 
cadmium alloys. 
Lan. present work, 723°K 
AFin*, Taylor, e.m.f., 708°K 
AFizn*, phase diagram, 547—652°K 
calorimetry and phase diagram 
calorimetry and e.m.f. 


Lan and AFin 


work of Svirbely and Selis.4) We see from Fig. 7 
that the excess entropies calculated from calorimetry 
and e.m.f. data are in excellent agreement with those 
obtained from calorimetry and phase diagram 
information. 

Zinc-tin. Two e.m.f. investigations are quoted for 
this system, the older work by Taylor and the recent 
study by Fiorani and Valenti.“ Fig. 8 shows that 
the excess free energies of zinc determined in these two 
studies are in good agreement for most alloy composi- 
tions. However, Taylor’s data at high zine contents 
appear to be somewhat too high, both compared with 
those of Fiorani and Valenti,, and with the phase 
diagram values. The apparent conflict between e.m.f. 
and phase diagram data at lower zine contents is 


almost entirely accounted for by the temperature 


dependence of A/’,,.”: We note the agreement between 


the two sets of excess entropy data. 

It should perhaps be stressed that the excess 
entropies calculated for this system may be some- 
what more uncertain than the corresponding data for 
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Fic. 7. Relative partial molal contents, excess free 

energies, and excess entropies of zine in liquid zinc—indium 
alloy s. 

present work, 723°K 

AFin*, Svirbely and Selis, e.m.f., 700°K 

AFin*, phase diagram, 575—658°K 

calorimetry and phase diagram 

calorimetry and e.m.f. 


Lan and 


the calorimetric 


heat data for zinc—tin are somewhat less reliable than 


the other alloys. This is because 
the more recent heat data reported for the other 
systems. 
Zinc-gallium. Excess free energies for zinc 
gallium alloys derived from the recent e.m.f. study of 
Genta, Fiorani and Valenti® are given in Fig. 9 
along with corresponding data calculated from the 
phase diagram work of Puschin et al.“%) We note that 
the corresponding excess entropy curves agree as to 
order of magnitude, but that there is some discre- 
pancy in the high zinc range. In view of the relatively 
small electrochemical differences between zinc and 
gallium, which may have introduced errors in the 
e.m.f. data, we prefer the excess entropies calculated 


by use of the phase diagram information. 


EXCESS ENTROPY DATA. 
DISCUSSION 


In Fig. 10 we give a summary of the “best” excess 


SUMMARY OF 


entropy curves for zine in the four alloys studied in 
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calorimetry, 703°K 

AFin*, Taylor, e.m.f., 704°K 

AFin*, Fiorani and Valenti, e.m.f., 700°K 

AFin*, phase diagram, 505—660°K 

calorimetry and phase diagram 

calorimetry and e.m.f. 


Lan and 


the present work. The curves are valid for tempera- 
tures of the order of 600—700°K, and show certain 
features which merit some discussion. 

In previous work the author has speculated about 
the origin of the excess entropies which are frequently 
observed in binary liquid alloys. Recently he has 
advocated the view, originally advanced by Scat- 
chard,“ that the excess entropy in such systems, 
from the volume 


wholly or in part, may “arise” 


change associated with the mixing process.”) He has 


demonstrated also that a correlation seems to exist 
between the excess entropy and the volume ratio of 
the two components.) 

The entropy information derived in the present 
work suggests that these speculations may have been 
somewhat unrealistic. While we have still no really 
reliable information on the volume change on mixing, 
we are now led to believe that the most important 
factor in determining the excess entropy probably is 
the difference in valence between the two components. 

Thus we find that, although the two trivalent 
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calorimetry and e.m.f. 


metals indium and gallium have very different atomic 


volumes, there is a great deal of similarity between 


the excess entropies in their alloys with divalent zine 


We find also that the zinc-cadmium system, with a 


volume ratio intermediate between those of 


gallium and zinc-indium, has a very small excess 


entropy only. Finally we see that among the studied 


systems zinc-tin, with a volume ratio only slightly 


larger than that of zinc—-indium (1.8 as compared to 


1.7), has by far the largest entropy of mixing 


It is particularly interesting to observe that the 


excess entropy of zine in the zinc-indium, zinc 


gallium and zine-tin systems is roughly the same at 
equivalent electron concentrations (‘‘electron to atom 
ratios”). This correlation, which is especially con- 
vincing for alloys with reasonably large zinc contents, 
suggests that the excess entropies may sometimes 
“obey” some sort of “‘Hume-Rothery rule’. In 
future work we shall explore additional alloy systems 
in search of other examples of this behavior. 

[t is unfortunate that most of the entropy data on 


liquid alloys reported in the literature are derived from 
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data 


usually are not accurate enough to permit a detailed 


e.m.f. work alone. Therefore the available 
comparison with the results of the present investi- 
gation. However, in the careful e.m.f. work of Elliott 
and Chipman"® on the alloys of cadmium with tin, 
lead, bismuth and antimony we find some evidence for 
a correlation between valence difference and excess 
entropy. It is also noteworthy that Riccoboni et 
al." recently found negative excess entropies of 


cadmium when monovalent copper is dissolved in 
divalent cadmium. 

The nature of the observed excess entropies, if 
these are indeed due to the valence factor, is a problem 
of considerable theoretical interest. In a quantitative 
way the problem may possibly be attacked by the 
methods adopted by Jones"®) and by Friedel”® in 
their theoretical work on the energetics of metallic 


solutions. Qualitatively we can “‘explain’’ the effect 
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by postulating a change in the electronic heat capacity 


of the system when metals of different valence are 
“‘lattice”’. 


tions of such impurities will change the concentration 


introduced into the zinc Finite concentra- 
of quasi-free electrons and displace the Fermi level. 


Elementary (i.e. “‘one electron’) theories indicate 
that these factors are both of importance in deter- 


mining the electronic heat capacity. 


ACKNOWLEDGMENTS 

It is a pleasure to acknowledge that the indium 
metal used in the present work was a gift from the 
Anaconda Copper Company, while the gallium metal 
was a loan from the Aluminum Company of America. 
The calorimetric work was performed in The Institute 
for the Study of Metals, The University of Chicago, 
and was supported in part by The U.S. Office of Naval 
mtract No. N-ori-02020 with the 


The author also wishes to 


tesearch under C 
University of Chicago. 
acknowledge the 
Metallurgisk 
Naturvitenskapelige Forskningrad 


grant of a research fellowship 


through Komité, Norges Tecknisk- 


REFERENCES 
O. J. Kreppa Det K. Norske Vidensk. Selsk. Skr. No. 6, 
1956 
O. J. KLEPPA 
TAYLOR 
. SVIRBELY and 8. M. SELIS 
1532 (1953). 
V. Genta, M. Frorani and V. 
Ital. 85, 103 (1955). 
M. Frorant and V. VALENTI Gazz. 
(1955). 
O. J. Kieppa J. Phys. Chem. 59, 175 (1955). 
M. Kawakami Sci. Rep. Téhoku Univ. 16, 915 (1927). 
J. LUMSDEN Thermodynamics of Alloys. Institute of 
Metals, London (1952). 
. J. FRIEDEL Advanc. Phys. 3, 446 (1954). 
O. KUBASCHEWSKI and E. L. Evans 
(2nd Ed.). Pergamon 


J. Phys. Chem 59, 354 (1955). 
J. Amer. Chem. Soc. 45, 2865 (1923). 
J. Amer. Chem. Soc. 75 


Gazz. Chim. 


VALENTI 


Chim. Ital. 85, 607 


Metallurgical 
Thermochemistry Press, London 
(1955). 
C. T. Heycocxk and F. H. 
383 (1897). 
N. A. PuscuHin, 8. STEPANOVI 
Chem. 209, 329 (1932). 
G. SCATCHARD Trans. Faraday Soc. 33, 160 (1937). 
O. J. Kieppa Tidsskr. Kemi Bergv. 9, 140 (1951). 
J. F. and J. Trans. Faraday Soc. 47, 
138 (1951). 
L. Riccopont, V. Genta, M. 
Gazz. Chim. Ital. 84, 982 (1954). 
H. Jones Proc. Phys. Soc. 49, 243, 250 (1937). 
C. Kirret Introduction to Solid State Physics. John Wiley, 
New York (1953). i 


NEVILLE J. Chem. Soc. 71, 


and V. Srasgiz Z. anorg. 


FIORANI and V. VALENTI 


\ 

232 
| 

AS’ | 
S2, 
4+ 4 
| 
A 
Zn-Sn 
| 
l 
5 
6 
9 
10 
] 
l: 
] 
li 
l¢ 
17 


THERMODYNAMIC ANALYSIS OF BINARY LIQUID ALLOYS OF 


GROUP II B METALS 


II 


THE ALLOYS OF CADMIUM WITH GALLIUM, INDIUM, TIN, THALLIUM, 
LEAD AND BISMUTH* 


O. J. KLEPPAt 


Some new information is presented on the integral heat of mixing in the liquid alloys 


with gallium, indium, thallium and bismuth. 


of cadmium 


The results are discussed along with corresponding dats 


reported earlier for the cadmium-—tin and cadmium-—lead systems. 


The relative partial molal heat contents of cadmium are derived from the integral heat data 


corresponding excess entropies are evaluated from these 
energies available from e.m.f. studies and/or calculated from the appropriate 


quantities and the eq livalent exce 


phase diagrams 


excess entropies correlate roughly with the valence difference of the two components 


The excess entropies of cadmium are compared with the entropies of zinc in equivalent alloys involving 


this metal. This comparison seems to confirm that the valence difference of the two 


particular importance in determining the magnitude « 


components 1s Of 


f the excess entropy. 


ANALYSE THERMODYNAMIQUE DES ALLIAGES BINATRES LIQUIDES DES METAUX DI 


GROUPE II B 


LES ALLIAGES DU CADMIUM AVEC LE GALLIUM, L°’INDIUM, L’ETAIN, LE THALLIUM, 
LE PLOMB ET LE BISMUTH 


L’auteur présente quelques nouvelles données sur la chaleur totale des solutions dans les alliages 


liquides du cadmium avec le gallium, lindium, le thallium et le 


bismuth. II discute les résultats en 


relation avec les données publiées précédemment sur les systemes cadmium-—étain et cadmium—plomb 


Les enthalpies partielles par mdle (valeurs relatives) sont calculées & partir des données sur la chaleur 


totale. 


Les entropies en excés correspondantes sont évaluées & partir de ces valeurs et l’on trouve les 


énergies libres en excés équivalentes, dans des études sur la f.e.m. ot on les calcule a partir des diagrammes 


d’équilibre correspondants. 
de valence des deux constituants. 


L’auteur compare l’entropie en excés du cadmium avec l’entropie du zinc dans les 


de ce métal. 


Les entropies en excés sont en corrélation approximative 


Cette comparaison semble confirmer le 


la différence 


avec 


alliages équivalents 


fait que la différence de valence des deux con 


stituants est d’une importance particuliére pour la détermination de la valeur de l’entropie en excés 


ANALYSE 
CADMIUM 


THERMODYNAMISCHE 


DIE LEGIERUNGEN VON MIT 


FLUSSIGER 
GALLIUM, 


LEGIERUNGEN VON 
INDIUM, 


I] 
ZINN, 


B-METALLEN—II 
THALLIUM, BLEI 


UND WISMUTH 


Einige neue Werte der integralen Mischungswarmen fliissiger Legierungen von Cadmium 
Indium, Thallium und Wismuth werden mitgeteilt und zusammen mit entsprechenden, scho1 
verOffentlichten Daten iiber die Systeme Cadmium-—Zinn und Cadmiun 


mit Gallium, 


Blei diskuriert 


Die partiellen molaren Warmeinhalte von Cadmium werden aus den Werten de 


chungswarme abgeleitet. Ferner werden aus 


zusatzlichen freien Energie, die man aus EMK-Messungen, 


diesen 


erhalt, die zugehérigen Zusatzentropien ermittelt. 


Gréssen und den entspreche 


beziehungsweise aus dem 


Zwist hen den Zusatze ntropien 


zunterschieden der beiden Komponenten besteht offenbar in groben Ziigen eine Korre] 


Die Zusatzentropien des Cadmiums werden mit denjenigen von Zink in analoge 


verglichen. Dabei scheint sich zu_ bestatigen, 


dass 


hinsichtlich der Grésse der Zu 


Valenzenterschied zwischen beiden Legierungspartnern von besouderer Bedeutung ist 


INTRODUCTION 


In a recent communication we surveyed 


thermodynamic properties of the four binary liquid 
zinc—indium, zinc-tin and 


systems zinc—cadium, 


zinc—gallium.”) In that work we concluded that the 
‘valence factor” is of greater importance in determin- 
ing the properties of liquid alloys of group II metals 


Thus it was 


than has previously been recognized. 


* Received July 11, 1957. 
+ Institute for the Study of Metals, University of Chicago, 
Chicago, 
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the 
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that clear-cut correlations could 


established 


found very 


between the difference in valence of the 


two components, on the one hand, and the energetic 
asymmetry respectively the excess entropy of mixing 
on the other. 

In the present report we shall consider a number of 
liquid alloy systems involving cadmium. It is planned 


to discuss some alloys of mercury in a future com 


munication. 
In the past the binary alloys of cadmium with lead 
studies 


tin, and bismuth were explored in e.m.f by 


| 
— 
10] 
1958 
integralen M 
Phasendiagrar 
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Elliott and 
extensive of the 
However, for 


Taylor and more recently also by 
We shall 


results of these investigations below. 


Chipman.) make use 
the alloys of cadmium with gallium, indium and 
thallium, no e.m.f. data are available in the literature. 
In these cases we shall depend on the binary phase 
diagrams for information on the free energy of mixing. 

In the present work we give first some new calori- 
metric data on the heat of mixing in the cadmium 
gallium, cadmium-—indium, cadmium-thallium and 
cadmium—bismuth systems. Corresponding data were 
reported previously for cadmium-tin and cadmium 
lead alloys. 

Partial molal heat data for cadmium derived from 
our own calorimetric work will then be compared with 
free energies obtained in the mentioned e.m.f. studies 
and/or calculated from the binary phase diagrams. 
TABLE 1. Molar integral heat of mixing in the liquid systems 


cadmium—gallium, cadmium—indium, cadmium-—thallium, and 
cadmium—bismuth 


Total 
g atoms Lod 


Composition 


AHM/J g atom 


(a) Cd—Ga, 350°C 545 0.9780 311 
.276 9570 594 

.288 9177 1051 

131 .8672 1514 

147 7683 2166 

.234 5787 2636 

329] 2408 

.137 .1969 1860 

113 1274 

.1093 1178 


290 
664 
.8215 948 
.7682 1145 
1402 
.3688 1249 
.2639 1008 
.2236 888 
.1050 467 


9449 624 
.9137 907 
1196 
1934 
5868 2284 
1396 
1859 1182 
.1264 821 
554 


1522 


0.539 
505 


1.48] 
0.787 
0.456 
0.314 
0.359 
0.449 
0.678 


1.279 


9506 
9101 
.8394 
.6407 
.3768 
.2048 
1272 


.O717 


VOL. 6, 1958 
In this manner we shall evaluate the excess entropies 
of cadmium in the considered systems. Finally we 
shall compare these data with the excess entropies 
of zine in the previously explored liquid alloys of this 
metal. 
EXPERIMENTAL 

The calorimetric mixing experiments reported in 
the in the high- 
temperature reaction calorimeter developed by the 


present work were carried out 


author.) The experiments on cadmium -gallium 
alloys were performed at 350°, and all other work at 
450°C. The metals used were of better than 99.9 per 
cent purity. No new experimental difficulties were 
encountered. 
CALORIMETRIC RESULTS 

Cadmium-gallium. The results of 10 
experiments carried out at 350°C are given in Table 
The molar integral heats of mixing, AH™, are 
along with values of AH™ 


mixing 


l(a). 
plotted in Fig. 1, 


Cc 


KILOJOUL 


M 


04 05 O6 OF O8 O9 Ga 
ATOMIC FRACTION, 


. 1. The heat of mixing of liquid cadmium—gallium alloys 
at 350°C, 


M —+ 12:0 
AH ‘OL 
= 10:0 
M 
| AHYXK 6, 
\H x 
= A Cd 
| 
b Cd-—In, 450°C 0.868 0 
0.610 0 
0.322 0 4:0 
0.708 0 
0.296 0 
0.330 0 
0.732 0 2:0 
0.269 0 | 
0.602 0 ' 
—{2800 
Cd-Tl, 450°C 0.711 0 
0.480 0 aa 2 
0.763 0 20 
0.251 0 
0.322 0 2000 5, 
0.610 0 
0.567 0 1600 
0 
1200 
—800 
d Cd-—Bi, 450°C 380 
0 58? 
0 729 +4 400 
0 S85 | | 
0 492 Cd OF 02 03 
0 328 
190 Fy 
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AH™ |(1 — xq), and of AH™ — Xeq). For the 
cadmium-gallium system the maximum 
AH™ is about 2.7 kJ/g atom. We 


system exhibits a moderate energetic asymmetry. 


value of 
note that the 


From a fundamental point of view, particular 

interest is attached to the properties of the two 

terminal solutions. In this range we have found it 

convenient to expand the integral heat of mixing in a 

power series of the mole fraction of the solute (x), i.e. 
AH™ = ax + ba? + h.o.t. 

The experimental plots of AH™/x vs. x give the 
following expressions for the integral heat of mixing in 
the moderately dilute range (i.e. up to about 15-20 
per cent solute): 

Cd-rich : AH™ 
Ga-rich : AH™ 


Cadmium-—indium. 


kJ. 


14.827,, 
12.6264 l6xG, kJ. 

We give the integral heats of 
mixing obtained in 9 experiments in Table 1(b), and 
in Fig. 2. The maximum molar heat of mixing is 
about 1.4 kJ/g atom, ie. 
corresponding value for cadmium-gallium. In 


roughly one-half of the 
the 
terminal solutions these analytical expressions for 
AH™ apply: 
Cd-rich : AH™ 
In-rich : AH™ 


Cadmium-thallium. 


4.9264 


The integral heats of mixing 


JOULE/G. ATOMS 


O04 05 OF O8 09 
ATOMIC FRACTION, 


Cd 


Fic. 2. The heat of mixing of liquid cadmium-—indium alloys 
at 450°C, 


LIQUID 


GROUP II B 


Fic. 3. The heat of mixing o 


are recorded in Table l(c) and are plotted In Fig 
For this sytem the maximum molar heat of mixing 
2.3 kJ 


those 


a value which is intermediate bet 
for the 


indium (1.4) 


atom, 


found cadmium-—gallium 
svstems 


cadmium 
In the 


terminal solutions we have 


AH™ 


AH™ 
: AH™ 


two 

expressions for 
Cd-rich 
Tl-rich 

results fo 


The 


Cadmium—bismuth. 


given in Table 1(d), and in Fig. 4. While no heat data 


are found in the literature for the above-mentioned 


cadmium-—gallium, cadmium—indium and 


thallium systems, the cadmium—bismuth alloy 
been explored in the past by several different ini 


gators. We have referred already to the e.m.f 


of Taylor and of Elliott and Chipman The system 


was studied also in calorimetric investigations by 


recently by Oelsen et al q 


Kawakami,’® and very 


The last-mentioned workers employed a promising 


AL OY S—11 235 
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OF 


Fic. 4. The heat of mixing liquid cadmium—bismuth alloys 


at 450°C, 
new calorimetric technique, which in favorable cases 
may throw light also on the entropy of mixing. 

Fig. 4 contains the heat curves of Elliott and Chip- 
man, of Kawakami and of Oelsen et al. along with the 
present results. It is obvious that Kawakami's data 
for this system are completely out of line. However, 
the disagreement among the other three investigations 
could be anticipated from the 


is not larger than 


experimental errors. It should be stressed, for example, 
that the curve which represents Oelsen’s results is 
derived from individual measurements which show a 
great deal of experimental scatter (about +20 per 
cent). 

The heat data for 
alloys show that the maximum AH™ in this system 
(at 450°C) is about 0.9 kJ/g atom. The following 


expressions for AH™ may be used in the two terminal 


reported cadmium—bismuth 


solutions: 
Cd-rich : AH™ 
Bi-rich : AH™ 


9.025; 30a}; kJ. 


2.3264 kJ. 


SUMMARY OF HEAT DATA. DISCUSSION 
We give in Table 2 a summary of the characteristic 
heat constants (a and b, see above) for the terminal 
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the terminal 
Data in kJ 


TABLE 2. Characteristic heat constants in 
solutions of seven binary cadmium alloys. 


Temp. 


) 1/ 2 


Solvent | Solute b/a 


450 Cd Zn 
Zn Cd 
350 Cd Ga 
Ga Cd 
Cd In 
In Cd 
Cd Sn 
Sn Cd 


solutions in the alloys of cadmium considered in the 
present work. The data have been taken from the 
results presented above and from work previously 


published by the author.“;* 


OJOULE /G.ATOM — 


ATOMIC FRACTION, 


Fic. 5. Integral and partial molal heat contents (LZ) in 


cadmium-—gallium, cadmium—indium and cadmium-tin alloys. 
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In Fig. 5 we present also a composite graph of the 
integral and partial molal heat data for the cadmium 
gallium, cadmium-—indium, and cadmium-tin systems, 
and in Fig. 6 a similar graph for the alloys of cadmium 
with thallium, lead and bismuth. The partial molal 
quantities plotted in these figures have been calculated 
from the experimental integral data by a simple 
analytical procedure described in the previous paper.) 
We recall here that the heat data for the previously 
explored alloys of zine show a correlation between the 
energetic asymmetry and the difference in valence of 
the 
discussed in the present work we still find that the 


the two components. For cadmium systems 
limiting enthalpies of solution (i.e. the constants a of 
Table 2) are larger for the multivalent metals dissolved 
But we 
observe no semi-quantitative correlation between the 


ratio of the limiting heats of solution (a,/a,) and the 


in cadmium than for the inverse processes. 


appropriate valence ratios. Thus we note that for the 
alloys of cadmium with the group III metals gallium, 


indium and thallium the heat of solution ratios are 
1.2, 1.5 and 1.8, respectively. The corresponding 


figures for zinc—gallium and zinc—indium are 1.6—1.7. 
From the data in Table 2 we see that among the 
explored cadmium systems heat ratios of this magni- 
tude are found for cadmium-—tin and cadmium-lead, 
i.e. in alloys with group IV metals. We note also that 
for cadmium—bismuth the ratio of the limiting heats 
in 3.2. 

It will be recalled also that in the alloys of zine we 
found that the ratios 
Z This 


obvious for the solutions of the multivalent solutes in 


-b/a were roughly equal to 
correlation was _ particularly 
zine, while it was somewhat less convincing for zinc as 
solute in the multivalent metals. 

From the data given in Table 2 we recognize that 
the mentioned correlation still holds quite well for 
the cadmium-rich solutions. 

b/a of 1.6-1.7 for the 


indium and thallium in cadmium. The corresponding 


trivalent metals gallium, 
figures for the group IV metals tin and lead are 1.9 
2.0, while the value for bismuth is 2.9. On the other 
hand, this valence correlation breaks down completely 
for the solutions of cadmium in the multivalent metals. 
In these cases we find a spectrum of values of —b/a 
which ranges from 0.5 for cadmium in thallium to 1.3 
for cadmium in gallium. 

For solutions of cadmium, indium and tin in zine 
we previously noted a rough proportionality between 
the values of 6, and the difference in valence of solute 
and solvent. We observe a similar proportionality for 
indium and tin in cadmium, in which cases the b’s are 


But the correlation 


12 and —23 kJ, respectively. 


LIQUID 


Thus we find values of 


GROUP 


ATOMIC FRACTION, X-,—= 
.6. Integraland partial molal heat contents () in « 


thallium, lead and cadmium—bismuth : 


cadmium 


lead and bismuth, with 


26 kJ. 


for thallium. 


Zi; 30 and 


hold 


values of b of 


does not 


It is particularly clear that the cadmium—bismuth 


system is out of line. However, we find that this 


+ 
tne! 


system deviates from the systematic trend in « 
Fig. 6 It 


petween ( 


seem quite 


well 


the 


respects as (see, e 


that 


likely interaction idmium and 


bismuth contains a significant amoul hemical 


character, in analogy with the cadmiun ntimony 


and zinc-antimony systems. But in cadmiun 


‘is not strong enough 


bismuth this chemical **bonding 
to give rise to stable intermetallic phases 

In conclusion, it may be stated that the co 
between energetic asymmetry and valence difference 


which is so very clear-cut for the alloys ot zin¢ Is 


less quantitive for the explored cadmium systems 


Nevertheless, 
the importance of the 


considerable evidence fo1 


there is still 


valence factor notadly in 


the cadmium-rich solutions 


EXCESS ENTROPY DATA 


General. In the present discussion we shal 


the usual simplifying assumption that the he: 
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entropies of mixing are independent of temperature 
For the 


systems covered in the present work, experimental 


(within the temperature range of interest). 


information contrary to this assumption is available 
only for cadmium-tin. For these alloys we shall 
accordingly take the known deviations from the 
Neumann—Kopp rule into account. 

For the liquid alloys of cadmium with tin, lead and 
bismuth we shall calculate the partial molal excess 
entropy of cadmium from our own calorimetric results 
combined with e.m.f. and phase-diagram free energies. 
We shall be able also to compare these entropy 
values with those derived from e.m.f. investigations 
alone. For cadmium-—gallium, cadmium—indium and 
cadmium-—thallium, on the other hand, e.m.f. data are 
not available. In these cases we must base our 
evaluation of the excess entropies on free energies 
from the phase diagrams (plus calorimetric data). 

Unfortunately, the phase diagram of the cadmium- 
gallium system is not very well explored and exhibits 
For this 


reason, we were unable to calculate meaningful excess 


a rather extensive liquid miscibility gap. 


free energies (and entropies) for this system. There- 
fore we shall in the present discussion consider only 
the alloys of cadmium with indium, thallium, tin, 
lead and bismuth. 

In deriving the excess free energies of cadmium at 
temperatures and compositions along the liquidus, 
we make use of the well-known thermodynamic 


expression: 


AStg(T — T,,) — RT In 


Here AS, is the entropy of fusion of cadmium, 
assumed independent of temperature between 7’ and 
the melting point 7’,,,, while x¢q and a(,4 are the equili- 
brium atomic fractions of cadmium in liquid and solid 
phase, respectively. From Kubaschewski and Evans'‘®) 
we obtain for AS{, a value of 10.8 J/deg. 

The solid solubilities of indium, tin, thallium, lead 
and bismuth in cadmium are all small, and have been 
Among the mentioned 
the most favorable 
Wilson and Wick‘®) 


the solubility of indium in cadmium is less than 


neglected in the calculations. 


solutes, indium and tin have 


“‘size-factors’. According to 
1 per cent. Stockdale” similarly states that the 
maximum solubility of tin is about 0.25 per cent. 
Neglect of solid solubilities of this magnitude introduce 
only small errors in the calculated partial molal excess 
free energies (50 J or less) and in the excess entropies 
(0.1 J/deg. or less). 

free 


Cadmium-—indium. The excess 


cadmium were derived from the phase diagram 


published by Valentiner.“” The data are plotted in 


energies of 
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the lower part of Fig. 7, along with the relative 
partial molal heat content curve from the present 
work. The calculated excess entropies are given in the 
upper part of the figure. 

Cadmium-—tin. We give in Fig. 8 the excess free 
energies of cadmium as obtained in the two indepen- 
dent e.m.f. investigations of Taylor,’?) and of Elliott 
and Chipman.) The figure shows also the correspond- 
ing quantities calculated from the liquidus data of 
and the relative partial 


2) 


Hanson and Pell-Walpole,“? 
molal heat contents derived from the integral heats 
reported by the author.“ (We give [4 at two 
temperatures: 350°C (upper curve) and 450°C (lower 
curve.) 

In the upper part of Fig. 8 are plotted the excess 
entropies of cadmium derived according to the 
following procedures: 

(a) By combinations of the e.m.f. data with 

calorimetry. 

(b) By a combination of phase diagram data with 

calorimetry. 

(c) From Elliott and Chipman’s e.m.f. values alone. 

We note that there is some disagreement among the 
different entropy results. However, the disagreement 


is of significant magnitude only at lower cadmium 
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Fic. 7. Relative partial molal heat content, excess free 
energy and excess entropy of cadmium in cadmium—indium 


alloys. Data from phase diagram, 408—580°K and calorimetry. 
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Data from phase diagram, 462—572°K (and calorimetry) 
Data from Taylor,'?’ e.m.f., 704°K (and calorimetry) 
@ Data from Elliott and Chipman,'*’ e.m.f., 773°K (and 
calorimetry) 
Entropy data from Elliott and Chipman.‘ 


contents, and it seems likely that at least part of this 
disagreement may the temperature 
dependence of the entropy. This would explain, for 
example, that the excess entropies at the liquidus 
temperatures are slightly larger than those at the 


arise from 


(higher) e.m.f. temperatures. 
Cadmium-—thallium. The phase diagram 

and Puschin. 
The calculated 


informa- 


(13) 


tion was taken from Kurnakow 


No e.m.f. information is available. 


excess entropies are plotted in the upper part of 


Fig. 9. 

Cadmium-—lead. For this system we 
excess free energies from the e.m.f. studies of Taylor,” 
and of Elliott and Chipman,’ and from the phase 
diagram data reported by Janecke.“” In the upper 
part of Fig. 10 will be found the excess entropies 
calculated through the procedures described for the 


obtained the 


cadmium-tin system. 
We note again the agreement between the entropy 


data at high cadmium contents, and the less satis- 


factory correspondence at lower concentrations. In 
this case we are not able to explain the discrepancies 
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Fic. 9. Relative partial molal heat content, excess fre 
energy, and excess entropy of cadmium in cadmium—thallium 
alloys. 
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through the temperature dependence of the entropy 

since the author’s calorimetric work indicates that this 
dependence must be slight. To be on the safe side we 
shall make no final choice between the excess entropies 
m.1 


obtained from the e.m.f.s alone, and those from ¢ 


plus calorimetry. * 
bismuth. 


Cadmium The phase diagram informatio} 


for the 
the work of Kapp, 15) and the e.m.f. data fron 
Elliott and Chipman. We 


igreement 


bismuth system was taken fron 


cadmium 


and from 
Fig. 11 that 
excess entropies obtained by combination 


good 


there is 


present 


sets of data with the results of th 
The entropy data derived dirt ctly Irom Elliot 
Chipman’s e.m.f.s differ little from these valu 


show a certain amount of experimental scatt 


DISCUSSION 


In our survey of the properties of the alloys of zing 


with cadmium, indium, gallium and tin a correlatio1 
was found between the magnitude of the partial mola] 


excess entropy of zine and the difference In the vale 
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Relative partial molal heat content, excess free 
excess entropy of cadmium in cadmium—lead 
alloys. 
Data from phase diagram, 542—565°K (and calorimetry) 
Data from Taylor, 2) e.m.f., 705°K (and calorimetry) 
@ Data from Elliott and Chipman,'*® e.m.f., 773°K (and 
calorimetry) 
Entropy data from Elliott and Chipman.‘ 


and 


of the two components. In particular it was noted 
that the excess entropy of zinc in alloys with gallium, 
indium and tin is roughly the same at equivalent 
electron concentrations (‘e/a ratios’). 

It is of interest to explore whether similar corre- 
lations can be established for the alloys of cadmium. 
first the 


cadmium-tin systems. In Fig. 12 we present a graph 


Let us consider cadmium-indium and 
of the excess entropy of cadmium in these systems 
along with data for the cadmium-antimony and 
cadmium—copper alloys. The data for the two latter 
systems are based on the temperature coefficients of 
the Elliott 
(Cd—Sb) and by Riccoboni et al.2® (Cd-Cu). 


We are not here concerned with the S-shaped part 


e.m.f.s reported by and Chipman’) 


of the curve for cadmium—antimony . This behavior 


undoubtedly arises from the short-range order 


(preference for unlike neighbors) in the mixture.“” 


However, when we disregard this complication, which 
is of little importance in the high cadmium range, 
Fig. 12 provides a striking illustration of how the 
excess entropy of cadmium changes with the difference 
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Fic. 11. Relative partial molal heat content, free 
energy, and excess entropy of cadmium in cadmium—bismuth 
alloys. 

Data from phase diagram, 426—574°K (and calorimetry) 
Data from Taylor,‘ e.m.f., 704°K (and calorimetry) 

@ Data from Elliott and Chipman,'®) e.m.f., 773°K (and 
calorimetry) 
Entropy data from Elliott and Chipman.‘ 


excess 


in valence. Thus we note, as we did for the solutions 
in zinc, that solutes of higher valence than the solvent 
give rise to positive excess entropies of magnitudes 
the 


And although the correlation between excess entropy 


roughly proportional to valence difference. 
and electron concentration is somewhat less quantita- 
tive than for the zine systems, it is still quite con- 
Also it is 


interesting to see that when cadmium is alloyed with 


vinecing at high cadmium concentrations. 


moderate quantities of copper, i.e. with a metal 


belonging to group I B, we find negative excess 


entropies which are comparable in magnitude to the 
positive deviations observed in alloys with indium 
which belongs to group III B.* 

As we go on to consider next the cadmium-—thallium, 
cadmium-—lead and cadmium-—bismuth systems, the 
between excess and valence 


correlation entropy 


* However, note the single positive excess entropy observa- 
tion at xed ~ 0.9. It is conceivable that the excess entropy 
of cadmium in Cd—Cu starts out with a positive sign at high 
cadmium contents. 
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Fic. 12. Excess partial molal entropies of cadmium in 
liquid alloys with copper, indium, tin and antimony. 
Data on cadmium—copper from Riccoboni et al.,?* on 
cadmium—antimony from Elliott and Chipman. 


Thus we note from Fig. 13 
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‘correct’ 


difference is less clear-cut. 
that although the excess entropy of cadmium in 
increases in the 

Cd—-Pb < Cd-Bi), 


excess entropy 


cadmium range 


Cd-T! 


no simple correlation between 
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Fic. 13. Excess partial molal entropies of cadmium in liquid 
alloys with thallium, lead and bismuth. 
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in some liquid alloys with group III metals 


We see 


cadmium contents the excess entropies of cadmium 


Excess partial molal 


electron concentration. also that at lower 
in cadmium-lead alloys fall below those in cadmium 

reflects that the 
these 


also that work on the 


thallium. This possibly effective 


valence of lead under conditions is 


It is recalled here 


metallic 
lower than 4. 
alloys of thallium, lead and bismuth 


with copper, 
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silver and gold shows that the usual Hume—Rothery 
valence rules do not apply in these systems. 

Let us now compare the excess entropy data in 
In Fig. 14 we 
these 


equivalent zine and cadmium alloys. 
first the 
divalent metals in four alloys with group HIB 


give excess entropy curves for 


elements. We see that at high cadmium and zine 


contents -0.7] there is no. significant 


difference between the four entropy curves. However, 


at higher solute concentrations we get a certain 


spectrum of values. Under these conditions, other 
factors presumably modify the working of the ‘“‘valence 
factor’. We note, for example, that at high indium 
contents the zinc—indium curve runs higher than that 
for cadmium-indium. This may possibly reflect the 
atomic size, since the “‘size 


additional influence of 


factor’ is larger for zinc—indium than for cadmium- 
indium. 

In Fig. 15 we finally show the excess entropy 
curves for zinc and cadmium in alloys with some 
metals from groups IV B and V B. 


the influence of non-valence factors may be recognized 


In this graph 
even more readily. Thus we note that the zinc-tin 
system exhibits substantially large entropies than 
cadmium-—tin, much in the same way as zinc—indium 
shows larger entropies than cadmium-—indium. 

15 also that 


than 


On the other hand, we see from Fig. 


cadmium-tin has larger excess entropies 
cadmium-lead, in spite of the larger size factor in the 
latter system. This may of course have some con- 
nection with a possible lower metallic valence in lead. 

The new entropy data reported in the present work 
lend support to the view advocated in the previous 
paper that the excess entropies in the considered 
the 


difference in valence between the two components. 


alloy systems in large measure “arise” from 


Presumably the observed effect is due to the change in 
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the partial molal electronic heat capacity when the 
effective electron concentration is changed through the 
alloying of zine or cadmium with metals of higher (or 


lower) valence. 
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THE MODE AND MORPHOLOGY OF MASSIVE TRANSFORMATIONS 
IN Cu-Ga, Cu-Zn, Cu-Zn-Ga AND Cu-Ga-Ge ALLOYS* 


T. B. MASSALSKI} 


This paper reports on a study of the mode and morphology of massive transformations in th 
of Cu-Ga, Cu-Zn—Ga, Cu-—Ga-—Ge and Cu—Zn alloys. 
Metallographic and X-ray work show that in extreme cases massive 


growth of incoherent grain boundaries, and possess no c1 


phases form Dv a ver, 
‘ystallographic relationship with respect to 1 
parent phase. In less extreme cases partially coherent nucleation, resembling martensitic nuck 
is probably taking place. 

The relationship between massive-type transformations and nucleation-and-growt 
transformations is discussed. 


LE MODE ET LA MORPHOLOGIE DES TRANSFORMATIONS MASSIVES DANS LES ALLIAGES 
Cu-—Ga, Cu—Zn, Cu-Zn—Ga et Cu—Ga—Ge 
L’auteur étudie le mode et la morphologie des transformations massives dans les phases des 
Cu—Ga, Cu-—Zn—Ga, Cu—Ga—Ge et Cu—Zn. 
Par la métallographie et la diffraction des rayons X 


alliages 


, il montre que dans les cas extrémes, les phases 
massives se forment par une croissance trés rapide de joints de grain incohérents et qu’elles ne possédent 
aucune relation cristallographique avec la phase adjacente. Pour les cas moins extrémes, l’auteur 
discute la germination partiellement cohérente et les transformations martensitiques 


ART UND MORPHOLOGIE “MASSIVER” UMWANDLUNGEN IN DEN LEGIERUNGEN 

Zn, Cu-Zn—Ga und Cu—Ga—Ge 

Die Arbeit berichtet iiber eine Untersuchung der Art und Morphologie 
in den /-Phasen von Cu—Ga, Cu-Zn—Ga, Cu-Ga—Ge und Cu—Zn. 


vandlungen 


Metallographische und Réntgen-Beobachtungen zeigen, dass sich die massiven Pha 
Fallen durch ein sehr schnelles Ausbreiten inkoharenter Korngrenzen bilden, und dass definiert 
kristallographische Orientierungsbeziehung zur Mutterphase besteht. In weniger extremen Fallen ist 
eine teilweise koharente Keimbildung, ahnlich der martensitischen Keimbildung, wahrs ich. 


Der Zusammenhang zwischen Umwandlungen des massiven Typs, solchen mit Keimbildung und 


Wachstum und martensitischen Umwandlungen wird diskutiert. 


1. INTRODUCTION 


The high-temperature body-centred cubic / phase 


in the system copper-gallium, shown in Fig. | 


cannot be retained at room temperature. On 


quenching from the / region, the copper-rich and 
gallium-rich alloys initially precipitate the face- 
centred cubic (x), and the complex cubic (jv) phase 
respectively, and the remaining matrix then trans- 
forms into a non-equilibrium close-packed hexagonal 
phase (referred to below as ¢) by a process of very 


rapid growth sometimes called the massive transforma- 


Temperature, 


tion. Over a broad range of composition on either 
side of the eutectoid point, £ alloys can be completely 
transformed directly into a close-packed hexagonal 
(1,2) 


phase. Furthermore, Massalski and Raynor's” 


have shown that ternary alloys in the systems Cu—Zn 


Ga and Cu-Ga—Ge quenched from the gallium-rich / 


* Received August 23, 1957. 

t+ Department of Physical Metallurgy, The University, Fic. 1. A portion for 
Birmingham, England; formerly at the Institute for the diagram in the region of t 
Study of Metals, University of Chicago, Chicago 37, Illinois, and Raynor J. Inst. Met 
U.S.A. HumE-RoOTHERY 
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Fic. 2. A portion of the isothermal sections at 750°C of the 
ternary Cu-Zn-—Ga and Cu-—Ga—Ge diagrams in the region of 
(6 phase (based on the work of Massalski 


and Raynor':?)), 


the binary Cu—Ga 


In this 


case, however, some unusual features which vary with 


region also transform in a similar manner. 


composition of the alloys and quenching conditions, 
are observed. Details of the mode and morphology 
of these transformations, and their relationship to 
similar transformations in other systems, are treated 


in this paper. 
2. EXPERIMENTAL PROCEDURE 
During the course of the investigation about 30 
alloys of predetermined compositions were prepared 
The the 
technique been 


subsequently analysed. purity of 
the 


lesecribed in sarlier paper. 
described in an earlier paper. 


and 


materials and casting have 


’ For the purpose of 
describing the typical features of the transformations 
under investigation, 7 alloys were chosen as being 
representative, and their compositions, as well as their 
positions within the binary and ternary diagrams, are 
shown in Fig. 2. 

For heat treatment, disk specimens, approximately 
thick, Homo- 


genizing was carried out in small, evacuated glass 


3-4mm dia. and 1mm were used. 


capsules, in a tubular electric furnace at 750°C, for 
several days. Short 


formed in a salt bath at 600°C. 
a solution of 10 per cent NaOH in water was used as 


isothermal anneals were per- 


Water. iced brine, or 


quenching media. 


Debye-Scherrer patterns were obtained using a 
monochromatic 
thin 


specimens produced by etching and made fine-grained 


Geiger-counter diffractometer with 


CuKa« radiation. Powder specimens, or rod 


Fic. 3. Alloy A, quenched from 750°C, unetched, polarized 


light. x 350. 


by a suitable heat treatment, were used. Laue back- 
reflection photographs from individual grains were 
obtained with tungsten radiation collimated to 


0-O1 in. or 50 uw diameter. 


3. EXPERIMENTAL RESULTS 

(a) The transformation in binary and ternary 

alloys 

The ¢ phase produced when alloys near the Cu-Ga 
eutectoid composition are quenched into water from 
the high-temperature /-phase field can be considered 
as a supersaturated extension of the equilibrium Cu-Ga 
¢, phase shown in Fig. 1. 

Fig. 


phase 


3 shows a typical photomicrograph of the ¢ 
obtained by quenching an alloy containing 
23.86 at. per cent Ga. The grain boundaries are of 
two types, either extremely irregular or of a linear 
The form of the 


grain boundaries and the general appearance of the 


nature resembling twin interfaces. 


structure would seem to indicate that the transforma- 
tion has not occurred either by a typical martensitic 
or a nucleation and growth process. 

An X-ray pattern obtained from this specimen 
showed only the lines of the close-packed hexagonal 
structure, thus indicating that it is a homogeneous 
material. The lattice parameters obtained from the 
alloy are compared below with the lattice parameters 
of the equilibrium ¢, and ¢, phases which also have 
close-packed hexagonal structures. 

Lattice parameters in (A) 


Alloy 


a Cc 


1.6330 
1.6310 


1.625. 


2.5980 
2.6004 
2.606, 


4.2425 
4.2413 
4.236, 


2—21.5 at % Ga 
at % Ga 


23.86 at % Ga 
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It is evident that the supersaturated non-equilibrium 
¢ phase continues the trend exhibited by the ¢, and 
¢, phases for the a parameter to increase, and the c 
parameter and the axial ratio to decrease linearly 
with additions of gallium. 

Although the microstructure shown in Fig. is 
typical of binary Cu-—Ga alloys on the low gallium 
side and also of certain ternary alloys containing some 
zinc, in the gallium-rich or gallium- and germanium- 
rich alloys the € boundaries are less irregular, and the 
grains are not only larger in size but show few internal 
markings. However, as the composition approaches 
the 
cated by the fact that it is more difficult to suppress 


- y)-phase field the microstructure is compli- 


the precipitation of y phase during quenching. This is 
illustrated in Figs. 4, 5 and 6, which show the charac- 
teristic form of y phase which has been precipitated 
within the f grains while the alloy cooled through the 


(6 + y)-phase field. The matrix in the micrographs is 


C phase formed by subsequent transformation of the 
f phase on further cooling. 
The presence of y-phase precipitate within the 


grains and along the boundaries of previously 


existing / grains serves the very useful purpose of 


delimiting the extent of such grains prior to their 
transformation into ( phase, and with their aid it is 
possible to deduce several interesting characteristics 
of the transformation. 

(1) Since some € grains produced during the quench 
are nearly 2mm in length (see Fig. 6), the 6— ¢ 
transformation must be very rapid. 

(2) The boundaries of ¢ grains appear to bear no 
relationship with the original /-phase boundaries, and 
a single ( grain may enclose areas which were originally 
in a number of /-phase grains. The crystallographic 


Alloy D, quenched from 750°C, etched in alcoholic 
FeCl,, polarized light. » 300. 


Fig. 4. 


‘u-Zn, Cu-Zn-Ga 


AND Cu-Ga-—Ge ALLOYS 245 
relationship between the # and € structures is not, 
therefore, an important factor in the development of 
the structure. 

(3) The long twin-like boundaries between some ¢ 
grains cross the previously existing $-grain boundaries, 
and hence cannot be due to shears within the # matrix 
Most probably they are growth twins formed during, 
or immediately after, the transformation 
(4) Although there is often less y precipitation near 
the edges of a specimen than at the centre, presumably 
efficient quenching at the 
both 


surface, 


the 


due to more 


nevertheless some € grains extend over 
peripheral areas, where € precipitation is scarce, and 
the central areas where it is pronounced. Such grains 
must enclose areas of gradually changing composition 
and have, therefore, continuously varying lattice 
parameters within a single C-phase grain. 

(5) Films of y phase along the original grain 
boundaries of /, and also individual rosettes, are often 
seen to arrest, or partially anchor, the advancing € 
grains. 

The form of the y-phase precipitation in the alloys 
is of additional interest because it gives a clue to the 
crystallographic orientation of the original / grains. 
As can be seen most clearly in Fig. 4, the Y precipitates 
This form of 


precipitation has been studied previously in Cu—Zn 


are in the form of dendritic rosettes 


alloys’® and has been explained in terms of the close 


750°C, etched in 


Fic. 5. Alloy E, 
FeCl,, polarized light. 


quenched from 
120. Showing an enlarged 


of Fig. 6 


| 


Fic. 6. Alloy £, as in Fig. 5. 


crystallographic similarity between the f (b.c.c.) and 


‘(complex b.c.c.) structures which causes the y phase 


to grow equally on all the {110} planes of 6 with the 
‘110}. planes parallel to the {110}, planes and [110] 


the The 


“rosette” appearance of the precipitates is a 


directions parallel to {110}, directions. 
typical 
result of sectioning, but they nevertheless clearly 
show the principal growth directions (see Figs. 4 and 5) 
and hence can be used to determine the orientation 
of the original f grains. This is most easily carried 
out by a 3-surface trace analysis. Two specimens 
were polished on surfaces intersecting approximately 


at right angles, and in each case the orientation of an 


Complete section of a disc sample corresponding to approximately 3 mm dia. 50. 


original large 6 grain was plotted on a stereogram, 
assuming that the great circles normal to the traces 
intersect in the {110}, poles. The estimated accuracy 
of the method is about 3-5 deg. of are. The orientation 
of the € grains within the / grain was then established 
by the Laue back-reflection method, and also plotted 
on the stereogram. No particular crystallographic 
relationship was found between a parent / grain and 
the new ¢ grains formed from it in either alloy. 

Laue photographs of several € grains revealed also 
that 
similarly oriented fragments whose individual orienta- 


some large grains consisted of many very 


tions varied by a few degrees. For example, a Laue 
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at! 


transferred to a 


Fic. 7. Alloy A, homogenized at 750°C, 
Etched in 


salt bath at 600°C for 5 min and quenched. 
alcoholic FeCl,, polarized light. 150 


photograph taken from the spot marked X in Fig. 6 


showed that it consists of at least 4 fragments of 


closely similar orientation. These fragments could 


not be distinguished when the area was examined 
under polarized light. 

Laue photographs taken from areas separated by 
a straight-line boundary, such as that in Fig. 5, 
showed that the contiguous grains were in twinned 


orientation. 


(b) The p with an intermediate 


isothermal anneal 


> transformation 


The fact that the rate of growth of the C grains is 
very rapid suggests that the /—» ¢ transformation 
occurs at a high temperature. It is of interest to 
determine whether the transformation of the first 
stage of the isothermal decomposition of the # phase 
into the equilibrium ¢, + y structure which occurs 
below 616°C, or whether it takes place only under 
conditions of continuous cooling. For this purpose 
several binary Cu-Ga alloys were examined after 
having been annealed at 750°C for 7 days, rapidly 
transferred to a salt bath at 600°C, held for 5 min and 
then quenched into brine. 

Fig. 7 shows precipitation of y in the matrix of ¢ 
in an alloy having very nearly the eutectoid composi- 
tion (23.86 at. per cent gallium). 
rosettes indicates that no precipitation of y has 


The absence of 


Alloy B. Treated as in Fig. 7. 
occurred while the specimen was cooling through the 
(P+ y)-phase region, and that during the transfer into 


the salt bath the 6 —> ¢ transformation was complete. 


Subsequently the y phase precipitated in the form of 
* 


small rods within C. 


* Spencer and Mack") suggest that the precipitation of 

within the € matrix takes place ‘“‘in the form of lamellae and 
small rounded particles’’. This 
sectioning a specimen 


was not confirmed in the 


present work. several directions 
revealed that almost all y precipitate consisted of batches of 
of long rods lying along certain crystallographic directions of 
es the small rounded appearance being a case of rods sec tioned 


nearly at right angles to their length 
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: 
Fic. 9. Alloy C. Treated as in Fig. 7 150 


ACTA 


Fie. 10. 
Etched in NH,OH 


Alloy B, quenched inl0 per cent NaOH from 750°C, 
H,O,, polarized light. 250. 


In the relatively gallium-rich alloy of composition 
24.95 at. per cent gallium precipitation of y occurred 
> region before the transformation (rosettes) 


Rosettes 


in the ; 


and in the € region afterwards (rods). 


possess different orientations on opposite sides of a 


', treated as in Fig. 10, etched in alcoholic 


250. 


FeCl,. 
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previous /-grain boundary (outlined by y) but in the 
subsequent y precipitation from the ¢ phase, in the 
form of rods, there are many directions in common. 
This fact, and the appearance of the microstructure 
under polarized light (Fig. 8), show that the two 
original # grains have become a single grain of ¢. 

In the alloy of 25.50 at. per cent gallium, shown in 
Fig. 9, most of the y precipitation occurred in the / 
region in the form of rosettes so that after the 6 — ¢ 
transformation further separation of y occurred by 
the growth of the rosettes with very little additional 
nucleation. The straight boundaries between three 
different € grains are of interest. Grain 1 (white) and 


2 (grey), 


y), see Fig. 9, are probably twins, and there are 
several similar 1—2 twins within grain 2. It is unlikely 
that grains 2 and 3 (black) are also twins but the 
micrograph suggests that there is a narrow 1-2 twin 
between grains 2 and 3, where these apparently meet 
that the 


general tendency towards twin formation in grain 2 


along a straight edge. It can be seen 
somehow arrested its lateral growth and enabled 


grain 3 to absorb the # matrix preferentially. 


(c) The transformation of P into a martensitic phase 


When, 
solutions of iced brine or 10 per cent NaOH in water 


in order to increase the rate of cooling, 


were used for quenching, all alloys investigated 
showed a tendency towards the martensitic type of 
transformation. In binary Cu—Ga alloys the martensi- 
tic phase could be produced near the edges of a disk 
specimen if the rate of cooling was sufficiently rapid, 
although it was rarely obtained in gallium-rich alloys. 
A micrograph showing a case where the / phase 
decomposed partially martensitically and partially by 
The 


boundaries where the martensitic phase meets the ¢€ 


the massive transformation is shown in Fig. 10. 


phase are of interest because they provide a clue as 
to which phase was forming predominantly when 
they were produced. The rather smooth boundaries 
in Fig. 10 suggest that the martensitic reaction which 
occurred at the edges of the specimen terminated on 
the The 


general outline of an advancing ¢-grain boundary 


meeting € grains growing from centre. 
delineated by the martensitic phase resembles the 
boundary of a growing grain in a recrystallizing 
specimen as observed by Beck” in aluminium. 

As mentioned before, when the rate of quenching 


was relatively slow some y precipitation occurred in 


gallium-rich alloys on cooling through the 6 + y 
region before the subsequent transformation of the 
matrix. The martensitic phase obtained in such alloys 
was limited to the original (6 grains, the martensitic 
acicular structure terminating at the grain boundaries, 
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Fie. 12. Alloy A, treated as in Fig. 10. 200. 


but the massive (-phase grains were again able to 


enclose areas from several original ( grains. An 


example of the resulting microstructure can be seen 


in Fig. 11. In some cases growth of a € grain has 


13. Alloy F, quenched in water from 
in aleoholic Fet ls polarized light. 


Fia. 
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occurred immediately after, or simultaneously with 
a local martensitic transformation.* In such a case 
the advancing ¢-grain boundary partially penetrates 
the 


absorbs them by 


“needles” and 


12). 


areas are, however, still visible behind the growing ¢ 


between martensitic partially 


growth (Fig. Some strained 


This type of irregular boundaries and 
the 


boundary. 


local fragmentation inside grains occurred in 
some specimens quenched in water at room tempera- 
ture; presumably both the { phase and the martensitic 
phase occurred nearly at the same time in many 
places in the specimen. In such cases it was often 
difficult to see a clear demarcation line between the 
martensitic phase and the massive C-phase patches 
and in such cases many ¢ grains possessed numerous 
irregular straight edges, the directional multiplicity 
of which ruled out the possibility that any simple 
crystallographic plane was involved. 

In the ternary alloys, additions of germanium 
favoured the massive transformation, and additions 
the 


relatively slow cooling produced a typical martensitic 


of zinc martensitic transformation; thus a 


structure throughout the entire zinc-rich specimen of 
composition 13.10 at. per cent gallium and 19.80 at. 
per cent zinc Fig. 13). 

Microhardness testing showed that martensitic 
areas were about 15—20 per cent harder than ¢ areas 


X-ray 


filings of 


powder photographs taken from quenched 
the 


several alloys showed in all cases 
relatively sharp lines of the ¢ structure superimposed 
on a high background intensity and some additional 
No high-angle lines could 
but the 


for by an 


lines of another structure 


be identified for this structure pattern of 


low-angle lines could be accounted ortho 


rhombic structure. In all cases it was more difficult t 
produce martensite in the filings than it was in thi 


lump alloy. 


d) The transformation of ternary two-phase Cu—Ga—Gt 
alloys 
The becomes 
progressively more stable with additions of zine and 


Hence in 


the system Cu-Ga-Ge it is eventually followed by 


ternary p phase based on Cu—Ga 


less stable with additions of germanium 


two-phase field, the 8 phase plus an equilibrium close- 
packed-hexagonal € phase," see Fig. 2 


The alloys which are two-phase at high temperatures 
hee yme completely close-packed-hexagonal on quer n 


ing to room temperature and they appear single- 


phase under polarized light (Fig. 14) However, on 


* Such as may have been caused when the silica capsules 


containing the specimens were smashed during quenching 
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Fic. 14. Alloy G, quenched in water from 650°C. Unetched, 


polarized light. 50. 


deep etching the prior existence of the 6 phase at the 
edges of { grains is clearly visible (Fig. 15). The com- 
parison of the two figures shows that during quench- 


) 


ing P grains have become absorbed by the already 
existing C grains, despite the difference in composition 
between / and ¢. Therefore, there must exist rather 
severe and abrupt changes of lattice parameters and 
axial ratio across some C grains after quenching, 
although the structure and orientation of the original 
C grains are maintained. This is probably why the 
existence of the original / grains can be revealed by 
subsequent etching. This mode of transformation is 


most unusual and deserves further study. 


e) The transformation of a coppe r-rich Cu-—Zn ) alloy 


It has been known for some time that copper-rich 
6 alloys in the copper-zine system can transform into 
a face-centred cubic phase on quenching.‘®,® 

During the present work one alloy of composition 
37.95 wt. per cent zinc, taken from a series of alloys 
Massalski Barrett,“° 
was quenched from 891°C studied 


recently investigated by and 
into brine and 


X-rays. The 


graphic appearance was very similar to that of Fig. 3, 


metallographically, and by metallo- 


and an X-ray powder photograph showed only the 


lines of a face-centred cubic structure. 


The lattice parameter calculated for this alloy, 
a = 3.700, A, 


corresponds exactly with the value 
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. 15. Alloy G, treated as in Fig. 14. Etched in alcoholic 


FeCl,. 50. 


predicted for an alloy of this composition by extra- 
polation of lattice parameter values obtained recently 
by Beck and Smith") for a series of equilibrium 
the 


centred cubic structure obtained by massive trans- 


face-centred cubic (x) alloys. Therefore face- 
formation of the # phase in Cu—Zn alloys can be 


regarded as a_ supersaturated extension of the 


equilibrium « phase. 


4. DISCUSSION 

It is becoming increasingly difficult to differentiate 
between the two types of transformations: nucleation- 
and-growth, and martensitic. 

Martensitic transformations usually take place at 
relatively low temperatures under conditions of 
rapid quenching, and proceed at high speeds. How- 
ever, it is known that in certain cases they occur very 
slowly and under isothermal conditions,“? and 
also that they may be supressed completely by a very 
rapid quench.“?-™ Because most martensitic trans- 
formations occur at relatively low temperatures they 
may be considered to be diffusionless, but if the M., 
temperature is high, complications due to diffusion 
are unavoidable. The most typical characteristics of 
a martensitic phase produced in a_ polycrystalline 
material may be summarized as follows: 

(a) A lenticular or needle-like appearance. 

(b) No change of composition. 
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(c) A strict crystallographic relationship between 
the martensitic and parent grains. 

(d) The (nucleation) habit plane is determined by 
the condition of least macroscopic strains along 
the shear interface. 

The nucleation and growth transformations usually 
occur by migration of high-energy incoherent grain 
boundaries. This process requires diffusion. How- 
ever, in cases where no change of composition occurs 
the the 


limited amount of rapid grain-boundary diffusion, 


between parent and new phase, only a 


and no bulk diffusion, takes place. There are con- 
siderable difficulties in nucleating high-energy inter- 


faces") and, in the majority of cases, nucleation is 


initiated by the formation of partially coherent 


interfaces of low surface energy, either within a 


parent grain (Widmanstiatten precipitation’), or 


with an adjacent grain at an existing grain boundary 
(discontinuous 

The characteristic differences between coherent and 
incoherent interfaces have been recently reviewed by 
Smith.“ 

Highly disordered incoherent interfaces once formed 
They can 
both 


tend to be isotropic and of high energy. 
move rapidly and allow ready relaxation of 
strain and composition gradients across the interfaces. 
Coherent interfaces possess low surface energy, and 
are readily nucleated both at grain boundaries and 
on suitable crystallographic planes within the parent 
Migration of 


interfaces involves an 


the 


grains. such 


accumulation of elastic strain in neighbouring 


lattice, and they cannot therefore, move rapidly over 


large distances. Coherent interfaces are most readily 
identified on photomicrographs by their linear o1 
nearly linear appearance, and it will be assumed that 
in all cases when straight boundaries were observed 
in the present work, at least partial coherence existed 
between the two lattices involved. 

The 


is related to both the martensitic and the nucleation- 


transformation described in this pape 
and growth-transformations. It appears that in the 
extreme case, it takes place by nucleation and very 
rapid growth of high-energy incoherent boundaries 
The term massive transformation used by Greninger“® 
for the case of Cu—Al alloys and Hull and Garwood‘? 
for the Cu—Zn alloy will be adopted here. 

In gallium-rich, or gallium- and germanium-rich 
alloys, the 6—»(¢ transformation is probably an 
example of incoherent grain-boundary growth without 
nucleation. As a 


semicoherent consequence, 


initial 
the massive { grains possess no particular crystallo- 
graphic relationship with respect to the parent / 


phase, and on microstructures appear as large grains 
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straight 
Fig 


general 


separated by uniform boundaries with no 


edges apart from occasional long internal twins 


6). The lack of straight interfaces and the 


manner in which the ¢ grains absorbed the previously 


existing p orains, together with available orientation 


data, thus suggest that in extreme cases there no 


crystallographic /—C relationship of any kind 
The difficulty of nucleating incoherent interfaces is 


well illustrated in Fig. 15, which shows that rather 


than nucleate new € grains within the unstable / 


phase of two-phase alloys, the existing equilibrium € 


have into and consumed the /-phase 


spite of the fact that the p 


grains crown 


erains in grains had a 
different 


high-temperature /—C 


composition than ¢. However, when the 


interfaces were straight and 


presumably coherent, such interfaces showed very 


little growth on quenching. Another example of 
arrested growth due to the presence of low-energy 
Fig. 9 
energy interface Is probably 


Whether 


sidered to be diffusionless 


interfaces is shown in In this case the low 
twin boundary 

the p > transformation be con- 
as do Hull and Garwood‘” 


Cu-Zn alloy, 


depends on the general definition of such transforma- 


when discussing massive x in thei 


tions. Lattice parameter measurements show that no 
change of bulk composition occurs on quenching and 
in this sense the process Is diffusionless. However, at 
interface an extrem«¢ ly I transtel! 


of atoms must be taking place that 


the incoherent 


but it is probable 


the movement of individual atoms is limited to only 


a few interatomic distances 


In certain zinc-rich or gallium- and germanium-poo! 


alloys, it 1S possible to p structures which 


exhibit both martensitic and 
of the 


difficult 


high-temperature pha 
to delineate learly 
regions which have transf 


cases It 


In such 


seems 


temperature lies clos 
point, and that it is possibl 
quenching for these tw 
taneously throughout a 
temperature 

At faster quenching I 
to merge into one another! s is shown 


The 


presence of many 


structure is characterize 


intermediate 
linear grain boundaries and 


+ 


existence of line marking within the individual g 


X-ray 


the Se 


examination of individual grains show 


consist of a number of sub-grains having very 


similar orientations. Because the / phase cannot be 


retained, it is not possible to study the crystallographic 


in edges with respect to the 


habit of the straight gra 
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parent $ grains. In the alloy examined by Hull and 
Garwood,'®) however, the transformation was only 
partially completed, and the authors were able to do 
a trace analysis. They found that in the greatest 
number of cases the habit of the straight edges could 
be accounted for by accepting the martensitic habit 
plane, of the {155}-{166! type, proposed by Greninger 
and Mooradian’® for the 
martensite transformation that occurs in the alloy. 


low-temperature 


If this were true in the copper-gallium alloys, it 
would indicate that the difference in the mechanism 
of formation between the massive { and martensite is 
not in the nucleation but in the fact that subsequently 
¢ grows incoherently and martensite coherently. 

In 1952, Bowles and Barrett'®® suggested that, if 
the structural orientation relationship between the 
parent and new phase is the same for both the 
diffusion-controlled and martensitic transformations, 
they may very well have grown from the same type 
of nucleus. Recent experimental work on precipita- 
tion in Cu—Be alloys by Bowles and Tegart'?” supports 
this suggestion. In that case the crystallographic 
relationship, and the habit plane of a precipitating 
body-centred cubic phase from a face-centred cubic 
matrix, can be treated by the phenomenological 
martensite theory of Bowles and Mackenzie.) The 
work of Hu and Smith ‘*) on annealed «f brass also 
shows that the crystallographic relationship between 
x and f is that of face-centred cubic/body-centred 
cubic matrix and martensite respectively, but that 
many straight «—-$ interfaces observed in the micro- 
structure correspond to no simple crystallographic 
habit plane such as in the case of Widmanstitten 
precipitation. A closer inspection of the «/ habit 
planes” suggests in fact that they are also strain 
invariant irrational interfaces as predicted by the 
phenomenological martensite theories. 

The general picture which emerges for the case of 
alloys based on the # Cu-Ga is that when supersatura- 
tion of the f phase is great and the quenching rapid 
enough to suppress the precipitation of the equili- 
brium phases but not enough to promote the martensite 
fp may decompose by the massive 


transformation, 
process of rapid growth of incoherent grain boundaries. 
For smaller supersaturation and rapid quenching, 
some massive € grains probably nucleate coherently 
on the strain-invariant planes of # and, if the M, 
temperature and the massive transformation tem- 
perature are high, the resulting transformation is a 
both shear and phenomena 


mixture of growth 


initiated by a very similar mode of nucleation. If 


this view is accepted, then under certain conditions 


many of the known transformations in Cu—Al,"® 
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Cu-Zn, Cu-Ga, Ag—Cd,) Ag-Zn®®) as well as that 
in pure iron can be of the massive type. The exact 
form of the transformed structure will depend upon 
the degree of supersaturation, the rapidity of the 
quench, and the position of the M, temperature. 
Attention may be drawn to the fact that the structures 
obtained by massive transformations in a_ binary 
system correspond with a supersaturated extension 
towards higher solute metal contents of an equilibrium 
phase, and that this mode of transformation is inter- 
mediate between a normal nucleation and growth 


process, which involves long-distance diffusion, and a 


martensitic phase which involves practically no 
diffusion. 
SUMMARY 

(1) The massive type of transformation occurs in 
many alloy systems and is intermediate in structural 
relationship, metallographic features, and the amount 
of diffusion required, between the normal nucleation 
and growth and martensite transformations. 

(2) The structure obtained by massive transforma- 
tions studied so far corresponds with the structure of 
an equilibrium phase already present in the phase 
diagram and supersaturated to compositions which 
lie outside its normal homogeneity limits. 

(3) In the extreme and the most striking form the 
massive transformation involves no crystallographic 
relationship with respect to the parent phase and in 
such cases it is extremely difficult to nucleate, but 
once it is nucleated it proceeds by a very rapid growth 
of incoherent boundaries. In certain cases, however, 
to overcome the difficulty, 
coherent nucleation resembling martensitic nucleation 


nucleation partially 
can take place, and be followed by incoherent growth. 

(4) If the massive transformation is suppressed by 
a rapid quench, a typically martensitic phase is 
obtained upon further cooling. 
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ON THE ENERGETICS 


OF CsCI-CsBr SOLID SOLUTIONS* 


VAINO HOVI+ 


By using a differential calorimetric method the heats of formation have been measured for CsCl 


CsBr solid solutions which were prepared in evacuated quartz tubes by fusion and then homogenized by 


annealing for 100 hr at 500°C. Theoretical heats of formation corresponding to the equilibrium at 


were calculated by 


means of Wasastjerna’s statistical theory for the same system. 


») 


The theoretical 


5 


results are in good agreement with the experimental data. Thus, the theory is applicable to the case of 


CsCl—CsBr as in the of the solid 


formation 


case 


just 


method for evaluating the critical mixing temperature of CsCl and CsBr, the value of 198.2 


was estimated. 


to the heat capacity 


1C 
of temperature. 
be only 1 per cent at room temperature. 


LES PROPRIETES 


Par une méthode calorimétrique différentiell 


ENERGETIQUES 


solutions of TICI-TIBr.“ 


at different compositions and temperatures were calculated. 


Values of the free of 
Using the common tangent 


75°C 


energy 


2°K 


Furthermore, the degree of local order (a) and the average configurational contribution 
) of a 50 mole per cent CsCl-CsBr solid solution were determined as functions 
It was shown that the configurational contribution to the total heat capacity ought to 


CsCl-CsBr 


de 


YES SOLUTIONS SOLIDES 
de 


‘auteur a mesuré les chaleurs formation 


solutions solides CsCl-CsBr préparées par fusion sous vide dans des tubes de quartz et homogénisées 


par recult a 500 C pendant 100 heures. 
a 25°C, 


el bon 
CsCl 


L’auteur 


1 
elle était 


comme 
a 
et temperatures. 


de 


ordre local 


critique 
ad’ 
solution solide 
cette 


(a) et 


a 50° 


montre que contribution dans la capacité 


température ambiante. 


ZUR ENERGETIK DER 


Die Bildungswarmen CsCl 
Di 


ymogenisiert. 


von 


500°C 


messen. 
Dis 
Theorie fiir ein Gleichgewicht bei 
TICI-TIBr 
‘raturen berechnet. 

CsCl 


he Bildungswarmen 


ebenso wie auf anwendbar. Freie 


und Temps 
75 


CsBr 
de 


und 
Konfigurations-Anteil 
als det 


inhalt betragt dansch nut 


Mischungstemperatur von 


der ttler 
Mischkristalls 


Warme 


ml e 


Funktion 


accord avec celles obtenues expérimentaleme nt. 


les solutions solides TICI 


mélange de CsCl et CsBr, on obtient la valeur de 198,2°K 
la contribution configurationnelle moyenne 

mOolaire de CsCl-CsBr, ont été déterminés en fonction de la température. 
thermique totale devrait étre d 


Cs( 


CsBr-Mischkristallen 
Proben werden in evakuierten Quarzrohren erschmolzen und dann 100 Stunden bei 
stimmen 
25°C berechneten Werten iiberein. 


Energien wurden fiu 


spezifischen 
Temperatur bestimmt. 


Ausserdem 


Les chaleurs de formation théoriques correspondant a l’équilibre 
ont été caleulées a l'aide de la théorie statistique de Wasastjerna. Les valeurs théoriques sont 


Dés lors, la théorie est applicable au cas de 


TlBr. 


également calculé les valeurs de l’énergie libre de formation pour différentes compositions 


En appliquant la méthode de la tangente commune pour déterminer la température 


75°C. 


i capacité thermique (AC 


D’autre part, le degré 


a le ) d'une 


L’auteur 
19 la 


, seulement a 


1-CsBr-MISCHKRISTALLE 


wurden mittels eines Differentialkalorimeters 
Wasastijerna’s statistische1 
CsBr 


verschiedene Zusammensetzungen 


den nach 


Somit ist die Theorie auf CsCl 


gut mit 


Nach der Methode der gemeinsamen Tangenten ergibt sich als kritische 
C. 


wurden der Nahordnungsgrad (¢) und 
CsCl-CsBr- 


Konfigurations-Anteil gesamten 


Warme 
Det 


eines 50°, igen 


am 


6 bei Raumtemperatur. 


In an earlier papel 


INTRODUCTION 
) the writer presented theoreti- 
cal values for the heat of formation of solid solutions 
of TICI-T1Br. 
with the experimental data by Nurmia.? 

The object of the to 
obtain knowledge of the same quantity in the case 
of CsCl-CsBr. 
obtained 


These values were in good agreement 


present investigation was 


For that purpose experimental data 


were using a differential calorimetric 
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method which was improved by the writer from 


an earlier method. In addition, theoretical results 
were calculated by means of Wasastjerna’s statistical 
to this the 
solid solutions. The 


second mixed lattice 


theory,>® case in 
same way as to the TICI-TIBr 
suitability of this theory for the 
the 


In order to estimate the gap of the mutual 


which was applied 


having caesium chloride structure was thus 


verified. 
solid solubility of CsCl and CsBr, 


energy of formation at different compositions and 


values of the free 


temperatures were calculated in the way explained 
the 


in an earlier paper.“ Furthermore, average 


configurational contribution to the heat capacity of a 


HOVI: ENERGETICS OF 
50 mole per cent solid solution was determined as a 


function of temperature. 


2. HEATS OF FORMATION 
Preparation of the CsCl-CsBr solid solutions. The 
CsCl-CsBr mixed crystals were prepared in evacu- 
ated quartz tubes by fusion and were then homo- 
The 
X-rays.‘ 


produced by 


genized by annealing for 100 hr at 500°C. 
homogeneity tested by 

The component, CsCl, 
EK. Merck (Darmstadt), catalog quality No. 2041. 
tested the 
method to ensure that it was practically free of K, 


was means of 


lighter was 


It was by flame spectrophotometric 
Rb, Fe, heavy metals, sulphates and nitrates. The 
heavier component, CsBr, was prepared from the 
Cs,CO, of E. Merck by the 


ventional way"® with HBr produced by the same 


neutralization in con- 


company. The purity of CsBr was also controlled 
This salt 
free of K, Fe, heavy metals, sulphates and nitrates. 


spectrophotometrically. was practically 


It contained, however, at the most 0.5 weight per 
cent Rb. 
Heats The 


appearing in Table 1 and Fig. 1 were measured by 


of formation. experimental results 
using the differential calorimetric method improved 
by the writer® from Fontell’s method.“ The solid 
solutions and the corresponding mechanical mixtures 
of the components were dissolved simultaneously 
25°C. 
between the dissolution heats was compensated by 
With knowledge of this 


compensating energy and the corrections explained 


in water at At the same time, the difference 


supplying electric energy. 


in an earlier paper® the final results (Q,,,) were 
obtained. 

As in the case of TICI-TIBr, the phenomenon of 
ion displacement and the state of ordering of the 
CsCl-CsBr be 


similar to KBr. 


mixed assumed to 
those of of KCl 
Thus, the theoretical heats of formation were calcu- 


crystals were 


solid solutions 


Mole fraction of the 
lighter component 


Solid solution 


.L7000 0.118 
34000 
84009 
50000 
50000 
66000 
66008 
83000 


CsCl-CsBr 


0.217 
0.264 
0.226 


0.120 


CsCl-C 


SOLID SOLUTIONS 


lated from the formula‘® 


vTV | l l 47) 


The meaning of the symbols of this formula and the 


calculation of the characteristic constants of the 


components (v7, and #,) from Wasastjerna’s equa- 


tion 1,6,12 


are explained in the papers. 


the values used for 


the 


In the numerical calculations 
and k 


equivalent were the same as those employed in the 


the atomic constants JN, « and 


energy 


previous paper.“*) The shortest interionic equili- 
brium distances in the lattices of CsCl and CsBr were 
R, 3.55690 10-8 em and R, 3.71193 LO 


respectively. They were calculated from the X-ray 


em 


data measured at 20°C by the writer. Furthermore 
the the 


determined from the corresponding values of th 


interionic distances of solid solutions were 


components with the aid of Vegard’s rule. Justifi- 
cation of this additivity rule was provided by the 
X-ray data measured by the writer’ for the solid 
solutions of CsCl—CsBr. 
The values 6.0966 « 10 
at 25°C 
CsCl and CsBr. 


12 and 7.1626 
were used for the compressibilities of 
These 


the experimental data of Bridgman.“* 


calculated from 
The 
expansion coefficients of CsCl and CsBr at 25°C 
and 135.12 
were determined from the experimental density data 
by Baxter and Wallace.“4 

Table |] 


The theoretical and experin ental data for the 


values were 


cubic 


namely 130.60 respectively 


contains the values of p. o 


of formation the equilibriun 


corresponding to 
and 500°C, 
the mole fraction of CsCl in Fig. | 
from Table | 1, the the 


in good agreement with the experimental data 


respective ly 


retical results 


and Fig. 


cal order 


* Experimental and theoretical data for the heat of formation have been communicated 


Society of Finland on October 15, 1956, in Helsinki. 


9. 
( Lp 
1) 
» 
| 
TABLE | 
Electrostatic } H 
Q 
oO 
0 39.3 116" 
0 63.9 74 
0 
0 72.6 19] 
0 26 
0 660.5 180 
0 24 
0 42.8 
the Mecting of the | 
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TABLE 2 


Compressibility 
KT bar-? xX 


CsBr 


3981 
.1626 
».9044 
1.7399 
9.59753 


3.4109 


131.03 
130.60 
130.17 
129.75 
129.33 
128.91 
128.50 


6.2315 
6.0966 
5.9618 
5.8268 
5.6922 
5.5564 
5.4613 


A Experiment 
© Theory 


Q cal/mole 
oO 


Fic. 1. The heat of formation of CsCl-CsBr solid solutions 
as a function of crystal composition according to experiment 
and Wasastjerna’s theory. 


theoretical values corresponding to the equilibrium 
at a lower temperature are smaller than the experi- 
mental data at every composition. The measurements 
were made on solid solutions annealed at considerably 
higher temperature. This is in agreement with the 
earlier observations on the difference Q,,., — Qyy in 
the KCI-KBr, KCI-RbCl, TIC 
TlBr.-3,6,15,16,17) Fig, 2 shows the degree of local 
of the lattice of CsCl-CsBr as a 
function of crystal composition. The order of magni- 
tude of o at 25°C is the same for the case of CsCI-CsBr 
as for the solid solutions of TICI-TIBr. 

The writer has found neither experimental nor 
the 
results of 


cases of and 


order, o, mixed 


theoretical investigations dealing with ener- 
getics of CsCl-CsBr The 
the present paper may thus give the first information 
the heat of this 


They also show the applicability of 


solid solutions. 


concerning formation of parti- 


cular case. 


Fic. 2. The degree of local order, o, corresponding to 25°C, as 
a function of crystal composition. 


Cubic expansion 


Interionic equilibrium 
distance 
R 108 em 


CsCl CsBr 


0.1553 
0.1550 
0.1547 
0.1545 
0.1541 
0.1538 
0.1536 


3.5608 3.7161 
3.5569 3.7119 
3.5530 3.7077 
3.5492 3.7037 
3.5454 3.6995 
3.5416 3.6954 
3.5378 3.6914 


Wasastjerna’s statistical theory to these ionic sclid 
solutions having the caesium chloride structure. 


3. FREE ENERGY OF FORMATION AND THE 
MUTUAL SOLID SOLUBILITY OF 
CsCl AND CsBr 
The numerical values of the free energy of formation 
at different temperatures and crystal compositions 


(2) 


Here Q,y stands for the fourth approximation of 
(1)). 
of the other symbols in the right side of this equation 


(5,6,11,12) 


were calculated from the formula‘” 


uty 


IF 


KN T log 


the heat of formation (formula The meaning 
is explained in earlier papers. 
Tables 2 


used for the numerical calculations of the free energy 


and 3 present values of the quantities 


of formation at different temperatures. 

Table 4 shows the values of o, TAS, Q;y and AF 
corresponding to the equilibrium at 223.2, 198.2, 
and 173.2°K. The free-energy values are represented 
by the graph in Fig. 3. We have chosen only three 
curves in order to fix attention on the deformation 
198.2°K. 
regular with one extreme point. At 198.2°K, however, 
At 173.2°K 


the changes in the shape of curve on both sides of 


which begins at The curve at 223.2°K is 


a slight deformation seems to appear. 


the middle composition are clearly perceptible. As in 


TABLE 3 


(CsBr) 


10.806 
10.848 
10.894 
10.947 
11.002 
11.043 
11.111 


256 
? > > Os 
T (°K) Al (R, — R,) l 
em 
CsCl CsCl CsBr 
323.2 4 135.58 
298.2 1 135.12 
273.2 134.67 
248.2 ( 134.22 
133.73 
198.2 133.32 
173.2 132.88 
A 
L ound 
/ 
VA 
y 
O2 0-4 0-6 08 
p 
TAS =Q 
/ 
ie \ 4 323.2 10.781 
/ Mel 298.2 10.785 
/ \ 273.2 10.834 
248.2 10.940 
i 0-2 0-4 0-6 0-8 +10 223.2 10.988 
p 198.2 10.976 
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TABLE 
al order 


Mole fraction CsCl Degree of loc 


198.2 


0.199 
0.093 
0.045 


-40 


-50 


-60 


cal /mole 


-70 


AF 


-80 


\ 


-100 


walk 


Fic. 3. The free energy of CsCl—-CsBr solid solutions as a 


function of crystal composition at different temperatures. 


and 


the of NaCl-NaBr, KCl-KBr. KCI 


RbCl. one might infer the existence of two mixing 


cases 


gaps in the present case from the shape of the curves. 
data this 


lacking. the 


However, the experimental confirming 
theoretical result are Furthermore, 


approximate character of the combinatory number 


may have some influence upon the appearance of 


3 


CsBr SOLID SOLUTIONS 


4 


VIV 


(cal/mole 


TAS 


(cal/mole 


163.4 
109.7 

67.8 


we must 


Although 


be careful not to go too far in our conclusions r¢ 


the solubility gap in two parts. 
garding 


the critical mixing compositions, we may 


applying the known common tangent method 
that the 
about 198.2°K 

The 
experimental investigations « 
the CsCl-CsBi 


solution te m perature Oud 


critical 
75 
reve 


ot the 


lealing witl 


found ho report 


writer has 


temperature of mixea 
O1Ve 


Wi 


result obtained in this study may thus 


information concerning this quantity. 


mention that the 


been calculated solely from the physically measul 


critical solution 


quantities of the components, without making 


of any observed energy quantity of the solid solution 


CONFIGURATIONAL CONTRIBUTION 
TO THE HEAT CAPACITY OF 
CsCl-CsBr SOLID SOLUTIONS 


4. 


transition 


previous paper ®) in terms of the formula 


evolved In 


The 
equilibrium state at T; 


energy 


to that at wa 


A 
T (°K) Af 
223.2 0.05 0.038 87.6 $1.2 46.4 
0.10 0.079 141.9 76.2 65.7 
0.20 0.164 214.8 128.6 86.1 
0.30 0.250 255.6 L59.8 95.8 
0.40 0.320 274.7 173.7 101.0 
0.50 0.352 279.4 178.1 101.3 
0.60 0.328 273.5 177.0 96.5 
0.70 0.260 254.2 166.4 $7.8 
0.80 0.172 213.9 137.9 76.0 
0.90 0.082 142.2 84.2 8.0 
0.95 0.04] 87.5 46.1 $1.5 
7 0.05 0.038 77.3 41.2 36.6 
0.10 0.084 126.1 75.9 50.2 
0.20 0.176 127.5 62.0 
0.30 0.272 224.2 156.7 67.4 
0.40 0.354 239.0 168.6 70.4 
0.50 0.395 241.4 171.1 70.3 
0.60 0.362 237.7 171.5 66.2 
0.70 0.283 | 163.2 9.5 
O.80 O.185 188.6 136.5 52.1 
0.90 0.088 125.9 83.8 $2.1 
0.95 0.043 77.6 16.0 31.6 
173.2 0.05 0.043 67.8 $1.1 26.7 
0.10 0.088 110.0 75.9 
0.20 0.189 164.4 126.6 37.8 
0.30 0.297 192.7 153.8 38.9 
0.40 0.396 202.9 162.7 10.2 
0.50 0.445 203.2 163.3 39.9 
0.60 0.406 201.3 164.9 36.4 
0.70 0.310 159.5 31.5 
135.2 
0.90 83.6 26.1 
0.95 16.0 21.8 
2 04 
06 08 10 
| P| whel 
Ib | 
-30 H Say 
173-2 
mm 
| 
| 
| 
4 
| 
Zz 
should 
| “4 
= 4Q, — 4Q, = 4H, — AH, = | AC, a7 
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TABLE 5 


Degree of local order 


AQ 


(cal/mole) 


46.30 
51.53 
57.35 
63.96 
72.46 


WS2 2252 2732 3232 


Fic. 4. The degree of local order, o, of a 50 mole per cent 


CsCl-CsBr solid solution as a function of temperature. 


Here AH, and AH, denote the heats of formation of 
the solid solution corresponding to the equilibrium 
at T, and T, (7, 
for the total change of the heat capacity, connected 
and 


the energies evolved in the transition from 


T,) respectively, AC,, stands 
with the formation of solid solution, and 
are 
a completely disordered state at 7, to the equilibrium 
at and T 
lattice vibrational contribution AC; was assumed to 
1Q, > 0), 


respectively. Furthermore, when the 


he equal to zero and T, —> ca (so that 
the configurational contribution to the heat capacity 
of a binary alkali halide solid solution was expressed 


by the following approximation: 


1Q) 


(A(cQ,9) 


“A 


ol 8 


223-2 273-2 323°2 


the 
solid solution 


Fic. 5. The configurational contribution to 
> 


heat capacity of a 50 mole per cent CsC]—CsBr 


average 


as a function of temperature. 


WI 
Ss 


AQ 
~ AT 


(cal/mole . deg.) 


AQ}. AQ, AQ, ly 


(cal/mole) 


3.30 
4.08 
§.23 
5.82 
6.61 
8.50 


A 
I73-2 2232 2732 3232 
T °K 
quantity as a function of tempera- 
CsCl-CsBr 


Fic. 6. The AC; 


the mole solid 


solution. 


ture in ease of a 50 per cent 
The meaning of the symbols of this equation is 


explained in the paper“® of reference. 

In Table 5 there are compiled the values of o, 
the absolute values of the energy AQ = oQ,6/8, the 
contribution to the heat capacity, 
1Q,./AT, for a 50 mole per cent CsCl-CsBr 
different Fig. 4 


shows a diagram representing the quantity o as a 


difference average 
configurational 
& 
solid solution at temperatures. 
function of temperature. The approximate values of 
IC’, are presented by the graph in Fig. 5. 
the 


IC’? in comparison with the total 


In order to get some idea about order of 


magnitude of 
heat capacity C’,* of the solid solution, values of the 
quantity ~ ACY/C,™ were calculated. 
Here,” is the heat capacity of the mechanical mixture 
Its values were determined by 


1 
p 


qc,” from the interpolation formulae presented by 


of the components. 


m 


means of the Kopp—Neumann rule C,, pC 
Kelley"® for the heat capacities C1 of CsCl and C,? 
of CsBr. icy’ /c,™ 
as a function of temperature. 
KCI-KBr, the 


seems to be quite small in the present case. 


Fig. 6 represents the quantity 
the 
contribution 


As in case of 
also 


At 


298.2°K it is only 1 per cent of the heat capacity C,”. 


configurational 


Thus, at least at room temperature the experimental 
verification of AC” will be difficult. In the case of 
KCI-KBr the writer suggested that the quantities 
1c? and AC?” ought to vary in opposite directions 
with increasing temperature. This view was supported 


958 ACTA 
T (°K) 
323.2 0.244 38.92 0.132 
298.2 0.264 42.22 0.163 
273.2 0.288 0.209 
248.2 0.317 0.233 
223.2 0.352 0.264 
198.2 0.395 0.340 
173.2 0.445 
0-5- 
30 
D 
* 
9.3L 2 10 
& 
$ 
= 
~ 
|_| 
173-2 
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by the experimental data of Popov, Skuratov and REFERENCES 
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A SIMPLE TREATMENT OF ORDERING KINETICS* 


A. S. NOWICK? and L. R. WEISBERG? 

The differential equation for the kinetics of ordering, derived by Dienes from chemical rate theory, 
making suitable approximations, into a second-order differential equation whose 
It is shown that these functions adequately describe the data for 
It is further shown that the rate constant, x, which appears in 


is simplified, by 
solutions are hyperbolic functions. 
changes in long-range order of Cu,Au. 
these equations is given to a good approximation by an Arrhenius-type equation in which the frequency 
factor and activation energy have simple interpretations. 
SUR UNE THEORIE SIMPLE DE LA CINETIQUE D’ORDRE 

L’équation différentielle établie par Dienes, et relative a la cinétique d’ordre, est simplifiée par des 
approximations adéquates et se réduit & une équation différentielle du second ordre dont les solutions 
sont des fonctions hyperboliques. Les auteurs montrent que ces fonctions décrivent bien les modifica- 
tions observées dans l’ordre a grande distande de Cu,Au. En outre, il est établi que la constante de 
vitesse, a, intervenant dans ces équations, s’obtient avec une approximation acceptable, par une 
équation d’Arrhenius oti le facteur de fréquence et l’énergie d’activation ont des interprétations aisées. 
BEHANDLUNG DER ORDNUNGSKINETIK 


EINE EINFACHE 


Dienes aus der Theorie der chemischen Reaktionsgeschwindigkeit abgeleitete Differential- 
gleichung fiir die Kinetik der Ordnungseinstellung wird durch 
vereinfacht, wodurch sich eine Differentialgleichung zweiter Ordnung ergibt, die Hyperbelfunktionen 
zur Loésung hat. Funktionen die Messdaten iiber die Anderung der Fer- 
nordnung in Cu,Au hinreichend beschreiben. Weiterhin ergibt Gleichungen 


enthaltene Geschwindigkeitskonstante «x in guter Naherung durch eine Arrhenius-Gleichung darzus- 


Die von 


Einfiihrung geeigneter Naherungen 


Es wird gezeigt, dass diese 
sich, dass die in den 


tellen ist, bei der Frequenzfaktor und Aktivierungsenergie einfach zu interpretieren sind. 


In a recent paper, Dienes“ has presented a theory 
of the kinetics of the order—disorder transformation 
based on chemical rate theory. The disadvantage 
of the method is that the kinetic equation obtained 
is transcendental and so can only be solved numeri- 
cally for special values of the various parameters. 


had 


theory of ordering, but in 


Lothstein"? proposed an almost 


the 


Previously, 
identical solving 
kinetic equation he imposed, in effect, the restriction 
that the Bragg—Williams") 
meter S must be very close to 1, Le. that (1 S)< 1. 


long-range order para- 
This approach resulted in simple kinetic equations 
involving hyperbolic functions, which were shown 
to fit the available data quite accurately, even in a 
temperature range where Rothstein’s approximation 
does not apply. The purpose of the present paper is 
to show that these same equations can be obtained 
directly from Dienes’s theory under approximations 


much less restrictive than those used by Rothstein. 


THE KINETIC EQUATIONS 


According to Dienes’s presentation, a change in 
long-range order of an alloy of stoichiometric com- 
homogeneous ‘‘chemical”’ 


position is viewed as a 


* Received August 23, 1957. 

+ Work done at the Frankford Arsenal, Philadelphia, 
Pa. Present address: IBM Watson Laboratory at Columbia 
University, New York City. 

Ys RCA Laboratories, Princeton, N.J. 
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reaction in which an A atom on a correct site and a 
B atom on a correct site react to form a “wrong” 
A-B pair. Let the quantities A, and A, represent 
the the 
reactions, respectively, and let V., and NV, be the 
If the 
then it 


follows from the usual chemical rate treatment that 


rate constants for forward and _ reverse 
numbers of A and B atoms respectively. 


number of wrong atoms of each type is X, 


d (X N) 
dt 


where V N,+ Nz. 
The energy relations involved in the reaction 
described by equation (1) are illustrated in Fig. 1. 


Thus, the rate constants A, and K, are given by: 


(U+V)/kT7 
| 


2) 

The frequency factors y, and v, involve vibration 
frequencies and activation entropies for the forward 
and reverse reactions, respectively, as well as appro- 
priate geometrical factors. The energies U’ and V 
which appear in equations (2) are defined by Fig. 1. 
The long-range order parameter S, and the “disorder 
parameter’, y = 1 —S, are related to the fraction 
of wrong atoms X/N by 


(3) 


At, = 
kK, 
260 


AND SIMPLE 


NOWICK 


ENERGY 


REACTION COORDINATE 


representation of energy relations 


pau 


Fic. l. Schematic 
involved in the interchange of an A—B 
the atoms from “‘right”’ to “‘wrong”’ lattice positions 


which takes 


is 1/4 for an A B-ty pe alloy 


where 
3/16 for an A B,-type alloy. Substitution of equations 
(2) and (3) into equation (1) results in the basic 


kinetic equation in terms of the disorder parameter, y: 


la 
dy Kv} 


y~ 
dt : 


In general, V is a function of the instantaneous value 
of y, and so equation (4) is transcendental. Dienes’s 
procedure is to assume the Bragg—Williams approxi- 
mation, 

V y) 


Vo, l 


to solve the kinetic equation through 


’,and V 


numerical 


and then, taking certain values for y,. a 
calculations. * 

In the present approach the assumption is made 
that the change in the disorder parameter between 
the equilibrium 
This 


restriction rules out the possibility of application of 


the instantaneous value, y, and 


value, y,, is not large compared to unity. 


the theory to the transition from complete disorder 
to a state of long-range order: such reactions, how- 
ever, do not fall within the framework of the chemical! 
theory since they are usually not homogeneous, 
but rather involve a process of nucleation of domains 
of long-range order.) The above assumption is 
particularly applicable to an alloy such as Cu,Au 
in the the 


since the equilibrium value of S varies from about 


range below critical temperature 7’ 


0.8 just below 7’, to 1.0 at very low temperatures. 
It is this particular alloy for which all of the data 
which permit a test of the chemical theory have been 
obtained up to the present.“~* It should be pointed 


out that unlike in Dienes’s paper, no assumption is 


* Rothstein derived an equation almost identical to 


equation (4), and integrated the equation under the assumption 


that V is constant, and y l. 


TREATMENT OF 


ORDERING KINETICS 

made here concerning the dependence of the ordering 
energy, V, on the parameter y. 

The equilibrium value of the disorder parametet 
Q in equation } 


is obtained by setting dy/dt 


Thus 
y 
When equation 


following result 


(6 


where V, is V(y,). is expanded 


in a Taylor series about 7] y,, the 


is obtained (in terms of dy 


dy 


where —— 
Py? 


| denotes dV dy gy 02 et 


and the subscript e implies the particular 


quantity is evaluated at y y [t is important t 


note that as 7’ > > 0. but both and > 


nevertheless, because of the exponential depe ndenee 


products like y,¢,, y,7¢ 


of y, on T* (equation (6 


and yf’, all go to zero rapidly with decreasing ten 


perature. Consequently, at low temperatures thi 


right-hand side of equation (7) becomes simply 


(Oy)*, and all higher terms in dy drop out 


2y OY 
At higher 


of the 


temperatures, the quantities 


order unity (or, at most, 10 


are 
fore, it may be seen that imposing the 


doy <1 will assure that the term in 


that 


be small relative to those in dy and 


noted, however, that the same 


be used to permit one to elminate 


and thereby to obtain a first-order kineti 


In order to do this 


which is surely not valid at low 


it would be quired that 
temperatul 
small Stated differently 


y, is very 


(dy)? cannot hye eliminated 
peratures 1t becomes the prin 
hand sid of equation z 


Th 
oy)? and hig 


differential 
her 


Its solution. given in the 


equation (7 with the 


omitted, is in quadra 


standard tables of 


is readily converted into the following 


membering that y—> y 


In view of the 
anticipated that this « 
to y should be at mos 
the critical t 
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Fic. 2. 


Variation of the parameter / with y,(,. 


function 
the 


the coth 


(increasing 


where applies when y> y, 


tanh function when 


The 


order) and 


y <y, (decreasing order). constants « and 2 


are given by 
ly, 


(10) 


1] 
(11) 


a constant of integration. 
the 


while 6 is Except for the 


appearance ot parameter A equation (9) re- 
sembles the kinetic equation of Rothstein,’ which 
may be expressed in the form 

y {coth | 


(12) 


Yy, ltanh} 
This last equation was derived by Rothstein under 
the assumption that the 
le. both l, 


energy V is a constant. 


order is almost perfect, 


and y, are and that the ordering 
These assumptions are 
valid only at very low temperatures. Since A— 0 
that 


conditions equations (9) and (12) do indeed become 


at low temperatures, it is clear under these 


identical. However, it has been found that equation 
(12) empirically fits the data of Burns and Quimby 
extremely well, even though the experiments were 
under conditions where Rothstein’s 


not carried out 


VOL. 6, 1958 

assumptions are valid. This agreement can be under- 
stood in terms of the present theory, since it will be 
shown that equation (12) is valid under assumptions 
which are much less restrictive than those of Roth- 
stein. In this connection it will be helpful to examine 
more closely the properties of the parameter A, 
defined by equation (11). In this equation, the 
term y,”¢’, may be considered as small relative to the 
first 
0.04 below the critical temperature) 


remaining terms, because y,” is small (e.g. 

in CugAu, y,* < 

and second because ¢’, may be expected to be smaller 

than It is 


examine the dependence of A on the parameter 


in absolute value then useful to 
y,C, given by equation (11) when the term y,?Z’, is 
Fig. 2 shows the form of this 
the 
2.5. (Note that C, is assumed negative since its 
V' is the 


must increasing 


set equal to zero. 


functional dependence in range y¥,C,=—0 to 


principal term, negative because 


ordering energy decrease with 


The 
sponds to <1 


disorder. ) case of low temperatures corre- 


and therefore to 2<l1, as 


already mentioned above. For future reference 


it should be noted that 2 becomes infinite at y,¢, 
\/2 and that 2 lL aty,¢, 2. 

In order to compare equations (9) and (12) it is 

the 


best to take the fractional difference between 


quantity 
d(y y,) dt 


d (coth™ y,) 
dt\tanh-) 


A F 


(y/Y,) 


(13) 


which appears in equation (9), and the quantity «,, 
given by 


d {coth I | 
Yy,) 


d(y/y,)/dt 
— (14) 


dt\tanh | (y/y,)? 


which is obtained from equation (12). Thus 
Y, 


Since equations (13) and (14) are, respectively, the 


(15) 


differential equations whose solutions are equations 
(9) and (12) the 


measures the accuracy of (12) as a substitute for (9). 


fractional difference 


It is readily apparent that («a — «,)/x will be small 
T—0O 4-0. At 
critical 


since as 


the 


at low temperatures, 


high temperatures, near temperature, 


* For example, if the Bragg—Williams approximation, 
equation (5), is assumed to be valid, then the term in V” 
is zero in the expression for C’,. 
of the order unity. 


The remaining terms are only 
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y + y, ~ 1, while the condition (y — y,) < 1 assumed 
earlier will make the fraction (a — «,)/x small so 
long as A is not close to —1.* The higher tempera- 
ture measurements by Burns and Quimby‘® and 
by Weisberg and Quimby on Cu,Au satisfy these 
requirements. In the intermediate temperature 
range, so long as —y,C, <1, A< 0.15 (see Fig. 2), 


(ARB UNITS) 


so that in practice is not difficult to meet experi- 
mentally the requirements for (« — «,)/«<l. 

The advantage of the use of Rothstein’s equation 
(12) in place of the more general equation (9) as the 
solution to the second-order kinetic equation is 


E, INCR. ORDER 


apparent when one considers how ordering kinetics 
are actually studied. In practice one measures the 
change in a physical property P (e.g. resistivity, 


modulus of elasticity, lattice parameter) as the 
degree of order changes. As first pointed out by 


2 4 
Lothstein, for small changes, dy, in the disorder 


ANNE 


parameter, the first term of a Taylor expansion may Fic. 3. Variation of Young’s Modulus, £ 


355°C after an abrupt temperature change 
The falling curve, fitted to the data for increa 
the coth function; the curve through the data f 


By (16) order 


be regarded as sufficient to relate P to y, or 


2 
I P» is the tanh function 


where P, is the value of P for perfect order (y= 0). for decreasing order were obtained by making an 
Equation (12) then becomes equivalent temperature change at f 0 from 340° 


y P P, {coth ) to 355°C. The curves drawn through the d 


y, P. P, \tanh '%1 Py) (17) the coth and tanh functions respectively 
‘ these functions to the data it is assumed that Y: 
where P, is the equilibrium value of the parameter P Modulus varies linearly with the disorder para 
at the temperature of measurement. In this form, y, in accordance with equation (16). Th 
the quantity B of equation (16) which relates the this assumption will be discussed 
change in property to the change in order, does not papers.» *) Fig. 3 shows that the 
enter. On the other hand, in order to utilize the more’ kinetic curves fit the data reasonably 
exact equation (9), B must first be evaluated for the better than an exponential function 
property under consideration. of a first-order reaction Another fe 
As remarked earlier, it has been known for some hyperbolic equations that is borne out expe 
time'® that the hyperbolic equations of the form of js the more abrupt leveling off in 
(17) fit the data for changes in long-range order for jng order, as compared to that 
Cu,Au below the critical temperature quite well. This difference is characteristi 
Fig. 3 shows more recent data? for the time variation between the behavior of the tanh and « 
of Young’s modulus of long-range ordered Cu,Au. obtained from the present second-or 
The data for increasing order were obtained from a_ jt would not be anti ipated from first- 
sample that had first been allowed to come to equili- 


EVALUATION OI x 
brium at 385°C and then, at ¢ = 0, the temperature 

was abruptly dropped and held at 355°C. The data The constant « given jui n (10 
eae dimensions of sec~! and represents the appropriate 


* The case where 7 becomes infinite offers no problem, rate constant for the ordering process equiv 
since then (1 A) > 1. The case of which occurs ‘ 
when 4,C, 2 (see Fig. 2) requires some consideration to the reciprocal ol! the relaxation time in first 
Examination of equation (7) shows that, for y,f, close to |jneties). Since « di pends only on the ten 

2, a small displacement of the order parameter from : 
equilibrium toward a condition of greater disorder results and not on the instantaneous order, it is 1 
in a situation in which the alloy does not return spontaneously factory as a_ kinetic parameter than 
to its equilibrium condition. This anomalous behavior, which : 
comes about from too rapid a dependence of the ordering change of order. dS/dt. used by Dien 
energy on the degree of order, has never been observed purpose of this section to evaluate x in 
experimentally and is therefore assumed to be physically 


unrealistic. form than equation (10) 
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Substitution of equations (2) and (6) for A, and y, 
into equation (10) gives for «: 


kT 


(18) 


At low temperatures, where y,—> 0, equation (18) is 
simplified, since «—> « , given by 


4 = ET (19) 


V(O). 


form of a frequency factor multiplied by a Boltzmann 


where V, Equation (19) is in the standard 


factor, with an effective activation energy of U LV. 


To evaluate x over a range in which it is not 


necessarily equal tO M4; it is convenient to take the 
ratio ,, which is 


(V 


(20) 


aja, =(1—y, 


and to express this ratio as a Taylor expansion about 
0. It should be noted that « 4 >l as 


held 


in accordance with its 


regardless of whether 7’ is constant. or 7’ is 


allowed to go to zero with y. 


functional dependence on y, given implicity by 


equation (6). This statement follows from the fact 


that as y, and 7’ both go to zero, the ratio y,/7’'— 0 


because of the exponential type of dependence of 


Thus y,¢,— 0, 
> 0. Accord- 
it is possible to expand equation (20) about 
holding 7 


jx, as an explicit function of y,) or regarding 7’ 


y, on T~!, as mentioned earlier. 
and (V, — V,)/T also 


ingly, 


0 either constant (i.e. regarding 


asia 


Since the former procedure is 
Thus. 


function of y,. 


the simpler one, it will be followed here. 


evaluated at y, 0. 
and 


In equation (21) the coefficient of the linear term, 


where is the quantity C, 


and similarly for the quantities (5, V’, = 


(x/x ,)/Oy,|,, has vanished, which makes 


1/4 | a fairly good approximation even at the 


For example, for Cu,Au, even 
that 


higher temperatures. 


20°C below T'., it is found‘®) the y,? term in 


equation (21) produces only about a 30 per cent 


from a/x% 1: at lower temperatures, 


of course, the correction term is even less important. 


deviation 


Thus, to a good first approximation, « is given by 
The 


kinetic equation therefore has an 


as, ie. by equation (19). rate constant. «. 


of the 
effective activation energy, U 


present 
which is the 
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arithmetic mean of the activation energies for the 
Fig. 1, for 
the case when the alloy is in a state of perfect order 
(y 0): 
which, except for a numerical factor whose value is 


forward and reverse reactions shown in 
also a has an effective frequency factor 
Appendix, is the geometric mean of 


derived in the 


the frequency and y,, associated with 


the 
Summarizing, it is found that the rate parameter, 


factors 1, 
right and wrong configurations, respectively. 
x, in the second-order kinetic equations for ordering 
may be expressed, approximately, in the simple 
form of an Arrhenius-type equation, in which the 
frequency factor and activation energy have simple 


physical interpretations. 
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APPENDIX 
It is desired here to evaluate the quantities », and 


vo, the the 
Arrhenius expressions for the rate constants K, and 


frequency factors which enter into 


kK, (see equations (2)), in terms of more fundamental 
the 


ordering, one regards atom jumps as though they take 


parameters. In formal “‘chemical’ theory of 


place by means of a direct interchange mechanism. 


Thus, the number of ‘‘right’’ A atoms (i.e. A atoms 


on g-sites) which go “‘wrong”’ (i.e., to /-sites) per 
second is the product of the following four quantities: 
the right A the 


sites (Z.) which are nearest neighbors to an «-site, 


number of atoms, number of /- 


the fraction of /-sites occupied by B atoms, and the 
B pair. 
(U+V)/k1 


frequency of interchange of a given right A 
The latter quantity may be written as »,-¢ 

where v, is the frequency factor associated with a 
right pair (which also includes an entropy of acti- 
vation in the usual way"). In a similar manner an 
expression may be written for the number of wrong 
B atoms which become right per second in terms of 
the frequency of interchange of a wrong A-—B pair, 
The difference 
between these two expressions is the net rate, dX /dt, 
the 


result 


which may be written as 1, 


at which number of wrong atoms increases. 


When the of the 


considerations is compared with equations (1) and 


obtained in terms above 


(2) obtained from the formal chemical theory, it is 
found that 


(A.1) 


and (A.2) 


VY p 


| C2 or") 
1) | (21) 
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where Z, is the number of /-sites which are nearest 
neighbors to an z«-site. Thus, for example, for the 
case of AuCuz,, Z,=—12, N/N,= 4/3 and so 
16 v,, = 16 The frequency factor for the 
quantity « ,, equation (19), may then be expressed 


in terms of and as 


(°Z,N/N p) 


which is a geometrical factor multiplied by 


geometric mean of the frequencies y, and y, 
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ORDERING KINETICS IN LONG-RANGE ORDERED Cu,Au* 


R. FEDER,+ M. MOONEY? and A. S. NOWICK+? 


The kinetics of the change of order in a partly long-range ordered Cu,Au alloy, when the temperature 
is varied below the critical temperature, are studied in the range 210°-290°C by means of precision 
lattice parameter measurements. These data, and the results of Weisberg and Quimby for the range of 
temperature above 290°C, are analyzed in terms of the second-order kinetic equations predicted from the 
theory presented in a previous paper. The results show that the theory is obeyed remarkably well, in 
particular that the rate constant, x, which appears in the kinetic equations, varies exponentially with the 
reciprocal absolute temperature up to 320°C. The plot of log « vs. T-! gives an activation energy of 
2.03 eV and a frequency factor of 3.6 x 10 sec-!. In addition, the variation of ordering energy with 
the long-range order parameter is estimated. It is found that the energy to produce a wrong Cu—Au 
pair in the otherwise perfect alloy is in the vicinity of 0.4-0.5eV. This value is in good agreement 
with that obtained from calorimetric measurements, when the latter are corrected for the residual short- 


range order present above the critical temperature. 


LA CINETIQUE D’ORDRE DANS Cu,Au ORDONNE A GRANDE DISTANCE 

A l'aide de mesures précises des paramétres réticulaires, les auteurs étudient la cinétique de la variation 
d’ordre dans un alliage Cu,Au partiellement ordonné a grande distance, lorsque la température varie 
entre 210° et 290°C tout en demeurant inférieure 4 la température critique. 

Les valeurs obtenues, ainsi que celles de Weisberg et Quimby pour les températures supérieures a 
290°C, sont comparées aux résultats des équations du second ordre déduites de la théorie présentée 
dans un travail antérieur. 

Il en résulte, outre une confirmation parfaite de cette théorie, que la constante de vitesse ~ intervenant 
dans ces équations varie de facon exponentielle avec l’inverse de la température absolue jusque 320°C. 
Le diagramme de log « en fonction de 7'-! donne une énergie d’activation de 2,03 eV et un facteur de 


1 


fréquence de 3,6 1014 sec 

En outre, les auteurs peuvent aussi estimer la variation de énergie d’ordre en fonction du paramétre 
d’ordre & grande distance. Ils trouvent que l’énergie nécessaire pour produire une paire Cu-Au dans 
un alliage par ailleurs parfait est voisine de 0,4—-0,5eV. Cette valeur est en bon accord avec celle 
obtenue par des mesures calorimétriques lorsqu’elles sont corrigées pour tenir compte de lordre résiduel 


a petite distance existant au-dessus de la température critique. 


ORDNUNGSKINETIK IN FERNGEORDHETEM Cu,Au 

Die Kinetik der Ordnungsanderung einer teilweise ferngeordnetem Cu,Au-Legierung wurde unterhalb 
der kritischen Temperatur, im Temperaturbereich zwischen 210° und 290°C, durch Gitterkonstanten- 
Prazisionsmessungen studiert. Deren Ergebnisse und die von Weisberg und Quimby fiir Temperaturen 
oberhalb 290°C werden im Rahmen der Reaktionskinetik 2. Ordnung analysiert, welche von der in 
einer vorhergehenden Arbeit dargestellten Theorie vorausgesagt wird. Die Theorie wird gut bestatigt 
gefunden. Insbesondere hangt die Geschwindigkeitskonstante « der kinetischen Gleichungen bis zu 
320°C exponentiell mit dem Kehrwert der absoluten Temperatur zusammen. Aus der Darstellung 
von log « gegen 1/T erhalt man eine Aktivierungsenergie von 2,03 eV und einen Frequenzfaktor von 
3.6 1014 sec-!. Ausserdem wird die Anderung der Ordnungs-energie mit dem Fernordnungspara- 
meter abgeschatzt. Es ergibt sich als Energie einer falschen Cu-Au—Bindung in einer sonst perfekt 
geordneten Legierung ein Wert in der Gréssneordnung 0,4—0,5 eV. Dieser Wert ist in guter Uberein- 
stimmung mit einem kalorimetrisch gemessenen, wenn man in diesem die oberhalb der kritischen 


Temperatur verbleibende Nahordnung beriicksichtigt. 


1. INTRODUCTION fall on one of the four simple cubic sublattices of 


It is well known that the alloy Cu,Au exists in the f.c.c. structure and the copper atoms on the 


a state of long-range order below the critical tempera- other three sublattices. At any given temperature 
ture, 7 390°C, in which the gold atoms tend to below T,, the long-range order under equilibrium 


conditions is not perfect but approaches greater 


* Received August 23, 1957; in revised form October 9, perfection the lower the temperature. The degree 
1957. 

+ Pitman-Dunn Laboratories, Frankford Arsenal, Phila- 
delphia, Pennsylvania. in terms of the Bragg—Williams™ parameter S, which 

* Present address: IBM Watson Laboratory at Columbia 
University, New York City. 
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of long-range order is most conveniently described 


ranges from zero for complete disorder to unity for 
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The work of Keating and Warren‘? 
has shown that S decreases from a value of 1.0 at 
and that it 
goes discontinuously from 0.78 to zero at the critical 


perfect order. 


low temperatures to about 0.78 at 7", 
temperature. Only short-range order is present above 
the Almost 
property of Cu,Au is sensitive to the degree of long- 
the 
parameter. 


critical temperature. any physical 


order, elastic 


and 


range particularly resistivity, 
lattice Each of 


properties has been used in the study of ordering 


constants, these 
kinetics. 

There have been several investigations concerned 
with the kinetics of the ordering process in Cu,Au. 
Until recently, this type of study always involved 
an initial quench from above 7’, (since the disordered 
state can easily be retained by quenching) and 
observation of the onset of long-range order by the 
measurement of the change of some physical property 
with time of annealing at a temperature below 7’, 
At as early a date as 1936, a careful study of ordering 
kinetics in this alloy by Sykes and Evans‘) showed 
that the the 
disordered state was far more complex than had 
that, 


instead of proceeding in a homogeneous fashion, 


process of formation of order from 


was shown 


been originally™ supposed. It 


ordering took place by a process of nucleation and 
growth. Furthermore, there are four possible sub- 
lattices on which gold could be located preferentially 
in the long-range ordered state. This situation gives 
rise to the formation of a network of ‘‘antiphase 
domains” such that, in each domain, gold atoms are 
located preferentially on a different sublattice from 
that of neighboring domains. A significant part of 
the change in properties during ordering seems to 
take place from the time these antiphase domains 
come into contact with one another, and therefore 
part of the property change is connected with a 
somewhat analogous to 


domain-growth process, 


grain growth in a recrystallized metal. Later work 
only served to demonstrate more clearly the com- 
plexity of the ordering process. Even in the simplest 
possible treatment of the kinetics, three parameters 
the 
fraction of the alloy that is ordered, the domain 


are required to describe the state of the alloy: 


size of the ordered material, and the long-range ordet 
within the domains. Experimentally, however, only 
one property is usually measured, and this isa function 
of all of the above-mentioned parameters. In view 
of these complexities it is not surprising, therefore, 
that it has not yet been possible to develop a quanti- 
tative theory of the kinetics of the process of develop- 
ment of long-range order from the disordered state. 

Recently, the emphasis in the theory of ordering 
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kinetics has shifted to what should be a much simpler 
kinetic process, viz. the change of order in an already 
As 
below 390°C the parameter S has a value of about 
OLS. 


long-range ordered specimen noted above, just 
Suppose a specimen initially has large domains 
this of S. 


dropped, S will increase to a new equilibrium value. 


with value If the temperature is then 
Similarly, if a specimen has been annealed to equili- 
300°C and 
S must decrease with time to its 380°C equilibrium 
Such a the sublattice 


is already determined by an existing state of long 


brium order at is then raised to 380°C, 


value. process, wher gold 


range order, can be imagined to take place homo 
geneously rather than as a nucleated reaction. In 
fact this type of process should constitute one of the 
solid-state reactions Con 


simplest conceivable 


sequently, it is not surprising that recent theories°~* 
of ordering kinetics have limited themselves to the 
consideration of homogeneous changes in the degree 
The first 


equations for the kinetics of such a process was that 


of order. attempt to obtain theoretical 


of Rothstein’ who treated the ordering process as 


a chemical reaction between an A atom on a wrong 


site and a B atom on a wrong site ‘‘reacting’’ to form 


‘right’? A and B atoms: however, he considered only 
the case of nearly 
Later 


without any restrictions on NS, 


pertect order, i.e. (1 


Dienes‘® the ‘chemical’? theory, 


applied 


to arrive at a trans 


cendental differential equation for the rate of ordering 


which could only be solved numerically. Recently 


Nowick and Weisberg" showed that Dienes’s equation 


may be reduced to Rothstein’s under assumptions 


used 


much less restrictive than those originally 


Rothstein. A more fundamental approach wa 


(8) 


who developed the theory ol 


the 


by Vineyard, 


kinetics without arbitrary 


assumpti 


ordering may be treated as a chemi 
and took into account the different po 


The 


equations 


mechanisms in the solid disadvantag 


that the ybtained ar 


treatment is 
complex to be readily compared with experi 
results 


On the experimental side, there is in the litera 


Kinetics 


only a limited study of ordering 


that are already long-range ordered. One 


principal reasons for the lack of experimenta 
is that the property changes involved are quite smal 
the 


since major change in each occurs 


prope 


wher Ss goes from 


across the discontinuity at, 7’ 


about 0.8 to zero. The measurements must therefore 


be made to a higher precision than those required 
for a study of the disorder-to-order transformation 
the 


The first experimental study of the kinetics of 
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change of long-range order was that of Burns and 
Quimby using resistivity measurements (although 
this work was primarily the by-product of a study 
of the transformation from complete disorder to 
an ordered state). Recently Weisberg and Quimby"”® 
carried out a more extensive study of the same type 
The 
that 


Young’s modulus measurements. 
differs the 


it utilizes lattice parameter measurements, and second 


by means of 


present work from others, first in 


in that the of investigation is extended to 


lower temperatures than those used by the other 


range 


investigators. It will be seen that the analysis of 
the kinetic behavior is the simplest at the lower 
temperatures. 

The theoretical approach that lends itself most 
readily to comparison with the present results is the 
modified form of the chemical treatment, developed 
by Nowick Weisberg. It is 


summarize here the equations which are obtained 


and desirable to 


from this theory, so that reference can be made to 
The 


terms of 


results are most 


the 


them throughout this paper. 


conveniently expressed in disorder 
S. The kinetic equation, derived 
that the 


is small (where y is the instantaneous value of the 


paramete) | 
under the assumption difference y — y, 


disorder parameter and y, is its equilibrium value) 
is given by 
y {coth | 


(at ») (1) 
Itanh| 


Y 
where « and / are constants for constant temperature. 
The coth function applies when the order is increasing 
in its approach toward equilibrium, while the tanh 
function applies when the order is decreasing. The 


equilibrium disorder parameter, y,, is given by* 


where [’ = 3/16 for an AB,-type alloy, v, and », 
are frequency factors for an A—B atom pair in “right” 


and V 


pair is made 


and wrong configurations, respectively, 


is the energ\ increase when a “right” 


In all 


transformation, V 


wrong theories of the order—disorder 


is regarded as a function of the 
disorder parameter, y. Finally it was shown that the 


rate constant % is given by 


rp 


>| kT 


* In reference 7 this quoted in terms of a 
differently defined pair of frequencies vy, and vy, but, as shown 
in the Appendix to that paper, V4/V» V,/V 


1 


‘quation 18 
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where JV,’ (dV /dy) and /dy*),, 


At low temperatures, the bracketed expression on 


y=0 0° 
the right-hand side of equation (3) goes rapidly 
to unity since, from equation (2), y, goes to zero 
in an exponential manner. Consequently one obtains 
the simple Arrhenius form for the rate constant «. 
It was further shown that Q is the mean of the 
activation energies for the process by which a wrong 
A-—B pair becomes right and that for which a right 
A-B pair becomes wrong, while the frequency factor 
%, is, for an A B,-type alloy, 


= 44/3 (4) 


u 


Therefore, except for a numerical factor, % is the 
geometric mean of the frequency factors associated 
with an A—B pair in right and wrong configurations, 
respectively. 

Actually the parameter y (or S) is not measured 
but rather a 


in the experiments to be described, 


physical property, P, which may be taken as a 


function of y. Only if this function is linear for the 
range of interest, or 
P— P By (5) 


0 
will the kinetic equation for P reduce to the simple 
form 
P Pp,  \tanh 


{coth | 
| (6) 
Here P. is the equilibrium value of the property 
P at the given temperature, while P. is the value of 
P that corresponds to perfect order (y O,orS 3 

Before it is possible to apply equation (6) to the 
data, it is necessary to check the validity of equation 
the of the 
properties of interest. These problems are dealt with 
in Section 4. In Section 


is then applied both to the present data and to the 


(5) and to obtain value of Pe for each 


5 the kinetic equation (6) 


measurements of Weisberg and Quimby, to give « 
as a function of temperature over a wide temperature 
range. 
2. EXPERIMENTAL METHODS 

The Cu,Au alloy was prepared by the Handy and 
Harman Company. Chemical analysis showed a com- 
position of 48.92 wt. per cent Cu, which is 74.83 at. 
per cent. The specimens used were in the form of 
powders, obtained by means of a number 4 file and 
run through a 100 mesh screen. The powders were 
sealed off in evacuated Pyrex tubes prior to all anneals. 

The lattice parameter measurements were made 
by means of a Norelco Diffractometer, using nickel 
Ka, radiation. The position of the (420) reflection, 


which occurred at Bragg angles near 82°, was used 


/ Viy,)/2k7 ») 
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Fic. 1. Variation of the lattice parameter (measured at 
25°C) during annealing of Cu,Au specimens initially quenched 
from 368°C, 


to obtain the lattice parameter. All measurements 
were at the ambient temperature, and the observed 
lattice parameter was corrected to 25°C. A specimen 
of Cu,Au in a fixed condition was used as a standard 
in order to permit correction for slight instrumental 
shifts and for variations in the ambient temperature. 
In view of the high angle of the reflection and the 
corrections mentioned, the precision attainable was 
about 1 part in 50,000. 

Specimens were initially heat treated in a vertical 
tubular held to °C. The 
initial anneal was for 90 hr at 368°C and was followed 


furnace which was 
by a quench into water. This treatment, according 
to Sykes and Evans," is sufficient to produce large 
domains* and the equilibrium degree of long-range 
order characteristic of 368°C. 
to this treatment fell 
majority of the specimens were annealed in the 


Anneals subsequent 


into two groups. A large 


275°C in an oven controlled 


temperature range 210 
to +0.5°C for various lengths of time (up to 1000 hi 
for the lower temperatures), while those specimens 
for which anneals above 275°C were required were 
the at the 


After each anneal the specimen was 


put back into tubular furnace desired 
temperature. 
cooled rapidly to room temperature and the lattice 
parameter at 25°C obtained. 

The present method of step annealing and cooling 
back to room temperature to make the measurement 
means that annealing kinetics could only be studied 
at those temperatures at did not 


occur too rapidly. Since the heating-up time of the 


which changes 


specimen placed into the annealing oven was observed 
to be about 2-3 min, the shortest annealing time used 


was 15 min, in order that the heating-up time would 


be relatively insignificant. 


* This statement was checked for the present specimens by 
observing that sharp superlattice reflections were obtained 
after the 368°C anneal. 


3. RESULTS 


Step anneals in the temperature range 210°-290°C 


were carried out on specimens which had first been 
permitted to attain equilibrium at 368°C and had 


In 
] 


long-range order was increasing during the anneals 


then been quenched. each case, therefore, thi 


from the equilibrium value corresponding to 368° 


characteristic of the 
The 

parameter of all specimens was measured at 25°C 
The of the 
as 3.7485 A Fig. | 
shows the results of the measurements which represent 
the of for 
seven different annealing temperatures in range 
210°C-290°C As both 

attainment of equilibrium and the lat ran 
with 


to a final equilibrium value 


particular annealing temperature used lattice 


initial lattice parameter, a specimen 


quenched from 368°C, was 


kinetics an increase in long-range orde 


the 


anticipated the rate of 


eTel 


Increasing 


a,, at equilibrium increas¢ 


temperature. For the 210°C anne 


equilibrium had not been reached even after LOOO hi 


Fig. 2 shows a plot of a, as a function of the temper 


ture at which equilibrium has been attained 


here the “equilibration temperature 


covered is 220°—390°C. Included are the 


of the 


as well as values of a, for temperatures gr 


lattice Fic 


ater tha 


parameters In the curves ol 


290°C, where the kinetics of attainment of equilibriun 


order are too rapid to be studied by the 
method 
ot Fig. 2 


attained even at 220°C, i.e 


It is apparent from the sh ipe ol the curve 
that complete orde! 1) has not bee 
the curve has not leveled 


lattice 


off to an asymptotic value of the parametel 
which would be characteristic of perfect order 
In to the Fig. | 


additional runs were carried out. These runs involved 


addition kinetic curves of two 


specimens quenched from 385°C (after the standard 


368°C anneal to grow large domains) and then step 
240°C Although thi 


and at 275°C 


annealed at 


3.7485 | ALE 
| 22¢ °c 
| 
| | he. B 290°C 
— 
37470 | 
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The rane 


ACTA METALLURGICA, 
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PARAMETER 


LATTICE 


250 300 350 


EQUILIBRATION TEMPERATURE °C) 


Fic. 2. Lattice parameter at 25°C as a 


to equilibrium prior to quenching. 
original data for these runs are not shown in Fig. | 


the different 
the values of « obtained from the analysis of these 


because of quenching temperature, 


measurements will be given in Section 5. 

4. INTERRELATION BETWEEN PROPERTIES 
As stated in the Introduction, it is not possible 
to proceed with an analysis of kinetic curves, such 
Fig. 1, first 


validity of the linear relation given by equation (5) 


as those of without checking into the 


and obtaining the value of P, for each property of 


the lattice 
Young’s 


interest. In addition to parameter, 


electrical resistivity and modulus should 


also be considered, in order to make possible the 
utilization of the kinetic data obtained by means of 


measurements of these two properties.“ In 
order to relate these properties to the long-range order 
parameter, data are required for the variation with 
temperature of the equilibrium long-range order para- 
meter, S, of Cu,Au. Such measurements have been 
made by Keating and Warren.'?) These workers made 
two sets of measurements, one set at the annealing 
temperature, and the second after quenching to 
room temperature. The second method, in general, 
gave values for S closer to unity than the first method, 
even when the annealing temperature was sufficiently 
low that no significant amount of ordering could be 
expected to take place during the quench. Not only 
is there a difference between results of the two sets 
of measurements of S, but results within each set 
show much poorer precision than that obtained in 
the measurement of any of the other properties 
under discussion. In addition to the data of Keating 


and Warren, a recent measurement by Chipman” 


on a sample quenched from 380°C gave a value of 


S = 0.8 for this temperature. In view of the fact 


that Chipman took into account corrections not 


function of the 
temperature at which the specimen had been allowed to come 
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Fic. 3. Equilibrium lattice parameter (measured at 25°C) 

as a function of equilibrium long-range order parameter, S, 

for the same annealing temperature. Open circle: 

ment of S by Chipman. All other points are the S measurements 

of Keating and Warren measured both at temperature and 
after quenching. 


measure- 


considered by Keating and Warren, it is anticipated 
that this single measurement should have greater 
Fig. 3 


‘hipman as well as 


reliability than the earlier one of reference 2. 
shows this value measured by 
the data of Keating and Warren plotted against the 
equilibrium lattice parameter, a,, for the corresponding 
Fig. 2. of the 


poor precision of the order-parameter measurements, 


temperature, taken from Because 
it is not possible, on the basis of this figure, to verify 
the validity of equation (5) nor to determine accurately 
the intercept, a), corresponding to perfect order 
(y = 0). 
by a more indirect procedure which will be described 


These objectives may, however, be achieved 


in the paragraphs that follow. 

With regard to the question of the validity of 
equation (5), it is important to point out that there 
is no fundamental reason to expect such a linear 
relation to hold over a wide range of S for the diverse 
physical properties under consideration. The only 
reason that the relation may be approximately 
below 7’. is that the total of S is 


small in this range. Thus equation (5) may be regarded 


valid variation 
as the first step in a Taylor expansion about y = 0. 
Accordingly, in the absence of experimental data 
which make possible a direct check of equation (5), 
it seems reasonable to suppose that if such diverse 
physical properties as lattice parameter, Young’s 


modulus and_ electrical resistivity are linearly 


related to each other in the temperature range below 
T’.., then they are all linearly related to S as well in 
this same range. 

The data to be compared with present values of 
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LATTICE PARAMETER (A) AT 25°C 


Fic. 4. Equilibrium value of resistivity, p-» and of Young’s 
modulus, #,, at a given temperature as a function of the value 
of a, for the same annealing temperature. 
dependence of p, and E, at constant order 
tracted out. 


The temperature 


have been sub- 


a, are the equilibrium resistivity measurements of 


Siegel") and the Young’s modulus measurements 
of Weisberg and Quimby.“® In 
lattice parameter measurements, the resistivity and 


modulus are measured at temperature. It is therefore 


necessary to subtract out the temperature dependence 


of these properties for constant order to obtain only 
the order-dependent part. Fortunately, the tempera- 
ture dependence of both modulus and resistivity 
Fig. 4 
equilibrium 


at constant order is very nearly linear. In 
the 
Young’s modulus, #,, both corrected for the tempera- 


equilibrium resistivity, p,, and 
ture dependent part, are plotted against the corres- 
ponding values of a,.* Both p, and E£, are plotted 
units, 


in arbitrary where one arbitrary 


resistivity is 10~® Q-cm and the arbitrary unit of 


* Since the relative scatter in the EF and p measurements 
than in the lattice parameter 
procedure used to obtain the points of Fig. 4 was to plot the 
experimental a,-value from Fig. 2 against the value of FH, o1 
of p, at the same annealing temperature, the latter values 
being taken from smoothed curves of EZ, and of p, vs. T. 
The seatter of points in Fig. 4 therefore represents the uncer 
tainties in the a, measurements. The fact that the scatter of 
points about the two smooth curves of Fig. 4 is correlated, 
i.e. that very nearly the same horizontal shift is required to 


measurements, the 


is less 


bring each open circle and solid circle at the same lattice 
parameter on to its respective curve, serves to verify that the 
scatter in Fig. 4 is due primarily to the lattice parameter 
measurements. 


NOWICK: 


contrast to the 


unit of 
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Not all of the data 


for p reported as presumably representing equilibrium 


E is that defined in reference 10. 


could be used, however. ‘Final steady values’ 


of the resistivity at the lower temperatures had been 
hi 


Examination of the 


cooling from 350° to 250°C at 
250°C at 15°C hr (12 


times involved in the attainment of equilibrium i 


obtained by 


and below 


Fig. 1, show that these ‘‘final values”’ of the resistiv ity 


could not represent true equilibrium at temperatures 


below about 290°C In fact, when such data are 


added to Fig. 4 the points break sharply away from 


the smooth curve, showing that equilibrium had 


indeed not been obtained in these lower temperature 
resistivity measurements. Ignoring such nonequili 
brium data, it is readily seen that the two plots of 
Fig. 4 are very nearly straight lines within exper 
SHOWS a 


mental error, although the Z, vs. a. 
but 


curve 
best fitted 
da,” The 


smooth curve drawn through the modulus data of 


small definite curvature and is 


an equation of the form £F b + ca, 


Fig. 4 is actually the least-squares fit of this form 
In view of the fact that the three physical properties 
Fig. 4 are 


it seems reasonable to suppose that each will vary 


examined in nearly linearly interrelated 


orde I 


It is therefore concluded that 


in a nearly linear fashion with the long-range 


parameter, S although 


equation 5) may not hold exactly, it is probably 
valid to a good approximation for these three physical 
properties. Accordingly, it will be possible to use 
equation (6) as a test of the validity of the hype rboli 
kinetic equations (i.e 


the 


of equation | } 


In contrast to above conclusion tl 
physical 
Weisberg 


experimentally 


properties of interest vary linearly 
Quimby"? 


measured 


and have shown tl 
energy to 
specimen varies approximately ling rly 
equilibrium Young’s modulus of tl 
the 


are uncorrelated, this energy 


“wrong atoms in a long- 


to (1 — S?).4®%) Thus, according to thes 


P proportional! to 
y itself. At present such a relation 
regarded as having greater theoretical 
the linear one. Furthermore, for the 1 
interest, y 0 to 2. the 
for the 


be very difficult to distinguish this relation experi- 


devia 


ly) relation is so 


mentally from equation (5 


It now remains to obtain the value of P, for 


eacn 
of the properties of interest, for us 
The choice of P 


basis of Keating and 


in equation (6 


cannot | made entirely o1 


Warren data Fig 


wide a 


these allow too ot selection 


range 


y 1390 
e 
| re) 
2.0 
| $ 
| 
of 
1.0 
| 
| 
3 40 
content is proport 
inge ot present 
3) sinc 


oF 


» 


information can be utilized, however. First, the 
value of a must be lower than the lowest a,-value 
reported in Fig. 2, in order that S may be always 
less than unity. Second, once a value of dp is selected 
it is possible to use it to compute the function V(y,) 
with the help of equation (2). It will now beshown that 
reasonable results for this function are only obtained 
for a very limited range of a-values. The procedure 
will be as follows. A value of a) lower than the lowest 
a,-value in Fig. 2 is first selected. Assuming the 
linear relation given by equation (5), a straight line 
may be drawn through the data of Fig. 3 with the 
selected dy-value as intercept, to obtain the slope B. 
Since the measurement by Chipman (open circle) 
is regarded as the most reliable of all those shown in 
Fig. 3, the line through this point is probably the 

The 
straight line actually drawn in Fig. 3 illustrates this 
3.7465 A. 
Once this relation 


“best”? straight line with the given a,-value. 


procedure for the case of dp The value 
B = 0.0120 A is then obtained. 
between y,(or S,) and a, 18 established. one can obtain 
the equilibrium order, S,, as a function of temperature 
with the help of Fig. 2. It is desirable, however, 
to utilize also the equilibrium resistivity and modulus 
measurements, since these quantities have been 
measured (above 290°C) to a higher precision than 
the lattice 


each equilibrium lattice parameter value is corrected 


parameter measurements. Accordingly, 


by the amount required to shift it on to the smooth 


of Fig. 4.* At each 


temperature, the corrected a,-value is taken, and 


curve in the plot of EF, vs. a, 
from the linear relation of a, to S, as illustrated in 
This curve 
is shown in Fig. 5, again for the case of a, = 3.7465 A, 
and also for 3.7464 A. Finally equation (2) is utilized. 


Fig. 3, the curve of S, vs. 7 is obtained. 


were known, then at each tempera- 
a,)/B substituted 


this equation to obtain V(y,). It is necessary, therefore, 


If the ratio 


ture y, (a, could be into 


to decide what values are reasonable for the ratio 


vyj/y,. In terms of classical statistical mechanics 


be related to the difference in 
lattice 


the ratio v,/y, 


may 


vibrational entropy between a which is 


perfectly ordered and one which contains a “‘wrong”’ 
A-B atom pair. Thus 


(7) 


7 


where y, are the vibrational entropies associ- 


ated with “‘right”’ and ‘‘wrong”’ 


u 


and wy 
A-B pairs, respectively. 


Since the creation of a wrong pair distorts the lattice. 


* As mentioned in the previous footnote, essentially the 
same correction would be obtained if the p, vs. a, curve were 
used, since corresponding points falls off the two smooth 
curves of Fig. 4 by very nearly the same increment in lattice 


parameter. 
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Fic. 5. Equilibrium long-range order (and disorder) as a 
function of temperature for Cu,Au, as calculated for two 
different assumed values of @,. 


250 300 
Temperature, °C 


» Should be greater than unity. In fact, the value 
of the lattice 
defects" and solute atoms generally falls in the 
range Awp/k 1.0-2.0. It that 
the vibrational entropy change for a wrong A-B 


7 


vibrational entropy change due to 


seems reasonable 


pair is of this same order of magnitude, so that 
certainly v,/y,, should lie in the range between 1 and 


10. Accordingly, V(y,)/k is caleulated at various 


Fic. 6. The energy, V, associated with a wrong Cu—Au 

atom pair, as a function of the disorder parameter, as calculated 

for three different ratios y,/y,, and three different a,-values. 
(V is given in units of Boltzmann’s constant, k). 
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TABLE 1. Values of V,/k and of V,’/k derived from Fig. 6 for 


different assumed values of a, and of »,/y, 


ay Al: V 


(A) (°K) 


3.7465 
3.7465 
3.7464 
3.7464 
3.7464 


5140 
5670 
4400 
4930 
5500 


8000 
5600 
7000 
5800 
4500 


temperatures from equation (2) and plotted against 
the corresponding equilibrium disorder parameter, 
y,, for different trial values of a, and for y,/y, 1, 3, 
and 10. 

It is found that for the value a, 
>) (S, 


Fig. 6 shows the results of such calculations. 
3.7466 A, the 
for all 


Since there is no theoretical reason 


curves turn up sharply as y, 
three ratios 
for such an abrupt change in the ordering energy 
for a small deviation from perfect order, it is con- 
cluded that this behavior results from an incorrect 
choice of a). Lower values of a, do not give such an 
abrupt turn-up and therefore appear to be more 
reasonable. 3.7464 A, a 
tendency for the plot of V vs. S, to turn down develops 


For values of a, below 
as y,—>0. This behavior is theoretically not justifiable. 
Furthermore, in spite of the poor precision of the 
data of Keating and Warren (Fig. 3), it appears that 
values of ay below 3.7464 A are in strikingly poor 
It is therefore 
that are 
Table | 


0, and the initial 


agreement with these measurements. 
concluded that the lowest two values of a, 
used in Fig. 6 are the most nearly correct. 
gives the value Vy, of V at y, 
slope V,’, as estimated from each of the reasonable 
curves of Fig. 6. 

As a 
possible to choose a, within very narrow 
The value 3.7465 A will be used in all further caleula- 
tions: it is clear from the above considerations that 


result of these considerations it appears 


limits. 


this value should be very nearly correct. The straight 
line drawn in Fig. 3 and one of the curves in Fig. 5 
In Fig. 4, 


this a)-value is marked by a vertical line; from the 


have already been based on this a,)-value. 


intersection of this vertical line with the two smooth 
curves, values of py, and E, corresponding to perfect 
order are obtained in the appropriate arbitrary units. 
These values are required for the analysis of kinetic 
curves obtained by means of resistivity and modulus 


measurements. 


The energies V, and the slope V,’ are not so well 


defined as the quantity a), primarily because the 
It is interesting 


3.7465 A 


ratio v,/y,, is not known accurately. 
to note from Table 1 that for the values a, 


4—(20 pp.) 
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and y, 10, the Bragg—Williams approximation, 


y), is very nearly valid, since J 


deduced 


for equilibrium long-range 


It is worth that either of the 


curves, 


noting 
given in Fig. 5, 
T for the alloy Cu,Au appears to be far 


than the 


order vs. 


more reliable direct measurements of 
equilibrium long-range order as a function of tempera- 
ture that have been made for this alloy up to the 
present. The assumptions used in deriving Fig. 5 
are not serious. The fact that the equilibrium lattice 
parameter values were corrected in accordance with 
the 
means that, in effect, 


The best 


equilibrium resistivity and modulus values 


all three sets of measurements 


values of ay 


were used. were obtained by 
however it is plain even from 
the value Ly 3.7465 A. is 
0.00038 A 


SS. curve is fitted through 


utilizing equation (2) 
and 3 that 


Figs. 2 


undoubtedly correct to better than 


Next, the fact that the a, vs 
the experimental value measured by Chipman is 
reasonable, in view of the greater reliability claimed 
this data 


It might 


for point by comparison to the earlier 


appear that the weakest assumption is 
that a, vs. S, is linear; however, only a small departur 
tolerated Kon 


with the total 


from linearity could reasonably be 


example, if a, varies linearly energy, 


as indicated by Weisberg and Quimby and discussed 
earlier, it is readily shown that the “bulg that 
would 
the 


would occur in the a, vs. S, curve amount 


to a maximum departure in S, from straight 


Fig 3 


deviation amounts only to 


of onlv 0.005 (at S Such a 


line in 
i] 
correction 


to Fig. 5 


5. DETERMINATION OF 


In view of the approximate validity of equation 


test the theory 


it is possible to proceed to 


in the Introduction by fitting 


available data for the kinetics of 
in Cu,Au samples that are 
Such data 


the 


Initially 
include 
paper, as 
ind of Weisberg and 
that the 
data 


ordered state 
reported in Fig. 1 of 
those of 
Quimby.“ It 


hyperbolic equations 6) fit 


present 
3urns and Quimby 


is already well known 


kinetic rather 


such 
well, and much better than exponentials characte! 


istic of first-order kinetics There are, howeve1 


reasons why the hyperbolic equations may not be 


expected to fit the data precisely First, ther Is 


likely to be a narrow Maxwellian-type distribution 
than a 


in the activation energy, QY, rather single 


sharp activation energy, due to differences in the 


environments (nearest and next-nearest neighbors) 


V = V0 
3 
10 
l 
3 
10 
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Fic. 7. 
The broken curve 
ata fractional completion of Oand | C 


Replot of data for 275°C anneals taken from Fig. 1. 
(B) is the coth function fitted to the data 
1. while the solid curve 


(A) is the same function fitted at a fractional completion of 


0.45 and 0.8. 


of the various migrating atoms. Second, the theory 
which led to the hyperbolic equations is valid when 
This 


data 


close to equilibrium. 
that the 


are best fitted very near to equilibrium, a procedure 


y Y, is small, ie. 


observation suggest kinetic 


might 
which Vineyard‘ has used. On the other hand, it is 
in the tail of the kinetic curve where nonrepresen- 
tative activation energies (i.e. those activation 
energies that lie at the high-energy end of the Max- 
wellian distribution) may be effective. Finally, 
the existence of clusters of “‘wrong”’ atoms, especially 
at temperatures close to 7’, will produce deviations 
from the simple considerations that led to the hyper- 
bolic equations. Clustering is discussed in some detail 
by Weisberg and Quimby.”° 
considerations, it is not surprising that equation (6) 
The 
only surprising result is that the tanh function fits 
better than the 
(10) 


In view of the above 
is not obeyed exactly by the kinetic data. 
the data for decreasing order much 


coth fits the data for 
Fig. 7 shows a typical fit of the coth function to 


increasing order. 
some of the present measurements, taken from Fig. 1. 
to define 
by f 
lattice 


In discussing this figure it is convenient 
the fractional completion of ordering, /f, 
the 
parameter. B of Fig. 7 represents the coth 
function fitted at zero time (f= 1), and at f= 1 

e7! 0.63. This curve deviates significantly from 


a)/(a, —a,) where a, is initial 


Curve 
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measured values for annealing times greater 


Curve A represents the coth function 


the 
than 2 hr. 
fitted at f 
better overall fit, except that it gives an incorrect 
The 


these 


0.45 and 0.8. This curve gives a much 


constant, «, 
obtained from fitting the 
hyperbolic function to the data differ significantly; 
10-° 


It is therefore required that 


initial value. values of the rate 


two methods of 
for curve A, «= 5.8 while for curve 
B, a = 9.0 sec}, 
a definite procedure be established for the analysis 
of all of the kinetic data of interest. 
of the experiments of Weisberg and Quimby, because 
of the nature of the experimental method used, it 


In the case 


was generally not possible to begin the measurements 
at a given annealing temperature until the ordering 
(or disordering) was about 0.4 of the way toward 
In view of the desire to compare the 


completion. 
present results with those of Weisberg and Quimby, 


an arbitrary procedure was adopted whereby the 
parameters « and / of equation (6) were evaluated 
by fitting that equation to the experimental data 
at f 
to the solid curve (A) of 


0.45 and 0.8; this scheme then corresponds 
Fig. 7. The resistivity 
measurements of Quimby 
did not begin until more than 0.45 of the way to 


Burns and generally 
completion so that the above scheme of obtaining 
An attempt 
could have been made to correct for this later begin- 
ning; fact that Weisberg’s data 


quately cover the same temperature range as those 


x could not be used for these data. 


however the ade- 
of Burns made the utilization of the latter measure- 
ments unnecessary. 

Fig. 8 shows the «-values, obtained from the present 
measurements Weisberg 
Quimby, plotted against the reciprocal of the absolute 


and from those of and 


temperature.* The present measurements (Fig. 1) 
were all for increasing order, whereas those of Weis- 
berg and Quimby include runs in which the order 
was both increasing and decreasing. It is apparent 
that the ranges of temperature covered by the two 
groups of workers just overlap, so that the two 
sets of data complement each other very well. It is 
that the Weisberg 
increasing order fall into two groups: those quenched 
370°C Fig. 8 
temperature 

quenched from 385°C. The 
the the data 


also. clear measurements for 
(denoted in 
370°C), 


group fall on 


from between 315° and 


as a quench and those 


former 
for decreasing order, 


Same curve as 


* Not all of the runs reported by Weisberg and Quimby are 
included in Fig. 8, but only those from which « could be 
obtained by the scheme outlined above. The method used 
to obtain « in reference 10 is somewhat different from the 
present one; however given temperature 
obtained by the two methods agree very well. 


x-values for a 
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Fic. 8. The rate constant x 
absolute temperature from the present work (open circles) 
and the data of Weisberg and Quimby. 


as a function of the reciprocal 


while the latter group (the X’s in the figure) fall 
the 
obtained by 
attributed” to 


atoms at 


below others. The abnormally low «a-values 


385°C 


the existence of large clusters of 


quenching from have been 


wrong 385°C, since this temperature is 
close to Ta In 
difference in 

385°C 
lattice-parameter measurements, two runs were made 
this 


very order to determine whether 


this 
from 


a-values in samples quenched 


may also be observed by means ol 


on samples quenched from temperature, as 


mentioned at the end of Section 3. A comparison 


TABLE 2. Comparison of a-values obtained by quenching 


from 385°C with those on quenching from 368° to 370°¢ 


Anneal 


temp. 


“(385°C 


Author 
quench) 


quench) 


Present work 240°C 
Present work 275°C 
Weisburg and 


Quimby 340°C 


* Actually quenched from 370°C, 
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from these 
the 


the same temperature in normally (368°C) quenched 


of the «a-values obtained runs (not 


plotted in Fig. 8) with values obtained at 


samples is given in Table 2. together with analogous 
data of Weisberg and Quimby 


lattice parameter measurements are 


The results for the 
consistent with 
the modulus measurements in showing that samples 
quenched from 385°C give «-values which are low 
In the of this 
such samples (i.e. all X’s in Fig. 8) will be 


It is clear from Fig. 8 that all the other points lie 


remainder section all results from 


ignored 
very nearly on a straight line. It should be recalled 
that equation (3) predicts such a straight line at the 
lower temperatures where the bracketed term goes 
rapidly to unity. Accordingly the straight line that 
is drawn through the points of Fig. 8 is the best 
(least-squares) fit through all points (except the X’s) 
which lie at or below 310°C. The activation energy 


obtained from the slope of this straight line is 


2.03 eV 


while the frequency factor, obtained from the 
intercept, is 


Ay 3.6 1014 see! 


(4) we obtain for the mean frequency 
This 


and 


From equation 


9 
y y,,)} “a value of 5.2 result 1s 


of a reasonable order of magnitude 


values deduced from the 
D, in the 


expression for the diffusion coefficient 


agreement with the usual 
Arrhenius-type 
The 
Cu,Au is 


self-diffusio 


pre-exponential constant 


activation energy obtained for ordered 


in very good agreement with that for 


in copper, and for the diffusion of radioactiv: 


gold in pure copper,"®) although there is no reaso1 


fol anticipating such good agreement between the 


ordered alloy and the case of pure 


coppel Dire T 


helow the 


diffusion measurements on Cu,Au 


since such measurements 


temperature do not exist 


could not be completed in any reasonable 


of time because of the low atomic mobility at 
However. anelastic me 


ordered Cu,Au have 


+ 


iurel 


low temperatures 
on partially long-range 
19) These measuremen 


of Q5 eV to! 


value is in 


carried out 


recently 
an activation energy ordered 
This 
activation energy obtained from Fig. 8 to within th 


the 


condition. agreement with the 


precision ol anelastic measurements 
unfortunately could only be carried out over 
temperature range 
ll of the 
the 


Section 4 


Since x-values shown 


culated on basis of 


selected in appropriate to inquire 


as to how much change activation energy and 


275 
“1 
| \ 
\ 
\ 
x 
107} x = a\ 
x \ 
x 
10°} 
\ 
190% 
\ 
\ 
\ 
\ 
X 
S TEMP. 
NCR 368°C 
NCR. | 370°C 
NCR 385 C 
DECR = 
10% 
ent 
ted 
3.6 10-6 +.] 
5.2 5.8 re ¢ 
10? 6.0 10-8 74655 A 
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3.7464A 
this 


frequency factor would be obtained if a, 
that 


was also shown in the previous section to be a 


were taken instead (remembering value 


reasonable one). Accordingly, a recalculation of the 
data was made on the basis of this new a,)-value. 


The log « vs. T~! line then comes out slightly less 


steep, with an activation of 2.00 eV and 


2.0 1014 


energy 


DISCUSSION 
The results of the analysis of the kinetic equations 
in terms of hyperbolic functions, as given in Fig. 8, 
show that the Arrhenius plot for the rate constant 
x is valid for the temperature range up to about 
320°C. 


energy 


It has further been shown that the activation 
this 
plot are in complete accord with the values one 


and frequency factor obtained from 


might have expected based on diffusion and anelastic 
measurements. The theory of reference 7 may be 
the 
deviation from the straight line at the higher tempera- 


checked further by seeing whether observed 
tures is correctly given by equation (3). The bracketed 
expression in equation (3) deviates appreciably from 
unity only at the higher temperatures where y,” 
is relatively large (at low temperatures, y,? goes to 
zero much faster than 7’! goes to infinity, e.g. see 
the i 


Table 1 it is clear that |V,’ kT | in the temperature 


equation (2)). From values of J given in 


range of interest is in the vicinity of 10. The principal 


term of order y,” inside the bracket is the one involving 
(V,'/kT)*, so that the correction to the Arrhenius 
negative, in 
obtain this 
k| 
was used, and the correction calculated at 
The result 
the value of « should be about 25 per 
the straight 
agreement with the deviation that appears in Fig. 8 


EXpression % = is therefore 
Fig. 8. To 


the 


correction 
5600°K 
365°C 


shows 


agreement with 


more quantitatively value 


assuming that V,” is negligible. 
that at 365°C, 
line, in good 


cent below that given by 


at this temperature. It therefore appears that both 
the sign and magnitude of the deviation from the 
Arrhenius equation are correctly predicted by the 
theory. 

the 
of Rothstein and Dienes, as modified by Nowick and 


It may be concluded that “chemical” theory 


Weisberg, agrees very well with the experimental 


results.* As already indicated, however, this theory 


* It should be emphasized here that the ‘“‘chemical’’ theory 
of ordering is a phenomenological theory which treats the 
ordering problem as though atom jumps occur by direct 
interchange. It may be expected '® that the theory will not 
be substantially changed 
diffusion is taken into account, but a derivation of equations 


analogous to the present equations (1), (2) and (3) in terms of 


the vacancy mechanism remains to be carried out. 


when the vacancy mechanism of 
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does not fit the data in all respects. For example, 
specimens quenched from 385°C gave results which 
the 
temperature was 370°C or lower, presumably due to 
Other 
from the predictions of Dienes’s theory are discussed 


fell below those obtained when quenching 


clustering phenomena near 17',. deviations 
in the paper of Weisberg and Quimby where a more 
the of the kinetic 
curves is given. The present results show, however, 


careful examination of details 
that so long as the temperatures of quenching and 
and if the 
kinetics are characterized by the single parameter, 


of measurement are not too close to 7'., 
x, obtained by a consistent method of fitting the data 
to equation (6), the theory works very well. 

Another result of the present paper is the curve 
of the equilibrium long-range order parameter, S,, 
as a function of temperature as deduced from equili- 
brium lattice parameter, resistivity, and Young’s 


modulus measurements. As already mentioned, 
in view of the fact that reliable direct measurements 
of S, vs. 7 are not presently available, it appears 
that the results of Fig. 5 give the best representation 
to date of the variation of order with temperature 
for the alloy Cu,Au. 

By fitting the equilibrium order as a function of 
temperature to equation (2), it has also been possible 
to estimate the energy, V, of formation of a wrong 
A-B pair as a function of the order parameter, S 
The results for V 


are not obtained as accurately as that for the activa- 


(or the disorder parameter, y). 


tion energy, Y, due to the uncertainty in the ratio 
Nevertheless it is of 
detail the 
or better, for Vy, in terms of bond- 
The 
ordering are those based on the concept that the 
total 


nearest-neighbor bond energies. 


of frequency factors. v,/V 


w* 


interest to examine in further values 
obtained for V, 
energy concepts. most successful theories of 


energy may be regarded as a summation of 
Ordering then takes 
place because of a preference for AB bonds relative 
to AA and BB bonds, or more specifically when 


> 0, where is given by 


l 
2\€ 44 €4B (5) 


and € 47. € 4 4, and €,, are the various bond energies. 
In terms of the nearest-neighbor bond picture one 
can calculate the energy E, required to convert 
(N/4 


number) of Cu,Au from complete order to complete 


Lg atom molecules, where V 


is Avogadro’s 


randomness. The result is 


E,, = (3/4)Ne (9) 


Measurements of the energy change upon ordering 
have been made by Sykes and Jones‘) and more 


FEDER, MOONEY anp 


Rubin, Bever.9 In both 


cases the energy difference, AZ, between a disordered 


recently by Leach and 
specimen and one with the highest degree of order 
conveniently obtainable, was measured. 
Jones obtained 270°K. while 
AE/Nk 283°K. In both 


must be taken of the residual energy content in the 


Sykes and 
fubin al. 
account 


Cases, 


report 


disordered specimen due to residual short-range 
order. In fact, according to Cowley’s measurements, (2!) 
even at 480°C (the quenching temperature used by 
Rubin et al. to obtain their disordered sample) the 
number of Au-Au bonds is still only about 58 per 
cent of the number corresponding to a 
complete disorder. In terms of nearest-neighbor 
bond calculations this result implies that the measured 
AE is only 0.58 of the quantity Ep, ie., that E,/Nk 
~ 490°K. 
650°K. Now, the interpretation of V, is the difference 
in energy of a ‘“‘wrong”’ AB pair relative to a “right” 
AB pair in Cu,Au. 
At relatively low temperatures most of the wrong 


From equation (9), ¢/k is then about 


otherwise perfectly ordered 


AB pairs will be dissociated, i.e. separated from 
each other. It is readily shown that for the Cu,Au 
structure, creation of a separated pair of wrong A 
and B atoms involves the destruction of 8 AB bonds 
which are replaced by 4 AA and 4 BB bonds. Thus, 
by equation (8), V,—=8e. Taking the above value 
the 
5200°K 


is in good agreement with the various possible values 


ot e derived from calorimetric measurements, 


a value of V,/k is obtained. This result 


for V, given in Table 1. It is therefore concluded 
that 
data (corrected for residual short-range order present 


the value of V, derived from the calorimetric 


above the critical temperature), and that derived 
from an analysis of the present equilibrium data 
in terms of equation (2), are in good agreement with 
each other. 

the value 


for the alloy 


Finally, it is interesting to compare 


obtained for the ordering energy E, 


Cu,Au with theoretical values for this same quantity 


NOWICK: 


state of 
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Williams, Peierls, ‘* 


values 


The and 
and Cowley‘) give, for the AB, structure 
for the ratio NkT’,/E, of 2.19, 1.3 
is the critical temperature) 
the three 


, 500° and 332°K., respectively 


theories of Bragg 
3 and 2.00. respec- 
tively (where 7’, Sub- 
stituting 7’ 663°K, 
for E,/Nk are then 303 


It is clear from these values that only the Peierls 


predicted values 


estimate is in reasonably good agreement with the 


value of 490° K quoted above 
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LATTICE PARAMETER AND SHORT-RANGE ORDER*+ 
G. J. DIENES+ 


A relation has been derived between the nearest-neighbor distance, 7, the composition, x, and the short- 
range order parameter, o, for binary alloys based on nearest-neighbor interactions, additivity of bond 


energies and quadratic expansion of energy as a function of distance. The relation is shown to be 


applicable to random alloys of copper and gold and silver and gold. The relation describes the dependence 


of r on short-range order and the theoretical predictions are compared to experiments on Cu,Au. For 
this alloy the right direction and about the right magnitude of Af are predicted upon ordering. The relation 
between yr and a is, in general, nonlinear, but a linear approximation is quite satisfactory for Cu,Au. 


PARAMETRE ORDRE A PETITE DISTANCE 


Dans le cas d’alliages binaires, ‘auteur établit une relation entre la distance 7 du plus proche voisin, 


RETICULAIRE ET 


la composition, x, et le paramétre d’ordre a petite distance, o, sur la base des interactions entre plus 
proches voisins, de l’additivité des énergies de liaison et du développement quadratique de l’énergie 
en fonction de la distance. 

Cette relation est applicable aux alliages cuivre—or et or—argent. Elle montre la dépendance existant 
entre 7 et l’ordre a petite distance. 

Les prévisions théoriques sont comparées aux résultats d’expériences sur Cu,Au. Dans ce cas, on peut 
prévoir la direction correcte et approximativement l’amplitude de Ar lors de l’apparition de l’ordre. 

La relation entre 7 et o n’est général, pas linéaire mais pour Cu,Au on peut en premiére approximation, 


admettre cette linéarité. 


GITTERKONSTANTE 


UND 


NAHORDNUNG 


Fiir binare Legierungen wurde eine Beziehung zwischen dem Abstand nachster Nachbarn 7, det 


Zusammensetzung « und dem Nahordnungsparameter o abgeleitet, wobei Wechselwirkung nachster 


Nachbarn, Additivitat der Bindungsenergien und quadratische Abhangigkeit der Energie vom Atomab- 


stand vorausgesetzt wurden. 


Silber—Gold-Legierungen anwendbar. Er 


zutreffend. 


beschreibt 


Der gewonnene Zusammenhang ist auf ungeordnete Kupfer—Gold- und 


die Abhangigkeit von 7 von der Nahordnung 


Ferner werden die theoretischen Aussagen mit experimentellen Resultaten an Cu,Au ver- 


glichen, wobei sich ergibt, dass die Theorie die richtige Richtung und auch nahezu die richtige Grésse von 


Ar bei der Ordnungseinstellung gibt. 
nicht linear ist, 


Obwohl der Zusammenhang zwischen 7 und o im allgemeinen 
ist eine lineare Naherung fiir den Fall von Cu,Au recht brauchbar. 


1. INTRODUCTION 

There has been considerable interest in recent years 
in the determination of short-range order by various 
means both in the absence and presence of long-range 
order.“-*) The dependence of most physical properties 
on the state of order is complicated and poorly 
understood. The state of order can be investigated in 
principle unequivocally by X-ray techniques. In 
practice, however, detailed X-ray studies are difficult, 
time-consuming and _ generally unsuited to, say, 
kinetic studies. The lattice parameter is an exception, 
since it is conveniently measurable to a high degree 
of accuracy. 

Two physical properties have been suggested in the 
literature as dependent primarily on the local or 
short-range order. These are the lattice parameter‘? 
and the elastic moduli.‘®) The basic idea is that the 


energy of interaction between nearest neighbors is the 


* Received July 22, 1957. 
+ Under contract with the U.S. Atomic Energy Commission. 
~ Brookhaven National Laboratory, Upton, L.I., New York 
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The 


order is 


major factor in determining these properties. 
relation between the moduli and state or 
certainly not simple, since the moduli not only depend 
on the second derivative of the potential energy but 
also on the lattice parameter, which itself is a function 
of the degree of order. It appears that the relation 
between lattice parameter and the degree of short- 
range order may be relatively simple, and the purpose 
of this paper is to elucidate this relation on the basis of 
a simple physical model. 

Betteridge of the 
lattice parameter of order—disorder alloys that the 


assumed in his treatment 
lattice parameter is proportional to the mean bond 
the 


independent of the state of order, although he points 


lengths and that bond lengths themselves are 
out that the second assumption is certainly not valid, 
if used in a simple averaging process, over a wide 
range of composition. With the above assumptions he 
finds that the lattice parameter is linearly related to 
the short-range order parameter, a. 


A more satisfactory theory of lattice parameter 
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should apply to random solid solutions over the com- 
plete range of solubility as well as to the order 
disorder transformation. Such a theory is described 
here and applied to the copper—gold and silver 
gold system. 
2. FORMULATION OF THE PROBLEM 
N bb, 


binary alloy of short-range order o can be written 
7)* 


The number, of aa, and ab bonds in a 


as! 


zN 


where total number of atoms, 
coordination number, 
of 


minor constituent), 


atomic fraction component a, 


o short-range order parameter. 


The short-range order parameter, o, which ranges 


from 0 to 1, is defined by 
q q(random) 


(2) 


q(max) — q(random) 


where g is the fraction of the total number of nearest- 
neighbor bonds in the solid which are between unlike 
atoms. The internal energy of the system is given, in 


terms of the energy of the bonds V,,,, V,,, and V,,, by 


2 


The first term is the internal energy of the random 


alloy (i.e. for o 0). Let * be the nearest-neighbor 


distance in the system for any value of x and o, # is 


the nearest-neighbor distance calculated from the 
lattice 


F=a/,/2 in the face-centered cubic system. 


nieasured parameter,  1.e. 
The 


The basic assumption is that 
to the 


experimentally 


object is to calculate 7. 


a quadratic approximation energy as a 


Formulas (1) are valid for any order-disorder system in 
which one set of pairs of bonds goes to zero at o l, i.e. CuZn 
type for x < 1/2, AuCu, type for a 1/4. For other systems 
the formulas have to be modified. 


PARAMETE! 


> 


AND SHORT-RANGE ORDER 


distance is satisfactory. Thus, 


of 


assumed that 


function 


With 
this assumption * is obtained from equation (3 by 
(4) 


setting the first derivative with respect to 7 equal to 


where the r; and «, are independent of x and o 


substituting the expressions for V,, from and 


zero. The results are—random alloy 


Alloy of short-range order o 


(1 


It is evident from (6) that 7 is neither simply quadrati 


in 2 nor linear in o. Equation (5) should be valid for a 


random alloy over the complete range of solubility 


Equation (6) should then describe the system as a 


function of o using the constants of equation (5). It 


is to be understood that no change in crystal structure 
the 


occurs as x is varied and system exhibits no 


sto! 


phase changes other than the order—disorder tran 
mation. 


FOR THE COPPER-GOLD 
SYSTEM 


a) The random alloy 


3. CALCULATIONS 


Two of the constants of equation (5) are 
the nearest neighbor 


and 


and r,, since these are 


in pure materials. Division by » lettin 


leaves three independent constants to 


In principle, the three 


fitting 


¥,, Yo and r 


evaluated by equation 


data, but they cannot be determined acct 


way, because their simultaneous determination 


rather sensitive to small variations in 


mental data It seemed best to evaluate 
and 


fol] 


determine simultaneous values for y, 
r can be conveniently estimated as 
und oa | 


ordered 50 : 50 alloy 


conditions equation (6) gives 
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r,)* 
r,)2 
Naa ax-(1 a) | 
N bb x)? xa | (1) 
zN 
r 
+ x)*a, + 22(1— ox*| 20 
6 
(a 
| 
V x) 
5) aa »b ib 
») 
[ er t ( 


ACTA 
Nearest-neighbor distances in the Cu-Au 


TABLE 1. 
system 


\) (A) 
Van Arkel and Johansson and 
Jasart'§ Linde'® 


atomic 
tion Au 


0.0 2.5506(r,) 2.5513(r,) 
0.10 2.5895 

0.20 2.6283 

0.25* 2.6489 
0.40 2.7026 
0.50 2.7337 
7648 
7952 
8263 
8532 
S787(r 


2.7330 
0.60 
0.70 
0.80 
0.90 
1.00 


(2.6542 A is 
upon careful 


disordered. 
Mooney,'?? 


not be fully 
Feder 


* This alloy may 
obtained by Nowick, 
quenching. ) 


and 


», 18 immediately known from measure- 
ments on AuCu. Unfortunately, AuCu 


is not of the CuZn structure and it also becomes some- 


and, therefore. 7 


ordered 


what tetragonal upon ordering and, therefore, the 


value for r,, is only an estimate. However, a 


consistency check is obtained by the constancy of the 
calculated values of y, and y, from several pairs of 
be 2.7100 A, 


representing a 0.8 per cent contraction upon ordering 


experimental data. r,, was taken to 
at the 50:50 composition. 

The experimental lattice parameter data (expressed 
as nearest-neighbor distance) for the copper—gold 
system are given in Table 1 and plotted in Fig. 1. 
The agreement between the two sets of experiments is 
very good on the basis of the limited comparison 
which can be made. The lattice parameter deter- 
minations were carried out on quenched samples and 


thus equation 0, should be applicable. 


> 


ATOM FRACTION A 


Nearest-neighbor distance as a function of composition 
tor copper gold. 
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TABLE 2. The constants of equation (5) for 
the Cu—Au system 


y, and y, were calculated simultaneously from several 


pairs of the data in Table 1. They were found to be 
constant within about 8 per cent with random varia- 
tion from the average. The final values of the constants 
of equation (5) for this system are given in Table 2. 
? was calculated as a function of x, using these constants 
in equation (5). The resultant curve is shown in Fig. 1. 
It is clear that the experimental data are well repro- 
duced by this curve. The agreement could be probably 
improved by a least-squares procedure, but this was 
not deemed necessary for the purposes of this paper. 
More accurate lattice parameter data may render 


further analysis worthwhile. 


(b) Ordered Cu,Au 
Since the constants of equations (5) and (6) have 
now been evaluated, one can predict the change in 
lattice parameter upon ordering. The general theory 
is expected to be applicable to Cu,Au, but not CuAu, 
because of crystallographic changes, although, as 
indicated in the previous section, r,,, was picked so as 
to give about the right contraction for CuAu. 
For ordered Cu,Au, equation (6), with 2 = } and 

1, becomes 


Ye 


(7) 


The numerical value for r, is 2.6465 A and the corre- 
sponding calculated value for 7 for the random alloy, 


from equation (5), is 2.6530 A. Thus, 


Af 0.0065 A 


From the Nowick, Feder 
Mooney” on alloys quenched from equilibration 


measurements of and 


temperatures in the 200-700°C range, one obtains 


Af = 2.6542 — 2.6494 — 0.0048 A 


Thus, the theoretically predicted change is larger than 
that measured in these experiments. The deviation is 
in the right direction, since o is not zero at 550°C, 
according to Cowley’s measurements.“ There is 
evidence that the samples could not be quenched fast 
enough in the experiments of Nowick et al." from 
above about 500°C. A further comparison with experi- 
ment will be given later. Also, the theoretical value of 
A? is fairly sensitive to rather small changes in the 


| 35513 A 
frac Ty 2.5513 A 
ra» = 2.7100 A 
0.5636 
; 
@ VAN ARKEL AND BASART (EXP 
— CURVE FITTED BY EQU (5) 
4 
6 
 ( 
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where 7, and 
for any 
Now that it ha 
near retation 


mation 


furthe comparisons 


has measured the short-1 
the critical temperature 
1 


has 


Chipman 
long-range ordet 


experimentally riven tf 


may ve correlate 


Now ICK ade 
piled In Vable 


rvs. oin Fi 


ot the resent papel 
ic. 2. Nearest-neighbor distance as a function il, pay 
range order parameter for Cu,Au (theoretical The is a Tunction ot o and Ws that 

line represents the straight-line relation. 


reasonable The slope of the line is 0.015] 


siderably higher than the 0.0066 A value sus 
constants of equations (5) and (6). Further, the theory ‘ 
is strictly applicable to # as a function of x and o 
numerical discrepancy should not 
at absolute zero, while all the lattice parameter 
ntil more experimenta aata ¢ 
measurements quoted were made at room temperature 12} 
= avallable, both for randon 
The main point at this stage is that the right direction 
ipplicabluty of the the 
and about the right magnitude of Ar is predicted from ie ) 
furthel n the me 
random alloy data without any further assumptions 


or the use of adjustable constants. 
The relation between 7 and o may now be plotted 


according to equation (6), which reads for Cu.Au 


Howe 
OY> 


The result is shown in Fig. 2. The relation between 7 


and go is clearly not linear, according to equation (8 
This non-linearity shows up in Fig. 2, but the depai 


ture from linearity over the small range of Af for 
LATIONS FOR THE SILVER-GOLD 


Cu,Au is very small. For all practical purposes betes 
SYS 


can be taken as directly proportional to ¢ for Cu,Au, as 
indicated by the broken line in Fig. 2. The linear 
approximation may well not be valid in other systems 
in which case the general equations (6) and (8) are to be 
used. Whenever the linear relation is valid 


(7 


TABLI 


Temperature of Long-range order. 
equilibration, S 


|" | ( ORDER 
for the Cu.Au te one can make 
>.65 ( ( AI arm 
Sy. ti ! the 1) 
} 
2648 
| tn tl ttl 
ind Moon The lt 
3. The data of Table 3 are plotted 
2 3 +4 5 According to the theoreti: esu 
verv sma nad it \ panded ; 
st 
concentrations. The s 
I") 
3. Short-rang rd nd 
N 
Short-range ¢ 
\ 
380 os 0.749 748 
$05 0) 0.456 ~ 
460 0.0 0.444 654 
550 0.0 0.398 7536 
$A 
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Fic. 3. Nearest-neighbor distance as a function of short- 


range order parameter for Cu,Au. 
interesting, because the # vs. x (2 
Au) data exhibit deviations from linearity in the oppo- 
site direction to that of copper—gold and because there 
is actually a minimum for f at an x value of about 0.7. 
The system, therefore, represents a fairly critical test 
of equation (5). 
Wiest,"*) are shown in Table 4. 


The constants for this system were evaluated in a 


somewhat different way, since there is no easy way of 


estimating 7,,. The slopes, d7/dx, at x Jand x l 


were estimated from the experimental data. From 


equation (5) it is easily shown that 
(dr dit). 


(dF dx), 


(11) 


o\"a 


The value for r,, was calculated from equation (5) 


for « = 0.5 from the experimental value for # using 


Nearest-neighbor distances in 
the Ag—Au system 


TABLE 4 


fraction Au cale. from equation (5) 


0.0 ) 2.8831 (r,) 
2.8795 
S765 
2.8756 
2.8756 
2.8760 
2.8769 
2.8787(r,) 


0.25 
0.65 
0.75 
0.80 
0.90 
1.00 


Experimental correlation. 


atomic fraction of 


The data, taken from the work of 
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y, and y, from equation (11). This gave, in combi- 


nation with (11), 

= 2.8680 A 

2.0161 

Yo 0.9346 
F was then calculated as a function of x, assuming these 
to be the correct constants (7, and 7, are known). The 
results are shown in Table 4. The excellent agreement 
between the experimental values and those calculated 
via equation (5) shows clearly that equation (5) is 
applicable to this system. The small deviations are 
largely rounding errors, as seen from the value for 
x = 0.5, which should have matched exactly. It was 
not deemed worthwhile to try to improve the fit by 
some sort of averaging process on the constants. 

5. SUMMARY 

A relation has been derived between the nearest- 

neighbor distance, 7, the composition, «, and the short- 
The 


relation is based on the assumption of nearest-neighbor 


range order parameter, o, for binary alloys. 
interactions, additivity of bond energies and sufficiency 
of a quadratic expansion of energy as a function of 
distance. 

It is shown that the relation between 7 and x 
describes accurately the experimental data for random 
alloys of copper and gold and silver and gold. The 
relation between * and a is fully determined by the 
the data for the 
For Cu,Au, the right direction and about the 


constants obtained from random 
alloys. 
right magnitude of A7 are predicted upon ordering. The 
linear 


relation between 7 and o is nonlinear, but a 


approximation holds quite accurately for Cu,Au, 
probably because of the small magnitude of Af for this 
system. 
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GRAIN GROWTH IN ZONE-REFINED LEAD* 


G. F. BOLLING 


and W. 


WINEGARD? 


Grain growth experiments have been performed with zone-refined lead of very high purity over the 


range of temperatures, 168—318°C. 


A single growth law was observed whose departure from a simpk 


t'? relation could be explained on the basis of an inclusion-type hypothesis following Burke. Th¢ 


activation energy for grain growth was calculated to be 6.7 0.7 keal/g atom 


This value is lower than 


any which would be predicted on the basis of previous results or theory. 


GROSSISSEMENT DU 


GRAIN DANS DU PLOMB RAFFINE PAR LA METHODE DE L 


\ ZONE 


FONDUE 


Des expériences de grossissement du grain ont été effectuées sur du plomb de haute pureté raffiné pat 


la méthode de la zone fondue, dans l’intervalle de 


temperature: L68—-318°C 


Une loi unique de grossissement a été observée, dont la divergence d’une relation simple en ¢t!/? peut 


étre expliquée sur la base d’une hypothése d’inclusions, conformément a Burke. L 


pour le grossissement du grain a été calculée a 6,7 


0,7 keal/atome. 


energie d’activatior 


Cette valeur est inférieure a tout« 


autre valeur basée sur des résultats antérieurs ou sur la théorie. 


KORNWACHSTUM 


Das Kornwachstum von zonen-gereinigtem Blei sehr hoher 


zwischen 168° und 318°C untersucht. 
Abweichung von der einfachen ¢! 
Burke'® 


6,7 0,7 Keal/gAtom. 


erklart werden konnte. Die 


gemessen wurde. 


IN ZONEN-GEREINIGTEM 


Kin einheitliches Wachstumsgesetz 
Beziehung auf 
Aktivierungsenergie des 
Dieser Wert ist kleiner als irgend ein anderer, der 


BLEI 
Reinheit wurde im Temperaturbereic! 


wurde beobachtet, dessen 


der Grundlage einer Einschluss-Hypothese nach 


Kornwachstums berechnet sich zu 


bisher dafiir berechnet 


INTRODUCTION 


tecent review articles by Burke and Turnbull,” 


Beck'?) and Fullman) have summarized the results of 


the crowth. It is 


generally accepted that the driving force for boundary 


many investigations of grain 
migration, during grain growth in a fully recrystallized 
metal, is the reduction of the total grain boundary 
by the of the total 


Further, in a free from in- 


surface free energy reduction 


boundary area. metal 


clusions or other disturbing influences, it has been 
expected that the growth law which should be followed 
is a simple one. From the analogy to cell growth in a 
bubble froth, or from a relation between boundary 
migration and topological considerations in an aggre- 
gate, as was recently suggested by Feltham, an 


isothermal law can be derived such as 
D? — D,? = Kt (1) 


the and DPD, the initial grain 


diameter at a constant temperature, A is a tempera- 


where JD is average 


ture-dependent constant and ¢ is time. If such a law 
were obeyed within a range of temperatures, the term 
K might be variously determined and an activation 


energy obtained for the process. 


* Received June 19, 1957. 
Department of Metallurgical Engineering, University of 
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Experimentally, however, such a law has not been 
found, nor usually have the results enabled the deter 
activation 


mination of an energy 


proposed that a law 
D At Kt) 


could be determined for grain growth at any 
ture, if the initial grain size were negligibl 
usually found that the time exponent, », did 
the expected value of one-half, and moreove1 
increased with increasing temperature of 
Burke'® was able to show that inclusion 
retarded grain growth in alpha brass 
suggestion by Zener‘ that grain growth sho 
d/F: dis the 


diameter of the inclusions present in the metal 


at a grain size D) where D 


is their volume fraction. Using this 


modified form of (1) was derived. 


D D dD, A 
In | 


dD dD dD 


This equation served to describe the experimenta 


results, explaining the deviation of the time law fron 
a simple value of one-half 

Other factors such as impurities might be expected 
to influence grain growth, as suggested by Fullman 


Both the effect of inclusions and impurities should b 


empera 
It wa 
D, 
283 


2384 METAL 


minimized in a zone-refined metal, and for this reason 


experiments on grain growth were undertaken with 


zone-refined lead. 


EXPERIMENTAL PROCEDURE 


For these experiments, zone-refined lead was pro- 
n quantity from Tadanae High Purity Lead 


The 


characteristics 


duced 


per cent) evidence available from 


(8) 


solidification enables a purity 


estimate for the zone-refined lead of 99.9999 per cent, 
and recent residual resistivity measurements") show 
that the zone-refined lead is effectively much 
than spectrographic standards. 
After preliminary experiments, the following pro- 
Cast buttons of zone-refined 
This 
in a manner ensuring the cleanest possible surface 
all The then 


a drop 


cedures were adopted. 


lead were prepared weighing 20 om Was done 


buttons were deformed, under 


hammer with polished surfaces, to coin- 
shaped specimens 2.5 mm thick and about 30 mm in 
diamete1 

At the temperatures used for investigation, grain 
growth occurred very rapidly, and it was necessary to 
devise a system which would elevate the temperature 
of the specime n very quickly. This consisted of two 
A rig was constructed so 


the 


furnaces and a water bath 


could be 


that a specimen lowered from above 


system into a fixed position in the upper furnace: 


thence. to the lower furnace and afterwards into the 
bath. The temperature of the furnace 


watel 


uppel 


was chosen. after trial. as 850°C, and the lower 


furnace was run at the particular annealing tem pera- 


ture which was desired. Preliminary experiments 


were performed using duplicate specimens containing 

thermocouple to determine the times necessary for 
the following sequences. Each specimen was lowered 
into the upper furnace and held there for a particular 


number of seconds so that when it was passed into 


the lower furnace it reached the annealing temperature 
within 5°C after total elapsed time of 20 see. 


Then 


sample was qu nched in the water bath 


ifter a chosen anne iling time had elapsed, the 


After the considerable impact deformation received 
from the drop hammer, zone-refined lead recrystallized 
to a grain size visible to the eye faster than a quick- 
From this. 
of full 


grain growth occurred 


acting etchant could reveal the structure. 


no doubts were held about the achievement 


recrvstallization. Since some 
each specimen Was deformed 


the 


at room temperature 


and then annealed before next was deformed 


Care 
elapsed between deformation and annealing for all the 


was taken to ensure that an equal, short time 


specimens. 


purer 


LURGICA, V¢ 


O. 


O. 


O. 


Grain diameter, cm 


10 200 300 


Experimental 


time, sec 

vs. experimental determined 
lead at 
points are 


time, 
the 
shown for 


1. Grain diameter 
for grain growth in zone-refined 
indicated. (For clarity, 

temperatures. ) 
318°C 
251°C 
201°C 


temperatures 


only three 


annealing, a suitable acetic acid—hydrogen 


After 
peroxide—water etchant was used to reveal the grain 
structure of the specimen. An average grain diameter 
was determined by counting the grains intersected by 


several random traverses across the specimen surface. 


TREATMENT OF RESULTS 
The results were available in the form of average 
erain diameters determined for particular experi- 


When 


these grain diameters were plotted against the known 


mental times at several different temperatures. 


times for a set at one annealing temperature, a curve 
resulted of the general form of equation (2). However, 
an extrapolation to zero grain diameter gives a positive 
time intercept. This may be seen in Fig. 1. 
Obviously, the known time for a specimen is not the 
true time necessary for it to reach its measured grain 
The 
time is composed of the time used in rising to tempera- 
The 


grain size is dependent upon the initial size before 


size at the particular temperature. measured 


ture plus the time at temperature. measured 
entering the system, that achieved during the rise 
time and that developed at the annealing temperature. 
Since the initial grain size was small and the growth 
achieved during the rise to temperature would be less 
than that for the same time spent at temperature, a 
positive time intercept would be expected. However. 


hecause the process is temperature-dependent and the 


6. 1955 
| 
318 °C 
O . 18} 
300 °C 
251°C 
/ 
/ eu 
/ 168 °C 
0.08 
0.06} 
0.04 7, 
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log grain diameter, cm 


10 1.2 1.4 16 1.8 2.0 2.2 2.4 0.6 2.8 
log corrected time, sec 


Log-log plot of grain diameter versus corrected time. 
318°C 
251°C 
201°C 


Fic. 2. 


initial grain sizes were similar from specimen to 
specimen, a smaller intercept would be expected the 
lower the annealing temperature. 

Direct extrapolation to determine an intercept and 
then a time correction was difficult. Sets of curves 
obeying equation (2) were drawn with the time ex- 
ponents varying over a range of values. The best fits 
produced time corrections, for the highest temperature 
of —14 sec down to the lowest temperature, of —12 
sec. This difference between time corrections is 
insignificant here, but proves to be important in other 
experiments with doped leads where grain growth is 
slower. 

THE TIME EXPONENT 

When the time correction is applied, equation (2) is 
followed and the slope of the logarithmic plot yields 
the time exponent ”. Fig. 2 shows the results plotted 
in this form. It may be seen that the exponent has 
only small random variations and is not temperature 
The lowest 
temperature of investigation was determined as that 
lower 


dependent in the range investigated. 


where normal grain growth still occurred; at 
temperatures there was evidence of secondary recrys- 
tallization, which cannot be directly reconciled to 
grain growth. The average value of n was 0.4 (0). 

An ultimate grain size, D,,, of 2.5 mm was achieved 


Whether this 


was due to the “‘sample-thickness”’ effect discussed in 


on the average with zone-refined lead. 


the literature” or to the presence of inclusions, the 


treatment given by Burke may be applied. An ex- 


perimental K was determined from subsequent data, 


GROWTH 


IN ZONE-REFINED 


©.8 1.0 1.2 1.4 1.6 1.8 2.02.0 2.40.6 2.8 
log corrected time, sec 


Fic. 3. grain diameter vs. corrected tim 
The straight lines are 
lated from « quation (4 
Calculated points 
318°C 
251°C 


L68~( 


Log-log plot ot 


those of Fig. 2. The 


points are calcu 


with D,, in obtaining values from the 


D D,, 


This is the form derived by Burke, modified by assum- 


and used 


equation 


ing D, 0 which is consistent with the use of a time 
correction. 

Fig. 3 shows the results of plotting at three repre 
sentative temperatures. The straight lines are those 
from Fig. 2, the 
equation (4). A good fit is 
explain the departure of the time exponent from the 


At the highest tempera 


are calculated from 


and points 


obtained which may 


expected value of one-half 
ture, the line and points run parallel but do not 
coincide; this occurs because a slightly larger ultimate 
ure 


grain size may be achieved the higher the temperat 


Actually, the value used is a slight fiction for th 


lowest temperature, because such a siz 


achieved only at almost infinite times, as 


Fig. | 
Support for 


the inclusion hypothesis r 


effect Irom experiments 


This met 


the thickness comes 


with “‘double zone-refined”’ lead 


be extremely pure since the starting itera | 
zone-refining is itself zone-refined owth data 


that the 


half 


obtained with it show exponent mor¢ 


closely approached the value on 


ENERGY 


xperiment il 


ACTIVATION 
Despite the scatter of the 
which is reduced when impurity is added to the lead 


it is possible to obtain a re isonably 


points 


10 
cood activation 


energy for the process 


The constant of equation (2) may be written 


K 


Here Q is an activation energy in the Arrhenius sens 


1.4 
318°C 
| 251°C 
201°C 
7 | | kA 3 168 °C 
168°C 
| B27 
5.6 
2.7] lon A | | | | 
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Ln rate of grain 
growth, cm/sec 


| 


| 
i7 18 19 20 21 22 23 24 


1000 0 


——)»K 


A graph of the logarithm of the rate of grain growth at 
100 sec versus 1000/7°K. 


Fic. 4. 


and K, is a rate constant with the same dimensions as 
a diffusion constant. It may be obtained from (2) and 
(5) that 

dD 


In Inn+nink, 


(n 1) (6) 
dt R | 7 


The logarithm of the rate of grain growth is plotted 
against the reciprocal absolute temperature in Fig. 4. 
The activation energy obtained, with an estimated 
error of 10 per cent from considerations of scatter, etc., 
is 6.7 keal/g atom. The rate constant is deemed less 


accurate, but is determined as 0.03 cm2?/sec. 


DISCUSSION 
Turnbull") has developed an equation for grain 
boundary migration using the formalism of absolute 


reaction rate theory—viz: 


kT KoV 
h 
Here G is the rate of grain boundary migration: 
kT 
the frequency factor: 
the interatomic distance in the boundary; 
a constant depending on grain boundary 
shape; 
the specific grain boundary free energy; 
the boundary radius of curvature; 
the gram-atomic volume of the metal: 
AS , 
and Q, 


the entropy of activation per gram-atom: 
the measured activation energy per gram- 
atom. 

The driving force for migration was assumed to be 
the reduction of total surface free energy; and if the 
other terms are treated as constants, the equation may 
be written as, 


é 


G 
0 Qe/RT (8) 


From this, the equation for grain growth (1) may be 
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derived and the constants of equations (5) and (8) are 
such that 

Ky aGy 


and (9) 


where a is a constant depending on the nature of grain 
growth. 

Equation (9) shows that the activation energy for 
grain growth and that for boundary migration should 
be the 
related. Therefore, a proper choice of the constants 


same: moreover, their rate constants are 


in equation (7) should enable the calculation of the 
the 


may be 


TAS 


entropy of activation. Then free energy of 


activation gram-atom obtained from 


VG 


For the constants. the following values were used: 


per 


AF, RT (10) 


where a choice existed, the lowest value was chosen: 
1.38 10-16 6.624 


ergs/°C; 
> = 200 ergs/em?; V 
em?3/g atom; A = 2 10-8 em; 


Atomic rearrangement must be involved in grain 


and a 


boundary migration; therefore, some diffusion process 
must be involved and may even determine the rates 
derived. From the descriptions accepted for grain 
boundary migration, it seems that the activated state 
during migration should not be far, atom-per-atom, 
from that of grain boundary diffusion. 

The latest data available for grain boundary and 
volume self-diffusion in lead are those of Okkerse.“*) 
Using for the grain boundary the same assumptions 
for migration and diffusion, and the formalism of 
absolute reaction rate theory, the following free 
energies may be calculated for the mean temperature 


range investigated: 


AF , Volume diffusion 22 keal/g atom. 
AF , Grain boundary diffusion 12 
AF , Grain boundary migration = 6.3 
From this result, as would be expected, grain boundary 
migration does not involve a bulk diffusion mechanism. 
Neither does it seem that grain boundary diffusion is 
involved because of the large difference in free energies 
of activation. However, it may be noted that the lead 
used in the diffusion studies was relatively impure, 
which may greatly affect the values for boundary 
diffusion. This speculation is contrary to the con- 
clusions of Hoffman and Turnbull”® about purity and 
boundary diffusion, but it should be noted that the 
material used by Hoffman and Turnbull was still not 
in the same range of purity as the material used in this 
investigation. 

Another approach to grain growth has been put 


forward by Feltham.” He suggests the comparison 
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of enthalpies of activation to test the boundary dif- 


fusion control of boundary migration. These may be 


calculated directly from the experimental activation 
energies which are 


> 15.7 keal/g atom 


@ > 6.7 keal/g atom 

but they do not lead to any more desirable correlation. 
If the theory of Feltham is slightly modified to conform 
with absolute reaction rate theory, the same results are 
derived as with the theory of Turnbull.“ 

At the present time, sufficient information is not 
available concerning grain boundaries and grain boun- 
dary diffusion in zone-refined lead to warrant further 
speculation on the mechanism of boundary migration 
in zone-refined lead. 
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SOME EFFECTS OF IMPURITIES ON GRAIN GROWTH IN ZONE-REFINED LEAD* 


G. F. BOLLING and W. C. WINEGARD? 


Following the general procedures previously presented for zone-refined lead, experiments were 
performed to observe the effects on grain growth of small added quantities of tin, silver or gold. For 
any particular concentration, a single growth law was observed over the temperature range investigated. 
Activation energies and rate constants obtained for the process increased with the concentration of the 
second element. In general, grain growth was retarded to an increasing extent from tin to silver to gold, 
but the rates of grain growth at any time approached a common value near the melting point for all the 


purities investigated. 


DU GRAIN DANS DU 


FONDUE 


EFFETS DES IMPURETES SUR LE GROSSISSEMENT 
PLOMB RAFFINE PAR LA METHODE DE LA ZONE 


Suivant les procédés généraux, présentés antérieurement pour le plomb raffiné par la méthode de la 


QUELQUES 


zone fondue, des expériences ont été effectuées pour observer les effets d’une addition de petites quantités 
d’étain, d’argent ou d’or sur le grossissement du grain. 

Pour toute concentration particuliére, une loi de grossissement unique a été observée dans lintervalle 
Les énergies d’activation et les constantes de vitesses obtenues pour ce procédé 


de température étudié. 
En général, le grossissement du grain était plus 


augmentent avec la concentration du second élément. 
petit pour des additions respectives d’étain, d’argent et d’or, mais les vitesses de grossissement du grain 
a tout moment, s’approchaient prés du point de fusion, d’une méme valeur pour toutes les impuretés 


étudiées. 


VERUNREINIGUNGEN AUF DAS KORNWACHSTUM IN 
ZONENGEREINIGTEM BLEI 

Nach dem allgemeinen, schon friiher fiir zonengereinigtes Blei entwickelten Verfahren wurde der 
Einfluss von kleinen Zusatzen von Zinn, Silber und Gold auf das Kornwachstum untersucht. Fiir jede 
Zusammensetzung wurde ein einheitliches Wachstumsgesetz iiber den ganzen Temperaturbereich 
Die Aktivierungsenergien und Geschwindigkeits-Konstanten fiir den Vorgang wachsen mit 
Im allgemeinen wird das Kornwachstum zunehmend verzégert 
Allerdings konvergiert die Wachstumsgeschwindigkeit fiir jede 


§ DEN EINFLUSS VON 


gefunden 
der Konzentration des Zusatzelementes. 
in der Reihenfolge Zinn, Silber, Gold. 

Zeit und alle Zusammensetzungen auf einen gemeinsamen Wert in der Nahe des Schmelzpunktes. 


INTRODUCTION was lower than might have been expected. Therefore, 
of the activation energies which have been — in the effect of 
second elements on grain growth, small amounts of 


order to obtain information about 


Most 


determined for grain growth in metals have been 


higher than might be expected on the basis of a grain tin, silver and gold were added to zone-refined lead 


However, the deter- and similar grain growth experiments were conducted. 


boundary diffusion mechanism. 
mination of these activation energies has been difficult, 


if not impossible, because of the fact that the srowth EXPERIMENTAL PROCEDURES 


law was not constant with temperature. The presence 
of an impurity concentration can be expected to 
affect the migration of grain boundaries, and it has 
been suggested that inclusions and impurities were 
responsible for the observed change in the grain 
growth law with temperature. In addition to showing 
the effect of inclusions, Burke”) has observed that 
both the activation energy and the rate constant are 
much lower for grain growth in high-purity brass than 
in commercial-purity brass. 

In previous work by the authors on zone-refined 


lead. a constant growth law and an activation 


energy were obtained; however, the activation energy 


* Received June 19, 1957. 
Department of Metallurgical Engineering, 
Toronto, Toronto, Canada. 
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University of 


The samples, containing known amounts of the 
second element, were prepared in the same manner as 
those used in the previous investigation. An additional 
procedure had to be followed, however, since it was 
found that the recrystallization temperature for the 
alloy rose as the concentration of second element 
increased. A definite recrystallization anneal above 
room temperature was used for each set of specimens, 
except those containing tin, prior to entry into the 
srain growth annealing This 
ensure that the samples were fully recrystallized to 


system. was done to 


fine grain sizes at temperatures lower than those used 
for grain growth. 

In general, it was noted that gold was more effective 
silver more effective than tin in 


than silver, and 


raising the recrystallization temperature. 
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Grain diameter ,cm 


0 200 300 400 500 600 


Experimental time,sec 


Fic. 1. Grain diameter versus experimental time determined 
for grain growth in zone-refined lead with 0.01 at. 
silver added. 

317°C 

297°C 

270°C 

240°C 

@ 190°C 


per cent 


TREATMENT OF RESULTS 
After the grain growth anneal, the results were 
available in the form of average grain diameters 
achieved in certain experimental times. The curves 


do not conform exactly to the simple isothermal law 


D2 = Kt (1) 


where K Ke V2? D and D, are the ambient and 


the initial grain diameters with time. and K is a 


temperature-dependent constant. An explanation of 


the general reasons for the departure from this simple 


law was advanced previously for zone-refined lead.) 

Fig. 1 shows the curves obtained using specimens 
containing 0.01 at. per cent silver. A time correction 
O att 0), 
by matching the experimental points to the best fits 


was found for each curve to make Dy 


with curves of the form 
D (Kt)” (2) 


This correction depended on the time taken to rise to 
the annealing temperature and the initial grain 
diameter, Dy, of the recrystallized specimens. These 
should have been the same for any specimen rising 
to any temperature. However, D, is equivalent to a 
shorter time at temperature for each higher tempera- 
ture of annealing and, therefore, the correction ranged 
11 sec at 190°C to —21 sec at 317°C for the 
particular used. 


from 


After the correction was obtained, logarithmic plots 
were made as in Fig. 2. The slope of the straight lines 
yielded the time exponents, n, for each temperature. 
A similar procedure was followed for each concentra- 
tion investigated, and the average value of » for each 
value of 


set is listed in Table 1. The individual 


IMPURITIE 


AND GRAIN GROWTH IN 


log grain diameter, cm 


log corrected time, se 


Log log plot of grain diame 
for zone-refined lead with 0.01 a 
317 
297 
270 
240 


190 


for each temperature is not noted because there was 
no determinable change except experimental scatte1 
The majority of the investigation was done with 
silver for reasons which will be discussed. It can be 
seen that the results are amenable to the determination 
of an activation energy, as was the case for zone-refined 


lead. 


INCREASE OF THE TIME EXPONENT n 


From the foregoing, it was concluded that 


addition of a second element does not produce 
growth law that changes with temperature for 
concentration: but increasing concentrations 


change the growth law. That is, the time exponent 
increased as the concentration of the second element 
increased. From the following experiments, this was 
found to be a two process effect 

At high silver or gold concentrations 
effect 
of Fig 


certain times, 


was observed. For example curves 


‘ 
3 show a change in the rate ol 


whereas curve C does 


feature. Consider the portion of the 


The 


A and B were recrystallized at 


ice) 


diagram shown in Fig. 4 


spec imens 


temperatul 


Material 


[Impurities (at. per c 


Zone 


0.005 
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0.08 
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-refined 0.44 
0.01 \o ().48 
0.02 \g 0.52 
0.04 \g 0.57 
0.005(5)Au 
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Grain diameter, cm 


200 300 
Experimental time, sec 


400 


Grain diameter vs. experimental time for zone-refined 

per cent gold added. Curves B and C are 

annealing temperature but for different pre- 
annealing temperatures. 


Fic. 3. 
lead with 0.02 at. 
for the 


same 


the solid-solubility limit of gold in lead, and those for 
above this limit. A normal procedure was 
the the latter 


preannealed, rapidly quenched to room temperature, 


curve 
followed for former, whereas were 
and then put in the grain growth annealing system. 
In the specimens for A and B, the gold should initially 
exist in solution and as a small amount of Pb,Au 
precipitate. However, from the procedures adopted 
vith the specimens for C, a much smaller amount of 
the second phase would be expected. It is suggested 
that grain growth was impeded at first by dissolving 
precipitate particles, and then continued at a different 
Thus, the 


longer time for 


rate when solution was complete. rate 


change should have occurred at a 


the lower temperature and should have been very 


Liquid 


Liquid + os | 


Grain growth; 
range 


| loc + Pb,Au 


Temperature 


| Preannealing 
range 


0.1 0.15 0.2 
Atomic % Au 
Fic. 4. A portion of the lead 


temperatures used for each experiment are indicated. 
below 180°C indicate the temperatures used for preannealing; 


The 


Points 


gold phase diagram. 


those above 180°C indicate the annealing temperature. 
Concentrations 
(at. per cent Au) 


0.02 
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Liquid 


Liquid + 
+h 


* Grain growth 


range 


Preannealing 
range 


Temperature, °C 


0.1 0.2 0.3 

Atomic % Ag 
the lead-silver phase diagram. The 
indicate the temperatures used for 
above 180°C indicate the annealing 
temperature. 


Fic. 5. 
points 


A portion of 
below 180°C 
preannealing; those 


Concentrations 

at. per cent Ag 
0.005 
0.01 
0.02 


@ 0.04 
0.06 
0.08 


brief and early for the samples of curve C. The 
curves in Fig. 3 show this to be the case. 

The time exponents for these curves have the value 
0.6. They may also be described as the sum of two 


curves 


and (3) 


Here ty, is the ordinary time correction and fo. is a 
factor connecting grain growth free from precipitate 
to the solution time of the second phase. The values 
of n should be near those of the basic material—i.e. 
0.4; but the resultant curve approximates to 


D foil)” (4) 


where n has a value above 0.4. 

The existence of this precipitate effect makes the 
concentration of 0.02 at. cent Au added not 
the 


energy. The lower concentration of 0.0055 at. per cent 


per 
amenable to determination of an activation 
Au added did not produce an observable change in 
rate, and the results were used. 

Fig. 5 shows a portion of the Pb—Ag phase diagram 
the 


preannealing and annealing temperatures indicated. 


with concentrations investigated, and _ their 
was visible for the two 
the 
temperature investigated with 0.04 at. per cent Ag 


added. 


data accurately into two curves. It would be expected 


A grain growth rate change 


highest concentrations used, and at lowest 


However, it was not possible to separate the 


from Figs. 4 and 5 that the same effect might occur 
for each concentration set of samples, and that the 
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arrest would serve to raise the value of the time 
exponent from that of the basic material. It is 
noteworthy that alloys with tin all gave an exponent 
of 0.4; in this system the solubility is much higher 
than the concentrations used in the experiments. 

A second effect also contributed to the increase of 
the time exponent with impurity concentration. The 


deformation performed on the button specimens was 


done by a drop hammer; the impact load was constant 


Ln rate of grain growth, cm/ec 


for all of the experiments. Since an increase of second 
element adds to the strength of an alloy, the thickness 
of the coin-shaped specimens resulting from deforma- 


tion increased. For the extremes, a 5 per cent change Fic. 7. A graph of the logarithm of the r: 
in thickness was measured. at 100 sec vs. 1000/7°K for lead and a 
Since the specific procedure times were determined cat 7” 
, ; made using different times chosen at random. This 
for a certain specimen size, any specimens larger than adi 
yrocedure indicated an estimated error of LO recent 
this would rise to temperature more slowly and would ' mae per com 
. for the values listed in Table 2 
produce a slight error in the measured time exponent. 


This effect was noted for two similar sets of specimens 
purposely differing by 10 per cent in thickness, and 
was found to be small in comparison to the precipitate 
effect. 
mpurities in at. per c 
ACTIVATION ENERGIES 
The results from the lead-silver and lead—gold 7 
sone -renhnec 
systems were sufficiently consistent to obtain an 0.005 
0.0] 


\ 
\ 
0.02 \ 
\ 
\ 


activation energy for most of the concentrations used. 
The values of Q and those of the constants K, are 0.04 
listed in Table 2. 0.005(5) Ar 

Fig. 6 shows the results with increasing silver 
content when the logarithm of the rate of grain growth 
is plotted against the reciprocal of the absolute 
temperature to obtain the activation energy for each In addition to the obvious increase of 
alloy. The particular data shown were taken for a energy with silver concentration, another ol 
time of 100 sec. but because the slopes of the is of note from Fig. 6. The rates of grain 
logarithmic curves varied slightly, other plots were any concentration approach 
melting point 


seen as well in 


investigated 

No attempt was made to find 
energy for the lead 
were not obtained, although 
-8.8 Melting was not as effective as _ 
point concentrations, in retarding 


difficulties which arose with 


Ln rate of grain growth, cm/ec 


connected with high ites ol 


ie) 


during the preparation and 


specimens 
Fic. 6. A graph of the logarithm of the rate of grain growth DISCUSSION 
at 100 see vs. 1000/T°K for lead and lead-silver alloys a * 
Concentrations Che same procedurt was followed a 
(at. per cent Ag) work’) to obtain an entropy and 
0.0000 
0.005 of activation from the expression 
0.01 Turnbull.“ The values of thes« 
0.02 
0.04 lable 2. In obtaining these numbers 
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were chosen for the constants involved in the calcula- 
lead. It 


supposed that the specific grain boundary free energy 


tion as for the zone-refined may well be 


changes with progressive increases in impurity 
concentration, but the range or sense of the change 
is not known. 

The emphasis to be placed on the numbers derived 
from Turnbull’s equation is not clear. However, it 
may be noted that the measured activation energy 
and the rate constant both increase considerably as 


the silver increases. Thus, the entropy of activation 


change is large compared to the free energy of 


As well, the 


substitution of gold as the impurity does not greatly 


activation change with concentration. 


alter the free energy of activation. This might suggest 
that the mechanism of grain boundary migration is 
not substantially changed by the addition of a second 
element, but that the change exists in the configuration 
of the boundary. 

Whatever the effect of a 
diminishes as the 
is raised, and appears negligible as the melting point 
The 
boundary and the solute element 
both 


second element, it 


temperature of grain growth 


is approached. interaction between a_ grain 


present is then 
the 


Moreover, the interaction 


dependent upon temperature and bulk 


concentration of the solute. 
is dependent upon the particular solute present being 
of greater importance from tin to silver to gold. The 
difference of these 


characteristics is similar for 
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elements in lead during diffusion, solubility and 
solidification, and suggests an ascending misfit of 
these elements in lead. 

Therefore, grain boundary migration, as viewed 
through grain growth in lead, is affected by a second 
element depending on some characteristic of its misfit 
in lead, its concentration, and the absolute tempera- 
ture. It should be noted that the dependence of 


concentration for boundary segregation is 
With the available 


data, there does not seem to be a direct correlation 


grain 


similar in nature, but not in form. 


between the two phenomena; however, the similarities 
are evident. 
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THE INFLUENCE OF SURFACE ENERGY ON THERMAL ETCHING 
A. J. W. MOORE 


When polished silver is heated in air to about 900°C the surface 
} 


las been shown tha 


of parallel ridges. Using crystals of known orientation, it 
consists of either {100} or {111} planes, depending on the original orientation of th 
the initial assumption that the surface free energy does not vary marked| 
when the surface coincides with certain planes of low indices where 
energy, it is shown that thermal etching to reveal a particular plane 
tilted more than 
surface energy of plane of low indi 
arcos 
surface energy of random plans 

The plane on the other side of the ridges is non-crystallographic and so orient 

of the ridge is 27 arcos 7,/77,.. Measurements of the angle at the tops of the ri s for over one hu 


dred crystals have shown that y,,9.)/; 0.90 and y,,,,,/3 0.84 This inte etation explain 


why etching of both {111} and {100} planes is observed with some crystals and 


show very indefinite etching. Measurements of the contours of the etched ridges by 
by stylus methods have shown how the etching develops from an initially flat surfa 


of the interaction between oxygen and silver on the etching is discussed 


L*INFLUENCE DE L’ENERGIE DE SURFACE LCATTAQUE THEI 
Lorsqu un échantillon d’argent poli est chauffé dans lair & 900°C, sa surface s’attagq 
révéle une série de rives paralléles. En utilisant des cristaux d’orientation connu 
cété de ces rives correspondait aux plans {100} ou {111} selon orientation initi: 
faisant ’hypothése que l’énergie libre superficielle ne varie guére avec l’orientation 
coincide avec certains plans d’indices faibles ot il se produit une chute importante dé 
surface, auteur montre que l’attaque thermique, e \ révéler un pl 


produire si ce est incliné de plus que: 


énergie superficielle du plan d ‘indices faibles 
arcos 
énergie superficielle d'un plan quelconque 


Le plan opposé de la rive n’est pas un plan cristallographique et 


ausommet de la rive est 27 arcos y,/y Des mesures de cet 


cent cristaux ont montre que O.YO et 4 Cette 


pourquoi l’attaque a lieu sur les plans {111} et {100} pour certains cristaux tandis que 
une attaque mal définie. Des mesures de contours des rives attaquées, ont montr 
se développe au départ d’une surface initialement plane 


L’auteur discute enfin de l’influence de loxygéne sur | ’argent 


DER EINFLUSS DER OBERFLACHENENERGIE AUF DIE THERMISCHE ATZUNG 
Wenn man poliertes Silber in Luft auf etwa 900°C erhitzt, erscheint die Oberfla 
Form paralleler Furchen. Mit Hilfe von Kristallen bekannter Orientierung konnte ge 
eine Seite der Furchen aus {100} oder {111} Ebenen besteht, je nach der ursprii 
orientierung. Unter der Annahme, das die freie Oberflachenenergie y nicht wesent 
tierung abhangt, ausser, wenn die Oberflache mit einer niedrig indizierten Eben 
konnte weiter gezeigt werden, dass thermische Atzung einer bestimn E 


kann, wenn diese Ebene um einen Winkel gr6ésser als 


Oberflachenenergie der niedrig indizierten 
are Cos 
Oberflachenenergie der zufallig indizierten Ebene 


geneigt ist. Die Ebene auf der anderen Seite der Furche ist nicht kristallographisch 


der Winkel auf dem Grat gleich 27 are cos y,/y, 1st Messungen des Gratwinkels auf 


0,90 und y 0.84 Diese Deutung erklart, warum manchs 


owohl auf {111} wie auch auf {100} Ebenen angeaitzt werden konnten, waihrend anderé 


finiert Atzen liessen. Die Konturen der geatzten Furchen wurden interferometrisch und nach 


tallen ergaben 


gemessen, um zu sehen, wie sich die Atzung aus einer anfanglich glatten Oberflache « 


n 


Einfluss der Wechselwirkung zwischen Sauerstoff und Silber auf den Atzvorgang wir 


* Received September 19, 1957. 
+ Division of Tribophysics, Commonwealth Scientific and Industrial Research Organization, University of Melbourne, Australia 
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nterteromet! ind 
mont ul 
irtace 
i la surtace 
tte energie cde 
ne } il 
nur und 
atwickelt. Der 
diskutiert 


INTRODUCTION 
When silver is heated in air for a few 


temperature near its melting point, the surface is 


hours at a 


etched to show an array of apparently simple crystal- 
lographic planes. This phenomenon of thermal etching 
is also found with other metals,” though not usually 


A poly- 


under such simple atmospheric conditions. 
crystalline metal is generally etched on the faces of the 


individual crystals and, in addition, grooves are 


formed at the boundaries of grains of different 


orientations. The shapes ot these oTOOVeS have been 


extensively studied and_ relationships between 


grain-boundary and orientation have been 


derived, e.g. Chalmers’) and Mykura.“ The mechan- 


enerzy 


isni of thermal etching of the surface of a single 
crystal is much less known, and it has been made the 
subject of the present study, in which the etch pat- 
terns are observed which appear on a silver surface 
on heating in air to about 900°C. It has been possible 
to show that the variations in the type of etching with 
the crystallographic orientation of the surface agree 
with those to be expected from considerations of 
surtace energy Also it has been possible to determine 
values for the relative interfacial energies of cubic 
and octahedral planes 

Although the characteristic striations produced by 
the thermal etching of silver were noticed as early 
and Ewan," only a limited 


as 1912 by Rosehain 


systematic study has since been carried out. Leroux 


Raub!® 


in oxygen but not in hydrogen. 


observed that thermal etching occurred 
The first detailed 


Was 


ind 


thermal etching on silver made by 


King and Shuttleworth. 


study of 
Chalmers, They observed 
both grain-boundary etching and striations on silver 
heated in air for 11 hr at temperatures as low as 500°C. 
They showed also that the etching produced in oxygen 
was essentially similar to that produced in air, though 
rather more complex. However, after being heated in 
vacuum the surface became covered with smooth- 


sided shallow pits. In nitrogen no striations were 


observed, though grain-boundary grooves were pro- 
minent A surface the rmally etched in oxygen became 
smooth if subsequently heated in nitrogen at 920°C 
for 11 hr. It could subsequently be etched in oxygen 
ind the cycle repeated. The striations were found to 
be parallel to slip lines and it was therefore concluded 
They 


pres¢ nee of the oxygen modified 


that the etching could expose faces. 


proposed that the 
the equilibrium configuration of the silver surface 
so that a stepped surface with specific planes exposed 


would have less energy than a smooth 


smaller area. Graf‘*®) observed the etch structures on 


several metals and concluded that they were evidence 


surface of 
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that 
Very 


recently King‘ has described some work on thermal 


of systematic lattice irregularities. He found 


etching of f.c.c. metals revealed cubic facets. 


etching on silver which in many respects confirms the 


present results. This will be discussed in detail at the 


end of the paper. 

Thermal etching of other metals usually takes place 
under restricted atmospheric conditions. Many metals 
which would form thick oxide films when heated in air 
will thermally etch at a low partial pressure of oxygen. 
Thus copper develops {110} and {111} planes at 
1000°C in air at 0.3 mm pressure.“® A nickel—chro- 
mium alloy etches to reveal {111} 
heated to 1200°C in an atmosphere with a H,O : H, 


planes when 


3.7 107.90) Cadmium thermally 


ratio about 3.7 
etches in a vacuum at 250°C, exposing basal planes 
and {1011} planes.) 

Because silver etches readily in air at atmospheric 
pressure it is a particularly suitable metal with which 
to study the general phenomenon. The first experi- 
ments were designed to determine whether there was 
any relation between the orientation of the macro- 
scopic surface and the crystallographic plane revealed 
on etching. It should then be possible to explain the 
etch patterns in terms of surface free energies of 
different planes. Some studies carried out on the 
contours of the etched planes suggested how they may 


develop during etching. 


ORIENTATION ON 
OF SINGLE 


OF 
ETCHING 
CRYSTALS 


THE EFFECT 
THERMAL 


The thermally etched pattern on silver shows under 
oblique illumination as a series of parallel bands, 
alternately light and dark. These can, in general, be 
explained by assuming that the surface consists of a 
series of parallel ridges bounded by two types of 
planes, the 
depending on the direction of the illumination. If the 


one set reflecting, other non-reflecting. 
orientation of the crystal and the direction of the ridge 
are determined and the angles of slope of the two sides 
of the ridge measured, then it should be possible to 
identify the planes produced by etching. 
Measurements of this type were carried out on a 
number of single crystals of silver (99.995 per cent) 
0.025 em thick and at least a few millimetres across so 
that good optical reflections and Laue patterns could 
be obtained from them. They were electropolished 
in a complex silver cyanide solution”* and heated in 
air to 900°C for periods of 10 to 17 days. All speci- 
the 


although not all were evenly etched over the whole 


mens showed characteristic lineal etching. 


surface. The angle between the etched ridges and the 
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axis of the specimens was determined with a micro- 


scope with a graduated circle, and the slopes of the 


sides of the ridges were measured by 


from them with a 
to that 


reflections were 


optical reflections 


similar Barrett.“4) 
three 


etched surface, the first relatively sharp from the set 


goniometer described by 


In general, 


of planes on one side of the ridges, the second a diffuse 
reflection from the set of planes on the other side of the 
ridges, and the third also diffuse from unetched parts 
that 
planes producing the sharp reflections corresponded 


of the electropolished surface. It was found 
closely with {100} or {111}, depending on the orien- 
tation of the surface. These planes will henceforth 
be termed simple planes. The sets of planes from the 
other side of the ridges which gave a diffuse optical 


did 


planes, but their normals occupied a band across the 


reflection not correspond to crystallographic 


middle of the stereographic triangle. These planes will 


Fi 


| 


Stereographic projections showing the 


(b) 
Fic. 1. (a, b). dire: 
tions of the crystal surfaces 


parallel 


normals to the unetched 
the diffuse optical reflections from one side of the 
ridges produced by etching (©) and the relatively sharp 
optical reflections from the other side of the ridges (@). Figs. 
l(a) and (b) show separately the crystals which etch to reveal 
f111} and {100} planes. The 
to a typical crystal are linked by the 
through A 


three reflections corresponding 
dotted line passing 


RGY 


observing the 


two-circle 


obtained from the 


AND THERMAL ETCHING 


Thermally etched ridges pr 
(Fig a)) heated at 900°C in 
consists of {111 
oriented 


oduced 
10 da 
planes The rei 
approximately in the 
graphic triangle 


air Tor 
surtace 
plane 
LOOO 


henceforth be termed complex planes. The results are 
Fig. l(a) For 
normals to its surface and to its two reflecting planes 
lie on the Three 
shown connected with the 


Although the 


orientation of the 


shown in and (b) every crystal the 


same great circle normals from a 


typical crystal are dotted 


line in Fig. I(a) 


mination of the 


accuracy ol the deter 


crystals is about 


= cases the 


and in some 
of the 


caused 


accuracy Of measurement 
diffraction effects 


etched 


reflections is reduced by 


close lines, the 


difficulty in 


by the spacing of the 
correspondence het ween the etched pl Lnes and 


good The 


itfuse re flect tion 


and {100} is remarkedly 


measuring the position of the d from the 
complex planes makes their positions as plotted much 
accurate. 


less 


Fig. 2 shows the etching produced on cry 


About half the 


planes, the remainder being ec 


for its orientation see Fig. l(a 
‘111! 
planes oriented so that their no 
middle of the 


consists of 


mate ly in the stereog 
Fig. 3 shows the 


Fig. Lb) The 


und when it is reveal 


etching produced 


1100! ted on 


plan 
surtace. 


most of the surface. The 


a complex plane dittuse 


from that of the {100! Since the 


plane pl 


by etching cuts the surface at a small ang 


boundaries of the etched regions ar 


not stralg 


Fig. 2 but are curved to conform with small 


ities on the original electropolished surf 


and JD. 
of the stereog! iphie triang| 


crystals, ¢ which are oriented approximately 
in the 
both Figs. I(a 

and {111} 


is shown in Fig. 4. 


centre ippear In 


and (b They reveal the simpl planes 


100} simultaneously and the structure of ( 


There are also two diffuse reflections 
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Fic. 3. Thermally etched ridges ‘produced on crystal 


(Fig. 1b) heated at 900°C in air for 10 days. The {100} plane 
is tilted 5° from the surface and occupies most of the surface. 
L000. 


indicating complex planes 34° and 43° from the {100} 
and {111} planes respectively. Other crystals oriented 


near C’ and D also gave 
etching to reveal an additional plane, but its area was 
apparently not sufficient to give a reliable optical 
reflection. 

These results are typical of those obtained on all 
crystals. They show that the type of etching is related 
If the surface 
of the crystal makes an angle of less than approximately 
30°-40° with a {111! 


{111} planes and also produces other complex planes 


to the orientation of the original surface. 


plane, then it etches to reveal 


on the surface whose normals lie within a band across 


the centre of the stereographic triangle. Similarly, if 
makes an angle of less than 20°-30 
etching produces that {100} 
It has also 


been observed that crystals oriented near the 110-100 


the crystal surface 


with a {100} plane, 


plane and a corresponding complex plane. 


line of the stereographic triangle and within about 20 


of (110) do not etch readily. The diffuse reflection 


Two sets of thermally etched ridges produced on 
crystal C (Fig. l(a) and (b)) heated at 900°C in air for 17 days. 
Both the {111} and {100} plane are revealed by etching. 

150. 


microscopical evidence of 


VOL. 6, 


1958 
from the unetched surface is strong and the other 


reflections (especially the one from the complex 


planes) are weak and difficult to measure. 
THERMAL ETCHING OF A 
POLYCRYSTAL 
The relatively small number of crystals (35) used in 
the last experiment and the inherent scatter in the 
limits to the 


THE 


results make it difficult to set accurate 


range of orientations of the surface where the two 


types of etching will occur. A much larger number of 


crystals can be investigated if a polycrystalline speci- 


men is used, and this procedure has the further 


advantage that all crystals have gone simultaneously 
through the same treatment. The use of this procedure 


has been made possible by the development of a 


method of determining orientations from microscopic 
measurement of the angles between the thermally 
etchedridgesand the traces of annealing twins.“°) With 
this method it was therefore relatively simple to obtain 
in the one determination the orientation of a crystal 


and its first- and higher-order twins, thus giving a 


| 


= 


| 
| 


(b) 


Fic. 5(a, b). Stereographic projections showing the orien- 
tations of crystals which will thermally etch to expose {111} 
and {100} planes respectively. The symbols indicate the diff- 
erent ranges of values of R where 
R projected area of {111} or {100} plane . 
total projected area of surface 
The crystals marked X have shown simultaneous etching to 
reveal both {111} and {100} — s. All specimens heated in air 
at 900°C for 134 days. 
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Fic. 6. Thermally etched pattern from crystal A in Fig. 5 
The {111} plane is inclined 5° to the surface. The 


curvature of the ridges is caused by grooving effects due to 
surface forces at the twin boundaries. L000. 


(a). 


much larger number of separate crystals whose etching 
could be compared. 

Silver of the same composition as that used in the 
last experiments was deformed and annealed to give 
cm | with a 


a specimen about 2.0 em L.5 mm 


grain size about 0.56 mm. It was electropolished and 
etched by heating to 900°C in air for 13} days 
Twenty separate determinations gave the orientations 
of 107 separate crystals and each was photographed at 
high magnification. 

The surface normal of each crystal was plotted on a 
the 
circle whose pole is the direction of the etched ridges 


stereographic projection together with great 


and which therefore contains the poles of all planes 
that could be revealed by the etching. It was found 
that for all crystals the great circle passed through 
LOO) or (111 


either and only occasionally and 


apparently by chance did it also pass through any 


Pall 

Fic. 7. The etched pattern produced when the {111 plane 

is inclined 13°30’ to the surface, as in crystal B of Fig. 5(a). 
L000. 


AND THERMAL ETCHIN( 


Fic. 8. The indefinite etch pattern produced 
| 


plane is inclined 35° to the surface, as in crystal ¢ 

The proportion ot covered by the 11] 
difficult to estimate and in this and other similar ¢ 
as 0.05 \ dashed lin 
indicates the direction of the et« 


LOOO 


Diane 
ases FR has 


indicates the 


surface 


been recorded 


boundary and an arrow 


Thus 


concluded that one of the planes exposed on the sides 


other pole with low indices again it can be 
of the ridges produced by thermal etching is eithet 
1100! or {111! 
very zone, the great 
through both 11] 


fore not possible to decide the ty pe of plane ¢ X pose don 


With 6 crystals whose orientations lic 
L110 


and 


close to the circle 


passed 


LOO poles and it was there 


etching. However, since on microscopical examination 


they showed no abnormality they have beet 


plotted in the diagram according to their expected 


behaviour. The orientations have 


been pLotte ad witt 


iG. 9 1e etched 
(a) where the Li] plane is in¢ 
bands are 11] 
indicates the 


pattern proau i ‘1g 
lined 27 
white planes 


The arrow 


wide 
etching. direc 
L000 


quent secondary etching wl ni 


JY), 

Z 
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different symbols to show approximately the pro- 
portion of etched surface covered with the simple 
plane. (See Fig. 5.) 

Figs. 6, 7 and 8 are typical photographs of etch 
patterns at different inclinations of the etching plane. 
In Fig. 6 the pattern is shown when the {111} plane 
is inclined 5° to the crystal surface and measure- 
ments from the photograph indicate that the fraction 
of projected area covered with {111} planes is about 
0.75. This fraction R is defined as 


projected area of simple plane 


total projected area of surface | 


As with the {100} planes shown in Fig. 3, the curvature 
of the etched lines is due to irregularities in the surface, 
caused in this case by surface tension effects at grain 
boundaries. Fig. 7 shows the development of {111} 
to the surface: here R is 


the 


planes inclined at 13° 30” 


about 0.5. Fig. 8 shows very slight etching 
encountered when the {111} plane is inclined at a 
large angle to the surface (35°). Satisfactory measure- 
ments of R cannot be made from the photograph, 
and for this crystal and those giving a similar etched 
appearance it has been recorded as 0.05. 


It is clear from the photographs that the etching 


pattern can be quite complicated. In the simplest 
shall be 


case, as in Fig. which termed primary 
etching, only one type of simple plane and one complex 
plane are revealed. When there are traces of two types 
of simple planes and two corresponding complex 
planes occurring side by side, as in Fig. 4, the term 
Other 
crystals of this type are those marked X in both 
0.05) 


simultaneous primary etching will be used. 


Figs. 5(a) and 5(b). They show weak (R 
traces of etching in the {100} and {111} planes. A 
third type of etching occurs when the subsequent 
development of a second simple plane is restricted to 
the complex plane from the primary etching, thus 
giving two simple planes and one complex plane. 
This is termed secondary etching, and is shown in 
several crystals with a wide range of orientation. See, 
for example, Fig. 9, where traces of the secondary 
simple plane are restricted to the primary complex 
plane and they do not cross the primary simple plane. 

Comparison of the areas dominated by the different 
types of etching (Figs. 5a, b) shows that the pro- 
portion of etched surface covered by 
plane decreases as the inclination of the simple plane 
At high angles of tilt the 
etching becomes very slight and indefinite. At some 
both 


revealed simultaneously. 


to the surface increases. 


orientations {111} and {100} planes may be 
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THE RELATIONSHIP BETWEEN SURFACE 
FREE ENERGY AND THERMAL ETCHING 

It has been suggested by Chalmers, King and Shuttle- 
worth'® that the driving force for thermal etching is 
the total surface energy which is reduced when a part 
of a randomly oriented surface is replaced by planes 
of low indices. This idea has been developed by 
Herring”® in a theoretical analysis of the equilibrium 
shapes to be expected from surfaces of various orien- 
tations. The area of a plane of low indices which must 
be exposed to give the condition of minimum energy 
will depend on the orientation of the surface and on the 
specific free energy of that plane relative to a random 
plane. 

As has been shown in the previous sections, thermal 
etching produces a series of ridges extending right 
across the surface (Fig. 10). On each ridge one side 
is a {100} or {111} plane, at an angle « to the general 
surface, the other side is a random plane tilted to the 
surface at such an angle f that the etched surface has 
the same macroscopic surface orientation as the 
original unetched surface. 

When viewed normally a fraction of the surface (2) 
appears to be etched to give a simple plane and the rest 
(] R) to give a complex plane. We have, therefore, 


tan p tan « 


tan « + tan p tan « + tan p 


To explain equilibrium shapes caused by the reduction 
of surface energy, it is assumed that the surface free 
energy of a solid does not vary markedly with orien- 
tation except when the surface coincides with certain 
planes of low indices where there is a sharp drop in 
surface energy. We may therefore let y, be the specific 
surface energy of the simple plane and y, be that of 
the complex plane. 
The total surface energy per unit area of original 
surface (y_) is given by 
R 
COS & 
y, sin 
sin (% 


minimum when dy,/d; 


i.e. when y,/y, 


SIMPLE 
PLANE 


COMPLE X 
PLANE 


10. Diagrammatic representation of a 
etched surface. 


thermally 


1 1 
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Experiments described in the following section show the value of x + for each crystal. The mean of the 
that after etching is completed the complex plane cosines of the « + / values for each crystal then gives 
makes the same angle [27 — (« + £)| with the simple y,/y, (using equation (2)) and, further, the limiting 
plane for all crystals which expose the same simple angle of inclination of the simple plane to the surface 
plane on etching. For such crystals, cos (« + 2) is for thermal etching to take place. The results are 
therefore a constant, and the above simple relation- compiled in Table 1 for the crystals of Fig. 1 
ship implies that y,/y, is also a constant, thus con- Ares representing these angles are shown in Fig. | 
firming the previous assumption that the surface and it is seen that in fact no crystals with the simple 
energy is not dependent on orientation, except that for planes inclined by more than the limiting angle have 
certain simple planes the surface energy is considerably etched. 
less. If the crystal surface is so oriented that the (b) From measurements of the photographs 
angle between the simple plane and the surface estimate of R for each of the crystals in Fig 
is greater than arcos y,/y,, then no etching can occur. made. This ranged from 0.88 to 0.05. For each c1 
The ratio of the total surface energy after etching tal the value of cos (« + £) and hence: 


to that before etching, y,/y,, can be found by sub- calculated from 


Tid 


stituting equation (2) in (1), i.e. R 
) COS & artan tan « } 
R 


cos (a + /) sin 6 + sin « i 
(3) 
sin (a + ) The results are also shown in Table 1. 
Thus the reduction of energy on etching is greatest Arcs representing these limiting angles have been 
when # is large and « is small, i.e. when the surface drawn in Fig. 5(a) and (b). In Fig. 5(a) only 4 crystals 


is oriented almost parallel to a simple plane. / is then have orientations lying outside these limits and 3 of 


approximately arcos y,/y, and y_/y _ At these show only faint traces of etching, R having the 


orientations where « is larger and # is therefore nominal value of 0.05. The fourth is only slightly more 


smaller, the reduction of energy is less, and it becomes etched (R = 0.08). In Fig. 5(b) 6 crystals lie outside 


ay [ay the limiting angle, 5 have values of R given as 0.05 


Equation (2) also implies that for a particular 


zero when 0, i.e. arcos 
for the remaining one R 0.07. 


From a combination of all these results it follows 


that 


thermally etched crystal of known surface orientation, 
and hence known «, the ratio of the surface free 
energy of a simple plane to that of a random plane “y 0.907 
can be found by measuring the angle 6. This can vs 0.838 1.082 + 0.016 
be done in two ways, using the results of the experi- 95 per cent confidence 
ments previously described: (a) by measuring / 
directly from the angle of the optical reflection from SECONDARY ETCHING 
the sides of the ridges forming the random plane or (b) Fig. 11 shows a stereographic triangle wi 
by calculating / from a knowledge of « anda measured arcs AB and C'D representing the limiting ar 
value of R. Both ways have been employed to give {100} and {111} etching. YX represents 
surta 


the results described in the next section. with the {111} plane tilted 15° to the su 


THE MEASUREMENTS OF THE RELATIVE simple analysis predicts that this crystal 


SURFACE ENERGY OF {100} AND {111} to reveal {111} planes and a complex 
PLANES Se 15 04° to the 
(a) The angle between the optical reflections from point Y. R would then be I8° 04'/ (tar 
the two faces of the thermally etched grooves gives tan 15°) 0.55. However is unlike 


TABLE 1. Relative surface energies of thermally etched silver crys 


Face etched Number of cases 


i111} 25 Mig. l(a) 0.827 0.0237 
{100} 12 l(b) 0.907 0.027 
{111} 63 Tig. 5(a) 0.839 0.013 
£100! 44 ig. 5(b) 6.906 0.011 
fJ11]} ) combination of the O.838 0.01] 
5100) above results 0.907 0.0097 


* 95 per cent confidence limits 


34° 12 18 65 
33 1° 20’-1° 32 
25 1° 24’-1° 30 
24° 57 1° 2 
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of secondary etching. 


final state will be achieved, because secondary etching 
will intervene. As the primary etching develops, the 
orientation of the complex plane, which is initially 
identical with that of the polished surface, moves along 
the line XY. When 
AB there is a tendency for secondary etching to 


its orientation crosses the arc 


expose {100} planes. Thus at a point V which lies 
between the ares AB and CD and whose position 
the 


secondary etching commences and the orientation of 


depends on the kinetics of etching reactions, 
the complex plane moves back towards the are AB. 
Then further etching to expose new S111} planes 


would continue at a point U’ and the orientation of the 


Fic. 12. Thermally etched pattern of a surface with the 
11] plane tilted ?A to the surface. The white bands 
shown as X X’ are {111} planes revealed by etching. The 
complex plane shows as a wide band which is dark near its 
boundaries with the {111} planes due to curvature. The 
incipient development of {lll} planes shown as Y — Y 
within the complex planes also shows the boundary darkening. 
The curvature at the boundary has so modified the surface 
orientation that traces of etching to expose {100} planes have 
developed. The traces are in the direction of the arrow. 


The crystallographic relationships during the course 


4 


(b) 


Fic. 13. (a) Thermally etched crystal with the {111} planes 
X X’ revealed by etching. They are tilted 25° to the 
surface. The shading near the boundary of the {111} planes 
indicates curvature of the intervening complex planes. The 
horizontal lines Y Y’ are the tracks made by the stylus 
needle during contour determinations. 

(b) The recorded contour of the etched surface shown in Fig 
13(a). The arrows indicate the slopes due to the {111} plane 
and the curvature of the intervening complex plane is clearly 


seen. 


this 
finish 


random plane return towards the are CD. By 
alternating the 
finally at Z and the etched surface would then show 
the primary simple plane {111} and the primary com- 


process orientation would 


plex plane etched to reveal {100},{111} and a new 
complex plane Z. Fig. 9 shows a crystal in the first 
stage of this process, and the above explanation shows 
why duplex etching of this type is observed over a 
wide range of orientations. It could occur for all 
orientations within the area EZ F of Fig. 11, but when 
the surface is nearly parallel to the {100} or the {111} 
difficult to 


observe on the small areas of complex plane produced. 


plane, the secondary etching would be 


The type of structure shown in Fig. 4, where the prim- 
ary etching reveals {100} and {111} simultaneously, 


would be that expected if the original crystal surface 
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were oriented within both the {111} and {100! etching 
11). 


regions (i.e. within ACZ of Fig. This crystal 


(C in Fig. 1) is, in fact, of this type within the limits of 


accuracy of that particular experiment. 
THE DEVELOPMENT OF ETCHING 

On some surfaces oriented to give a high proportion 
of complex plane, it has been observed that the com- 
plex plane is not flat, but curves sharply where it 
intersects the simple plane. Fig. 12 shows such a 
surface under oblique illumination. The {111} plane 
is tilted 25 


photograph. The complex plane is grey and is darker 


to the surface and shows white in the 


nearer the simple plane. The same effect can be seen 
around the incipient development of {111} planes in 
the middle of the complex plane. This shading suggests 
marked curvature of the complex plane. Since the 
phenomenon could be an indication of how the etching 
develops, the contours of such surfaces were studied, 
using both a stylus-type profile recorder and an 
interferometric technique. 

Fig. 13(a) shows the etched surface of a crystal 
with its surface oriented 25° frem the {111} plane. 
The 


can be readily seen at the edges of the vertical black 


shading at the edge of the complex plane 
bands. A contour of the etched surface is shown in 
Fig. 13(b), taken with an electrical recorder which 
showed the movements of a stylus needle (Talysurf, 
skidless pick-up with needle 2.5  10~4 em radius; the 
curvilinear record has been straightened by a photo- 
graphic technique“). The horizontal lines in Fig. 13(a) 
are the tracks of the stylus needle. In spite of their 
prominence such scratches do not greatly affect the 
accuracy of the recorded contour when the principal 
features of interest are changes of slope rather than fine- 
scale irregularities. On the trace shown in Fig. 13(b) a 
general slope of about 50’, which represents the differ- 
ence between the horizontal motion of the slider and 
the macroscopic surface, is imposed on the contour 
of the etched ridges. However, the curvature on the 
complex planes can be readily seen. The slope of the 
simple planes (indicated by arrows) has been estimated 
to be about 23°, which compares favourably with the 
value of 25° expected from the initial orientation. 
Another etched 
sharpened Fizeau fringes was oriented 8° from a {100} 


surface studied by examining 


plane and is shown in Fig. 14(a). Due to some un- 
known factor, there was a variation in the proportion 
of complex plane in different parts of the crystal, and 
this specimen therefore provided the opportunity to 
compare the the of different widths of 


complex plane. A microscope cover-slip silvered to be 


contours 


partly transparent was used as a reference flat; the 
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Fic. 14(a, b). A thermally etched surface with the {100 


plane (dark bands) tilted 8° to the surface and a corresponding 


interferometric pattern of the same field. The curvature of the 


wide bands of complex plane is clearly seen 
interference pattern is shown in Fig. 14(b). On the 
relatively wide bands of the complex plane (30 4) the 
curvature near the simple plane is clearly seen, but the 
narrow bands (10 4) appear to be straight within the 
sensitivity of the experiment. Measurements of fringes 
showed that the average slope of the simple plane is 
9° 12’ + 0° 20’, whereas the optical measurements 
gave 8 
Further evidence that the contour of the complex 
plane changes near its edge is provided by Fig. 12 
where on further etching of the complex plane the 
{100} plane is developed along the darkened junctior 
At this place the 
that it is wel 


the {lll} plane surface 


orientation 


with 


has been modified SO 


inside the region where {100}-type etching can occu 
DISCUSSION 
Interaction between oxygen and silve) 


Bulk 


therefore 


silver oxide decomposes at about 200°¢ 


and cannot be present during thermal 


etching. However, there is considerable interaction 
between oxygen and silver at higher temperatures 
Solid silver dissolves oxygen readily. Steacie and 
Johnson") report that silver when heated to 800° in 
oxygen at the same partial pressure as in air dissolves 
1.36 x 10°? at. 
polated figure for 900°C indicates that 2.0 


per cent of oxygen and the extra- 


9 


at 


on 
(Dp 


MET 


per cent of oxygen would be dissolved. The concen- 
tration of oxygen in the metal is proportional to the 
square root of the oxygen pressure, suggesting that a 
dissociation of the oxygen molecules into atoms is 
involved in the solution process. Measurements of the 
surface tension of silver at temperatures just below the 
melting point and in atmospheres of different oxygen 
Buttner, Udin"®) 
have shown that the surface tension in air is only 450 
1140 


helium. The reduction in surface tension is propor- 


partial pressures by Funk and 


dyn/em, compared to dyn/em in_ purified 
tional to the logarithm of the partial pressure of 
oxygen. Applving the Gibbs adsorption equation 
and the above solubility relationship, they deduce 
that over a range of oxygen partial pressure from 107! 
to 10-4 mm Hg, the silver has a chemisorbed film of 
oxygen with a constant composition of approximately 
1.5 atoms of oxygen for each silver atom. Over the 
same range of partial pressure the surface tension 
varies by a factor of 3. Thus their results lead to the 
surprising conclusion that the variation of surface 
tension follows changes of the oxygen concentration in 
the silver and is apparently not related to the com- 
position of the adsorbed film. 
Chalmers, King and Shuttleworth’ have described 
how thermal etching striations on silver will disappear 
on heating the specimen in nitrogen or hydrogen and 
are greatly modified and reduced on heating in a 
vacuum. These important observations, which have 
that 


closer 


been confirmed by the present author, indicate 


values of and are much 
to unity when no oxygen is present. Therefore, y ,,;, 


and ion, differ by only a very small amount for 
pure silver in an inert atmosphere. This conclusion is 
at variance with the difference of about 17 per cent 
found by Fricke‘) from his calculations from the heats 
the 
different cry sta] planes. 


ibout the stability of films on silver at 900°C, and the 


of sublimation and number of neighbours in 


There are no reliable data 


discrepancy might be explained if it could be estab- 
lished that silver heated in hydrogen, nitrogen, or in 
vacuum, would still be covered with a chemisorbed 
film. 

The development of thermal etching is therefore 
ultimately related to the solubility of oxygen in silver 
the Further 
explanation must await more experimental data on 
the 


contours of thermally etched surfaces have indicated 


and presence of chemisorbed films. 


these points. However, measurements of the 
how the silver must be transported to produce the 


etched surface. Figs. 12 and 13 have shown that when 
the bands of complex planes are wide they are curved 


near their intersection with the simple plane, and when 
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Successive stages during the thermal etching of an 


Fic. 15. 

initially smooth surface. 
they are narrow they are flat. Thus it appears that as 
etching proceeds and the bands of complex planes 
become narrower they change from the curved to the 
straight form. This is shown diagrammatically in 
Fig. 15. In the early stages at least, when the exposed 
areas of simple plane are relatively far apart, the 
etching proceeds by transport of silver from one end of 
the simple plane to the other. Whatever the mechan- 
ism may be by which this occurs, i.e. via the vapor 
phase or by volume or surface diffusion, the effect 
is to give the silver atoms an apparent increased 
mobility over the simple plane. Langmuir"! has 
described similar atomic movement during the thermal 
etching of tantalum and has shown that it can be 
affected by passing a current through the tantalum 
specimen. 

The thermal etching can also develop by the 
nucleation of additional simple planes in wide bands 
of complex plane, as in Fig. 12, and development of 
these could also proceed by transport along the simple 
plane. There is no evidence which will identify the 
positions where thermal etching commences, but the 
claims of Graf‘'®) that thermal etching is evidence of 
regular changes of internal structure must be recon- 
sidered in terms of modern concepts of lattice defects. 

It is reasonable to assume that the initial sites are 
points of inhomogeneity such as impurities or inter- 
sections of dislocation lines with the surface. Fraser, 
Caplan and Burr®) have shown that when chromium 
is heated to 1400°C in hydrogen, lines of etch pits 
mosaic boundaries which, they suggest, 


Also, 


and Machlin’*) have found an array of black spots 


occur at 


coincide with dislocation sites. Hendrickson 
on silver when it is heated to 600°C in an atmosphere 
of 10 per cent oxygen, 90 per cent argon. They claim 
that these are related to the expected density of the 
dislocations in silver and are the nuclei of the thermal 


etching process. 
The reliability of the surface energy determinations 


Concurrently with this work, King’ has been 
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studying the thermal etching of silver in air. He also 
has measured the orientation of over one hundred 
crystals and observed the type of etching they exhibit 
after heating. The general picture is very similar, except 
that his critical angle for {111} type etching is 36° 30’ 
and for {100} type etching, 25°, both values signi- 
ficantly greater than those observed here. He has 
described some cases of secondary etching and given 
a similar explanation for them. 

King’s high values of the critical angles for etching 
probably arise because his method uses data from 
only a few of the crystals. He has assumed that the 
experimental errors were small, both those due to the 
measurement of the orientation and those due to any 
erratic etching behaviour when the etching planes 
are tilted almost to their critical angle to the surface. 
On this basis, ares were drawn passing through those 
surface normals tilted with the maximum angle to the 
pole of the simple plane, to represent the critical 
angles of tilt for these simple planes. The angles 
represented by these arcs were used to calculate that 


0.906 


a) a) 


‘ec ic 


0.804 


It has been the experience of the present author that 
at the critical angles of tilt the type of etching produced 
is not always consistent, so that results which depend 
solely on observations at such orientations will not be 
reliable. It is suggested therefore that the methods 
described here which take into account the etching 
of all crystals and also allow an estimate of the errors 
will give more accurate results. 

It may be argued that values of the relative surface 
energies obtained from measurements on thermally 
etched surfaces may have a systematic error because 
the equilibrium state may not have been reached. It 
was shown earlier that when the primary etching has 
proceeded almost to completion the complex plane 
may be tilted to an orientation where secondary 
etching commences and the other simple plane is 
revealed. Since many crystals show traces of the 
secondary etching, it can be concluded that primary 
etching has at least proceeded to this advanced stage 


However, the increase in the ratio of the area of 


simple plane to complex plane as primary etching 
proceeds probably ceases when secondary etching 
commences. Since this ratio was used to estimate the 
tilt of the complex plane and hence the relative surface 
energy of the simple plane, it seems probable that, for 
crystals showing secondary etching, estimates of the 
limiting angle of tilt made from the observed angle of 
Of the 63 


crystals which etched to reveal {111} planes, 25 were 


tilt may be too small by amounts up to 3°. 
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16 
of 


Ranges of values for 
and {100 


without 


planes measurt 


SOC ond ry 


value of 


the 


O.O1L7 (95 pel cent confidence limits 


of this and 


these is 0.843 


type mean 


For the remaining 38 crystals located outside the 
EZF of Fig. 11 


occur and 


area secondary etching should 


not 0.836 0.018. For the 26 
crystals oriented to reveal {100! planes on primary 
followed by secondary etching 
0.014, and for 
the 


etching 
0.913 


the remaining IS crystal 
etching region 
caulterences 


13° tor 


secondary 
The 


for {111} primary etching and 


which are outside 


Y1100;/ 7 0.897 angular 
are 0° 45’ 
{100} primary etching. These ranges of values are 


Fig. 16. Although 


statistically significant 


shown as rectangles i these 


differences are not thei 
origin should be kept in mind when surface energies 
these The trend of the 


ratio of the surface energy is in both cases in the dire 


are determined by means 


tion expected by the above theory, and it is suggested 
therefore that the values of 0.897 and 0.836 are the 
more and 


00 


reliable for yy, 
correspond to limiting angles of 26° 14 


respectively and toa ratio Y 
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LETTERS TO THE EDITOR 


Hardening of copper single crystals 
irradiated at —195°C 
Copper single crystals are known to harden rapidly 
during neutron irradiation at pile temperature 
(~80°C)™ and recovery of the irradiation-induced 
hardness occurs only when the temperature is raised 
to 300°C. Both the the 


vacancies produced by irradiation are believed to be 


interstitial atoms and 
mobile at 80°C in copper and hence either or both 
defects may be responsible for the hardening. To gain 
information of the role played by each defect neutron 
195°C 


the interstitial atoms are 


irradiation experiments have been made at 
where it is believed that 
mobile but the vacancies are not. At this temperature, 
therefore, the vacancies produced by the irradiation 
will remain as isolated point defects. 

Single crystals of copper 2.3 mm in diameter were 
prepared by the Bridgman technique from spectro- 
A standard 


40°) was ensured 


scopically pure (99.998 per cent) copper. 
crystal orientation (y, = 40°, A, 
by seeding. After preparation the crystals were 
electropolished, sealed in silica quills, and irradiated 
in the Harwell reactor BEPO for one week at —195°C. 
The total dose of slow 10! n/em? 


and the ratio of fast (epithermal) to thermal flux is 


neutrons was 8 


about unity in the position used. After irradiation the 
specimens were stored in liquid nitrogen for a further 
week to allow the radioactivity to decrease and were 
then transferred to the tensile machine and tested 
at —195°C without permitting the temperature to 
rise. The stress-strain curve of one such specimen is 
Fig. 1. 


occurred on irradiation at 


shown in curve (a), Substantial hardening 
195°C, as has been shown 
previously.” The critical shear stress was raised from 
0.11 to 2.64 kg/mm? and after irradiation the stress- 
strain curve consisted of an early region of very low 
work hardening, up to 10 per cent glide, followed by a 
sudden rapid rise in flow stress between 10 and 12 per 
cent glide. 

The stress-strain curve of a similar crystal irradiated 
at 195°C and annealed at 20°C for 80 min before 
testing is shown in curve (b). The critical shear stress 
has been reduced by 7 per cent and the flow stress 
remains lower than that of the unannealed specimen. 


Furthermore, the “bump” in the curve disappears 


entirely on annealing. Experiments have been made 


in which an irradiated and unannealed crystal has been 
tested to a given strain, unloaded, annealed at 20°C 
for 80 min and retested. In all stages of the deforma- 
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© giide 


{ 


curves of 


Fic. | 


irradiated 


stress-strain 
tested at 


annealing and (b 


coppel 
195°C, (a) with 


and 
after annealing at 


tion the flow stress was reduced by the annealing to 


approximately the appropriate value given by 


curve (b). 
The temperature at which the reduction in flow 
tests in which 


stress occurred was determined by 


specimen was annealed for 30 min at 
L59 134°, 15°, O° and 20°C 


195°C. About 50 per cent of the reductio1 


respectivel\ 
between 
tests at 


in flow stress occurred after 30 min at O°C and th 


remainder after 30 min at 20°C. Annealing at higher 


temperatures produced no further effect. 


These results that the reduction it 


suggest 
stress on annealing is due to the migration of vacanci 


which are believed to become mobile in coppei 


about O°C. Until this temperature is reached 


vacancies are present as isolated point defects 
reduction in flow stress on annealing at 20°C mi: 
due either to the removal of a strengthening eft 
the dispersion of isolated vacancies or to the a 
lation by the condensation of vacancies of part o! the 
damage causing the large increase in flow stress. The 


nature of this damage is not known, but may be duc 


to annealed configurations of interstitial atoms, either 
as aggregates in the lattice or as jogs on dislocations 
aluminium und 


that 


Quenching 
1) 


experiments on 


copper, ' however, indicate quenched-in 
vacancies produce greater hardening after annealing 
than when present as a dispersion of isolated point 
defects. 


in the flow stress of irradiated copper on annealing at 


This observation suggests that the reduction 


20°C is due to annihilation of part of the stable damage 
If the effect 


by vacancy condensation. were due to 


of | | 

| 

single { 

| 
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the removal of the strenethening effect of isolated 


vacancies then quenched copper would also be 


expected to soften on annealing at 20°C, whereas in 


fact. hardening is observed. 
At the present time no explanation is offered of the 
bump” in the stress-strain curve after irradiation 
and its removal on annealing. 

Further experiments on these phenomena are in 
progress. 

I should like to express my thanks to Dr. H. M. 
Finniston and Dr. A. H. Cottrell for their interest and 
encouragement. 

M. J. MAKIN 
Metallurgy Division 
Atomic Ene rgy Research Establishment 
Harwell, Didcot, Berks., England 
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Plastic deformation in zinc oxide films 

By means of electron-microscopic examination of 
vacuum deposited zinc layers, some _ interesting 
observations were made concerning considerable 
plastic deformation of zinc oxide films formed on the 
zine surtace. 

The object of investigation was the zine layer from 
1 metallized-pape capacitor This layer is vacuum 
deposited on lacquer-coated paper and has a thickness 
of about 0.1 MM. The zine layer was separated from the 
paper by dissolving the lacquer in acetone. The 
separated zinc film was carefully cleaned in trichlor- 
ethvlene, which dissolves the impregnant, placed ona 
specimen holder (copper grid) and examined by 

fraction and microscopy in a transmission electron 
oscope 

The patterns obtained by electron diffraction 
showed that the film was composed of zine and zine 
yxide and that the cry stals of the components, both 
of which are hexagonal. were oriented with the basal 
planes parallel to the film surface. 

By electron microscopic examination we observed 
thin thread-like formations in some cracks in the 
sample film (Fig. 1). Most of these threads contained 


dark diffuse bands caused by Bragg reflections (Fig. 2). 


By altering the position of a thread relative to the 


electron beam. the dark bands could be moved 


Fic. 1. Cracks in Zn—ZnO film with thread-like formations. 


Electron interference bands indicating that the 
threads are single crystals. 
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Fic. 2. 


1A 


Fic. 3. The same threads as shown on Fig. 2 after annealing 


(600°C) mm vacuum 


cont inuously over the whole length of the thread. This 
phenomenon indicates that the threads are single 
crystals.”) The specimen holder with the composite 
Zn—ZnO film was then placed on a tungsten band in 
an evaporation chamber and heated to about 600°C 
in vacuum (10-4 Hg). After this 


mm treatment 


Fic. 4. Crack in quartz-strewed Zn—Zn0O film, showing be 
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which was intended to evaporate the zine layer, the 
threads remained with a thin coherent 
Only 


electron diffraction. 


film (Fig. 3 


zine oxide lines now be observed with 


could 


After the heat treatment, a rather regular pattern 
of light and dark streaks appeared in the electron 
microscopic picture of the thread crystals (Fig. 3 
altering the 


This pattern did not change by position 


of the threads relative to the ele« tron beam Hence it 


cannot be caused by interference phenomena Dut 
must be due to spatial variations of the mass passed 
by the electron beam. A possible explanation to the 
origin of the pattern is that the original single ¢ 

have polygonized by the heat treatment ind the 
subgrain boundaries, which have a lower density than 
the interior of the grains, give rise to the light streaks 
The size of the subgrains as indicated by the spacings 
between the light streaks is about 0.054 

the 


examined a Zn 


thre id 


which 


formation of the 
ZnO 


strewed with fine quartz powder. By 


In orde1 to study 


crystals we film. was 


illumination in 
the electron microscope the quartz grains caused an 


irregular heating of the film in which, owing to 


thermal stresses. many cracks appeared. In almost 


observed short threads or bands 


the 


every crack we 


which contained ove1 whole length ‘‘movabl 


interference bands and thus were identified 


as single 


crystals (Fig. 4). By intensive illumination a 


otten 


( rack 


widened and some of the threads were con 


siderably extended before they broke 
After rupture the thread did not chang 
This 


sing| 


experiment indicates ha the 


crystals of zine oxide 


ginning formation of thread-like 
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Fic. 5. Crack in a freshly prepared vacuum deposited Zn-layer 
with thin plastic deformed ZnO film. 1: open crack, B: Thin 
oxide film. 


deformation of some crystals in the zinc oxide film. The 
crystals have different ultimate elongations, which 
probably depend on the crystal orientation relative 
to the direction of pull and also seemed to depend on 
the rate of extension. The fracture commonly occurs 
at the edge of the crack and in many cases after an 
extension much above 1000 per cent. It is at present 
difficult to propose a satisfactory physical explanation 
for such a remarkable plasticity of oxide crystals, 
which, to the knowledge of the author, has not been 
mentioned in literature before. Presumably, the 
crystal orientation in the zine oxide film plays a 
considerable role. The hexagonal zine oxide crystals 
are, as mentioned above, oriented with the basal 
plane, which is an active slip plane, parallel to the 
film surface. 

On a freshly prepared vacuum deposited zinc layer, 


investigated as described above, we observed con- 


siderable plastic deformation of whole parts of the 


very thin polycrystalline oxide film (Fig. 5). 
Further investigations on plastic behavior of zine 
oxide as well as of other oxide films are in progress in 


this laboratory. 
A. LINDEGAARD-ANDERSEN 
Research Laboratories 


Allmdnna Svenska Elektriska A ktiebolaget 
Vdsteras, Sweden 
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The magnification of Figs. 3 and 5 should read 160 and 1200 respectively, 


and not as given. 


The volume number in reference 6 should be 106 and not 5 as stated. 
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THERMODYNAMICS OF PHASE 


INVOLVING 


DIAGRAMS OF 
COMPOUNDS* 


BINARY SYSTEMS 


/AGNER?* 


Formulae are derived in order to calculate the 


virtually invariable composition from the compone 
fusion. 


THERMODYNAMIQUE DES DIAGRAMMI 
COMPORTANT DES 


L’auteur établit des formules en vue de 


calculer 


of 
nts with the help of phase diagra 


free energy formation of a 


dati 


DE 
COMPOSES 
libre 


PHASE SYSTEMES 
DEFINIS 
ce 


DES BINAIRES 


l’ énergie formation d’un cor binaire 


de composition virtuellement invariable 4 partir de ses composants et en s’appuyant sur les donné« 


du diagramme de phase et des chaleurs de fusion. 


THERMODYNAMIK VON BINAR 
VERBINDI 
Es werden Formeln hergeleitet, die die Berechn 
dung konstanter Zusammensetzung aus den Kom} 
und der Schmelzwarmen. 


EN ZUSTANDSDIAGRAMMEN 
NGSBILDUNG 


MIT 


Verbin 
yonenten gestatten mit Hilfe des Zustandsdiagrar 


ung der freien Bildungsenergie einer binaren 


INTRODUCTION 
Figs. 1 and 2 show phase diagrams for two systems"? 
in which the components are stereoisomers with equal 
melting points. Since the melting point of the racemic 


compound in Fig. 1 is considerably higher than that of 


the components, and the melting point of the racemic 


compound in Fig. 2 is much lower than that of the 
components, it may be concluded intuitively that the 
“more stable” than the com- 


compound in Fig. 1 is 


pound in Fig. : 


AB 


)-Dimethy] tartrate 
)-Dimethy]! tartrate. 


Phase diagram for system B with 
A ( 
B 


) 
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Dimet! 


In what follows quantita 


cations to metallic and no 


presented. It is shown that free energ\ 


tion of compounds from the components 
systems can be estimated from phase diagran 
the homogeneity ranges ol the compounds 
and, therefore, the solubility of : 


il 


component in the cor }pound can be ne 
CALCULATIONS BASED 

EUTECTIC 


ON EXTRAPOI 
TEMPERATURES 


ATED 


In Fig. 2 the extrapolated terminal branches 
liquidus intersect at a eutectic temperature 
| 


compound on cooling of the melt can | 


may be directly observable the nucleatior th 


Suppressed 


To obtain the standard molar free energy of formation 
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C, 
2 
e 
BOF 
A+AB AB +B 
| 
Liquid 
= 
| Fic. 2. Phase diagram for system A-1 
{ Dimet d tvltarts 
80 B diacetyltart 
| 
| 
| 
| 
40F 
A+AB AB +B 
A = B 
a 
| 


he compound (C involving half a mole of 

ent from the solid components at tem- 
,one may use the Gibbs—Helmholtz relation 
ribbs free energy F and enthalpy H, 


1) 


present 


| problem it is convenient to introduce 


Tunction'‘- 


1) becomes 
00/0T = H/T? 


mperature pressure independent 


be caleulated 


Y AD? (9 4) 
order to caleulate A®°(?,). we consider the 


sequence ot ste ps. The solid components, 
ire supposed to be initially at the 


state 1). 


temperature Subsequently, they 
melt is heated to 
elting point i, of the compound (state 3). the 
compound is crystallized (state 4), and finally 

The enthalpies H of states 1 to 


function of temperature are shown schematically 


ted isothermal] state 2), the 


state 5 


3. The change in ® during the non-isothermal 

4—5 is to be calculated from equat ion (3). 

whereas there is no change in @ and F for the isother- 
mal steps 1-2 and 3-4 because equilibrium conditions 


If the 


specific heats of the melt and the solid compound are 


are supposed to prevail during these steps. 


equal, the difference in H between steps 2-3 and 4—5 


VOL. 6, 958 
is equal to the molar heat of fusion AH, of the 
Hence 


compound at its melting point #,. 


(77) d® 


d® 


Substitution of equation (5) in (4) vields 
{ 


AS 
where 


= 


is the molar entropy of fusion of the compound. 
In the case of pure organic substances, the entropy 


of fusion is about 13.5 e.u. per mole. If a compound 
is melted, the entropy of mixing of the liquid phase is 
to be added. If the entropy of mixing is equal to that 


of an ideal mixture, it follows that 


~ 13. 
13. 


where X , and X p respectively , are the mole fractions 
of A and B in the compound, 

From equations (6) and (8) and the data given in 
Fic. 2. the free ene rey ot formation of racemic dimethy | 


diacetyltartrate is found to be 


AF® 


75 cal (9) 


which is a relatively low value in comparison with the 
values for othe racemic compounds calculated below. 


In view of the symmetry of the phase diagram 


2, the composition of the eutectic melt 


shown in Fig. 
coincides with that of the solid compound. In general, 
especially if the melting points of the components are 
not equal, the composition of the eutectic melt is not 


equal to the composition of the compound. Fig. 4 


Xp 
Fic. 4. 


Iraction B 


Phase diagram of a system A-—B where the mole 
of the eutectic is smaller than the 


X, in the compound. 
B 


mole fraction 
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shows the phase diagram of a system in which the 
mole fraction 2,,,, of B in the eutectic melt is smaller 
than the mole fraction X ,, of Bin the compound. In 
this case. the following sequence of steps is to be 
{ mole of solid A and X 


mole of solid B are supposed to be present at the 


considered. Initially, X 


eutectic temperature (state 1). Subsequently the 


metastable eutectic melt in equilibrium with solid B 
is formed at constant temperature /, (state 2). On 
heating, solid B dissolves in the melt until the melt 
reaches the composition of the compound at tempera- 
ture #, (state 3). The following steps are analogous to 
those considered above. The enthalpy values are 
shown schematically in Fig. 5. If the difference 
,) 18 small, the contribution of the triangle 
3 in Fig. 5 to the calculation of the H/T? integral 
may be disregarded. Then, for a first approximation 
equation (6) may be used. In view of the afore- vhere AS, 
mentioned neglect, however, the value of AF°() component 
calculated from equation 6) is more negative than Equation 
the true value. Hence equation 


AF AS, ) LO 


At the eutectic temperature, | Xp | Up 
mole of eutectic melt is formed, and there remains 
(Xp — of solid B, which 
gradually dissolves while the temperature rises from 
), to 0,. Thus, on the average, the enthalpy during 
step 2-3 is lower by 
p,))/ (1 Lp) IAp pproximation, 0 may 


than the enthalpy for the hypothetical path 2—2’—3 in ‘or Xy, 


1/2, AS,, 


Rich 


Fig. 5, where A, is the average molar heat of solution 
of B in the melt within the mole fraction range from 


to Xp. Thus, calculating AM*°(7), one has to 
tive 


subtract \ 
0.987 OO]: 
shows tha 
ilue ol 
from the integral calculated in equation (4 a lower extent 


~ AH I 


Bl 


In a system involving solid compounds, the heat of 
mixing of the liquid is, in general, negative. Thus A, 
is supposedly lower than the molar heat of fusion where AS;, AH 
AH,;, of component 6. Therefore, letting A, fusion of component 
AH,» in equation (11), one obtains too low a value If the difference 
for A®°(9,) and accordingly a value of AF°(#,) which melt and the 
is less negative than the true value. Thus term A(AF 
of equation 


W(X p X B(¢)) (1 


| 
| 
| 
one 
| 
| 
| 
| 
18 tl troy 
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detined 
1958 
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Fic. 6. Phase diagram of 
A-—B involving two compounds I and 


Ii with congruent melting points. 


a system 


Under most conditions, the value of this term is 
expected to be less than the error due to extrapolation 
of the eutectic temperature. Therefore, equations (6) 
been formulated without the term 


and (13a) have 


A(AF’). 

Neglect of the term A(AF’) is especially justified 
because the practical use of equation (13a) is confined 
to systems where only a short extrapolation of the 


An 


extrapolation over long ranges is subject to large 


terminal branches of the liquidus is required. 


errors and may be even impossible because there are 
systems without a eutectic point at a finite tempera- 
At 


Consequently, a liquid phase may have a 


ture. 0, entropy terms in free energy equations 
vanish. 
lower free energy than a mechanical mixture of the 
pure solid components and, therefore, may be stable 
with respect to the mixture of the solid components if 
the heat of mixing is negative and its absolute value 
is greater than the sum of the products of mole 
fractions and molar heats of fusion of the components. 
SYSTEMS INVOLVING SEVERAL COMPOUNDS 

Fig. 6 shows the phase diagram of a system involv- 
ing two compounds I[ and II with congruent melting 
points and the mole fractions X ,; and X py;, respec- 
tively. The free energies of formation of these com- 
pounds from the pure components may, in principle, 
be obtained by extrapolating the terminal branches 
of the liquidus and using equation (13a). To minimize 
errors due to extrapolation, however, it is expedient 
to calculate 
formation AF;(A,II1) of compound I from solid A 
and compound II, and (2) the standard molar free 
energy of formation AF),(1,B) of compound II from 
These 


obtained for two different extrapolated eutectic tem- 


solid compound [ and solid B. values are 


METALLURGICA, 


VOL. 


a system 


(1) the standard molar free energy of 


Relative molar free energy FY of the solid phases of 
A-—B involving two compounds I and IT. 


peratures, ?,, and #,,,, shown schematically in Fig. 6. 
If the temperatures do not differ widely, the values of 
AF}(A,IT) and AF;,(I,B) can be used as approxima- 
tions for a representative average temperature since 
the temperature dependence of free energy changes of 
reactions involving solids of unique composition is, in 
general, relatively small. 

To obtain and 
AF ,,(1,B) and the standard molar free energies of 
formation of the compounds I and II from the pure 
components, AF; and AF;,;, we may use the diagram 
which shows the relative molar free 


relations between 


shown in Fig. 7, 
energy F™ of the solid phases of the system A-B as a 
function of mole fraction 2 p. 

In view of the similarity of the triangles 123 and 


157, it follows that 


A F;(A,11) 
X 


AF’ AF®, 


Xx Bil 


(15) 


Likewise, in view of the similarity of the triangles 856 


and 824, 
AFy AF,,(1, B) 


X 


AF 

, (16) 

Upon combining equations (15) and (16), it follows 

that 

AF, 

(1 X pl X py AF 

Xpu — Xp 


X pp B)] 17 
(14) 


Xpul(l — 


Xx Bil 


AF?,(1.B)] 


X pI 
(18) 
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ALTERNATIVE EXTRAPOLATION METHOD 

According to the phase diagram shown in Fig. 8, 
solid A, a compound C, and a melt of mole fraction 
x’, coexist at temperature 


the reaction 


Compound C = X ,A(s) + X,,B(in melt) 


is established with the equilibrium condition 


/ and F, are the standard molar free 


energies of pure solid A and the compound, respec- 


where 


tively, and F,, is the partial molar free energy of 
component B in the melt. 

In view of equation (20), the standard molar free 
energy of formation AF” of the compound from the 
pure solid components may be calculated as 
= 


X — Xp 


X p(2’ — (21) 

Upon extrapolating the terminal branch of the 
liquidus for equilibrium between the melt and solid B, 
it is possible to find the temperature ©’ at which pure 
solid B and a melt of mole fraction x’, coexist. Thus 


The temperature dependence of the free energy 


difference in equation (21) is given by 


where S,, is the partial molar entropy of B in the 
melt and S;” is the standard molar entropy of pure 
solid B. The former quantity may be written as the 
ot 
liquid B, the partial molar entropy of mixing for an 
Rin 


entropy S; - of Bin the melt. 


sum of the standard molar entropy S;” pure 


ideal liquid, and the excess partial mola 


Rin 2’, 24) 


Furthermore, the molar entropy of fusion is given by 


For an approximation the values of £,* and AS;, 


may be considered to be independent of temperature 
Then upon introducing equations (24) and (25) into 


integrating, using (22), and substituting the 


PHASE 


Thus equilibrium for 
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Fic. 8. Phase 
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diagram of a syster 
extrapolated branches of 
and cal 


alternative extrapolation 


ing to equations (26) and 


(21), the standard molar fre 


formation of compound C from the pure solid com 


result in 


energy 


ponents at temperature 7’ is found to be 


AF*(3’) 


Similarly, using the other side of the phase diagran 


shown in Fig. 8, 


AF 


where ©” is the temperature at which 


coexists with a melt of mole fraction 


B 
In most cases the excess partial mola 


and (27) are unknown 


af 


equ itions (26) 


approximation, the melt may br 


regular solution for which the values of 


vanish 


In view of information obtained for met 


from partial pressure measurements and it 


ssumed that thi 


on galvanic cells, it may be 
value of the integra! 


than R 


metrical parabolic 


excess molar entropy S’ 
be oreatel 


formula 


on composition 


Thereupon the limits for 


entropies of the compone! 


Thess 
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many the excess entropies are much lower 


S\ stems, 


than the limits suggested in equations (28) to (29b). 


According to Richards,'*) AS;, for pure metal B 


may be assumed to be equal to 2.2 e.u. 


The resulting numerical values for the expression 


The 


incert unt due to the last term increases considerably 


in brackets in equation 26) are listed in Table 1. 


for decreasing values of x ,. Unfortunately, equation 


26) involves inherently low values of x’. In view of 
the uncertainty due to the contribution of the excess 
molar entropy in (26) and the necessity of a 


longer extrapolation, use of (26) is, in general, not 


recommended. The same is true for equation (27). 


EXTRAPOLATION METHODS FOR COMPOUNDS 
HAVING INCONGRUENT MELTING POINTS 


If asystem involves a compound with an incongruent 


lting point as shown in Fig. 9, both equations 
may, in principle, be used. If equation 


Ol Zé 


used, the unstable congruent melting 


e found by extrapolation as is 
‘ated by the dotted line in Fig. 9 


an incongruent 


The uncertainty 


the factor y in equation in general, be 


or a compound with melting 


1 


in for compounds involving congruent melting 


Thus equation (13a) must be used with 


| 
B 


XBle) *B 


Fic. 9 B with 
1 compound which has an incongruent melting point. 


Phase diagram of a system | 
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EVALUATION OF THE LIQUIDUS OF A COMPOUND 
HAVING A CONGRUENT MELTING POINT 
Systems involving relatively stable compounds such 

as shown in Fig. 1 require a different approach. At 

the melting point #,, of the compound, the standard 
molar free energy Ff, of the solid compound is equal 


to the molar free energy F'?(I,, Xp) of the liquid 


phase of the same composition. The latter quantity 
in turn may be written as the sum of the free energies 
of the pure liquid components which are involved, the 


molar free energy of mixing for a hypothetical ideal 


melt, and the excess molar free energy F¥ of the real 


liquid. Hence 


X In 


BR) 


30) 


From equation 30) the free energy ol formation of 
Xp 


mole 6 from the pure liquid components at 


compound C involving X mole A and 


U; is obtained as 


X 


Equation (31) may be used especially if the pure 


the 


solid at 7 = J, it is of primary 


components have melting points below /,.. If 


f 
components are 
interest to calculate the standard molar free energy of 


AF 


solid components. 


formation of the solid compound from the 


Even if the melting points of the 


components are below @,. the standard molar free 


energy of formation of the compound from the solid 
components in hypothetical metastable states n ay be 
wanted for a comparison with values pertaining to 
lower temperatures. 

The standard molar free energies of the pure solid 
and are 


standard molar free energies of the pure liquid com- 
ponents, and F”, by 


components, rs” related to the 


where AS,, and are 


and #?, are the melting points of components 


the entropies of fusion 


and @ , 
A and B, respectively, and the difference in the 
specific heats of the liquid and the solid phase is 
neglected. 


Upon substitution of equations (32) and (33) in (30). 
| 


314 ACTA METALLURGICA, T= 61958 
1. Numerical values of AS, Rin 2’, 
AS R In Sf 
0.2 5.40 5.12 
0.3 $.59 3.92 
0.5 3.57 
0.6 3.22 1.28 
0.7 2.91 0.72 
ON 65 0.32 
Xp + RO(X, n X,-+ X,) 
Xs). 
In X,+X, X,) + F*(0,, Xz). 
l3a) is to b ED DD 
Be | FOYT) = FOOT) + (T — 0,)AS?, 32) 
| FAUT) = + (7 — (33) 
= 
A Xp XB 
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the standard molar free energy of formation of com- 
pound ( from the pure solid components at 7’ D, 


is obt Lined as 


— Dp) AS; p. (34) 


Similarly, the standard molar free energy of forma- 
tion of compound C from pure liquid A and pure solid 


Ve is found to be 


X »,B(s) 


In tl 
ot the 


e case of stereoisomers, virtually ideal behavior 
melt may be assumed as a very close approxi- 


mation as is suggested, e.g. by viscosity measure- 


ments which show no appreciable variation of 


(34) may 


Viscosity with composition. Thus equation 
be used with X,) = 0. For X , 


i AS; 4 AS p. it follows that 
AF 


0.70, 36 


In equation (36), the difference between the melting 
point of the racemic compound and the melting points 
ot 


accoramg to equation 


stereoisomers is decisive. whereas 


6) AF°W 


portional to the difference of the melting point v,, of 


the individual 


is essenti lly pro 


the racemic compound and the extrapolated temper 


ture 
Letting AS? 4 3.5 e.u and using the data shown 
Fig. 1, 


one obtains for the racemic compound ot 
dimethyl tartrate 


AF 


in 


SSS cal 


ili¢ 


This value is much more negative than the 


calculated in equation 9) for dimethy! 


This 


the difference in the stability 


ol iw cal. 
demonstrates 
of the 


diacetyltartrate. quantitativel 


racemic COoMm- 
pounds in Figs. 1 and 2. 
Similarly, the phase diagram for tartaric acid’ may 


be evaluated whereupon 
AF 1170 cal 38 


a comparison the value of AF 


For for 
tartaric acid is calculated from the solubilities L, and 
L, of 
respectively, in ethanol at 0°C according to Findlay 
it the solu- 


components and the racemic compound, 


and Campbell™ under the assumption thi 


tions virtually obey Henry's law, 


AF°(0°C) RT In L,/L, 


{SE DIAGRAMS SYSTEMS 


rhe divergence between the values in equation (38) 


and (39) is due to the difference in temperature and to 
the various approximations, especially the assumption 
that the solutions in ethanol obey Henry s law 

Virtually ide 


( oraing 


hquidus 


The validity of the assumption of a 


liquid may be tested in the following way 


to Schottky.) the second derivative of the 


temperature # with respect to mole fraction 


melting a compound is related to tl} 


point of 


ange of the partial molar free energies 


the with 


components COM position 


| h ise by 


tol 


erro! 


Ssnown 


Lccordn 0 


ippro 
Fusion or dissolution 
le fraction X 


hb 


Compound 


equation 


1 GISSOLVIN 
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AF*(I¢) = [Feo — X — Ir 
4inX, + XpinXp) + Xz 
Rat T - and 
,A()) + = C(s); 0, 
RO (X In X { xX in X B) U ar .2 AM 
Fo we nm. itf 
R 
i 4 
. Equation (41) is found to hold within t 
| if AS 14.9 « 
4 4 
tions trom 1dealit 
t Those ¢ ted Tro! | 
excess mi ir tree ¢ ers / 
\ 
a\ 
\ B t 
In view of (42). the free e1 
1370 cal. (39) AFT, x,) 1 mole of compound 
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very large quantity of melt of mole fraction x, at 


temperature 7’ is 
AF ,(T, xg) = (1 — Xz) F(T, xp) 


(43) 


The value of AF, is a function of both temperature 
T and mole fraction x; of the liquid phase. For a 
particular mole fraction x ,*, the temperature depend- 
ence of AF. may be 
change AS .* on dissolving 1 mole of compound C in a 


calculated from the entropy 


large amount of melt of mole fraction x,*. 


OAF (T, x,*)/OT AS,*. (44) 


The entropy change AS,* in turn may be obtained 
from the heat of fusion or dissolution as is discussed 
below. 

At the equilibrium temperature #* where the com- 
pound C and the melt of mole fraction x,* coexist, 


the free energy change vanishes 


The temperature dependence of AS .* determined by 
the difference in the specific heats of the liquid and 
Thus, 
integrating equation (44) and using (43) and (45), it 
follows that 


the solid phase will be disregarded. upon 


AF (T. 


X,)F 
X, F(T. 
T)AS,*. 


F°(T) (46) 


The equilibrium temperature at which compound 
(C’ and a melt of mole fraction Lp: x,* coexist is 
denoted by At 


AF (#, 2) vanishes. Thus, 


the free energy change 


in view of equation (43), 


X (77) 0. (47) 


Upon subtracting corresponding sides of equations 
47) and (46) for 7’ ?, it follows that 


X F , U, Xp) 


F (8, 


(48) 


At a given temperature 7’, the partial molar free 


energy of component A in the liquid may be written 


as the sum of the standard molar free energy F ”) of 


pure liquid A, the partial molar free energy of mixing 
for an ideal solution. RT In (1 XR), and the excess 
partial molar free energy F * of component A, 


In (1 
Bim 
F(T, zp). 
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An analogous equation may be formulated for 
component B. 

In order to account for the temperature dependence 


of the excess partial molar free energies F ,” and F,,”, 


the excess partial molar entropies S ,” and S;,”, are 


introduced. For an approximation, the temperature 
dependence of S and is disregarded. Using 
as a reference temperature, equation (49) becomes 


PAT, xp) = FO(T) + RT (1 


F, x 


+ (8* — (50) 


and an analogous equation holds for the partial molar 
free energy of component B, 


F(T, 2p) F ,*(0*, xp) 


mM\o 
T)S 


F3(T) tT In xp 


(51) 


The excess partial molar free energies F_,” and F ,,” 
may be expressed in terms of the excess integral 


molar free energy F¥, 


= + (1 — 
B B B 
E 

A 
f the excess integral molar entropy S¥ 

ol the excess integral molar entropy 

x ,(0S”/0x 


Xp) I Ox). 


Similarly, S_,” and S,,”, may be expressed in terms 
(53a) 


+ (] (53b) 


Upon substituting equations (50) and (51) in (48) 


and using (52a) to (53b). it follows that 
(9*. Lp) (rp X 3) Ox 

| FE(9*, p*) (x - X ,)(0F# Ox »)* | 

(v V)f(xp) = 0 


— (54) 


where the auxiliary functions g(x,) and f(x,) are 
defined by 
(R/AS.*)[(1 X 


X In (xp Lp 


In (1 rp*)/(1 


f(xy) S¥ (xp) S¥(x, *) 
X (OS® Ox 


(56) 


(54) and (56), the _ differential 
quotients of F¥ and S¥ without superscript are to be 
taken at 7 
differentials quotients with an asterisk superscript are 


to be taken at 7 


In equations 
0* and the current value xp, whereas 
For the hypothetical case of an ideal liquid phase, 


i.e. for Lp) and f(x ,) 


temperature J;, as a function of x, can be readily 


0, the equilibrium 


52a 
PT, ry) = FON) 
$9) 
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calculated from equation (54) and is found to be 


Integration of equations (54) yields 


F*(0*, = F*(0*, x,*) — — X,)(OF 


TR 


(Tp B) dxp 


dxp 


Ox 


(58) 


where the integrands J,(x,,) and J,(x,) are 


(xp) AS .*[0* (Xp (59a) 


[O* — Harp) X p)*. (59b) 
For a compound which has a congruent melting 
point, it is convenient to let 2,* 


AS ,* for x;* 


AS; of the compound, which is obtainable with the 


because 
X » is equal to the entropy of fusion 
B | 


help of standard methods. In the following evaluation, 
«,* is, therefore, set equal to X , and #* equal to the 
melting point J. 

[f the liquidus for coexistence of compound and 
melt extends nearly to the pure components, values 
of the integrands in equation (58) may be extrapolated 
1 as the limiting values at 


up to rp 0 and Lp 


which the excess molar free energy F¥ vanishes. Thus 


VE 
(00, 


» = 0) = F* (85, Xz) 


(OF*/ax,)* | =0 


(Vo, X p) 


+ (OF */0x,)* I— 0. (60b) 
JX, 
From equations (61) and (62) FF X 
and Ox may be calculated. Substitution of 
these values in equation (58) with X p, 
vields 
(Vo, B 


> 


) 


"rp 
(J Xp) X 
J 


“B 


) | 


X pz) | dx 


p 


I,(xp) dx » 


(61) 


Substituting equation (61) with x, — X,», in (31), 


(34), or (35), one may calculate the free energy of 


PHASE 


DIAGRAMS OF BINARY SYSTEMS 

formation of compound C. In particular, upon sub- 
stitution of equation (61) for x, = X», in (34), the 
free energy of formation of the compound from the 


pure solid components at 7’ ?,, is obtained as 
AF ) 


(] X RB) 


X In (1 
v 4 


(] X RB I, (x RB 


Jo 

The function f(z) involving the excess integral 
molar entropy S” of the melt according to equation 
(56) is, in general, not known for systems to which one 
wants to apply equations (61) or (62). Therefore, it 
may be assumed that the melt is a regular solution, i. 
S¥ — 0 and accordingly = 0 


the 


Since this assump 
value of 


calculated under this assumption will involve a certain 


tion, is in general, not valid. 


error which may be estimated by using the highest 
For 


the system In-Sb involving the compound InSb, the 


absolute value of S” suggested in equation 28 


quotient (i, X is about 1L000°K over 
most of the composition range according to the phase 
Thus the 


involving the 


diagram reported by Liu and Peretti.“! 
the 


absolute value of term second 


integral in equation 62) is found to be less than 170 


cal. i.e. less than 9 per cent of the value of the free 


energy change of the reaction 


In (/) Sb 


InSb 


calculated in the following paper.“?) By 


the assumption of a regular solution and neglect of th 
integral involving the integrand J,(2,,) is supposed 


not to result in excessive errors 


62) shows that the standard 


Equation 


energy of formation of a compound is 


only In part by the difference between 
point of the compound and the melting poi! 


components. A second decisive contribution 


from the integral involving the integrand 


which in turn is determined by the shape of the 


liquidus The steepel the asi ending and the descend 


‘is the integ nd 


ing branch of the liquidus, the 


the greater are the neg deviations 


itl Ve 


melt from ideality, and the greater is th 


value of the standard molar free energy of 
of a compound. In view of equation (57) th 


[,(x#,) may be rewritten as 


Xp) AS Lp Vix, 


According to equations 61) and (63 h 
determined by the difference in the liquidus ten 


ture a hypothetical ideal liquid and 


— 
| I,(x,) dx, 
- 
\ 


o 


liquidus temperature ¢ f the real system If the liquid 
| system is virtually ideal, 7;,(2,) 


there- 


phase of the rea 


a small difference of large values and, 


B) is 
fore. its value is very sensitive to small errors in the 


experimental values of ?(x,,). This situation has been 
found in the evaluation for the system Ga-Sb. Under 
lower and an 


(12) 


these conditions, one obtains mainly 
upper limit of the excess molar free energy. 

As a limiting B 


) may be virtually indepen- 


O,equ ition 


64) 


the excess molar free energy is a pal ibolic function 


otf mole fraction Up as is suggested by the quasi- 


chemical theory of binary solutions in its simplest 


form As an exan ple . the system In-Sb is quoted. “*) 


g Bi the integrand J,(x, 


In some systems, e.g. Mg 


peak at Up X p since the liquidus has a 
of curvature at the 


mall radius peak, i.e. at 


Under 
of the 


very 
X , as has been discussed previously 


these conditions. v« precise measurements 


required in order to evaluate equations 


liquidus are 
6] ind (62). 


Extrapolation of the integrand J,(2,) to 2, 0 and 


| may be avoided by using data for the terminal 


branches of the liquidus. In this case, equation DS) 


AS pplied o1 to the range between Up U 
Cm U 0” where the compound coexists 
Fig 


Aanda 


condition for equilibrium between solid 


» fraction at temperature 7° is 


66) 


for equilibrium between 


and a melt of mole fraction 


ound, 


67) 
tution of equations (33) and (51) in (67) yields 


Ri?” In 


‘AS 


Substituting equations (52a) and (58) with v,* 


in (66) and equations 52b) and (58) with 


y* j in OS). obtains Two 


one 
( nie 
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equations from which X ,) and may 


be ealeulated. Thus 


Upon substituting equation (69) in (31), 
the free energy of formation of the compound may be 


calculated, especially if it is assumed that the melt 


is a regular solution, i.e (a O and Up) 
The error due to neglect of the excess entropy of the 
melt may be estimated by using equations (28), (29a), 
and (29b). 


EVALUATION OF THE LIQUIDUS OF A COMPOUND 
HAVING AN INCONGRUENT MELTING POINT 
Likewise one may calculate the Iree energy of forma- 
tion of a compound which has an incongruent melting 
point, see Fig. 9. 
At the 


compound 


transition temperature ?’, solid pure 

. and the liquid phase of mole fraction 2’, 
The equilibrium condition has been stated in 
(21) 


Upon substituting equation (51) 


coexist. 


has been deduced. 
with 7 


in (21), the 


equation (20) from which 


and x» and (33) with 7 
standard molar free energy of formation of compound 
C from the solid components is found to be 

AF°(d 


X,[ RO’ In x’, + F x’ p) 


(70) 


The value of P p) 


evaluating the liquidus of the compound with the 


may be obtained by 
help of equation (58). The entropy change AS (x,*) 
for 2 is equal to the heat of dissolution 
of compound C in a large amount of the melt of mole 


(71) 


AS p) 
The value of A,, is be obtained either 
directly, or indirectly from the heat AH, which is 


turn may 


required when 1 mole of compound C’ undergoes the 


isothermal reaction at the transition point, which 


| rp) dx 
6] mes VAS RY’ In (1 
B { t i i B) 
\> 
— + RO" In x", 
Ey»! 
( 
su ition of equations and a0 65 vields 
i} Up U AS { (1 
Similarly, the 
at temperature is 
Su 
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may be formulated as a superposition of dissolving 
| mole of the compound in the melt of mole fraction 
mole solid A. 


x’, and crystallizing , — X ,)/2’ 


The heat of dissolution of 1 mole a large amount 


\ { and is 


equal to the negative value of the enth ilpy change on 


{ in 
of melt of mole fraction Lp is denoted by 


crystallizing A. Thus 


AH,, = A, 


The slope of the liquidus for coexistence of solic 
and melt at 7 
the liquidus for coexistence of the compound 
melt at 7 


determined by 


0’ is denoted by x and the slope 
and 


) 


by Dp. 


(13) 


The values of « and / are 


where F of mixing of 


melt. 


is the molar free energy 


74). it follows that 


From equations (73) and | 


x X 


B 
Upon eliminating A , by substituting equation 


in (72). it follows that 


Aw =a AH, |(« 76) 


Thus the heat of solution <A, be calculated 
from the heat of transition AH, and the 


the 


may 
slope s oft 


the two branches of the liquidus at transition 


temperature 


Substitution of equations 52a) and (58) in (66) and 


equations (52b) and (58) in (68) with 2,* _s 


yields two equations from which F*(9', 


may be calculated 


and (@F Ox for 


Substitution of the latter values in equation (52b 
yields 3’) whereupon (70) can be evaluated. 
Hence the standard free energy of formation of com- 


pound C from the solid components is found to be 


B 


X 


X,(0’ 


Since the function f(x,,) involving the excess integral 
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molar entropy according té 


4 
general, not known 17) n 


issumption that the melt is a 


error resulting from this 
mated by calculating 
of the terms involving t 


with the aid of (28 


CONCLUDING REMARKS 

Methods sug¢ 
approximation 
appro 
phase diagr 


rested in this | 
und de 


ximations. It 


ynot 
ordet 


m gives dat 


4] 


coexistence of two ph ises and 


data are obtainable only fol 


spec 
not as a function of temperature 


free-energy value 


In principl 


calculated if ex 


perature can be 
been determined. An experimen 


nowevel 


excess entropies 

give directly the free energies 
m.1 

or determination 0 


combined 


pounds, viz. e measurement 


measurements 
tion of compounds 
surements between 7’ QO and ti 
consideration for a calculation 
In spite of 


diagram d ita 


1 ] 
this limit 


is outlined 
to obtain approximate free- 
ments re 


mired tol 
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ON THE THERMODYNAMIC PROPERTIES OF THE III-V COMPOUNDS 
InSb, GaSb, AND InAs* 


WERNER F. SCHOTTKY? and MICHAEL B. BEVER* 


The heats of formation of the III-V compounds InSb, GaSb, and InAs at 0°C were measured by tin 
solution calorimetry. The heats of fusion of InSb and GaSb were measured by quantitative thermal 
analysis. From these measurements and published phase diagrams the excess free energies of the liquid 
phases in the systems In-Sb and Ga-—Sb and the free energies of formation of InSb and GaSb were 
calculated by a method due to Wagner. 


THERMODYNAMIQUES DES COMPOSES 


GaSb ET InAs. 


PROPRIETES 


Les chaleurs de formation des composés InSb, GaSb et InAs a 0° C ont été mesurées par calorimétrie 


SUR LES 


InSb, 


dans une solution d’étain. 

Les chaleurs latentes de fusion des composés InSb et GaSb ont été mesurées par analyse thermique 
quantitative. De ces mesures et de diagrammes de phases existants, les énergies libres supplémentaires 
des phases liquides dans les systemes In—Sb et Ga—Sb et les énergies libres de formation des composés 


InSb et GaSb ont été caleulées, par une méthode due & Wagner. 
EIGENSCHAFTEN DER III-V-VERBINDUNGEN 
UND InAs 

V-Verbindungen InSb, GaSb und InAs bei 0°C 


Durch quantitative thermische Analyse wurden auBerdem die 
Hilfe dieser Messungen und bereits bekannter 


THERMODYNAMISCHEN 


InSb, 


DIE 
GaSb 
einem 


Die Bildungswarmen der III wurden mit 


Zinn-Lésungskalorimeter gemessen. 
Schmelzwarmen von InSb und GaSb bestimmt. Mit 
Phasendiagramme wurden nach einem von Wagner stammenden Verfahren die zusatzliche freie Energie 
der fliissigen Phase in den Systemen In—Sb und Ga-—Sb sowie die freie Energie der Bildung von InSb 


und GaSb berechnet. 


The compounds of Group III and Group V elements 
attracting attention for 
reasons.) Most 
date 
with their electronic properties, and little is known 
Published 
data appear to be limited to the heat of formation 
of InSb at 450°C 


capacity of this compound. 


are at present practical 


and theoretical 


these compounds to have been concerned 


about their thermodynamic properties. 


and the low-temperature heat 
(3) 


In the investigation reported here the heats of 


InAs at O°C and the 
heats of fusion of InSb and GaSb at their melting 


formation of InSb, GaSb and 


points were measured. Since the entropy of formation 


of InSb at O°C could be calculated from data in the 


the free 


InSb 


energy of 
at O°C could be derived. 

The results of this investigation made it possible 
to apply a theory of phase relations involving inter- 
metallic compounds, published concurrently by 
Wagner.'® By this theory the free energy of formation 
of such a compound and the excess free energy 


of the liquid can be calculated, if the phase diagram 


* Received July 30, 1957; in revised form October 11, 


1957. 
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investigations of 


formation of 


is known and fulfills certain requirements and if the 
heats of fusion of the elements and of the compound 
and the heat of formation of the latter are known. 
Published phase diagrams‘’’®) together with values 


measured in this investigation supplied the data 


required for calculating the free energies of formation 


of InSb and GaSb between room temperature and 
The 


the liquid phases were also calculated. The calculated 


their melting points. excess free energies of 
free energy of formation of InSb was compared with 
the value found from the heat and entropy of for- 


mation. Satisfactory agreement was obtained. 


1. EXPERIMENTAL PROCEDURES 
AND RESULTS 

The compounds used in this research were supplied 
by Prof. H. Welker, Siemens-Schuckertwerke (InSb, 
GaSb, InAs), Mr. T. C. Harman, Battelle Memorial 
Institute (InSb, GaSb, InAs), Mr. A. H. White. 
Bell Telephone Laboratories (InSb, GaSb, InAs) 
and Dr. 8. A. Kulin, Lincoln Laboratory, Massa- 
chusetts Institute of Technology (InSb). No syste- 
matic variations in the measured heats of formation 
and heats of fusion of the compounds were found 


with samples from different sources. 
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SCHOTTKY BEVER: 
1.1. Heats of formation 

The heats of formation of InSb, GaSb and InAs 
were determined by tin solution calorimetry. In 
this, the heat effect produced by adding a sample of 
compound at 0°C to liquid tin is compared with 
that produced by adding a mechanical mixture of 
the components having the same ratio as the com- 
pound. The difference in these heat effects yields 
the heat of formation of the compound at 0°C. 

The experimental equipment and technique and 
the 
previously. 


method of calculation have been described 


Subsequent modifications deserving 
mention here are the substitution of tin for tungsten 
as the calibrating substance and improved methods 
of temperature control. 

In this investigation the measured heat effects 
did not have to be adjusted for changes in the con- 
the tin The total 


run 


centration of solution. solute 


added in any one never exceeded 2 weight 


per cent; in this range no dependence of the heat of 


dissolution on concentration could be detected. 
The additions containing arsenic caused difficulties 
They required an excessively long 


10-20 


for two reasons. 


dissolution time of min and introduced an 
additional heat effect due to evaporation of the 
The 
creased the error in the evaluation of the heat trans- 
ferred to the tin bath. 


The upper limit of the heat effect attributable to 


arsenic. prolonged time for dissolution in- 


the evaporation of arsenic could be estimated from 
the of the 


neck of the calorimeter flask. The deposit weighed 


amount condensed in a cooled section 
2 mg after a total input of 0.8 g arsenic at the highest 


No 


vaporization would have occurred if the same amounts 


bath temperature used (380°C). error due to 


of arsenic had vaporized during additions of the 


compound and of the mixture. As the most un- 


favorable case, it may be assumed that vaporization 


of arsenic took place only on adding the mixture. 


TABLE 1. Typical dissolution times in tin at 
different temperatures 


Substance Temperature (°C) Dissolution time (min) 


InSb 
In + Sb 
InSb 
In Sb 
GaSb 
Ga Sb 
GaSb 
Ga + Sb 
InAs 
In + As 
InAs 
In As 


PROPERTIES OF 


OMPOUNDS 


Heats of formation 


Maximum Route mean 


Heat of deviation erro! 


formation 


square 


trom ot average 


Compound 
(keal/g average value 


atom) (keal/g (keal/g 


atom) atom) 


At the temperature of the calorimeter arsenic vapo! 


exists predominantly in monatomic form From 
the corresponding heat of vaporization (60.6 

heat of 
high by 0.4 


heat of 


atom"™®) the observed dissolution of the 


too keal g atom 


the 


more negative by 


mixture would be 
As a 
InAs 


than the value reported below. 


consequence, true formation of 
the same amount 


that 


would be 
To the extent 
arsenic also evaporated during additions of the 
compound the error decreases. 

Attempts were made to determine the heats of 
formation of AlSb, InP and GaAs 


compounds could not be dissolved in liquid tin in 


However. these 


reasonable time at temperatures up to 380°C 

Table 1 gives typical times of dissolution required 
at different The heats of 
and 


temperatures measured 


formation of InSb, GaSb, 
in Table 2. 
According to Kleppa,‘*? 


InSb 


InAs are reported 


the heat of formation of 


solid 


This 


indium and antimony at 


from 
450°C’ is 4.30 


than 


liquid 


keal/g atom value is mor 


negative the value of 
reported in Table 2 for 0°C 


attributed to the heat of fusion of indium 


to 0.39 keal for 0.5 g atom and the difference in the 
specific heats of the compounds and the components 


as discussed below in Section 2.2 


] 4 Heats of fusion 


The 


GaSb 


heats of fusion of the compounds InSb and 


determined by quantitative thermal 


Oelsen ef In 


were 


analysis according to this 


method, the heat liberated during the cooling of a 


sample is transferred to a water bath and the tempera 


ture changes of this bath and of the sample ar 


measured simultaneously. 


The calorimeter consisted of a Dewar flask con 


taining 500 ml of water, covered by a transite toy 


with openings for a mechanical stirrer coppel 


tube (18 em long, 2.8 em i.d. and 0.3 mm wall thick 


ness) and a Beckmann thermometer with 0.01" 


divisions. A typical run was started by melting 


\ 
32 
TABLE 2. 
ot run 
InSb 3.47 0.11 0.07 12 
GaSb 4.97 0.22 0.04 12 
InAs 7.40 0.64 0.12 14 
3 17 i T 
240 3 
240 
254 
354 0.75 
338 10 
338 20) 
379 5 
379 
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sample of 15 g of the compound in a Vycor tube 
i.d.). 
in the copper tube and held in position by a suitable 


(15 em long, 1.3 em This was then inserted 


transite fitting. The temperature of the compound 


during cooling was measured with an iron—constantan 
thermocouple connected to a potentiometer and a 
reflecting galvanometer. In order to take frequent 


readings, a constant setting of the potentiometer 


was used and the deflection of the galvanometer was 


read as a measure of temperature. A resistor in 


series prov ided alternative sensitivities of 9 or 13°C 
per scale division. 

During solidification the part of the Vycor tube in 
contact with the sample remained at the melting 
point of the compound. That part of the tube above 
cooled and transferred a 


the however. 


certain amount of heat to the calorimeter in addition 


sample, 


to that due to the heat of fusion of the compound. 
To reduce this effect. the unfilled part of the tube was 
kept cool by a water coil during the initial melting 
of the sample. 

was used, the time re- 


Since only a small sample 


quired for obtaining an entire cooling curve was 


about 5 min. No 
the bath 


correction for heat transfer between 


and the surroundings was found to be 


necessary. During solidification, te mperatures of 
the compound and the water bath were read every 
5 sec. These readings were plotte d against each other 
as shown in Fig. | 


The 


mined in 


heat capacity of the calorimeter was deter- 


two ways. From the weight of the com- 


ponents and their specific heats a total heat capacity 
the 


of 535 ecal/°C was estimated. Secondly calori- 


meter wi calibrated with which was 


antimony 


200 
TEMPERATURE SAT 


Fic. 1. Typical run for determining the heat of fusion of InSb 


METALLURGICA, 


VOL. 


Fic. 2. Typical run for determining the heat of fusion of GaSb 
suitable as its melting point differs from those of 
GaSb by no than LOO-C, 
(11) 


and more about 
the heat of 


a heat capacity of the calorimeter of 545 cal/°C 


InSb 


From known fusion of antimony 
was 
determined. This value was used in calculating the 
heats of fusion of InSb and GaSb. 

The GaSb 
behavior in the 


tine 


cooling curves ot showed a peculiar 


range from the normal melting point 


to about below this temperature, which can 


be seen in Fig. 2. This behavior cannot be due to 


the presence of impurities because the samples were 
of high purity and did not deviate significantly from 
the ideal stoichiometric 
after it had 


contained only 0.03 weight per cent oxygen. Similar 


ratio. Furthermore. even 


been used in several runs a sample 


cooling curves were observed with antimony. but 
not with InSb. Sluggish behavior is found in antimony 
alloys also, according to 


and antimony-containing 


The measured heats of fusion of InSb and GaSb 
Table 3. These 
three The 


6 per cent for InSb and somewhat 


are listed in values are based on 


averages of runs limits of error are 
estimated to be 
less for GaSb. 
The heat of fusion of InSb has also been determined 
by Nachtrieb"® in a 


found a value of 5.61 keal/g atom. 


dropping calorimeter. He 


TABLE 3. Heats of fusion 


Compound AH”, (keal/g atom) 


InSb 
GaSb 


Mm 6, 1958 
| 
| 
| } 
| 
| 
| 
4 4 
1 
= |.00} 
} 3%, 
| 
280 460 640 820 
a TEMPERATURE OF SAMPLE, °C 
4.C | 
\ 
\ 
> 
WwW 
I 
06 
< I 
< 
WwW 
ele), \ 
\ 
\ 


COMPOUN 


SCHOTTKY anp 
compound 


tne entropy of fusion | 


und the auxiliary function o(2,,) is defined as 


where F& is the gas const 
Che integrand may al 
Observed Values 
(Liu and Peretti) 
where 


Calculated 
Ideal Curve 


is the te mperature of the liquidus for 


ideal liquid 

Atomic Percent, Sb 

leulated ideal and observed liquidus curves in the Fig » shows the Hquiaus tempt 

In Sb system hypothetical ideal li l the syste 
YI 

.ccording 


the experimental valu 


2, CALCULATION OF FREE ENERGIES é 
Peretti. Th experimental curve Is 


AND DISCUSSION 
These negative deviatiol 


The CYCORS free energies of the liquid phases in the 
correspond CaAtive Value | ’ 
systems In-—Sb and Ga—Sb 
calculated equation 
lag 6) has rive iti cale j 
Wagner has derived equations for the calculation in ndent of 
rf the ¢ xcess free energy, F*. of a liquid phase from 
If a term resulting from 


2.1. 
0.6] 
0.69 
the liquidus of a compound. 
the excess molar entropy of the liquid is neglected 


his equation (61) becomes for the special case of a 


compound consisting of equal amounts of the com- 


ponents A and B, 


FF 


where x, is the mole fraction of B in the liquid, and 


the integrand [,(xp) is defined as 


AS eon Va 


In this equation J, is the melting point of the com- 
is the temperature of the liquidus 


pound, Up) 


> 


Atomic 


liquidus « 


Fic. 4. Caleulated ideal and observer 


| | \ ) 
= 
: / 
/ SO D vrittel 
) 
{ 
m | nd 
te Li 
d 
uncert ties i Tl \ i 
aes value of AS, of InSb is det 
— 1)? (2 
1 - fusiol porte i] |? 
\ hown in Fig. 4, t iquid { 
the svstem Ga-—Sb according to 
C | 
| | 
| 
800 COlculated | 
dec! Curve | | 
20 30 4c 50 8 
=Percent, SI 
| in the Ga-Sb 
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lie only slightly below the hypothetical ideal liquidus. 
Equation (1) yields for this system 


FF (0.67 0.55) (1 keal/g atom. 


SI 
(7) 
Since deviations from ideality in the system Ga-Sb 
are small, atoms in the liquid phase must be distri- 
buted almost at random. This is in striking contrast 
to the well-ordered structure of the solid compound 
GaSb. 
Additional 


of the liquid phases in the systems In-Sb and Ga-Sb 


information concerning the ideality 
can be obtained from an analysis by Rushbrooke,“7&!” 
If the heat 


of mixing is assumed to be approximately equal to 


based on the quasi-chemical theory. 


the excess free energy F¥ of the liquid, the ratio of 


the number P,, of pairs of unlike atoms in a real 
solution to the number P,,,,,, of those in a hypo- 


thetical ideal solution may be written as 
(8) 


where Z is the co-ordination number. In this equation 
F¥ is used rather than H™, since the estimated error 
in F” is smaller than the error in H™! when this is 
calculated at the melting point of the compound 
from available data. 

In the solid compounds having the zine blende 
structure, Z is equal to 4. From X-ray measurements 
on liquid InSb Buschert, Geib and Lark-Horovitz®) 
found 5.6 nearest neighbors. If the value 6 is adopted 
for the liquid phase, it follows from equations (6) 
and (8) that the number of pairs of unlike atoms in 
In-Sb at 2x 0.5 is only about 20 
For the 


corresponding figure of only 3 


the 
per cent greater than in an ideal solution. 


system 


Sb 
system Ga-Sb. a 
per cent is obtained from equations (7) and (8). 
These values, however, give no more than an order of 
magnitude because the assumption of central forces 
made in the quasi-chemical theory is only of approxi- 
mate validity. 

The liquid phases in the systems Ga—As and Al-—Sb 
seem to be not far from ideal. This follows from equa- 
tion (1), 
and the entropy of fusion of the respective compounds 


if available phase diagrams are used‘*:14-19) 


is assumed to be about the same as that of InSb and 
GaSb. 

It may be concluded that the liquid phases of the 
systems mentioned in this section have essentially 
a metallic constitution. This is noteworthy in view 
of the semi-conducting properties of the solid com- 


pounds. 
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2.2. The standard free energies of formation of InSb 
and GaSb 
From Wagner’s equation (35)'® the standard free 
energy of formation of the compound InSb from 
liquid indium and solid antimony at its melting 
point is found to be 


AF*[4In(/) 
Rd, In 2 


1.10 +- 


s5b(s) = $InSb(s), 798°K] 


FF (x, 0.5) AS {Sb 


0.99 0.20) 0.28 


0.20 keal/g atom 


(9) 
where 
and AS 


atom of 


sp — 903°K is the melting point of antimony 
5.25 e.u. is the entropy of fusion per 
The uncertainty in AF 


at 798°K is nearly equal to the uncertainty in F¥, 


gram antimony. 
which in turn depends on the heat of fusion of InSb 
and the values of the liquidus. 

(31). the 


standard free energy of formation of the compound 


Similarly, from Wagner’s equation 
GaSb from liquid gallium and liquid antimony is 


found to be 
AF[3Ga(I) 


Ri, In 2 


ISb(/) LGaSb(s), O76 K 
FF (x, = 0.5) 
1.34 ( 0.17 


1.5] 


0.14) 


0.14 keal/g atom. 
(10) 


The free energies of formation of the compounds 


from the sclid components at 7’ = 298°K may be 


calculated by the Gibbs—Helmholtz equation 
d(AF°/T) AH 
(11) 
dT 


If this equation is integrated between 7’, = 298°K 
and the melting point 7,, of the compound, it follows 


that 


AF”"(T,) 


ier 
AF) (1 AH (To) 


“°c AH°(T) 
T° 
where AF” and AH® denote the free energy and the 


heat of formation of the compounds from the com- 


AH”(T,) 


dT (12) 


ponents in their most stable states. 

The temperature dependence of AH” is determined 
by (1) the heats of fusion of the pure components 
at their melting points and (2) the difference AC - 
in the heat capacities of the compound and com- 


ponents. Heat capacities of InSb and GaSb are not 


Sj 
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known but may be estimated, because they represent 
essentially the increase in the energy of the lattice 
vibrations with temperature. The change in energy 
resulting from the increase in the concentration of 
excess electrons and electron holes is negligible, 
since even at the melting point these concentrations 
amount to only 10'® per cm? In the temperature 
range where both the compound and the components 
are solid, the Kopp—Neumann rule may be assumed 
to hold with an uncertainty of +1 cal/deg. Since 
liquids have a considerably greater thermal expansion 
coefficient than solids, their heat capacities are, in 
general, larger than those of solids. Thus a value of 
AC” , (1 + 1) the 


temperature range where one component is liquid 


cal/deg may be used for 


and the other is solid. For the system Ga-Sb above 

630°C, where both components are liquid, AC° 
(2+ 1) cal/deg has been used in the evaluation of 

In the case of InSb the differences 


in the specific heats of the compound and the com- 


equation (12). 


ponents account for part of the difference between 
AH*°(298°K) AH”(725°K) 
in connection with Kleppa’s result.‘ 

The AF®°(298°K) resulting from 
the uncertainties of AC”, values are 107 cal/g atom of 
InSb and 145 cal/g atom of GaSb. 


Numerical values of the thermodynamic quantities 


and mentioned already 


uncertainties in 


for the systems In-Sb and Ga-Sb are summarized 
in Table 4. 
formation of InSb 


The final value of the free energy of 


A F®°(298°K) 3.02 + 0.30 keal/g atom 


agrees within the limits of errors with the value 


A F*(298°K) 2.88 0.18 keal/g atom 

calculated from the heat of formation and available 
entropy data as shown in detail in Section 2.3 below. 
This agreement suggests that Wagner’s method for 
calculating free energies of formation from phase 
diagram data may also be applied successfully to 


other systems such as Ga-Sb. 
TABLE 4. 


Property Units 


AH°(273°) AH°(298°K) 
AS*°(298°K) (e.u./g atom) 
AF®°(298°K) from equation (13) (keal/g 

te (°K) 
F¥ (8c, tsb = 0.5) (kea 
AF*(&e) 

AF°(298°K) from equation (12) 


(keal/g atom) 


atom) 


y atom) 


I/g 
(keal/g atom) 
(keal/g 


atom) 


PROPERTIES OF 


Thermodynamic properties of the systems In 


II] COMPOUNDS 
2.3. The standard free 


at 298°K 


formation of InSb 


enerqy of 


The heat of formation of InSb has been determined 


at O°C. The used at 25°C 


value may he 
the difference in the heat capacities of the compound 
and the components can only be small in view of the 
Kopp Neumann rule 

The values ar 


following entropy 


(298° K 13.88 0.10 


In 


S*°..,(298°K) 10.92 0.05 e.u 


The Debye temperature © of InSb has been deduced 
from (1) specific heat measurements and (2) measur 
the constants The v 
From © 
and 
10.42 e.u 


if a correction is applied for the difference between 


ments of elastic 200) 


ilues 
and 208°K. agree closely 200 D 
tabulated 
of InSb is 


ana 


relations between © entropy, the 


entropy found to be ¢ atom 
C,, and C,, based on values for the thermal expansion 
available in the 


free 


and compressibility literature 
In this the 


mation of InSb at 25°C 


manne! standard energy of for 


is obtained as 


AH°(298°K) 298 AS°(298°K 


A F*°(298°K) 
0.11 

1.99 0.26) 10 

2.55 0.18 keal/g atom. 


This value has already been used in Section 2 


T he 


and GaSb 


2.4. formation 


standard entropies 


The standard entropy of formation of 
equal to 0.5 mole of InSb can 
values reported in Section 

Th 


and 


atom value 
A AH 


(298° K 1.4 0.3 


1.99 0.26 e.u./g 


from 


fis AS 


entropy 


calculated 

in Table 
The 

formation from metalli 


grey tin is AS°(298°K) 


change iated with 
white tin to 


0.17 e.u 


semiconductl 


1.68 
Sb and Ga 
InSb 


3.47 
1.99 
2? 88 
798 
0.99 
1.8] 
3.02 


0.20 


0.30 


13 
> 
Ins 
i 
1 tro) 
\S°(298°K 
TO?! (79a 
th, 
i 
O.11 1.07 
0.26 
0.18 
O76 
0.20 0.17 0.14 
1.5] 0.14 
0.3 
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is of the same order of magnitude as the entropy 
changes the 


conducting III-V compounds from their constituent 


found above for formation of semi- 


metallic elements. It is also interesting to note that 


the entropies of grey tin (10.7 e.u.%%) and of InSb 


(10.2 e.u.) are nearly the same. 

The relatiy ely large negative entropies of formation 
indicate that the Debye temperatures for the semi- 
conducting phases, all of which have the zine blende 
structure, are significantly higher than for the parent 


metals. This difference corresponds to high values 


of the force constants for small displacements of 


the atoms from their normal lattice sites. 
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THE PLASTIC BEHAVIOUR OF COPPER CRYSTALS CONTAINING ZINC 
IN THE SURFACE LAYER* 


M. A. ADAMS 


Tensile tests have been made on copper crystals containing vario oncent 


layer. Crystals containing small amounts of zinc, after : 


small pre-strain and 
a yield point, whilst in crystals of higher surface zinc content the 
deformation affected the yielding behaviour of both lightly and heavily zincifi 
stress measurements showed that a lightly zincified surface strengthens a 
than a heavily zincified surface: removal of the surface 

large decrease in strength and a disappearance of thi 

idea that the first Frank—Read sources to becom 

surface. 


LE COMPORTEMENT PLASTIQUE DES CRISTAUX DE Cl . CONTI 
DANS LA COUCHE SUPERFICIEL 


NANT 


L’auteur effectue des essais de traction sur des cristaux de cuivre contenant du 
variable dans la couche superficielle. Les cristaux contenant de faibles quantités dé 1ontrent 
une faible prédéformation et un revenu & 200° C, un ‘“‘yield point”’ tandis que dans les cristaux 
superficielle en zinc élevé¢ . le " s ield point est absent Un déformation preal ible 


limite élastique des cristaux a faible tout aussi bien qu’éa haute teneur en zinc. Des n 


critique de cisaillement montrent qu'une surface faiblement zincifiée confére au « 
de résistance qu'une surface fortement zincifiée: la suppression de la couche superfi 
faiblement zincifié occasionne une chute considérable de la résistance et la disparition ¢ 
Les résultats sont en accord avec l’idée que les premiéres sources de Frank—Read qui sont 


cristaux de cuivre sont celles qui sont situées au voisinage de la surface 


DAS PLASTISCHE VERHALTEN VON KUPFERKRISTALLEN MI 
ZINK ENTHALTENDEN OBERFLACHENSCHICHT 
An Kupferkristallen, die in einer Oberflachenschicht Zink in verschiedener Konz 
wurden Zugversuche durchgefiihrt. Kristalle mit kleinem Zinkgehalt 


zeigten na 
verformung und Anlassen bei 200° C eine obers 


Streckgrenze, wahrend eine sol 


konzentration in der Oberflache nicht auftrat. Vorhergehende Verformung 
halten beider, der schwach wie auch der stark oberflachenlegierten Proben 


Schubspannung zeigten, dass eine schwach legierte Oberflache Kupferkristall 


stark legierte. So bewirkt die Abtragung der Oberflachenschicht eines 


eine starke Abnahme der Fliessgrenze und das Verschwinden der 


oberer 


sind mit der Vorstellung in Einklang, dass die zuerst 


iKtiV werdenden FI 


kristallen diejenigen in Oberflachennahe sind 


1. INTRODUCTION i f t] 


1¢ 


It is now widely accepted that the dislocations in out by Fisher 


(annealed) crystals are arranged in stable three To produce slip fron 


dimensional networks, and that slip is generated from tion line between thx 


certain branches of these networks. known as Frank circular loop of radius L 
Read sources. The potential sources are lengths of between the node B 


dislocation line which lie in the slip plane, having their the loop cannot remain 


Burgers vector in this plane, and terminating in the _ rapidly into a dislocati 
plane at either two fixed nodes (subsequently referred plane. The minimum 
to as interior or double ended sources) or at one fixed rings is found by equ 
node and the free surface of the crystal (referred to as _ to the line tension in thi 
surface or single ended sources). The fact that under which gives 


stress the behaviour of a source will depend on whether 


* Received October 15, 1957. W he re wu 
+ Metallurgy Division, Atomic Energy Research Establis! 


ment, Harwell; previously Department of Physical Metallurgy, 
: 
University of Birmingham. Now ¢ 


strengtl 
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of line tension the free end of the segment forming the 
source will be normal to the line where the slip plane 
cuts the surface, but will, in the simplest cases, be able 
to move along this line on the application of a suitable 
stress. The source will in fact behave as if it has a 
second pinning point outside the crystal, a mirror 
image of the interior pinning point across the free 
surface. Thus the segment need merely be bent into a 
loop of radius its own original length (instead of a 
radius of half its length) to set the source working, so 
that the critical stress o, for the generation of rings is 
given by: 


ub/2L, 


where L, is the shortest distance in the slip plane from 
the interior node to the free surface. 

If the distribution of lengths LZ, and JL, is similar in 
the dislocation network of a virgin crystal, the stress 
to generate rings at the average surface source should 
be about half that for generating rings at the average 
interior source. The slip process (at least in the early 
stages of flow) should consequently be controlled by 
surface sources. 

A number of experiments have been reported in 
the literature which show that the strength of metallic 
crystals can be markedly increased by oxidation,‘?-® 


’ of the surface, but 


electro-plating’®.® and alloying‘ 
these do not prove conclusively that the surface is the 
source of slip. Whilst the hardening may be due to an 
impedance of the Frank—Read sources at the surface, 
it could also be due to the surface layer or film acting 
as an obstacle to the escape of dislocations venerated 
in the interior. In the present experiments a more 
direct indication of the importance of surface sources 
has been obtained from a study of the yield pheno- 
menon in copper crystals, the surfaces of which were 
alloyed with zine. 

The presence of a yield point at room temperature in 
homogeneous «-brass alloys containing 5-30 per cent 
zinc has been established by Ardley and Cottrell,‘ 
und an extension of this work‘ has shown that yield 
points are also observed in alloys containing as little 
as 0.1°, zine, providing a sufficiently sensitive tensile 
testing technique is used. Pure copper shows no yield 
point. Consider then the yielding behaviour of a com- 
posite brass—copper crystal, i.e. a copper crystal, the 
surface of which has been impregnated with zinc. We 
will assume that slip begins at surface sources, and 
that the critical shear stress for pure copper is o, 
ub/2L.. 
raise the critical shear stress (by alloy hardening) but 


Impregnating the surface with zine should 


providing the strength of the surface is less than 


doubled, surface sources should still operate before 
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Fic. 1. Initial orientations of the specimens. 


interior ones. Lightly zincified crystals would thus 
show a yield point because of the impurity locking of 
On the other hand, if the 


selection of sources throughout the specimen were 


the active surface sources. 


random no yield point should be found: clean interior 
sources would operate at lower stresses than contami- 
nated surface sources. Extending these arguments, 
no yield point should be found in heavily zincified 
crystals, those in which the zine content is sufficient 
to raise the strength of the surface by more than a 
factor 2: here, the action of surface sources should be 
suppressed completely by alloy hardening. 
2. EXPERIMENTAL PROCEDURE 

After pickling and coating with colloidal graphite, 
spectroscopically pure (99.999 per cent) copper wires 
of 2mm dia. were made into single crystals 18 cm 


long by the fusion method of Andrade and Roscoe.“® 


During growth the wires were supported horizontally 
in evacuated, loosely fitting and carefully cleaned 
transparent silica quills. The crystals were cut into 
5cm lengths with a fine oxyacetylene flame, water 
cooling being used to protect sections near the cut, 
and then cleaned in dilute nitric acid. The central 43 
em section of each wire was electrolytically polished 
in a phosphoric acid cell to remove about 100 4 from 
the surface, the unpolished ends remaining as small 
shoulders. Orientations were determined from X-ray 
back reflection photographs (Fig. 1). 

The method employed for zincifying the copper was 
based on the dew point method of measuring the 
vapour-pressure of a volatile constituent in an alloy.2» 
The crystals were held at 1000°C in the same enclosure 
as a small globule of molten zine at some lower tem- 
perature. Under these conditions the copper adjusts 
its surface composition by the absorption of zinc to 
that of the «-brass alloy which has the same vapour- 
pressure at 1000°C as the zine at the lower tempera- 
ture. Using the data of Hargreaves" on the concen- 
tration dependence of vapour-pressure in «-brass 
alloys at 1000°C and the temperature dependence of 
the vapour-pressure of pure zinc, it was possible to 
prepare zincified crystals covering a wide range of 


controlled surface concentrations. 


95S 
328 
1% “05,6 
1,2,3 


ADAMS: THE PLASTIC 


TEMPERATURE 


' 
! 

! 

; POSITION IN FURNACE 
! 

! 

! 

! 


im 
ZINC GLOBULE SILICA ROD 
THERMOCOUPLE SILICA QUILL CRYSTAL 


Fic. 2. Experimental arrangement for zincifying 
the copper cry stals. 

The crystal to be treated was sealed in vacuo (5 
10-3 mm Hg) in a carefully cleaned 35 cm long, 3 mm 
i.d. transparent silica quill containing a small globule 
of zinc at one end. The quill was attached to a silica 
rod which served as a holder for a calibrated thermo- 
couple with its tip adjacent to the zine globule 
(Fig. 2), and provided a means of locating the quill 
in the annealing furnace. The furnace was 3 ft long 
and was set for a temperature at the centre of L000°C. 
Control was effected to +-1}°C by means of a voltage 
The 


varied by only 1°C with length over an 8 em section 


stabilizer and energy regulator. temperature 
surrounding the centre, and fell steadily from the 
constant zone to 500°C about 3 in. from each end. 

The quill was placed in the furnace with the crystal 
at the centre of the constant zone, the copper and 
zinc having been positioned (about 30 cm apart) so 
that the temperature of the zinc, which was followed 
continuously with the thermocouple, was that for 
which the vapour-pressure was the same as that of the 
a-brass alloy at 1000°C whose composition was the 
surface composition of the crystal required. Only a 
few minutes were required for the assembly to reach 
thermal equilibrium and as soon as this equilibrium 
was attained any slight adjustments of temperature 
were made by moving the silica rod and quill in the 
furnace. In this way the temperature of the zine was 
kept constant to $°C. 

For most of the experiments temperatures were 
chosen to give crystals with surface concentration of 
l at. per cent (zine temperature 550°C) and 8 at. per 
cent (zinc temperature 615°C) zinc, but in addition a 
few specimens of } and 12 per cent surface zine content 
were prepared. The annealing time was fixed at 42 


min. Electrochemical analyses by a polarographic 
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Time 42 mins 


| 


BHeavily zincified crystal-Zn at 615 C, 
Cu at lOOO C 
Time 42 mins 


ATOMIC °% ZINC 


5 
DISTANCE FROM SURFACE. MICRONS 


Fic. 3. 
zincified copper crystals. 


Concentration gradients in 


method (sensitive to at. per cent zinc) were made on 
successive etched layers of about 14 4 from 1 and 8 per 
cent samples to determine the concentration gradients 
The measurements (Fig. 3) were not very exact because 
of the rapid fall in zine content away from the surface 
but indicate zinc concentrations close to the expected 
values at the surface, falling to zero at depths of 
about 5 and 8 w respectively. The penetration ot 
zinc was about fifty times smaller than the value cal- 
culated from the diffusion coefficients, which suggests 
that vapour-pressure equilibrium was not established 
in the quills until near the end of the annealing period 
this was perhaps due to the presence of stray gas from 
out-gassing of the silica. 

To facilitate loading in the tensile machine smal 
polycry stalline copper loops were soldered to the ends 
of the zincified crystals with a Pb: 3 per cent Sn alloy 
(m.p. 310°C), leaving a 4 cm working length. Wate 
cooling and the use of a fine reducing oxy-coa 
flame without flux, prevented surface contami 
and excessive heating. No deterioration of the pol 
crystal surfaces was observed as a result of 
zincifying and soldering operations, but as 
precaution all specimens were washed fot 
boiling water before testing 
in a ha 


Tensile experiments were made 


machine sensitive to a 4 ¢ change in load, at 
rate of 4 


carried out in situ in 


10~-° per sec. Strain ageing anneal 


a silicone oil bath, with a 
load (~50 g) maintained on the specimens to preserv‘ 


their seating in the machine 


3. RESULTS AND DISCUSSION 


zincified copper crystals 


Yield points in 
Experiments were first made on three specimens 
from the same 18 cm length of wire to compare the 


vielding behaviour of crystals of | and 8 per cent 
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Stress—elongation curves for a spectroscopically pure copper crystal; 


Specimen l 


Test 1. 
Tests 2, 4,6. 


surface zinc content with that of a pure copper control 
The 


which are shown in Fig. 4. 


sample. control, the stress-strain curves for 
was prepared in exactly 
the same Way as the zincified cry stals except that no 
zinc was included in the quill during annealing at 
LOG0°C in the gradient furnace. After a small plastic 
test 1) to align it in the tensile machine the 
No vield point 
2). An 


also showed a smooth transition into 


extension 
vstal was aged for | hr at 200°C. 


was observed on re-loading (test immediate 
ST Test 3 
the plastic range. Successive repetitions of tests of the 


same type as 2 and 3 


vq until the crystal had been 
extended well past the range of easy-glide, confirmed 
this result. The crystal behaved in exactly the same 
Way as similar 


pure copper specimens in the “‘as 


srown condition, and was apparently unaffected by 
its preliminary 1000°C anneal. 
Fig. 5 


specimens of 1 per cent surface zine content. 


similar tests on the 
The 


1) was smooth, but 


shows the results of 


initial alignment extension (test 


a small yield point was observed (test 2) after ageing. 


All tests made at room temperature. 


Initial alignment extension. 
After 
Immediately after 2 


4 hr at 200°C. 


In the immediate re-test (test 3) flow started smoothly 
but another ageing treatment caused the yield point 
to return (test 4). 
effect were fulfilled. 
The tests were continued and it was found that the 


All the criteria for a strain-ageing 


vield point became smaller with increasing deforma- 
tion, and finally disappeared about half-way along 


easy glide. In subsequent tests the crystal behaved 


as one of pure copper. The results of a more complete 


investigation into this effect are given in section 


© 


The stress-strain curves for the third crystal of the 


series, prepared to have a surface concentration of 
After the align- 


ment test (test 1) ageing was carried out in the usual 


8 per cent zinc, are shown in Fig. 6. 


way, but no yield point was observed on re-loading 
(test 2) or in the immediate re-test (test 3). Following 
the next 200°C anneal, the crystal of Fig. 6 did show 
(test 4) a small yield point (the immediate re-load 
(test 5) again showing smooth flow), which could be 


brought back by further ageing (test 6). Subsequent 
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Stress—elongation curves for a zincified « 

zine content; Specimen 2 All tests n 
Test 1. Initial alignment extension 
Tests 2, 4, 6 After J 
Tests 3,5, 7......35. Immediatel 


tests with the crystal in the aged condition showed a ageing treatment, and this yield point 
similar yielding behaviour, but only whilst thedeforma- any developed after subsequent 
tion was by easy-glide. Towards the end of easy-glide contrast, of the seven 8 pe! 


the yield point gradually diminished in size, and one showed a yield point 


finally disappeared altogether when rapid hardening — straining and ageing treatment. and this 


set In. was small compared with those 
The differences described above between the | and quent treatments; in all the 

8S per cent crystals appeared consistently. Thus, point was absent after thi 

every one of nine | per cent crystals showed a yield _ to full size only after abou 


point after the first straining (~0.1 per cent) and [t is appropriate at this 
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Fie. 6. 
surface zinc content; Specimen 3. 
Test 1. 

38. 


conditions which must be fulfilled if a strain-ageing 
crystal is to show a yield point in a tensile test. Apart 
from the importance of the use of a sensitive, hard- 
beam tensile machine, the main point to be remem- 
bered is that in general no yield point can be expected 
when the specimen is given its initial plastic extension; 
the first test merely serves to remove macroscopic stress 
concentrations due to mis-alignment of the specimen 
in the machine, and only in subsequent tests can 
definite conclusions be drawn regarding the presence 
or absence of strain-ageing effects. Where, however, 
the tensile test pieces are carefully prepared, and the 
initial alignment extension need only be very small 
(as in the present experiments), it is reasonable to 
assume that the behaviour of a specimen in its second 
test is representative of the behaviour of the virgin 


material. Bearing this in mind the main points to 


Stress-elongation curves for a zincified copper crystal of 8 per cent 
All tests made at room temperature. 
Initial alignment extension. 

) After } hr at 200°C. 

Immediately after 2,4,6.... 


be noted from the first series of experiments are:— 

(1) The absence of a yield point in pure copper 
crystals: 

(2) The presence of a yield point in virgin crystals 
of 1 per cent surface zinc content; 

(3) The absence of a yield point in virgin crystals of 
8 per cent surface zinc content. 

The observations are precisely those expected if 
slip is normally initiated from surface sources, a 
transition form “lightly zincified”’ to “heavily zincified” 
behaviour occurring in the alloyed crystals when the 


surface zinc content is raised from | to 8 per cent. 


3.2. Effects of the removal of the surface layer from 
lightly zincified crystals 

Whilst the results described above indicated quite 
clearly the presence of strain-ageing effects in suitably 
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Stress—elongation curves for a zincified copper 
All tests made at room temperature 
Initial alignment extension 


content; Specimen 4. 
Test 1. 
Tests 2, 4, 6. 
Tests a, & 


After } hr at 


Immediately after 


crvstal of ] per cent 


2, 4 


6 Specimen re moved 


from the machine after test 7 and electro-polished to remove 


122 u from the surface. 
Test 8. 
Tests 9, 11, 13. 
Tests 10, 12, 14. 

for tests 8 


after polishing. 


After } 


4 


zincified copper crystals, a further control experiment 
was made to demonstrate that the effects were due 
only to zine in the surface layer. For this experiment 
a crystal of 1 per cent surface zinc content was chosen, 
with its tensile axis oriented to give a large amount of 
easy-glide. After the usual small pre-strain (test | of 
Fig. 7) and anneal, the crystal showed (test 2) a yield 
point as before, and no drop in stress at the onset of 
plastic flow on over-straining (test 3). Two more pairs 
of tests were made to confirm the presence of strain- 
ageing and the specimen was then carefully removed 
from the machine. The elongation at this stage was 
0.82°, and the flow stress 140 g/mm?. 

Tensile tests were resumed after the removal of a 
122 micron layer (estimated by weighing and measure- 
ments of the diameter) from the surface of the crystal 
by electro-polishing. Plastic flow commenced in the 
re-alignment test (test 8) at a resolved shear stress 
for the 
approximately 80 g/mm?, and no yield point was 
after (test 9). further 


annealing experiments confirmed that the specimen 


(corrected reduction in cross-section) of 


observed annealing Two 
no longer showed strain-ageing effects. The final test 
of the series (test 14) was continued without interrup- 
tion to establish the onset of rapid hardening. It can 


Re-alignment extension 
hr at 
Immediately after 9, 11, 1: 


14 are corrected for the 


200 


( hange ( 


be seen from Fig. 7 that the deformation w 


by easy-glide after an elongation of 73 per cent 
in fact rapid hardening did not set in until the crys 
Normally 


yield points should have been found well pa 


had been extended 10 per cent theref 


stage at which the crystal was electro-polished 


as well as the larg decr 


their disappearance 


strength, must have been caused by the remoy 


the surface layers of the specimen 


3.3. The effect of deformation 
o} zincified crystals 


An interesting feature of the experiments described 
in Section 3.1 is the way in whichthe yielding behaviour 
the mode and 


of zincified crystals changes with 


amount of deformation. To investigate this effect 
three pair's of cry stals were selected, with orientat 
chosen to give widely differing amounts of eas) 

Each pair of crystals was cut from the sam 
except the rapid hardening samples which were taken 
different One 


crystal from each pair was annealed in zine vapour to 


from wires of similar orientation 


give a surface zine content of 1 per cent 


second to give a surface zine content of 8 per cent 


The same general testing procedure was followed as 
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Stress-elongation curves for a zincified copper crystal of 1 per cent surface zinc content, 


men 5, oriented to give a large 

Test 1. 

Tests 2, 3,4.. 

that no overstraining tests 


eTore. 


except 
included. 
extension after each ageing treatment to a minimum, 
it was possible 
with deformation very closely. 

The 
summarized as follows 


(1) In lightly 


results are given in Figs. 8-13 and 


zincified crystals, the yield point 


which appears immediately after a smal! prestrain 


and anneal, gradually becomes smaller with increasing 


deformation and finally disappears about half-way 


along the range of easy-glide. For crystals oriented 


amount of easy-glide. 


were 


By eliminating these tests, and keeping the 


to follow changes of 5 ielding behaviour 


All tests made at room temperature. 


Initial alignment extension. 


After } hr at 200°C. 


the (100)-(111) line the range of 


easy-glide is so small that the yield point may only 


near symmetry 
be observed in one or two tests at the beginning of 
a series. 

after the initial 


period at low deformations in which no strain-ageing 


(2) Heavily zincified crystals, 


effects are observed, show a small vield point which 
quickly increases to a steady maximum size that is 


maintained through most of the period of easy-glide. 


As rapid hardening sets in the yield point becomes 


smaller again and finally disappears altogether. 


The initial region free from yield points is apparently 
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Specimen 6, of orientation the same as Specimen 

Test 1. Initial alignment exter 

Tests 2, 3, 4 29 After 


dependent on orientation being smaller in the more enough to show the exact reason for this bel 
rapidly hardening crystals, so that specimens oriented but suggest that it is connected with th 
near the symmetry boundary sometimes show a yield hardening of the metal as new dislocation 
point after even the very small alignment pre-stain. | during deformation 

In interpreting these results it must be remembered 


. The variati« nO 
that zincified cry stals are expected to show a vield 3.4. Ti a 

. crustals with surface 
point when surface sources are mainly responsible YStans Wir . 


for flow, and no yield point when interior sources Critical she 


predominate. The tests thus show an interesting in the experiments of 


reversal in the choice of sources as deformation Table 1, together with 


proceeds. The present experiments do not go far nominal } and 12 pe 
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The } per cent specimens showed the same yielding 


behaviour as similarly oriented crystals containing 
behaved like similarly oriented 8 per cent specimens. 


zine at the surface, and the 12 per cent crystal 


Some scatter is observed on the results but the 

general trend of behaviour is quite clear. The critical 

shear stress increases rapidly with zine content in 

the range where surface sources are responsible for 

the initial deformation, from a typical value of 50-60 

g mm“ for pure copper to an average value of about 


100 g mm~? for 1 per cent surface zine content alloys, 


w 


but is only further increased to about 150 gmm-? 
when the surface zine content is raised to 8 per cent. 

The relatively greater strengthening effect of a 
lightly zincified surface compared with a_ heavily 
zincified one is to be expected from the theory.” 
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Fie. 10. Stress—elongation curves for a zincified copper 
crystal of 1 per cent surface zinc content, Specimen 7, oriented 
to give some, but not the maximum amount, of easy-glide. 
All tests made at room temperature. , 

Test 1. Initial alignment extension. 


After } hr 200°C 


TABLE 


Critical resolve Nominal surface 
shear stress zinc content 


RESOLVED SHEAR STRESS KG.MM~2 


g mm-* (at.%,) 


5Y | average 
54 | 56.5 


76 | average 
74 | 75 

17 | 168/19 21 
112 

SY | average 
105 10] 


110 
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122 ELONGATION 
149 | average F ll 
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Stress-elongation curves for a zincified copper 
crystal of 8 per cent surface zinc content, Specimen 8, of 
orientation the same as Specimen 7. All tests made at room 
temperature. 

Test 1. Initial alignment extension. 

21. After } hr at 200°C. 
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Fig. 12. Stress-elongation curves for a zincified coppet 
crystal of 1 per cent surface zine content, Specimen 9, oriented 
to give little, or no, easy-glide. All made at 
temperature. 
Test 1. 
Tests 2, 3, 4 


tests room 


Initial alignment extension. 
After } hr at 200°C, 


the strengthening is direct: the zine in the surface 
interferes with the process of generating rings at the 
surface and the strength of the entire crystal is raised 
to that of the surface alloy. Strengthening when 
interior sources are active is indirect: the alloyed 
surface does not interfere with the ring generation 
process, but merely impedes the escape of rings once 
In this role it is 


they have been generated. not a 


very effective strengthener. The first ring may be 
held up by the surface layer but others will pile up 
behind it, raising the stress on the first ring by a 
factor equal to the number of dislocations in the pile- 
up, and the strengthening effect of the surface is 
reduced drastically by the co-operative action of these 
rings. 

Quantitatively, if surface sources are effectively 
twice as long as interior ones, the critical shear stress 
of copper should rise rapidly to twice its original value 
with small surface additions of zinc, and then increase 


only slowly as the zine content is raised further. 
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This is in agreement with the experimental observa- 
tions. In addition, zincified crystals in which surface 
sources are active should have the same critical shear 
stress as homogeneous «-brass crystals of composition 
the same as that of the alloyed surface layer. Sub- 
values of o, ~ 50 g 


known mm-*, 


stituting 
4 10° mm-*andbhb ~ 3 LO 


a, = mb/2 L, we find that L, ~ 10 microns for copper. 


7 mm in the formula 


Surface sources should extend into a copper crystal 
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hr at 200°C, 
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to about this depth. Over the same depth the analyses 
show that the average zine concentration in the | per 


cent surface zinc content crystals is about } per cent, 


and these crystals have a critical shear stress of 


z-brass alloy 


The 


with the same critical shear stress is one containing 


~100 ¢ homogeneous 


| per cent zinc." Again reasonable agreement is 


observ ed. 
4. CONCLUSIONS 


It has been shown both directly from a study of 


vield points and indirectly from 
critical shear stress, that copper crystals containing 
zine in the surface layer behave in the manner that 
is expected if the first Frank—Read sources to become 
active in copper crystals are those which lie near the 
surface. 
deformation on the yielding behaviour of zincified 
crystals suggests that further experiments might 
provide useful information concerning the operation 


of Frank—Read sources in work-hardened crystals. 
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AN INVESTIGATION OF THE RATE CONTROLLING MECHANISM FOR 
PLASTIC FLOW OF COPPER CRYSTALS AT 90° AND 170°K* 


H. CONRAD 


The plastic flow characteristics of copper single crystals at 90° and 170°K were investigated by mean 
of incremental loading creep tests and change-in-strain-rate tension tests for the purpose of determining 
whether the intersection of dislocations is the rate controlling process in low temperature deformation 
The present results indicate that although the nature of the stress function is similar to that predicted b 
the intersecting mechanism, i.e. strain rate Cexp B(r T,), the constant B is relatively independent 
of temperature rather than proportional to the reciprocal of the temperature as required by the theor 
This represents a serious objection to the theory. 

An analysis of the present data along with the data of previous investigators indicates so1 
with a rate controlling mechanism based on the formation of thermal kinks in dislocations 
close-packed directions. Several difficulties associated with the application of this 
plastic flow are discussed. 


UNE ETUDE DE LA VITESSE REGISSANT LE MECANISME DE L’ECOULEMENT 
PLASTIQUE DANS DES CRISTAUX DE CUIVRE A 90° ET 170° K 

Les caractéristiques de écoulement plastique de monocristaux de cuivre a 90° et 17 K ont 
étudiées antérieurement a l'aide d’essais de fluage a charge variable et d’essais de traction a vitess« 
déformation variable. Le but de cette étude était de déterminer si le mécanisme d inte rsection ae 
dislocations est le facteur qui controle la vitesse de déformation aux basses te mperatures M ulgre que 
la nature de la fonction exprimant la tension soit similaire a celle prévue en s appuyant sur le mécanism«e 
d’intersection, & savoir: vitesse de déformation C exp B(r 7,), les résultats publiés ci-apré 
indiquent que la constante B est quasi indépendante de la température alors que la théorie exigerait qu’ell 
soit inversément proportionnelle a celle-ci. Ceci représente done une objection sérieuse a l’admission 
de cette théorie. 

L’analy se des résultats de cette étude et de ceux d'autres chercheurs, montre qu u est possible d’en 
visager comme mécanisme contrélant la vitesse de déformation, la formation de b »s de pliage ther 
miques dans les dislocations situées dans les directions a densité atomique la plus é! 

L’auteur discute enfin des nombreuses difficultés découlant de application de 
ment plastique. 


UNTERSUCHUNG DES GESCHWINDIGKEITSBESTIMMENDEN MECHANISMI 
FUR DAS PLASTISCHE FLIEBEN VON KUPFER-KRISTALLEN BEI 90° UND 170 
Die charakteristischen Eigenschaften des plastischen Fliessens von Kupfer-E1i 
170° K wurden mittels Kriechversuchennach der Methode der Lastinkrementé 
versuche mit Geschwindigkeitswechseln untersucht. Zweck der Untersuchunger 
ob das Durchschneiden des Versetzungswaldes der geschwindig 
temperaturverformung ist. Die vorliegenden Ergebni 
abhangigkeit den Voraussagen auf Grund des Schneidmec! 
keit C exp B die Konstante B jedocl 
Proportionalitat zwischen B und der reziproken Ten 
ist. Dies wirft ernsthafte Bedenken gegen die Theor 
Eine Analyse der vorliegenden Daten und der 
Ubereinstimmung mit einem geschwindigkeitsbesti 
**Kinks” in Versetzungen, welche entlang dichtest 
der Anwendung dieses Mechanismus auf die plastische 
diskutiert. 


INTRODUCTION the activetion enera: 


Various authors“~* have proposed that the rat applied stress and leads to an equati 
controlling mechanism for the deformation of metal (AH 
crystals at low temperatures is the intersection of ; 
dislocations threading the glide plane, i.e. “cutting 


through the forest’. This mechanism requires that where y = strain rate 


—— segments per unit volume h 


* Received October 2?. Dodi. points ot mean spac ing 
+ Westinghouse Research Laboratories, Pittsburgh 
Pennsylvania. out after each successful intersection 


ACTA METALLURGICA, VOL. 6, MAY 1958 


K 
Zug 
e dec sac th, 
ee \ number of d tion 
up at the intersection 
Bur rs 
339 
33 


340 ACT. MET 


an atomic frequency of the order of the 
AH, 


intersection process, i.e. the energy for jog formation: 


vector: Vo 


Debye frequency: energy required for the 
v = bid is the “activation volume”. d is the diameter 
over which the activation has to take place: tT, 
average local internal stress due to other dislocations 
written as T,, 


T,; can be 


in parallel glide planes. 


° hdy where 7,,° is the stress due to the 


dislocations originally in the crystal and / is the 
dr dy. 


An evaluation of equation (1) is possible by means 


strain-hardening coefficient. i.e. h 


of creep tests, i.e. constant stress tests. From such 
tests the strain-rate can be determined by graphical 
differentiation of the creep curve, and a plot of the 
logarithm of the creep rate versus the creep strain 
should give a straight line of slope v/k7T. Or, upon 
integration of equation (1) we have 

x In (rt 1), (2) 
kT /vh. 


For constant strain-rate tests, equation (1) is best 


i.e. logarithmic creep, where « 


written as 
b Vo | 
: (3) 


and the theory can be evaluated by investigating the 
variation of flow stress with temperature and strain- 
rate. 

The data available in the literature are contradictory 
with the of the 
mechanism. Seeger’ has pointed out that the flow 


regard to evaluation intersecting 
stress of single crystals varies with temperature in the 


manner suggested by equation (3). He 


also derived 
values for 1 from room temperature creep data on 
aluminum crystals and obtained dislocation densities 
of the order of 108 to 10! lines/cm?, in agreement with 
X-ray determinations. Wyatt‘® found that the creep 
of polycrystalline copper at low temperatures obeyed 
indicated that « was 


a logarithmic time law and 


proportional to temperature in agreement with 


equation (2). However, the scatter in his data at low 
temperatures precludes the unquestionable acceptance 
f this temperature variation of «. 

On the other hand, Glen‘” found « to be independent 
of temperature for cadmium single crystals tested in 
creep at 1.2-90°K and to be an order of magnitude 
larger than one might expect on the basis of the inter- 
Likewise Conrad‘*® found x to 
the 


secting mechanism. 
be independent of temperature for 
magnesium single crystals in the temperature range 
of 78°-203°K, and the activation energy for flow to 
be independent of stress and strain over the tempera- 


ture range of 78°-364°hK. Further, Lytton, Shepard 
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and Dorn”®) report that the activation energy for the 
creep of aluminum single crystals in easy-glide at 
78°—400°K is 3400 cal/mole and is independent of stress 
and strain. The constant low value of 3400 cal/mole 
up to 400°K is rather difficult to explain in terms of the 
intersecting mechanism. 

In view of the unsatisfactory state of the theory, 
the present investigation was undertaken to determine 
if the intersecting mechanism is rate controlling for 
the plastic flow of copper single crystals at low 
temperatures. The approach was to check the pre- 
dictions of equations (1-3) by means of incremental 
loading creep tests and change-in-strain-rate tests at 
two 170°K. The 
initial flat portion of the flow stress versus temperature 
curve reported by Adams and Cottrell falls within 
Further, Seeger“) suggests 


temperatures, namely 90° and 


this temperature range. 
that the rate controlling mechanism in this range is 
restricted to the intersection of the edge components 
of the gliding dislocations with the edge components 
of the threading dislocations. Also, these temperatures 
represent a ratio of 1.9 to 1, and hence the variation 
of the parameters of equations (1-3) with temperature 


should be discernible. 


EXPERIMENTAL PROCEDURE 

Preparation of copper single crystals 

The cylindrical crystals used in the present investi- 
gation (4.75 mm dia. 15cm) were grown in a 
temperature gradient furnace from the liquid in a 
split graphite mold, six at a time, under a vacuum. 
The purity of the copper is indicated by the following 
99.98: Pb < 0.001: Fe < 0.001: 
0.001: Mn < 0.001: Si 0.001: 
Al < 0.001: Sb = 0.001: As < 0.003: Bi < 0.0001: 
Zn 0.001; P detected. The crystals were 


oriented by the Laue back-reflection technique. The 


analysis:f Cu 
Sn < 0.001; Ni - 


none 


orientations are given in Figs. 3, 4, 5 and 9. 

Before testing, the crystals were chemically etched 
for 5min in 50 per cent by volume nitric acid in 
water at room temperature, rinsed, and then electro- 
polished for 45 min in a mixture of 2 parts methyl 
alcohol and | concentrated nitric acid at 
-10°-0°C. Following this, they were rinsed suc- 


cessively in tap water, 


part 


distilled water, and acetone, 


and allowed to air-dry. 


2. Creep tests 


All of the creep tests were conducted in tension. 


+ The author wishes to express his appreciation to Dr. P. G. 
Shewmon of the Westinghouse Labs. who supplied the 
crystals and to Dr. D. K. Crampton and the Chase Brass and 
Copper Co. for the chemical analysis. 


ay 
} 


CONRAD: PLASTIC FLOW OF COPPER AT 90 AND 170°K 


The apparatus was described previously,” with the were employed. With a 5 in./min chart speed an 
difference that the low temperatures were obtained by l1Oem gage length. tensile strain sensitivities 


the method described by Wessel and Olleman.“*) 2.5 10-° and 2.5 10-4 were obtained for the 
This method employs a nitrogen vapor spray on the — speeds. 

specimen as the refrigerant. The temperature was Temperatures were obtained and controlled in thi 
controlled by a copper—constantan couple attached to manner described for the cre p tests 

the specimen and connected to an L and N Speedomax 
Type G recorder-controller with a D.A.T. anticipatory RESULTS 


( tests 
control which operated an on-off magnetic value Ll. Creep te 


controlling the flow of nitrogen vapor from a large (a) General. The sequence of events 
dewar to the low temperature container. With this during the addition of stress increments at 90 
system the temperature over the gage length was Was as follows: (See Fig. 1 

maintained to within 1.5°C and the temperature (i) For the first few increments only an « 
during the on-off cycle was held to +-1°C. The couple strain was observed following the addition 


was previously calibrated at the constant temperature increment, i.e. no creep occurred up to a maximum 


points of boiling liquid nitrogen, boiling liquid oxygen, time of 12 min. 


and sublimation of solid carbon dioxide as described (ii) When the stress reached 30-50 g/mm? a 


bv Scott. small creep strain (resolved shear strain of 2—5 
Incremental loading was employed in the creep oecurred following the elastic strain This sti 


tests; i.e. the load was added in 10 g/mm? increments Out in a period of 2-6 min, after which no 


every minute, starting from zero stress, until creep ‘Strain was noted up to 12 min. The stress 


was first observed: after which the time interval creep was first observed is termed the initial 


between increments was increased to 12 min. Although Stress, T9’ 
10 g/mm? increments and 12 min time intervals were (iii) The next few increments gave a slight iner 


most frequently employed, 20 and 40 g/mm* incre- in the amount of creep strain and in the time 


ments were also used once the region of easy-glide which creep occurred. 


had been exceeded. Also, time intervals of 24 min (iv) At 80-100 g/mm* a critical stress was 
for which appreciable flow occurred during the 


were occasionally employed to obtain a more 


extended creep curve. The stress increments were Minute and continued wth time. This stress is t 


the critical shear stress, T, 


added by manually pouring lead shot into the loading 
container. v) Additional stress increments gavt 
Strain was measured by a clip gage employing two amounts of creep strain until eventually a 
A-7, SR-4 resistance strain gages connected to a reached where the previous creep curve w 


4 min. note curves for 130, 140, and 150 g/mm*, Fig 


Baldwin indicating recorder operating at 1/12 rev 
With a 10cm gage length this combination gave a repeating gives a 


tensile strain sensitivity of 2.7 10-5. The clip and strain and corresponds to th By -guae 


linear relationship betwee 


or Stage I of the flow process 1n ( 


v1) Before the end of stave | 


gage was mounted external to the specimen and out- 


side the low temperature container. A check was 


made with a dummy brass rod to establish that no either increased to 170°K 


depending on the initia nperature 


creep strain occurred in the apparatus. 
continued at the new tem pel iture 
3. Change-in-strain rate tests in temperature, the specimen was WA 


These tests were conducted with an Instron tensile- except for a small stress to maintan 


testing machine, Model TT-B, using a 50 Kg SR-4 decrease in temperature, in some cases 


was maintained on the specimen during 


te) 
ten 


load cell connected to a Speedomax recorder. This 


ture change while in others it was removed Whe 


gave a stress accuracy of 0.2 g/mm? for the initial part 
of the stress-strain curve and an accuracy of 2 g/mm?_ the load was allowed to remain on the specimen, thi 
for the last part. 


Since the machine operated at a constant head 
speed, the strain was taken from the time axis of the curvy 
stages.** Stage 
load recorder. Rapid changes of ten-to-one in head  ypegion where the coefficient 
relatively small. Stage I1—The 
is an order of magnitude large 
speed from 0.02 in/min to 0.2 in/min, and vice versa, The region where h decreases 


speed were possible by a gear shift. Changes in 


| 
| 
the 
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incremented curves L70°K 


in Stage I. 


Typical creep 
creep rate at the time of the temperature change was 
always very small. 

those load had 
removed, it was carefully reapplied manually after 
had 

15-20 min 

> 170°K 
> 90°K. 


cases where the been 


(vii) For 


the specimen reached the new temperature. 


(Approximately were required for an 
from 90 
from 170 


hew 


increase and 5-lO min for a 


decrease Following the attain- 


ment of the temperature, additional stress 
increments were added. 

(vil) After a 
new temperature, the amount of strain per increment 


Stage II 


stress increments at the 


number of 


began to decrease indicating the onset of 


and defining the stress To. 


ix) Once the crystal was fully in Stage II, the 


amount of strain per given increment remained 
re latively constant, see Fig. =. 


The 


individual cry stals are 


for the 
They are 


(15,17,18) 


9: » observed 
in Table 1. 


similar in magnitude to those reported by others 


values of 7,*, to, and 7 


given 


6 es 


me - minutes 


incremental creep curves 


in Stage IT. 


2. Typical 
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for constant strain-rate tension tests at room tempera- 

ture on crystals of similar purity and orientation. 

They are, however 50-100 g/mm? smaller than the 

values indicated by constant strain-rate tests at 90°K 

(11.19.20) 
The 


derived from the creep tests by plotting the accumu- 


by previous investigators. 


(b) Stress—strain curves. stress-strain curves 


lated sum of the stress increments versus the accumu- 
lated the 


Figs. 3-5. Since the creep rate at the end of a stress 
1 


sum of strain increments are given in 
increment was generally of the order of 10-4 min 
these curves can be considered to correspond to this 
strain rate. The important observations relating to 
these curves are: 

(i) The regions investigated in the present work 
represent Stages I and II of the flow process. 

(ii) The values of the strain a, associated with the 
beginning of Stage IT (given in Table 1) are somewhat 
(15,17) 


larger than those observed at room temperature, 


in agreement with earlier observations!) that the 
extent of the easy-glide region increases with decrease 
in temperature. 

(iii) The values of strain-hardening coefficients h, 
and h,, (Table 1) are in agreement with those reported 
earlier for room temperature tests"! indicating that 
the hardening in Stages I and II is relatively indepen- 
dent of the temperature. 

(iv) When the 
170° + 90°K, a yield point effect is noted. 


from 
This 
It is not observed for 
> 170°K. This 


“Streckgrenzeneffect”’ 


temperature is decreased 
occurs in both Stages I and II. 
an increase in temperature from 90 
the 


observed by Rebstock® on copper crystals when the 


behavior is similar to 


99.98 Cu 
Creep Tests 


+02 03 
Resolved Sheor Strain 
3. Stress-strain curve derived from creep tests. 
Also shown is the variation of B with strain. 
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CONRAD: PLASTIC FLOW OF COPPER AT 90° AND 170°K 
TABLE 1. Parameters for flow of copper crystals at 90° and 170°K 


Temperature 


Crystal no. 
(°K) 


Creep 170(a)t 1250 

Creep 9O0(a) | 
L70(b) ] 
9O(C) l 
170(d) 

Creep 170(a) : L500 
90(b) 1040 
170(c) 
90(d) 

Const. Strain- 170(a) 

Rate of 10-? min 90(b) 
170(c) 
90(d) 
170(e) 


510 
510 


O90 


Notes: 

(1) stress at which plastic flow was first observed ) hy strain-hardening coefficient of 
(2) stress at which appreciable plastic flow occurred (5) hy strain-hardening coefficient of Stage 
(3) 2 stress at end of Stage I 6) a, resolved shear strain at end of 


stage 


Letters indicate order of test. 


temperature was decreased from 290°—>90°K. He 
also noted that this effect did not occur when the e 
temperature was increased from 90° — 290°K, rather he a 
than decreased. The stress-strain curves shown by 
Adams and Cottrell@ also exhibit this effect for a 


temperature change of 473° > 90°K. It is probably 


similar to the yield point effect described by Haasen 
and Kelly.@) However, two aspects observed in the 
present tests are new: one, the effect occurs without 
removal of the load when the temperature is decreased; 
two, in creep tests such as were employed in the present 
investigation, it extends over considerably larger 
strains than are indicated by the results of the 
constant strain-rate tests of previous investigators. 
(c) Effect of stress and strain on creep rate. Fig. 6 
shows that for Stage I a plot of the logarithm of the 


creep ratet versus the creep strain gives a series of 


ee 
E 02} 
oO} + + 


99-98Cu 
Creep Tests 


I70°K 
straight lines. [he individual lines 


temperature superimpose when the 


Stress—strain curve 


lso shown is the 


creep rate is plotted vs. th quantity 


Resolved Shear Stress-9/mm? 


| Fig. 7. The value of / used for thes 


from the slope of the linear region of the stress 
04 -08 ‘2 16 
Resolved Shear Strain curve of Fig. 4. From Fig. 7 we can write for St: 
Fic. 4. Stress—strain curve derived from creep tests. Also B 
shown is the variation of B with strain Y exp | D(T 


= where C is given by the intercept and B by the slope 
+ Determined by graphical differentiation of the creep 


jee The same relationship was found for Stage II as 


(g/mm? g/mm? g/mn g/t g/mn 
12 
18 
0.12 
0.10 
15 
0.14 
11,500 
12,750 
e 
= 
/ 
= 
| 
10 
| 
200 
90% 
100) Se 
ge | 
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170°K 
133 143 153 


Crystal 18 


 ©3 04 05 
Resolved Shear Strain 


Effect of stress and strain on the creep rate at 90 
and 170°K. 


indicated by the repeating of the creep curves in 


Fig. 2 and the data of Fig. 8. 


Equation (4) takes the form of equation (1) if 


(AH, + v7,,°)/kT] and B = v/kT. 


Consequently, for an evaluation of the theory, the 


( NAb v, exp 


temperature variation and the numerical values of B 
and (' 


the theory. 


must be 


the plots in Figs. 6 and 7 that B does not decrease with 
temperature as required by the theory. In fact there 
ippears to be a slight increase in B with increase in 
pe rature. 

In view of this discrepancy in the temperature 
variation of B.a detailed evaluation of B as a function 
strain, and temperature was made. Using 


B can be evaluated by three 


of stress. 


basis. 


tion (4) as : 


eau 


J OY On 


WNW Ww Ww 


Variation of creep rate with 


in Stage I. 


compared with the predictions of 


It is already evident from the slopes of 
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55I-788 g/mm? 


99-98 Cu 
Crystal 27 
170 °K 


Variation of the 
following a stress increment, }, to that 
with the size of the 
increment. 


Fig. 8. logarithm of the ratio of the creep 


rate immediately 


immediately preceeding, 7, stress 


(a) For the addition of a small stress increment. 
(5) 


where y, is the creep rate immediately following the 


addition of a stress increment Ar, and V1 is the rate 


immediately previous to the addition. 


soth y, and 
y, are given by extrapolations of curves similar to 
those of Fig. 6. 

(b) The slope of the plot of In y versus y is equal to 
the product Bh. Hence by taking the value of h 
from the slope of the stress-strain curve, the value 
of B is obtained. 

(c) Integration of equation (4) gives an equation 
similar to equation (2) with « = 1/Bh. Hence a plot 
of the creep strain versus the log time for rt lisa 
straight line of slope 1/Bh. Again taking h from the 
slope of the stress-strain curve gives B. 

The good reproducibility in the value of B from 


these three methods is indicated in Table 2. 


where 
randomly selected values are given for the various 
The 


Figs. 3-5 and were obtained by method (a), with the 


crystals. individual values of B are given in 
exception of the value immediately following an 


increase or decrease of temperature, which was 
obtained by method (bd). 

It is noted from Table 2 and Figs. 3-5 that although 
B decreases with increase in stress (or strain), it is 
either independent of temperature or increases slightly 


with increase in temperature. As indicated above, 
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TABLE 2. Effect of stress, strain and temperature on the 


Temp. Shear stress, + Shear strain, y 
(°K) (g/mm?) 10 


thod (a 


5D 
106 
52 
300 
$00) 
611 
702 
LOSS 
1236 
1457 
L578 
L685 
L106 
461 
1431 
1476 
1817 
L882 
2348 
Change-in- 172 
Strain-Rate 205 383 
600 
LLSO 
1391 
2400 
2640 


* See text for description of methods. 
From observed change in flow stress. 


From extrapolations of stress-strain curve 


this is in disagreement with the predictions of the 0.01 min~! ar 


intersecting theory, which require that B is pro- because of the higher 

portional to the reciprocal of the temperature. higher than for the cree 
Within the scatter of the data it appears that Bis The remaining paramet 

independent of stress (or strain) in Stage I, and that for the two type 


] 


the decrease is associated with Stage II. This is in The enlarged sections of 


agreement with the previous observations’® that which occurred during the 
the value of B for creep of Mg crystals, where glide a decrease in strain-rate no 
occurs on only one plane, was independent ot stress Stage I or in the beginning « 
and strain. The present values of B for Stage I the crystal was fully in Stag 1e tran 


(0.35-0.61 mm?/g) are only slightly lower than those in insert D occurred, i.e. a rapid inere 


obtained for Mg crystals (0.65 mm?/g) at 78° and occurred immediately following the sudden de« 
203°K. (8-9) associated with the change 
question whether the large 

2. Change-in-strain-rate tests is due to the behavior of 

The stress-strain curve obtained for Cry stal 15 whether the true change in stress 

when the strain-rate was changed periodically an extrapolation of the subsequent 


1 


between 0.01 min~! and 0.1 min~? is given in Fig. 9. If the extrapolated value is used 


The values of 7,* (the first departure from the ———— ialetheeinees 


elastic region), 7, (the extrapolation of Stage I on ever, To" and 7 
values from constant 


the stress axis), T), h; and h,,; for a strain rate of gatorsit.19.2 


() 345 
B 
\ Met (/ Method 
12 O58 0.57 0.6] 
55 0.57 
18 0.37 0.37 0.35 
0.36 0.36 0.35 
0.47 0.47 0.52 
0.53 0.49 0.49 
0.34 0.36 0.5 
0.27 0.23 0.2] 
0.29 
0.37 0.39 0.33 
O25 0.27 
27 0.55 0.52 0.57 ‘ 
0.37 0.37 0. 3¢ 
0.32 O.38 0.34 
0.35 0.33 0.31 
0.37 U.30 0.31 
().22 0.2) 0.2) 
0.2] 0.27 0.24 
().22 0.2] (),.2? 
LS 0.46 
O51 
0.42 
0.46 
0.26 
0.23 
0.1] 
0.19 
90 1407 3135 0.15 
0.23 
170 1615 3354 0.09 
1958 0.14 
LSOS 2484 0.10 
O.16 
vive in Table 1. It is noted that 
pt t } 
el 
show the tra 
cl yes. J 
s1ent | it ad 
; 

( 

in rat t ) ‘ 
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Qq/mm 


Stress 


Sheor 


Resolved 


9. Effect of temperature and strain rate on the flow 


Also shown is the variation of B with strain. 


stress. 


stress for a decrease in strain-rate is only about one- 


half that for an increase: in contrast to earlier strain- 


rate changes where the change in flow stress is 


approximately the same for both an increase and 
decrease 


As seen 


In 


B and C of 
slight 


obtained by an extra- 


from inserts A, Fig. 9, an 


strain-rate always gave a increase 


in flow stress over the value 


polation of the subsequent stress-strain curve. The 
with increase in stress (or 


related to the 


1mount of rise increased 


This 


point effect described earlier. 


strain) behavior may be vield 
Assuming that equation (4) also describes plastic 
test, the value of B 
change-in-strain-rate tests 


Ar is now 


strain- 


flow during a constant strain-rate 


n be obtained from the 
the relationship of equation (5), where 


the change in flow stress associated with the 
values of B derived in 
given in Table 2 and Fig. 9. In 
B are higher 


instantaneous stress following a 


rate change from y, to yy. The 


this n 
Table 2, 


stresses, one for the 


lanner are 


two values of given for the 


rate change. the other for the extrapolated stress. In 


Fig. 9 


stress are 


based on the instantaneous 
B for the 


agreement 


only the values 


given. The values of change-in- 


strain-rate tests are in good with those 


obtained for the creep tests and indicate the equi- 
valence of the creep and constant strain-rate tests. 
Stage I and decreases 


Again B remains constant in 


with strain in Stage II. 


VOL. 


Adams & Cottrell 


Rebstock 


Present Tests = 


800 
g/mm? 


Fic. 10. Change in flow stress for a 


change as a function of the flow stress at 90°K. 


given temperat ure 


3. Effect of temperature 
The changes in flow stress associated with tempera- 
> 170°K or from 170° + 90°K 


10 for both 
change-in-strain-rate tests. 


ture changes from 90 
at various stress levels are given in Fig. 
the tests and the 
The present data indicate that the 
with the 


creep 
change in flow 
at 90°K, in 
agreement with the data taken from Fig. 3 by Adams 
and Cottrell?) and Fig. 10 by Rebstock!?® 


temperature changes. 


stress increases linearily stress 


for larger 


DISCUSSION 
The fact that B was not 


reciprocal of the temperature precludes the unqualified 


proportional to the 


acceptance of the intersecting mechanism as the rate 


controlling process in the deformation of copper 


single crystals at low temperatures. Similarly an 
analysis of the data for single crystals of the hexagonal 
metals Cd'7:22), Zn) and indicates that B is 
independent of temperature and hence also for these 
metals the intersecting mechanism does not apply. 
One slight 


temperature variation of B by 


might over the discrepancy in the 
that the 
activation volume v of equation (1) is proportional 
to the BkT. there 
justification for this. 


must either be 


assuming 
temperature, le. v However. 
appears to be no physical 
Consequently, the intersecting theory 
altered or discarded as an explanation for the thermally 
activated plastic flow of c.p.h. and f.c.c. metal crystals 
at the temperatures and strain rates employed in the 
present and previous 

This then raises the question as to what mechanism 


might be rate-controlling where the activation energy 
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CONRAD: PLASTIC FLOW 
is small and is relatively independent of stress and 
strain. The one that meets these requirements is the 
overcoming of the resistance to motion of a dislocation 
through an otherwise perfect lattice, i.e. the over- 
of the In the 


generally been assumed that the Peierls-force is so 


coming Peier|s-force. past it has 


small that a dislocation can move through the lattice 
under practically zero stress.) However, recent esti- 
mates by Seeger et al.‘?>?® based on internal friction 
metals at low 


measurements of f.c.c. temperatures 


indicate that the Peierls-stress 7,,° for a dislocation 


lying in a close-packed direction is of the order of 


10-4 G. is the shear modulus, and hence 


where G 
dislocations lying in these directions do experience a 
resistance to movement. Consequently, a possible 
explanation for the present experimental results may 
be found in the model developed by Seeger and co- 
workers'?°-?” to explain the low temperature internal 
the 


Bordoni peak. It is postulated by these authors that 


friction peak observed in f.c.c. metals; i.e. 
the relaxation mechanism associated with the peak 
is the thermally activated formation of kinks in 
dislocations lying in close-packed directions, Fig. 11. 
The possibility that this mechanism may also be the 
ot 
considered. 
Fig. 
with those of Adams and Cottrell@” and Rebstock,(?” 


yields the variation of flow stress with temperature 


rate-controlling process in plastic flow copper 
crystals at low temperatures will now be 
Combining the data from the present t LO, 


sts. 


given in Fig. 12, which is similar to that 


f.c.c. metals, namely Ag, Au and Ni,@*) and for the 

hexagonal metals Zn), Cd@ and Mg. 9.29) 
From Fig. 12 the variation of flow stress, + with 

temperature can be considered to consist of two parts 
(1) 


ratio as the shear modulus G.t 


which varies with temperature in the same 


(2) t,, Which decreases with temperature more 


Maxima 
of Potent 


Energy 


Dislocation Line 


Kinks 
Fic. 11. Kinks in a dislocation line lying on the 
parallel to a close-packed direction in a crystal (#-direction 
w is the width of the kinks. [After Seeger‘?® 


average 


determined from the data of 
using the equations by Seeger and 


modulus 
30) 


+ The shear 
Overton and Gaffney 
Schoeck’*)) where G 


was 


OF 


for other 


COPPER AT 


FIG 


single 


12. 


crystals 


Effect of te 


Stress on ¢ 


rapidly than T 03 


stress sensitive to thermal 


Further it is seen that 


It is also noted that the 


AND 


and represents the part of the flo 


fluctuations 


in flow stress with strain is a 


issumed 
crystals is thermally 
AH, one ¢ 


energy in 


W here 


and 


® is the long 


G 


where 7 


I 


originally in the crystal and h d> 


straining. 


rearranging gives for the 


> 


Taking the log 


rithm of equation 


flow stress 


Ww 200 
800; 
Temperature 
r=T - =< 293°K 65 
= | 
Ty 
nat tl 1) tl I 
\H : 
('* exp { } ex] bit 
2 
a> 
range internal stress field 
(7) and 
AH 
T |/ Bin (y/C* 
\ 55 
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90°K 
Crystal 


AH—Kcal /mole 


Resolved Shear Stress — g/mm* 
Effect of stress on the activation energy fo1 plastic 

flow of copper crystals at 90°K. 


and comparing equations (6) and (8) indicates that 


AH 
In (y/C*) (9) 
Bk 


Further, by taking the logarithm of equation (7) and 
differentiating with respect to the temperature gives 
for AH: 


AH 7) 


dr dB 
at 


) (10) 


(10a) 


dT 


Values of AH at 90°K obtained by equations (10) 


and (10a) and the data of Fig. 12, with the assumption 


that C* and B are constant.t are given in Fig. 13. 


It is noted that. 


> 


Crystal 18 at 133 g/mm?, 


with the exception of the results for 
the values of AH obtained 
from a change in flow stress with temperature are in 
from a change in 
The value of C* 


obtained by substituting the appropriate values of the 


agreement with those obtained 


strain-rate with temperature. 


+ The validity of taking B independent of temperature is 
still open to question in view of the data for Crystal 18, Fig. 4. 
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constants into equation (7) is of the order of 1075 
to 10-19 sec-!. Both the value of AH and the frequency 
C* exp | B(r — 7,,)] are somewhat smaller 
the 


factor 


generally deduced for intersecting 


(4-12.20) 


than is 
mechanisn 

Several results from the above analysis are in 
agreement with the mechanism based on the formation 
of kinks in dislocations lying in close-packed directions, 
i.e. a Peierls-force mechanism. 

(1) The low values of the activation energy at 90°K 
are similar in magnitude to those obtained from low 
temperature internal friction measurements on copper, 
Further, calculations 


by Seeger?) indicate that the activation energy AH 


namely 2.6—3.0 kcal/mole. 


for the process is given by 
l67 


1/4 log | 


(11) 


AH = AH, 


where AH, is the energy of a kink. 7,,° is the Peierls 
stress when thermal and quantum-mechanical fluctua- 
Fig. 13 the 
experimentally determined activation energy can be 
the of the 


tions are not acting. As seen from 


considered to decrease with logarithm 
applied stress in agreement with equation (11). From 
the slope of the straight line we get AH, SS7 
the 


from 


cal/mole, in good agreement with value of 


920 cal/mole deduced by Seeger‘? internal 


friction measurements on copper. The data of Fig. 13 


give L.S as compared to 3.3 


4.8 10-4 G derived from internal friction measure- 


) 


ments. 


the Peierls-force mechanism the 


frequency factor for plastic deformation can be given 


(2) 3ased on 


by 
(12) 


OR 


where N is the number of dislocation loops per unit 
volume of average length le contributing to the flow. 


6 is Burgers vector and »,* is the frequency of 


vibration of a section of loop of approximately 100 


Assuming V 


atoms. T (3) | » obtain 


exp 
from equation (7): 


10-4 em. 2.5 10 


Sem and vr, 
see"! which 


raking J, 
104 see! gives C* 6 is within 
the range of experimentally observed values for C* 
listed above. 


Taking = exp[B(r — 7,,)| gives N 10% — 109 


+ Similarly the activation energy of 3.4 kcal/mole obtained 
by Lytton, Shepard and Dorn"®) for Al crystals deformed at 
78° to 400°K is approximately equal in magnitude to that 
derived by Seeger et al.'*®) from low temperature internal 
friction measurements. Consequently for this metal the rate 
controlling mechanism may also be the thermal formation of 


kinks. 
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em 90°K which is lower than the values of 10!" cm-* is given by an exponential function, i.e. 
deduced from internal friction measurements. These tional to exp 

low values may be reasonable since for the orienta- (2) The stress constant 6 decreases only 
tions used in the present tests only one slip system is with increase in strain. 

responsible for the largest part of the strain, and the The cons or questionable points with reg 
dislocations in the close-packed directions are only a intersecting mechanism are 

small fraction of the total number of dislocations. (1) The stress constant B is relatively indepe! 


The above analysis indicates some quantitative of temperature rather than proportional to 


) 


agreement between the experimental results and a_ reciprocal of the temperature as required 
Peierls-force mechanism. However, before the model mechanism. 
developed to explain the internal friction results can (2) The values of the activation energy and frequ 
be applied to plastic deformation, the following factor are somewhat lower than those 
difficulties must still be resolved: deduced for the intersecting mechanism 

(1) Why do only dislocations lying in the close- The pros for the thermally activated for 
packed directions contribute to the plastic strain? kinks are 

(2) The assumption that NV = exp|B(r — 7,,)] is (1) The activation energy is of the rig 
purely speculative and at present has no physical magnitude 
basis. Stress functions other than the exponential (2) The activation energy decreases 
would be applicable, especially if C* is a function of logarithm of the stress. 
stress. (3) The value of the kink energy deduced 

(3) If B and C* are constant. equation (10) indicates present tests agrees with that obtained fron 
that the activation energy is proportional to the friction measurements 
temperature squared. Similarily, the activation (4) The value of the frequency factor is of the 1 
energy deduced by Seeger et al.'*® from the data of order of magnitude 
Niblett and Wilks®) can be considered to increase The cons 01 questionabl points with regard 
with the square of the temperature. This temperature thermal formation of kinks ar 
variation of the activation energy is not implicit in (1) The activation energy derived from thi 
the Peierls-force mechanism. In order to resolve this of flow stress with temperature is proportio1 
problem, additional tests are needed in which the square of the temperature 
temperature is changed by small increments with a (2) What is the physical significance 


constant stress: the activation energy can then be function exp [ B(r T; 


obtained as a function of temperature from equation 3) Why do only dislocations 


(10a). directions contribute to the p 
Additional detailed « xperiment 
SUMMARY AND CONCLUSIONS stress, temperature, and_ st 


The rate controlling mechanism for the plastic flow incrementally are needed t 
of copper crystals in Stages I and IT was investigated rate controlling m« chanism f 
by incremental loading creep tests and change-in- crystals at low temperatures 
strain-rate tensile tests at 90° and 170°K. The results continued by the author 


were compared with two possible dislocation mecha- 


nisms which might be rate controlling at these ACKNOWLEDGMENTS 


temperatures. These mechanisms are: The author wishes to 
TO! 


(a) The intersection of dislocations threading the appreciation to G. Schoeck 


glide plane and forming jogs. stimulating discussions during 


(b) The thermally activated formation of kinks in’ He also wishes to thank 
dislocations lying in close-packed directions. continued interest in this work 
The present experimental results cannot be com- 
pletely explained by either mechanism. REFERENCES 
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ADIABATIC YOUNG’S MODULUS AND INTERNAL FRICTION 
OF SUPERCONDUCTING LEAD AND TIN* 


B. WELBER? and S.L. QUIMBY? 


Measurements are reported of the Young’s modulus and coefficient of internal friction 
crystalline lead and tin in the normal and superconducting states, and of the variation of these quantiti« 
with temperature and strain amplitude. An upper limit is assigned to the existence of a discontinuit 
in the Young’s modulus at the critical temperature. The results are discussed from the view point of the 


thermodynamics of the superconducting transition. 


MODULE DE YOUNG ADIABATIQUE ET FRICTION INTERNE DU PLOMB ET DE 
L°ETAIN SUPERCONDUCTEURS 
Les auteurs publient leurs mesures du module de Young et du coefficient de frottement interne 
plomb et d’étain polycristallins dans leur état normal et superconducteur, ainsi que la variation d« 
grandeurs avec la température et l’amplitude de la déformation. Ils indiquent une limite supérieur 
existence d’une discontinuité du module de Young a la température critique. La discussion des résultats 


est axée sur le point de vue thermodynamique de la transition superconductrice 


ADIABETISCHER E-MODUL UND INNERE REIBUNG 
VON SUPRALEITENDEM BLEI UND ZINN 
Es wird iiber Messungen des Elastizitaétsmoduls und der inneren Reibung polykristallinen Bleis und 
Zinns in normalleitendem und supraleitendem Zustand sowie iiber die Abhangigkeit dieser Eigenschaften 
von der Temperatur und der Verformungsaplitude berichtet Fiir eine mégliche Diskontinuitaét des 
Elastizitatsmoduls an der kritischen Temperatur wird eine obere Grenze angegeben. Die Ergebniss« 
werden auf Grund der Thermodynamik des Ubergangs zur Supraleitung diskutiert 


INTRODUCTION In the present experiment the composite plezo 

Superconductivity is an anomaly with respect to electric oscillator method was employed to measure 
the framework of the conventional theory of metals. the Young’s modulus and coefficient of internal 
However, it is clear that this phenomenon involves a__ friction of polycrystalline lead and tin in the normal! 
change of state of the conduction electrons. Con- and superconducting states, and the 
sequently, much of the experimental research on these quantities with temperature and strain ampli 
superconductors has been concerned with their  tude.@%4) Variations of the normal state valu 
electromagnetic and thermal properties, which depend with temperature up to 170°K for Pb 
at least partially on the electronic states, and which — reported. 


undergo substantial changes in the transition from 
Bape ntal arrangement 


the superconducting to the normal state. 
It is of some interest to determine the effect of this The procedure adopted for the 
it 


wo-pal 


transition on other properties which are less directly a) the construction of ; 
related to the electron states. The mechanical one part consisting of the sam 
constants of a solid form an example of such a group of a suitably prepared quart 
of properties. Since earlier investigations” showed excited in a longitudinal 

the changes in these properties to be quite small, we — provision for cooling the 

undertook to measure precisely the variation of the desired temperature in pa 

elastic and dissipative properties of metals during the quenching the superconductivit 
superconducting transition. Such an investigation a magnetic field; and (c 

would provide further insight into the nature of the the mechanical behavior o 
superconducting transition, and would give an by measuring the electric 

indication of the degree of participation of free oscillator 

electrons in determining the mechanical behavior of 4 conventional double Dewar arrange! 
metals. used, with a solenoid in the nitrogen Dew 
concentrically with the helium Dewa 


* Received June 3, 1957. which was 10 in. long and about 4 in. i.d.. was 
+ Lewis Laboratory, NACA, Cleveland, Ohio. 
* Columbia University, New York, N.Y. 


of providing up to 1500G in a vertical direction 
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= 


MET 


STAINLESS GUIDE ROD 
‘ (0.008 INCH WALL) 


TO COVER PLATE STAINLESS SUPPORT TUBING 


OF HELIUM DEWAR }I (0.005 INCH WALL) 
] 

4 


4 RADIATION SHIELDS 


BUSHING 


| SUPPORTING FRAME 


CRYSTAL GUIDE QUARTZ CRYSTAL 


AND SPECIMEN 
TEFLON PULLEYS 


GROUND LEAD 
CARBON THERMOMETER 
EXCITING LEAD 


LUCITE INSULATING 


NYLON THREAD BLOCK 


f supporting assembDly for composite 


SPRING - LOADED 


SYLPHON BELLOWS LUCITE PLATFORM 


oscillator. 


juenching the superconductivity. A manganin heater 


on the bottom of the helium Dewar was used to stir 


the liquid, while the actual pressure above the liquid 


was maintained constant by pumping through a 


cartesian manostat. The specimen was enclosed in a 


mber consisting of a long thin-walled stainless- 


tube. with a copper-clad lower portion, which 


steel 
vas bolted and gasketed to the underside of the helium 


Dewar cover plate. The chamber could be evacuated 


r plate, or, when required, filled 


th a few millimeters of helium gas. Electrical 


ynnections were brought in by means of Kovar 


minais 
Th 


illator was connected by two thin-walled stainless- 


support see Fig. ] holding the composite 


tubes to the underside of the cover plate. A 


of sylphon bellows partially compressed 
tween the support and the bottom of the vacuum 
unber made the entire assembly fairly rigid. 

Temperatures in the range up to liquid hydrogen 
aid of 


prepared in the usual fashion and calibrated in liquid 


were measured with the a carbon thermometer 
helium and liquid hydrogen in the manner described 
by Brown, Zemansky and Boorse.'®) Above 40°K a Pt 
resistance thermometer (not shown in Fig. 1) was used. 
This thermometer was constructed in accordance with 
specifications supplied by Rasor.‘® It was mounted 


in thermal contact with the wall of the experimental 


ALLURGICA, 


VOL. 6, 1958 

chamber opposite the specimen, and was calibrated 
with the aid of several fixed points. The accuracy of 
the specimen temperatures so obtained is estimated 
to be only 1°K, which, however, was adequate for 
the purposes of this experiment in the temperature 
range in which it was employed. 

The quartz crystal was in the form of an X-cut 
cylinder measuring about 6cm in length by 6mm 
dia. with a fundamental frequency of longitudinal 
vibration of about 45 ke/sec. A pair of electrodes, 
between which was applied the sinusoidally varying 
potential, were located on the surface of the quartz 


The had 


formed by spraying on the surface a thin coat of 


in the proper positions. electrodes been 
Dupont No. 4666 silver paint with an artist’s air 
brush, and baking at 450°C for 0.5 hr. 

The crystal was supported in a vertical position by 
a pair of fine horizontal Karma wires. These fitted a 
special pair of grooves which had been sawed into 
opposite sides of the cry stal in the nodal plane ina 
direction parallel to the optic axis. The wires, which 
nylon thread, 
the 
electrodes on the surface of the quartz. The details 


were insulated from each other by 


served also to make electrical contact with 
of the support system are clear from Fig. 1. 

To assemble the composite oscillator, the cylindrical 
specimen was placed on the spring loaded platform 
some distance below the quartz crystal and a small 
amount of silicone stop-cock grease or Dow Corning 
200 fluid was deposited on its upper surface. By 
lowering the guide tube over the quartz crystal the 
latter was pressed down lightly upon the specimen. 
The system was then enclosed in its vacuum tight 
envelope, thoroughly pumped out, and filled with 
1 mm of He gas. 


about Finally, it was lowered into 


the helium Dewar. The guide rod which entered the 
of 


retracted when the temperature was low 


vacuum chamber through a set ring seals, 
could be 
enough for the bond between crystal and specimen 
to be solidified, thus allowing the crystal and specimen 


to hang freely. 


Summary of the ory of measurement 

The experimental method used in this investigation 
has been described elsewhere™) and it will suffice here 
to review briefly the principal features, and to cite 
the The method 
variation of the 


impedance between the electrodes on the quartz 


formulae. 
the 


necessary involves 


measurement of electrical 
crystal with the frequency of a sinusoidally varying 
The data the 
f, of the oscillator and its 


e.m.f. applied across them. vield 
“resonant frequency” 


electrical resistance. The former is the fundamental] 
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WELBER anp QUIMBY: 
frequency of free longitudinal vibration of the com- 
posite oscillator and is related to the fundamental 
frequencies f, and f, of free longitudinal vibration of 
the specimen and quartz cylinders, respectively, by 
the equation 

tan (7fo/f) tan (7fo/f>) 0) (1) 
where m,, mM, are the masses of specimen and quartz. 
The quantity f, is the observed value of f, when the 
specimen is absent.*{ The quantity /, is related to 
the Young’s modulus £, of the specimen material by 


the formula 


1 + 
hes J 
where, for the given specimen, 7, is the radius, L, the 
The 


dimensions of the specimen cylinder at the tempera- 


length, p, the density and a is Poisson’s ratio. 
Py 


tures used in this experiment were computed from the 


room temperature values by extrapolating appro- 
priately the low-temperature thermal expansion data 
of Nix and MacNair“) for Pb, and of Dorsey” for Sn. 
At the frequencies employed, the specimen proportions 
were such that the term involving o in equation (2) 
10-2 both The 
value of o for Pb was obtained from the measurements 
of Goens@® while that for Sn from Smithells.2” 

The “decrement” A, of the specimen is defined by 
the formula A, W,°/2W,”, 


total energy dissipated per cycle of vibration and W, 


was small of order for substances. 


where Ww, denotes the 


the total vibrational energy in the specimen c\ linder. 
This quantity is computed from the measured value 
of the resistance R at resonance of the composite 
The detailed 
All of the specimens employed in this 


oscillator. formulae 


Nowick.™ 


investigation exhibit a dependence of the measured 


are given by 


quantities Ey and A, on the r.m.s. voltage applied to 
the crystal, which determines the maximum strain 
amplitude ¢,, in the specimen. Thus, the elastic and 
dissipative properties of the material vary along the 
length of 


effectively inhomogeneous. It 


then 


the specimen cylinder, which is 


has been shown.' 


however, that over a suitable range of values of ¢, a 
simple extension of the well-known results of the 
analysis for homogeneous specimens can be made to 
follows that the 


the inhomogeneous case. It then 


measured values of 1/£, and A, are in fact related to 


the local elastic and dissipative properties of the 


* The solution of equation (1) for f, in the case f, » f, ~ fy 
is conveniently approximated by a rapidly convergent power 


series as given by Sutton.‘’ 


INTERNAL 


FRICTION OF LEAD AND TIN 


specimen material by the formulae 


in which A is defined, analogously to A,, in terms of 


energy densities. Quite generally the quantity A, 
increases and E, decreases, each para bolically with 

for small strain amplitudes. It is convenient to us« 
this variation to define two additional parameters ( 


the relations 
(dA, de, *) 
ry dE,) ae 6 


and by 


measure of the 
unlike A 

independent of any dissipation by the adhesive or of 
A detailed discus 


found 


, IS a very sensitive dissipative 


property of the specimen material and 1, 1S 


the state of the specimen surtace. 
sion of its significance, and of that of 7, may br 
elsewhere. 


Method of MCPASUTEOC VINE nt 


The impedance of the composite oscillator 


measured with a conventional a.c. bridge, on 


which contained the oscillator in parallel 


condenser sufficiently large to ensure 


reactance of the arm remained « ipacitative 
resonance range of frequencies. The ultrasonic 
was supplied to the bridge by General | 
713B beat frequency oscillator, modified 


5D le and TO 


the range to 
control by providing the 


variable condenser with 

instrument proved sufficient! 

of the 
The 


Berkel \ model 5500 Time1 


present experime nt 
oscillator Trequenc 
possible to count the numbe1 
nominal 10 sec interval, the 

to 2 parts 1n 10° over a one 

than | part in 10° for a period 

the frequencies involved were about 45 ke, the 


of a single measurement were good to 


1/10 e/s. 


appre 
To achieve higher precision 


ten or more such measurements was u 


the precision was statistically improved to bett 
With 


thus possible to measure the 


0.02 c/s a sufficiently sensitive detecto 


change in res 


frequency lo produced by the transition t 


0.02 e/s. Since iF ~ f, and the mass« 


about 


specimens and the quartz crystal are compara 


+) 
A, A sin* L da 
| w | 
-} sin? mx/L) da 
\ 
vernie { | 
— | 
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follows from equations (1) and (2) that insofar as 
concerns the changes in E, we achieved a precision of 
]—2 the 


attainable precision with a given gain on the bridge 


p.p-m. As for the measurements of Aj, 
detector is inversely proportional to the vibrational 
amplitude. At amplitudes ¢,, 1 10 

which most of our data was obtained, the error in a 
determination of A, based on the reproducibility of a 
given setting of the bridge was less than +-0.3 10-5. 


Preparation of specimens 


The Pb and Sn used in these experiments was 
obtained from Johnson, Matthey and Co. in the form 
The Pb had 


a stated purity greater than 99.995 per cent. Its 


of rods approximately } in. in diameter. 


principal percentage impurities were estimated to be: 
Cu. 0.0004: Bi. 0.0003; Ag. 0.0002 and Cd, 0.001. 
The Sn rods, on the basis of spectrographic examina- 
tion by the supplier, contained the following per- 
centage impurities: Fe, 0.001; Cu, 0.0003; traces of 
Hg, Mg, Ca, and Zn. 

The specimens were cut to the proper dimensions 
in a lathe and polished dry with No. 1/0 emery 
polishing paper. Measurements were made on both 
annealed and unannealed specimens. Annealing was 
carried out in vacuum at a temperature of 250°C for 
1 hr in the case of Pb, and at 190°C for 2 hr in the case 
of Sn. 

RESULTS 
Nearch for Spurious effects 

In the early stages of this investigation’? it was 
found that at temperatures below the superconducting 
transition temperature 7’, both the Young’s modulus 
and the internal friction of Pb and Sn increased when 
1. magnetic field larger than a critical value H,’ was 
applied. H,’ 
required to destroy the superconductivity. 


] 


ieSS 


was approximately the right value 
Neverthe- 
was thought desirable to ascertain, at least in 
one case, that the specimen actually was restored to 
the normal state with the application of such a field. 
This was achieved in the case of a Pb specimen at 
4.2°K by utilizing a search coil coaxial with, but not 
touching, the specimen to measure the flux changes 
within the specimen as the field was increased. It 
was observed in this case that at the value of magnetic 
field H,’ the flux begins to penetrate the specimen. 
Having made this initial observation, the use of the 
coil was dispensed with in all subsequent measure- 
ments. An auxiliary experiment with a tin specimen 
that the field 
superconducting state, so that no difficulty arose from 


showed switching off restored the 


the hysteresis effects reported by Shoenberg.“# This 
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0.32155 
© NORMAL 
4 SUPERCONDUCTING 


2 


dyn/cm 


12 


MODULUS, &; x10 > 


0.32145 


YOUNG” 


0.32135 
10 20 30 40 
MAXIMUM AMPLITUDE, €,,x107 


Fic. 2. Variation of Young’s modulus with strain amplitude 

for lead in the normal and superconducting states at 4.2°K. 

Lower curves are an enlargement of a portion of the upper 
curves as indicated. 


was established by observing that the first applica- 
tion of a sufficiently large magnetic field after the 
specimen had been cooled in zero field to a temperature 
below 7’, and was thus in the “pure” superconducting 
state, produced a change in the bridge balance whose 
magnitude was not significantly different from that 
obtained upon subsequent applications of the same 
field at that temperature. 

One additional precaution is worth mentioning. 
The method of measurement adopted required the 
separate determination of the quantities f, and A, 
for the quartz crystal alone, without an attached 
specimen, down to helium temperatures. It proved 
simple to verify at the same time that these quantities 
were not affected by the application of a magnetic 
field, and that therefore, the changes in f, and A, for 
the composite oscillator were attributable entirely to 


the specimen. 


A,*10° 


DECREMENT, 


NORMAL 
SUPERCONDUCTING 


| 

40 SO 

€,,* 10’ 


MAXIMUM AMPLITUDE , 


Fic. 3. Variation of internal friction with strain amplitude 

for lead in the normal and superconducting states at 4.2°K. 

Lower curves are an enlargement of a portion of the upper 
curves as indicated. 


| 
80; | ls | | 
1. 
| | 


WELBER anp QUIMBY: 


TABLE 1. 


Superconducting state, 
4.2°K 
Lead specimen 
Di 0 10 12 


(dy n/cm?) 


0.3215 
0.3105 
0.3218 
0.2296 
0.2533 


A (annealed) 
3 (annealed) 
C (annealed) 
D (unannealed) 
E (unannealed) 


Me ASUTETINE nts on Pb 
4.2°K made on five Pb 


specimens of which three, A, B and C, were annealed 


Measurements at were 


and two, D and E, were unannealed. Figs. 2 and 3 
present the results of measurements of #, and A, as a 
function of maximum strain amplitude e,, for specimen 
A in both the normal and superconducting states at 
4.2°K. It should be noted that for the lower range of 
amplitudes the values of #, and A, in the normal 
state exceed the corresponding values in the super- 
conducting state by approximately constant amounts. 
In this range, too, the theory of the inhomogeneous 
specimen previously referred to is valid, as was shown 
by the satisfactory agreement obtained between an 
observed “‘resonance curve’ measured at an applied 
voltage corresponding to ¢,, ~ 10 « 10-7 with one 
computed from the theory. (See Nowick™ for details 
concerning this computation.) A similar comparison 
made at ¢,, ~ 20 x 10-7 indicates the presence of 
some second harmonic, which presumably is connected 
with the profoundly altered magnitude of the observed 
effect at large strain amplitudes. Accordingly, except 
for specimen A, the range of values of ¢,, employed in 
this investigation was kept smaller than 6 1O~* e.g.s. 
Table 1 lists the values of A, and Ey extrapolated 
0 for the five lead specimens investigated, 

and the changes in these quantities as a result of the 
superconducting transition. Included also are values 
of the two previously defined parameters C, and 7, 
for all but specimen £, where the measurements were 
detailed. It is the table that the 


dissipative and elastic behavior of the specimen 


seen from 


less 


depends markedly on whether it was annealed. 
Specimen C is an exception in this respect, having an 
unusually large value of C,. This is probably due to 
the 


It should be remarked also 


cold process of 


accidental working during 
assembling the oscillator. 
that in the case of specimen A the value of the 
observed change in Young’s modulus given in the last 
column is considerably smaller than the corresponding 


value in the other three cases. The reason for this is 


INTERNAL 


FRICTION OF LEAD AND TIN 


Elastic and dissipative characteristics of several lead specimens at a temperature of 


not known. The possibility suggests itself that in 


transition from the normal to the 


state this 


making the super- 


conducting specimen was left with ) 
which tended to mask 


the effect Wi 


note particularly that this specimen had by far the 
that the 


substantial frozen-in moment 


partially the “‘true’’ magnitude of 


smallest dissipation. Since it is known ® 


onset of superconductivity is promoted by a 


pro ess 


of nucleation at submicroscopic flaws (probably in 
regions where the crystal lattice is distorted by the 
presence of a high density of dislocations), it seems 
not unreasonable to suppose that the low value of 
in determining the 


dissipation might also play a role 


kinetics of the phase transition 

A detailed investigation was made with specimen C 
of the temperature depende nce between 3° and S°K 
of #, and A, in the normal and superconducting 
states. To measurements in the 


permit leisurely 


above 2? Was 


awkward region K, the temperature 
controlled by varying the rate of desorption of heliun 
gas from about 500 g of coconut coal packed ar 

the lower part of the specimen chamber. Fo 
measurements the voltage applied to the c1 
kept constant and each set of measureme! 


< 


0.32180; 


0.32175} 


0.32170} 


0.32165 


YOUNG’S MODULUS, x10" dyn/em’ 


5 6 
TEMPERATURE, °K 


4. Temperature dependence of Young’s modulu 


in the normal 


355 
A \ LQ 10 
5.1 0.03 1.4 1.4 
13.6 0.11 1.7 1.3 21 
32 1.8 1.5 0.9 16 
L106 0.42 2.4 1.7 28 
115 2.3 25 
aN 
+ x + 4 
| 
| 
| Ned 
| | 
of lead 
stat: 


METALLURGICA, 


CONDUC 


SUPE 


Ay 


DECREMENT, 


TEMPERATURE, °K 
Fic. 5. internal friction of 
lead in the normal and superconducting states. For 7’ S 6°K 
the difference in A, between the two states was not observable. 


Temperature dependence of 


resonant frequency with the magnetic field on was 
sandwiched between two sets of measurements with- 
the field. 
with the aid of the carbon thermometer, 


out The temperature of the specimen, 
measured 
was taken as a simple average of the temperature at 
the beginning and end of the three sets of measure- 
ments. Figs. 4 and 5 show the temperature dependence 
obtained in this fashion between 3° and 8°K of £, in 
the normal state and A, in the normal and super- 
conducting states. The changes in EF, are included as 
It should be noted from Fig. 5 that 
of the 


however. 


part of Fig. 6. 


decreases about 30 per cent as a result 


variation in A, over the temperature range: 


3Or- 


nN 
] 
| 


5 


CHANGE IN YOUNG’S MODULUS, 


FRACTIONAL 


> 6 
TEMPERATURE, °K 
6. Changes in £, 
different 


as a function of temperature for several 
‘runs’ of a lead specimen. 
and 


TABLE Elastic 


values for T 


columns, 


E,® x 10-2 


Tin specimen 10° 
(dyn/cm?) 


0.6236 
0.6503 
0.6550 
0.6570 
0.6199 


\ (unannealed 
A (annealed) 

3 (unannealed) 
C (unannealed) 
D (unannealed) 


dissipative characteristics of several tin specimens at helium temperatures. 
refer to the superconducting state 
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from the measurements at 4.2°K of £, and A, vs. ¢ 


it may be concluded that the changes in EZ, and A, 


corresponding to this change of amplitude are 


negligible compared with the change obtained in 
to S°K. 


To look more closely into the question of the 


going from 3 


temperature dependence of the fractional change in 
E,, 


ture in Fig. 6, 


OE,/E,, we plot this quantity against the tempera- 


including the data from several *‘runs”’ 


as indicated. Of particular interest here is the 
question of the existence of a discontinuity at 7’ Tis 
In this connection it is important to know how 
closely the temperature of the carbon thermometer 
corresponds to the actual temperature of the speci- 
men. Such an estimate may be obtained by observing 
that in Fig. 4, which is typical of all the “‘runs’’, over 
90 per cent of the points deviate from the smooth 
-O.03°K. 


scatter of the points in Fig. 6 almost entirely to the 


curve by less than Thus, we ascribe the 
frequency measurements, and from the distribution 
that the 


existence of a discontinuity larger than 0£,/E£, 


of the points near 7’ T. we conclude 


2 10-8 ean be excluded. 


Measurements on Sn 

In addition to the previously described measure- 
ments on Pb, a number of experiments were performed 
Table 2 


gously to Table 1 the results of these measurements 


using specimens of tin. summarizes analo- 


at a temperature below 7',. It is evident also that 
unlike the case of lead, annealing does not signifi- 
cantly affect the value of Young’s modulus, or of the 
other properties. 

In Fig. 7 are plotted, over a suitable range of 
temperatures, the measured changes in £, and A, 


While the 


results are qualitatively the same as for Pb, it is 


obtained with one of the specimens. 
noted that the fractional changes in £, tend to be 
smaller than the corresponding changes in the lead 
specimens. There is a suggestion of a discontinuity 
in at T 


not clearly outside the limit of probable error caused 


whose magnitude, however, is 


by the frequency measurements. Therefore, to 


Except for the last two 


(Z,°), 


[(A,°), (A,°), 105 


356 
. A 
| 
RUN 1 
wb | 
° 
an | 
a | 
Bo 
| 
| D 
7 8 
— 
r E,°) 
(E, ), 
3.3 83 2.1 2.3 1.3 12 
3.3 65 0.9 1.8 1.2 9 
2.8 157 0.8 10 
SS 0.7 0.5 
2.9 174 2.3 1.7 0.7 1] 
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Fic. 7. Temperature changes in internal 

friction and Young’s modulus of a specimen of Sn in the 

superconducting transition. Above 7’ x 3.5°K the difference 
in A, was not observable. 


dependence of 


establish the reality of such a discontinuity, we have 
plotted in Fig. 8 the data obtained with all the tin 
specimens. On the basis of these measurements we 
can, however, only state that the discontinuity is less 
than (d£,/E,) 2 10-6, 


Measurements at higher temperatures 

In the course of performing the measurements in 
the liquid-helium range it proved convenient to 
determine also the elastic and dissipative properties 
of the specimens at higher temperatures. Figs. 9 and 
10 compare the results obtained in this way with two 
different specimens of Pb. The annealed specimen is 
A of Table 1, 
were obtained under steady-state conditions with 
The data for the 
specimen are a combination of warm-up and steady- 
the 


temperature measurements in the range between 20 


and the experimental points shown 
unannealed 


appropriate baths. 


state measurements. In absence of 


and 40°K no results are shown for the variation of £, 


with temperature in this region. It can be seen from 


Fig. 9, however, that a smooth curve very naturally 


5E, 


5 


© SPECIMEN C 
0 SPECIMEN D, 1st. RUN 
© SPECIMEND, 2nd.RUt 


4 SPECIMENA (ANNEALED) 
SPECIMENA (UNANNEALED) 
vy SPECIMEN 8 


2.5 3.0 3.5 4.0 


TEMPERATURE, °K 


2.0 


FRACTIONAL CHANGE IN YOUNG’S MODULUS, 


Fic. 8. Changes in EZ, as a function of temperature for various 
Sn specimens. 
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Variation of Young’s modulus wit! 


aled lead speci 


Fic. 9. 
annealed and an unanne 


joins the high and low temperature ranges s 


by this gap. Consequently the measured values of £, 


were used in conjunction with this curve to obtain 


the temperatures beween 20 and 


preparing Fig. 10. 
was always quite small, A, and E, can be 
as being essentially equal to their limiting 
at zero amplitude Despite the fact that 4 


much smaller in the unannealed specimen 


seems to be 


temperature coefficient of E, 


same for both. 


The occurrence of a pronounced peak i 


DECREMENT, A 


80 00 
TEMPERATURE , 


interna frictio 


Variation of 


annealed and unanneal 
relaxation 


has 


similar behavior been 


constants of zinc 


10°K us 


ed 


Since the amplitude of vibratio1 


takel 


x10% 33 
| NANNEALE 
| I 
| | | 4 ANNE t 
Le 
simila: 
a> < 
Be 
m* 


358 ACTA 
to that appearing in Fig. 10 has also been reported 
by Bordoni.“”) and its significance is discussed by 


Mason") in terms of a dislocation relaxation mecha- 


nism. Mason finds a relation between the frequency of 


excitation and the temperature at which the peak 
occurs, vielding for the present case (45 ke) a tempera- 
, which is 15°K lower than the experimental 


the fact that 


ture of 42 


value. However, with the annealed 
specimen the peak appears some 10°K higher may 
mean that more than one type of lattice defect is 
present. 
DISCUSSION 

The Young’s modulus £, of Pb and Sn at 45 ke 
has been found to decrease when the specimen goes 
from the normal to the superconducting states, as 
deduced from the resonant frequency hh of the speci- 
men. In this connection one observes from equation 


(2) that an increase in volume V of the specimen 


when it becomes superconducting would produce an 
increase in f, which would lead to an apparent 
spurious) increase in £, oi magnitude AE,/E, = 


1/3 AV/V 


occur can be predicted from thermodynamic grounds 


That such an increase in volume will in fact 
[see Shoenberg,“® sec. 3.5, equation (3.17)] and is 
also supported by direct measurements on Sn.‘?® 
However, according to all indications’!.**) AV/V is 
10-7 for Sn, and 5 x 10-7 for Pb, 


the lowest temperatures, so that it has a negligible 


only | even at 
effect on the accuracy of the measurements reported 
here. 

From the thermodynamics of the phase transition 
in superconductors it follows that the superconducting 
higher isothermal com- 
state, the 


characterized by a 
the 


difference being given by 


state is 


pressibility a2, than normal with 


(/) 


H. (oH. 


OP)», n and s denote the 
and H. is the field 


expressed as a function of the pressure P and the 


4a 


where { 


I 


two states critical magnetic 


temperature 7’. It is possible to estimate the magni- 
tude of the change predicted by equation (7). From 
measurements by Muench and others, the temperature 
dependence of (¢H,/0P), in the case of Sn may be 


expressed as 


().29 77) (8) 


OH, 


H 
} (0.61 
oP 


where 7' < T’, the work of Chester 


and Jones'??) indicates that (0H is independent 


Furthermore, 


of P. Thus, making use of this expression in equation 


(7) and ignoring the last term. we conclude that 
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equation (7) predicts (for Sn) a discontinuity in ay 
at of magnitude (1/47)(0H,/0P)7 3.68 
10-18 em?/dyn, predicts that the 


and moreover 


absolute value of (x, — 2,,), should decrease mono- 
tonically to about one-third the value at 7’ , as 
the temperature falls toward the absolute zero. For 
lead the temperature dependence of (0H,/0P), is not 
known, but its value near 7’ = 7’, has been measured? 
so that a discontinuity at 7 = 7, of magnitude 
(x, — 2,)p 7.65 107-18 cm?/dyn may likewise be 
predicted. Now, for a polycrystalline material we 


have the well-known relations 


where yw is the rigidity modulus, V the molar volume, 
C, the molar heat capacity, « the volume coefficient 
of thermal expansion, and by the subscript y we 
Making the 
substitutions, the temperature variation of (2, 


denote adiabatic values. necessary 
XL, 


may be written as 


(x, 


R.) 


? 


(10) 
where R TVa2/C,. Inspection of equation (10) 
shows at once that it is impossible to obtain the 
temperature dependence of (x, — x,,),, from measure- 
ments of (£, E,),, or even from these and (y,, 

u,). Indeed, measurements of the change in rigidity 
modulus of Sn by Olsen) and of the elastic moduli 
of a Sn crystal by Landauer* show that the second 
term in equation (10) increases in magnitude in 
much the same way as we have found for the first 
term, when the temperature is lowered: and since 
uu < E/3, the relative magnitude of these two terms 
is uncertain. Moreover, it is difficult to assess the 
importance of the last term in equation (10) in the 
of detailed of the 


expansion at these temperatures. However, we can 


absence measurements thermal 
estimate the thermal expansion coefficient at 7’ = T', 
in the normal state, «,, by means of Grueneisen’s 
relation (although its application at these temperatures 
may perhaps be doubtful) and so obtain for Sn and 
Pb the Table 3. The 


dynamically derived relation 


values shown in thermo- 


oH, 


9 3 
> 
E 
TV 2? 
Lip x, (9) 
- 
195 
3 
r 
40 \OP/ 
| 
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TABLE 3. Summary 
Tin 
Thermodynamic 

roperty 
< Value 


Re ference 


3.73°K 


Shoenberg'‘*? 


151 G/°K Shoenberg'2? 


6.8 10-9 
G em?/dyn Muench! 
5.4 


cal/mole 


10-3 
K Keesom and Kok'?® 


K Keesom and Kok‘? 


cal mole 


18 


3.68 10 
em?/dyn 


deg 


10-8 deg 


Dorsey 


Smithsonian 


* For values of C,, at 123°K. 
together with the data shown in Table 3 leads to an 
If we 


7’. there is no discontinuity 


evaluation of the last term in equation (10). 
can assume that at 7’ 
in the rigidity (and this seems to be indicated by 
Olsen’s data as well as earlier work on Sn and Hg,'*®) 
E./E), 
for tin 


26) 


equation (7) implies discontinuities in (# 
10-® and 1.0 


These are comparable with 


having the values 0.27 
and lead, respectively. 
the upper limits found from Figs. 6 and 8. 

As for the results on internal friction, these seem 
reasonable in view of the present notions concerning 
the nature of internal friction and of superconductivity. 
In particular, it seems probable that at low tempera- 
tures the electrons contribute directly to the mechani- 

mechanisms 
Kittel 
If the superconducting electrons, unlike 
to the 


cal dissipation in a metal, specific 


having been recently proposed by and 
Morse.) 
the 
dissipation, then the dissipation should, as observed, 


normal electrons, do not contribute 
be smaller in the superconducting state and the 
difference should increase as the temperature decreases 
and a larger fraction of the electrons enter the super- 
The fact that the change in A,° 


for the various Pb specimens in Table | is relatively 


conducting state. 


insensitive to the value of A,° itself (which varies 
widely among the specimens) tends to support such 
an elementary view, if we assume. that the internal 
friction is produced by several mechanisms acting 
together, of which the purely electronic component is 


insensitive to annealing. 
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GROWTH AND PREFERRED ORIENTATIONS OF CRYSTALS IN TUNGSTEN WIRES* 


G. D. RIECK+ 


In recrystallized wires of doped tungsten, large crystals have their [421] or [531] axis parallel to the 
wire axis and small ones tend to keep the original deformation texture [110]. 
glide both along (111 100) in the tungsten crystals during drawing, the majority 
of the crystals attain a [110] texture. 


It can be shown that, 
assuming and along 
However some crystals which have an orientation near [531] 
deform on one glide system only. Therefore, during the last stages of drawing, they will tend to turn 
with respect to neighbouring crystals having a[110] texture. The presence of a dope inhibits the growth 
of most of the erystals, but least so that of the [531] crystals, as these will have undergone considerable 
grain boundary slip, resulting in crumbling of the dope skins. Less dope results in more smaller crystals, 
less of which have [531] orientation. 

The nature of the fragmentation which was already found in the large crystals, can be explained on the 
assumption of tubes or strings of contaminations with blocks and leaks at random places. 


CROISSANCE ET ORIENTATIONS 


DANS DES 


PREFERENTIELLES 
FILS DE TUNGSTENE 


DES CRISTAUX 

Dans des fils recristallisés de tungsténe volontairement impur, les cristaux de grandes dimensions ont 
leur axe |421 531] paralléle a celui du fil, tandis que les cristaux plus petits ont tendance & conserver 
la texture de déformation initiale [110]. On peut montrer que la majorité des cristaux ont une texture 
110}, 111) et (100). 
certains cristaux dont l’orientation est proche de [531] se déforment selon un seul systeéme de glissement. 
Dés lors, durant les derniéres passes d’étirage, ils tendront a pivoter sous l’effet des cristaux voisins dont la 
texture 110}. 
531 Ceux-ci subiront un glissement considérable aux joints, résultant de la fissuration 
a peau d’impuretés. 
531 

La nature de la fragmentation observée déja dans les grands cristaux peut s’expliquer par hypotheése 
de l’existence de 


ou 


si on admet que lors de l’étirage le glissement s’effectue suivant Cependant, 


est La présence de l‘impureté empéche la croissance de la plupart des cristaux sauf ceux 
d’orientation 


de | 


Une teneur moindre en impuretés conduit a des cristaux plus petits ot 
lorientation 


est moins fréquente. 


tunnels et de filaments de contamination dont l’obstruction est variable. 


KRISTALLITWACHSTUM UND TEXTUR IN WOLFRAMDRAHTEN. 
In 


ihren 


rekristallisierten Wolframdrahten 
42] 531]-Richtung parallel zur Drahtachse, wahrend die kleinen Kristallite dazu neigen, 
die urspriingliche Deformationstextur [110] zu erhalten. 
Annahme eines Gleitens der Wolframkristalle wahrend des Ziehvorgangs entlang 
meisten der Kristalle eine 


mit Verunreinigungszusatzen liegen die grossen Kristalle mit 


-oder 
dass-unter der 
L00)- 


werden, 
111) und die 
Einige Kristallite allerdings, die eine Orientierung 
haben, verformen sich mit nur einem Gleitsystem. 


Es kann gezeigt 


110|-Textur annehmen. 
nahe [53 Sie werden daher wahrend der letzten 


Stadien des Ziehprozesses sich mit [110]-Textur zu verdrehen 
Die Anwesenheit von Fremdstoffzusatzen behindert das Wachstum der meisten Kristalle. 
werden davon die 


gegeniiber Nachbarkoérnern suchen. 


Am wenigsten 
531]-Kristalle betroffen, da bei diesen ausgiebiges Korngrenzengleiten stattfindet. 
was zu einem Verkrumpeln der Verunreinigungsschicht fiihrt. Geringerer Fremdstoffzusatz hat kleinere 
Kristallite zur Folge, von denen weniger eine [531]-Orientierung aufweisen. 

Die Fragmentierung, die auch schon in den grossen Kristallen gefunden wurden, kann mitt der Annahme 


einer réhrenartigen oder linienf6rmigen Anordnung der Verunreinigungen erklart werden. 


1. INTRODUCTION 


‘tal tungsten is generally not only studied in 


As a 


deformation texture is retained after annealing as the 


to the wire axis.” rule in b.c.c. metals this 


The me 
its pure state but also when certain impurities are recrystallization texture. This applies too for the 
present. 


These are the remnants of the so-called dope, 
which is added to the tungsten used for the filaments 
in incandescent lamps, in order to obtain large crystals 
after recrystallization. 


The deformation texture of both pure and doped 


tungsten wires is, just as in other body centred cubic 


metals, a fibre texture, with the [110] axis parallel 
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primary recrystallization of pure and doped tungsten, 
which takes place below 1800°C. But whether this 
remains true for pure and doped tungsten after secon- 
dary recrystallization (above 2000°C) is questionable. 

\osi'?) has found that 10 large crystals in recrystal- 


~s 


lized* doped tungsten wires had a [531] direction 


corresponding with the wire axis. Recently Swalin 
and Geisler) found a normal [110] texture in recrystal- 
lized doped W-wires but a [320] texture in undoped 
wires. 


RIECK: GROWTH 


0-002 
0-0006 
0-0007 


0-002 
0-003 


W with “normal” dope 
W with “‘less’’ dope 
Pure W 


In relation with the kind of fragmentation we found 
some time ago™) in large crystals of doped W-wire, in 
which the fragments had one zone approximately 
parallel to the wire axis, we liked to know which was 
the crystallographic direction of this axis. As it turned 
out to be axes like [421] and [531], it seemed worth- 
while to reinvestigate the recrystallization* textures 
of wires of pure tungsten, of wires with a normal 
amount of dope and of wires to which less than normal! 
dope was added. The normal amount of dope gives 
Asa 


consequence the crystals in the recrystallized wires 


the maximum of “exaggerated grain growth.” 


with less than the normal quantity of dope were 
smaller than those in the wires used for our fragmenta- 
tion experiments. In the wires of pure tungsten the 


secondary crystals were very small. 


2. EXPERIMENTAL 

All wires were 180 uw in diameter and were recrystal- 
lized by heating them, by passing an electric current 
2400°C: 


current being about 80 per cent of the value necessary 


through them, to about the appropriate 
to melt the wires. 

The crystals used for fragmentation experiments 
were grown in wires as are used for filaments of incan- 
descent lamps. 
(potassium) silicate and aluminia had been added to 
the tungsten powder. The crystals we used were mostly 
at least | em in length. From Laue diagrams of 10 of 
these crystals we determined their orientation with 
respect to the wire axis. Of 16 other large crystals 
the batch, 
were carried out with Debye—Scherrer diagrams both 


from same orientation determinations 
in normal cylindrical D.S. camera’s and on flat films. 

In the same type of wire, in which not only crystals 
of 1 em and larger occurred but also smaller ones e.g. 
of 1 mm, 30 orientation determinations were made at 
random places (in several pieces of wire). Thus the 
smaller crystals were included. Again D.S.-method and 
flat film were used. 

The same technique was used on wires which con- 


tained less dope. The starting material consisted in 


* When speaking of recrystallization we will mean the 
“secondary” recrystallization (or coarsening or exaggerated 
grain growth), yielding the ultimate structure of the wire. 


4A 


0-005 
0-006 
0-008 


To produce such wires a dope of 


ORIENTATIONS OF CRYSTALS 


0-0] 0-00] 
0-0] 


0-002 


0-0] 


0-001 0-0] 


0-00] 


this case of 50 per cent of undoped W-powde 50 
per cent silica doped W-powder. The crystals in these 
wires were much smaller: about 20 on 2 ecm length. 
The X-ray diagrams often showed mixed textures. 
In total 25 orientations were determined. 
about 400 crystals 


The undoped wires, in which 


occurred on 2 cm length, gave spotted D.S. diagrams 
from which the average texture could be found con 
sidering the blackening of the D.S. rings. 

Fig. | gives microscopic pictures of the wires used 
The chemical analysis of wires as used in these investi 


gations are given (in wt. per cent) in the above table 


3. RESULTS 
The 


the large crystals and the texture determinations on 


results of the orientation determinations on 
the smaller ones, divided in the four groups which are 
mentioned above, are 
(a) The specially selected large cry stals from wires 
with a normal amount of dope, had coinciding with 
$2 | 


3 times a /631 


the wire directions: 6 timesa axis, 6 times a[53] 


axis, 3 times a/521] axis, axis and once 


a [621], [941], [732], [10 53 3: 852] and [10 71 


made 


Moreovel one crystal 


axis respectively. 
special recrystallization treatment and with a length 
of about 30 cm, had its [421 
In Fig. 2(a) 


stereographic triangle 


axis in the wire direction 
these orientations are indicated 
(b) In the same type of recrystallized w 
(a) but studied at random places we f 
11 times a [531] axis, 4 tim 
times a | 540 
541 641 65] 


2(b) shows thos« 


direction to be 
4 times a 
331] and once a [421 
Fig. 


triangle. 


aXis, 320] axis, 


axis. axes 10 
(c) For wires of material with less than the non 
110 
axis and twice a 
751 


This is depicted in Fig. 2(« 


times 


coinciding 


amount of dope we found: 8 
[531 


axis and once a [631], [651 


times a axis, 5 times a 


and iXIs 
with the wire direction. 

(d) In pure tungsten wires we found after recrystal 
lization only [110] textures with a certain amount of 
scattering. No trace of preference for a [320] texture 
was found in these wires (Fig. 2d). 


The indices given above followed mostly from the 


Al Cr Fe K Mo Ni S 
0-04 


(Cc) 


Fic. 1. Photographs of recrystallized W-wires of 180 « diameter: (a) doped 
wire; (b) wire with less dope; (c) pure W -wire. 75. 


320 540 


Fic. 2. Stereographic triangle with orientations: (a) of selected large crystals in doped W-wires; 
b) determined at random places in doped W-wires. (c) i.d. in partly doped W-wires with small crystals; 
d) of the very small crystals in wires of pure W: [110] texture. 
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Za 
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| 
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Debye-Scherrer diffraction diagrams, and are only 
given as an indication of the orientation with respect 
to the main crystallographic directions. 
4. DISCUSSION OF THE RESULTS 
If we compare Figs. 2(a) and 2(b) wesee that in all the 
large crystals of Fig. 2(a) the wire axis corresponds 
with an axis in the neighbourhood of [421] and [531] 
If we include the smaller crystals in the wires of doped 
material however (Fig. 2b). we see that 
320] occur (12 of these 


It seems obvious 


often axes 
oriented nearly as [110] and 
axes against 18 other orientations). 
to attribute these latter orientations to the smaller 
crystals. 

If we now consider the material with less dope in 
which the crystals are smaller we see indeed that a 
greater part of the orientations are of the [110|-[320] 
type (15 of these axes against 10 other orientations: 


Fig. 2c). 


This agrees thus with the assumption that 
the smaller crystals tend more to have this orientation. 
In the pure tungsten wire with the very small crystals 
we find only a [110] texture (Fig. 2d). 

We can thus conclude that the large crystals have 
on the average a [531] axis in the wire direction, 
whereas in smaller crystals the [110] orientation pre- 
vails. As already mentioned, Rosi" also found that 
531] 


In fact his illustration indicates that a 


10 large crystals in doped tungsten wires had a 
orientation. 
[421] direction is also probable. For shortness’ sake 
“(531)” orientation, if we mean one 
531]. Rosi already 


we will speak of a 
in the neighbourhood of [421] and 
pointed out that the ‘*[531]” direction is a special one, 
as it is about symmetrically oriented with respect to 
the [110] direction, which is the texture of deformation 
(and primary recrystallization), and to [lll], the 
normal slip direction in b.c.c. metals, and to [100], 
which according to Goucher‘ also occurs as slip 
direction in single crystals of tungsten. 

If we consider all possible slip systems along (111 
axes and on {112} planes, and also those along (100 
axes and on {100} planes, we find indeed that the area 
in which the crystals with “[531]” orientation are 
situated is a special one, although not as a result of 
its symmetrical position. To illustrate this we can 
proceed in the following manner: we take into con- 
sideration all axial orientations of the crystals for 
which the resolved shear stress on one of the (111 
‘112! slip systems as a result of a tensile stress along 
the axis exceeds a certain minimum value. Only those 


axial orientations are considered favourable for slip 


at a given system, for which the value of cos @ cos 4 


exceeds e.g. 0-35 (gm being the angle between the 


crystal axis corresponding with the wire direction and 


IENTATIONS ALS 


(172) 


3 Stereographi triangle, vith indicated the 


orientations of crystals which under certain conditic 


be subjected to glide along one, two, or three or 1 


svstems of the L111) and LOO) type 


the slip plane which is active and / the angle between 
this direction and the slip direction in question The 
LOO 


same can be done for the | 100} slip-systems, for 


which we use however a somewhat larger minimum 
value e.g. 0-40, as the glide along this system will be 
less easy than along the main slip directions (11] 

In a stereographic triangle we can now indicate 
those areas for which the product cos gm cos 4 exceeds 
the just mentioned minimum values and in which 


3) We then se 


that in a large part of the triangle slip can take place on 


cases we assume slip to occur (Fig 


two or more slip-systems. In some parts as many as 


six slip-systems might be active. There is only one 
(marked I) in which 


along [11] 


Even if we take a considerable different value 


area, in the centre of the triangle 


only one slip-sy stem could be active and 


on (112). 
for the minimum shear stress, the general aspect, with 
a central part in the triangle with only one glide systen 


remains. The direction 531 lies always in this 


area, 


In drawing the wire a [110] texture develops. This 


texture is considered as the result of a slip of the 
crystals along slip directions which are symmetrical 
find in all 


with respect to the [110] axis. Indeed we 


LT 


areas in Fig. 3 with two or more slip-systems ; 
two symmetrical slip directions, with exception of 
small area (II) with two slip-systems Therefore 
majority of the grains will be able to adopt finally the 
{110} orientation in the deformed wire. Part of the 
drawing performed there still will be some grains with 
an orientation corresponding to area |, Between them 
’ grains are rather frequent as their devia 


Moreover 


will turn slightly in the [11] 


the 


tion from the [110] texture is the least 


from area | 


gTralns 


direction during glide and so those from the bottom 


ED 3663 
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part of area I will pass through the [531] position 
before leaving the region of single slip.) 

If we accept this glide mechanism we may make the 


following assumptions on the difference in behaviour 


of pure and doped tungsten during recrystallization. 


The number of °[531]” grains is only small and 
therefore during primary recrystallization (at about 
1700°C), 
place, we will find only a [110] texture. 


when no growing out of the crystals takes 
Also when 
pure tungsten is heated above 2000°C, and in secon- 
dary recrystallization relative small crystals are 
formed, the few “|531]” crystals cannot compete with 
the numerous | 110] ones, as their deviating orientation 
will not give them sufficient extra growing capacity to 
consume their neighbours. If however a dope is 
present, conditions will be more favourable for the 
“(531)” 


It is generally accepted that the dope in tungsten 


crystals. 


wires, present as a second phase in the metal, acts in 
first But 


when at higher temperature (above 2000°C) the secon- 


instance as a hindrance on grain growth. 


dary recrystallization starts, the crystals grow very 


rapidly. And now the *[531] 
The idea. that. due to the influence of a second 


grains can get their lead. 


phase some grains may get the opportunity to grow 
out before the majority becomes capable of growing, 
is already expressed by Beck, Holzworth and Sperry‘® 
in relation to the grain growth in Al—Mn alloys. In 
our case that special influence of the dope might be 
the following. 
After the 


elongated 


first of drawing a number of 


crystallites 


stages 


(fibres) can be considered, 


according to the idea of Meijering,“ as a matrix of 
metal with the second phase in the form of tubelike 
walls. Meijering assumed those “‘tubes” to contain a 
random distribution of dams at which the growing of 
a crystal in the tube is stopped, just as it is stopped 
at the tube walls: in the walls of the tubes are “‘leaks”’ 
at random places, through which a crystal can attain 
Now the 


walls between crystallites with a [110] orientation or 


the next tube and continue its growth there. 


any orientation except those of area I and IT will not 
suffer very heavily from the last stages of drawing for 
each crystallite can easily follow the deformation of 
its neighbour, as it possesses several glide possibilities. 
The crystallites with an orientation in the neighbour- 
hood of [531] (area I) with only one possible glide 
direction can not follow so easily and their wall will 
have to sustain a large amount of boundary flow. 
This can result in more leaks in the walls and the 
annihilation of dams. As soon as there is a possibility 
to grow out at the high temperature of (secondary) 
recrystallization some of these ‘[531]” grains can do 
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so and as they soon will be larger than the other 
crystals and differ sufficiently in orientation from them, 
they will be the favoured grains which in the exagge- 
rated grain growth will occupy a large volume of the 
matrix. 

However here and there some of the frequently 
occurring [110] oriented grains will also have succeeded 
in growing out to crystals of dimensions smaller than 
those of the final **[531]” crystals. This would explain 
the and [110] 


orientations (Fig. 2b) in the recrystallized doped wire. 


simultaneous occurrence of 
With less than the normal amount of dope (case (ce): 
Fig. 2c) and thus less inhibition on grain growth, 
more nuclei will get the opportunity to grow, among 
with a larger proportion of the more frequently 
occurring [110] oriented grains. One might even 
attribute the presence of some [320] oriented crystals 
to the fact that with a small amount of dope, crystals 
which have rotated from the area I, and differ less in 
orientation from the [110] texture than [531], now 
get a chance to grow out. 

Without dope, and hence without inhibition, each 
grain may start to grow and the few “[531]” grains 
originally present have no opportunity to consume 
the small grains before these have grown out to some 
extent. Then the originally most frequently occurring 
[110]-oriented grains also determine the final overall 
texture. 

The lead of the *[531]” grains on the others will 
depend largely on the measure of the inhibition 
effectuated by the dope on the other grains. The 
composition and the nature of the dope, but also the 
treatment of the wire and the temperature at which 
the wire is recrystallized, will markedly influence the 
extra lead of the grains in question. 

It is not quite clear, however, how this could explain 
the different results of Swalin and Geisler, as compared 
with Rosi’s and ours. Their neutron diffraction tech- 
nique gives them the overall texture of the wire, 
which ought to be comparable with our Fig. 2b, and is 
not. They used another type of material, however. 


5. THE FRAGMENTATION OF THE LARGE 
CRYSTALS AND THEIR GROWTH IN A WIRE 
When after deformation a grain of a “[531]” orienta- 
tion would polygonize during recrystallization certain 
disorientations in the polygonized crystal will result. 
After growing out, in the large final crystals the same 
type of disorientation will show up. If the glide direc- 
tion only makes a small angle with the direction of 
drawing then the edge dislocations, responsible for 
the glide in the grain, ought to have their Burgers 
vector approximately at this angle with the wire axis. 


RIECK: GROWTH AND 
In polygonization this would result in angles of dis- 
orientation mainly in a plane through the axis (Fig. 
4a). We found earlier, however, in large crystals 
angles of disorientation mainly ina plane perpendicular 
to the axis (Fig. 4b), a structure that can be described 
by walls of dislocations with their Burgers vectors 
tangentially directed, thus perpendicular to the wire 
axis. 

It seems possible to explain the occurrence of the 
latter fragmentation of we take again into account 
(according to Meijering) that the crystals grow in a 
matrix containing numerous tube-shaped walls of 
contaminations stretched out in the wire direction. 

In this type of matrix we consider a polygonized 


a 


Fig. 4. Schematic illustration of a crystal in a 
having a fragmentation with its angles of disorientation in a 
plane through the wire axis; (b) having a fragmentation with 
its angles of disorientation in a plane perpendicular to the 
wire axis. D dislocation axis; B Burgers vector. 


wire, (a) 


nucleus, in which as stated above the fragments possess 
angles of disorientation in a plane through the wire 
axis and thus can be considered as slices piled up in 
the wire direction. Now the top and bottom slices in 


the vertical wire have the best chances to grow out in 


the length of the tubes, whereas those in the centre of 


the nucleus can hardly grow out perpendicular to the 
wire axis, and they will soon be hampered by the 
faster expanding end crystals which have many 
opportunities to find leaks. Ifthe central parts succeed 
in reaching the surface of the wire at all, they will 
still only occupy a small volume. So the secondary 
crystal of several millimetres in length is mainly built 
up from the two extreme parts of the nucleus and we 
can hardly expect to find traces of the disorientation 
originating from the central part of the nucleus. 
Fig. 5 depicts schematically this growing out. 

If in the terminal slices of the nucleus also occur 
some minute disorientations as depicted in Fig. 4b, 


the dislocations which are responsible to these will 


remain preferentially as such in the large crystals, 


because they are approximately parallel to the growing 
direction. This is found too in Al crystals grown from 
the melt by Kelly and Wei? and is understandable as 


PREFERRED 


ORIENTATIONS OF CRYSTALS 


the other dislocations will soon “‘grow out of the 


crystal.’’ So the growing mainly in the wire direction 
of the large crystals will give rise to the type of frag 
that is the 


structure of the wire alone, a preference for this type 


mentation indeed found. From tube 


of fragmentation is already to be expected, but the 
assumption of a nucleus with specific disorientations 
growing in a matrix as described above, provided a 


more detailed explanation. 


Rss 


f 


WH 


Scheme of growing out of 


lh a 


Fic. 5 


matrix which contains tubes of c« 


sections of a nu 


mtaminations with leaks and 
dams 


a) and (b) originate from top and bottom parts of the nucleus 


N, (c) and (d) originate from centre parts of the nucleus N 
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CONCLUSIONS 

(1) In recrystallized doped tungsten wires the larg 
crystals have an orientation with about the [421] o 
[531] axis in the wire direction 

(2) The smaller crystals tend to have a[110] texture 
which is also the recrystallization texture of pure W 
wire. 

(3) A ‘[531]” 


capacity to the maintaining of its orientation amidst 


orain might owe its better growing 


a matrix of crystallites with [110] texture and the 


possibility that the dope enhances their lead on othe 
grains. 

(4) The nature of the fragmentation of the large 
crystals can be explained by assuming tubular walls 
of contaminations, parallel to the wire direction, with 


dams and leaks. 
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TERNARY CARBIDES OF TRANSITION METALS 


WITH ALUMINUM 


L. J. HUETTER? 


In the ternary Mn—Al—C, Co—AI-C, Ni 


systems 


and H. H. 


AND MAGNESIUM* 


STADELMAIER 


und 


which the metal atoms occupy the points of a face-centered cubik 


with two known compounds they form a separaté 


TERNAIRES 
ALUMINIUM 
Mn—Al—C, Co—Al 


LES C 


Dans les systémes ternaires 


DES 


grou} 


KLEMENTS DE TRANSITION 


ET LE MAGNESIUM 
Ni-Al Mg 


( t Co 


carbures doubles, dans lesquels les atomes métallique 8s occupent les points d’un 


centrées avec une surstructure. 
de carbures. 
TERNARE DER 
In den ternaren Systemen Mn—AlI-—C, Co—AI-C, 
Metallatome 


Sie bilden zusammen mit 


KARBIDE 


gewiesen, bei denen die die 


struktur besetzen. ZWwel 


von Karbiden. 


Ces carbures forment, 


BERGANGS-METALLE 
Ni—Al—C 
Punkte 


bereits bekannten Verbindungen eine eigen¢ 


avec deux composés connus, un g yupe 


MIT ALUMINIUM I 
und Co—Mg—( 


henzentriert 


ND MAGNESIUM 


wurden Doppelkarbide na 


eines fla kubischen Gitter mit Uber 


Gruppe 


INTRODUCTION 

The existence of a well-defined group of ternary 
carbides involving one transition metal and aluminum 
In 


ternary carbides the metal atoms have been known 


or magnesium is not generally recognized. two 
to occupy the points of a face-centered cubic lattice, 
of the Fe-Al-C”) 


In either case there is no face-centered 


namely in those and 
Ni-Mg—C. 
cubic compound in the carbon-free binary system. 
Thus the 


lizing this structure. 


system 


(2) 


atoms instrumental in stabi- 


Scheil and Hiitter® already 


carbon are 
suggested that other systems of magnesium with 
transition metals and carbon should be investigated. 
The similarity of the nickel-magnesium carbide and 
the that 


compounds need not be restricted to magnesium. 


iron—aluminum carbide indicates these 
An account of additional ternary compounds of this 
type will be given in the following.= 
ALUMINUM COMPOUNDS 
Tron aluminum carbon 

Iron—aluminum-—carbon alloys have been investi- 
gated extensively (see, for example, references 5 and 
6). 
aluminum content upon the appearance of graphitic 
The effect is Fig. | 
regions of maximum graphitic carbon are separated 


Of these studies some deal with the influence of 


carbon. shown in where two 


* Received December 23, 1957. 

+ Department of Engineering 
State College, Raleigh, North Carolina. 

+ These should not be confused with 
involving pairs of transition metals, which have been investi- 


North Carolina 


Research, 


ternary carbides 


gated extensively. 
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GRAPHITE , PERCENT OF TOTAL 


Graphite in aluminun 


LOhberg and Schmidt 


by a range of no graphite. This has been ex 
by the appearance, in the graphite-free rang 
double carbide described by Morral 

Al is 


face-centered 


that its atomic ratio of Fe ibout 


its structure is cubic with a supe! 
structure. The lattice constant 
and 3.77 kX 


Schmidt). 


varies between 3.73 


72 and 3.78 according to Loéhberg and 
is about 4 per cent 

The 
2. The 
of 


criterion 


The carbon content 
(14.4 


existence at 1000°C is shown in Fig 


by weight atomic per cent rang f 


dest ribed 
aluminum 


absence of graphite in a range 


magnesium) proved to be a useful for the 
existence of a double carbide except with manganese 


‘arbide Mn,.C, 


pointed out 


where the stable manganese ( prevents 
the 


ol 


carbon 


graphitization. It might be that 


extent of the graphite-free range is no measure 


the limits of the double carbide unless the 
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will — 
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Isothermal section through the Fe—Al—-C phase 
1000°C. After 


diagram at 


content is high enough to place the alloys in the 
carbide single-phase range. 

Experiments by the authors confirmed the infor- 
mation given by Morral, although the carbon content 
f the carbide would appear to be somewhat lower, 
as already suggested by Léhberg and Schmidt. 
Thus it was found to be 3.65 weight per cent (13.25 
atomic per cent) for an alloy with an Fe : Al atomic 
ratio of 3 : 1, which was microscopically single-phase. 
the 


ideal 


Because of superstructure one is justified in 


assuming an Fe : Al ratio corresponding to 
FeAl, although there is obviously some spread about 
this ideal composition. Therefore the double carbide 

represented by the formula Fe,AIC, where 
r 0.66. With this designation it is possible to 


assign a similar formula to all carbides discussed 


herein. In agreement with Morral, the iron—aluminum 


carbide was found to be ferromagnetic. 


Cobalt-aluminum-—carbon 
The range of graphite-free alloys was from 12 to 
18 weight X-ray diffraction 


analysis revealed the face-centered cubic structure 


per cent aluminum. 


with the superstructure. The lattice constant varies 
between 3.68 and 3.69 kX. 
alloys the extraneous diffractions could be identified 


In two- and three-phase 


as those of Co, C or CoAl, when they appeared. 
The 


carbon content of a single-phase alloy with a Co : Al 


Like Fe,AIC, this carbide is ferromagnetic. 
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atomic ratio of 3: 1 was 3.05 weight per cent (11.75 
Following the previous nomen- 
0.59 for 


atomic per cent). 
clature the compound is Co,AIC,, where x 


this particular melt. 


Nickel-aluminum—carbon 

In this system there exists a binary phase Ni,Al 
which is face-centered cubic and has a superstructure. 
The lattice kX, 
range was observed between 12 and 14 weight per cent 


constant is 3.58 A graphite-free 
aluminum, indicating that Ni,Al dissolves carbon. 
The carbon absorption is accompanied by a maximum 
expansion of the lattice to 3.61 kX. 
carbon content found in single-phase Ni,AIC, was 
1.44 weight per cent (5.8 atomic per cent) so that 
x 0.29. 


The highest 


This is obviously the borderline case of a 
solid solution of carbon in a binary compound and 
Like Ni,Al, Ni,AIC, 


not a true ternary compound. 


is nonmagnetic. 


Manganese aluminum—carbon 
As previously mentioned, graphitization is not 


observed here. A series of alloys of increasing alu- 


minum content shows the typical diffraction pattern 
of the face-centered cubic carbide with superstructure 


in the range between 12 and 15 weight per cent 


aluminum. The lattice constant varies between 3.84 
and 3.88 kX. 
composition Mn, Al is 7.35 weight per cent (24 atomic 


The carbon absorbed by a melt of the 


per cent). This value cannot be greatly in error for 
the the 


shows only the faintest traces 


diffraction pattern 
of Mn and Mn,,C, 


The 


presence of manganese tends to render the carbon 


double carbide, since 


(the alloy was actually in a three-phase range). 


content too high whereas the binary carbide would 
make it appear too low, and these opposing effects 
cancel partly. Therefore x is about 1.20 for a typical 
manganese—aluminum carbide. Unlike the binary 
manganese carbide, this compound is ferromagnetic. 
It is a magnetic manganese alloy in which the metal 
atoms occupy the points of a face-centered cubic 
lattice, contrary to the Heusler 
Cu,MnAl"®? has an body-centered 


cubic structure. 


familiar alloy 


which ordered 
The Curie point varies drastically 
throughout the range from 12 to 15 weight per cent 


Work on 


the magnetic properties of this compound is still in 


aluminum and over a maximum. 


goes 
progress and will be reported separately. 


Chromium—aluminum—carbon 


No double carbide was found in this system which 


is clearly dominated by the binary carbide Cr,,C, in 
the investigated range around Cr, AIC... 
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TABLE 1. Face-centered cubic 


Typical a Lattice con 
for stant (kX) of 
ratio 3: 1 
of metal for 
listed a 


Carbide carbide 


atoms 


Mn, AIC, 
Fe, AIC, 
( ‘o, AIC 
Ni, AIC 


1.20 
0.66 
0.29 


Co,MgC 
Ni,MgC 


MAGNESIUM COMPOUNDS 


Nickel magnesium carbon 


From the work of Scheil and Hiitter" it follows 
that there is a face-centered cubic ternary carbide 
with a wide range of existence but not inconsistent 
with the formula Ni,MgC,. Since the carbon content 
of the compound can vary from below 10 to above 
25 atomic per cent it is difficult to assign a typical 
value to x. The lattice constant varies between 3.72 
and 3.80 kX. 


nonmagnetic. 


Ni,MgC,, has a superstructure and is 


Cobalt—magnesium—carbon 


The addition of magnesium meets with considerable 
experimental difficulties. For this reason it was never 
possible to obtain anything better than a three-phase 
mixture of cobalt, nodular graphite and the double 
carbide which is again face-centered cubic and has the 
superstructure. The lattice constant in the 
phase range is 3.81 kX. By to the other 


double carbides the formula Co,MgC,, is assigned to 


three- 
analogy 
this compound. It was not isolated as a single phase, 


and therefore x is not known. The three-phase 
mixture shows only one well-defined Curie point at 
1050°C (cobalt—carbon solid solution), but the mag- 
netic effects associated with the cobalt transformation 
make it impossible to establish with certainty that the 


double carbide is nonmagnetic. 


Tron magnesium carbon 

It can be gathered from the work of Zwicker that 
no face-centered cubic double carbide forms in this 
svstem. The maximum amount of magnesium that 
Zwicker was able to dissolve was 0.9 per cent by 


Experiments by the authors produced only 


weight. 
Fe.( 
carbon alloys. 


when magnesium was added to eutectic iron 


CARBIDES OF TRANSITION 


double carbides 


“C.C. lattice 

constant of 
ransition 
element 


SUMMARY 
The six double carbides are listed together in ' 
A review of their characteristics follows. 
(1) Excepting Ni—Al-C, no 


compound of identical structure. 


system has a bi 


(2) The lattice of the double carbides is expanded 
as compared with the (hypothetical, except for nickel 


face-centered cubic lattice of the elements. The lattice 


constant increases from nickel to manganese in the 


aluminum compounds 


3) In the carbides with aluminum the lattice 


constant can be calculated with moderate success by 


summation of two binary effects: (a) influence of thi 


aluminum which forms an ordered structure T 


(T = transition metal), (b) expansion 
addition of interstitial carbon atoms 

Is extrapolated from the known lattic 
Ni,Al which is 1.7 


The addition of | 


lattice constants for 


per cent greater than 
elemental nickel 
face-centered cubic 
hypothetica 
Co,Al 


body-centered cubic Fe 


and manganese vields the 
stants for face-centered 


Mn, Al 


this can be 


since 
verified fo 


iron by adding 


the median atomic diameter of this ordet 
account for the increase in coordination 
For the effect of ¢ 
Ni,Al is expanded 0.03 kX 


addition of 5.8 


rl 
vot 


to 


atomic er cent carbon 


compares the measured lattice constants 
calculated in this mannet 
4) All six 


transition 


double carbides 


meta! B 
binary bounda 


magnesium, C carbon) the 


tems of which have the following characteristics 


> 


a) Strong affinity between B and C (water-so 


carbides). 


Fer 
Remar 
magnet 
3.86 3.66 Ve 
3.78 3.909 Ve 
3.69 3.54 \ 
3.61 N N \ 
3.81 3.54 Latt 
0.5—1.25 3.72-3.81 3.02 N 1 ef 
A 
| 
: 
— 
| 
5 
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(kX) 


N @ 


LATTICE CONSTANT 
re) 


Mn Fe Co Ni 


3. Calculated and measured lattice constants of 
aluminum double carbides. 


) Moderate affinity between T and B as evidenced 
by the existence of intermetallic compounds and 
ordered structures. 

c) Affinity between T and C. Tendency to form 
(noncubic) binary carbides increases from nickel 
to manganese. 

5) The ternary carbides have melting points that 
are close to those of the transition metals. 

6) These carbides exist over a range of compositions 
so that the values given for x do not represent the 
only possible ones). 


7) The carbides with nickel are nonmagnetic. 


DISCUSSION 

In the simplest analysis these carbides might be 
thought of as interstitial compounds of the type M,C, 
The ratios of metalloid-to- 
the 


where M is a metal atom. 
metal for the 
double carbides are at or slightly above the limit 


atomic diameters in aluminum 


of 0.59 given by Hagg’s rule.“”) The diameter ratios 


listed in Table 2 for a covalent carbon diameter 
[t follows that the size factor is not grossly 


unfavorable. even without the aluminum. 


The electronic nature of interstitial compounds is 


not well understood yet. It might be mentioned that 


Schubert,2 


on the basis of spatial correlation of 


lectrons. has argued that an electron concentration 


f 8 electrons per metal atom (counting the 3d and 


ts electrons of the transition metals) would stabilize 


’. Hage diameter ratio for elements and ordered 


aluminum compounds 


oldschmidt diameter Z 2.50 2.49 
Dia. ratio for elements 0.608 0.610 
Med. atomic dia. 
T,Al (Goldschm. dia. 2.6; 2.53 
of element plus 1.7% 


Diameter ratio for T,A] 


{ 
TO! 


0.60] 
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this structure. Actual values range from 9 for Ni,MgC 
to 7 for Mn, AIC, 

The following factors appear significant. Some of 
the T-B alloy systems form electron compounds 
(NiAl, CoAl, FeAl).“®) This tendency to form binary 
compounds accounts for the success in computing 
the lattice constants of the double carbides from those 
of ordered T,B, increased by the expansion from 
interstitially dissolved carbon. As shown empirically 
by for 


iron and discussed by Dehlinger,“® high electron 


substitutional solid solutions of 


absorption by the transition metals promotes the 


face-centered cubic structure. At the composition 


T,B the aluminum or magnesium would be unable 


to supply enough electrons but would be assisted by 
the interstitial carbon atoms, in general agreement 
with Dehlinger’s arguments. From this viewpoint 
must 


the 


it is also evident why the carbon content 


increase from nickel to manganese, because 


vacancies in the 3d shell increase in the same direction. 
The ferromagnetism in the manganese—aluminum 


carbide occurs in an ordered structure which, in 


contrast to Cu,MnAl, has no separation of the man- 


ganese atoms into isolated positions. Instead, each 


manganese atom has eight manganese neighbours. 


In view of the foregoing, it must be assumed that 
electron transfer is responsible for the ferromagnetism 


What the 


structure has is unknown. 


in this compound. significance ordered 
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d-SHELL INTERACTIONS AND THE B8(NiAs) STRUCTURE* 
A. J. CORNISH? 


The transition from NaCl structure to the NiAs structure is explained by the 
partially filled d-shells. This type of interaction leads to shortening of the distan 
having antiparallel net electron spins. d-Shell interaction increases as from one 
shell, this accounts for the decrease in the c/a ratio of the more ionic compounds 
structure. Further decreases in c/a ratio is due to metallic bonding which is not 
the d-shell is almost full. At low c/a ratios the transition from NiAs to the #-brass 
by the metallic character of the bond. 


INTERACTIONS DES COUCHES d ET L ‘URE BS8(NiAs 

L’auteur interpréte la transition de la structure du type NaCl a celle du type NiAs p 
directe des couches d partiellement remplies. Ce type d’interaction conduit a un raccor 
distances entre atomes ayant des électrons dont les spins sont anti-paralléles L’interaction 
d augmente lorsaue le nombre d’électrons dans la couche passe de un a cing, ce qui r 
diminution du rapport c/a dans les composés plus ioniques qui ont la structure BS(NiAs 
tion supplémentaire du rapport c/a est due & la liaison métallique qui ne se développe 
lorsque la couche d est presque complétement rempli Pour les faibles rapports « 


le passage de la structure NiAs & celle du laiton / par le caractére métallique 


d-SCHALEN-WECHSELWIRKUNG UND DIE BS8(NiAs)-STRI 

Der Ubergang von der NaCl- zur NiAs-Struktur wird durch die direkte Wecl 
gefiillter d-Schalen erklart. Diese Wechselwirkung fiihrt zur Ferkleinerung dé 
Atomen mit antiparallelem Gesamtelektronenspin. Zwischen 1 und 5 Elektr 
nimmt diese Wechselwirkung mit der Anzahl der d-Elektronen zu, was die Abnahr 
nisses c/a der mehr ionenartigen Verbindungen mit BS(NiAs)-Struktur erklart 
c/a ist durch die metallische Bindung bedingt, die nicht voll wirksam ist, 
nahezu aufgefiillt ist. Der Ubergang von der NiAs- zur /-Messing-Struktur bei klei 
c/a wird durch den metallischen Charakter der Bindung erklart. 


1. INTRODUCTION 


positions of Di, (C6/mm Two me 
The B8(NiAs)? structure occupies a unique position 


in (000) and (004), two metalloid 
in crystal chemistry. The structure is related on one re 


) and (#33 The metalloid ato 
hand to the Bl(NaCl) structure in which the bonding : 


sapak hexagonal close-packed type of stackin 
is predominately ionic and on the other hand to a aes 
. ratio varying from l. 


intermetallic compounds having the B2(CsCl) struc- 
Six metal atoms are arranged 


ture. Compounds having the B8(NiAs) structure have 
trigonal prism about each n 
properties ranging from ionic (hard, brittle, and poor 
compounds crystallizing in the 

conductors of heat and electricity) to metallic (soft 
: structures have a broad range 


and good conductors). This transition in bonding 
; more metallic phases achiev 


type results in a decrease in the c/a ratio of the pee » 3 
partially filling the 3) and 


crystal axis, and a decrease in nearest-neighbor ays 1: 
. additional metallic atoms givin 


distances. (Ni,In) structure. Compounds or phas« 
Over fifty compounds between the 3d, 4d and 5d Fe,Ge,. Cu.In and Fe.Sb. are formed by 
transition elements and the metalloid elements of a as 
groups III B(Ga,In) to VIB(S,Se,Te) crystallize with 
the BS8(NiAs) structure.“:;2) Similar related structures 
account for another fifty compounds. Fig. 1(c) shows 
the BS8(NiAs) structure. The structure possesses 


hexagonal symmetry with the atoms in the special 


Another series of phases, all having a 

(S.Se,Te) element as the metalloid atoms 

by emptying or partially emptying the meta site 
004) giving rise to the C6(CdI,) structure This 
process can be carried out without any abrupt 


changes in properties. Thus the transition from VS« 


* Received November 26, 1957. to VSey, TiTe to TiTe, and PdTe to PdTe, form a 


+ Westinghouse Research Laboratories, Pittsburgh 35, continuous transition from the BS(NiAs) to th 
Pennsylvania 
+ “Strukturbericht’’ symbols dl,) structure. 
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Fic. l(a) The cubie Bl(NaCl) unit cell with a |111] axis 
vertical. (b) Building block of the Bl(NaCl) structure. The 
top tetrahedron is rotated to a position of maximum separa- 
Bs(NiAs) unit 


spins. (d) 


tion ot (Cc) The hexagonal 
cell showing an antiferromagnetic alignment of 
Building block of the BS(NiAs) structure. 


yverriding a weaker ionic repulsion of the positive ion sites. 


positive 10n sites. 


Spm interaction 1s 


The top tetrahedron is rotated to allow closer approach of 


When the spins of the metal 
negative ton, a 
(e) The cubic 


atoms with antiparallel spins. 
atoms interact with the conduction band o1 
ferromagnetic alignment of spins is possible. 
B2(CsCl) or cell with a /111] axis vertical. 
lavers of crosshatched atoms are omitted as they lie on the 
bodv-ce adjacent (f) Building block of the 
B2(CsCl) structure Intermetallic compounds having this 


structure have negligible ionic contribution or spin orientation. 


}-brass unit Two 


nters of cubes. 


2. RELATIONSHIP BETWEEN THE BI1(NaCl) 
AND B8(NiAs) STRUCTURES 

The the Bl1(NaCl) 

Bs(NiAs) structures has Niggle 

3). This relationship is best observed 


relationship between and 


been shown by and 
Brandenberget 
by comparing the stacking of atoms along the c-axis 
in the hexagonal BS(NiAs) structure with the stacking 
B1(NaCl) structure. 


Both structures are built of alternate parallel layers 


along a [111] axis in the cubic 


of metal and nonmetal atoms. Each individual layer 
Ol plane contains atoms of one species arranged at the 
corners of an array of equilateral triangles—sometimes 
called hexagonal arrays. These equilateral triangles 
ire all identical, the only difference between the planes 
being whether the metal or nonmetal atom populates 
the plane and the relative position of equilateral 
triangles in the planes. 

Figs. l(a) 


and l(c) show two methods of stacking 
The Bl(NaCl) 


‘cubic symmetry is maintained where these arrays are 


equilateral triangular arrays. 


these 


stacked on three different sites and the ratio of the 


distance between parallel planes to the distance 


between atoms in the planes (sides of the equilateral 


triangles) is 0.408. In Fig. l(b) a portion of the 


Bi(NaCl) lattice. the building block. is removed to 
show the octahedral orientation of the positive ions 


about a negative ion. This orientation is preferred 


because second-nearest neighbors, in this case positive 


ions, repel each other. The only way these units can 


be packed is by cubic close packing. The negative 


ions, therefore, are in a face-centered cubic array 


which is cubic close packing. The positive ions, 


octahedrally co-ordinated about the negative ion, also 
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fall on face-centered cubic sites. If the positive-ion 
sites had a net attraction for each other, the orienta- 
tion shown in Fig. 1(b) would be less favored than one 
shown in Fig. 1(d). The orientation shown in Fig. 1(d). 
which is the building block of the BS(NiAs) structure, 
has the positive-ion sites occupying positions directly 
above each other and therefore nearer to each other 
than in Fig. l(b). It is suggested that in the BS(NiAs) 
structure a net attraction of the positive-ion sites 
the 
forming the shortest bonds between like sites in the 


twists top tetrahedron around to a_ position 


alternate planes above and below the planes of 


negative ions. The source of this attraction will be 
discussed in the next section. In actual crystals these 


sites represent the minimum-energy positions of the 


positive ions. The positive ions form the corners of a 


trigonal prism about the nonmetal atom. The units 
shown in Fig. 1(d) can only be stacked by hexagonal 
Nonmetal sites in the BS(NiAs) lattice 


are in a close hexagonal-like* array. 


close packing. 


The immediate result of the transition from cubic 
arrangement to the 
the first 


between positive ion (metallic) sites. 


hexagonal arrangement is a 
like nearest-neighbor distance 
When the c/a 


ratio is near 1.633 as in the case with MnTe, CrSe and 


decrease in 


FeSe, this is essentially the only difference between 
the 1.633 


downward. other changes in nearest-neighbor distances 


two structures. As the c/a varies from 


are observed. 


3. BONDING IN THE B8(NiAs) STRUCTURE 
It was pointed out in the previous section that the 
Bl(NaCl) to BS8(NiAs) 


explained by a net attraction between positive-ion 


transition from could be 
sites. The source of this attraction is related to the 
fact that all Bs(NiAs) type compounds contain 
d-shell transition The d-shell. 
contain up to ten electrons, fills up in such a manner 
that 
(Hund’s Rule). This means that the first five electrons 


metals. which can 


it always has the highest net electron spin 
to enter the d-shell enter with their spins parallel 
giving a maximum spin of five for the half-filled shell. 
The remaining five electrons enter antiparallel to the 
first five, the net spin reducing to zero for the filled 
shell. 
interact with each other.“ This type of interaction 
the 


observed in 


Partially filled d-shells of transition atoms 


leads to ferromagnetic and antiferromagnetic 


behavior many transition metal com- 
pounds. d-Shell interaction has been used to explain 
the structure of the vanadium and chromium groups 
of metals’) and also certain perovskites.“ The 


direct interaction between partially filled d-shells is 


* True hexagonal close packed only when c/a 1.633. 
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the interaction between s-electrons in 


forming the hydrogen molecule, antiparallel spins 


similar to 


form a bond. When only the interaction between 


adjacent partially filled d-shells is considered, a 
system is at minimum energy when neighbors with 
antiparallel spins are closer together than neighbors 
with parallel spins. The Bl(NaCl) structure does not 
giving parallel and 


assignment of spins 


Metal 


sites 


favor an 


antiparallel assignment. sites lie on a face- 


centered cubic array; all are equivalent; all 
neighbor metal sites are the same distance 
The B8(NiAs) structure allows antiparallel! 


alignment of spins since the metal atoms approach 


nearest 


apart.* 


each other more closely along the c-axis than in any 
other direction. Antiferromagnetism, the result of 
antiparallel electron spins, has been observed in MnTe, 
CrSb, and other B8(NiAs) type compounds. 

In some compounds, partially filled d-shells instead 
of interacting with each other interact with electrons 
in the conduction band or p-shell of the nonmetallic 
atoms. This type of interaction may allow parallel 
aligned d-shell spins and the resulting ferromagnetism. 
MnBi, MnAs and CrTe are examples of BS8(NiAs) 
compounds which are ferromagnetic. The parallel 
spin arrangement of the transition metals in the above 


ferromagnetic compounds favors a high c/a. Close 


approach of metallic sites along the c-axis is prevented 
MnBi 


phase change at 340°C with a loss of ferromagnetism. 


by antibonding parallel spins. undergoes a 
The c/a ratio drops from 1.43 to 1.37 while the volume 
of the unit cell remains the same. 

The B1(NaCl) structure is preferred for compounds 
where d-shell interaction is weak or nonexistent and 
where ionic attraction and repulsion stabilize the 
building block shown in Fig. 1(b). The oxides and a 
few sulfides and selenides of the 3d transition series 
are too ionic to allow d-shell orientation of the unit 
shown in Fig. 1(d). They crystallize in the B1(NaCl) 
structure. PbTe and SnTe are weakly ionic, they 
crystallize in the B1(NaC! 
have filled d-shells. 

As from one to five electrons fill the d-shells the 
The 


distance between metal atoms with antiparallel spins 


structure because they 


interaction between shells becomes stronger. 


(along C-axis) decreases. The distance between metal 


* A few crystals having metallic ion on face-centered sites 
exhibit antiferromagnetism. MnO and MnsSe, both having 
the Bl(NaCl) structure are examples. In these compounds 
the ionic repulsion of the manganese ions is too great to allow 
the BS(NiAs) orientation. interaction 
having more antiparallel nearest neighbors than parallel 
One way of achieving this in the Bl(NaCl) structure is to 
have spins of the manganese ion alternate along the [100 
Each atom will have four nearest neighbors with 


Spin is satisfied by 


cubic axis. 
spins parallel and eight with spins antiparallel.’ 


INTERACTIONS 


AND THE B8(NiAs STRUC' RE 


atoms with parallel spins (along a, or a, axis 


Both of the above interactions decrease the c/a 


As more than five electrons enter the d-shell 


| 


spin becomes less, the interaction weakens 


c/a ratio should increase 


Correlation of the filling of 


resulting decrease in c/a is difficult in real compound 


The ionic and metallic character of the 


change along with d-shell interaction 


decreases trom TiTe to CrTe increases fo! 
FeTe to NiTe. This 


that Cr in these compounds has a half-filled 


then decreases from 


the weakly electronegative Te being in a l \ 


state. The Mn in MnTe will have four unpaired d 


electrons, and this accounts for the increas 
From there on metallic bonding lowers the c/a 


The 


character was observed by 


with 
Nor bury 1S) 


compounds having the B8(NiAs) structur 


falling c/a ratio increasing 


compounds. 
pounds about five electron to atom ratios 
1.67. 


from 3.0 to In general 


ratio decreased as c/a decreased, or as the « 


became more metallic. 


4. RELATIONSHIP BETWEEN THE 
AND THE B2(CsCl) STRUCTURI 


The B2(CsCl) structure (Fig. le) occurs 
type crystals when the radius ratio R&R ,/R 


=o. 
It aisO 


to or greater than occu 


intermetallic phases including brass t 
compounds of Hume-Rothery The 
hbody-centered cube 1 Site having 
unlike neighbors arranged at the corne! 
from BS8(NiAs) to 62(Cs' 
NaCl) to BS8(NiAs 


however, ar 


The transition 
reverse of the Bl 
The 
together. Thi 


layers of atoms, 
ratio of the distanc 
atoms to the distance between 

0.204, half of 
Bl(NaCl) to 
the BS8(NiAs 


transition to 


what it 
Bs8(NiAs) 
structure 


B2(CsC vy rotation of 


exact 
tetrahedron without a change in ¢ o1 
Bs(NiAs 
B2(Cs( 


value of c/a observed for 
The building block of th 
l(e). 

Bs(NiAs 


metallic 


in Fig 


In the structure, as the \v 


decreases, the atoms approach 


along the ¢ axis. At values of c/a below 


metallic atoms have practically reached thei 


atomic distance in pure metals. In 


increas 


and 
d-shells with 
Howe Vel 
c/a ratio of the tellurides of the 3d transition m« 


Mn 


indicat 


He was able to group the known 


the electron to 


addition 


+} 


compound 


ith 


metal 


OmMmpounds 


B8&(NiAs) 


i 
alenc 
as electro 

| 

e 

The 

be 
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transition metals forming low c/a compounds nearly 
have full d-shells and therefore a minimum of d-shell 
The metalloid atoms for low c/a com- 
B(Ga_.In) [V B- 


Ge.Sn.Pb). their contribution to the metallic charac- 


interaction. 


pounds are from group and 
ter of the bond is becoming important. The ionicity 


The 


considerations plus the larger radius ratio all favor 


of these low c/a compounds is small. above 


the transition to the body-centered cubic structure 


which provides similar environments for the two 


metallic atoms. an increase in number of nearest 


neighbors and a more efficient packing of space. In 
the B2(CsCl) structure atoms are in contact along the 
111] axis: no further reduction in that direction can 


take place. 
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Grain boundary migration motivated by 
substructure in high purity metal crystals 
One important way in which lack of perfection is 

manifested in melt-grown crystals is in the formation 
of an boundaries 


array of low-angle dislocation 


during solidification.“’ These lineage or striation 
boundaries represent a significant portion of the 
dislocations which the crystal contains. The experi- 
this 


that a high-purity metal crystal containing this 


mental observations outlined in report show 
substructure will support grain-boundary migration. 
The striation substructure, which provides the driving 
force for grain-boundary migration, is removed by the 
passage of the grain boundary through the striated 
crystal. 

Single crystals, usually of approximately } in. 
square in cross-section by 3 in. in length, were grown 
The 


principal material used was zone-refined lead, the 


from the melt in a horizontal graphite boat. 


purity of which was estimated to be 99.999 per cent 
or greater. Some crystals were also grown using 
lead of this same initial purity to which was added 
various small amounts of tin. The speed of freezing 
used varied from 6 to 8 mm/min and the temperature 
gradient present in the liquid during freezing was 
During the later stages of 


approximately LO°C/cm. 


crystal growth, the remaining liquid was decanted 
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by rapidly separating the solid and liquid in order to 
for 
The absence of hexagonal 
the 


crystals grown using pure lead served to confirm both 


obtain a representative solid—liquid interface 
microscopic observation. 
cell structure® on such interfaces in case of 
the high purity of the material® and the absence of 
the accompanies cell 
Striation that non- 
straight and noncontinuous, as previously observed 
by Atwater ‘) the 
high-purity crystals. The structure of one of these 
the Berg—Barrett® X-ray 


photograph shown in Fig. 1. 


segregation of type which 


formation. boundaries were 


and Chalmers,‘ were found in 


crystals is illustrated by 


Large-angle grain boundaries were introduced into 
lead crystals of the type described above by plastic 
deformation of a small localized region of the sample. 
recrystallizes at tem- 


Lead of this high purity room 


) 


perature in at most 2 or 3 min to give new grains in 


the deformed region. On annealing at 300°C, one or 
two of the artificially nucleated grains produced in 
this way were observed to grow into the undeformed 
crystal. The rate of grain-boundary migration was 
in excess of | mm/min as a result of the driving force 
the This 


estimated to be approximately 2000 ergs/em*® from 


due to substructure. driving force was 


measurement of the orientation difference and spacing 


of the striation boundaries and from previous data 


Berg—Barrett photograph of striated substructure in a zone-refined lead crystal 
grown from the melt. 
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on boundary energies in lead.'® The addition of 
0.001 wt. °, tin to the high-purity lead reduced the 
rate of grain-boundary migration by a factor of at 
least 10, although X-ray observations showed that 
the striation structure was not substantially altered 
by the tin addition. In a crystal containing 0.015 
wt. °,, tin, no grain-boundary migration could be 
Growth of a new grain into a striated lead 


crystal is shown in Fig. 2. 


obtained. 


Samples through which a grain boundary had 
migrated were found to be free of striation structure 
as determined from X-ray back-reflection and Berg 


Barrett 


yhotographs and from etching techniques. 


Berg—Barrett photograph of a 


Fic. 3. 


contained substructure (asin Fig. 1), after being traversed by a grain boundary. 
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2. Macrophotograph showing growth of a new striation-free crystal into a striated crystal. 


Fig. 3 shows a Berg—Barrett photograph taken on 
a region of a high-purity lead crystal through which a 
grain boundary had migrated. This may be compared 
with Fig. 1 which shows the original structure prior 
to grain-boundary migration. 

that the striation structure, 


3arrett photograph of Fig.1, 


In order to confirm 
illustrated by the Berg 
does, in fact, provide the driving force for grain- 
boundary migration, an attempt was made to move 
a second grain boundary through a crystal formed by 
grain-boundary migration as described above and, 
the 
The failure of 


therefore, having a structure characterized by 


3erg—Barrett photograph of Fig. 3. 


region in a zone- refined lead crystal which initially 


10. 


9-f 
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the second boundary to move confirmed that the 


substructure driving force no longer existed or at 


least had been reduced to a value too small to support 


grain growth. 

This technique for the removal of substructure 
from high-purity metal single crystals has been 
Waterstrat of this 
Laboratory to zone-refined copper crystals grown by 
the Additional 


conducted by the authors on zone-refined tin and 


> 


successfully applied by R. W. 


Czochralski method. experiments 
aluminum indicated that grain-boundary migration 
may be induced by the substructure in melt-grown 
crystals of these metals also. 

the 


affected by annealing of the undeformed, striated 


Since striation structure is not measurably 


crystal for long periods just below the melting point, 
it should provide a suitable driving force for grain 


boundary mobility studies. A detailed report of this 


investigation, which is now in progress, will be 


published at a later date. 
RUTTER 
Aust 
General Electric Research Laboratory 
Schenectady, New York 
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Accommodation strains in martensite formation, 
and the use of a dilatation parameter 


Present crystallographic theories of martensite 


show that the combination of a suitable lattice in- 
variant strain with the lattice deformation can give a 
shape deformation which is an invariant plane strain." 
The whole of the volume change of the transformation 
is then produced as an expansion or contraction nor- 
Bowles 


assume, however, that part of the volume change may 


9) 


mal to the habit plane. and Mackenzie 
occur as a uniform small dilatation, and with the use 
of a single parameter, they are able to explain the 
experimental results for almost all known transforma- 
tions. The significance of this parameter is uncertain 
at present, and examination of the empirical values 
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Thus 


forms in steels, the volume change of the dilatation 


reveals some peculiarities. when martensite 
is in the opposite sense to the overall volume change 
of the transformation. so that the effect of the 


to the normal 


dilata 
of th 


transformation in 


tion is increase component 


invariant plane strain. In the 


titanium, the overall volume change is very close to 


zero,’ but the experimental results imply a dilatation 
which is compensated by a contraction normal to the 
habit plane. The existing theories do not specifically 
consider the effects of the constraints of the surround 


ing matrix on the formation of a martensite plat 


although the importance of these constraints 


recognized. Eshelby’ has recently shown 


calculate the strain energy in a constrained trans 


formation when the phases remain coherent, and his 


method may be used to investigate the possibility that 


these accommodation effects control the value of 


the dilatation parameter used by Bowles and Mac 
kenzie. 
Consider a martensite plate which is an oblate 


spheroid with a c. Let the unconstrained shape 
dilatation, A, 


to thi 


transformation consist of a uniform 


together with an expansion, §, normal habit 


plane, and a simple shear, s, on the habit plane; this 
corresponds to Bowles and Mackenzie’s assumption 
with their dilatation parameter, 6, given by 1/6° 


| A. 


the surrounding matrix. 


When the transformation is constrained by 


the strain energy may 


separated into the shear and non-shear components 
between which there is no interaction. For the 
part, the strain components 


are ef ¢ A 


hon 
shear 
1 
notation) 3 and ¢ 
The elliptic integrals determining the quantitic 
reduce to simple forms when c/a is 
strain energy per unit volume transformed, / 
The 


be evaluated. result is 


> 
ao) A* 


where mw is the shear modulus, and oa Poisson's ratio 


The 


energy due to a dilatation A alone 


first term represents the shape independ 


the second ter! 


the energy due to the uniaxia 


the third 


expansion alon 


term may be regarded as 


energy. 

Since A E O| 
transformation, £, is a 
For the constrained shear 


( hal 
only o! A 


strain ¢ nergy 


the fixed volum« 
function 
the 
volume of plate is given by Eshelby’s equati 


which may be written in the form 


377 
= 
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s(A) is fixed by the 
crystallography of the transformation and the value of 
A. The total strain energy is E,=—E E,. If 
c/a is a free variable, a minimum energy £, ~ 0 is 
obtained by putting A 
Both the shear and normal components of an 


where the amount of shear s 


0 and allowing c/a to tend to 
zero. 
invariant plane strain may thus be accommodated 
easily in the matrix if the plate is sufficiently thin, as is 
physically obvious. 

In practice, c/a cannot be reduced indefinitely 
because (1) in the nucleation stage, the energy of the 
coherent interface must also be considered, and this 
increases as c/a decreases. and (2) there will be a 
maximum value of a for a macroscopic plate, set by 
the grain size, or the spacing of some internal obstacle. 
Growth of a large plate thus ultimately implies 
thickening, and the consequent steep rise in FE, will 
lead to rapid cessation of growth at fixed temperature. 
if the 


accommodation is almost entirely elastic, but once 


This gives thermo-elastic martensite matrix 
some irreversible slip has occurred, further transforma- 
tion must involve the nucleation of new plates. 

For the nucleation problem, there will be a critical 
saddle point energy in the total free energy field at 
some fixed value of c/a. When nucleation is assisted 
by thermal agitation, it is thus important to minimise 
E. at fixed c/a, and this condition may largely deter- 
effective habit plane. If the 
constant, a minimum £, is obtained at a A/dV ratio 
found by setting (0#,/dA) = 0. 
duction in energy is very small, since it appears that 


A E, in 


mine the shear s is 


However, this re- 


when known transformations. 
Typical values for steels (OV x 0.05, s ~ 0.18) give 
E, ~ 125 cal/mole if A 
A 0 and c/a 
E, is 275 cal/mole for the same c/a ratio, which has 
that E, 


estimate E. 


OV and E, ~ 25 cal/mole if 


0.07. The corresponding value of 


been chosen SO 


E, corresponds to the 


thermodynamic ~ 290 cal/mole. If 


AR 
than that corresponding to A 


0.05 0V,a minimum value of £, slightly smaller 
0 is obtained, but this 
reduction clearly has an almost negligible effect on E,. 
that E 


when A is relatively large, but is 


The figures show makes an appreciable 
contribution to # 
unimportant when A does not exceed 0.01. There is 
thus no reason to assume that A and dV must have 
the same sign. 


The magnitude of £, implies that the variation of s 


with A may be a decisive factor. In one wide class of 


transformations,"®) s is given by 
2) 


where 7; are the principal strains of the lattice trans- 


formation. This corresponds to the formation of steel 
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martensites when =, > 1 and + < 2. 
The shear has a maximum value at some dilatation 
6 < 1 for steels, and has minimum values at 6 
(s = 0), and 6? 


real value for 0. 


l 4 
No"). which is the maximum 


When 0 - 
does not occur until large positive values of A are 


1, the lowering of energy 


reached, and the increase in #, then becomes larger 
than the decrease in £,; it is also difficult to see how 
The 


1) is quite 


the interface could remain coherent with large A. 
reduction in energy with increasing 0 (0 
rapid, and provides a reasonable explanation for the 


sign of the empirical A. With typical lattice para- 


meters, a reduction of about 20 per cent in £, is 


9 
changing from 6 1 to the maximum 
1.013. 


in order to reduce E,, the actual values of 6 needed to 


obtained by 
value Omax * If the dilatation occurs mainly 
explain the results should not differ greatly from those 
needed to minimize alone. Bowles and Mackenzie's 
fact, that = 0 


carbon steels with less than 1.4% C, 


results suggest, in max or plain 


but 


than this for alloy and high carbon steels. 


is smaller 
This 
difference accounts for the more limited success of the 
Wechsler—Lieberman—Read theory‘® (applicable when 
A 0), but the reasons for it are rather obscure. 
The that 
energy is constant, so that at fixed c/a it is required to 


above discussion assumes the surface 


minimize E£,. However, the interface is only macro- 
scopically invariant, and it is probable that the energy 
of this interface is determined largely by the number 
the lattice 
Any variation of the magnitude of this shear 


of dislocations required for invariant 
shear. 
with change of 6 may thus be important. For steels, 
the lattice 
from unity, reaching the maximum possible value of 
It follows that 


the surface energy increases as F£, decreases, and the 


invariant shear increases as 0 increases 


half the twinning shear when 0 = 0,,ax- 
smaller values of 6 found for alloy steels may imply a 
greater relative influence of the surface energy term. 
The other main group of transformations (b.c.c. to 
orthorhombic) is more difficult to analyse. Although 
the crystallography permits a type of transformation 
in which the above equation for s? still holds, Bowles 
and Mackenzie have shown that the experimental 
results agree better with an alternative assumption 
(class A in their paper, group II in Christian™). For 
many of these transformations, 6 ~ 1, but in the case 
of titanium, which has a very small net increase of 
volume during the cooling transformation, 6 = 0.993. 
An even smaller value of 6 is required to explain the 


) 


zirconium results.) Explicit algebraic expressions 


for s have not been derived: numerical calculations 
show that the macroscopic shear for titanium is 


rather insensitive to 0, but is actually increased slightly 


TO 
by having 6 < 1. The lattice invariant shear, how- 
ever, is ~0.2 of the twinning shear for 6 1, and 
~).08 of the twinning shear for 6 = 0.99.) It thus 
appears that the reduction in surface energy caused 
by the dilatation may be greater than the increase in 
accommodation strain energy. 

The above results provide some justification for the 
use of a dilatation parameter in constrained trans- 
Detailed for the 


general assumption of two unequal length changes it 


formations. calculations more 
the habit plane have not been made, but it is not 
improbable that in the approximations of isotropic 
minimum 
This 


interpretation in terms of accommodation strains and 


elasticity and oblate spheroidal particles, 


energy corresponds to equal length changes. 


interface energy also avoids the difficulty of assuming 
Frank, 


total 


a negative Poisson’s ratio, mentioned by 


since the controlling condition is a minimum 


energy, and not a matching in one atomic direction. 


I should like to thank Dr. J.D. Eshelby for checking 


the calculations and for helpful comments, and to 


Prof. W. Hume-Rothery, F.R.S., for his interest. 
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Quenched-in vacancies and rate of formation of 
zones in aluminum alloys 


An interesting and not yet well understood charac- 
teristic of ‘“‘zones’’ in the sense given recently to this 


term (see for instance Guinier™)*), and which form in 


preprecipitation” in many quenched aluminum alloys, 


is their relatively very high rate of formation which 


* A ‘*zone” is a solute-rich and matrix-coherent cluster 
which can influence mechanical or physical characteristics 
and produce certain diffraction effects. The form and di 
mension of zones are related to composition and aging tem 
perature; the Guinier—Preston zones of Al—Cu alloys are the 


best known example. 


THE EDITOR 
takes place at room or lower temperature with a very 
low activation energy. In Al—Cu alloys for instance 


it has been shown that the rate of formation at room 
temperature is about 107 times higher than the extra 
polated one from the high temperature diffusion 
coefficient,*) and the 
0.44 0.1 eV:™ in the Al-Ag 
the rate of diffusion at £5 ( 


is about 0.5 () e\ 


activation energy 1s about 


alloys, the increase in 
is reported 


and the activation 


energy 


Several mechanisms, briefly reviewed recently 


have been advanced to explain these anomalous rates 
Among 


Seitz 


of diffusion. these very suggestive uppears 
to 


How 


the hypothesis ot that it might be 


an excess of vacancies, frozen-in by quencnil 
ever as a very important alternative 


by Turnbull.“ one could think that 


might simply drain to zones by diffusion alor 


dislocation channels; this condition of ghame 


general only a very sma 


reputed necessary as In 


solute fraction lies along dislocations Fisher and 


Hollomon reported some justification for this gliding 
The object of this note is to call attention that now 


we have much experimental! evidence favoring la 


general way, the hypothesis of quenched-in vacancies 


conside red having some 


This hypothesis can be 


g necessaryconditions 


foundations only if all the followir 


take place: (1) in aluminum and aluminum allo 


normal bulk diffusion depends largely on va 


”) a large fraction of the high ten perature va 


can be frozen-in by quenching 3) at room ¢ 


temperature vacancies conserve mobility 


diffusion +) the activation energy for zone 


by this mechanism should give results o 


order as the « xperime ntal values. that 


e\ 


quenched-in vacancies, should be of thi 


5) the increase of diffusion coefficier 


USL 


of magnitude, as previ 
of diffusion during the anne 
quenched vacancies should be suf 


clustering 7) the excess of 


not annealed out immediately 


speed 


manently trapped) so that the 


as observed i 


be kept high for a long tims 
such as in Al—Cu alloys 
We note that point 


neeas no Col 


however, should be 
because it 1s based Or 
ficient (extrapolated 
dimension of zones which are 
+ T. P. Hoar had 
J. Inst. Met. 73, 781 
theory of precipitation. Thi 
diffusion, was 


of Metals | 


previously 
1947)| 

: possibility 
cies, to consid 
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currently accepted for f.c.c. metals."® The possibility 
of quenching-in thermally generated vacancies has 
been proved recently in several ways in pure aluminum 
by means of mechanical testing,” internal friction 
measurements”? and by means of resistivity measure- 
1) the fraction of quenched-in vacancies is 
(15,17) 


ments: 
really near unity for small, water quenched 
samples | point (2)]. Mobility of vacancies has been 
found to be very large at room temperature and yet 
appreciable at 60°C, especially if the quenching 
temperature is high,“” in agreement with point (3). 
Probably during the quenching or during the anneal- 
ing out, vacancies couple together in dependence on 
initial concentration, so a definite activation energy 
cannot be observed (values in the range 0.3—0.55 eV 
have been reported); however a value of 0.45 eV can 
be estimated as a mean value (probably of vacancies 
and divacancies) and this is in agreement, as previously 


DeSorbo the 


(16) 


observed by and Turnbull, with 
values of point (4) and also with the activation energy 
observed in strain-aging of some aluminum alloys,“® 
in which solute atoms should reach dislocations by 


Now 


rate of 


means of vacancies generated in cold working. 
the the 


diffusion due to the quenched-in vacancies; 


we have to calculate increase in 
this is 


simply given by the ratio r of the concentration of 


vacancies at the quenching temperature 7', and at the 
530°C and 


assuming 7',, 


aging temperature T se 
accepting the value 0.76 eV{%5-1) for the energy of 
20°C. 


due tothe 


formation ot vacancies we have at i { 
2-108 and at , 45°C, r 12-10: 
crudeness of experimental data and to the fact that the 


actual rates can be greatly increased when the excess 


of vacancies tends to form aggregates, as divacancies, 


we can conclude that the increase in the rate of 


diffusion can be of the correct order of magnitude 


Of course we can have this increase only 
the beginning, after quenching, as vacancies will 


‘nd in general to anneal out: if we select the less 
favorable hypothesis that vacancies anneal out as in 
pure aluminum (in fact the recovery of vacancies can 
much slower in alloys, as shown in next point) and 
10~4 for the 


108 for the number 


assume the generally accepted values ¢ 
concentration of vacancies and n 
makes before reaching a sink, it 


of moves a vacancy 


’) a diffusion length 


can be deduced, following Lomer,"! 
about 


justify the zone formation, in agreement with point 


85 atomic distances which is sufficient to 


6). Finally we have to note that it is generally accepted 
that vacancies can be trapped, more or less temporary, 


by solute atoms) and by their clusters: unfortu- 


nately we have at present very few experimental data 
the 


on this point in aluminum®! but if we admit 
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possibility of interaction between vacancies and solute 
atoms, we can have (apart from an increase in the 
the of diffusion) a 
much longer time than in pure aluminum* for the 


obviously concentration and the nature of alloying 


value of n and so in amount 


annealing out of vacancies in alloys [point ( 


some 


that is, 


elements will influence this time and in case 


it could become very large or infinite, 
vacancies could be trapped permanently: in this 
last case of course, preprecipitation will stop only 
when the driving energy for clustering decreases and 
not by a lowering of the diffusion coefficient. 

All the reported conditions therefore can remain 
fulfilled. 


remember two well known facts which are in agree- 


In addition to these points we have to 


ment, as reported by Guinier [see discussion of (7)], 
the 
first is the effect of quenching rate: the higher the 


with the hypothesis of quenched-in vacancies; 


the higher the quenched concen- 
the 


found: 


quenching rate, 


rate of zone 
the 


retrogression phenomenon (for Al-Cu 4 per cent 


higher the 
the 


tration of vacancies, 


formation as actually second is 
alloy, a short annealing at 200°C): after it solute 
atoms are dispersed as after quenching but the 
new rate of formation of zones is now very slow: 
this fact can be interpreted as due to a rapid annealing 
out of the 


which is relatively high. 


vacancies at retrogression temperature 

Another fact we can deduce from the hypothesis of 
vacancies is an effect of quenching temperature: if we 
select all quenching temperatures above the solvus line, 
we should expect an increase in the rate of diffusion 
the higher the quenching temperature, due to the 
increase of quenched vacancies. Graf has found 
this effect in Al-Zn alloys.'?) 

It should be observed, that these three last facts 
cannot be so easily explained by the hypothesis of 
moving dislocations channels. 

From the preceding discussion we can conclude 
therefore, that there is satisfactory experimental evi- 
dence for a role of quenched-in vacancies in increasing 
the rate of diffusion and in lowering the activation 
energy in preprecipitation in aluminum alloys; in a 
general way the hypothesis of quenched-in vacancies 
is able to explain all the experimental facts and there- 
fore there should be no need, a priori, to introduce 
other hypotheses. Obviously to be fully accepted the 
hypothesis should be tested with the properties of the 


different alloys to clarify the details of the process (as 


* In pure aluminum the time for annealing out of vacancies 
depends largely upon the quenching temperature and upon 
13,17) however it 


density ot dislocations; is about some hours 


at room temperature. 


} 
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the kinetic law of preprecipitation, the influence of 
interaction energy between vacancies and solute atoms 
and so on) and while all details of the process are not 
completely understood, substantial contributions of 
other mechanisms cannot be discarded; for instance 
the hypothesis may be suggested that in some case 
vacancies could transport solute atoms to dislocations, 
which could then act as channels for easy diffusion; 
this co-operation between vacancies and dislocations 
could relieve the necessity for gliding of dislocations. 

The Prof. C 
Director of Istituto Sperimentale dei Metalli Leggeri, 


author wishes to thank Panseri., 


and Prof. F. Gatto for many stimulating discussions, 
and Prof. A. Guinier for many useful criticisms and 


comments. 
T. FEDERIGHI 
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On the formation of etch pits at dislocations 


No impurity segregation 
Three mechanisms have been proposed to ¢ Xpiain 
the generation of etch pits at dislocations along which 
there is no impurity segregation (“‘clean”’ dislocations) 
(1) the 
sufficiently large 


core of a dislocation becomes unstabl 


undersaturations and can open up 


to form a pit; (2) The spacing between spiral turns 


of a screw dislocation becomes very small at large 


undersaturations; (3) Nucleation of steps for dis 
solution of close packed surfaces occurs more fre 
quently at dislocations. Etch pits which result from 
these 


index 


three causes should only be found on low 


crystal faces. because the mechanisms al] 


involve the formation and motion of lattic« steps 


over close packed surtaces while on high index faces 
removal of atoms can occur at any point 


and 
the 


Cabrera™) and Cabrera Levine’) have 


equations for calculating undersaturations 


which etch pits can be formed by these three 


For 


aqueous solutions near room temperature thi 


mechanisms. dissolution of most materials into 


under 


saturations required for pitting are very large. For 


example, for silver the calculated undersaturation 


required is of the 


Now 


ordet 


silver and most other metals. as 


materials of interest, are observ: 


rapidly into aqueous solutions at room 


when the undersaturation is much smalle1 
for example 10-* V Because of the ne 


diffusing dissolved material away fron 


the undersaturations 


very large 
maintained and et 


believe that it is 


cannot be 
formed. 


that dislocation etch pits have not been pi 


h pits 
tol this 
metals without prior segregation of impurities 
dislocation. 

The 


undersaturation required for etch pit formatio 


crystal parameters whicl aetermin 


the surface and the shear modulus 
surface energy and a large sheat 
These 
crystals, and etch pits have 


LiF,® NaCl, CaF,,© K¢ 


energy 
modulus fa 
formation conditions often occu 
been produced 
dislocations in 
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The probability of etch pit formation at clean 


dislocations can be increased by the adsorption on 


the crystal surface of some substance from the cor- 


the formation of a 


reaction product. Both adsorption and film formation 


rosive solution or by 
increase the tendency for dislocation etch pit forma- 


tion by lowering the surface energy, thus de- 
creasing the energy barrier to the nucleation of new 
layers, and decreasing the rate of solution for a 
given undersaturation, thus making it possible to 
achieve larger supersaturations at the crystal surface. 
Ferric ion, necessary for etch pit formation in lithium 
adsorbed on the crystal 


fluoride, probably is 


surface.‘”) Oxide films are formed by the solutions 


used to produce etch pits in germanium and silicon.‘ 
Techniques for producing etch pits at clean dis- 
will probably involve 


locations in metals 


adsorption or film formation. 


Impurity segregation present 

Ifa crystal contains an impurity which can segregate 
at the dislocation the etching behavior can be radically 
different from that of a pure crystal. The major effect 
in ionic crystals is probably the reduction of elastic 
and core energy of the dislocation which accompanies 
segregation. Thus the tendency to form dislocation 
etch pits should decrease if segregation occurs; such 
effects 
crystals and with MgO crystals.® 


have been observed with lithium fluoride 


When the crystal is a substance such as a metal 


which dissolves by forming only positive ions the 
often to 


rather than reduce the tendency for the formation 


effect of impurity segregation is enhance 
of dislocation etch pits. There are probably two 
this First. 


segregation may result in electrical potential differ- 


main reasons for behavior. impurity 
ences at the crystal—solution interface which could 
cause a more rapid dissolution at the dislocation. 
These electrical potential differences arise because of 
the different rates of various electrochemical reactions, 
such as solution of the crystal or the liberation of 
hydrogen, at different areas of the surface. Second, 
when a film of reaction product is present on the 
surface during dissolution the impurity may increase 
dissolution at the dislocation by locally increasing 


the conductivity of the film or altering its structure 


ALLURGICA, 


film of 


either 
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so that it dissolves more readily. Most metals have a 
strong tendency to form oxides, and reaction films 
are often present during corrosion. Hence for metals 
the major influence of impurities probably results 
from changes in the conductivity or structure of a 
film of reaction product. 

For the class of materials which dissolves as positive 
ions there is an important difference between the 
etching behavior of pure crystals and crystals con- 
taining impurities which segregate at dislocations. 
With pure crystals it is usually possible to observe 
etch pits only on a low index face, while with impure 
crystals dislocation etch pits can occur on any surface 
of the crystal. The reason for this behavior is that 
the impurity effects discussed above may cause large 
differences in solution rate at dislocations on an 
arbitrary crystal surface as well as on a low index face. 
An excellent example is provided by silicon iron con- 
taining carbon. Dissolution is so much more rapid at 
dislocations that pits which are several times as deep 
as they are wide are produced on surfaces of arbitrary 
orientation.” It is even possible to produce etch 
grooves along dislocations parallel to the surface;7 
presumably before etching the dislocation was a 
small distance underneath the surface. 
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DILUTE SOLUTIONS IN MOLTEN METALS AND ALLOYS* 
C. B. ALCOCK and F. D. RICHARDSON+ 


Measurements have been made of the activity coefficients of sulphur in molten copper and in binar 
alloys of copper with gold, silicon, platinum, cobalt, iron and nickel at temperatures between 1100° and 
1500°C. The results indicate that the thermodynamic properties of the dissolved sulphur either in elemen 
tary metals or in alloys, cannot be explained solely on the basis of the electron chemical potential of the 
metals or the corresponding electron : atom ratio. A chemical approach has therefore been devs 
this leads to a qualitative relation between the activity coefficients of sulphur in elementary metals 
the stabilities of the metal sulphides. It leads to a semi-quantitative relation between the effe: 
alloying element at high dilution on the activity coefficient of sulphur at low concentrations. The 
a function of the activity coefficients of sulphur in the two elementary metals and the activity 
of the alloying element. This relationship has been further developed to apply at high concentration 
an alloying element and tested with success on a variety of ternary systems. It follow 
suggested by Darken on purely thermodynamic grounds, that the integral free energ 
binary system can be determined within about 1 kcal by experiments of the type rep¢ 


SOLUTIONS DILUEES DANS LES METAUX ET ALLIAGES FONDI 
Les auteurs ont effectué des mesures des coefficients d’activation du soufre dans k 

dans des alliages binaires de cuivre et d'or, silicium, platine, cobalt, fer et nickel a des 
comprises entre 1100°C et 1500°C. Les résultats montrent que les propriétés thermo-dynai iques du 
soufre dissous dans les métaux ou les alliages ne peuvent s’expliquer uniquement sur la base du potenti 
chimique électronique des métaux ou du rapport correspondant électron/atome. Leé irs développent 
une interprétation chimique qui conduit & une relation qualitative entre les co 
soufre dans les métaux et les stabilités des sulfures métalliques. Elle conduit « 
semi-quantitative entre l’effet d’un élément d’alliage ajouté a faible teneur sur k 
soufre aux faibles concentrations. Cette fonction fait intervenir les coefficients d’ac 
les deux métaux et celui de l’élément d alliage Les auteurs ont dév Lloppe cette 1 
aux concentrations élevées d’un élément d’alliage et ont contrélé avee suc 
systemes ternaires. Il s’en suit, comme Darken l’avait suggéré antérieurem¢ 
tions thermodynamiques, que lénergie libre intégrale de mélange d'un stén 
minée avec une erreur de l’ordre de 1 keal par des essais de méme nat 


article. 


VERDUNNTE LOSUNGEN IN METALL LEGIERUNGSSCHMELZEN 
Die Aktivitatskoeffizienten von Schwefel in S« 
mit Gold, Silizium, Platin, Kobalt, Eisen und Nick 
1500°C gemessen. Aus den Ergebnissen geht hervor 
gelésten Schwefels in unlegierten Metallen und in Legierung*: 


chemischen Potentiale der Metalle oder der entsprechenden Elek 


werden kénnen. Eine infolgedessen eingefiihrte chemische Behandlu 


Beziehung zwischen den Aktivitaétskoeffizienten von Schwefé 
Stabilitat der entsprechenden Metallsulfid Es folgt 
Einfluss eines stark verdiinnt vorliegenden Legierung 
geringer Konzentration vorhandenen Schwefels. Dieser Einfl 
zienten des Schwefels in den beiden reinen Metallen und des 
elements. Dieser Zusammenhang wurde im Hinblick auf die V« 
Konzentration weiter-entwickelt und mit Erfolg an einer Reihe 
ergibt sich, dass entsprechend dem friiheren, allein auf therm« 
Vorschlag von Darken, die integrale freie Mischungsenergie eines 
durch Experimente der hier behandelten Art bestim: 


INTRODUCTION surroundings.“) Himmler, 
Attempts have been made to account for the ! d the following equatior 


. . . tial, uw, of one component 
thermodynamic properties of solutes in alloys in terms 


an ion in the alloy with 


u( X) x4 Zu (electron 


of the interactions of free electrons and ions with their 


* Received October 24, 1957. 
+t Nuffield Research Group in Extraction 
Imperial College, Prince Consort Road, London. amounts in solid coppet allovs (containin 


Metallurgy, 4m treating the case of hydrogen dissolved 


uy 
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10 at. per cent of alloying element), he has shown that 
the results can be accounted for qualitatively in terms 
of changes in the chemical potential of the free 
alone. He that the chemical 


electrons assumed 


potential of the free electrons increased as the ratio of 


free electrons to atoms in the alloy increased, and that 
the chemical potential of hydrogen, which is supposed 
to dissolve as protons and free electrons, should be 
higher the higher the chemical potential of the free 
electrons for a fixed hydrogen content of the alloy. 
Himmler also found that he could account qualitatively 
for Sievert’s measurements of the solubility of 
hydrogen in molten copper alloys, if he assumed in 
addition that the free electron : atom ratio varied in 
liquid mixtures in the same qualitative manner as in 
such as_ nickel 


the corresponding solids. Elements 


and platinum which decrease the electron : atom ratio 
when added to copper, increase the hydrogen solu- 
bility and so decrease its activity coefficient: zinc, 
aluminium and tin which increase this ratio have the 
reverse effect.) Silver and gold have no effect either 


on the electron: atom ratio or on the hydrogen 
activity coefficient. Unfortunately it is not possible to 
test this simplified approach in the case of various 
QO, etc. 


have been studied in fair detail because the electron : 


ternary iron alloys, such as Fe + Cr which 
atom ratios for such mixtures are unknown. Neglect 
of the chemical potential of the ions has already been 
shown by Wagner‘ to be unacceptable in the case 
of some ternary systems. The experiments reported 
here were made with molten copper alloys including 
but 


Was 


some of those used by Himmler and Sieverts, 


sulphur was substituted for hydrogen. It 
thought that sulphur would be less of a special case 
than hydrogen, and it has the advantage of being a 
more attractive solute to use for experiments at high 
temperatures. 

The method for measuring the effect of an alloying 
element on the activity coefficient of sulphur was to 
bring beads of alloy into equilibrium with a controlled 
mixture of H, and H,S. The equilibrium attained can 


be represented by the equation 


where [S| represents sulphur dissolved in the alloy. 
The activity of sulphur in the alloy is given by the 
equation 


p(H.S) 
p(H,) 
where K is the equilibrium constant. Henry’s Law is 
obeyed by sulphur at low concentrations in molten 


copper and copper alloys, so that if beads of copper 
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and of alloy are brought into equilibrium with the 
same gas atmosphere at the same temperature 
in Cu] 


in alloy] 


y[S in alloy] 
y[S in Cu] 
where D is the distribution ratio. 


EXPERIMENTAL 


Apparatus and procedure 

The apparatus, which is shown in Fig. 1, was so 
designed that several metal or alloy beads could be 
brought simultaneously to equilibrium with a con- 
trolled and circulating H,/H,S atmosphere. The beads 
(A) 
alumina powder and were heated in an alumina 
tube (B) (Morgan A RR 13 
with a A RR “gutter” on which the tray could run 


during introduction and removal of the specimens. 


were carried on an alumina tray lined with 


in. bore): this was lined 


The tube was heated in a platinum-resistance furnace 
Kent Multelec Controller to 
temperature (+-1:5°C) 


(Fl) controlled by a 
The 
within the alumina tube was 2 in. long. 


zone of even 


The alumina tube and the entire gas control system 
attached to it were vacuum tight, and so arranged 
that they could be filled or flushed with oxygen-free 
hydrogen or nitrogen, and also completely evacuated. 
The gases were circulated over the beads as required 
by means of the all-glass pump (C). Also included in 
the gas-circulating system was apparatus for drying 
and analysing the gas and for measuring the flow 
rate and total pressure of the gas phase. 


The H,S was introduced into the circulating 


Apparatus for the equilibrium experiments. 
Metal beads in alumina tray. 
ARR recrystallized alumina tube. 
Gas circulating pump. 
Drying tube containing anhydrone. 
Flowmeter 
Platinum resistance furnace. 
Furnace for controlling gas mixture. 
Thermocouples. 
Entrances for H, and N,. 
Analysis volume. 
Vacuum pump. 


H.S S]-+ H, K J 
Fic. l. 

A 

B 

C 

D 

E 

FI 

F2 

G 

H 

J 
K 
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hydrogen from a solution of sulphur (up to 1 wt. per 
cent) in liquid copper heated in a separate furnace (F2) 
and maintained at 1200°C (+-3°C). 


the H,/H,S mixture was circulated over the beads at a 


In all experiments 


flow rate of about 500 cm? (STP) per min because 
previous work had shown that this speed was sufficient 
thermal segregation in the 


to prevent measurable 


mixture. 


Materials 

The copper was better than 99-99 per cent pure. The 
other metals, cobalt, nickel, iron, gold and platinum 
were better than 99-9 per cent. 


Preparation and loading of the beads 

Each alloy bead of about 0-9 g was made by 
weighing out suitable pieces of the pure metals and 
placing them in close contact in one of the depressions 
formed in the “Analar’’ alumina powder which half 
filled the alumina tray. The pieces always melted 
together to form an alloy bead and, due to the high 
surface tensions, there was no tendency for one bead 
to run into another or to sink through the alumina 
powder. After an experiment, each bead could be 
easily lifted from the powder, and any adhering 
The beads 


on the tray were pushed slowly into the furnace at the 


alumina removed with a camel hair brush. 


commencement of each experiment, and pulled out 


quickly at the end. At these times a fast stream of 


nitrogen was swept through the apparatus so as to 
prevent any ingress of air and consequent oxidation of 


the beads. 


Time to reach equilibrium 

Equilibrium between gas and metal was reached in 
about 5 hr. To prove this, radioactive sulphur was 
introduced into the copper solution controlling the 


H.S pressure, and the partial pressure of H,S in the 


circulating gases was then measured continuously by 
The counter 
that the 


means of an end-window G.M. counter. 


was so disposed in the apparatus 
composition of the gas could be measured as it left 
either the controlling copper solution or the equili- 
bration furnace. It was assumed that when the H,S 
pressure was the same in both parts of the apparatus, 
the beads had ceased to take up sulphur and equili- 
brium had 


convenient to do the experiments overnight than for 


therefore been reached. It was more 


5 or 6 hr, so all of the results reported here came from 
experiments of more than 14 hr duration. 


Analysis of the beads for sulphur 


Pure copper, copper + platinum and copper 


gold beads were analysed by combustion in CQ,, 
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following Fincham and Richardson.) It was found 


that SO, evolution was very slow with this method 


for alloys of copper with nickel, iron, cobalt and 


silicon, so oxygen combustion was used in the dete 
With 


beads rich in nickel and cobalt, the analysis was 


mination of the sulphur contents in these cases. 


facilitated by w rapping them in tin foil. 

The accuracy of the analyses was about +-2 per cent 
This was established by analyses of samples of copper 
These 
standardizations confirmed the quantitative nature of 
in CQ, and 


(1-05) for the analyses where oxygen was used 


and iron containing known amounts of sulphur 


combustion fixed the correction factor* 


Alloy composition after an experiment 

Except when silver or manganese were present, the 
beads lost from 1 to 10 mg each, during an experiment 
this being a small fraction of the total weight of 900 


mg. The loss was attributed to volatilization of copper 


which has a much higher vapour-pressure than any of 
the other elements used in the successful experiments 
on this assumption the final composition of each bead 


was calculated. 


The error on the sulphur contents of both th 


copper and the alloy beads was 2 per cent 

error on the final composition of the beads w 
0-2 mg and the weight of even the dilute con 

ot any bead was never less than 40 mg. The 


loss during an experiment (never more than 101 


a lg bead) could in all cases be attribute 


to volatilization of copper so the final com} 


could be accurately calculated. The temperatur 


ind 


including both thermocouple erro! 


fluctuations, was not more than 3° As « 


3 the effect of a 200°C change in the 


from Fig. 


perature only altered D by at most 15 per cent 


temperature error had a negligible eftec n tne 


iccoun}l 


The main sources of error reasonably 


ty pical scatter in the results shown in Fig. 2 


deviation 0-10 


Syste ms not ame nable to this techniaq 


Some experiments were made with coppet 


ganese and coppel Slivel alloys at L150°( 


} 


chemical analyses of the beads after the expe 


showed that the losses of manganese and si 


account of their high vapour-pressures) were 
for the beads to have come satisfactorily to equili 


Copper aluminium beads were found 


* Arising from formation of so1 
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0-02 0-03 0:04 0-05 0-06 0-07 


at. fraction of Co 


Fig. 2. Graph showing scatter of D values 


obtained for liquid mixtures of copper and cobalt at 1200°C. 


covered with a feathery layer of Al,S, on removal from 
the furnace, even with 2 at. 
This 
stability of Al,S,'° which makes measurements by 
Al system. 


per cent of aluminium 


in the original alloy. was due to the great 


this method unprofitable for the Cu 


After an attempted measurement of the effect of 


silicon on the activity coefticient of sulphur at 1400°C, 
a thick yellow deposit was found at the cold end of the 
furnace tube: this soon smelt strongly of SO, when 
exposed to the air. The alloy beads were found to have 
lost significant quantities of silicon during the experi- 
ment, and the bead which was originally pure copper 
and downstream of the alloy beads, has picked up 1-2 
wt. °, silicon. Gaseous SiS and/or SiS, may well be 
responsible for this movement of silicon. At 1200°C no 
evidence of this effect was found, and experiments 
were made satisfactorily at this one temperature. 

tin alloys at 1150°C 
the 


Similarly, beads of copper 
high 


formation of volatile SnS. 


showed weight losses compatible with 


RESULTS 
The results for each system are shown in Figs. 3-8 
in terms of log,, D. The effects of each alloying 
element were measured at several temperatures, and in 
most cases over the entire homogeneous liquid range. 


\t about 1200°C the ranges which could be covered 


in the systems iron copper and cobalt copper 


were very restricted. 
DISCUSSION 
Effe ct of temperature 
The measurements show that the effect of tempera- 
ture on coefficient D is 
Unfortunately, the scatter of the results is such that it 


the distribution small. 
is not worth calculating the changes in the partial 
heats of solution of sulphur brought about by alloying 
additions. 
cobalt. nickel or iron, all of which decrease the value 
of D, make the partial heat of solution (AA) of the 


for sulphur 


Qualitatively it appears that additions of 
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sulphur more negative. Platinum appears to exert 
no effect on AH over the range measured. 


Comparison with other work 


The authors results lead to a free energy of solution 
of sulphur at 1 at. per cent concentration and 1500°C 
which is about 2-4 keal less negative in liquid copper 
than in liquid iron; D (pure iron) = 0-5. Combination 
(by extrapolation) of the measurements of Sudo™ on 
the 


Elvander and Chipman) on 


and of Sherman, 
the 


system leads to a value of 5°5 keal for this difference. 


copper + sulphur system 


iron + sulphur 
The authors’ results also show that the corresponding 
difference between the free energies of sulphur in iron 
and nickel at 1500°C is 2-4 kcal whereas the results 
of Cordier and Chipman‘® suggest that this should be 
zero. 
the authors (C.B.A.) and Mr. L-L. Cheng to resolve 
these discrepancies, and which will be published later, 


Experiments which have been made by one of 


confirm the correctness of the results reported here. 

It is of interest to compare the effects of alloying 
elements reported in this paper with those observed 
and correlated by Chipman ef al.@® in their studies 
of the effects of small amounts of alloying elements on 
the activity coefficient of sulphur dissolved in liquid 
iron at 1600°C. To make this comparison, values of 
the (0 In y,)/@X where X is the atom 
fraction of alloying element are shown in Table | 


constant € 


which will be referred to later. 


Sulphur in eleme ntary me tals 


The present results make it possible to compare 
approximately the partial free energies of solution of 
sulphur in liquid copper, silver and gold at a constant 
temperature of 1100°C and a fixed concentration of | 


For the reaction 


at. per cent. 


TABLE 1. The effect of alloying elements on sulphur 
dissolved in metals 


Temp. 
(°C) 


Alloy ing 


RT (keal) 
element 


Solvent 


19.100 
20.400 
27.000 
15,100 


Au 1115 
Si 1200 
Pt 1200 
Co 1300 
Fe 1300 23,400 
Ni 1300 20,800 
Cu 1600 0 

Cu 1600 ati 
Cu 1500 
Si 1600 
Mn 1600 


14,200 
28.400 
21,400 


* The authors did not explore dilute solutions of copper in 
liquid iron and the results of Rosenqvist and Cox" are not 
sufficiently accurate to give a good value of e. 


LCT A 
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Cu 
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0-01 0°02 0°03 0°04 


at. fraction of platinum 


0-4 0-6 , ‘ Fic. 6. Log D for sulphur in alloys of copper ane 


‘ at 500 am 300 °( 
at. fraction of Ni 15 ; a ind 1300 


Fic. 3. Log D for sulphur in alloys of copper and nickel at 
1300°C ©, 1400°C and 1500°C 


Log D for sulphur in alloys of copper and silicon at 
L200°( 


0-4 0-6 0-8 
at. fraction of Co 


Fic. 4. Log D for sulphur in alloys of copper and cobalt at 
1300°C ©, 1400°C and 1500°C 


0-2 04 O68 


at. fraction of Fe 


5. Log D for sulphur in alloys of copper and iron at “1G . Log for sulphur in 
1300°C 1400°C and 1500°C 1115 and 


AG (1 at. °, sulphur in copper) 7500 6-87 cal From the results obtained during this inve 
(C) the activity coefficient of sulphur in a copper 
and AG? (1100°C) 17.000 eal. illoy containing 0-40 atom 
1100°C) is about 80 times greater than in copper 
all probability thereforet AG®° for sulphur it 


+ 


fraction of gold 
From the data of Rosenqvist“* for sulphur in silver, 


AG 5200 10-77 cal The limit of . 
act 
+ Since the 


Raoultian. 


AG® (1100°C) 9500 eal. 
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TABLE 2. Behaviour of sulphur in elementary metals 


AH°25°¢ 


sulphide 


in cal/mole for 


Solvent AG? (eal) Reference 


16,400 
29.200 


30.000 


1-07 
5-0OT 
3-59T 


20,990 
31,400 
35.900 


Silver Rosenqvist'!?) 
Coppel! 
[ron Sherman, Elvander and 
Chipman'®? 

Sudo) 


Sudo") 


Lead 28.100 
Tin 31,600 


5-807 
10-507 


PbS: 36,500 
SnS: 37,100 


Behaviour of oxygen in elementary metals 


AH °25°c in cal/mole for 


Solvent AG - 
oxide 


7,320 
39.900 
60,000 
66,000 


Lumsden'!®) 

Siebert and Girardi"® 
Chipman and Wriedt’ 
Chipman and Dastur''®? 


Silver 2.700 
Copper * 33.600 
Nickel 20.000 
Iron 7 


Ag,O: 
Cu,O: 
NiO: 


27.900 FeO: 


+ Recent experiments") show that the separate terms of this equation are in error, and that the temperature independent 


term is about 16 kcal too negative. 


is at least 12000 cal more positive than for sulphur in 
copper, AG® (1100°C) 5000 cal. 


atom ratio is approximately the same in these metals, 


The electron : 


yet the chemical potentials of the dissolved sulphur 


are very different. 

The results obtained with alloys show that platinum 
and gold increase the activity coefficient of sulphur 
dissolved in copper whereas nickel decreases it (vide 
Figs. 3, 6 and 8). 


coefficient of hydrogen in these same alloys is decreased 


As mentioned above, the activity 


by both platinum and nickel and gold has no effect, 
and the findings fit with the simple electron : atom 
ratio theory put forward by Himmler. Clearly there- 
fore the behaviour of sulphur in these metals and alloys 
cannot be explained solely in terms of the electron : 
atom ratio. It does not help to elaborate the treat- 
ment by bringing in the energy of the electrons at the 
Fermi surface and some better explanation must be 
At this point it is, 
that the plot of D across the Cu 


marked change in slope at NCu 


sought. however, worth noting 
Ni system shows a 
0-6 (vide Fig. 3). 
This is the composition where in the solid state, 
copper + nickel alloys change from ferromagnetic 
to paramagnetic, and where one might expect signi- 
ficant changes in the chemical potential of the 
electrons. 

Although electronic effects may be important, it is 
clearly unsafe to neglect the chemical potentials of the 
ions in equation 
either calculating or measuring these potentials, so that 
Himmler’s approach is of no immediate value. 


It would appear worth considering the problem from 


* This in fact takes account of both electronic and ionic 
chemical potentials at one and the same time. 


At present there is no way of 


a purely chemical standpoint* and to turn in the first 
place to the case of sulphur in dilute solution in 
elementary metals. One would, of course, expect that 
a metal would hold sulphur in dilute solution the more 
strongly, the more negative the heat or free energy of 
formation of the metal sulphide. This view is con- 
This 


gives the free energy equation for the process 3S, = [S] 


firmed by the figures in the first part of Table 2. 


at 1 at. per cent concentration, and the heats of 
formation of the sulphides from 8, gas per sulphur 
atom at 25°C. The second part of the table shows 
corresponding data for oxygen in metals and for metal 
oxides: they confirm that in these cases also a similar 
relationship exists between the metal compounds and 
the solutions. 

An exact correspondence is not to be expected in 
Table 2. Although the 


sulphur atom both in the sulphide and in the metal 


nearest neighbours of a 


solution are metal atoms, the co-ordination number 
is probably greater in the solution and the next 
nearest neighbours are different—metal atoms in the 
one case and sulphur atoms in the other. One would 
thus expect the correspondence to hold with certainty 


only when the heats of formation of the sulphides are 


very different, and not when they are similar as in 
the cases of iron, lead and tin. 
Sulphur in dilute alloys 


at first 
be expected that the addition of an alloying element 


In the case of sulphur in alloys it might 


which has a low affinity for sulphur would raise its 
activity coefficient and vice versa. This is indeed the 
case provided the differences between the affinities as 


measured by the heats of formation of the sulphides 


Cu,S: 
Fes: 
LOT 
20-37 
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are very great. Thus gold, silicon and platinum all 
raise the activity coefficient of sulphur in copper, in 
order of increasing effect. They all form sulphides 


which are less stable than Cu,S. but the order of 


increasing stability at 1200°C is gold, platinum, 


silicon.‘® 

There is, however, a further factor which must be 
taken into account even in a crude theoretical treat- 
ment. The chemical potential of sulphur is a partial 
property and is the free energy change associated with 
the transfer of a gram atom of sulphur from its 
state 


solution at a definite concentration. 


standard (pure) into an infinite amount of 
The introduction 
of this sulphur involves the creation of new bonds 
between sulphur and metal atoms and the disap- 
metal bonds, the 
the 


numbers of the sulphur and metal atoms. 


pearance of a number of metal 
co-ordination 
If, to a 


first approximation, the distributions of metal atoms 


precise numbers depending on 


around each other and around sulphur atoms are 
taken as being random, then in the case of an alloy 


X + Y containing sulphur at high dilution, 


7 1 my 
AL x 3D n xs xs Ny gk y Nyx 


» 
Ey x NyyEyy Exy (=) 


where AA sx y) is the partial heat of solution of 


sulphur, D is the energy required to dissociate the 
sulphur molecule, ng y, ” x y etc. indicate the number 


of sulphur—metal or metal-metal bonds created or lost 
respectively and EF, y etc. are the energies associated 
with these bonds. In the case of sulphur dissolving 
in a single metal, only the D, Ey, and Eyy or D, 


Eys and Eyy 


dissolving in a binary alloy in which the co-ordination 


terms would appear. 
numbers of the metal atoms and the sulphur atoms 
are equal and independent of composition, AH 
would be a linear function of composition changing 
from one (pure metal) limit to the other provided the 
bonding energy between unlike metal atoms is the 
mean of the 
Eyy + Exx 


this equation allows, then because in the process of 


bonding energies between like, i.e., 


2E xy: If Exy is less negative than 


solution the sulphur atom will destroy X Y bonds as 
wellas Y Y and XX, the partial heat of solution of the 
sulphur in the alloy will be more negative than in 
either of the pure metals. 

At high dilution of Y in X a simpler relationship 
can be derived on the assumption that the distribution 
of the atoms is random (for in this case every Y atom 
in X has only X atoms or sulphur atoms as neighbours) 
and the co-ordination number C, of both metal and 
sulphur atoms can be taken as equal to that of the 
This is of considerable technological 


solvent. case 
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interest, for the effect of small quantities of alloying 
elements on the activity coefficients of impurities is 
often important. In the following equations 

x) etc. are 


sulphur or the metal Y, in X 


+ 


the partial heats of solution of 
and so on D, is the 
dissociation energy of S., the standard state taken for 
sulphur; E yg, Eg ete. are the energies (per g atom 
of the bonds between sulphur and X, or Y et: 


AA x 


AH. 


It can reasonably ve assumed that ; 


tions of Y. AS«g, yy) 18 equal to AS 


0 Inyg 
ON, | 


\ i 


If now and x 
sulphur, 3 ) 


equal 
and yS(X 


equal 
concentrations of 
standard state for sul 


taken relative to the same 


and AS;-;x 


is Raoultian 
In 
aN, 


x5 — 5 Exy 
AB x; 1D+C.Ey, Res 
AB C(Exs — Eys) + =Ey; 
( 
( 
—(Ny — Ny)Exy—C.Ny.Ex, 
+ C(l — Ny)Exg+CNy.Eys 
( 
+ O.Ny(Eys E ys C.E ys 
oA. 
ON, : 
2} 
3 
> 
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It is evident that if two alloying metals (say Y and Z) 
the effect on ¢ 


additive, provided the distribution of atoms is again 


are present together in X, should be 


random. 


It follows from equation (3) that the partial heat of 


solution of sulphur will be made more negative (and 
hence in a random solution y will be made smaller) 
by (a) the addition of an alloying element which 
interacts more strongly with sulphur than the solvent 
metal, (b) the addition of an alloying element which 
interacts with sulphur about as strongly as the solvent 
metal, but only relatively weakly with the solvent 
metal. The partial heat will be made more positive by 
opposite influences. When the difference 
AA xy) and AB «x, is large, its effect is not likely 
to be reversed by the AA,-,,) as this is usually small 
in true The 

29 keal observed for is rather exceptional. 
When the difference between ,,;-) and x, is 
small, the effect of AA,-, .) will become important and 


between 


metal metal mixtures. 


this undoubtedly accounts for the fact that at both 
extremes of alloy composition in the systems copper 
iron and copper 
sulphur is lowered by the second solute. 

In view of the restrictions imposed in the derivation 


of equation (5), it is not to be expected that values of 


e derived from it can often be of great accuracy. It is 
none the less of interest to see how well the equation 
holds. It can be tested to some extent by the values 
for e, Table 2. 


value of ¢ as gold; this happens in spite of the fact 


Silicon in copper has about the same 


that sulphur must be held more strongly in silicon 
yS(Au)), for 


phide is far more stable than gold sulphide.‘® On the 


than in gold (i.e. yS(Si) silicon sul- 
other hand yAu(Cu) is probably not far removed from 
unity, whilst ySi(Cu) is small only about 5-10 times 
greater than ySi(Fe), which has been established as 
about 10-3 at 1600°C. 2) The two opposed effects may 
well come near to compensating. 

The e values for cobalt, iron and nickel in copper at 
1300°C come in the expected sequence but are much 
greater than would be calculated from equation (5). 
The activity coefficients of sulphur in Cu, Co, Fe and 
Ni are 


solution of sulphur in copper as the standard state; 


1, 0-5 and 0-23 respectively using the dilute 


the activity coefficients of Co, Fe and Ni at low con- 


centrations in copper are about 7-9 and 2 respectively. 


The value for Fe can be estimated from the results of 


Morris and Zellars;'??) that for cobalt can be derived 
from the phase diagram, if an ideal entropy of mixing is 
assumed; that for nickel can be calculated from the 
results of Pratt®* for solid alloys and the Cu + Ni 


phase diagram, an ideal entropy of mixing again being 


value of 


cobalt, the activity coefficient of 
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assumed. The theoretical values of ¢ for Co, Ni and 
Fe are therefore —1-9, —2-2 and —2-9. The difference 
can be attributed in part to a much greater co-ordina- 
tion of the large sulphur atoms than of the metal 
atoms. 

A marked negative value for ¢ for manganese in 
iron is to be expected. AG® for the formation of MnsS 
at 1600°C is some 20 kcal more negative than for Fes; 


if AA g,4,,) were similarly some 20 keal more negative 
than AH, then because 
ideally in molten iron (i.e. AA y = 9). € 


manganese behaves 
would 
equal 5-4. A marked 


expected for platinum in copper. AG® for the forma- 


positive value is to be 


tion of PtS at 1200°C is some 20 kcal more positive 
than for Cu,S; if AH. p,) were similarly some 20 
keal more positive than AH, and the 


platinum system were near to ideal, then ¢ would be 


(Cu) copper 


about +-5. If there is a significant copper—platinum 
the 


suggest, the theoretical value of ¢ would approach 


interaction as order—disorder transformations 
more nearly to the one actually found. 

In deriving equation (5) it was assumed that the 
co-ordination number of the solute S, was the same 
as that of the metal atoms. If it were greater and the 
number of bonds allowed to each metal atom were 
kept constant, the value of the last term in equation 
(5), Afly-,x) would be increased by the factor C’/C 
where C’ is the co-ordination number of S, and C that 
of X and Y. It would require a threefold increase in 
co-ordination number to account fully for the difference 
between the observed and calculated values of ¢ for 
Fe, Co, Ni and Cu referred to earlier. It 
assumed in the derivation of equation (5) that the 


Was also 


distribution of Y atoms around the S atoms was 
random and dependent only on concentration. If 
relative to X about the 


atoms S (as would occur in theory if - Egy, and 


there were clustering of Y 

E sy Egy > kT, more SY bonds would be formed 
than 
random 
factor f. 
also in theory be caused if the strength of X—Y bonds 
is very different from that of X-—X and Y-Y. If 
X-Y is X--X 


greater proportion of X—Y bonds broken when S goes 


equation (5) allows. If actual/(nrgy) 
f, then [(@AH ,)/AN,-)| is increased by the 


Clustering of Y relative to X about S can 


much weaker than there will be a 
into solution, than the atom fraction NV would suggest. 
This can arise even when AA is zero if the heats of 
evaporation of the metals are very different, i.e. if 
Exy>Eyy but Eyy (Ey y If clus- 
tering of X relative to Y around S occurs, {(@AA,), 
(ON,-)| will be reduced by a factor equal to (ny) 
actual/(mgy) random. Such effects could arise from 
(S-X) bonds much stronger than (S—Y) bonds or 
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(X-Y) bonds much stronger than (X—X). The 
effects which these complications would be expected 
to have are represented qualitatively in Fig. 9. 
Neither of these effects can fully explain the 
measurements which have so far been made of the 
activity coefficients of sulphur and oxygen in iron 
nickel alloys, the latter by Chipman and Wriedt.“? 
Nickel holds sulphur more strongly and oxygen less 
strongly than does iron. The activity coefficients of 
oxygen and sulphur in iron + nickel alloys change in 
the manner indicated in Fig. 10, both coefficients being 
taken as unity in the molten iron. Nickel and iron 
form nearly ideal solid solutions over the whole 
composition range so the liquid solutions also are 
almost certainly Raoultian. One would therefore 
expect the activity coefficients of oxygen and sulphur 
to change linearly from one extreme to the other 
according to equation (5); but this is clearly not so. 
The influence of nickel on y(O) can be interpreted in en 
0-2 4 Ore Ort 
terms of clustering of iron about the oxygen atoms so aay eee Se 


that nickel additions have no effect initially—i.e. the 10. Relative activity coeff: 


theoretical slope for [(0 log yS)(@Ni)]x;_,) isreduced by at low cone ntrations in alloys of iron and nickel 
some factor 1/f, and the slope for [(0 log yS8)/(AFe) |p. 0 at 1600°C; ©) or sulphur at 1550% 
is increased correspondingly. For this effect to be (Jjystering can not in any case be an explanation as it 
important (Af, must be RT. can only give curvature in the opposite sense to that 
According to Table 2 this difference is about 8 observed. The explanation must lie othes 
keal; RT is only equal to about 4 kcal at 1600°, so effect. which could normally be 
this explanation is reasonable. In the case of sulphur importance since ¢ is only changed by | 
the corresponding difference in the heats can only be which as suggested before is probably 
about 1 keal, and clustering cannot be important. —jikely accuracy of this treatment. 
There is howevel the obse rvatlol 
not too well substantiated—that in iron 
mixtures y|O] is not significantly char 
additions (up to several per cent 
Clearly the heat of solution of oxyg 


should be much more negative tha 


heat of formation of MnO per mok 


negative than for FeO. It is. moreover. } 
the determination of oxygen in 


alloys gives low values due 


ganese to the cooler pa 


can scavenge oxygen es¢ 


collected and measured 


Fic. 9. Qualitative representation of the effects of metal From a utilitarian st und] oint the 
metal interactions, clustering and co-ordination changes on : : 
the activity coefficients of sulphur (jS) in mixtures of X andy. position over which ¢ is constant is imp: 
A Random distribution, AA, y) Zero he seen from Figs 3-8 this range is 
A, S Y clustering | no co-ordination 
A,—S X clustering | changes 
B Random distribution, AA, y, negative It is evident that the crud 


S + Y clustering | - co-ordination —_ qualitatively with the results 
changes. 


commonly reaches 10 at per cen 


l 


5 eds » teste | b eans of ( 
Random distribution, AH, , positive needs to be tested fully DY means OF a ¢ 


C,—S + X clustering | =u co-ordination series of measurements which will give all three 
cnanges., m4 

a = on the right hand side of equation. Experime: 

D—Random distribution as for C. Co-ordination number fo1 : 


S> X or Y. No clustering. directed to this end are now in progress 
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Solute S tn Cconce ntration alloys 
The equation (5) derived above for the relation 
between ¢ and the three activity coefficients can be 


generalized in the form 


log vS 


when sulphur is present in the ternary solution in 


small amounts so that 


N 


y=] N x 


simplifies when yX(Y) yY(X) 


a linear relationship identical with that 


This equation 
to give 
deduced by Wagner") from probability considera- 
clear that the difference the 


linear relationship (A in Fig. 9) and equation 6, which 


tions. It is between 
can give such curves as B and C in Fig. 9, is equal to 
the excess free energy of formation of the binary 
alloy, X Y, divided by RT. 

The Darken‘2*) that 


equation 6 can also be derived from the exact Gibbs- 


calculations of have shown 


Duhem ternary expression 


N, du, Noduy + 0, 


if it is assumed that the dilute solute, in this example 
sulphur, forms regular solutions in the binary solvents 
where V 
course be applicable to ternary solutions irrespective 
of whether the dilute 

Fig. 11 shows the results of Elliot and Chipman'?® 


constituent is a non-metal. 


for the excess partial molar free energies of cadmium 


“O66 
Sb or Bi 


0-33 


at. fraction of Sn 


Fic. 11. The excess partial molar free energy of solution of 


small amounts of cadmium in alloys of lead tin, lead 
antimony at 500°C according to Elliott 
and Chipman." 


bismuth and lead 


6 


N, is constant. This equation should of 
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TABLE 3. Excess free energies in calories per g atom at 


500°C and 0-5 atom fraction 


(from 
ternary ) 


AG 


(from binary) 


AHy 


(binary) 


AS» 


Alloy : 
(binary) 

125 266 “4 323 

300 66 “4! 123 

350 330 330(approx) 


* AS has not been measured but will not be far from ideal. 


in dilute solution in the alloys of Pb Bi, Pb + Sb 
and Pb + Sn at 500°C. From the differences between 
the full curves and the broken straight lines the excess 
integral free energies of mixing of the solvent metals 
can be calculated. These free energies can fortunately 
be compared with the excess free energies of mixing 
the 
data recommended for the binary alloys by Kubas- 


which can be calculated from thermochemical 
chewski and Catterall.'*7) The comparisons are made 
in Table 3, but only for the alloys at 0-5 atom fraction 
as the small excess of free energies are then at a 
of the effects 


accuracies of the data involved, equation 6 is reason- 


maximum. In view small and the 
ably supported. 

From Figs. 3, 4 and 5 it can similarly be calculated 
that the excess integral free energies of mixing in the 
Ni, Cu Co and Cu + Fe 
1780, 2170 and 2200 cal/mole respectively 
1500°C. The 


recent measurements of Morris and Zellars,'22) on the 


binary liquid systems Cu 
should be 
at the equimolar composition and 
binary Cu + Fe show that the correct value for this 
system is 1900 cal under these conditions. It is worth 
noting that according to equation (6) the minimum 
value for y when the binary solvent shows complete 
miscibility and the departures from Raoult’s law are 
positive, are given by 

TAS (Raoultian) 


N, In N;-); 


log y log y (linear) 


where AS(Raoultian) R(Ny InN yx 


at the equimolar composition and 1500°C this maxi- 


mum is 2460 cal. 

The hydrogen solubilities in alloys mentioned at the 
beginning of this paper can also be interpreted through 
equation (6) without any reference to the electron: 
atom ratios. Figs. 12 and 13 show log D for hydrogen 
Al and Cu 
lines represent the ideal linear relationships and the 


in liquid Cu Sn alloys. The broken 
square points, theoretical values of log,, D obtained 
by adding the integral heats* of mixing to the broken 
lines. There is clearly close agreement between the 


* In the absence of entropies of mixing for these alloys, it 
seems reasonable to take the heats of mixing equal to the 
excess free energies. 


Ny log x) Ny og XY) (6) 
/ P 
| 
ix. Pb-Bi 
§ 
\\ 
-0:5 \\ 
\\ 
\ 
“2-5 


ALCOCK anp RICHARDSON: 


04 O68 O8 


at. fraction of AL 


Fie. 12. Log D for 
aluminium at 1200°C; 
measurements made at 


calculated from thermochemical data on the binary alloys. 


hydrogen in alloys of copper and 
calculated from the solubility 
one atmosphere by Sieverts;' 


measured and theoretical values. It is not clear in 


Himmler’s treatment of these solubilities why 


aluminium and tin (up to 0-4 atom fraction) should 


have almost identical effects on the solubility of 


hydrogen in copper, since one would certainly expect 
the electron:atom ratio to 
aluminium additions than tin additions. Equation (6) 
clearly shows that such an effect is to be expected 
because the higher solubility of hydrogen in aluminium 
is counterbalanced by the greater interaction between 


copper and aluminium than between copper and tin. 


CONCLUSIONS 
The foregoing considerations indicate that 
(a) One can usually forecast the behaviour of non- 
metal solutes in dilute solution in metals from the 
the corresponding 


thermodynamic properties of 


4O 
0-2 O6 1:0 


at. fraction of Sn 


Fic. 13. Log D for hydrogen in alloys of copper and tin at 

1200°C; caleulated from the solubility 

Bever and Floe;‘**? calculated from thermochemical data 
on the binary alloys. 


measurements of 


MOLTEN 


be lower in the case of 


METALS AND ALLOYS 


compounds when these are known, i.e., from a 
knowledge of the chemical bonding energies between 
the atoms concerned. 
(b) One can forecast the behaviour of solutes in 
dilute solution in ternary alloys for the thermodynamic 
properties of the three binary systems involved, that 
the 


systems. It is evident that more work should now br 


is, from energies of interaction in the simple 


done to obtain co-ordinated sets of data for binary 
and ternary systems which will test these relationships 
more completely and reveal the nature and limitations 
of the This 


approach is at present more successtul at predicting 


approximations involved. chemical 
the thermodynamic behaviour of these solutions than 


the electron theory of metals. 
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THEORY OF ORDER IN TERNARY ALLOYS—I* 


K. F. WOJCIECHOWSKI?+ 


The theory of order in ternary alloys as generalization of a theory of binary alloys is given. It is shown 
that for the description of the long-range order in ternary alloys a set of linear independent long-range 
parameters is needed. The number of these long-range parameters is fully determined. For the calcula 
tion of configurational energy, the method of finding the average number of pairs of atoms of mutual 
distance r is given. The long-range order is considered on basis of generalization of the Bragg—Williams 
theory. The general discussion of the thermodynamic equilibrium conditions of ternary alloys and 
the application of this theory to the Heusler alloy of composition Cu,MnAl is also quoted. 


THEORIE D’ORDRE DANS ALLIAGES TERNAIRES—1 


On presente la théorie d’ordre dans les alliages ternaires comme généralisation de la théorie des alliages 
binaires. On montre, que pour décrire l’ordre & grande distance dans les alliages ternaires il faut intro- 
duire un systeme de parametres de l’ordre 4 grande distance, independents lineairement. Le nombre de 
ces parametres completement déterminé. Pour calculer l’énergie de configuration nous donnons une 
methode de trouver le nombre moyen de paires d’atomes éloignés entre eux de r. Nous considérons 
lordre A grande distance en vértu de la généralisation de la theorie de Bragg—Williams. Nous donnons 
aussi une discussion générale des conditions d’equilibre thermodynamique pour les alliages ternaires 
et comme éxemple d’application de la théorie nous examinons [alliage de Heusler Cu,MnAl. 


EINE ANWENDUNG DER ORDNUNGSTHEORIE AUF 

DIE TERNAREN LEGIERUNGEN—I 
Es wurde eine Ordnungstheorie der ternaren Legierungen als eine Verallgemeinung der bisher 
beuntzten Theorie fiir die binaren Legierung en gegeben. Es wurde gezeigt dass fiir die Beschreibung 
der Fernordnung in ternaren Legierungen ein linear unabhangiges Fernordnungsparametersystem 
benutzt werden soll. Die Anzahl dieser Parameter wurde v6llig bestimmt. Um das Auszahlen det 
Konfigurationsenergie zu erméglichen, wurde eine Methode angegeben, mit der man die mittlere zahl 
der um r voneinander entfernten Atompaare ermitteln kann. Die Fernordnung wird als eine Verallge- 
meinerung der Bragg—Williams-Theorie betrachtet. Es wird auch eine allgemeine Diskussion des thermo- 
dynamischen Gleichgewichtzustandes fiir die ternaren Legierungen gegeben. Als ein Anwendungs 

beispiel der Theorie wurde die heusleriche Legierung Cu,MnAl behandelt. 


1. INTRODUCTION of kind 7 in the jth sublattice. Thus we have the 
The theory of order—disorder transformations inthe — following fundamental equations 
binary alloys is already well developed, while the 
theory of the ternary alloys is not elaborated as yet. is : ; (1) 
An attempt to give such a theory was made by 
Mdivani."’) As this theory dealt with an equicom- M,, j (2) 
ponent alloy, an attempt is made in this paper to give 
a theory of ternary alloys, which may be applied to an Because in real alloys the lattice sites can be con- 
alloy of any crystal structure and composition. sidered as wholly occupied by atoms, we shall describe 
here only the case in which 
THE FUNDAMENTAL EQUATIONS AND THE 
NUMBER OF LINEARLY INDEPENDENT j J N, 3) 
PARAMETERS FOR n-COMPONENT ALLOYS 
In the general case of n-component alloy, which where NV denotes the whole number of atoms in the 
have a lattice subdivided into / interpenetrating sub- alloy. Thus in general case we have n + / equations, 
lattices. we introduce the following notations: M ,, both (1) and (2), for an n-component alloy with / 


(j 1,2.,....,) denotes the number of sites in the sublattices, which we may treat as linear forms. In 


jth sublattice, the number of atoms of kind 7 in alloy — these linear forms there are /n various unknowns a,.. 


is N., (2 i... n), (generally the M, may be However, some of forms (1) and (2) are linearly 
not equal to V,), and a,, denotes the number of atoms dependent, and therefore m linearly independent para- 
meters, by which we can express all the quantities a,., 


00. 1967. should be introduced, where 


Department of Experimental Physics, University 


Wroclaw, Poland. : (4) 
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ris a rank of matrix of linear forms (1) and (2), as is 
well known. 


In our case of ternary alloys n = 3 and 


(5) 


When n 
by 


1 we can replace the equations (1) and (2) 


2n 


equations (6) are all linearly independent, but there 


In these equations there are n? unknowns. 


are only x 1 linearly independent expressions 
among the equations (7), which can be easily shown by 
calculating the rank of matrix connected with the 
linear forms (7). Therefore when » ] we have from 
(4),4,2) 


1)?. 


3. DEFINITIONS OF THE LONG-RANGE 
ORDER PARAMETERS 
Now we shall consider the ternary alloys of which 
the superlattice consists of / sublattices. On basis of 
that m 


equations must be introduced to express all a;; by the 


above considerations it is clear definitive 
linearly independent parameters. These parameters 
have been chosen so that they could be treated as 
long-range order parameters. The definitions of the 
long-range parameters depend on the type of super- 
lattice and on the composition of the alloy. For this 
reason one can obtain the different equations for 
different alloys. 

We define the long-range order parameters so that 
their values are 1 and 0 for the state of complete 
order (O) and for the state of complete disorder (D) 
respectively: 

' 1 for complete order, 
0<s, 


state, 


; 1 for an average 
6.9 


O for disorder, 


the 
by 


where c, N,/N. Such definitions based 


complementary conditions 0, putting upon the a 


on 


the state of complete order, and on complementary 
conditions D, putting upon a,; by the state of com- 
plete disorder. Symbolically it can be expressed as 
follows: 


(Sa) 


D.a, (Sb) 


where O, and D, denotes the kind of condition, and 


x, § the number of conditions. 
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Example 1. We shall give here the definition of the 
long-range order parameters for Heusler alloy of com 
position Cu,MnAl. We 
assuming that the superlattice consists of two inter- 
In the state of the 


obtain these definitions by 
penetrating sublattices (Fig. 1) 
complete order NV, Cu atoms occupy all the corners of 
cubes belonging to the 1-sublattice, and V, Mn atoms 
and NV, Al atoms occupy alternately all the corners of 
cubes belonging to the 2-sublattice. As M, N, 

N/2 and M, 2N. 


become 


N/2 the equations (1) and 


Of the above set of five equations, it may be shown 
that only four equations are linearly independent 


therefore we have to introduce m 2 long-range 


order parameters. 


The conditions UV, are now 


| | 
| 


lL. Ordered struct 
@ u atoms 
Mn atoms 
€ Al atoms 

First subl 


Second sublatt 


3/ = 
n 
l 
l l 
V 
“19 
N 
N 
so 
N 
3) 
N 
“19 
Le 
N 
= 
10 
las 
() alee ley 
m 
— 
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The conditions D, are: 


D,- > M54 
On the basis of above conditions the definitions (8) 
take the following form now: 
N 
N 


4. CONFIGURATIONAL ENERGY AND THE 
GENERALIZATION OF THE BRAGG-WILLIAMS 
APPROXIMATION 

If we denote by q,,(r) the average number of pairs 
of atoms of kind k and j separated by a distance r, 
and by V,,(r) the interaction energy of atom of kind k 
with the atom of kind j at a distance r from the k-atom 
in the configuration under consideration the con- 
figurational energy £ is given by: 


E > (r). 


kj 


(13) 


Now, if p,, denotes the a priori probability that an 
atom of kind ) is in any site of 7th sublattice, we have 


(14) 


We denote also by z,,(r) the number of the neighbor- 
ing k-atoms separated by a distance r in any site of 
the jth sublattice. It is easy to express q,,(r) by p,; 
and z,,, taking into consideration that the number of 
pairs consisting of an atom of kind x in the jth sub- 
lattice, and of atom of kind m in the kth sublattice is 
proportional to the sum of the products of proba- 
bilities p,,p,,,,. The proportionality factor is }.Nz,,(r): 
thus 


(15) 


The symbol of summation in (15) has only a symbolical 
meaning, and we shall explain it by using an example 
of calculating g(r) for the body-centered cubic lattice. 

From the equation (15) it is evident that q(r) 
depends on the structure of the crystal lattice of the 
alloy. 

Further, we shall indicate by p 
respective distances of first neighbors (from the first 
shell). second neighbors (from the second shell). and 
so on, from a fixed atom. 

Example 2. According to equation (15) we express 
q(1) and q(2) as before for the Heusler alloy Cu,MnAl. 
Nearest 


For this alloy we have z(1) 8 and 2(2) 6. 
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neighbors (r 1) are in the two different sublattices. 
The next nearest neighbors (r = 2) are all in the same 
sublattice. In the lattice of Cu,MnAl, there are $.Nz(1) 
neighboring pairs consisting of atoms belonging to two 
different sublattices, and 4Nz(2) the next nearest 
neighboring pairs consisting of atoms belonging to the 
same sublattice. If we assume that in the completely 
ordered crystal the atoms of kind 1(Cu) occupy sites 
of the /th sublattice, instead of the atoms 2(Mn) and 
3(Al) which occupy sites of the 2-d and 3-d sublattices 


respectively, we can express q(r) by p,,,, as follows 
r=] 


N N 
Pre Ne = D(PirPr22 
21): 


5 21 


2(1)( P41 P32 - (15a) 
Py2P31): | 
N 
)P32P31: 


2(1)(P21P32 
P31P22) - 


N 


+ PisP12): 


qi2() 2(2)(Py1Pa1 
Po1P21): 
(2)( Py Psi 


2(2)(PsoP30 P31P31): 


N 


933(2) 


423(2) 2(2)(Po2P30 P21P31)- 


From the above example it follows that E can be 
expressed simply by p,,,, and therefore also by s,,. 
If it is assumed that the configurational energy 
depends only on the interaction of nearest neighbors, 


it can be shown that 


E > > (16) 


kj r>1 k,j 
For the relatively simple structures of the crystal 
lattice (cubic lattices) and for alloys with a stoichio- 
metric compositions it is not necessary to accept the 
“nearest neighbors’ assumption, and £ can be written 
in a general form 


r 
E 


(17) 


> 


p=1 k,j 


N 
4’ 
(11) 
N N 
{22 
133 
r=2 
k,j 
N 
P12P22)- 
) 
q29(2) | 
(15b) 
P12P32)- 
N 
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In order to calculate the configurational free energy 
we denote by W the number of ways of arranging 
atoms over the lattice sites, and by W ; the number 
of ways of arranging a, ,, atoms over the sites 
of the jth sublattice. If we 


between the atoms distributed on the lattice sites. we 


95, a3; 


neglect the correlation 
may write 

(18) 
where 


,;! 


and with the help of equation (17) we may express 
the configurational free energy as follows 

As the Bragg—Williams approximation™ is equiva- 

lent to neglecting the energy distribution of each 


micro-state « for given s,, around the average value 


of E, or to assuming purely random arrangements of 


1, 2,3 atoms on each site of a chosen pair of neighbors 
consistent with the given values of s,, we arrive at 
the generalization of this approximation, without 


the “nearest neighbors” assumption. 


5. CONDITIONS OF THE THERMODYNAMICAL 
EQUILIBRIUM FOR TERNARY ALLOYS 

The condition of the thermodynamical equilibrium 

is the minimum of the configurational free energy, 


therefore the necessary conditions are 


ar 
as, 


(20) 


The conditions for minimum of the 


function F(s,), which is a function of m variables, 


sufficient 
as it is well known from the analysis, are connected 
with the following inequality 


p=1q=1 08,08, ” 


m m 


where h,, and h, are the coefficients of above quad- 


ratic form. 

Therefore in general, the problem of describing 
the order—disorder transformation in ternary alloys 
is reduced to the problem of solving the set of 
equations (20), taking into consideration the condi- 
tion (21). 

The equations (20) are all transcendental and, 
such being the case, one cannot get the relations 
8 f,,(7.V) from the set (20). The relations 


m 


f,,(T.V) 
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can be found only by the numerical calculation. If we 


iong- and short 


the 


wish to describe simultaneously the 


range order in the ternary alloy, number of 


The number 


the 


equations ot type (20) would increase 


of equations (20) increases also when higher 


approximations are applied to the ternary alloy.’ 
On this basis we may suppose that the higher approxi 
mations do not give better agreement with experiment 
because the improvements of the physical model 
the later 


seems 


mathematical 


that 


cancel out 


Therefore it 


approximations 
the orde 


the 


tor describing 


disorder transformations in ternary alloys best 


approximation is the zeroth approximation (Bragg 


Williams approximation). 


6. THE TRANSITION TEMPERATURE OI 
ORDER-DISORDER TRANSFORMATION 


Generally one may determine the transition 


temperature 7’, of order—disorder transformation 


as follows: 


T 


(from equation 20), when s 


when all s,, remain equal to zero for 7’ 


In the case of binary alloys the conditions determining 
have a rorm 


ot 


the transition temperature 7’ simpl 


determine the inflection of 


s)')) thus 


because they 
the function F 


point 


under these conditions. 


In the case of ternary alloys we have di 


the m-dimension surfaces and the determin 


T’. becomes difticult. 


7. APPLICATION OF THE THEORY TO THI 


HEUSLER ALLOY—Cu,MnAl 
12 


From equations (9) and 


by s, and s, as follows 


On the basis of equation 


* This will be shown explicitly 


349 
j |? 
0, and 
F(s 
Os 
(21) 
N \ 
N A 
N 
N 
Pee (13) and on the basis of 
in part II of t 
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the example 2, it is easy to write the expression for 


the configurational energy 


where 


According to equation (19), together with (22), the 


configurational free energy can be evaluated as 


follows 
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The above equations lead to the set of two funda- 
mental equations, which allow the equilibrium pro- 
perties of the order—disorder transformations in the 
Heusler alloy to be found: 

s,)(1 


S5)(1 
S5)(1 


As this is a set of the transcendental equations, 


one can not solve them in respect to the long-range 
that 
order to find the transition temperature we regard 


order parameters s, and s,. For reason, in 
the equations (26) and (27) as the two independent 
surface equations 


0 (28) 


F’,(81,89,1') = 0 (29) 


respect ively. 


was said in Section 6 of this 


As it 


determined by the condition: s, Be 


work, 7’. is 
0, which sub- 
stituted in the equations (28) and (29) give respectively 


2 In (30) 


where s So. 


From the above equations it follows that: 

(1) The surface F,(s,.s,.7) has no point of inter- 
section with 7’-axis, 

(2) The surface F(s,.8..7) has a point of inter- 


section 7’. with the 7’-axis, namely 


This 
temperature of the Cu,MnAl alloy. 


point, therefore, determines the transition 
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RATE OF CLUSTERING IN Al-Cu ALLOYS AT LOW TEMPERATURES* 
W. DESORBO,+ H. N. TREAFTIS+ and D. TURNBULL 


It is found that substantial resistance increases and release of energy occur in rapidly cooled Al-Cu 
(2 at. % Cu) alloys at temperatures at least as low as —45°C. These property changes are attributed to 
the formation of copper enriched clusters which are presumed to be Guinier—Preston zones or their 
precursors. The kinetics of this clustering in the temperature range 25° to 45°C were investigated 
It was found that the isothermal rate of clustering continuously decreases with increasing time and is 
greatly decreased (by factors of 10-100) by interruption of the quench from the homogenization te1 
perature at 200°C for a few seconds. 

The activation energy for low temperature clustering is about 12 keal/g atom which near that fo 
the annealing out of the quenched-in point defects in pure aluminum. The results are consistent wit} 
the hypothesis of Zener and Seitz that the clustering is effected by point defects retained in quenching 


from a high temperature. However, the dislocation glide mechanism is not yet ruled out 


VITESSE DE SEGREGATION DANS LES ALLIAGES Al-Cu AUX BASSES TEMPERATI 
Les auteurs observent une augmentation appréciable de la résistance et un relachement cd 
dans les alliages Al-Cu (2% et Cu) refroidis rapidement a des températures inférieures a 
attribuent ces variations a la formation de régions enrichies en cuivre et présument qu’i 
de Guinier—Preston ou bien de leurs précurseurs. Ils étudient également la cinétique de ségrég 
dans le domaine de 25°C a 45°C. Ils trouvent que la vitesse de ségrégation décroit d'une maniér« 
continue lorsque le temps augmente et qu’elle décroit considérablement (10 a 100 fois par interruption 
pendant quelques secondes a 200°C, de la trempe a partir de la température d’homogénéisation 
L’énergie d’activation pour la ségrégation aux basses températures est d’environ 12 keal/at.g 
valeur trés proche de celle du réseau des défauts ponctuels gelés, dans aluminium pur. Les r 
concordent avec lhypothése de Zener et Seitz selon laquelle la ségrégation est occasionnée pa 
défauts ponctuels retenus par trempe a partir de températures élevées. Cependant, le mécanisme du 


glissement des dislocations ne peut encore étre élimin¢ 


ENTMISCHUNGSGESCHWINDIGKEIT IN Al-Cu-LEGIERUNGEN I TIEFEN TEMPERATURI 
In rasch abgekiihlten Al-Cu—Legierungen (2 At.-°% Cu) findet bis herab zu Temperature 
mindestens 45°C eine betrachtliche Widerstandszunahme und eine Energieabgabe stalt. Dies¢ ige! 
schaftsanderungen werden der Bildung von kupferreichen Bereichen zugeschrieben, bei denen es s 
vermutlich um Guinier—Preston—Zonen oder deren Vorlaufer handelt. Die Kinetik dieser Entmischur 
wurde im Temperaturbereich 25°C bis 45°C untersucht. Dabei wurde gefunden, 
Entmischungsgeschwindigkeit mit der Zeit abnimmt; sie wird wesentlich kleiner 
wenn das Abschrecken von der Homogenisierungstemperatur bei 200°C fiir einige Sel 

wird. 

Die Aktivierungsenergie fiir die Tieftemperature nt! lung betragt et 
ahnlicher Grésse wie diejenige fiir das Ausheilen von durch Absch 
Fehlstellen in reinem Aluminium. Die Ergebnisse sind zwar mit den 
Einklang, dass die Entmischung durch infolge des Abschreckens eingefrorene 
hervorgerufen wird, doch lasst sich die Méglichkeit der Diffusion entlang gleitender 


nicht ausschliessen. 


INTRODUCTION are platelike in habit, with tl 
The electrical resistivity, hardness and other 100), and continuous in stt 
properties of alloys of Al-Cu (1-5 wt. °, Cu, balance Al) the parent solution. TI 


change markedly upon holding near room temperature. estimated to be 1—5 atom diam 


These property changes are attributed tothe formation 25-50 atom diameters in width 
1 


of copper enriched clusters. During long holding Borelius et al. showed that cluste 


periods the clusters become large enough to give rise Al-—Cu is accompanied by the releas 


to certain diffraction effects which were discovered amounts (1—2 keal/g atom Cu in the 

and interpreted by Guinier” and Preston.®’ The These results, as well as those from 
clusters responsible for these diffraction effects are studies, show that cluster and zone forn 

now known as Guinier—Preston (G.P.) zones. Guinier is not a trivial phenomenon but involves a s\ 
and Preston deduced that in Al-Cu alloys the zones — fraction of the copper in the alloy 


Jagodzinski and Laves‘*) recognized that near roon 


* Received December 17. 1957. 


+t General Electric Research Laboratory, Schenectady, Hard\ and Heal 
New York. ubje of Guinier—Preston 
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temperature cluster formation in Al—-Cu occurs at rates 
many orders of magnitude greater than calculated 
from the diffusion coefficients of copper, D,,,, obtained 
by extrapolation of the high-temperature relation 
between D.., and 7’ which is: 


2.3 exp (—34,900/RT) cm? (1) 


Cu 


D 


Some possible explanations for this anomalously 


Cu 


high rate of cluster formation have been reviewed 
elsewhere.‘®) One important possibility™ is that the 
enhanced rate is due to a greater than equilibrium 
number of lattice vacancies either retained in quench- 
ing or generated by plastic deformation which might 
accompany cluster growth. Another possibility is that 
the copper atoms drain to the clusters along gliding 
dislocation channels®) which facilitate their diffusion. 

The information on the kinetics of cluster formation 
sufficient to test critically the 
the We, 
undertook a kinetic study using resistometric and 
The results of this study* 


was not various 


explanations for mechanism. therefore, 
calorimetric techniques. 
and their bearing on the cluster formation mechanism 


will be described in this paper. 
EXPERIMENTAL 
Pre paration of alloys 


The 4.4 wt. % 
resistrometric 


(1.9 at. ° 


measurements 


(a) Resistivity. ,Cu) Cu 
used in the 
melted in a graphite crucible under a chlorine 


and the 


alloy was 
Vas 
atmosphere. Induction heating was used 
alloy was slow cooled in the same graphite crucible 
used for the melting. Analysis of various parts of the 
ingot showed no segregation. A portion of the ingot 
was then cold swaged and drawn into wires of 10, 20 
and 30 mil diameters. 

b) Calorimetric. The alloys were made by melting 
aluminum stock (99.99 per cent) and OFHC copper in 
MgO 


crucible and a copper mold). The ingots were swaged 


gas, a 


a resistance furnace (1 atm of argon 
to rods of approximately 0.180 in. diameter then cold 
rolled to flat plates 0.030 in. thick. Analysis of these 
stock samples by D. H. Wilkins indicated a 4.0 wt. °% 
Ca (1.7 at. & Cu). Spectroscopic analysis by L. B. 
Bronk of all 
of Mg but no detectable amounts of Si, Fe, 


31, Pt, Ni, Co, Mn, In, Ca, Sb, Ta, Ti or Li. 


alloys used in both studies showed a 
“trace” 


Zn. Sn. Pb. 


Resistance measurements 

Procedure. 
apparatus and the resistance measuring equipment 
the 


The sample mounting, the quenching 


have been described elsewhere.“ However, 


following change was found necessary for providing 


* Preliminary reports'*:!” of the work were presented at 
the November 1956 meeting of the American Physical Society. 
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The 


samples were in the form of wire (10, 20, 30 mil) or 


the samples with voltage and current leads. 


0.004 in. ribbon and from 2 to 4 in. long. The ribbon 
samples were formed by cold rolling a 4 ft length of 
wire, whereas the wire samples had only the ends 
rolled leaving an appropriate length untouched in the 
center. In either case, the ends were split up to the 
sample to provide voltage and current leads. 
Homogenization. All the electrical connections were 
made before homogenizing, thus permitting resistance 
measurements to be taken 5-15 see from the time of 
quench. The current passed through the sample was 
the same as in the earlier work (i.e. 1.0000 A and held 
constant to 1 part in 10°). The absolute value of 
resistance, for the above described samples immedi- 
10-? at 
-48°C to 2.3 10-2 Q at 30°C and measurable with 
The AR 


parts in 


ately after quench, was in the range of 1.8 


an uncertainty of less than 0.2 per cent. 


values could be determined to within 2 

100-600 depending on the temperature. 
After homogenizing in a H, atmosphere at tempera- 


the sample was plunged into the quenching bath 


tures ranging from 550° to 570°C, controlled to 


which was an eutectic solution of CaCl, and H,O at 
~45°C. The sample was then rapidly transferred to 
an aging bath consisting of water or an ethylene 
glycol-water mixture. Temperature of the aging bath 
-O.1°C. The CaCl,-H,O quench 


was used in order to obtain very much higher cooling 


was controlled to 
rates than result upon quenching into the baths used 
for the resistance measurements. 


Calorimetric measurements 
(a) The The 
meter, applied earlier to investigations on the kinetics 


calorimeter. adiabatic micro-calori- 
of precipitation,””) has been modified to permit the 
measurement of isothermal release of energy at lower 
temperatures. A schematic drawing of this unit is 
presented in Fig. 1. In order to facilitate operations 
at low temperatures and to control the atmosphere 
for homogenizing the specimen, the calorimeter proper 
is enclosed in a dry box. The feature of a fast adiabatic 
jacket has been retained—now consisting of a silver 
block and cone. Satisfactory thermal contact between 
the silver block and cone is accomplished by a 
compression seal made by three large copper screws 
instead of a ““pressure cooker” type of seal. 
The alloy samplet (flat slab 0.375 in. « 0.375 in. 


0.030 in., weighing approximately 0.35 g) is suspended 


+ Enclosing the alloy in thin platinum containers as in the 
previous work?) markedly slowed the quenching rates. For 
this reason all measurements were made with bare samples. 
Surface contamination, if any, had a negligible effect on the 
final results. 
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Fic. 1. The adiabatic micro-calorimeter. 

from the bottom of the cone by a small platinum wire 
hook fastened to a narrow fiberglass tape stretched 
The 


thermocouple, attached between the specimen (spot 


between two metal posts (Fig. 1). difference 
welded in an inert helium atmosphere) and the silver 
cone, consists of chromel—alumel wires, each 0.002 in. 
diameter. The conditions and degree of adiabaticity 
between the alloy undergoing transformation and its 
environment (silver block and cone) are the same as in 
the earlier unit.“?) 

The copper block permits the attainment and the 
retention of a constant temperature background for 
the adiabatic jacket in the temperature region from 
approximately —190 to 100°C. For operations below 
room temperature, the copper rod and fins (Fig. 1), 
located outside the dry box, are surrounded by an 
appropriate refrigerant such as dry ice—acetone 
mixture or liquid nitrogen. 

The circuitry and instrumentation of the calorimeter 
is similar to that already reported"? except for the 
extra controls, heaters (two) and a second strain-free 
copper—constantan thermocouple required by the 
copper block. 

The of the 


sample is carried out inside the dry box in a dry 


(b) Homogenization. homogenization 


nitrogen atmosphere. The silver cone, with the sample 


in situ, is placed in a brass holder machined to fit 


closely the outer side and bottom contours of the cone. 


The design of this adapter is such that it permits only 
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the sample to be surrounded by a small custom built 


furnace permanently attached to (but thermally 


isolated from) the bottom of the brass adapter. During 
the homogenization of the sample, the temperature of 
the brass adapter (and cone) is kept nearly identical 
the silver block 


This 


equalization is accomplished by a stream of cold dry 


to that of its counterpart perma- 


nently fixed in the apparatus. temperature 
nitrogen gas (whose temperature is regulated) flowing 
through copper coils soldered to the outer surface of 
the holder. 


temperatures varying from about 530—550°C and read 


brass The sample is usually heated to 
to +5°C for 20-60 min after which the cone is rapidly 
removed from the brass holder and the sample only 
is quenched into an appropriate quenching solution 
(see below). The radiation shields and copper block 
have removable caps which make it possible to readily 
transfer the silver cone and its attached sample to and 
from the furnace.* 
RESULTS 
The kinetic law 


(a) Resistometric. The rate of change of resistivity 
with time is dependent on time, temperature and the 
Fig. 2 
increase-time isotherm at O0°C 
bath quench. R,(0°C) 0.01563 
the 


initial 


quenching rate. shows a typical resistance 


following a O°C water 
A Ss time 


1.04 times its 


mcreases 


increases to at least 


The 


rapidly with time. 


resistance 


value. rate of resistance increase 
It was found that this fal 
all cases be described satisfactorily (see Fig. 3 
relation: 


d( AR) 
k,° dt 


where AR R ing 


200 


TIME (MIN) 


* In some 


silver 


experiments, 
cone during homog 


a larger furnace unattached 


treatment it is quenched more 
nique”* into an 
40°C): then readily transfer 
still 


assembly is the 


appropriate 
water, 
while submerged atta 


Chis 


inserted in the 


and 
cone. 


calorimeter 


S 
i {| 
i 96: 
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x t] 
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of increase in resistance accompanying zone 


formation as a function of time. 


and 273°K, R, = resistance at ¢ = 0 and temperature 


T, R, 


This relation is of the same type as that found by 


resistance at t and 7’, k and 6 are constants. 


Borelius et al. for the time dependence of the rate 
of energy release in zone formation. * 
(b) Calorimetric. In Fig. 4(a) are presented some 


characteristic temperature-time curves obtained 
during the transformation process occurring in Al—Cu 
alloys at room temperature and at temperatures below 
0°C. The precision and accuracy of measurements are 
the same, at all temperatures used, as those obtained 
with the earlier unit.“2) Also shown are some curves 
representing typical “‘thermal noise’? background of 
the apparatus and circuits when no transformation is 
taking place in the sample. The method 


the AE = f(t), 


essentially isothermal conditions* for the alloy, has 


used for 


evaluating energy evolved, under 
been reported earlier.“?) The Kopp—Neumann rule 
the of the heat 
capacity of the alloys containing relatively small 
One half the of the 


chromel—alumel thermocouple (mostly nickel) has 


has been assumed in calculation 


amounts of copper. weight 
been used. 

The energy in cal/g atom of alloy, released during 
transformation at several temperatures, is plotted as 
a function of time in Fig. 4(b). 
was not possible to begin the calorimetric measure- 


By our procedure it 


ments until 10-20 min after quenching.t From the 


resistance measurements it is expected that a 
substantial amount of energy is released during this 
early period. 


Let: 


* Their power data could be approximated by the equation 
d(AE)\/dt 
+ The temperature rise of these specimens, A7’, due to the 
energy evolved during the transformation is less than 5°C at 
and less than 1°C for studies carried out 


const. /t. 


room temperature 


below 0°C [see Fig. 4(a)]. 


+ It usually takes this interval of time to dry the sample 
after quench, to assemble the calorimeter and to evacuate 


the unit (< 10-5 mm of Hg). 
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total energy evolved from ¢t = 0 to ¢ (time 


of final measurement) 


part of energy evolved from t= 0 to 
t = t, (time of first measurement) 


part of energy evolved and measured 


calorimetrically from f¢; to ¢. 


For rapid transformations such as take place in the 
alloy at room temperatures, AZ, may amount to 
as much as 0.4 AE__., for ¢, 


We attempt to estimate the value of AE, 


i 


20 min; f 150 min. 


, in the 


following manner. AE, _,,, obtained experimentally, 
is plotted as a function of ¢ and the slope (power) of 


THERMAL 


THERMAL 


TIME (MIN) 


Fic. 4. (a) Some characteristic temperature-time 

obtained calorimetrically during the transformation process 

in Al-Cu alloys at room temperature and temperatures 
below 0°C, 


curves 
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this curve (Ld(AE, _,,)|/dt} = f(t) determined. This 


power term is then plotted as a function of time from 


t, to t and the resultant curve extrapolated back from 


i, tot 0. In this operation the expression: 
) 


d(AE,_., 
: k (4) 
dt 


which satisfactorily describes the isothermal rates in 
this early period, is used as a guide. The total energy 
AE 
curve with the aid of Simpson’s rule. We estimate 
that, if equation (4) holds from ¢, to ¢,, AE,_.,. at 


room temperature can be determined to within 10 per 


gt 18 calculated by integrating this power-time 


0 
cent; this corresponds to about a 5 per cent uncer- 


tainty in AF, 
three independent experiments a 


The reproducibility of the results of 
32 C this 
method of evaluating AE__,, is as shown in Fig. 4(b) 
where AF f(t) is presented. At lower tempera- 
the of the 


hence, the uncertainty in evaluating AZ 


using 


q—t 


tures rate transformation is decreased: 


is corre- 


q—t 
spondingly smaller. For example, at 7’ 
AE is less than 0.2 of AE for t 

i 

t 150 min. 
35.0 


20 min and 


The values of energies released at room 


° 


AE, cal/g -atom (alloy) 


100 
TIME (MIN.) 


T= -28°C 
T=-30°C 


50. +100 150 200 
TIME (MIN.) 


(cal g atom of alloy) released during the 


Fie. 4 (b) Energy 


transformation at 32°C and 


These 
aid of a 


above. 


RATE OF CLUSTE 
H,0 
@ SILICONE 
| 6 BORELIUS, ANDERSON (1943), 
> SILICONE (200°C, 10 SEC) 
2 SILICONE (200°C, 60 SEC) 


cal/g-atom MIN 


d(4E 
at 


» ol energy release accompi 


as a function of time 


temperature (~30°C) when the sample is quenched i 
a medium such as H,O [see Figs. 4(b) and 6(b)]| are 


quite large. For example, at f 150 min the energy 
(AE), <5 evolved by the alloy is 32 cal/g atom of alloy 
(1.9 keal/g atom Cu). No concerted effort 
made to follow the transformation for mu 


times In two cases. observations were made 


much as 48 hr of continuous operatior 
had been quem hed in silicone oll At 
period approximately 57 cal/g atom 


had 


confirm the 


keal/g atom Cu been volved 


(AR 


Preston zone formation 


values of 
Guiniel 
volves most of the copper atoms 
just those situated at structu 
As noted 


release are 


isotherma 


above the 
described by a relation 
the same type as that 2 
the rate of 


shown in Fig. 5. However, th 


equation 


resistance cnange 


isothermal 


isotner! 
* These results are to be 
us using Borelius et « 

4.5 wt Cu, 

data wer 
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. 6. (a) Effect of quenching media on the rate of change 
of resistance. 


energy release and resistance increase apparently are 


not similar: the energy appears to be released at a 


rate which is relatively much smaller than the rate of 


resistance increase. Some possible causes for this 
discrepancy are as follows: 

(1) The calorimetric specimens are thicker than the 
resistometric and so may have cooled more slowly 
and also the quenching technique is less rapid. It 
will be shown (next section) that the rate is less the 
more slowly the specimen is cooled. (2) The extra- 
polation used to evaluate the energy release in the 
early stages of transformation may be grossly in- 
be that 


relation between resistivity change and energy release 


accurate. (3) It may there is no direct 


in the same specimen. 


Effe et of cooling rate and intermediate hold 
[t is well known that the rate of property change in 


Al-Cu alloy is strongly influenced by the 


atom (alloy) 


AE,,cal/g- 


TIME 


Fic. 6. (b) The 


rate of 
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cooling from the homogenization temperature (for 
example, see Guinier’s article in L’Etat Solide™), 
Our results confirm this and indicate further that, as 
Guinier has implied, the time spent by the specimens 
in the temperature range around 200°C has a very 
critical effect upon the rate of property changes at 
lower temperatures. 

The effect of dif- 


ferent quenching media upon the course of resistance 


(a) Resistometric measurements. 


change in a specimen (1.9 at. °% Cu) at 0°C is shown in 
Fig. 6(a). In these experiments the initial resistance, 
It is seen that 


?,°. was the same to within 10~°/Q. 


the rate of resistance increase is about four times 
larger after the water or brine quenches than after the 
liquid nitrogen quench. The rates are about in the 
order of the specimen cooling rates expected for the 
different quenching media. 

Apparently zones formed in Al—Cu (1.9 at. %, Cu) 
dissolve almost completely (see Borelius ef al.) when 
the alloy is heated above 150°-160°C.* 
tures 150°-200°C one of the more stable phases pre- 


At tempera- 


cipitates out of the alloy but only very slowly (see 
Fig. 7 for course of resistivity change at 200°C accom- 
panying this precipitation) so that no perceptible 
precipitation or other change of state (as measured by 
resistance change) occurs in the alloy during | or 2 
min holding periods at 200°C after homogenization 
at 550°C, 
Nevertheless, we find that 
quench from 550°C by holding for only a few seconds 


interruption of the 


at 200°C markedly decreases the rate of resistance 


* The metallurgist calls this phenomenon “‘retrogression”’ 


or “‘riickbildung’’. 


(MIN) 


variation of the course of isothermal energy release with quenching media. 
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Fic. 7. 
mediate holds at 0°C. 


increase at low temperatures. This effect is shown by 
the results plotted in Fig. 8(a). 


changes in a specimen at 0°C, after the quench from 


550°C had been interrupted by holding for a period of 


t, sec in a silicone oil bath at 200°C, are plotted against 
time. At all ¢; the rates are described approximately 
by equation (2). k/b falls approximately as the reci- 
procal (1/t,) of the holding time at 200°C; and at f, 

10 sec, it (k/b) has fallen to less than 1/10 of its value 


after a direct quench (f; = 0) to OC. 


2.0 t. 


TIME IN SEC 
AT 200°C 


O 


2 
TIME 


(MIN) 


Fic. 8. (a) Resistance-time isotherms at 0°C for various inte 


mediate holds at 200°C. 
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Resistance-time isotherms at 200°C for various inter- 


Here the resistance 


RATE OF CLUSTERING 407 


Although there is no perceptible change in resis 
tivity after two minutes at 200°C the initial resistivity 
R,° at 0°C appears to decrease somewhat (by as much 
as 1 part in 250) with increasing ¢;. However, it is 
possible that this effect is spurious since for very 
rapid transformation rates (as is the case for f¢ () 
R,° is likely to be somewhat overestimated. 

Fig. 


variation of the course of isothermal energy release 


(b) Calorimetric measurements. 6(b) shows the 


with quenching medium. As in the case of the resis 
the after 


quenches which should have led to the highest cooling 


tance measurements rate is greater the 


rates. The results obtained after a silicone oil quench 
are in fair agreement, for the time period considered 
to those of Borelius et al.*‘) whose measurements were 


2 


‘he effect 


rate ol 


made at 20°C, after quenching in H,O on 


4.5% Cu. The 


these two studies (both water quench) could ir 


containing variation in the resu 


be due to the large difference in physical si 
the 


coolin 


geometry of the specimens i.e 
larger specimens is not only lower but also less uni 
form) and partly due to differences in temperatures 
sample 


between the two studies. The effect of size of 


on cooling rates during the quenching and its influence 


on the transformation rate has been observed in our 
more recent calorimetric work on the Al—-Ag 

In both the resistance and energy relea 

water or an eutectic mixture of Cat 


lead to the highest cooling rates.t 


* Ou their data 
ferred to in a previous footnote 


treatment ol 


In agreement with some quantitative results « 
the cooling rates of metallic 


from 


wire specimens whe 


into different solution 


Hoffman 


high temperatures 


has been done by R. E and P. St 


Laboratory 
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isotherms at various temperatures 
40°C, 


Resistance-time 
following a brine quench at 


Fic. 9. 


part summarized in Table 1, each sample was homo- 


genized at 550 10°C for a period varying from 
60-90 min. 
hold at 


200°C decreases the rate of energy release at 32°C but 


As shown in Fig. 8(b) an intermediate 


the effect is much less pronounced than in the case of 


TABLE l. 


Lesistometric 


Quenching 


media 


Ethylene Glyc 
Water 


Quenching cal 
AE 10 min 


media 


Water 
Water 
Silicone (27-6) 
CO,(s), Acetone 
Liquid N, 


(22-0) 


Effect of quenching media on the rates of formation of Guinie1 


g atom (alloy) cal 
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the resistance change. This difference probably re- 
sults from the slower rate of cooling of the specimens 


used in the energy measurements. 


Effect of temperature 


(a) Resistometric. Fig. 9 shows the resistance 
change isotherms at various low temperatures follow- 
40°C. Values for k 
[from equation (2)| for some of these isotherms are 


It is found that the temperature 


ing a brine quench at and 5 
given in Table 1. 
dependence of k/b is satisfactorily described by the 


relation [see Fig. 10(a)]. 


k/b A exp [—Q/RT| (5) 


with @ 11.7 keal/g atom (0.51 eV). It was also 
noted that the various isotherms shown in Fig. 9 
differ only by time scale factors which are, or course, 
proportional to the corresponding k/b values. Activa- 
tion energy may also be evaluated from a plot of 
In 1/7 vs. 1/7 
fractional change of AR 


where 7 is time to reach an arbitrary 
> 0 


(b) Calorimetric. The temperature dependence of 
k’/b’ could not be accurately determined; however, it 
with the 
from the resistance measurements and that found for 


is consistent activation energy deduced 
the energy of motion of defects evaluated from pure 
aluminum in experiments based on similar quenching 
techniques (slow and uncontrolled)"* (see footnote, 
p. 405). The clustering in 


activation energy of 


Preston zones in Al—Cu 


(min) 


d(AR) 


t 


dt 20 min : cal = 
(min) 


g atom 


g atom min 


0-4] 
0-44 
0-20 
0-10 
0-03 


408 
5 +13.9°C 
0.0 
We 
0 -19.5 
dic 
otf -26.2 
4 o ~33.4 
2 
- 45.4°C 
fe) 2 3 4 5 
4) 
Temp. 
AR min 10-*® min k (2) 
0 | ort 210 2-Q7 10-4 Q-7 10-5 3-27 10-1 
0 5-88 10-4 1-46 10-4 2-48 
0 CaCl, 10) 263 4°75 10-4 9-60 10-5 2-02 107} 
23-7 CaCl 40) 320 7°67 10-4 8-9 1-16 
23-4 Water (23-4 298 6-08 10-4 1-07 10-4 1-76 10-3 
32-3 CaCl 40) 40 3-76 3°84 1-02 
27°5 Ethvlene Glvcol 50 3-68 5:74 10-5 1-56 
a 
b) Calorimetri 
Temp 
29 27-5 11-6 7-8 
32 12-1 7°3 
31 15-0 6:7 13-0 
21 6-0 5-0 32-6 
21 2-3 2-0 42-5 
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AND 


-10 -20 -30 -40 -50°C 


1.7 k.cal./g.- atom 


39 #4) 4 
T °K 

Fic. 10. 


Activation energy of clustering from the kinetic law 
(resistance data). 


Al-Cu and the activation energy of 
) 


defects in pure Al are listed in Table 2. 


Effect of cold working 


(a) Resistometric. The rate of resistance increase in 
specimens quenched in brine is not perceptibly affected 
by small plastic strains introduced at liquid nitrogen 


temperature immediately after the quench. However, 


TIME MIN) 
Fic. 11. (a) Effect of small plastic strains on the transformation 
rate: Curve 1: Direct quench and aging at 0°C. Curves 2-3: 
Aging at O°C after a 10 sec hold at 200°C and then strained 
Curves 4-7: Aging at O°C after a 10 sec hold at 200°C 


TABLE 2. Activation energy of clustering 


Method 


Specimen 


Al-Cu Resistometric 
Al Resistometric!® 


motion of 
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such small strains markedly increase the transforma- 
tion rate in specimens in which the quench from the 
homogenization temperature is interrupted by short 
holds at 200°C. This effect is shown by the results 
plotted in Fig. 1l(a). Here curve 1 is the isotherm at 
0°C for a specimen directly quenched (f 0) from 
the homogenization temperature and not cold worked. 
Curves 4 
the specimen was not strained but the quenches were 


10 sec at 


7 are OC isotherms for the cases in which 
interrupted by 10 sec holding periods (¢ 
200°C, isotherms for cases in 
the 


Curves 2 and 3 
which f 10 sec at 


are 


200°C and specimen was 


Effect of small pl 


energy released during t 


plastically bent a small amount at liquid 


temperature immediately prior to transforn 


Thus the effect of small plastic deformatio1 


to be the removal, in large part, of the retard 
rate caused by the interruption of the que1 


As shown by the 


11(b) the rate of energy release is 


in Fig 
increased by the introduction of 
by hammering at low temperatures 


plastic straining may enhance the 


release because of the relatively 


specimens which brings them to a sta 


the resistivity specimens aiter interruption 


quench at 200°C, 


Al-Cu) and of motion of defects 


Temp. range 
studied 


| 


$5 to 


0 to 


we TW RN 
- $40 
o 
2 
3.8t- 
3.4} 
- 3.0 
3 45 
fy 
1958 
2+ 
/ | 
/ nitro: 
/ 
8e 
/ appear 
/ 
ale 6} 
/ | 
= 
| : 
2 
(Pure A 
Q kcal/g at 
|| 
12-0 
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( 'ycling experiments 

Fig. 12(a) presents some resistivity results of two 
separate isothermal holds at (a) 0°C and (b) 24°C. In 
each case the sample was homogenized and then 
quenched into water at 0°C and 24°C, respectively. 
In the third experiment the resistivity measurements 
after an identical homogenization and 
quench but cycling between these two temperatures 
as shown. That is, from fy 
made at 0°C; at 24°C; t, +t, at O°C, etc. In 


this cycling experiment it is found that the resistance 


were made 


>t,, measurements were 


points taken at 24°C when scaled along the abscissa 
(decreasing ¢t) lie on the original curve taken at 24°C 
with no cycling. Likewise, at 0°C the data scaled 
along the abscissa (increasing ¢t) coincide with the data 
previously taken at 0°C with no cycling as shown in 
Fig. 12(b). These results indicate that the formation 
of clusters or the 


involves a succession of states that is temperature inde- 


zones in low temperature range 


pendent; i.e. it is governed by a single thermally 


activated process. 


DISCUSSION 
A detailed discussion of the mechanism of zone for- 
mation will be deferred for a later paper. However, 
we shall remark on certain points here. It will be 


assumed at the outset that the low temperature pro- 


perty changes (energy and resistance) measured in 


this investigation are due to the formation of copper 
enriched clusters. Without this assumption it would 
be difficult to account for the magnitude of the energy 
released. 

a) Rate of 


measurements 


Our 


clustering 


movements in clustering. 


that 
occurs in a period of a minute at temperatures as low 


atom 


indicate significant 


as—45°C. For this to have occurred copper atoms must 


have moved distances of the order of three or four 


Fic. 12. (a) Resistance—time curves for sample cycled between 
0° and 24°C. 
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Oo DIRECT QUENCH 


& CYCLING 


60 65 70 
TIME IN MIN 
those 


(b) Superposition of cycled curves with 


obtained isothermally at 0° and 24°C. 


atom diameters. This movement corresponds to a 
diffusion coefficient, D,,,, of the order of 10-!® em? 
sec! which is 1017 times larger than the value 10-*8 
45°C from the high temperature D 


calculated for cu 


vs. 7 relation [equation (1)]. Even assuming the 
highest possible gradient in the chemical potential of 
at —45°C calculated from 
1 


copper the apparent D,,, 


equation (1) can hardly be larger than 10-° cm? sec 
Hence, our results strongly support the theories 
mentioned in the introduction that low temperature 
clustering in Al-Cu is effected by a much greater 
than equilibrium number of lattice defects (e.g. point 
defects or dislocations). 

DeSorbo Turnbull“) the 


of quenched-in defects 


and have measured 


kinetics of annealing out 
(presumably point) in zone-refined aluminum.* Apply- 
ing Koehler, Seitz and Bauerle’s“® interpretation to 
the aluminum results. DeSorbo and Turnbull obtain 


for the diffusion coefficient, D,, 7, of the point defects: 


~ 10-* exp | 12,000/RT') cm? sec! (6) 


where it is assumed that the point defects were 
annihilated at dislocations spaced 10-* to 10-4 cm 
apart. As noted earlier") (see also footnote*) the 
activation energy 12 | keal/g atom for the anneal- 
ing out of point defects in Al is the same within 
error, as the activation energy for 
clustering in both Al-—Cu, this 
Al-Ag (Turnbull and Treaftis"”). 


10~13=! em? see 


experimental 
investigation, and 
at 


quenched-in 


Equation (6) gives D 
45°C. Thus the 


p.d. 
concentration of 


* This abstract referred to activation energy of motion of 
a vacancy in Al as 0.37 eV which value is obtained after an 
air quench followed by an acetone dry-ice quench. For 
rapid quenches in alcohol and water mixtures at 40°C, 


E 0.52 eV. 


m 


24°C 
2 4 6 10 2 
dle. 
3.2! 
Zi} 
3.0 | 
50 55 
Fic. 12. 
4 
24°C 
| 
12.0 
6 
TIME MIN 
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clustering 
Da 


lower 


point defects C',a, needed to effect the 
of copper at 45°C is of the order of D 


1016/19 13-51 op Coa ~ 


Cu 
The 


is near that 


limit of concentration C 
Hence the 


hypothesist that the movement of copper atoms in 


expected upon quenching from 550°C. 


low temperature clustering is brought about by 


quenched-in point defects, presumably vacancies, 
affords a reasonable explanation for both the acti- 
vation energy and the initial rate of clustering. 

We now consider the hypothesis that copper atoms 
drain to clusters along gliding dislocations. In this 
case D,,, must be of the order of fD,, where f is the 
fraction of atom sites situated at dislocation lines or 
pipes and PD, is the diffusion coefficient of copper 
atoms along them. It has been noted by Turnbull 
and Hoffman“®) that the activation energy for self- 
diffusion along dislocation pipes in silver is nearly 
the same as that expected for the diffusion of vacancies 
Therefore, we shall approximate D,, by setting D, , 
It then follows that, to account for the 
10-2541 


equal to it. 


low temperature clustering, f must be 


corresponding to dislocation densities of the order of 


1044=1em-2. This dislocation density is perhaps 10? 

to 10° higher than expected for an homogenized 

of the 


mechanism 


and quenched specimen. However, in view 
the 
cannot be ruled out. 


(a) The 


with 


approximations, dislocation glide 


decrease 


The 


rates of 


kinetic law. continuous 


time of the isothermal resistance 


change or energy release may have one or both of 


the following causes. (See Turnbull'®). 

(1) The lattice defects are annihilated or immobi- 
lized during the course of transformation. 

(2) The driving energy for clustering decreases 
the that diffuse 


increases (i.e. the number of clusters decreases) as 


and distance copper atoms must 


+ To the best of our knowledge this hypothesis was first 
mentioned by C. Zener in private discussions in 1948. Seitz 
see introduction) has developed it independently. 


TABLE 4. AE and b evaluated from equation (7 


Quench media 


Water 
Silicone 
Silicone 

(int. hold 10 see at 200°C) 
Silicone 

int. hold 60 see at 200°C) 
CO,(s) Acetone 
Liquid nitrogen 
Liquid nitrogen 

then cold-worked 


TURNBULL: 


and energy 


Temp 


RATE OF CLUSTERING +1] 


formation in Al—Cu observed 


quent hed 


cluster 
30°C, 
56.6 cal/g atom (alloy), 6 


TABLE 3. Energy of 
calculated T 
AEz 


and in wate! 


Equation (7), 


specimens 


t (min) AE,* (observed AE,* 


60 
76 


LOS 


124 
140 
156 


* Cal/g atom (alloy 


transformation proceeds. Actually, the observed 


kinetic law can be consistent with any one or both 
One of us 


out that clustering may be a process ol competitive 


of these causes. Turnbull) has pointed 


growth, whereby atoms from small clusters dissolve 


and add to larger ones in order to minimize the 


specific cluster matrix interfacial volume 


from the 
that the total energy AF 


a time f¢ is given by 


energ) 


very beginning. In this case it follows'® 


released, isothermally in 


AE, AE 


AE 


makes no 


AE at 


allowance 


where 6 is a constant and 


This equation which 


decrease in defect concentration or mobility 


describes Tire 


transformation, satisfactorily 


release data of Borelius ef al. and also 
Table 3 


released, AE,, 


quenched in wate 


shows a typical comparison 


observed and calculated {ol l 


and measured at 30°( 


also rive 


noteworthy that this relation can 
release (AH,) during cluster 


C AE 


0 
20 15.3 15.4 
28 18.3 18.3 
44 22.4 
25.1 25.1 
27.1 27.1 
_| 
|| 2G 9 30.0 
30.9 31.1 
31.7 32.0 
1/3) 
| bt 
—_ = 
i 
n Al-Cu 
29 16-6 
31 13-1 
32 31-9 0-030 
32 0-030 
21 18-3 0-027 
2] 7:5 0-032 
20 
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(1) quenched 
(2) held at 
and 


data equally satisfactorily for specimens: 
in various quenching media [Fig. 6(b)]; 
intermediate temperatures (200°C) [Fig. 8(b); 
cold worked (Fig. 11(b)]. These results are summar- 
ized in Table 4. 

It was pointed out that the rates of property 
This 


inter- 


change can also be described by equation (2). 
the 


pretation discussed above, but it would also hold 


equation is, of course, consistent with 
if instead: 
(1) The isothermal clustering rate is proportional 
only to the defect concentration. 
(2) The 


rate process. 


defects are annihilated in second order 


(c) Effect of intermediate hold. The effect of the 
quench interruption at 200°C is most simply inter- 
preted on the basis of the quenched in point defect 
hypothesis, as Guinier“ (L’Etat Solide) has already 
implied. Thus, if the quench from 550°C is inter- 
rupted at 200°C the concentration of point defects 


Ca, Will fall toward its equilibrium value at 200°C 


and the initial rate of low temperature clustering 
The data of 
that the 
of point defects in pure aluminum is 
Hence, the hold at 200°C 


could decrease the rate of low temperature clustering 


accordingly. several 


(13 19,20) 


will decrease 


investigators indicate energy of 
formation. 
between 0.74 and 0.80 eV. 


by a factor of 10°’ at most. Actually the clustering 
at OC is decreased by a factor of 
holds of 200°C. 
equation (6) the upper limit for the diffusion coeffi- 
200°C is em? 
sec!. Then if point defects are annihilated only at 
the effect of the 
consistent with a dislocation spacing of the order of 


rate |see Fig. 


at least 300 by 60 sec at From 


cient of point defects, D, 4, at 


dislocations. intermediate hold is 


10-3 cm. However, it seems likely that there will 
be other important mechanisms for the elimination 
of point defects 
the 


such as point defect clustering); 
concentrations 


for at involved, C,, 


the probability of encounter between two point 


defects, is much greater than that between a single 
point defect and a dislocation.* 

The after the 
holds appear to differ only by a time scale factor. 


resistance isotherms intermediate 
Hence. the intermediate hold does not seem to have 
altered the mode of low temperature annihilation 


(if this is rate governing) of point defects. 


* However, it may 
point defects after quenching from 550°C is sufficient for the 
nucleation of point defect clusters below 30° but insufficient 
for such nucleation at 200°; hence there would be a much 
higher density of annibilation centers for point defects below 


30° than at 200°. 


be that the supersaturation ratio of 


VOL. 6, 1958 

There is no simple explanation for the effect of 
the of the 
However, it is possible that the 


intermediate hold on basis dislocation 
glide hypothesis. 
dislocations are immobilized at 200°C by the adsorp- 
tion of impurities on them. 

There is also the possibility pointed out by Frank) 
that 


200°C thus diminishing the driving energy for low 


some association of copper might occur at 


temperature clustering. 
(d) Effe ct 


temperatures might generate point defects) and 


of cold working. Cold-work at low 
provide additional sites for their annihilation at 
the effect of 
working after the 200°C quench interruption is in 
the defect 


higher temperatures. Hence cold- 


qualitative accord with quenched in 


hypothesis [see Fig. 11(a)]. 


SUMMARY 


(1) At 25°C and below the isothermal resistance 


of Al-Cu (1.9 at. %, Cu) alloy may increase by as 
much as 5 per cent with increasing time. During 
the same period as much as 57 cal/g atom of alloy 
(3300 cal/g atom of copper) of energy is released. 
These changes are presumed to be due to the forma- 
tion of small copper rich clusters which may be 
the precursors of Guinier—Preston zones. 

(2) The 


dP/dt, continually diminishes with increasing time, f, 


isothermal rate of property change, 


according to the relation: 


dP/dt k/(t b) 


(3) The rate of resistance increase and of energy 
release (at 25°C and below) increases with increasing 
These rates are also diminished by 
holds of a 200°C 


following homogenization. 


cooling rate. 


few seconds near 

Thus k/b for 
change decreases by a factor of more than 100 as t, 
from 0 to 
change in the resistance of the alloy at 200°C during 


intermediate 
resistance 
increases 60 sec. There is no sensible 
holding periods up to 60 sec. 

(4) After the 
Al-—Cu occurs at 
at least as 


most rapid cooling, clustering in 
sensible rates at 
45°C and 


energy of 12 keal/g atom which is very near that for 


temperatures 
low as with an activation 
clustering in Al-Ag alloy and for the annealing out 


of quenched-in point defects in pure aluminum. 
(5) Very light cold working at low temperature 
increases the rate of clustering in specimens which 
have not been cooled rapidly but not to a rate 
greater than that in the most rapidly cooled speci- 
mens. 
(6) At low temperatures the rate of clustering is 


independent of thermal cycling which indicates that 


== 
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cluster formation in the low temperature range 
involves a succession of states that is temperature 
independent; i.e. it is governed by a single thermally 
activated process. 

(7) The rate of movement of copper atoms in low 
1013 


from the 


temperature clustering is than times 


than the 
temperature 


more 


greater rate calculated high 


relation for the copper diffusion co- 
efhicients. 

(8) The results are most simply explained on the 
basis of the hypothesis due to Zener and Seitz that 
low temperature clustering is effected by the high 
concentration of point defects retained in the alloy 
after a rapid quench from high temperatures.* How- 
glide mechanism of cluster 


ever, the dislocation 


formation is still a possibility. 
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After this paper had been submitted for publication, it 
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reached independently by Dr. T. Federighi. Dr. Federighi’s 
paper will appear in this journal. 
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THE EFFECT OF THERMAL GROOVING ON GRAIN BOUNDARY MOTION* 
W. W. MULLINS* 


\ theory is presented which describes the dynamics of thermal groove formation at a moving grain 
boundary. The treatment is based on the Gibbs-Thompson formula relating curvature to chemical 
potential, and assumes surface diffusion to be the mechanism of groove development. It is proved that a 
boundary will become stuck at the surface if the magnitude of the angle it makes with the surface normal 
is less than a critical value @,. This result is combined with certain consequences of the soap film model 
of grain boundaries to deduce an explanation of the specimen thickness effect of grain growth. Additional 


experimental evidence is presented and interpreted showing that thermal grooves do retard boundaries 


that terminate on a surface causing their migration to be spasmodic. Finally, a discussion is given of the 
hypothesis that a certain type of exaggerated grain growth is caused by inequalities in gas—metal inter- 
facial free energies. 

SILLON MOUVEMENT 
DES JOINTS 


THERMIQUE SUR LE 
DES GRAINS 


L,INFLUENCE D’UN 

L’auteur présente une théorie qui décrit la dynamique de la formation d’un sillon thermique & un joint 
de grains en mouvement. La description est basée sur la formule de Gibbs-Thomson, qui relie la courbure 
au potentiel chimique et suppose que la mécanisme de développement du sillon est la diffusion en 


surtace. 
cette surface est inférieur 4 une valeur critique 6,. Ce résultat est combiné au modeéle du film de savon 


[Il est montré qu'un joint s’arrétera 4 la surface lorsque langle qu‘il fait avec la normale a 


pour les joints en vue d’expliquer l’effet de l’épaisseur de l’échantillon sur la croissance du grain. L’auteur 
présente et interpréte des résultats expérimentaux supplémentaires qui montrent qu’en effet les sillons 
thermiques retardent les joints se terminant sur la surface, ce qui rend leur migration spasmodique. 

Finalement, il discute une hypothése suivant laquelle un certain type de croissance de grain exagérée 
est due a des inégalités des énergies libres interfaciales gaz-métal. 
EINFLUSS EINER THERMISCHEN ATZUNG DER KORNGRENZEN 
AUF THRE WANDERUNG 


Es wird eine Theorie mitgeteilt, die die Dynamik der thermischen Atzung einer wandernden Korn- 


DEI 


grenze beschreibt. 


hang zwischen Oberflachenkriimmung und chemischen Potential gibt, sowie von der Annahme aus, dass 


Die Behandlung geht von der Gibbs—Thompsonschen Formel, die einen Zusammen- 


die Korngrenzenatzung mit Hilfe der Oberflachendiffusion vonstatten geht. Es ergibt sich, dass eine 
Korngrenze an der Oberflache hangen bleibt, wenn der Winkel zwischen jener und der Oberflachen- 
Dieses Ergebnis wird zusammen mit Folgerungen aus 


normale einen kritischen Wert §, unterschreitet. 


dem Seifenblasenmodell zu einer Erklarung des Einflusses der Probendicke auf das Kornwachstum 
herangezogen. An Hand von zusatzlichen experimentellen Ergebnissen wird gezeigt, dass thermische 
Atzfurchen die Wanderung von an der Oberflache endigenden Korngrenzen verzégern und zu einer 
ruckweisen Bewegung Anlass geben. Schliesslich wird die Hypothese diskutiert, dass eine bestimmte Art 
Unterschiede in der freien Energie der Gas-Metall-Grenzflache 


sekundaren Kornwachstums durch 


verursacht wird. 


1. INTRODUCTION follows, only surface diffusion will be considered, since 


is dominant") 


When a metal is hot enough to permit appreciable _ it 


itomic migration, a thermal groove will develop along 
the line where a grain boundary intersects the surface. 
Fig. | 


file (verticle exaggeration ™~5™ ). 


shows a section of an idealized groove pro- 
The motivation for 
the formation of the groove is the tendency of the 
grain boundary to shrink in order to reduce its area 
and hence free energy. The transport processes by 
which the groove may develop are evaporation, surface 


diffusion, and volume diffusion. In the study which 


* Received November 26, 1957. 
+ Westinghouse Laboratory. 
Pennsylvania. 
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on the small scale typical of the 
groove systems which will be discussed. 

The kinetics of thermal groove development have 
been discussed") for the case of a stationary grain 
boundary meeting the plane of the surface at right 
angles. The purpose of the present investigation is to 
analyze what effect grooving has on a grain boundary 
that is moving or that is inclined to the surface plane. 
It has been suggested by Greenough and King"? and by 
other investigators that thermal grooving may inhibit 
the motion of a boundary that terminates on a surface. 
We shall amplify this idea by proposing a specific 
description of the way in which the inhibition occurs. 


MULLINS: THERMAL GROOVING 


Fic. 1. Section showing idealized profile of stationary 


thermal groove (vertical exaggeration ~5 » ). 


The analysis will permit the explanation of several 
problems concerning grain growth in sheets (Section 4) 
that heretofore have not been adequately accounted 
for. 

Since the emphasis of the following study is on 
surface grooving, the grain boundaries themselves 
will be represented in the simplest way, namely, as 
surfaces possessing a specific free energy (y,) and a 
mobility (/,;) that do not depend on the orientation 
of the boundary with respect to the adjacent crystals. 
(y, and /, may still depend on the orientation of the 


i 


crystals with respect to each other.) 


2. BOUNDARY ANCHORING 
AND THE CATENOID 


BY A NOTCH 
SHAPE 
This first to 


simplified picture of why grooving tends to anchor a 


section has two purposes: give a 


boundary: secondly to discuss the catenoid shape 
developed by a suitably anchored boundary. 
Consider a thermal groove to be represented by a 
rigid V-notch that remains fixed despite changes in 
the configuration of the associated boundary. Such a 
representation may be called the static approximation. 
Fig. 2 shows a notch with a series of possible positions 
The dotted L 


perpendicular to the top surface, while the lines a and 


for the associated boundary. line is 
b are perpendicular respectively to the two walls of 
the V-notch. A boundary lying in the sector bounded 
by a and 4 will be anchored to the notch, since it 


In 


contrast, a boundary whose angle with the line ZL 


| 


would be forced to lengthen in order to escape. 


8 


Fic. 2. Boundary anchoring at a notch. 
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r | 


Fic. 3. Catenoid surface spanning circular 


traces in parallel planes 


exceeds 4) will spontaneously escape from the notch 


Note the effectiveness of 


0 
as it may thereby shrink. 
the notch as an anchor depends not upon its depth 


but only upon 4 It is for this reason that thermal 


0° 
grooves, though they rarely exceed | wu in depth, car 
impede a boundary. 

Consider now a columnar grain extending through a 
sheet so as to produce circular grooves on either surface 
(Fig. 3). 
boundary is otherwise free to minimize its area inside 
the sheet. ol 
is the hour glass shape of the catenoid 
SOap 
film stretched between two parallel circular frames 
First 


mean curvature A may be shown) to vanish at all 


Constrained by these circular the 


GTOOVeS 


The result, well known in the theory 
capillarity, 


shown in Fig. 3. It is the shape assumed by a 


Two properties of a catenoid concern us the 


points (the principle radii of curvature at each point 
are equal in magnitude, but opposite in sign Sines 
the K> it 


follows that p vanishes over the entire catenoid bour 


driving pressure is given’ by p 


dary. Secondly, the angle 4 with which the cateno 
meets the surface normal 
the ratio of the sheet 


curvature of the 


(Fig. 3 depends sole 


thickness a t the ra 


circular trace r, i.e. 4 
(a/2r) (the approximation holding when 
Combining these catenoid properties 
clusions of the static approximation 
fol 


anchored to its groove. whereas if 4 fla 


fia 


columnar grain which I 
columnar grain can 


Fig. 4 


section 


pull out of its circular 


and _ shrink represents these tw 


showing in two concentri rains 


/ 


- rw ith their equilibrium catenoid shapes 
of the 


» angular relations just discussed, the 


SectLol 


concentril 


115 
y 
y(x, t) | 
| 
ver sh ~ 
Ba 
| / 
195 
ov 
li 
ge 
a 8, b 
L Fic. 4. Samm of sheet sl ng 
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is anchored whereas the smaller one can pull out of its 
groove and shrink. These considerations will be used 
later (Section 4a) to explain the specimen thickness 
effect of grain growth. 
3. GROOVE DYNAMICS 

In this section the simplifications of the static 
approximation are abandoned, and grooving at a 
moving boundary is investigated from a dynamic 
First the basic equation and the 
that the 
grooving by surface diffusion are presented. Next a 


point of view. 
associated conditions describe 
steady state solution of the equation which describes 
a boundary-groove system of fixed size and shape that 
translates indefinitely at a constant speed is obtained. 
Lastly, the process of sticking is studied by obtaining 
a solution of the equation that describes a decelerating 


and progressively enlarging groove system. 


(a) Equation and boundary conditions 
The dynamical approach is based upon the equation 


Oty doy 
B - 0 (1) 


4 + 


Ox ot 
which describes the evolution of the profile y(x, t) of a 
surface (assumed parallel to the z-axis) under the 
of the 
equation is summarized in Appendix I where the 


action of surface diffusion. The derivation 
expression for B in terms of the surface parameters is 
given. Two points regarding equation (1) should be 
emphasized: 

1) It is assumed that the surface free energy and 
the surface diffusion coefficient of an element of surface 
do not depend upon its orientation with respect to 
the underlying crystal. The agreement between the 
theory based on equation (1), and observation of 
grooving at a stationary boundary" shows the assump- 
tion to be a useful approximation. The consequences 
that may be expected if the assumption is relaxed are 
discussed in Section 4c. 

2) In the derivation of equation (1), it is further 
assumed that max. oy Ox 1. This is justifiable for a 
grain boundary groove since the boundary tension is 
small compared to the surface tension. 

The first step is to transform equation (1) to a frame 
of reference that moves parallel to the z-axis with the 
the 


surface). 


of the groove root (i.e. 
the 


instantaneous speed V 
the 


intersection of boundary and 


Defining ¢ xr V dt as the distance along the 


x-axis from the groove root, we apply the chain rule of 


differentiation to obtain 


By!” Vy’ 
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where partial differentiation with respect to e is 
denoted by a prime. In general, V is a function of the 
time. 

It will be necessary to construct the traveling groove 
from two branches denoted by y_ for e < 0 and y. for 
e¢ > 0. The boundary conditions are taken to be the 
following: 

= y.(9) 


y’(0)— y’_(0) 


(0) (5) 


(0)) + y” (0) 


CT(y” (0) y” 


Equation (3) requires the continuity of the profile. 
(0), 
m y'_(0), and also y, and y, for the specific free 


In equation (4) we use the abbreviations m y 


energy of the boundary and the surface, respectively. 
The equation requires a fixed discontinuity of the 
slope which originates, of course, from the pull of the 
grain boundary at ¢ = 0. The value of W is expected 
to be independent of the speed V, since the driving 
forces producing the motion are small compared to 
those called into play by a slight unbalance in inter- 
section angles. 

The right hand equality of equation (5) requires 
the instantaneous matter currents into and out of ¢ 
0 to be equal [see equation (A2)]|. If there were a 
finite difference in the two currents, the points ¢ = 0 
would move with infinite speed parallel to the y-axis. 
The left hand equality of (5) requires the matter 
current crossing to be proportional to the 
chemical potential difference per unit volume Ay, 
0 in accord with 
the prevailing ideas on boundary migration. The 
difference Ay, the first 
term is proportional to the difference of surface curva- 


(with appropriate sign) across ¢ 
is the sum of two terms: 


ture across ¢ 0 [see equation (Al)]: the second 
term is proportional to the difference of chemical 
potential per unit volume Aw,° arising from other 
sources, e.g. strain energy or grain boundary curvature. 
The constant C plays the role of a mobility. It is 
shown in Appendix III that a reasonable approxima- 
tion is possible by taking C = © so that condition (5) 
becomes 

y” (0) = y”(0) (6) 
and 

(0) (0) (7) 


Au, 


j 


provided 
In other words, the approximation C = o0 implies 
(6) that a groove root is unable to support a significant 


difference of curvature across itself (at temperatures 


Vo 

oy 

0 (2) 
a 
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that allow boundary migration). Unless otherwise 
stated, this simplification is adopted in the sections 
that follow. 

To show the consistency of the description com- 
prising equation (2-5), we first note that the two com- 
Ot), 


follow from purely local conditions at 


ponents of the groove root velocity, V and (dy 
(Oy, /Ot), 


e =. Using equation (2), one finds 


B 


(y_ (9) 


oy B 
| ot M 


é 0 


(0)) 


(m_y. (0) — m,y_(0)). (9) 


These expressions and equations (2-5) now may be 
used to prove energy balance. Thus it is shown in 
Appendix IT that the dissipation of free energy due to 
surface diffusion is just balanced by the release of free 
energy from the shrinking interfaces. 

The mathematical description of grooving is now 
formulated. To study particular cases of moving 
groove systems, we will pursue the tractable course 
of obtaining solutions of the surface grooving equation 
in which the grain boundary is assumed to make a 
fixed angle 4 with the normal to the surface plane 
(i.e. the plane of the surface far from the groove). 
This angle can be related to the root slopes by the 


expression 


(10) 


It will be shown that 6 determines the type of 
mathematical solution obtained. These solutions may 
then be used for qualitative reasoning in cases for 


which @ is not constant. 


(b) Steady state case 

The steady state case is characterized by the con- 
V(t) Vy, (Oy/dt)..6 =9, y_( 
0 (no difference in surface levels far from 


ditions, 
(+ 00) 
groove). 


differential equation for y(e), namely 


Equation (2) then becomes an ordinary 


— od (11) 


The solution of equation (11) 
(6) and (7) is 


where 


V,/B. 
subject to boundary conditions (3), (4), 


2M 


Ve 
é XE 


It follows from the way in which « occurs in these 
that all steady state grooves have the 


The 


expressions 
same shape and differ only by a scale factor. 


2 
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characteristic shape is plotted in Fig. 5 
value M 
the 


for the 


(lO) and (12 


the 


Using equations 


and definition of «. one obtains formulas 


=a} 


From 


where d y.(Q) is the depth of the groovs 
equation (13), the steady state or critical angle 4, has 
a fixed value independent of the size or speed of the 
groove. From equation (14), the groove velocity is 
inversely proportional to the cube of the depth, o1 
the scale of the profile. 

Formulae (13) and (14) may be used for a numerical 
estimate of 4, and V,(d) by taking the typical values 


20 4 


cm 


(near the melting point) of M = 0.3, B = 10 
One finds 9, 


10-19) /d? mm/hr. 


sec”* (see Appendix [). 0.05 radians 
(3.6 

From the formula for the velocity, we see that as d 
ranges from 10-7 
360 mm/hr to 


may be 


9 , 
= and Vo 


em to 10-5 em, V from 
10-4 
for 


whereas the 360 mm/hr is comparatively fast 


ranges 


3.6 mm/hr. The latter velocity 
negligible, 


There 


close to 


regarded most purposes as 


fore, traveling grooves of interest should b 
10-® em in depth and will certainly not be expected 


to exceed 107° em. 


Let us estimate the effect of any additional forces 


that may be present on the steady state groove 


system. From condition (5), it is seen the 


question hinges on the relative size of 
An,°. 


have 


For only a slight unbalance in curvatul 


Steady 
exaggeration 


state 


M 
13 
6 
| 
— 
m m 
M Ay M\*1/Ay 
y Ay” ~ y,—«(—])=7, 
» 7] 
| 
| 
| 
| 
M 
3a 
(12) | 
he 
6 
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using equation (12) to obtain y”, equation (14) to 


evaluate «, and using typical values in the last step. 
for a 


From the preceding discussion, d < 3.10~° cm 


» 


groove of interest and therefore y,Ay” > 3.3 10® 
(Ay"/y”) ergs/em®. Thus, a disparity in the curvature 
of 3 per cent generates a free energy difference of at 
It follows 


10° ergs/em? 


least 10° ergs cm? across the groove root. 
that any a Aun,° 
can be ignored, since it will be nullified by the develop- 


agent generating 


ment of a negligible disparity of curvature. Therefore 


grain boundary curvature virtually never will be 


important, since to attain Aw,° 10° ergs/em?, the 


mean radius of curvature R must be 


2y,/10° ~ 0.01 em (assuming 500 dyn/em) and 


this implies a grain size ~0.002 em. 
The magnitude of Aw, arising from large plastic 
strain or from phases of different stability can easily 


exceed 10° ergs/em?. (Phase boundaries as well as 


orain boundaries will develop oroove systems.) In 


such grooving is expected to be of minor 


Cases, 


importance. 


Ce rating droove syste Wis 


As 4 changes from 0° to ~3° (4.). the behavior of 
that 


the changes from one sinks 


straight down to one that maintains a fixed depth 


oroove system 


and translates indefinitely. In this section the inter- 


which 0 f. is considered. 


mediate case 
The mathematical analysis upon which the discussion 
is based is presented in Appendix IV. 

Under 
y le, 
Appendix IV that the groove profile maintains a 


fixed sh pe (as seen in the moving frame), but that it 


the conditions 0 and 


0 (an initially flat surface), it is proved in 


expands in size so that the dimensions are proportional 
to #4. It is further shown [equation (A19)] that the 
distance s traveled by the groove root from the starting 
point is given by 


(15) 
vhere 4/(6/6,) is given by the inverse of the power 
If 0/6. = 0, 
0, so that the path of the groove root 
For 6/6 l, we 


series (A18), and is plotted in Fig. 6. 
then 
is along the surface normal. must 
have / % since the groove will never sink in and 
will retain the theoretically infinite speed corresponding 


to a zero depth of the steady state. 


Since the vertical speed and the forward speed of 


the groove are each proportional to ¢ : it follows that 


the trajectory of the groove root is a straight line 


less inclined to the surface depending 


more or 


on @. 


the order of 
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From the results of Appendix IV, the profile 
shapes for various # could be constructed. There is, 
however, little (except 
—0, previously the 
conditions seldom would be exactly fulfilled. On 


interest in doing so when 


reported”), for boundary 
the other hand, equation (15) is of interest to us since 
it verifies that boundaries for which @ is suitably less 
than 4. can move only a very short distance in any 
For example, take B= 10-*° em? 
0.5 so that 4A 2.9 

10° see (~44.5 hr). 


tem which is 


practical time. 
sec”! (see Appendix I), 6/6, 
(Fig. 6), 

Then from equation (15), s 5.8 10 


and assume f¢ 1.6 


entirely negligible in any grain growth process. 

In conclusion, we emphasize that the investigation 
has confirmed that a boundary will become stuck if 
the angle 9 which it makes with the normal of an 
initially flat surface lies in the sector —@, 7] f).. 
One expects the conclusion to apply qualitatively 
even if # is not constant but still remains in the sector. 
Also, it is if the 


boundary condition (5) is retained with C 


general 


0. the 


worth noting that more 


sector of angles for which sticking occurs is even 
larger [equation (AS8)]. intuitively 


plausible that small departures from initial flatness 


Finally, it is 


near the groove will not alter the conclusions, since 
the decelerating solution will eventually dominate 


the profile due to its expanding character. 


4 


| 
| 
| 
| 
| 
| 
| 
| 
| 


0.5 
0/4. 


Fic. 6. The graph of 44(6/6,). 
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4. EXPLANATION OF CERTAIN 


EXPERIMENTAL OBSERVATIONS 


(a) The specimen thickness effect 


3eck et al.’ that 


growth often ceases to occur in sheets when the grain 


It was first observed by erain 


size is approximately equal to the sheet thickness. 


These investigators have termed the phenomenon the 


specimen thickness effect. Fig. 7 reproduces their 


results on Al. Similar observations have been made 
on a-brass by Towers and Beck,'” and by Burke.‘® 
In the following discussion, several possible causes are 
eliminated, then an explanation of the phenomenon in 
terms of thermal grooving is proposed. 

In the first place, the effect cannot be due to the 
inhibition arising from a dispersed second phase, for 
analysis of this case’ defines a limiting grain size in 
terms of the degree of dispersion of the second phase. 
A sheet much thinner than this limiting size would not, 
contrary to fact, show the specimen thickness effect. 
still the 


discussed by the writer in a previous publication” 


Secondly, while conceivable, hypothesis 
that the mobility of a boundary depends on the 
vacancy concentration appears to be unnecessary in 
view of the simpler explanation that follows. Thirdly, 
Smith“ and Burke‘®) have attributed the decrease 
in growth rate to a rather sudden reduction in curva- 
ture when the grains of a sheet span its thickness, 
since they presume that the boundaries lose the double 
curvatures characteristic of a three-dimensional 
structure and retain only a single curvature in the 
This, however, would 


plane of the sheet. only 


size, 


Maximum grain 


Specimen thickness, mm 


Fic. 7. Maximum grain size attainable by gradual grain 
growth in high purity aluminum, as a function of specimen 
thickness showing “‘specimen thickness (a) Speci 
mens not etched before annealing. Empty circle: 


extremely deeply etched before annealing. (from Beck et al.“®?), 


specimen 
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decrease the growth rate by a factor of two or so 
whereas a virtual cessation of growth is observed in 
the specimen thickness effect. Furthermore, the motion 
ofa boundary at any point is determined by its local 
curvature, and in thin sheets showing the specimen 
thickness effect one certainly encounters stationary 
boundaries with strong curvatures (in the plane of the 
sheet). In fact, it shown” that if th 


has been 


boundary curvature exists only in the plane of the 
sheet and if certain other reasonable assumptions are 
valid, then the rate of change of enclosed area dA/dt 


for a grain of n sides is given by 


observation ol 
(dA /dt 


all grains) reveals many grains for which x 6 


where k is a constant. But 


ple 


showing the specimen thickness effect 


To resolve this contradiction, the main assumption 
underlying equation (16) must be rejected: in othe 
words, it is presumed that the boundary curvature is 
not confined to the plane of the sheet. Instead, it is 
proposed that grain boundaries showing the specimen 
thickness effect have a curvature in the plane normal 
to the sheet that just cancels the curvature in the 
plane of the sheet. Furthermore, this double curvature 
the 


angles 


is tolerated only because boundaries meet the 


surface normal at and are therefor 
stuck in their own thermal grooves. 
As stated in Section 2, 


through a sheet and constrained along circular ares of 


a grain boundary extending 


meets the surface normal with 


radii r at the surfaces, 


an angle @ Consider now 


cry stalline sheet whose grains span the thickness 
approximate the surface traces of all boundaries 
circular ares. If 6 a/2r 4. for each arc, thei 


boundaries will be permanently stuck in then 


and will assume the 
Therefore 


becomes large enough SO 


that 


thermal 


OTOOVEeS, 


catenoid sections. when the 


a sheet tnat al 


have radii of curvature exceed 


growth must stop. 
oD where F is the 


Suppose 7 average radi 


curvature of the boundaries in the plane of thx 


D is the average grain diameter and o is a constan 
Then it 


rate of grain growth should decrease very rapidly when 


follows from the discussion above that the 


Tmax 
D Dmax 


oO 


and y, are constants, equation 


|S 119 
dA 
k(a/3 6 16 
dt 
E 
| 
rall iZe ll 
| grail 
Gy 
| 
1 2 
| 
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that the final grain size D,,,,, in a sheet should be pro- 


portional to the sheet thickness a. Furthermore, the 


coefficient of a is the order of unity since y,/y, ~ 
2 so that 3y 
diction is in accord with the data of Beck et al.‘® 


3, and o~5, |/oy.~ 1-2. This pre- 
(Fig. 7) who find the coefficient of proportionality to 
be nearly unity. A more exact comparison is not 
possible, since y,/y, has not been measured for Al. 
The following limitation of the foregoing analysis 
The oD and the 


limiting condition (17) can be expected to hold only 


should be noted: relation 7 
for so-called normal grain growth in which the pro- 
portion of 3, 4, 5,... n-sided grains remains roughly 
constant as growth proceeds. (The constancy of the 
proportion of n-sided grains is a feature of soap 
froth coarsening.”*)) If, however, there are special 
conditions (discussed in Section 4c) which cause a 
small proportion of grains to acquire an increasing 
number of sides, then (17) will not define a limiting 


erain size and exaggerated growth will ensue. 


(b) Impediment of grooving and spasmodic migration 


In this section, additional experimental evidence 
that 


grain 


thermal grooving 


that 


will be presented to show 


inhibits the motion of a boundary 


a) 0.050 in. Cu sheet annealed for 81 hr at 940°C. 
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terminates on the surface. Figs. 8 and 9 are typical 
photomicrographs of samples of A.S.R. Cu (99.999 


1 j 
1 in. rod to 


per cent purity) which were rolled from a 
a thickness of 0.050 in., electrolytically polished, then 
annealed isothermally at 940°C for 81 hr in an atmo- 
sphere of 93°, N, and 7% H,. The samples were not 
treated in any way after annealing so that all surface 
features were developed during the anneal. Similar 
photomicrographs of isothermally annealed Al have 
been published by Lacombe and Beaujard@” and 
by Forsyth.“ 

The networks and families of lines visible in Figs. 
8(a) and 9(a) are thermal grooves produced by the grain 
boundaries in positions they formerly occupied. Fig. 
10 shows an interference photomicrograph (taken with 
a Zeiss interference microscope) of the dotted area of 
Fig. 8 confirming that the lines actually are depressions 
or grooves. The final positions of the grain boundaries 
as determined by etching are shown in Figs. 8(b) and 
9(b) respectively. 

It is evident that the grooves can be grouped into 
large scale families of curves and a small scale back- 
ground network. It is believed that the small scale 
network was formed in the interval of time during 
which the temperature was high enough to have 


73. (b) Final positions of the boundaries of 8(a). 


(b) 


Dotted 


window shows region of interference photograph (Fig. 10). 


a) 
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Fic. 9. (a) 0.050 in. Cu sheet annealed for 81 hr at 


permitted recrystallization, but was still too low to 
permit strain free grain growth. This explanation is 
substantiated by the fact that rapid heating of the 
sample to the final temperature eliminates the net- 
work, presumably by reducing the time during which 
the boundaries are temporarily stationary. 

The families of curves show the pronounced impedi- 
ment that thermal grooves offer to boundary migration 
when the grain size is the order of the sheet thickness. 
That the impediment occurred at the surface and not 
internally is supported by the following observations: 

(1) Fig. 
with their steepest wall in the direction of boundary 


10 shows the grooves to be asymmetrical 
migration. This agrees with the concept of the boun- 
dary tugging on the groove in the direction of travel. 

(2) The grooves belonging to a family are uniform 
curves, instead of having cusps as one would expect 
if the boundaries were temporarily pinned by localized 
inclusions. 

The spasmodic character of the boundary motion 
can be qualitatively accounted for as follows: <A 
become 


migrating boundary for which # < 6, will 


stuck at the surface (Section 3c). Under favorable 


interior curvatures, however, the boundary may 


ON 
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(b 


(b) Final positions of the boundaries of 


continue to migrate inside so that 4 may surpass @ 


causing the boundary to pop out of its old thermal 
groove (in analogy to the escape of a soap film fron 
surtace a igh speed 


(theoretically infinite speed corresponding to a Ze 


a notch) and to race along thi 


groove depth). Thereupon, # will decreas 


ses 17 TOS 


finite mobility of the boundary cau 


attempting to keep pace with the groove root 


still theoretically 


the groove speed at 9. is 


must decrease below 4. into the sectol 


the croove to decelerate and the boundary ecome 


stuck at the surface again. In summary, we picture 


the internal part of the boundary moving in a con 


tinuous manner while the groove root describes 


serrated path as it alternately abandons an old groov« 


a hew one 


and then plunges below the surface to forn 
While the deceleration of groove fo! which |4 


has been rigorously established. we have reverted 


to the static approximation to describe the process 


may he 


whereby a boundary abandons a groove. It 


conjectured that a suitable description of the aban 


donment process could be rigorously demonstrated 


from equation (2) and its subsidiary conditions 


When a groove is abandoned, it will immediately 


12] 
le (a) | 
te 
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Interference photomicrograph of 


family of grooves. 


develop a horizontal tangent at the old root and will 
begin, so to speak, to heal. Since, however, the mounds 
on either side will spread outwards as well as into the 
groove, the healing time is much longer (theoretically 
the Thus, 


formed in a few minutes can persist for hours after 


infinite) than formation time. grooves 


abandoned. The mathematical description of the 
healing process is just the solution of equation (1) 
subject to the boundary conditions of an initial profile 
y(a, 0) and no enforced slope. Extending an approach 
used by Mykura,“® the solution may be expressed 
as a Fourier integral, namely 

dhe 


y(w, 0) cos h(x w) dw 


(18) 

(c) Exaggerated grain growth 
Exaggerated grain growth consists in the spon- 
taneous growth, after primary recrystallization, of a 
few grains to a giant size (with many sides) while 
the average size of the remaining grains increases only 


slightly or not at all. It has usually been studied in 
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sheets where the size of the giant grain may become 
many times that of the sheet thickness. To reconcile 
this phenomenon with our explanation of the specimen 
thickness effect two points will be made: first, if 
some special conditions exist to produce a large initial 
disparity of grain size, then considerations of boundary 
curvature and thermal grooving show the disparity 
will tend to increase; secondly, only certain special 
conditions, to be discussed in part below, can give 
rise to the initial disparity. In the absence of these 
conditions, the specimen thickness effect is expected. 

To consider the first point, assume a few large 
many-sided grains in a matrix of small ones. Then as 
Smith@” has shown, the boundary of a many-sided 
grain will be scalloped with the concave sides of its 
ares facing outward. The radii of curvature r of the 
ares (in the plane of the sheet) will approximately 
But, the 
matrix grains will not exceed the order of the sheet 
This implies that 6 for 
(the catenoid 


equal the diameter of the matrix grains. 
thickness a; hence r <a. 
the scalloped boundary will be 217 
angle for r = a) which certainly exceeds 6, ~ 3°. We 
conclude that the growth of a giant many-sided 
grain among a matrix of small ones will not be 
impeded by thermal grooves even though its diameter 
the 
the curvature of its boundary is favorable for con- 


is many times sheet thickness. Furthermore, 
tined growth of the giant grain. 

Concerning the second point, only two special 
conditions which may develop a large initial disparity 
in grain size will be mentioned. First of all, the work 
of Jeffries"®) and more recently of Beck et al., 
demonstrates that the progressive dissolution of a 
second phase at the grain boundaries can, by per- 
mitting only a few boundaries to move at first, develop 
a large disparity in the grain size. 

Secondly, in their study of secondary recrystalli- 
zation (or exaggerated grain growth) in Cu, Kronberg 
and Wilson®® suggest, among other possibilities, 
that surface-free energy, as well as grain boundary 
free energy may be an important factor in exaggerated 
grain growth. It is the writer’s opinion that this 


important possibility has not received sufficient 


attention and the remainder of this section will be 
devoted to the idea and its relation to thermal 
grooving. 

A dependence of the gas—metal interfacial free 
energy upon crystallographic orientation implies that 
the various grains exposed to the surface of a sheet 
will, in general, have various surface free energies. 
These free energies must be considered when the 
growth of surface grains is analyzed. 


Ignoring thermal grooving for the moment, let us 


$22 \CTA ME 
Fic. 10. 
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under a greater driving force and hence will move 
more readily 


It only remains to e how thermal grooving 


modifies ow picture exaggerated growth. If 
conditions (4), (6) and (7) are modified to allow for 


different surface parameters on the two groov 


branches (B B it 18 possible to carry 
Migration produced by unequal through the same program ot the rmal VTOOVEeE cal ula 
surface-free energies. tions that has heen followed tor equal surface para 
meters. It is assumed that the variation of y and B 
consider a sheet with two grains separated by a single — jg small over the range of ¢ xposed surface orientations 
boundary as shown in section by Fig. 11. If the two so that the treatment can still be based on equatior 
grains have unequal surface-free energies y y_, (2). 
then the boundary will meet the surface normal at an The most important result is that unequal 
angle @ given by Yy sin 0 y V+: The situation free energies make it possible to have st 
is precisely analogous to the wetting of a solid by a_ solutions of arbitrarv velocity for which 
fluid where 4, or rather its complement, corresponds eyen for cases where the boundary is drag 


to the contact angle. The non-zero value of 4 will behind. so to speak. In fact, if 


impress a curvature upon the grain boundary which in — | / |, then a simple calculation to the first order in f 


turn will attempt to straighten out. Again, the shows that the sector of angles for which sticking 
situation is analogous to the capillary penetration occurs is shifted as follows 
of a fluid between two parallel plates that are 
wet by the fluid: the result is a consumption of 
the grain of higher surface-free energy by the one of 
lower surface-free energy. Listed below are some 
points consistent with the hypothesis that certain 
types of exaggerated grain growth are caused by 
inequalities in the surface-free energy of the grains. 
where the angles 4, and 4, are the limiting 


(1) The definite orientation relationships that usually 3 
. angles depicted in Fig. 12, and where 4 


exist) between the primary and the secondary iW 


or exaggerated grains are consistent with the assump- £83 ee 
lo obtain a steady state with @, 


tion of a dependence of surface-free energy upon 
orientation and the requirements of definite surface- 
0.03. It may be concluded, in terms of this dk 
free energy unbalances to produce exaggerated growth i 
that thermal grooving will not interfere w 
(2) Kronberg and Wilson® find that exaggerated : 
gerated srowth motivated Dv surtace tree ene! 


growth occurs most easily at the surface. In several 
: ences, provided these differences are at 


cases, they report grains of ~}in. dia., but ex- per cent 
tending only 0.001—0.002 in. below the surface 

(in 0.012 in. sheet). One might picture a low-surface ee 
energy crystal as “wetting” the surface of the sheet (1) A theory is presented 
from underneath. dynamics of thermal groove fo 
(3) The surface-free energies would, in general, grain boundary. It is predicted tl 
depend upon the chemical environment and the will become stuck at the surfac 


temperature. The resulting dependence of the favored 


orientations upon the temperature and adsorbed 
impurities could account for the erratic character 
of exaggerated grain growth. 

(4) There is evidence that exaggerated growth 
proceeds more readily in thin than in thick sheets,‘?” 
other conditions being equal. This follows from the 
hypothesis, since for a fixed angle 9 (Fig. 11) the 
impressed curvature must be greater the thinner the 


sheet. This in turn implies that the boundary is 


£25 
» 
Y+ 
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the angle it makes with the surface normal is less 
than a critical value, 6... 

(2) The result of point (1) is combined with some 
simple consequences of the soap film model of grain 
boundaries to arrive at a new explanation of the 
specimen thickness effect of grain growth. 

(3) Additional experimental evidence is presented 
to show that thermal grooves do retard boundaries 
that terminate on a surface causing their migration 
to be spasmodic. The evidence is interpreted in terms 
of point (1). 

(4) A discussion is given of the hypothesis that a 
certain type of exaggerated grain growth is caused by 
inequalities in the gas—metal interfacial free energies. 
This hypothesis is considered in relation to thermal 
erooving. 

ACKNOWLEDGMENTS 

Gratitude is expressed to the members of the 

Metallurgy Section of Westinghouse Research Labora- 


tories for helpful criticism. 


APPENDIX I 
The following is a brief summary of an analysis 


previously published”) describing thermal groove 
development by surface diffusion. 
ruled surface 


The time-dependent profile of a 


parallel to the z-axis may be represented by the 
function y(x, t) (Fig. 1). An atom on a curved portion 
of the profile has a higher chemical potential than ona 
flat 


Thompson formula 


portion by an amount given by the Gibbs- 


(Al) 
Here y, is the surface tension, Q the atomic volume, 
and the curvature has been approximated as 0?y/d2? 


since max. |dy/dz| 1. A gradient of chemical 


potential produces a surface current of atoms J 


given by the Nernst—Einstein relation 


B 


D.\ Ou By 
Q Ox? 


(A2 


where v is the drift velocity, »y the number of atoms 
per unit area, D, the surface diffusion coefficient, and 
B= (DyyQ?)[kT. 

the 


satisfied by y, namely 


Application of a continuity 


condition gives partial differential equation 


oy 


1 and using typical 
20 


Assuming D.~ 10-° cm? sec 
values for the other constants one estimates B~ 10 
1 1 


cm” sec 
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APPENDIX II 
To prove the balance of energy [equation (A6)] for 
the groove system under the action of surface diffusion, 
we differentiate equation (2) with respect to e, 
multiply the result by y’ and integrate on the interval 


0 <e< 0. The result is 


dt. 
(A4) 


assuming y and its derivatives vanish at +00. The 
first term of (A4) is then integrated by parts twice 
with the result that the integrated parts contribute 
at = 0 because of their discontinuities there. If 
equation (A4) is then multiplied by y,, and the 
substitution for V is made from equation (8), the 


result after some rearrangement is 


BI | de + (0) 


B 


d 
(y (Q) y.. : 
4 


(A5) 

The first term of (A5) is the rate of free energy 

dissipated dW /dt due to the surface diffusion. To prove 

this, we use the definition of chemical potential and 
equations (Al) and (A2) to obtain. 


ad 


| Jdp=y,B 


y” dy" 


x 
| y" de + y" (0) + — 
Le x 

The second term of (A5) may be written as y,(dL,/ 
dt), where dL,/dt is the rate of increase in length of 
the grain boundary (apart from any change in length 
due to curvature motion). This is proved by taking 
components of the velocities given by equation (8) 
and (9) along the line of the grain boundary which 
makes the angle 4 (m, + m_)/2 to the surface 
normal. 

The final terms of (A5) can be written as y,(dL,/dt), 
where dL,/dt is the rate of increase in the length of 


the surface. This follows since 


dl. | 


1) de 
dt dt J—« 


| for max ly | < 
dt 
Equation (A5) may now be written 
dW dL, dL, 
dt 


a) 


B dé ds 0) 
0 
Oty 
= B= 0. (A3) 
ot Ox! 
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That is, the rate of dissipation of free energy by 


surface diffusion is just balanced by the rate of release 


of free energy supplied by the shrinking interfaces. 


APPENDIX III 
The solution of equation (11) subject to conditions 
(3)-(5) (with Aw,,° 
= y.(+0) 


0) and to the condition y_(— a) 


0 is easily found to be 


M (2a 
\ Sala 
(A7) 
Using equations (10) and (A7), the angle , which 
the grain boundary makes with the surface normal for 
the steady state is found to be 


A relation between the speed V, and the depth 
d y_(0) yO) is (A7) by 
setting « = 0 and solving for «. 


1M 
Ca 


obtained from 


One has 


(AQ) 


To justify an approximation that 
let 
value of C near the melting point of a typical metal. 


will simplify 
these and other formulae, us now estimate the 
In the absence of any directly pertinent information, 
the estimate will be based upon the rates of boundary 
migration, i.e. the ease with which atoms cross the 
boundary inside a metal instead of at the groove 
root. 

For a grain boundary, the speed of migration V, is 
proportional to the difference of chemical potential 
per unit volume Ay, of atoms on the two sides of 
the boundary. If the boundary has a specific free 
energy y, and a mean curvature A, then Ayu Ky,. 
Since V,, is also the drift velocity of interior atoms 
that cross the boundary, their mobility /, is / 
V,/QAu, V,/QKy,. 

Now C determines the mobility of atoms crossing 
the (5). In fact, 
combining (5) and equations (Al) and (A2) we obtain 


groove root through condition 
for the mobility of 6, of atoms crossing the groove 
root the expression 

CD. 


kT 


drift velocity 


QAn, 
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Equating the mobilities /, : >, and solving for ¢ 


we obtain 
V, kT 
Ky, QD 


From the data of Aust et a/.'?8 
em sec-!, K ~ 10 em—!, 7 ~ 108 


D.=~ 


dyn/em em? sec”! and 


em®, one obtains C ~ 5 

The value of ¢ 
grooves whose depth exceeds a few atomic diameters, 
formula (AQ) 
M/C(| M/C = (0.3)/(5 


estimated above implies that for 


can be approximated by taking d 


6 to give 


(All) 


M/C, (A9 


x. Therefore (AS) gives the fixed valu 


Furthermore, if d formula implies 


Al2) 

Equations (All), (Al2) and the limiting form of (A7) 

> ( appear in the text as equations (12), (13) 
and (14). 

By 


it is easily seen that the condition ( 


as a/C’ 


using equation (A7) to evaluate equation 
1S equival 
as stated in 


to the replacement of (5) by (6) and (7 


the text. Finally, note that the estimate of (' is 
probably conservative, since it should be easier for 
atoms to cross the boundary at the surface than in the 
interior where they must rely on “‘open spaces” in 
the boundary. 
APPENDIX IV 

To 
assume a solution of equation 
( Bt)!/4Z(e/( Bt)/4 
shape, but expanding size where the linear dime 
f1/4 


investigate decelerating 


This describes a_ profil 


are proportional to Substitution into « 


(2) G1VeS 


BZ 


( Bt)? 


where (Bt)!/4, and prime denotes diffi 
with respect to u. If we 

( Bt)3/4 7 B/( and mi 
(Bt)?’4, it becomes an ordinary 


for the profile shape function Z 


iltiply 


divide this equation by B and 


to @ u $7. The result is 


Z 


K. Taking y, ~ 500 
MC 
y 
j a(a + 3C) 
MC \/3 
a(a + 3C) 2 
M 
B 3d 
( 
M 
M « C 
6, 
2a 3C 
- 
| BuZ BZ 
V(t)Z ) A13 
1( Bt)?/4 1( Br)3/4 
to chang ri 
| 
Bo Z \l4 
O2r,, 
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where the prime now denotes differentiation with 
respect to @. 
Equation (Al4) has been discussed in a previous 


publication.”) It may be solved in a power series 


Z=»awq where the recursion relation 


(A115) 
2)(n 3)(n 4) 


din 1) di 


holds. By a simple extension of the method pre- 


viously given, it may be shown that the conditions 


\ 2] (5/4) 


ay 


61'(1/2)a.] 


taken with the minus sign guarantee Z(-+-0o) = 0, 
and taken with the plus sign guarantee Z(—0) = 0. 
[It is possible, therefore, to construct four linearly 
independent solutions Z, and Z, which vanish at 
For Z, 
0, so that they have 


For Z, and Z, 


© and Z, and Z, which vanish at 0. 
and Z., 


unit slope and zero current at @ (). 


we take a, l, a 


we take a, 0. do l, 


3 so that they have zero slope 
and a finite current at m (). 


The explicit expressions 
are 


Z 


where recursion relation (A15) may be used to extend 
each series. It is easily proved that each Z and its 
derivatives are absolutely convergent series and there- 
fore may be multiplied in the usual way. 

If we now take y_/(Bt)!/4 = Z PZ, + QZ, and 
y, |(Bt)/4 = Z RZ, + SZ,, boundary conditions 
(3), (4), (6) and (7) and the definition of 4 [equation (10) | 
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require the following relations at the point m = 4A (u 


0). 
PZ,(42) 
PZ’,(42) 
PZ',(4A) 
PZ",(4A) 
PZ", (42) 


QZ,(4/) — RZ,(4A) 

RZ’,(42) 
RZ’.(4A) 
RZ" (42) 


RZ" (42) 


SZ,(4/) = 0 


QZ’ SZ’ ,(4A) M 


QZ’',(4A) SZ’ ,(44) = 20 


QZ",(42) SZ" (42) = 0 


QZ" (4A) 


SZ" (42) = 0. 
(A16) 

If these five equations are regarded as linear in the 
four unknowns PQRS, then the determinant of the 
augmented matrix of the coefficients must vanish'24) 
Expanding this 
M, 20, 0. 


0) we obtain the following relation between 4 and 7 


for the equations to be consistent. 
determinant by the augmented column (0, 


NN N 
NN 


N 
N 


NN 


where it is understood that Z and all its derivatives 
are evaluated at w 4/4. In principle, all the power 
series expressions for the Z’s etc. can be multiplied 
together to give a power series in 4/4 for 26/M. It is 
much easier, however, to make use of the rules for 
the 


equation (14A). (The determinant in the denominator 


differentiating determinants) and defining 


of (A17) is shown thereby to be identically a constant. ) 
Proceeding in this manner and substituting WV — 69,, 
one finds, 


0/0. (2.57 10~%)(4A)8 
10-°)(4A)° 


10~®)(4A)7 


(1.912 
(5.090 
(1.566 (Al8) 

This function is plotted in Fig. 6 in the range for which 

the partial series is accurate to better than one per 

cent. The function must be asymptotic to 6/9, I 

because the velocity in the steady state case remains 

theoretically infinite. 

the groove from the 


The distance s traveled by 


starting point is 


Bh 
Jo( 


dt = 42(0/6.)( Bt)/4 (A19) 


We could now return to (A16), substitute (A17) for 


126 
a 1 a 
| 
As ap ay 
Z, 2, 1 
‘4 
20 Z| 1 
(A17) 
|4% 
Z", 
\ 21(5/4) 24 21'(3/4) 
| 
\ 21'(5/4)4 - 4! 
61(1/2 
\/ 2] o/4 24 21'(3/4) 
30/2) 
\ 2] 4)2 4! 
| | 
2] 2/4) 24 21'(3/4) 
\ 2] $)4 
\/ 2] 5/4 24 21'(3/4) 
3I(1/2) 
*t 
vas 
J0 
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and solve the equations for P,Q, and S in power Zi 
nst in. (Metall.) Engrs 
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STRUCTURAL CHANGES IN SINGLE CRYSTAL COPPER-ALPHA BRASS 
DIFFUSION COUPLES*?* 


V. Y. DOO?t and R. W. BALLUFFI{ 


Structural changes associated with Kirkendall diffusion in single crystal copper alpha-brass couples 
have been studied. Vapour-solid couples in which zinc was diffused into copper from the vapour were 
investigated using metallographic and X-ray techniques. The following effects were found under certain 
conditions in the diffusion zone: (1) dislocation formation; (2) arrangement of dislocations into sub- 
boundaries; (3) recrystallization and formation of new grains; (4) twin formation. The dislocation 
density and fineness of substructure were greatest at the lowest diffusion temperatures. Re-crystal- 
lization was found at low diffusion temperatures, and twin formation was always associated with 
recrystallization. An explanation of these phenomena is given in terms of the production and subsequent 


redistribution of dislocations by climb and slip mechanisms during diffusion. 


MODIFICATIONS STRUCTURALES DANS LES COUPLES DE DIFFUSION MONO- 
CRISTALLINS CUIVRE-LAITON « 

Les auteurs étudient les modifications structurales associées 4 la diffusion Kinkendall dans les couples 
monocristallins cuivre-laiton %. Ils examinent par la métallographie et les rayons X des couples vapeur 
solide dans lesquels le zine diffuse de la phase vapeur dans le cuivre. Ils trouvent dans la zone de diffusion 
et dans certaines conditions les effets suivants: (1) Formation de dislocations (2) arrangement des 
dislocations en sous-joints (3) recristallisation et formation de nouveaux grains (4) formation de macles. 
La densité de dislocations et la finesse de la sousstructure sont les plus élevées aux températures de 
diffusion les plus basses. La recristallisation a lieu aux basses températures de diffusion et la formation 
des macles est toujours associée a la recristallisation. Les auteurs donnent une explication de ces 
phénomeénes sur la base de la formation et de la redistribution subséquente des dislocations par les 


mécanismes de montée et de glissement au cours de la diffusion. 


STRUKTURELLE VERANDERUNGEN BEI DER DIFFUSION IN 
EINKRISTALLINEN 
An einkristallinen Kupfer-x-Messingproben wurden die mit der Kirkendall-Diffusion einhergehenden 
strukturellen Veranderungen verfolgt. Die Proben, bei denen Zink aus der Dampfphase in festes Kupfer 
eindiffundiert war, wurden mit metallographischen und Réntgen-Verfahren untersucht. In der 
Diffusionszone wurden unter geeigneten Bedingungen die folgenden Effekte gefunden: 1. Versetzungs- 
entstehung, 2. Anordnung von Vesertzungen in Subkorngrenzen, 3. Rekristallisation und Kornneubild- 
ung, 4. Zwillingsbildung. Bei den niedrigsten Diffusionstemperaturen waren die Versetzungsdichte am 
héchsten und die Substruktur am feinsten ausgebildet. Rekristallisation wurde bei tiefen Diffusions- 
temperaturen gefunden, und die Zwillingsbildung trat stets gleichzeitig mit der Rekristallisation auf. 
Diese Erscheinungen werden auf Grund der Erzeugung und einer nachfolgenden Umordnung von 


Versetzungen durch Klettern und Gleitvorgange wahrend der Diffusion erklart. 


1. INTRODUCTION and X-ray means by Balluffi and co-workers.:4,*) 
It is well established that structural changes occur All of these diffusion systems show a marked 
in Kirkendall diffusion zones.“-*) Rhines and Mehl™ = Kirkendalleffect. and these effects appear to be related 


found the following effects in the copper—alpha-brass — to the osmotic pressure and mass flow associated with 
system: (1) grain boundary migration, (2) appearance — the unequal diffusion. The generation of stress in the 
(6,7) 


of new grains, and (3) formation of twins. Barnes™ diffusion zone has been discussed previously and 


reported the presence of “‘ghost’’ boundaries in the — the presence of sub-structure has been taken" as 


copper—nickel system and proved these to be sub- evidence that stresses above the yield point are 
boundaries by an X-ray study. Sub-structure net- generated and that a dislocation type plastic flow 
works in the copper—nickel, silver-gold, copper—alpha- occurs. 


brass systems have been found by direct microscopic The present work was undertaken to provide more 


: Sega detailed information about the structural changes 
* Received November 27, 1957. 4 
This research was supported by the United States Air Which occur during diffusion. The copper—alpha-brass 
Force through the Air Force Office of Scientific Research of — system was chosen for study, and vapour-solid type 
the Air Research and Development Command under Contract : : ; 
No. AF 18 (603) 106. Reproduction in whole or in part is 
permitted for any purpose by the United States Goverment. single crystals of copper, were used. These couples 
* Dept. of Mining and Metallurgical Engineering, Uni- . 
versity of Illinois, Urbana, Illinois. 
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diffusion couples, in which zine vapour is diffused into 


have the following advantages in a study of this kind: 
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AND 


TABLE 1. X-ray and metallographic data for non 
Diff. 
temp. 
(°C) 


Diff. 
time 
(hr) 


Total zine 


Spec. 
gain (%) 


after 
etch 


before 
etch 


(A) Before diffusion 


After diffusion 
880 
880 
880 
880 
880 
680 
680 
680 
680 
600 


(1) a strong Kirkendall effect which has been widely 
investigated exists in this system, (2) diffusion couples 
of initially high crystal perfection may be prepared, 
(3) effects can be observed directly on the specimen 
surface after diffusion, and (4) a sensitive electro- 
etching technique’® for revealing imperfections is 
available. 
2. EXPERIMENTAL 


] 


Copper single crystal slabs were made by 


Specime n preparation and diffusion proce dure 


the 


Bridgman method from American Smelting and 
Refining Co. copper at least 99.999 per cent pure. Slabs 
0.114 cm thick were placed in spectroscopically pure 
graphite molds and sealed in Vycor capsules for 
melting. Each assembly, which was sealed under a 
vacuum of 5 10-® mm Hg, was traversed by a hot 
zone in a horizontal furnace, and single crystal slabs 
0.114 em thick by 0.90 em wide by 12.0 cm long were 


A, B and C 


prepared and cut into specimens 1.4 cm long with a 


crown. Three slabs, designated were 


nitric acid saw. Before diffusion each specimen was 
electro-polished with orthophosphoric acid. 

Zinc was diffused into the copper single crystals 
from the vapour using a technique which has been 
employed previously.“;®) The specimens were sealed 
in Vycor capsules at a pressure of | 10-> mm Hg 
along with adequate zinc reservoirs of fine alpha brass 
chips and were diffused under the conditions given in 
Table 1. Previous work 4;*) has shown that zine vapour 
transport to the copper is rapid at diffusion tempera- 
tures and that approximate equilibrium is maintained 
between the surfaces of the chips and the specimen. 
In the present case the chips were made from alpha 
brass spectroscopically pure except for a faint trace 


of lead. 


Each capsule assembly contained a copper 


-recrystallized regions near t 


Avg. sub-grain size (1) 


CHANGES IN DIFFUSION 


ne specimen suriat 


Max. ang 


yrains pel! 


ulal 
f 
I 


spread oO 
X-ray 


reflection 


X-ray 


meas. 


Line 


cry stalina graphite boat with brass chips at each end 
During diffusion the temperature variation along each 
capsule was less than 3°C and the temperature was 
controlled to 3°C 


bow Microscopic and X-ray examination 
The surface structure and interior of each specimen 
before and after diffusion were investigated by micro 


X-ray All sectioning 


the acid well 


methods was don 


In 


structure could be observed on the specimen surfaces 


scopic and 


saw. defined 


Cases a 


with many 


directly after diffusion as a result of the high tempera 
Jacquet’s electro-etch 
method‘ In 
this method the surface is electro-polished and thet 


ture treatment of the surface. 
was used to further reveal sub-structure 
thiosulfate 


electro-etched in a 0.2 


at 1.5 A/dm? for 1 min. 
film 
for 


An estimate of the crystal perfection o 


per cent 
The resulting sulfw 


removed by immersion in concentra 


is 
about see. 

f a 

of specimens before and after diffusion was obt: 


X-ray 


using a monochromatic line focused 


method", specimen is piaced a 


where the 
focus of a bent crystal monochromator, and 


220) or (311) reflection is registered at a 


100 em. The beam cross-section at the focus measures 


5 10-3 ¢ The total id of the 


as a 


n l em. ingular spre 


by 


measure ot the pe rtectiol 


1ethod 


reflection was used 


The 


was 


back reflection n with 


for 


imperfection 


Laue 


determining orientation and 


Orient 


used 


studying ition determ 


were made with a 0.051 em dia. collimator and 


The 


gated by studying the fine structure of the Laue 


specimen to film distance perfection v 


spots 


and sufficient resolution was obtained using a 0.013 en 


dia. collimator and a 2 cm specimen to film distance 
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Laue focus 
A 10 
B 18 13 
C 12 
(B) 
A 0.57 2.3 LO 5 Poor! resolved 
A 9 14.1 16 1] 3°36 —~360 
A 72 24.4 28 27 1°32 Dd 
C 72 24.3 29 25 23 2°36 75 
Ci 169 28.0 58 63 50 1°20 16 
A 28 2.9 q 1°20 Poorly 1 lved 
A 240 1.6 12 2°50 
A 450 12.0 16 14 2°50 —~ 21) 
A 450 12.1 L5 14 2°52 —~200 
C 730 5.5 10 6°16 Poorly resolved 
t tie line 
the Cu K 
| 
radiat 
o fi 
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3. RESULTS 

3.1. Structure before diffusion 
No structure could be detected in the single crystal 
slabs A, B and C by microscopic methods. Also, the 
Laue spots appeared quite sharp without detectable 
the 
technique showed that 


line 
the 


structure. However. monochromatic 


X-ray 


orientation spread of single crystal B was appreciably 


fine 
focused beam 
larger than that of crystals A and C. These data are 
Table 1. 


includes instrumental broadening, and the intrinsic 


given in The angular spread, of course, 


broadening was therefore lower than the observed 


values. The perfection of slab B was lower than that 
of A and C, because this crystal was strained during 


growth (2 per cent strain). The specimens made from 


this crystal were used to investigate the effect of 


variation of initial structure. 


3.2. Structure after diffusion 


after diffusion contained 


characteristics typical of a metal deformed at elevated 


The structure many 


temperature. Dislocations, sub-grain boundaries, 
recrystallized grains, and twins were found in various 
specimens, and their appearance is described below. 

3.21. Direct 
dence the 
zone was obtained in many cases from the appearance 


of the The 


Dislocations and sub-boundaries. evi- 


of a network of sub-grains in diffusion 


surface after diffusion. surface varied 


Fic. 1. 


surface structure 


250. 


Specimen Cl; 72hr at 880°C; 
immediately after diffusion. 


VOL. 


Specimen A3; 28 hr at 680°C; surface structure 
immediately after diffusion. LOOO. 


according to the diffusion treatment. At high tempera- 
tures and long times a smooth shiny surface developed 
containing a network of grooves which clearly outlined 
the sub-boundary as seen in Fig. 1. At the low tempera- 
tures and shorter times the surface became rough and 
dull obscuring any sub-structure (Fig. 2). This rough 
surface appeared to be a surface phenomenon which 
was eliminated by smoothing effects at high tempera- 
tures or long times. In several cases the sub-grain 
size at the surface was measured and is given in Table 
1. The measurements were made in regions where the 
average original crystal orientation was preserved and 
had Under 


certain conditions new grains of completely different 


where recrystallization not occurred. 
orientation formed and large volumes of the diffusion 
zone were swept out by high angle grain boundaries.* 
The structures in these recrystallized regions were 
always more perfect than in the unrecrystallized 
material and will be described later. 

Further information about the sub-structure and 
dislocation arrangement in the surface layers was ob- 
tained by electro-etching. This technique appeared to 
etch sub-boundaries and many comparatively isolated 
dislocations. The development of the sub-structure net- 


work during diffusion was clearly observed in the etched 


* High angle grain boundaries are taken to be boundaries 
where the misorientation is of the order of 10° or higher. The 
mis-orientation between the sub-grains was of the order of 
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Fic. 5. Specimen 72 at SSO-C: electro-etched: 
Fig. 3 Specimen C4; 730 hr at 600°C;  electro-etched; sub-structure near surface produced by inward diffusion 
substructure near surface produced by inward diffusion. The - 
dislocation arrays tend to run approximately parallel to the 
slip plane traces (see arrows). 250. 


Fic. 4. Specimen A8; 240 hr at 680°C; electro-etched; Fic. 6. Specimen : 

substructure near surface produced by inward diffusion. The sub-structure near the surface produced by inward diffusion 
250 

sub-boundaries no longer tend to run parallel to the slip <9 


plane traces (see arrows). 250. 
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structures. The sub-structure developed continuously, 
and in general the sub-grains became coarser and 
better defined the higher the diffusion temperature or 
The sub-structure at 
The 


dislocation walls tend to run approximately parallel 


the longer the diffusion time. 
the lowest temperature (600°) is shown in Fig. 3. 


to the multiple (111) slip planes, and the sub-grains 


between them are in most cases small and rather 


poorly defined. This structure appears to be strongly 
inherited from a distribution of dislocations which 
were produced on the slip planes by slip, and it 
contains a high dislocation density which persisted for 
several hundreds of hours. Typical sub-structures 
developed at higher temperatures are shown in Figs. 
4—6. 


towards an equi-axed shape with increased tempera- 


The increase in sub-grain size and the tendency 


ture and time are evident. 

Distributions of dislocations on (111) slip planes 
were found in all specimens (Fig. 9 for example). It is 
not certain whether all such dislocation arrangements 
were present at diffusion temperatures. It is possible 
that a slight plastic flow may have occurred during 
cooling to room temperature in the specimens con- 
taining concentration gradients because of the varia- 
tion of the thermal contraction with composition. 
The 
thermal contraction is quite small and would be of the 
order of 0.3°, 
However, slip plane dislocation arrays were 


possible strain generated by differences in 
for a composition difference of 30°, 
Zinc. 
observed in specimen C3 in which the concentration 
gradients after diffusion were extremely small. It 
should be emphasized that these dislocations were not 
introduced after cooling from the diffusion tempera- 
ture, since the specimens were carefully handled and 
were simply electro-polished and etched. 

The results obtained from X-ray investigation of 
these structures near the surface are in close agreement 
with the metallographic results. Typical Laue spots 
showing fine structure due to the sub-structure are 
shown in Fig. 7. The maximum angular spread and 


the number of sub-grains registered per spot are 


given in Table 1. An approximate measurement of 
the sub-grain size was obtained by dividing the known 


irradiated area of the specimen by the number of 


sub-spots per Laue spot. The agreement between the 


sub-grain size measured metallographically and from 
the X-ray data is quite good. The degree of imper- 
fection is roughly measured by the angular spread of 
the Laue spots and the size of the sub-grains and was 
The 


structures at low temperatures appear most imperfect 


greatly increased in all cases by diffusion. 


in agreement with the metallographic results. In 
these cases the Laue spots show maximum breadth, 
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and the fine structure due to the sub-grains is poorly 
The angular spread of the Laue spots 
the 
increased diffusion time at both 680 


resolved. 
increased with 


and 880°C, 


decreased and sub-grain size 

All of the above structures were observed near the 
surface where the zinc content was close to 30 per cent. 
A study of the variation of sub-structure with distance 
into the specimen was made by examining sections 
parallel to the diffusion. Jacquet’s etch was not 
effective on copper containing small amounts of zine 
and, therefore, the X-ray method had to suffice for 
this part of the work. Detectable structural changes 
were only found in regions in the vicinity of the 
diffusion zone. The distribution of zinc was estimated 
The 


The angular spread 


from previous diffusion data.‘4,> results for 
specimen A2 are given in Table 2. 
of the Laue spots decreased and the size of sub-grains 
increased with distance into the specimen, and in the 
the 
approached that of the original copper. Similar results 


regions barely penetrated by zinc structure 


were obtained for specimen Cl which was diffused 


more completely (Table 2). 


In this case appreciable 
zinc reached the specimen center and the total 
the 


angular spread of the X-ray reflections still decreased 


variation of structure was smaller. However. 


and the sub-grain size increased with distance from 


the surface. In other specimens which were diffused 


(f) 


back reflection 
specimen-film 


Fic. 7. Laue X-ray 

pinhole, 2 cm distance). All the 

regions are in their original orientation except (b), 

recrystallized. 6. 

(a) Original copper single crystal slab C; (012) reflection. 
(b) Specimen C4 (730 hr at 600°C); (012) reflection. 
(c) Specimen C4 (730hr at 600°C); (012) reflection. 
(d) Original copper single crystal slab A; (111) reflection. 
(e) Specimen A7 (72 hr at 880°C); (111) reflection. 
(f) Specimen A2 (9hr at 880°C); (111) reflection. 
(g) Specimen Al (0.57 hr at 880°C); (111) reflection. 


spots (0.0127 em dia. 
X-rayed 


which is 


(b) We ‘ 
(d) 
| 
= (9) 
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TABLE 2. 


Number of sub-grains 
per Laue spot 


Distance from 
surface 


to a lesser degree the pure copper interior was un- 
affected by the diffusion. 

3.22. 
of cases new grains of completely different orientation 
formed in the matrix and occupied an appreciable 
volume of the diffusion zone. All of the specimens in 


which new grains formed are listed in Table 3 along 


with X-ray and metallographic data. An estimate of 


the fractional volume of the specimen which recrystal- 
lized is given in each case. The new grains varied in 
size between 0.2 and 5mm depending on diffusion 
temperature and time. The formation of new grains 
appeared to be favoured by long diffusion times at low 
temperatures (A5, A6, A8 C4) or by 
crystal imperfection (Bl, B2 and C2). Specimens Bl 
and B2 
original growth and C2 was bent to a radius of 2.5 em 


The 


and initial 


were strained (<2 


and then straightened before diffusion. new 


grains in specimensA5, A6, A8, C4 and B2 were plate- 


like and formed parallel to the surface in the region 
penetrated by zinc. In these specimens diffusion 
barely reached the center, and the new grains, 
therefore, only formed on the diffusion zone. Speci- 
mens Bl and C2 were diffused completely through, 
and in these cases the new grains extended throughout 
the 


complete. 


entire thickness, and_ recrystallization was 


TABLE 3. 


STRUCTURAL CHANGES IN 


Avg. sub-grain 


Recrystallized grains and twins. In a number 


per cent) during their 


DIFFUSION 


X-ray data describing structural changes across the diffusion zon 


Max 
spread of 
Laue 


angulat Estimated 


content 
size (4m) 
spot 


The new grains are seen to be considerably more 
perfect than the co-existing matrix material. The 
angular spread of the X-ray reflections was smalle1 
and the sub-grain size in the new grains was large! 
Metallographic examination also revealed the greate1 
perfection of the new grains, and examples of structural 
differences across the high angle boundaries separating 
material are shown in 


new grains from the matrix 


Figs. 8 and 9. The perfection of the new grains 


however, remained appreciably lower than that of the 
before diffusion. Several typical 
10 and 11 


where isolated dislocations and low angle boundaries 


single crystals 


structures in new grains are shown in Figs 


in various stages of development are evident These 


structures indicate that a repetition of the process 


which produced the sub-structure in the original 
matrix material took place in the new grains to some 
extent. 

The orientations of a number of the 


specimens A6, A8, Bl and B2 were determined 


hew grains 


the single rotations necessary to bring their orie1 
into coincidence with the original material are 
in Table 4. The 

following major 
accuracy of 4°: [100], [110], [111], or [112 


All specimens in which new 


rotation axis was any one of 


crystallographi« axes withn 


grains tormeda 


contained many twins. Twins were found imping 


X-ray and metallographic data for recrystallized regions in the diffusion zone near the 


specimen surface 


Avg. sub-grain size (1) 
Diff. Diff. 
temp. time 
(°C) (hr) 


Spec. 
After 
etch 


Before 
etch 


X-ray 


meas. 


Max. angula1 
spread of Laue 


Number of sub 
grains pel 
Laue 


spot spot 


Poorly resolved 


$33 
0-220 
150-370 —~280 
300-520 95 12 
Cl 450-670 40 8 5-20. 
220 13 = 1°37 24.5-3.6 
150-370 70 a0 11.6—0.2 
300-520 62 u4 129 0.4—0 
450-670 50 25 
24 28 1°20 
- 1] 8 27.4-24.3 
12 95.4-21.2 
22.8-18.5 
ny 
680 240 
Ad 680 450 
AG 
680 450 4] 27 
600 730 43 39 = 
B2* 880 9 £5 aan ) 
Bi* 880 79 47 10) 5 
C2* RRO 16 65 59 
L5 
10 
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Fic. 8. Specimen A6; 450 hr at 680°C; electro-etched: Fic. 10. Specimen Bl; 72hr at 880°C; electro-etched; 
shows difference in structure near surface between the re- structure in recrystallized region near surface. Arrows 
cry stallized (bottom) and unrecry stallized (top) grains. 250. indicate (111) traces. 250. 


Fic. 9. Specimen C4; 730 hr at 600°C: electro-etched;: Fic. Ee. Specimen A6; 450 hr at 680°C: 
shows difference in sub-structure near surface between the 
recrystallized (right) and unrecrystallized (left) grains. The 
dislocation arrays tend to run approximately parallel to the 
slip traces (see arrows). The orientation difference between 
these grains corresponds to a rotation of 10° around [100]. x 250 


electro-etched; 
structure in recrystallized region near surface. 250. 
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Fic. 12. Specimen A5; 450 hr at 680°C; electro-etched; 
unrecrystallized and recrystallized (top) grains. 250. 


at the specimen surface or grain boundaries and were 


occasionally found isolated within new grains 


Fig. (12). In many cases the twin boundaries were 
distorted that 
deformation occurred after their formation. 


and curved indicating significant 


3.3. Dimensional changes 


Previous work‘? has shown that any dimensional 
changes during diffusion are completely restricted to 
the diffusion direction whenever the specimen thickness 
is sufficiently large. This effect was measured in the 
present specimens by the use of molybdenum markers 
Short 0.003 in. dia. 
molybdenum wires first sintered to the surface and 
their after 
measured. The expansion in the plane of the surface 


on specimen A7. lengths of 


separation before and diffusion was 


TABLE 4. Rotation angle around appropriate axis describing 
orientation relationship between matrix material and a new 
grain. (Each angle refers to an individual grain.) 


Rotation Axis 
Specimen 


{100} [110] [111] 
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was found to be 
tially all of the 


to the diffusion direction. 


0.7 per cent indicating that essen- 


dimensional changes were restricted 


4. DIFFUSION MODEL 


The observed structural changes are und rubtedly 


associated with dislocations in the diffusion zone, and 
we next discuss the basic diffusion processes producing 
the dislocations. During diffusion inward flow of 
zine occurs more rapidly than outward flow ot copper 


The 


unequal 


and the diffusion zone tends to expand sources 


and sinks which support the diffusion 


currents are most likely dislocations. If diffusion 


occurs by a vacancy mechanism, the dislocations 


net number of vacancies which 


the 


climb and generate a 


are pumped out by net incoming atomic flux 
The vacancy concentration will not be in equilibrium 
due to the pumping action of the chemical gradient 
the 


driving force for climb. A 


and deviation from equilibrium provides the 


number of distinct pro 


cesses May act to produce dislocations, and they are 


discussed below. 

(a) Dislocation climb. Various climb proce sses may 
increase the dislocation density. Geometrical details 
of possible mechanisms are given elsewhere. Extensive 
climb may occur at pinned segments of edge character 
which operate as dislocation mills creating an indefi 


(11,12 


nite number of new loops. Dislocations with 


a strong screw component may also produce spiral 


(13 


prismatic dislocations. Entire networks may also 


climb. In this case, the increase in dislocation density 
will be less than in the above mechanisms 


(b) Slip caused by restraints on volume ch 


anges 


The 
present experiments indicate that plastic flow by shi} 
occurred during diffusion causing further dislocation 
production. The dislocation distributions in F 
and 9, 


evidence for this conclusion.* 


for example, have already beet 
Each volume « 
penetrated by zinc tends to expand, and if thi 
sion is restrained by the non-diffused materia 
built 


stresses are up which will produce 


further evidence 


* Note added in 


of extensive slip has been obtained by 


proot: 


the surface of specimens immediatel) 
of slip bands of 
three different 


microscope. The slip was only observed in specim 


formation average 


observed on slip systems und 


for short times at low temperatures (2 hr at 600° 
the 
longer times or higher temper! itures once the 
The 
not as sharply defined as are usual slip bands produced at roo 
temperature indicating that some 


surface steps were eliminated by smoothing 

main 
diffusion passed the surface region. observed bands wer 
smoothing had occurred 
oduced 
irp slip bands 
did 


holding 


This smoothing is evidence that the bands 
during diffusion that shi 
produced by deforming brass at room temperature 


heating to 600°¢ 


were pl 
since it was found 
not 
round off appreciably as a result of 
for 10 min, and cooling back to 


room temperaturt 


195 
112 
AG 12 24 
A8 30 17 | 
Bl 30°,35 28 30°24 28 
B2 18 22 40 
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This slip should be particularly effective in intro- 
ducing large numbers of dislocations into the diffusion 
zine. The deformation is necessarily inhomogeneous, 
and complicated multiple slip is required. As Brink- 
man has emphasized, most of the slip must terminate 
within the crystal and many of the dislocations will, 
therefore, remain trapped. In the present case it is 
convenient to discuss the expansion of a small 
volume element in the diffusion zone in terms of two 
parts: (1) the expansion due to the increase in the 
number of atoms in the element as a result of unequal 
diffusion, and (2) the considerably smaller expansion 
due to the increase in lattice parameter with increasing 
zinc. When a volume element containing copper is 
penetrated by zine toa composition of 28 weight per- 
cent zinc, there is a total volume expansion of about 
33 per cent if D,,/D 5.4. 


spacing accounts for a volume expansion of about i) 


Cu The increase in lattice 
percent (or approximately 1/6 of the total effect). 
Expansion (1) is purely a Kirkendall phenomenon, 
since it is caused by unequal diffusion: while ex- 
pansion (2) will occur in any diffusion process. The 
that the allowed expansion 


measurements show 


normal to the diffusion direction is <0.7 percent, and a 
small amount of slip, therefore, must occur to restrain 
the volume expansion due to the lattice parameter 
the The 


strains due to this effect will be ~1 percent in the two 


increase to diffusion direction. plastic 


principal directions perpendicular to the diffusion 


direction. A considerably greater amount of slip may 
be required to restrain the larger volume expansion 
(1) to the direction of diffusion. For a face-centered 
cubic crystal we may expect the volume expansion due 
to climbing dislocations to be closely isotropic in the 
absence of constraints. However. when the volume 
expansion is restrained a two dimensional compressive 
stress is established perpendicular to the diffusion 
hinders the climb of dislocations 


direction which 


having Burgers vectors which produce expansions in 
the stress direction.“©”) Two cases may occur which 
define the limiting amounts of plastic flow which could 
this 


a value which is sufficient to essentially stop the 


result from process: (1) the stress may reach 
climbing of dislocations with appreciable Burgers 
vector component parallel to the stress: (2) the stress 
may have only a minor effect in restraining dislocation 
climb, and the expansion due to source action would 
continue to be isotropic. In this case a plastic fiow 
process by slip is required to simultaneously squeeze 
the expanding material into the direction of diffusion. 
Case (1) corresponds to no plastic flow, and case (2) 
The actual 


the 


corresponds to maximum plastic flow. 


state of affairs will be determined by factors 
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controlling the dislocation climb and merits some 
discussion. The velocity of dislocation climb may be 


written?) 
Bnfe © (1) 


where f is the force, U is an activation energy, 7 is the 
number of jogs per unit length, and B is temperature 


dependent. This relation holds when the quantity 


fb?/kT, where bis the Burgers vector, is small compared 


tounity: a condition satisfied in the present discussion. 
For simplicity we consider the extremes where b is 
perpendicular or parallel to the stress, ¢. When 6 is 


perpendicular to o, 


where Gb?/r is the restoring force due to the line 


tension of the dislocation curved to a radius 7, and 


N, \ | 
n | 
is the force tending to produce climb in the presence 


N°. When 
ob. An estimate of the 


of the vacancy subsaturation ratio N, 
is parallel to o, f =f fi 
ratio v/v, should indicate the degree of anisotropy 
of the volume expansion. o cannot greatly exceed 
the critical shear stress (~108 dyne/em?) and the term 
Gb*/r is equivalent to a stress, Gb/r, which should not 
exceed o. Using these values the ratio v,/v, is close 
to unity when the vacancy sub-saturation is a few 
0.97). 


An almost maximum amount of plastic flow will 


per cent (for instance, v,,/v = when JN, 
therefore occur at a vacancy sub-saturation of a few 
per cent. We note that the above analysis of the effect 
of stress on dislocation climb differs from the one 
carried out by Brinkman. 

The large amount of slip observed near the surface 
indicates that the vacancy sub-saturation must have 
been large enough to produce considerable plastic 
flow due to the divergence of the vacancy current and 
the stresses generated by climbing dislocations in these 
regions. The situation is less clear deeper within the 
specimen. We may expect the sub-saturation to fall 
off with distance from the surface, and eventually the 
slip due to the vacancy divergence will be substantially 
reduced. However, the amount of slip associated with 
a given change in lattice parameter should remain 
constant everywhere. The relative importance of 
these factors in producing slip at considerable distances 
within the specimens cannot be deduced from the 
present results. In a previous paper” it was suggested 
that the stress levels generated by the restraints on 


QO In |, 
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volume expansion should depend directly upon the 
magnitude of the vacancy supersaturation. Such a 
lattice 


In actual systems, such as 


situation would only occur if parameter 
changes were negligible. 
the present, the deviations from vacancy equilibrium 
may become sufficiently small so that the stress and 
associated slip are not controlled by the deviations 
from vacancy equilibrium but are controlled by the 
volume changes induced by lattice parameter changes 
instead. 

It is of interest to attempt to visualize the rate of 
dislocation production in the diffusion zone as a 
function of time and distance as diffusion sweeps into 
the specimen. The rate of dislocation production in 
any region which results from the climb, and slip 
processes associated with the unequal diffusion should 
vary approximately as the divergence of the vacancy 
current. The rate of dislocation production associated 
with the slip induced by lattice parameter changes 
should vary approximately as the rate of change of 
chemical composition. The dislocation production, 


therefore. may be followed crudely by focusing 


attention on the regions where the vacancy divergence 
and the rate of change of chemical composition have 
values. Darken’s relations”) the 


maximum Using 


vacancy divergence is given by 


div J 


(2) 


where Q atomic volume, the D; are the intrinsic 


diffusivities, and N,, is the atomic fraction of zinc. 
The 


equations for a vacancy diffusion process are discussed 


approximations involved in using Darken’s 


elsewhere.“® At the region of maximum divergence 


0 {of 


ON,, | 
0 Dyn u) | 


Ox 

Making the change of variable 7 a/\/t, and using 

f(A) it is found that 
Putting 7 A 


the well known result that Nz, 
equation (3) is satisfied by / 
x= where A, 


into equation (2). (div J. 


B. and C are constants. At the region of maximum 


rate of composition change 


) ON gn 
Zn Ox 
QO. (4) 


Using the same procedure equation (4) is satisfied by 
oN 
ot 


where R, 


R, and 


max 
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and 7’ The 


divergence and the rate of 


are constants. maxima of the vacancy 


change of composition 
therefore, do not necessarily coincide. In general we 
may conclude that the rate of dislocation production 
into the 


fall off in 


acts as a wave with maxima which move 


specimen parabolically with time and 


magnitude at least as rapidly as a~*. 


5. DISCUSSION 
The proportion of dislocations contributed by climb 
and glide cannot be deduced from the present results 
The the 


where many of the dislocations appeared associated 


structures at lower diffusion temperatures 


with the slip planes is good evidence for the presence 


of slip dislocations. The formation of dislocations by 


climb would be a more random process whi h could 


not be detected by present methods. 


The sub-boundary formation must be due to the 


grouping of these dislocations into arrays causing a 


decrease in potential energy. The kinetics of the sub 


boundary formation should be similar to sub-boundary 


formation during high temperature deformation. In 


this case it is known that the simultaneous presence of 


and deformation accelerate the formation of 


stress 


sub-boundaries. The development of the sub-boundary 


network occurred continuously, and the structure 


became coarse and equi-axed at the higher tempera 
Such behavior would bs 


tures of diffusion. expected 


after the main wave of diffusion passed since fewet 

vdded 
equivalent 
The 


angulal spread of the Lau spots 


dislocations were then and the diffusion 


process became almost tO anne 


elevated temperatures continuous dec 
und incre 
indicate a decrease in the 


sub-grain size 


mutual 


\t the lower 


extre 


dislocation density caused by wnninl 


dislocations of opposite sign. 


tures these annealing effects wer mely 


a high dislocation density persisted for long 


The formation of new grains was favored 


rioags ana 


temperatures and long diffusion pe 
At 


containing a relati 


initial crystal perfection low temperatur 


structure vely high densiti 


ind 


dislocations was produced 


periods and eventually recrystallization 
The details of the nucleation process are not 


it10n. witli 


but eventually a small region of the 


configul 


have reached a 


then 


structure must 


ability to grow. Growth occurred undet 


driving force of the difference in dislocation densit 


8 and 9). The nucleation rate in the 


(Figs. 
was apparently quite low since few new grains formed 
These 


which did form then grew to a comparatively large 


in each recrystallized specimen few nuclei 


= 
al ON | 

= 

Zn*" Cu Cu* 

Ox\ dx Ox \dx L 


$38 
size. In the partially diffused specimens growth of 
the new grains could only occur in the narrow heavily 
dislocated diffusion zone, and the new grains in such 
cases were thin and plate-like and occupied only the 
width of the diffusion zone. The increased tendency 
of the initially deformed specimens to recrystallize 
attributed to an 
the 


location density of crystal B which was deformed 


during diffusion can be increased 


dislocation content. For instance, initial dis- 


during growth was crudely estimated” to be about 


five times that of crystals A and C using the mono- 
chromatic line focused X-ray data (Table 1). 

Twins were always found in the recrystallized 
specimens and their formation was most likely similar 
to the of the 
cold-worked and annealed structures. The mechanism 


formation usual annealing twins in 


of annealing twin formation has been discussed 


extensively"!®), Preferred conditions for twin formation 


are predicted under certain conditions at grain 


boundaries where twin formation can cause a decrease 


in interfacial energy. The present results seem in 


agreement with such a mechanism. Examples of 


twin formation at an advancing grain boundary are 


seen in Fig. 12. 
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DER KONZENTRATIONSGRADIENT DER EISENIONEN-LEERSTELLEN 
IN WUSTIT-ZUNDERSCHICHTEN UND DER MECHANISMUS 
DER OXYDATION DES EISENS*+ 


H.-J. ENGELL 


Mit einem elektrochemischen Verfahren wird der Konzentrationsgradient der EF 
in Wiistit-Zunderschichten gemessen. Die Zunderschichten wurden durch Oxydation 
Sauerstoff bei Temperaturen von 650° bis 1000°C hergestellt. Der Konzentrations 
stellen ist in der ganzen Wiistitschicht konstant. 

Eine Erérterung der Wagnerschen Zundertheorie zeigt, dass ein konstanter K 
der wanderungsfahigen Stérstellen in Zunderschichten unter zwei Voraussetzungen 
Diffusionskoeffizient der Storstellen muss erstens unabhangig von ihrer Konzentratio 
die thermodynamische Aktivitaét der St6rstellen proportional ihrer Konzentratio 
Konzentration iiber ein Potenzgesetz zusammenhangen. Aus Messungen von Hi 
chenall®® ergibt sich, dass beide Forderungen fiir die Diffusion von Eisenionen- Lee 
zwischen 800 und 1000°C annahernd erfiillt sind 

Aus den ermittelten Konzentrationsgradienten und den gleichfalls gemessener 
der Oxydation der Eisenproben lassen sich die Diffusionskoeffizienten der wanderung 
berechnen. Die so erhaltenen Werte sind besonders bei hGheren Temperaturen etwa 
der Diffusionskoeffizienten der Eisenionen-Leerstellen, die sich aus Messungen cd 
Eisen im Wiistit berechnen lassen. Oxydationsversuche unter Verwendung inerter 
wahrscheinlich, dass dieser Unterschied auf einer Be tellgung des Sauerstoffs am Mat 
die Wiistitschicht beruht. 

Abweichungen vom parabolischen Verlauf der Oxydation des 


hemmungen infolge Spaltbildung an der nerenz Kisen-Wiistit 


THE CONCENTRATION GRADIENT OF ITRON-ION-VACANCIES IN WUSTITI 
SCALING FILMS AND THE MECHANISM OF OXIDATION Ol] 


The concentration gradient of iron-ion-vacancies in W 


chemically. The films were obtained by oxidation of pure iron oxvgen between 65 nd 1000% 


concentration gradi nt of vacancies is constant over 
According to Wagner's theory of scaling a constant 
expected under two conditions: (1) the diffusion ¢ 
and (2) the thermodynamic activity 
concentration). It follows from measureme 
almost fulfilled in the case the diffusion o 
From the measured gradients and veloc 
of the mobile defects are calculated At hig 
diffusion coefficients of iron-ion-vacancies 
Wiistite. Marker experiments show that 
transport ot matter through the W iistite 
Deviations from the parabolic law of oxi 


cracks in the iron-Wiistite boundary. 


LE GRADIENT DE CONCENTRATION DES LACI ES IONS DE |] 
COUCHES DE WUSTITE ET LE MECANISMI OXY DATION 
Au moyen d’une méthode électrochimique, 
des ions fer dans les couches oxydées de wiistit« Les couches 
fer pul dans loxygeéne a des te mperature s de 650° a 
constant pour toute |’épaisseur de wiistite 
Sur la base de la théorie d’oxydation de Wagnet 
constance du gradient de concentration des positions interst 
oxydées, movyennant deux Suppositions: 
(1) le coefficient de diffusion des positions interstith 
(2) Vaetivité thermodynamiqu de ces positions intel 
centration ou bien étre liée a cette concentration suivant un¢ 
Mehl et Birchenall, il déduit que les deux conditions poi 
wustite sont approximativement remplies entre 800° et LOOO™ 


* Received February 8, 1957; in revised form April 12, 1957 
+ Mitteilung aus dem Max-Planck-Institut fiir Eisenforschung, Dusseldorf 
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et des vitesses d’oxydation, des échantillons de fer, l’auteur calcule les coefficients de diffusion des 
positions interstitielles susceptibles de diffuser. Les valeurs ainsi obtenues sont, particuliérement pour les 


températures élevées, légérement supérieures aux valeurs des coefficients de diffusion des lacunes de fer 


ionique calculées & partir de mesures d’autodiffusion du fer dans la wiistite. 


Des essais d’oxydation en 


utilisant des traceurs inertes montrent qu'il est probable que cette différence soit due a la participation 
de loxygéne au transport de matiére a travers la wiistite. Enfin, auteur attribue le fait que l’oxydation 
du fer s’écarte de la loi parabolique 4 des contraintes de transition par suite de la formation de fissures a 


linterface fer-wiistite. 


EINLEITUNG 


Bei der Oxydation von Eisen an Luft oder in 


Sauerstoff bildet sich bei Temperaturen von mehr 


als 570°C auf dem Metall eine porenfreie Deckschicht 
aus, die in drei Schichten aus den Oxyden Wiistit 
Fe,_,O, Magnetit Fe,0, und Hamatit Fe,O, aufgebaut 
ist. Die Wiistitschicht macht im Temperaturgebiet 
von 700° bis 1100° etwa 95°, der gesamten Zunder- 
schicht 
Magnetitschicht. an die sich die meist fusserst diinne 


aus. Sie liegt zwischen dem Eisen und der 
Hamatitschicht anschliesst. 

Nach den Untersuchungen von Jette und Foote 
Wiistit Teilgitter der 


vorhanden. 


Ionen-Leerstellen im 
Der Stofftransport, der fiir 


sind im 
Kisenionen 
das Dickenwachstum einer Wiistitschicht erforderlich 
ist. erfolot daher zum iiberwiegenden Teil in Form 
einer Wanderung des Ejisens tiber diese Leerstellen. 
Der Gradient der Leerstellen-Konzentration ist also 
die wesentliche treibende Kraft fiir den Stofftransport 
durch die Schicht fiir 
Wachstum der Oxydschicht. 

An dem Punkt, 


Teilgitter der Eisenionen 


hindurch und damit das 


an dem sich eine Leerstelle im 


befindet. fehlen die zwei 


positiven Ladungen, die diesem Gitterpunkt bei 


Besetzung durch ein Ejisenion zugeh6éren 


Die Leerstelle kann daher gegeniiber dem 


normaler 
wurden. 
ungestorten Gitter als zweiwertig negativ geladen 
Die zum Ausgleich dieser zwei 


angesehen werden. 


negativen Ladungen erforderlichen zwei positiven 
Ladungen werden durch zwei dreiwertige Eisenionen 
dargestellt. die sich in der Umgebung der Leerstelle 
Die dritte 


sich 


Ladung dieser 


befinden. positive 


Eisenionen kann durch Umladungsvorgange 


zwischen zwei- und drei-wertigen Ejisenionen wie 


eine Elektronen-Leerstelle durch das Gitter bewegen 
Defektelektron 
Die 


Formelzeichen 


und wird daher p-Elektron oder 


genannt und durch das Symbol dargestellt. 


Eisenionen-Leerstelle bekommt das 
Fe?-, ein auf normalem Gitterpunkt befindliches 
Eisenion das Symbol Fee. 

Bei der Oxydation 


Phasengrenze Wiistit/Magnetit die 


des Ejisens lauft an der 


teaktion 


Fe,O, Fee >4 FeO + Fel: y (1) 


ab. Die gebildeten Eisenionen-Leerstellen und Defek- 


telektronen wandern zu der Phasengrenze Eisen/ 
Wiistit und werden dort durch Reaktion mit einem 


Eisenatom aus dem Metall Fe(Me) vernichtet: 


Fe? Fe(Me)— Fee 2) 


Bestimmend fiir die Geschwindigkeit der Bildung der 
Oxydschicht ist die Geschwindigkeit des Transports 
und der Defektelektronen von der 
Phasengrenze Wiistit/Magnetit 
Eisen/Wiistit. Da 
um den 


der Leerstellen 
Phasengrenze 
Defekt- 


103 gréBer ist als 


zur 
Beweglichkeit der 
elektronen etwa Faktor 
die der Leerstellen,® ist der Leerstellentransport der 


die 


eigentliche geschwindigkeitsbestimmende Vorgang der 
gesamten Reaktion. 
Wie 


Konzentration der Leerstellen im Wiistit die treibende 


schon oben erwahnt, ist der Gradient der 


Das gleiche gilt 
Die 


dieser wichtigen Grésse ist bisher unter Verwendung 


Kraft fiir die Leerstellenwanderung. 

fiir die Oxydation anderer Metalle. Messung 
radioaktiver [sotopen auf indirektem Wege versucht 
worden, und zwar fiir die Oxydation des Kupfers‘® 


und des Kobalts.“ Uber eine unmittelbare Messung 
des Stoérstellengradienten in Zunderschichten ist noch 
nicht berichtet worden. 

Konzentrationsgradienten der 
Zunder- 
schicht lassen sich Aussagen tiber den Mechanismus 
der Oxydation des betreffenden Metalls machen. Aus 


des 
Storstellenart in 


Bei Kenntnis 


wanderungsfahigen einer 


der 
Zusatz von Legierungselementen zum Grundmetall 
ergeben sich Gesichtspunkte fiir die Entwicklung 


3eeinflussung des Stoérstellengradienten durch 


oxydationsbestandiger Legierungen. 


DIE MESSUNG DES LEERSTELLENGRADIENTEN 
IN WUSTIT-ZUNDERSCHICHTEN 

Fiir die Oxydationsversuche wurde ein Reineisen 
mit 0,004°, C, 0,001°, Si, 0,0008°,, Mn, 0,0015°, P, 
0,01% S, 0,015% Cu, 0,03% 0,001°% Al 
verwendet. Proben mit den Abmessungen3 « 3 & 20 
Die Kinetik der 


Cr und 


mm wurden in Sauerstoff oxydiert. 
Reaktion wurde gasvolumetrisch gemessen, und die 
parabolischen Zunderkonstanten wurden bestimmt. 
Die Messung der Konzentration der Leerstellen im 
Wiistit erfolgte mit einem elektrochemischen Ver- 
an anderer Stelle®:”) ausfiihrlich 


fahren, iiber das 


140 

| 


ENGELL: 


ABB. 1 bis 3. Verlauf des Molenbruchs der Leerstellen y 
mit dem Abstand d von der Phasengrenze Eisen/Wiistit in 
Wiistit-Zunderschichten. 


d mm 
750°C, pO, 152 mm Hg, 48 h. 


Ass. l. 


0-1 0-2 0-4 0-5 
mm 
640 Torr, Kurve 1 und 2: gute Haftung 


ABB. 2. 900°C, pO, 
bzw. 202 min, Kurve 3: 


zwischen Metall und Zunder, 60 
schlechte Haftung, 230 min. 


1000°C, pO, 640 Torr, 224 min, Kurve 1: guteé 


Kurve 2: schlechte Haftung zwischen Metall und 


ABB. 3. 
Haftung, 
Zunder. 


berichtet wurde. Die Leerstellen-Konzentration wurde 
in Form der entsprechend der Formel 
Fe, _,O fiir den Wiistit, angegeben. Wert 
kann auch als Molenbruch der Leerstellen, bezogen 
auf die Gesamtzahl der Gitterplitze des Eisenionen- 


Grosse y, 


Dieser 


Teilgitters, aufgefasst werden: 


Fe 
Cree Cr, 
Die Abb. 1 bis 3 zeigen einige Beispiele fiir den 
Verlauf von y in Zunderschichten unterschiedlicher 
Dicke und verschiedener Bildungstemperatur. Man 
erkenut, dass keine tiber die Streuung der einzelnen 
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Messpunkte hinausgehenden Abweichungen von einem 
Verlauf der y-Werte auftreten. Nur die 


ersten Messpunkte liegen bei den meisten Messreihen 


linearen 


bei y-Werten, die gegeniiber dem linearen Verlauf 


etwas zu gross sind. Vermutlich beruht das darauf, 
dass aus den eisenreichsten Teilen der Schicht beim 
Abkiihlen Proben etwas Metall 
abdiffundiert. Bei der Abkiihlung der Proben erfolgt 
in den eisenirmeren Teilen der Wiistitschichten eine 


Magnetit. Diese 


der Eisen zum hin 


Ausscheidung 
Magnetit- 


Ausscheidung von 


stérte bei den Messungen nicht, da die 


Kristalle mit aufgel6st werden und der Ejisengehalt 
eines gegentiber den Ausscheidungen grossen Volumen- 
elements der Schicht durch die Magnetitausscheidung 
nicht verandert wird. Durch rasches Abkiihlen dei 
Proben nach der Oxydation wurde fiir eine feine 
Verteilung der Ausscheidungen gesorgt. 
AUSWERTUNG DER VERSUCHSERGEBNISSE 
Gleichungen fiir den Transport geladener Teilchen 
durch ambipolare Diffusion sind von Nernst und 


Fall Zunder- 


schichten von Wagner‘ Die im 


fiir den speziellen der Diffusion in 


angegeben worden 
foleenden gegebene Behandlung schliesst sich an 
mit eine! 


Defekt = 


diese Angaben an. Dabei soll zunachst nu 


Wanderung von Eisenionen-Leerstellen und 
elektronen gerechnet werden, eine etwaige Beteiligung 
des Sauerstoffs am Stofftransport durch die Oxyd- 
schicht bleibt vorerst unberiticksichtigt. 

Der Strom J 


Defektelektronen durch die Zunderschicht wird durch 


der Ejisenionen-Leerstellen und de 


Gradienten der zugeh6rigen elektrochemischen 


die Beweglichkeiten B und die Konzen 


den 
Potentiale 1); 


trationen c bestimmt 


orad 


grad 
Im stationaéren Ablauf der Oxydation gilt 


J. = 2; 


Der Gradient des elektrochemischen Potentials 


sich aus den Gradienten des chemischen Potentials 


u und des elektrischen Potentials m gemiiss 


grad 4 orad u F grad q 


zusammen. z, ist die Ladung des Teilchens 7 und F 
die Faraday-Konstante. 

Das elektrische Potentialgefalle in der Oxydschicht 
entsteht durch die unterschiedliche Beweglichkeit der 
der Eisenionen-Leerstellen 


Schicht 


Defektelektronen und 
unmittel- 


Um cle 


hildet 


Raumladungen sind in de1 nur in 
barer Nahe der Phasengrenzen vorhanden 


elektrischen Potentialgradienten zu eliminieren 


y 
0-08} 
0-06 
0-12) 
0-08 
0-06 + + | 
| 
y 
- 1 
Jy 2 By 
02 O-4 0-6 os rO 
d mm 
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man aus (5) unter Einsetzen 


Von 2p, 


grad 7p, 2 grad grad 2 grad 


> 


(6) 


Da die Schicht frei von Raumladungen ist, gilt 
(7) 


Aus (3). (4), und (7) folgt 


grad grad 


Einsetzen von (6) und (8) in (3) ergibt 


J 


(grad Mp, 


2 grad uw). 


Die Beweglichkeit der Defektelektronen ist um den 
Faktor 10° grésser als die der Eisenionen-Leerstellen. 
Man erhalt daher in sehr guter Naherung 

2 crad uw). 


(9) 


o2- (grad up, 


Der Strom der Leerstellen geht annidhernd diver- 


venzfrei durch die Wiistitschicht hindurch. 


Schicht 


Ferner 


herrscht in der nach beschriebenen 


Messungen ein ortsunabhingiger Gradient der Leer- 
Beide 


erfiillt, wenn man annimmt, dass die Aktivitaét a der 


stellen-Konzentration. Bedingungen werden 


Leerstellen und der Defektelektronen proportional 


ihrer Konzentration ist. Dann ergibt sich 


RT grad In cy, 


grad Mp, 
RT grad Inc 


orad 


Einsetzen von (10) in (9) liefert unter Beachtung von 


= 3 RT grad cy, 


Fe 2 


Daraus folgt mit der Einsteinschen Beziehung 


D RT B,, 


die den Diffusionskoeffizienten D mit der Beweglich- 


keit B verbindet, 


Jy, grad Cy, (11) 


Ein divergenzfreier Ionenstrom setzt bei einem 


ortsunabhaingigen Konzentrations-Gradienten also 


einen Diffusionskoeffizienten der Leerstellen voraus, 


der unabhingig von der Leerstellen-Konzentration 


ist. 

Die Frage des Zusammenhangs zwischen Aktivitat 
und Konzentration der Leerstellen sowie die damit 
gekoppelte Frage der Konzentrationsabhangigkeit des 
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lasst sich an 
Mehl 
fiihrten 


Leerstellen 
Himmel, 


Autoren 


Diffusionskoeffizienten der 
Hand von 
Birchenal]0 


Messungen der Abhangigkeit der Leerstellenkonzen- 


Messungen von und 


beantworten. Diese 


tration vom Sauerstoffdruck in der umgebenden 


Gasphase durch. Eine thermodynamische Auswertung 
dieser Messungen‘”) liefert die in Abb. 4 gegen den 


983°C. 


897°C ~_*g00°C 


0:08 


O-12 


0-10 
y 
Der Aktivitatskoeffizient f der Eisenionen-Leer- 
stellen in Wiistit in Abhangigkeit vom Molenbruch der 
Leerstellen y. Nach Messung von Himmel und Mitarbeitern™” 
ausgewertet von Engell. 


ABB. 4. 


Molenbruch der Leerstellen y aufgetragenen Aktivi- 


titskoeffizienten fiir die Leerstellen. Die Aktivi- 


tatskoeffizienten sind durch 
a, C; 


angenommen, dass der Aktivi- 
0.057 


definiert, und es ist 


tatskoeffizient der Leerstellen bei y gleich 


eins ist. Man erkennt, dass die Aktivititskoeffizienten 
nur wenig von dem Wert Eins abweichen. Die oben 
gemachte Annahme war also berechtigt. 

Mehl und Birchenall 
Arbeit gleichfalls 


des Eisens in 


massen in der 
den Selbstdiffusions- 
Wiistitproben mit 
Wenn die 


ausschliesslich auf einen 


Himmel, 
erwahnten 
koeffizienten 
verschiedenen Leerstellenkonzentrationen. 
Selbstdiffusion 
Platzwechsel zwischen Eisenionen auf Gitterplitzen 
Fee beruht, gilt 


fiir den Zusammenhang zwischen dem Selbstdiffusions- 


des Ejisens 


und Eisenionen-Leerstellen Fe 
Koeffizienten des Eisens Dj}, und dem Diffusions- 


koeffizienten der Leerstellen]” 


oder 


y° Dy, 2 (1 


In Abb. 5 sind die auf diese Weise aus den Massungen 
Mehl Birchenall 
Diffusionskoeffizienten der Leerstellen als 


von Himmel, und berechneten 
Funktion 
Man 


sieht, dass bei den Versuchstemperaturen 983 und 


der Leerstellen-Konzentration y aufgetragen. 


897°C keine Abhangigkeit der Diffusionskoeffizienten 
Bei 
mit 


von der Leerstellen-Konzentration erkennbar ist. 
800°C fallt 


steigender Leerstellen-Konzentration. 


der Diffusionskoeffizient schwach 
Die zur Erklarung des konstanten Gradienten der 


Leerstellenkonzentration in der Schicht gemachten 


2, 
2 
(8) | 
B | 
| | 
B B 
|_| 
| 
— 


ENGELL: 


Annahmen eines von der Leerstellen-Konzentration 


unabhangigen Diffusionskoeffizienten der Leerstellen 


und der Proportionalitét zwischen Aktivitét und 


Konzentration der Leerstellen sind also mit den 


experimentellen Ergebnissen vertraglich. soll 


jedoch erwihnt werden, dass sich der konstante 


Konzentrationsgradient der Leerstellen auch mit 


3983 


Ass. 5. Die Diffusions-Koeffizienten der Eisenionesn 
Leerstellen, aus den Selbstdiffusionskoeffizienten des Eisen 
im Wiistit berechnet. Nach Messungen von Himmel und 


Mitarbeitern.”” 


Z.B. ergibt 


cleichfalls, 


anderen Annahmen deuten lasst. sich 


dieser Konzentrationsverlauf wenn die 


Aktivitat der Leerstellen durch die Gleichungen 


Im vorliegenden Fall gibt es jedoch 
Notwendigkeit, 


gegeben ist. 


keinen Hinweis auf die von der 


einfachsten und niachstliegenden Deutung abzugehen. 
Die 
Leerstellen gestatten es, aus den gleichfalls gemessenen 


gemessenen Konzentrations-Gradienten der 
Oxydationsgeschwindigkeiten iiber Formel (11) die 
Diffusionskoeffizienten der Leerstellen zu berechnen. 
Die Kinetik der Oxydation folgt dem parabolischen 
Zundergesetz 


kt (12) 


Am 


wobei Am/q die Gewichtszunahme pro cm? der Probe 
durch die Oxydbildung in der Zeit t bedeutet; & ist 
die Zunderkonstante. Da die bei der Oxydation des 
Eisens zwischen 700 und 1100°C gebildete Oxydschicht 
zu etwa 95°, aus Wiistit besteht, ist es méglich, die 
gemessene Geschwindigkeit der Sauerstoffaufnahme 
gleich der Bildungsgeschwindigkeit des Wiistits zu 
setzen. Misst man die Sauerstoffaufnahme Am/q in 
gem? und ¢ in Minuten, so gilt fiir den Strom der 
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EKisenionen-Leerstellen Mol.em-* 


gemessen 1n 
sek 


d Am 


di q 


M?® 60 


yo 
bedeutet 


wobei das Molekulargewicht des Sauerstoffs 
Ferner gilt 
Mol 


orad 


Lem 


Hier bedeuten y' y’ die Differenz der y-Werte an 
der Phasengrenze Wiistit/Magnetit und Eisen/Wiistit 
Oreo und My, Dichte Molgewicht des Wiistits 
und d die Dicke der Wiistitschicht. Bei einer mittleren 


Dichte des Wiistits von 5,63 folgt daher aus (11 


und 


In Abb. 6 sind die aus den gemessenen Werten von 
y*) d berechneten Diffusionskoeffizienten 
In das Bild sind 


Messungen 


k und (y* 
logarithmisch gegen 1/7' aufgestragen. 
Mittelwerte 


Himmel, Mehl und Birchenall berechneten Diffusions- 


auch die der aus den von 


koeffizienten der Eisenionen-Leerstellen aufgenommen 


Ferner sind die Geschwindigkeitskonstanten k det 


EKisenoxydation eingezeichnet die bei der Herstellung 
der untersuchten Wiistitschichten gemessen und bei 
der Berechnung der Diffusionskoeffizienten verwendet 


wurden. 


0-9 
1000 
T 
Ass. 6. Zunderkonstante des Eisens k und Diffusionskoeffizient 
der Leerstellen in Wiistit D’)"™ in Abhangigkeit vom Kehrwert 
der absoluten Temperatur 7’. Kurve 1: k nach Messungen 
dieser Arbeit ) und nach Davies, Simnad und Birchenall (@ 
?: Scheinbarer Diffusions-Koeffizient aus k und grad 


Kurve 2: 
berechnet. Kurve 3: D-)|™" nach Himmel, Mehl und Birchenall 


Ht) 
| 
7 | 
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DER MECHANISMUS DER OXYDATION 
DES EISENS 
Die aus den Selbstdiffusions-Koeffizienten des Eisens 
Werte 
Leerstellen liegen deutlich niedriger als die in dieser 
Arbeit Werte. Der 
mit der Temperatur zu: bei 1000°C sind 


berechneten der Diffusionskoeffizienten der 


ermittelten Unterschied nimmt 


die von 
Himmel und Mitarbeitern gemessenen Werte um den 
Faktor 0,6 kleiner. Diese Diskrepanz ist sehr wahr- 


scheinlich darauf zuriickzufiihren, dass bei den 
héheren Temperaturen der Stofftransport durch die 
Wiistitschicht nicht mehr ausschliesslich durch Diffu- 
sion des Eisens erfolgt, 
Die bei der Ableitung der 


wanderungsfahig wird. 


Transportgleichungen vorgenommene Vernachlassi- 
gung der Wanderung von Sauerstoff in der Oxyd- 
schicht ist Das Verhaltnis 


der in dieser Arbeit ermittelten Diffusionskoeffizienten 


dann nicht berechtigt. 
zu den aus Messungen der Selbstdiffusion des Eisens 
im Wiistit Werten der 
Stofftransport durch die Zunderschicht bei 1000°C zu 


berechneten ergibt, dass 
durch Diffusion des Eisens iiber Leerstellen, 
Bei 


niedrigeren Temperaturen nimmt der Anteil des Eisens 


etwa 60° 


zu 40°, durch Wanderung von Sauerstoff erfolgt. 


am Stofftransport zu. 
Befund steht 


Dieser in bester Ubereinstimmung 


mit Oxydationsversuchen, bei denen vor dem Versuch 


auf der Ejisenoberflache Platindrahtmarken angeb- 


racht waren und iiber die kiirzlich berichtet wurde." 
Bei diesen Untersuchungen war festgestellt worden, 
dass sich die Marken bei Oxydationstemperaturen von 
Innern der 


dem Versuch im 


Das ist 


mehr als 850°C nach 
Wiistitschicht 


wenn auch der Sauerstoff in der Schicht diffundiert. 


befinden. aber nur mdoglich, 
Der Abstand von der Phasengrenze Eisen/Wiistit, in 
dem sich die Marken nach dem Versuch befinden, ist 
proportional dem Anteil des Sauerstoffs am gesamten 
Stofftransport und nimmt mit der Temperatur stark 
zu. Aus der Lage der Marken wurde auf einen Anteil 
der Sauerstoffdiffusion von 50°, bei 1000°C gesch- 
lossen. 

Die Messung der Gradienten der Leerstellenkonzen- 
tration in Zunderschichten mit dem hier geschilderten 
Verfahren ermodglicht es, Abweichungen vom 
Verlauf der Oxydation zu 
Fallen 
die Oxydschichten nach dem Versuch stets leicht 
mechanisch Metall 
Verlaufs der Leerstellen-Konzentration an einer dieser 


para- 


bolischen deuten, die 


zeitweilig auftreten. In solchen liessen sich 


vom ablésen. Die Messung des 


Zunderschichten ergab das in Abb. 2 durch Kurve 3 
wiedergegebene Ergebnis. Alle Erscheinungen deuten 


darauf hin, dass sich die Schicht in diesem Falle im 


sondern auch der Sauerstoff 
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hatte. 
der 


Verlauf der Oxydation vom Metall gelést 
hatte Wiistit 


Ubergangshemmung zwischen Eisen und Zunder mit 


Anschliessend sich der wegen 
Leerstellen gesattigt, und dann waren nur noch die 


Magnetit- und die Hamatitschicht auf Kosten des 
Wiistits weitergewachsen. 

In Abb. 3 ist 
Leerstellenverteilung in einer bei 1000°C gebildeten 
Zunderschicht 
sehr fest auf dem Eisen gehaftet hatte. 


durch Kurve 2 die Messung der 
wiedergegeben, die gleichfalls nicht 
Auf Grund 
der héheren Temperatur ist in diesem Falle jedoch 
der Ubergang des Eisens vom Metall zum Zunder 
nicht vollig verhindert worden, so dass ein Konzen- 
trationsgefalle der Leerstellen in der Schicht weiter 
bestanden hat. 

Die Ausbildung eines Konzentrationsgefalles der 
Wiistit- 


schicht und sein Verschwinden bei der Ablésung des 


Leerstellen bzw. des Sauerstoffgehalts der 
Zunders vom Eisen im Verlauf der Oxydation lasst 
Schliff bildern 
den 


sich auch auf der Zunderschichten 


erkennen, da sich in Gebieten mit hohem 


Sauerstoffgehalt bei der Abkitthlung der Proben nach 
Auf die Abwei- 


chungen in der Kinetik der Oxydation des Eisens 


dem Versuch Magnetit ausscheidet. 


vom normalen parabolischen Zeitgesetz, die mit der 
sildung von Spalten zwischen Metall und Zunder 
auf Metalldiffusion im 


Wiistit zusammenhaingen, wurde an anderer Stelle“? 


Grund der tiberwiegenden 


bereits ausfiihrlich eingegangen. 


Bei den fest haftenden Oxydschichten ist anzuneh- 


men, dass an der Phasengrenze Metall/Wiistit das 


Gleichgewicht gemiss Reaktion (2) eingestellt ist. 


Wenn hier eine wesentliche Reaktionshemmung auf- 


treten wiirde, wire eine Abhiangigkeit der Leer- 


stellenkonzentration an der Phasengrenze von der 
Dicke der Oxydschicht zu erwarten. Mit dem Quadrat 
der Schichtdicke fallt bei parabolischem Schichtwachs- 
tum die Reaktionsgeschwindigkeit ab, so dass sich die 
Schicht- 


naihern miisste, falls 


Leerstellenkonzentration bei wachsender 
dicke dem Gleichgewichtswert 
geringeren Schichtdicken 
Aus Abb. 2 


nicht beobachtet worden ist. 


sie bei merklich davon 


abweicht. ist zu entnehmen, dass das 
Das Entsprechende gilt 
fiir das Gleichgewicht an der Phasengrenze Wiistit 
Magnetit. 
beweisend, da sich hier nach Bildung eines Spalts 


Hierfiir ist Kurve 3 in Abb. 2 besonders 


zwischen Eisen und Wiistit der gleiche Wert der 
Wiistit- 
schicht eingestellt hat, der bei den beiden anderen 


Leerstellen-Konzentration in der ganzen 
Messreihen an der Phasengrenze Wiistit/Magnetit 


herrschte. 
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INFLUENCE OF PLASTIC DEFORMATION ON EXPANSIVITY AND 
ELASTIC MODULUS OF ALUMINUM#*?* 


M. J. HORDON,: B. S. LEMENTS and B. L. AVERBACH? 


Tensile plastic deformation of polycrystalline aluminum causes an increase in the thermal expansion 
coefficient and a corresponding decrease in the elastic modulus. These properties vary with the deforma- 
tion in a complex way and the changes were interpreted in terms of the introduction of two types of 
defects in the deformed lattice. A minimum in the elastic modulus and a corresponding maximum 
in the expansivity at small plastic strains (about 0.1 per cent) were associated with the movements 
of mobile dislocations. A subsequent decrease in the modulus and an increase in the expansivity at 
large strains (about 10 per cent) were associated with the production of vacancies during deformation. 


INFLEUNCE DE LA DEFORMATION PLASTIQUE SUR LA DILATATION 
ET LA MODULE ELASTIQUE DE L’ALUMINIUM 


La déformation plastique par traction de l’aluminium polycristallin occasionne un accroissement du 
coefficient de dilatation thermique et une diminution correspondante du module élastique. Ces pro- 
priétés varient avec la déformation d’une maniére complexe et les variations sont interprétées par 
introduction de deux types de défauts dans le réseau déforme. Les auteurs associent pour de faibles 
déformations plastiques (environ 0,1°%) un minimum du module élastique et un maximum correspondant 
a la dilatation spécifique aux mouvements de dislocations mobiles. Ils associent une diminution sub- 
séquente du module et une augmentation de la dilatation spécifique pour de grandes déformations (environ 


10°) a la production de lacunes pendant la déformation. 


DER EINFLUSS PLASTISCHER VERFORMUNG AUF DEN 
AUSDEHNUNGSKOEFFIZIENTEN UND DEN ELASTIZITATSMODUL VON ALUMINIUM 
Plastische Zugverformung von polykristallinem Aluminium fithrt zu einer Zunahme des thermischen 
Ausdehnungskoeffizienten und einer entsprechenden Abnahme des Elastizitatsmoduls. Vom Verfor- 
mungsgrad hangen diese Eigenschaften in komplizierter Weise ab. Fiir ihre Veranderungen werden 
zwei, infolge der Verformung entstehende Typen von Gitterfehlstellen verantwortlich gemacht. Ein 
Minimum im E-Modul und ein entsprechendes Maximum im Ausdehnungskoeffizienten bei kleinen 
Dehnungen (etwa 0,1°%) wurden der Bewegung von Versetzungen zugeordnet, eine Modul-abnahme 
une eine Zunahme des Ausdehnungskoeffizienten bei grossen Dehnungen (etwa 10°) der Erzeugung 


von Leerstellen wahrend der Verformung. 


INTRODUCTION Changes in the value of the elastic modulus, £, 
It is generally considered that the thermal expan- have been reported by Koster after heavy drawing 
sion coefficient and the elastic modulus of cubic of high purity and commercial aluminum, by 
metals are not affected by plastic deformation. Kornfeld‘ after tensile loading of pure aluminum, 
However, changes in the linear thermal expansion by Smith™ after cold working copper, and by Cook 
coefficient, x, were reported by Smithells” after et al.) after cold working copper, brass, and alumi- 


cold drawing tungsten wire. by Rosenholtz and num. In general, it has been found that # decreases 


Smith” after compressive loading of steel and after small amounts of plastic strain; Smith reported 


magnesium, and by Muir after tensile loading of a maximum decrease of about 10 per cent in EZ for 


several carbon steels. Recently, Rosenfield and copper. 

Averbach™) determined the change in a under The present investigation was carried out in order 
tensile loads and the influence of residual plastic to determine the dependence of « and £ on residual 
strains in invar and steel. In general, it was found plastic strain, and to test the validity of theoretical 
that a increased with small amounts of plastic relationships between these properties. The material 
strain: Rosenholtz and Smith, and Muir also found chosen for the investigation was 28-0 (1111-0) 
a sharp decrease in « for steel at a stress level corre- aluminum in order to minimize the effect of preferred 
sponding to the yield point. orientation resulting from plastic deformation. For 
f.c.c. aluminum, « is isotropic whereas E varies about 


* Received December 16. 1957. 1) x 

nh : 2 ver cent with direction, reaching a max 

+ This paper is based on a thesis submitted by M. J. Hordon I : : icy eee 
in partial fulfillment of the S.M. degree in Metallurgy at the value along the | 11] direction." Since the drawing 
Massachusetts Institute of Technology. tex . 

exture for aluminum results in a [111] directic 

* Department of Metallurgy, Massachusetts Institute of ; “| | direction 
Technology, Cambridge, Massachusetts. 

§ Division of Sponsored esearch, Department of Metal- of tensile plastic strain should tend to increase EF 
lurgy, Massachusetts Institute of Technology, Cambridge, ; 
Massachusetts. 
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parallel to the tensile axis, the effect of large amounts 


However, it is doubtful if this effect was measurable 
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TABLE 1. Chemical composition of alloys 


Alloy % Mg % Mn 


0.0] 
0.64 
0.06 


0.45 
0.30 
0.33 


28 (1100) 
24S (2024) 
61S (6061) 


in the experiments reported here because of the 
small amounts of plastic strain involved in most of 
this work. 

In addition to the work on 2S—0, some tests were 
carried out to determine the dependence of « on 
plastic strain for two precipitation hardening alumi- 
num alloys, 24S-Ts6 (2024-T86), and 61S—T6 
(6061—T6). 


this work are given in Table 1. 


The compositions of the alloys used in 


EXPERIMENTAL PROCEDURE 


Tensile specimens with a gage diameter of 0.252 in. 
and a gage length of 2.5 in. were loaded to increasing 
stress levels in a hydraulic tensile testing machine. 
the load 
was removed and the residual plastic strain was 
the total length of the 
precision length technique des- 
Averbach.® 
this 
The elastic limits in this study 


After reaching each selected stress level. 


determined by measuring 
specimen using a 
cribed by Roberts and The accuracy 
of the 
about 2 


were determined from these residual strain measure- 


strain determination by method was 


resistance 


means of an electrical 
(11) 


ments and also by 


strain gage technique. The latter method employed 


two SR A-3) mounted axially 


4 strain gages (type 


on opposite sides of the specimen and connected in 
Py | 


series. Plastic strains were determined on specimens 
which had been unloaded, and the accuracy of the 
with 


determination this technique 


10-5. 


residual strain 

was about | 
The thermal expansion coefficient, x, was measured 

normal to the specimen axis over a temperature 


50°C in a Fizeau interferometer shown 


1. The 


interference lines produced by 


range of 25 


schematically in Fig. distance between 


two fused quartz 
plates separated by the tensile specimen and by two 


invar standards was determined as a function of 
temperature, and this provided a measure of the 
difference in expansion between the specimen and 
the Heat was supplied by a 500 W 
immersion heater in the oil bath the 
apparatus and a heating rate of about 5°C/hr was 
employed. The oil bath was agitated by a pump in 
order to provide uniform heating conditions. Filtered 


light 


standards. 
surrounding 


monochromatic from a mercury are source 
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ae 


Specimen « 


Design of 

(7 546] A) was used to produce the interference 
lines. 

Measurements of interference lin 


made at 1°C 


separation were 


intervals. The slope of the differentia! 


expansion vs. temperature curves gave the 


the difference between the expansivity of the specimen 


and the standard, « x. with a precision of about 


| 1O-*7C Using an interferometric method in 


which three invar standards provide the separation 
between the quartz plates, «, was determined directly) 
and it was thus possible to calculate the exp 
coethcient 

In order to measure 
with 


than was possibl 


quartz rod dila 


range 
apparatus a 
the 


The dilatom«e ter Was surrounde d 


expansion along the specime! 


resistance wire whi 


se d 
pumped Lo 


wound with 


placed in a cl vessel into 
Vapol Was 
were Carri out ovel 


runs 
with rate ol 1) 
of flow nitrogen 


wire Mea 


intervals. The SLO pe 


rate 


resistance sureme! 


taken in 2°-5°C expansion 


vs. temperature plot gave « with a precision of abou 


Elastic moduli of plastica strained spe 


measuring the strain 


were obtained by under load 


as a function of the tensile stress using ; lectrica 
strain gage technique similar to that or the 


elastic limits. For large plastic strains strain 


gage Was applied after the initial deformation in 


147 
AJA 
| %, Si | % 
0.12 0.10 J 
4.22 1.48 0.13 OHA 
0.24 1.10 0.58 0.27 
Aluminized Quartz 
Nntica Cint 
4 
Al 
Value ( 
i 
ad the thy 
= 
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The 


was redetermined for each specimen 


order to avoid excessive strains on the gages. 
elastic limit 
after plastic deformation and care was taken to use 
only elastic strain data in determining the modulus. 
The precision in the measurement of E was found 
to be | 10° lb/in?. 
3. RESULTS 
(a) Elastic limit 


The measurements of residual plastic strain for 
allovs 2S-0, 24S—TS6. 61S-T6 


It is evident that negative residual strains 


and are shown in 
Fig. 2. 


were obtained with both the precision length gage 


and strain gage techniques except in the case of 


2S—0, for which negative strains were not found by 
Negative initial strains are frequently 
all 


materials and these experiments indicate that the 


strain gages. 


observed in residual strain curves for almost 


effect arises from a change in length of the specimen 
and not from the behavior of the strain gage. It is 
possible that some of this negative strain may be due 
to a lack of precise axiality in loading. The elastic 
the stress 
(10) 


limit is usually considered to be lowest 
which produces a detectable permanent strain. 
However, if negative residual strains are obtained in 
the apparent elastic range, the elastic limit has been 
defined by Muir e¢ al." as the stress at which the 
slope of the stress vs. residual strain curve becomes 
This 


that repeated loading above this stress level pro- 


positive. definition is based on observations 


duced increasing amounts of plastic flow. Using 


Stress (10° psi 


5-15 
Residual 


505505 


Strain (lO 


Applied stress vs. residual strain for 25-0, 24S—T86, 
61S-T6 aluminum alloys 
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SElastic Limit 
4000 6000 8000 10000 12000 
Stress (psi) 


Linear Expansion Coefficient (10°& °c) 


0.04 1.06 
e 


Residual train 


stress and 


Effects of plastic strain on coefficient 
of expansion for 2S—0 aluminum 


this definition. the elastic limit values obtained 
were: 1400 lb/in? for 2S—0, 27.000 Ib/in? for 24S—Ts6. 
and 28.000 lb/in? for 61S—T6. 


(b) Strain dependence of the thermal expansion coefficient 


The effect of plastic straining on a, measured 


is shown in Fig. 3 
of both the 


strain and « were made after the release of succes- 


normal to the tensile axis, for 


2S aluminum. Measurements residual 
sively larger loads until necking of the specimen 
The 


plastic strain until a maximum at approximately 


occurred. value of « increased with initial 


0.1 per cent residual strain (4000 lb/in® stress) was 
reached. With further increase in strain, « decreased 


and reached a minimum value about equal to the 


C) at 
(6800 |b/in2 


original unstressed value (23.5 1O-6 about 


1.5 


For plastic strains above 


strain 
1.5 


value 


per cent residual stress). 


per cent, « again 


increased and attained a about equal to the 


first maximum (24.1 10~®/°C) just prior to necking 


at 14 per cent residual strain. 
TABLE 2. Summary of expansion coefficient maxima 
and minima 
Aluminum Stress 
alloy 


Strain 
(10-®) 


Aa(10 Aa/a(%) 


(1b/in?) 


Ma rimum 
2.6 
4.5 


4000 
42.000 
36.000 


Minimum 
0.4 
0.7 
0.0 


6800 
60,000 
44-46,000 


13,600 
9170 
7840 

28,600 


Prior to ne cking 


2.6 12.000 141.000 


% linear thermal expansion coefficient. 
Ax = change in expansion coefficient from the unstressed 
value. 
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> 
o- Strain Gage = 
36 Measurement of 
| } Specimen Length 
25> lo” 
| | 
| — 1.5 24S—TS86 OS 24 
| 61S—T6 0.4 2.0 109 
12k 
j!.0 2S—0 
6I1S-T6 24S- T86 2s-0 40.5 
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Nm 


-6 


Expansion Coefficient (10 /°C) 


Nm 


=< 


Elastic Limit 


10 20 30 
Stress (103 psi) 


Linear 


Strain 


0.02 
Residual 


Fic. 4. stress 


Effects of and plastic strain on coefficient 
of expansion for 245—T86 aluminum 


Figs. 4 and 5 show similar results obtained for 


alloys 24S-T86 and 61S—T6. However, the initial 
maximum in « for these alloys occurred at only 
about 0.01 per cent residual strain. Minima about 
equal to the unstressed value of « were reached at 
1-2 per cent residual strain. However, changes in « 
4-7 


followed because of the onset of necking. 


above per cent residual strain could not be 


The changes in « corresponding to the maximum 


and minimum points and the onset of necking for 
alloys 28-0, 24S-T86, and 61S-T6 are compared 


in Table 2. Alloys 28-0 and 61S—-T6 


similar increases in « at the maximum point (2.0—2.6 


showed 


per cent) whereas the corresponding increase in « 
for 24S-T86 was larger (4.5 per cent). However, 
all three alloys showed similar decreases in x at the 
minimum point which occurred at about the same 
residual strain. Although a slight decrease in «% was 
detected in the elastic range, in agreement with the 
work of Muir, there was no significant change in 
x until the stress corresponding to the greatest 
negative residual strain (elastic limit) was exceeded. 
This indicates that « is sensitive to the onset of 
plastic deformation that gives rise to an elongation 
in the positive direction under tensile stress. 


Linear Expansion Coefficient (10°°/°C) 


0.01 0.02 0.03 004 0.05 0.06 0.07 0.08 


Residual Strain 
5. Effects of stress and plastic strain on coefficient 
of expansion for 615—T6 aluminum 
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TABLE 3. coefficient of 2S—0 


aluminum in the longitudinal and transverse dit 


Comparison of the expansion 


ctions 


Quartz rod 


Inte rteromet 
dilatometer 


Stress (lb/in?) 


0 
4000 
6800 
12.000 


longitudinal thermal expansion coefficient 
transverse thermal expansion coefficient 


(Cc) Directional depe ndence of the thermal 


coefficient 


Possible anistropy with respect to the change in 
x associated with plastic straining was investigated 
for 28 aluminum by measuring the coefficients «,, 
the 


axis. After loading to the stress levels corresponding 


normal to tensile axis, and «,, parallel to the 


to the maximum and minimum points in Fig. 3 


height 


specimens 0.252 in. in 
the 


cone shaped were 


from section 
This 


measured in the interferomete! 


carefully cut longitudinally 


gage 
of the tensile specimen. enabled «, to br 
as well as the quartz 
rod dilatometer. The results are shown in 

which also includes preliminary measurements of « 
using the dilatometer before sectioning the tensile 
The that 


x with plastic strain are es 


specimens. results indicate changes in 


enti ully isotropi 


(d) Recove ry of the rmal rpansion COE fhicie 


After loading to the stress levels corresponding 
the 


specimens of 2S aluminum were subjected t 


maximum and minimum 


points in Fig 


hour anneals at from 358 


(100-650° F 


temperatures 
The resulting plots of « vs 


shown in Fig 


temperature are 


“1c. 6. Expansion coefficient and hardness of prestressed 


2S aluminum annealed for | hr at indicated temperatures 


23.5 23.4 23.4 
- 23.9 22 8 23.9 
23.4 23.5 23.0 
6 23.9 24.0 
22. OR 
21.0L = 
6. Specimens 4 
20 30 40 50 24.0} 
Therma 
21.01 
emperature (°F 
Fic. 
5 
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pre-stressed to 4000 lb/in? to give the maximum 
increase in «, and C, pre-stressed to 12,000 lb/in? to 
give the value of « prior to necking, showed a return 
to the unstressed value of « starting at the annealing 
93°C (200°F). 
of the original « was attained in the range 260 to 
315°C (500-600°F). 
6800 lb/in? to give the minimum value of «, showed 


temperature of Complete recovery 


Specimen B, pre-stressed to 
little change on subsequent annealing. 

The corresponding variation in Rockwell # hardness 
the 
Since the 
annealed 28 about 21 
loading to the 4000 lb/in? stress level 


values with annealing temperature for pre- 
stressed specimens is also shown in Fig. 6. 
hardness of aluminum is 
Rockwell EZ, 
did not result in appreciable hardening. However, 
measurable hardening occurred after stressing to 
the 6800 lb/in? (RE 25.6) and 12,000 Ib/in? (RE 27.2 
The 
throughout the temperature range in which recovery 
of the 
softening was not found until annealing was carried 


out at 649°C (1200°F). 


levels. hardness remained fairly constant 


original value of « occurred. Appreciable 


(e) Strain dependence of the thermal expansion coefficient 


at subze ro te mi pe rature s 


The dependence of « for 2S aluminum on plastic 


strain measured over the 


196° to 


was temperature range 
35°C using the quartz rod dilatometer. 
Tensile specimens were stressed to 4000 and 6800 
196°C) by 


keeping the specimens in an insulated vessel con- 


lbjin? at liquid nitrogen temperature ( 


taining liquid nitrogen while mounted in the tensile 
apparatus and during transfer to the dilatometer. 
The 


AXIS (%)). 


value of x was determined along the tensile 


The values of « at selected temperatures are given 
in Table 4 for the 
states. It 


unstressed and the stressed 


seems that the fractional change in « 
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arising from plastic strain is appreciable at low 


temperatures. However, some uncertainty exists 
with respect to the low temperature values of Au/« 
in Table 4 because the actual values of « are small 
and the magnitudes of the changes are of the same 
10-7/°C). 


In general, the results show that the change in «& is 


order as the precision of the dilatometer (2 
not markedly affected by the measuring temperature. 


(f) Strain dependence of the elastic modulus 

The elastic modulus of 2S aluminum was deter- 
mined from the slope of the stress vs. strain curve 
in the elastic range after loading to a series of stress 
The 


plot for stress levels up to 4000 lb/in? is shown in 


levels and then unloading. stress vs. strain 


Fig. 7. The change in # with both applied stress 
above the elastic limit and with residual plastic 
strain up to the occurrence of necking is shown in 
Fig. 8. The initial effect of plastic strain decreased 
the value of #, the decrease reaching a minimum at 


approximately 0.1 per cent residual strain (4000 |b/in? 


stress). With increasing strain, EF increased slightly 


to a maximum at about 1.5 per cent residual strain 
(6000-7000 Ib/in? With further 


stress). straining 


000 1200 1400 
Strain (Micro inches/inch) 


Effect of plastic strain on the modulus of elasticity 
of 2S aluminum 


Fic. 7. 


TABLE 4. Effect of plastic strain on thermal expansion coefficient of alloy 25-0 below room temperature 


a 4000 Ib/in? 


Aa/a 


a stress (applied at 


relative change in expansion coefficient. 
196°C). 


6800 |b/in? 


Aa/a(%) 


% = linear thermal expansion coefficient (longitudinal direction). 


4000 E-9.6 E+9.4 
3000F E:9.8 E=9.4 E=9 | 
108 psi x 10% ps x10° psi 
¥ 
YOOr of ff 
0 
T(°K 2(10-8/°C) «(10-8/°C) Au/a(%) a«(10-8/°C) 
77 6.8 7.0 2.9 6.8 0.0 
100 10.2 10.4 2.0 10.1 1.0 
125 12.9 13.1 1.6 12.9 0.0 
L150 15.8 16.1 1.9 15.8 0.0 
200 20.1 20.1 0.0 20.0 0.5 
250 22.1 22.4 +1.4 21.9 0.9 
300 23.4 23.9 | 2.1 23.3 0.4 
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2000 4000 6000 8000 10000 12000 
Stress (psi) 


Modulus of Elasticity (lO°psi) 


0.002 0.004 0.008 


Residual 


0.006 
Strain 


Fic. 8. Effect of stress and plastic strain on the modulus 
of elasticity of 2S aluminum 


above 1.5 per cent, H decreased again and reached 
a value slightly lower than the first minimum at 
about 14 per cent residual strain, prior to necking. 

For comparison with the changes in « shown in 
Table 2, 
applied stress and residual plastic strain values are 
data that 


varies inversely with Aw/a; the initial maximum in 


the changes in F# at the corresponding 


given in Table 5. The indicate 
a corresponding to the initial minimum in £ at 
4000 lb/in?, and the minimum point in « corre- 
sponding to the maximum point in F at 6800 Ib/in?. 
(g) Recovery of the elastic modulus 


After loading to selected stress levels of 2000, 


4000, 6800 and 12,000 lb/in*, tensile specimens of 


28 aluminum were subjected to one hour anneals in 
the 38-370°C (100-700°F). A 
plot of £ vs. annealing temperature is shown in 
Fig. 9. 
showed no change in £ on annealing since the elastic 
limit not and D, 
pre-stressed to 4000, 6800, and 12,000 Ib/in? respec- 


temperature range 


Specimen A, pre-stressed to 2000 |b/in?, 


was exceeded. Specimens B, C 
tively to give the minimum and maximum values 


of E, did not begin to exhibit a return to the un- 


stressed value of £ until an annealing temperature of 


about 150°C (300°F) was reached. Specimens B and 
TABLE 5. 


Position in AE 
expansion 
curve 


(10° Ib/in*) AE/E(%) 


First 0.6 
minimum 
Maximum 0.4 
Prior to 
necking 0.8 


THERMAL 


EXPANSION OF ALUMINUM 


Pre-Stress 
OOOpsi o (C)- 
OOOpsi e(D)-! 


| o (A)-2 
| (B)-4 


Modulus of Elasticity (10® psi) 


100 200 300 400 500 600 


Temperature (°F) 


Fic. 9. Modulus of elasticity of 


annealed for l hr at indicated 


pre-stressed 25 aluminum 
temperatures 


C showed virtually complete recovery of the un- 
stressed value of # after annealing at 370°C (700°F) 
whereas specimen D showed only a partial return 
to the original value of £. 

In comparing the recovery of « with that of £, it 
that 
required to restore the unstressed value of # for 


appears higher annealing temperatures are 


Furthermore, the recovery 
12,000 


corresponding stress levels. 
the 


necking, occurred quite readily, whereas the recovery 


of a at stress level lb/in*, prior to 


of FE at the same stress level was markedly sluggish. 


DISCUSSION 
(a) Re lationships between thermal expansion coe fficue nt 
and elastic modulus 
The experimental results indicate that the increase 


in expansion coefficient with plastic strain is inversely 


proportional to the corresponding decrease in the 


elastic modulus. From thermodynamics, (( ( 
(x?7'V,)/K, 
3(1 — 2v)/E; 


these properties can be shown 


and from isotropic elasticity 


hence the following relationship between 


Moduli of elasticity and corresponding expansion coefficients for alloy 25—0 


Aw 


4000 
10,000 


6—7000 


12.000 151.000 


AE = change in modulus of elasticity from the annealed value. 


relative change in modulus of elasticity. 
relative change in expansion coefficient. 


AB/E 
Aa/a 


15] 
| 
9.0 
8.6 
6800 ps 
. 
4.] 0.1 
8.2 2.6 
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Elastic Modulus 


2000 4000 6000 8000 10000 
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Fic. 10. Fractional change in thermal expansion coefficient 
(x) and elastic modulus (Z£) of 2S aluminum with plastic 


stress 


where C, and C,, are the specific heats at constant 


pressure and volume, respectively, Vy is the molar 
is the compressibility coefficient, and 
Assuming that at 
37 is the con- 


stant for small amounts of plastic strain: 


Ax 1 AB 


2E 


volume, K 


y is Poisson’s ratio. constant 


temperature, [(C, Cyd 


Taking Ax/x at the first maximum for 28 aluminum 
4000 |b/in? stress) as 2.6 per cent, the calculated 
value of AE/E at the same stress is 
15 per cent less than the experimental 


5.2 per cent, 

or about 

value of 6.1 per cent. 

used to calculate the value 

9.0 

10 
1012 


Equation (1) may be 
f x» when F is known. Taking (C,, — C,) 
ergs/mol C, (1 2v) = 0.34, V, 
value of E 0.676 


mole and the measured 


annealed aluminum, 


10-8/°C, 


dyn/cm? (9.8 10° Ib/in?) for 
Compared 


10-8/°C, the 


the calculated value of « is 22.6 
value of 23.5 


the observed 


relative error is about 4 per cent. 


with 


b) Possible mechanisms for the observed changes in 
thermal expansion coefficient and elastic modulus 
The relative changes in « and £ resulting from 
These 
lattice 
The 
plastic strain 


The 


plastic deformation are shown in Fig. 10. 
effects 
defects 
variation in 
that 
initial decrease in EL, reaching a minimum at 0.1 per 


are believed to be associated with 


such as dislocations and vacancies. 


these properties with 


two mechanisms are involved. 


suggests 
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(4000 Ib/in? stress), 


ascribed to an increase in the average unpinned 


cent residual strain may be 
length of dislocation loops present in the lattice. 
Mott") and Friedel™*) have shown that an additional 
strain component results from the elastic displace- 
ment of dislocation lines under applied stress, leading 
modulus. Neglecting 


to an decrease in 


the effect of solute atoms, the 


apparent 

fractional change in 

elastic moduli was shown to be 
AE AG 
EB G 


Nd? 
6f(d) 
N is the density of 
the 
average length of a segment between pinning points, 


(3) 


where G is the shear modulus, 


dislocation segments per unit volume, d is 
and f(d) is a slowly varying function of d of the 
order of unity. 

Plastic initially 
increase Nd*, and hence —AE/E, by the generation 
of new dislocations and by the unpinning of some 
line the 
decrease in E at 0.1 per cent plastic strain, the value 
of Nd®?~ 1/3. The —AE/E with 
further plastic strain can be attributed to a decrease 


strain would be expected to 


segments from obstacles. For maximum 


reduction of 


in d due to increased dislocation interaction and 
loss of mobility that overshadows the concurrent 
increase in N. 

Although the expansion coefficients were deter- 
mined on specimens which were not under stress, 
the increase in « observed with initial plastic strain- 
result from movements of mobile 
dislocations. It is suggested that, in addition to 
the lattice the 


extension of mobile dislocation loops, which are a 


ing may also 


regular temperature expansion, 
result of the initial plastic flow, causes localized 
increases in volume and an increase in the apparent 
With further plastic strain, 
mobile loops are pinned by dislocation interaction, 


expansion coefficient. 


reducing this additional expansion component. 
With larger amounts of deformation (~10 per 
cent strain), the changes in « and E may result 
of lattice 
preferentially 


the extensive formation vacancies. 
Assuming that 


to interstitialey-type defects, an estimate of the 


from 
vacancies will form 
strain dependence of the vacancy concentration, 
C,, may be obtained for the case of multiple glide 
from an expression given by Van Bueren“); 


9 
, 


C (4) 


€ 
| 
where } is the Burger’s vector, ¢ is the plastic strain, 
and / is a semi-empirical constant 0.02. Thus, for 
aluminum subjected to strains of 0.1 and 14 per 
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HORDON, LEMENT ann AVERBACH: 
cent which correspond to peak changes in « and £, 
the vacancy density should increase about 0.9 

10!°/em* and 1.7 10!/em3 


review of 


respectively. In a 


previous work, Seitz“ has reported 


significant increases in the thermal expansion of 


halides containing a vacancy concentration of about 
10'8/em?); thus it 


vacancies during 


0.01 mole per cent (6 
that the 
deformation could account for an increase in « at 


appears 
formation of plastic 
relatively large values of strain. 

A high 


expected to result in a decrease in 2 


vacancy concentration could also be 
due to a dis- 
ruption of the regularity of lattice bonds. For some 
this effect the 
formation of a preferred texture as deformation 
the 


produced by tensile straining tends to increase the 


metals, may be counteracted by 


proceeds. In aluminum, preferred texture 
measured value of H, since the preferred orientation 
is the [111] direction in which Z has its maximum 
value. However, this effect is considered to be quite 
small because the elastic constants of aluminum are 
nearly isotropic, and because the magnitude of the 
tensile strains reached in the present work were not 
large enough to cause pronounced texture. 

of thermal and 


elastic modulus 


(c) Recovery expansion ccefficient 
Restoration of the unstressed values of % and FE by 


annealing plastically strained aluminum was found 


to be substantially completed before the onset of 


recrystallization. This is in agreement with results 


reported by Smith™ for the recovery of #. The 


recovery of « on annealing is found to proceed at 


maxi- 
for the 


substantially the same rate at the initial 


mum in « at 0.1 per cent strain and 
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increase at large strains (~14 per cent strain It 


would thus appear that a similar diffusion phenome 


non is involved in each case; pinning of mobile 


taking solute and 


the 


dislocations place by vacancy 


annealing 
The 
that 


strain region, and 


the 


diffusion in small 


out of large strain region 
rate of 


the changes in this property are 
the 


vacancies in 


somewhat lower recovery 


suggests 
related in a 
detects 


more 


complex manner to configuration of 
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LETTERS TO THE EDITOR 


High temperature intercrystalline cracking* 

The fraction of the total grain-boundary area 
occupied by cracks and voids was measured using 
Smith’s method:™ number of times unit length of a 
line is intercepted by a grain-boundary crack or void 
divided by the number of times the line is intercepted 
by grain boundaries. The results of the measurements 
are shown in Fig. 1. These results yield a linear 
relation between the total crack and void area and 


the total high temperature strain. A control specimen, 


heated in hydrogen at 1000°C and then strained in 
tension at room temperature (also at 196°C) reveals 
no grain boundary voids or cracks. 

It is believed that this result is a strong argument 
the 


that have been proposed for void growth. 


mechanisms‘?~> 
On the 
other hand, it can be simply explained by either the 


against vacancy condensation 


mechanism proposed by Chen and Machlin‘® or by 
Gifkins." According to either mechanism it would 
be expected that the fraction of total grain boundary 
area occupied by cracks or voids would be proportional 
to the amount of grain-boundary sliding. McLean‘®? 
has shown that the amount of grain-boundary sliding 


is proportional to the amount of high temperature 


14; 


unit grain boundary area xlO 


/ 


ked area 


Crac 


elongation at 920 
Fic. 1. 


Cracked area per unit boundary area as a function of 
high temperature strain. 


* Received November 25, 1957. 
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a = 
Fe (divide ordinate cd /Zn (divide 


ordinate by 
5) 


Grain-boundary Sliding, 


10 15 


Elongation, °/o 


Fic. 2. Grain boundary sliding as a function of elongation 


during creep for several metals.‘*? 


elongation. His results are graphically reproduced in 
Fig. 2. There is good reason to expect therefore that 
the same relation exists for nickel. In this event, the 
Chen—Machlin or Gifkins mechanisms predict the 


result illustrated in Fig. 1. 
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QUENCHING STRESSES AND STRAINS IN IONIC CRYSTALS* 
B. H. KEAR¢ and P. L. PRATT 


Quenching stresses and strains were examined by the photoelastic method in sodium chloride and 
lithium fluoride crystals. Quenching strains appear under the polarizing microscope as sharply defined 
stress birefringent bands, which are coloured when the optical system includes a sensitive tint-plate 
The distribution of colour in these bands is described and shown to be dependent on the 
dislocations remaining on the slip planes after plastic deformation. Using this correlation 
strain patterns in crystals down-quenched and also up-quenched are interpreted in terms 
dislocations having different signs. Similar patterns are found in quenched crystals of sodium cl 
and of lithium fluoride and in the case of the latter, the stress birefringence is shown to correlaté 


a pattern of etch pits. 


TENSIONS ET DEFORMATIONS DE TREMPE DANS LES CRISTAUX IONIQUES 

Les auteurs examinent par photoélasticité les tensions et déformations de trempe dan 
de chlorure de sodium et de fluorure de lithium. Les déformations de trempe apparais 
microscope polarisant comme des bandes biréfringentes de tension nettement définies qui 
lorsque le systéme optique comporte une lame-teinte sensible. La distribution de couleur dans « 
est décrite et on montre qu’elle dépend du signe des dislocations restant dans les plans dé 
apres la déformation plastique. En utilisant cette corrélation, les auteurs interprétent 
déformation de trempe dans les cristaux trempés au moyen de groupes de dislocations dé 
rents. On trouve des réseaux analogues dans des cristaux trempés de chlorure de sodium et 
ure de lithium et on montre que pour ce dernier la biréfringence de tension est en corré 


réseau de piqutres de corrosion. 


SPANNUNGEN UND DEHNUNGEN BEIM ABSCHRECKEN VON IONEN-KRIS 

Abschreckspannungen und -Dehnungen in NaCl und LiF wurdenphotoe lastisch u 
dehnungen machen sich unter dem Polarisationsmikroskop als scharfe Dopp 
bemerkbar, die farbig sind, wenn das optische System enine dichroitische Platte 
teilung in diesen Bandern wird beschrieben. Sie erweist sich als abhangig vom 
Geeitebenen nach plastischer Verformung verbliebenen Versetzungen Auf 
werden Abschrechspannungsbilder in Kristallen, welche schnell auf tiefer 
gebracht wurden, durch Gruppen von Versetzungen. Verschiedenen Vorzei 
Bilder an NaCl ahneln denen von LiF, indem die Spannungsdoppelbrechung 1 
gen Beziehung gebracht werden kann. 


1. INTRODUCTION method. After growth the crystals were ann 


' 650°C for 1 hr and furnace cooled Specimens 


By analogy with the known behaviour of metals," 
quenching should increase the strength of ionic dimensions typically about 4 { lOn 
crystals. At least two factors contribute to this cleaved from the grown crystal, 
increase in strength; quenched-in point defects, and treated either by down-quenching 
quenching stresses and strains. In metals the second Down-quenching involved annealing the 
factor is believed to be unimportant, but in ionic 750°C for one hour followed by a quencl 
crystals with their much lower thermal conductivities, temperature. Up-quenching consisted first in 
it may be more important. In this paper an analysis the crystals to 183°C by gradual immers 


is made of the quenching stresses and strains in ionic bath of liquid air, and then, after a 


crystals, and this forms the first part of a study of quickly transferring them to a bath of silicor 


quenching effects in ionic crystals. maintained at some convenient elevated tempel! 


2. EXPERIMENTAL PROCEDURE (b) Method of examination 


(a) Preparation of specimens Crystals were examined by transmitted pol: 
Large single crystals of sodium chloride were grown light in a low-power microscope. Much of the wo 
from a melt of analar quality by the Kyropoulos was carried out using a sensitive tint plate arranget 
in the optical system with its “‘slow positive” axis 


* Received November 11, 1957. — aa inclined to that of the polarizer. By introducing the 
+ Department of Physical Metallurgy, University of Bir- . 
mingham, England. Now at T. I. Research Laboratories, 
Hinxton Hall, Saffron Walden, England. ty _ in black and white becomes coloured. The coloration 
+t Department of Physical Metallurgy, University of 
Birmingham. 
ACTA METALLURGICA, VOL. 6, JULY 1958 457 


sensitive tint plate, stress birefringence normally seen 


depends on whether the stresses in the crystal are 
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tensile or compressive, and also on the azimuth of 
the tint plate, so that a given colour distribution may 
be completely reversed by rotating the crystal. A 
Zeiss eyepiece camera was used for recording images 
0250 orthochromatic plates or 


on either Kodak 


Agfacolour negative planfilm K. 
3. RESULTS 
3.1. Down-qui nehing 
cooling. 


effects air 


patterns 


(a) Quenching introduced by 


birefringent were observed which 


that 
(i) to establish macroscopic residual stresses, (quench- 


Stress 
showed quenching in still air was_ sufficient 
ing stresses) and (ii) to produce a small amount of 
plastic deformation (quenching strains). These effects 
were examined separately. 

(i) Residual stresses. With the axes of the polarizer 
and analyser set at 45° to the cube axes of the crystal, 
a quenched crystal was examined first in a direction 
the 


sensitive tint-plate, the crystal was seen to be divided 


perpendicular to the (100) side faces. Using 


into differently coloured zones, as shown in Fig. I(a). 


For this particular orientation of the polaroids the 


shaded zones were blue and the unshaded orange. 
The boundaries between differently coloured zones 
are relatively thin surfaces where the residual stresses 
change sign, and these will be described here as 
“transition surfaces’’. 

The nature of the residual stresses was determined 
unambiguously by applying a small compressive stress 
(below the macroscopic flow stress) to the crystal 


l(a) 


the blue-coloured interior was seen to be gradually 


whilst under observation. In the case of Fig. 


transformed to orange, the transition surfaces moving 


YY 


Fic. 1. 


(a) Residual stress pattern, and (b) the distribution of 
plastic deformation, in a quenched crystal. 
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the became uniformly 


From this it was deduced that for 


inwards. Finally, crystal 
orange in colour. 
a quenched crystal the interior was in longitudinal 
tension and the surface layers in longitudinal com- 
pression. 


(ii) Plastic With the 
crystal and the polaroids arranged parallel to one 


deformation. axes of the 


another, coloured birefringent bands were seen, 


delineating slip on (110) planes which had occurred 
during quenching. The pattern of the bands seen 
through the side faces showed that the slip in the 
the 


layers by the transition surfaces. Fig. 1(b) illustrates 


interior was separated from slip in surface 


a typical distribution of plastic strain in which 
different parts of the crystal have made use of one, 
or both, of the possible slip systems. Rotation of the 
the 


similar pattern of birefringence. Slip in the interior 


crystal by 90° about vertical axis revealed a 
appeared to take place on intersecting systems and, 
for crystals of square cross-section, to about an equal 
extent on all four systems. The distribution of colour 
was seem to be asymmetrical about any given band 
in a family of bands in the interior of the crystal, and 
that the 


intensity of the coloration changed continuously. 


furthermore, along the length of band 
For example, Fig. 2 shows a blue coloration confined 
to an area above the slip plane at one end and to an 
area below the slip plane at the other. 

The nature of the stresses along the slip planes was 
determined by applying a small compressive stress 
just great enough to cause local plastic deformation. 
Fig. 3 shows how slip nucleated in the compressed 
surface layers of an air-cooled crystal is propagated 
into the interior of the crystal. 

(b) Influence of the quenching rate. Quenching into 
silicone oil produced greater plastic deformation in 
all zones, Fig. 4, and “wavy slip” bands, characteristic 
of deformation above 300°C, appeared on the surfaces 
of the crystal, shown in Fig. 5. These slip bands 
indicated extensive slip on longitudinal slip planes 
(planes parallel to the long axis of the crystal) and 
also a smaller amount of slip on intersecting planes. 
Examination of the birefringence through the end 
faces of the crystal showed that the longitudinal slip 
was confined to zones in the surface layers. 

(c) Correlation between stress birefringence and etch- 
pit patterns. A few crystals of commercial lithium 
fluoride were quenched, and the stress birefringent 
patterns were similar to those described in detail for 
sodium chloride crystals. Fig. 6 shows the asym- 
metrical colour pattern characteristic of the interior 
of a quenched crystal, in this instance quenched from 
550°C in silicone oil. The sharpness of the pattern 
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Fic. 2. Stress birefringent pattern showing the plastic strain in the 
interior of an air-cooled crystal of sodium chloride 25 


Fic. 3. Spreading of birefringent bands into the interior of a quenched 


crystal under a compressive stress 
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compared to that of Figs. 2 and 4 is understandable 
the 


than 


since elastic constants of lithium fluoride are 


greater sodium chloride. Recently Gilman‘?? 
has studied the etching of lithium fluoride and his 
work shows that under certain conditions etch pits 
can be developed which reveal the positions where 
individual dislocation lines break through the surface 
of the crystal. Thus the pattern of etch pits developed 
in slipped surfaces can be compared with the cor- 
responding stress birefringence. 

A crystal of lithium fluoride rectangular in cross- 
section was quenched from 550°C in silicone oil and 
the birefringent patterns seen in the interior of the 
crystal were photographed in colour and also in black 
7(a) and S(a). Next, by a suitable 


longitudinal cleavage, the residual dislocations in the 


and white, Figs. 


interior of the crystal were exposed for etching. 


Etching was carried out using the reagent recom- 
mended by Gilman, with etching times sufficient to 
develop pits which could be conveniently resolved 
under the low-power microscope. The pattern of etch 
pits observed in the crystal is shown in Fig. &(b) and 
this clearly matches the original stress-birefringent 


The 


birefringent pattern was observed after cleavage and 


pattern in Fig. 8(a) obtained before cleavage. 


etching but it was not sharply defined since so much 
light was scattered by the severely etched surface. 
The superposition of birefringence and etch pits is 


shown in Fig. 7(b). 


U p-que nching 


Up-quenching a crystal to 125°C developed a 


complicated system of stresses and strains. Residual 
stresses were tensile in the surface layers and com- 
pressive in the interior, an arrangement the reverse 
of that found in 
However, both 
deduced from the coloration of the birefringent bands, 


down-quenching experiments. 


“tensile” and “‘compressive’’ slip, 
was observed in the interior and in the surface layers 
of the crystal, which suggested that the longitudinal 
internal stresses changed sign during the quenching 
process. By quenching to 60°C, a simpler distribution 
of plastic deformation was found. Slip in the interior 
and the 


that 


was confined to widely-spaced slip planes: 
coloration of the 


deformation had taken place in compression, rather 


birefringent bands showed 
than in tension as in the down-quenching experiments. 
There was no evidence of tensile slip in the interior 
and the compressive slip was bounded by the tran- 


sition surfaces. In the surface layers however, both 


compressive and tensile slip was found, with only the 
the 


tensile slip stopping at the transition surfaces; 


compressive slip overlapped considerably. 


QUENCHING 


STRESS STRAINS 


AND 


4. DISCUSSION 
(a) Inte rpretation of birefringent bands in 


dislocation S 
When 


dislocations trapped on the slip planes introduce 


crystals are plastically deformed those 


macroscopic residual stresses. A edge 


sequence ol 
dislocations of one sign forms a stress pattern which 
changes from compression to tension on crossing the 
slip plane and, as Nye“? has shown, this is responsible 


for the appearance of birefringent bands seen unde 


polarized light. Using a sensitive tint-plate the 


change from compression tO tension is reve by 
but the distributio) colour 


The 


asymmetrical distri 


the change of colour 
remains the same along the length of the 


question now is how can the 


bution of colour found in the 


present worl 

plained. This pattern can best be explained in t 
of a group of trapped dislocations of like sign at 
end of each slipped plane and a group of the opp 
sign at the other end. If this conclusion is correct 


whether a given col 


should be possible to decide 


distribution is due to a group of dislocations 


positive type or oft the negative type ind su 


procedure may be termed the standardization 
the stress pattern. 

Standardization was carried out by observir 
development of the birefringent bands when an 
cooled crystal was subjected to a 


After 


dey eloped bands, 


stress. such a deformation 


spreading into th 


and then 


crystal, were uniformly coloured 


gives all the information required 


dislocations 


standardization, since 
compressive deformation may bye 
elementary dislocation theory The 


bands 


Th Spl 


between the coloration of ina 


dislocations is shown in Fig. 9 


new bands from the 


indicated in Fig. 9(a) and the 


of movement of dislocations 


figure the new dislocations ar 


generated from four dislocation 


operating close to the surface of the 
from 


blue coloration above the slip plane 


edge dislocations source sucl 
whet 
edge dislocations from the source : 
slip plane o1Ve a blue coloration below the slip p 
Rotation of polaroids and tint-plate by 90° causes 
the colour in the bands to be completely reversed 
Making this 


metrically coloured bands in the interior of quenched 


use of standardization, the asym- 
crystals were interpreted in terms of dislocations 


as shown in the centre of Fig. 9. Such a distribution 
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A- BLUE-COLOURED AREAS 
(a) (b) 


Interpretation of the colour of birefringent bands in 
terms of dislocations in down-quenched crystals. 


Fic. 9. 


of dislocations can be accounted for by the operation 
of double-ended Frank—Read sources. During quench- 
becomes activated, generating dis- 


ing, a source S 


locations of opposite sign: these move along the slip 
plane in opposite directions comparatively freely until 


they arrive at points Z, and Z, in the transition 


The nature of the residual stresses at the 


surfaces. 
transition surfaces changes sign so that at these 
points there is an effective barrier to the further 
movement of the dislocations. 

The final distribution of dislocations in the slip 
plane will depend first on the stresses which originally 
caused the dislocation sources to operate, and secondly 
final state of the In this 
Fig. 9(b) distribution of 


residual stresses. 
that the 


dislocations in the interior of the crystal corresponds 


on the 
instance. shows 
with a small tensile deformation. Re-distribution of 
the if the 
differ from those producing slip during quenching, as 


dislocations can occur residual stresses 
will be shown later in the discussion on up-quenching. 

The uniform coloration of the birefringent bands 
seen through the end faces of the crystal implies that 
slip was nucleated at sources lying close to the sur- 
of the dis- 


locations was found to correspond with an extrusion 


faces of the crystal. The arrangement 
of material out of the middle of the side faces of the 


crystal. 


(b) The quenching process 

In the preceding discussion the residual stresses 
and strains have been analysed, and from this the 
nature of the quenching process may be deduced. 

(i) The down-que neching process. When a crystal is 
quenched from an elevated temperature the surface 
layers cool and contract first, so that a relatively 
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hard shell is formed which is both shorter and smaller 
the 
interior, or core, of the crystal is at this stage still hot, 


in cross-section than it was originally. Since 


radial compressive stresses are developed which 
extrude the core lengthwise into a thinner shape. 
When the core finally cools and contracts, it becomes 


As a 


result longitudinal tensile and compressive stresses 


in effect too small for the surrounding shell. 


are formed in the core and in the shell respectively, 
giving slip in zones separated by the 
A feature of the tensile slip is that 


transition 
surfaces, Fig. 1. 
it occurs apparently by the operation of Frank—Read 
This 


contrasts with the compressive slip occurring in the 


sources situated near the axis of the crystal. 


shell which is nucleated near the surfaces. The edges 
of the crystal cool most rapidly and are the first parts 
of the crystal to contract radially, so that in addition 
to the extrusion of the core, material is squeezed out 
from the middle of the side faces, where the longi- 
tudinal wavy slip lines were observed in Fig. 5. In 
the the shell, the 
contraction of radial tensile 


absence of any deformation in 
the 
stresses and tangential compressive stresses in the 


shell. 


not change the sign of these stresses but presumably 


core introduces 


Extrusion of material from the side faces does 


only alters their magnitude, since this deformation in 
the shell occurs before the core commences cooling. 
The radial stress in the core is one of tension since 
during the last stages of cooling the core is drawn out 
uniformly in all directions. 

(ii) The When a crystal, 


uniformly at a low temperature, is suddenly up- 


uUp-que nching proce SS. 


quenched, free thermal expansion of the warm surface 
The 


tensile 


layers is prevented by the still cold interior. 


immediate effect is to set up longitudinal 


stresses in the interior of the crystal, as shown in 


(Q) 
Distribution of dislocations during the two stages of 
up-quenching. 


Fic. 10. 
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LO0(a). first 


plastic deformation is more pronounced in the surface 


Fig. During the stage of quenching 
layers since, being warmer, they can deform more 
easily than the cold interior of the crystal. Eventually 
the interior warms up and expands and the greater 
amount of deformation already present in the surface 
layers leads to a reversal of sign of the internal 
LO(b). Plastic 


sponding to this new stress state is confined by the 


stresses, Fig. deformation corre- 


transition surfaces in the familiar way but the 


reversal of sign of the internal stress tends to develop 


the slip produced in the first stage of the quenching 


process. The absence of tensile slip in the interior of 


crystals quenched to 60°C shows that no deformation 


occurred there during the first stage of quenching. 


QUENCHING 


STRESS AND STRAINS 46] 
This implies that the quenching stresses were in- 
sufficient in this case to nucleate slip in the cold 
interior of the crystal, which points to a marked 


temperature dependence of the flow stress. 
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MECHANICAL BEHAVIOR OF MICROCRYSTALS* 
W. W. WEBB} and W. D. FORGENG+ 


Bend tests have been carried out on some small crystals chemically extracted from two-phase alloys 
and on some whiskers and other small crystals grown from liquid or vapor phases. Crystals of /- 
manganese, Mn-Si,, «-Si,N,, «-Al,O,, Cr,0,, Cr.N, chromium, and Fe,C were studied. All of these 
materials could be bent to relatively large elastic strains, and the calculated strengths of most of them 
approach theoretical values. The results are discussed in some detail, and it is concluded that although 
metal whiskers are unique because of the absence of edge dislocations, the occurrence of other cry stals 
with nearly theoretical strength is not unusual. There is some evidence that dislocations have little effect 
on the mechanical properties of hard or brittle microcrystals, and it appears that a distinction should 
be made between those crystals eventually failing by brittle fracture and those that fail by plastic 


deformation. 


LE COMPORTEMENT MECANIQUE DE MICROCRISTAUX 

Les auteurs ont procédé a des essais de flexion sur quelques petits cristaux extraits chimiquement 
dalliages biphasés et sur quelques barbes et autres petits cristaux obtenus par croissance a partir des 
phases liquide ou vapeur. Ils ont ainsi étudié des cristaux de manganése-/, Mn,;Siz, %-Si,;Ny, x-Al,Os, 
Cr,0,, Cr,.N, chrome et Fe,C. 

Tous ces cristaux ont pu, par flexion, donner lieu a des déformations élastiques relativement impor- 
tantes et pour la plupart d’entre eux, les résistances calculées s approchent des valeurs théoriques. 

Discutant les résultats avec quelque détail, les auteurs concluent que l’obtention de cristaux dont la 
résistance est voisine de la valeur théorique n’est pas exceptionnelle. Le cas des barbes métallique Ss 
nest que particulier par suite de absence de dislocations-coins. 

I] existe des raisons de croire que les dislocations n’ont que peu d’effet sur les propriétés mécaniques de 
microcristaux durs ou fragiles. Il conviendrait dés lors de distinguer les cristaux présentant une rupture 


fragile de ceux ot la déformation plastique se déroule normalement. 


MECHANISCHES VERHALTEN VON MIKROKRISTALLEN 

Es wurden Biegeversuche ausgefiihrt an einigen kleinen Kristallen, die aus Zweiphasen-Legierungen 
chemisch herausgelést wurden, und an Fadenkristallen und anderen kleinen Kristallen, welche aus de1 
fliissigen oder Dampf-Phase gewachsen waren. Es wurden Kristalle aus /-Mangan, Mn,Si,, «-Si,N,, 
%-Al,O,, Cr,0,, Cr.N, Chrom und Fe,C untersucht. Alle diese Materialien konnten elastisch bis zu 
relativ grossen Dehnungen gebogen werden. Die berechneten Festigkeiten der meisten von ihnen 
stimmen fast mit den theoretischen iiberein. Die Ergebnisse werden im Ejinzelnen beschrieben. Es 
wird geschlossen, dass Fadenkristalle zwar etwas Besonderes sind, weil sie keine Stufenversetzungen 
enthalten, dass jedoch auch andere Kristalle eine ahnliche Festigkeit erreichen. Es gibt Hinweise dafiir, 
dass Versetzungen einen geringen EinfluB auf die mechanischen Eigenschaften von harten ode1 
briichigen Mikrokristallen haben. Ferner sollte unterschieden werden zwischen Kristallen, die 


schlesslich spréde brechen, und solchen, die einen Verformungsbruch zeigen. 


1. INTRODUCTION their growth. In addition to metal whiskers which 

Since the discovery by Herring and Galt™ in _ fajj by plastic deformation, whiskers of silicon and 
1952 of small crystals approaching the theoretical germanium which fail with brittle fracture at ambient 
strength of a perfect crystal, numerous other reports temperature have been observed. Riebling and 
of exceptional strength in small crystals have appeared. Webb® observed that some small needles of 


Yield strengths as high as 1.3 LO" dyn em f/-manganese and Mn,Si, grown by chemical reaction 

(1,900,000 Ib/in*) have been reported. Until also have very high strength and fail without 


recently, all of these results were on metal whiskers detectable plastic deformation. Recently, Pearson, 


grown by vapor deposition, vapor-phase chemical Read and Feldmann") reported that small silicon 
reaction, or pressure-activated or spontaneous growth rods cut from large crystals and deliberately deformed 
from anisotropic solids. It is usually assumed that to introduce dislocations exhibit strength of the 
these whiskers are free of edge dislocations, having game order of magnitude as silicon whiskers. We 


only one or two axial screw dislocations that facilitate have measured the strength of other small single 
g 


* Received August 26, 1957. crystals obtained in various ways, and in this report 
t Metals Research Laboratories, Electro Metallurgical we shall present the results of these measurements 

Company, Division of Union Carbide Corporation, Niagara ‘ 

Falls, New York. and shall show that strengths close to the theoretical 
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are not rare but are probably a characteristic property 


of many microcrystals including those formed by 


precipitation in alloys. 


2. EXPERIMENTAL METHODS 

(a) Crystal preparation 

Small filamentary or ribbon-like crystals of brittle 
materials were obtained in a variety of ways. Two 
classes of specimens were included: (1) those formed 
by a vapor- or liquid-phase chemical reaction, and 
(2) 
Those 


those formed 
of the 
precipitates in many alloys. 


by precipitation within an alloy. 


second class are representative of 


The range of specimen 


(b) 
Fie. 1. 


Reflected light 
Reflected 


300. 
light 


(a) Beta manganese. 


(b) Manganese silicide (Mn,Si,). 300. 


4 
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sizes included crystals from | to 10 uw thick and from 


0.1 to 1.0 mm long. Figs. 1 and 2 show examples of 
each of the materials tested. 

The crystals grown from liquid or vapor by chemical 
of 


silicon 


needles 
(Mn,Si,), 


reaction are p-manganese, 
(a-Si,N 


They are shown 


manganese 


silicide nitride ,), and 


sapphire («-Al,Q,). in Figs. l(a) 


l(d). The 


needles were 


through b-manganese and manganese 


silicide produced by Riebling and 


Webb by reduction of anhydrous manganous chloride 


in alumina and silica reaction tubes, respectively. 


The specimens tested were about 2 u~ in diameter 


and about 0.25 mm long. The silicon nitride crystals 


Filamentary crystals grown by chemical reaction. 


(c) Alpha silicon nitride (S ,)» Transmitted light L100. 
(d) Sapphire 7 


light 75. 


Transmitted li 


4 
(a) ( 
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ENG. \ 
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(d) 


Fic. 2. Microcrystals grown from solid alloys. 


from 1.3 per 
100. 
isolated 


200. 


carbide (Fe,C)—partially isolated 
cent carbon steel. Reflected light 
b) Chromium nitride (Cr,N)—partially 
chromium. Reflected light 


a) Iron 


from 


were formed in the hottest part of a furnace during 
Details of their structure are 
Decker.) The a-Si,N, 


specimens tested were from 3 to 12 uw thick and up 


nitriding of silicon. 


given by Forgeng and 


to 10 mm long. Some had microscopically smooth 


surfaces while others had numerous sharp notches 
at the junctions of twin boundaries and the surface. 
The «-Al,O, (sapphire) formed by 
controlled oxidation of aluminum in wet hydrogen 


needles were 


at temperatures between 1300 and 1500°C.‘® Speci- 


mens about 3 wu thick and up to 5 mm long with both 


(c) Chromium oxide (Cr,0,) isolated from a chromium 
iron alloy. Transmitted light 100. 

from a chromium—copper alloy. 

100. 


isolated 
Transmitted light 


(d) Chromium 


microscopically smooth or obviously rough surfaces 
were Most of the a-Al,O. 


crystals have a small axial pore less than lw in 


selected for testing. 
diameter running through their entire length. 

The crystals extracted from solid alloys are iron 
carbide (Fe,C), chromium nitride (Cr,N), chromium 
(Cr,Q,), 
specimens are 
2(d). 

The iron carbide crystals were isolated from a 


and chromium metal. Typical 


illustrated in 


oxide 


Figs. 2(a) through 


1.3 per cent carbon steel. The steel was heated at 
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1120°C for one week and air-cooled to obtain a The chromium metal crystals ar 
structure consisting of primary cementite and pearlite. dissolving away the copper from 
The carbide appeared at the boundaries of very large eutectic alloy of copper and chromiun 
prior austenite grains and as ribbons of cementite a 50 per cent nitric acid solution o1 
projecting from the prior boundaries through a sodium hydroxide and hydrogen 
matrix of fine pearlite. Extraction was carried out solubility of copper in chromium 
by electrolysis in dilute hydrochloric acid. The and the chromium-rich phase 
extracted carbides consist of platelets and ribbons as clusters of radial wires 
between | and 3 u« thick and up to 1 mm long. Some Each wire is a single crystal al 
of the ribbons and platelets appear to be composed and 0.1—2 mm long, depending 
of parallel layers that exfoliated on bending. Others More details will be given in 
that were quite regular with nearly uniform thickness All of these materials hav: 
except very near the ends were selected for testing. fied by various means and the 

The chromium nitrides are single-crystal needles test were chosen for regularity 
about 2 «in diameter that were isolated by a bromine (with some deliberate exceptions) appare! 
methanol treatment of high-purity electrolytic chro- of gross structure. The thicknesses 
mium that had been hydrogen-treated. They are were measured optically by various methods. Usual 
formed during heat treatment in the solid state. independent measurements were made with conical 
Details of their formation and structure are given by — reflected illumination (Leitz ‘‘Ultropak’ vertical 
Servi and Forgeng.™ Fig. 2(b) shows some of them _ reflected illumination, and in the case of transparent 
projecting from a crystal of chromium from which crystals, with transmitted light. The estimated 
they have been partially extracted. The chromium — uncertainty in the thickness or diameter measurement 
oxide needles are single-crystal inclusions extracted is less than —10 per cent for specimens | uw thick 
by electrolysis in a 10 per cent aqueous solution of more except for the Fe,C platelets. The Fe, 
hydrochloric acid from a high-purity iron—chromium platelets are not of sufficiently regular shape and are 
alloy containing 20 wt. per cent chromium.) They often contaminated on their surfaces by 
are quite similar in size and shape to the chromium products from the isolation procedure 
nitrides although careful selection is required to uncertainty of about 20 per cent 


obtain single crystal specimens. nesses. 
TABLE 1. Results of bend tests 


Observed Young’s modulus 
Material Thickness (2) 
stran (dyn ecm 


Mn,;Si, 9 


160.000 
290.000 
277.000 
O00 
-700,000 


97.000 


w 
| 


.150.000 
430.000 
430.000 

~L10.000 
430.000 


570,000 


660,000 


@ Estimated from data on other metals of first transition group."' 
® The value for TiN is assumed for lack of a better value.“! 


¢ The average for garnet and Cr,Q, is taken.''® 
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1.9 1.7 

2.2 2.2 f 

3.6 2.7 fractu 
Si,N, 2.8 4.0 (8 104 3.2 x 10 f 

5.8 3.5 LO ract 

12.5 2.4 1.9 LO 7 f tu 
a“-Al,O, 3.3 1.4 5.1 (12 7 10 l f t 

3.3 2.3 1.2 10 fi 
Cr,0, 4.7 (2 LQ! 6.7 10% plastic def ition 
Cr,N 1.66 lag! ? fract 

L.5 l fractu 

2.2 5 fractu 
Cr 1.0 3 2.5 [Qi? le 8.0 10 l stic def t 

1.0 l 3.0 LO fracture at visi lefect 

L.0 l 3.0 10! plastic def 

1.0 3 Pe 10 l not tested to failure 

1.0 ] 3.0 10 not tested t« ir 
Fe,C 1.9 4 (1.7 1Q!?) (4 8.0 l fracture 

1.45 3 3.9 10 fractur 

1.5 2 4.6 10 fractur 
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(b) Test methods 

The object of the tests described is to determine the 
maximum amount of strain that the small specimens 
described above can withstand without fracture or 
Essentially, the bend testing 
Galt™ for tin 


free 


plastic deformation. 
Herring and 
that the 
no mandrel being used to limit the radius of 


method employed by 


whiskers is used except bends are 
bends 
curvature or guide the bend. Bending is carried out 
with a probe mounted on a micromanipulator and 
the specimen mounted on a probe or goniometer 
head in the field of observation of a microscope. 
The specimen is photographed before bending, then 
repeatedly bent and photographed while bent. 
The probe is removed after each photograph and the 
specimen is allowed to relax and is then checked for 
being rebent to a smaller 


permanent set before 


radius and rephotographed. This is repeated until 
failure or a permanent set occurs, and the apparent 
radius of bend is determined from the photographs. 
Occasionally, bonds are observed that are obviously 
not uniform. These are usually due to variations in 
specimen thickness or other gross defects, so the 
specimen is rejected. The maximum strain is given 
by the ratio of one-half the thickness of the specimen 
in the plane of bending to the radius of curvature 
of the bend, assuming that the cross-section of the 
The 


minimum measured value of the thickness is used to 


specimen is symmetric about its neutral axis. 


compute the maximum strain since this yields the 


lowest—hence, the most conservative—strain datum. 
3. RESULTS 
Table 1 shows the quantitative data obtained. 


Qualitative observation of many additional samples 
of each material indicated their capacity to with- 
stand strains of at least 1 per cent, but some samples 
also failed at much smaller strains probably because 
of gross defects. Because of the limited number of 
samples studied quantitatively and the relatively 
large increments of strain between measurements on 
individual samples, the maximum values of strain 
listed in Table 1 may be much less than the maximum 
The 


modulus have been taken from the literature where 


obtainable elastic strain. values of Young’s 


available or estimated from known 


similar substances. However, in some cases, no 


data could be found on which to base a reasonable 
estimate of the modulus. 

Specific data on the strength of large single crystals 
of the materials listed in Table 1 are lacking, except 
for chromium, which in relatively pure form yields 


stresses of about 7 


or fractures at 


109 dyn 
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(100,000 Ib/in?),4® which corresponds to an elastic 
strain of about 0.0028, and «-Al,O,, which fractures 
10° dyn (45,000 


which corresponds to an elastic strain of about 0.0016. 


at about 3. 
Both P-manganese and Mn,Si, are known to be 
extremely friable when in macroscopic pieces, so 
that their effective bulk strengths are nearly negligible. 

Qualitative results on Cr,O, crystals suggest a 
much higher strength than is reported in Table 1. 
However, this material behaved in a very peculiar 
way in that a time-dependent recovery of plastic 
deformation was occasionally observed. This pheno- 
menon requires further study. 

To the data in Table 1 may be added the results of 
‘) on small silicon 
They 
strains up to 1.58 per cent and corresponding stresses 
to 3 1019 dyn em~? (434,000 Ib/in?) on crystals less 


than 50 uw thick, while large annealed crystals had 


Pearson, Read and Feldmann 


erystals cut from large boules. observed 


strengths of only 3.5 « dyn em~? (50,000 Ib/in?). 


4. DISCUSSION 
(a) Strength and failure of microcrystals 
The data in Table 1 show that small crystals, 
including some precipitates formed in solid alloys 
and subsequently extracted from them, and some 
brittle 
strains without failure. 


whiskers can undergo very large elastic 


Application of Hook’s law 
suggests that their strengths approach the theoretical 
The available mechanical-test results on iron, 
(4) 


limits. 
copper, and silver whiskers and on silicon crystals 
indicate that deviations from Hook’s law at large 
strains in those materials are relatively small, so it is 
reasonable to assume Hook’s law to permit rough 
calculation of strengths from data on elastic strain 
at failure. The calculated strengths are listed in the 
fifth column of Table 1. 

These results suggest that the exceptional strength 
usually regarded as a unique property of whiskers 
may actually be a quite common characteristic of 
other small crystals. It is pertinent to speculate on 
the conditions necessary for exceptional strength of 
microcrystals. 

The exceptional strength of whiskers is generally 
attributed to the absence of edge dislocations which 
would, if present, permit plastic yielding by migration 
at small stress levels. Whiskers of normally ductile 


metals such as copper, iron, silver and_ nickel 


eventually fail by plastic deformation and, indeed, 
the 
decreases their strength by several orders of magni- 


introduction of a few dislocations into them 


tude. However, Pearson et al.“ have clearly shown 


that small silicon crystals and whiskers into which 
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plastic de- 
retain their 
Silicon 


dislocations have been introduced by 

high 
differs 
from the normally ductile metals in that it fails by 
brittle 
mation at ambient temperatures. If we consider that 


the 


formation at high temperature 


strength at ambient temperature. 


fracture without appreciable plastic defor- 


the strength of a brittle material is limited by 
stress required to initiate and propagate a cleavage 
of a ductile metal is 


fracture, while the strength 


the stress required to form or move 


the effects of dislo- 


limited by 


dislocations, we cannot expect 


each Presumably, 


the 


cations to be the same in case. 
brittle 


and propagate cleavage fracture being less than the 


behavior results from stress to initiate 


dislo- 
the 


stress to nucleate (if necessary ) and move 


cations through the lattice. The magnitude of 


effect of dislocations on the cleavage stress in brittle 


crystals is not certain, but in the case of silicon, we 


can establish a maximum if we assume that the 
highest streneth observed on one sample by Pearson 
et al.“ (which is quite close to the theoretical strength) 
is characteristic of a virtually perfect crystal, and 
that most of their data apply to cry stals containing 
then their data 


factor of 


dislocations: would indicate a 


decrease by a about 2.5 in the ambient 
temperature strength on introduction of dislocations 
Although dislocations in 
have a pronounced effect on 


materials certainly 


their strength, it appears that they have a much 
smaller. perhaps negligible. effect on the strength of 
small crystals of hard, brittle materials. 

The strengths of brittle microcrystals are clearly 
much larger than the strengths of large crystals of 
This 


usual, to the relative unimportance of local stresses 


the same materials. may be attributed, as is 
at points of load application or to the relative absence 
of stress-raising defects in microcrystals. However, 
no systematic study of size effects in our microcrystals 


has been carried out. 


(b) Behavior of dispersed particles in alloys 

It is enlightening to consider the behavior of the 
small crystals present as a dispersed second phase OI 
precipitate in an alloy in view of our observations 
of the strength of isolated specimens of some of them. 
This discussion refers only to particles sufficiently 
distinguishable as a 


large to be unequivocably 


discrete second phase. For purposes of discussion, 


let us define (in conformity with the ideas of the 


previous section) a “hard” crystal as one in which the 


motion of dislocations is sufficiently difficult that 
brittle fracture occurs before plastic deformation, 


e.g. Fe,C, «-Al,Os, diamond; then a “soft” crystal 
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is one which fails by plastic deformation, ¢ 


coppel 


uncertain but 


very pure iron, silver. The somewhat 


technically important behavior associated with brittle 
fracture of nominally soft materials is not immediately 


pertinent to this discussion and is not considered 
theories of 


17-20) of 


Current dispersion or precipitation 


strenethening allovs generally include as 


Williams has pointed out'*!’) the assumption that the 


precipitate can sustain considerabl sneal Stress 


without plastic deformation In 


dispersion hardening,“ the amount 


is directly related to the maximum sl 


can be sustained by the dispersed pai 


adjacent matrix Thus, the effectiven 


dispersion in modifying the mechani 
of the alloy should depend on the m 
perties of the dispersed crystals 

In the case of a dispersion of 
crystals in a “‘soft’’ matrix 
dispersion itself seems to 
dispersed particles should 
should 


No dislocations 


since cleavage would occur at 
that 


It should be of 


required to introduce or m« 
consequence 


particles initially contain dislocatio 


would have little effect on the pa 


ota dispe 


In the case 


soft matrix, there are sey 


behavior of the dispersed 


that in 


part ICS 


says many 


arranged similat 


compared to the ma 


suppose that in\ 


difficulty 


passing 


that the particl 


has no bearing on the problem 


ment appeal to require the 


interface 


coherent 
deterrent to 
states that 


the idea is that 


up the dislocations of 


the slip planes of the precipita 


match those of the matrix 


argued with no less justification 


soft’ even u 


precipitate particle 


dislocations and regardless of whethe1 


is coherent or incoherent would be no g 
than 


to a disloc 


passage ot a 
between two crystals of the matrix 


possible that a small crystal which displays 


Hard 
( “Tre! 
ee it a stre ver than 
} 4 LJ ; 
n the theory of Fisher, Har | 
tT} t reat 
} ree { 
reater Getel ent 
Thus, it is a 
nearty 
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TABLE 2 


Treatment 


Alloy 


annealed 
annealed 
age-hardened 


iron-carbon 


copper 


copper 2° beryllium 


2°, beryllium 


1°, chromium annealed 


coppe 
coppe 


aluminum 


1°,, chromium age-hardened 


x 


silicon as cast 


nem 


annealed 
annealed 


iron (C saturated) 
copper (Be saturated 


copper (Cr saturated) 


aluminum (Ni saturated annealed 


* Computed from flow stress at 25 per cent plastic strain. 


theoretical strength after isolation from the matrix 
in which it is formed may be deformed at relatively 
remains in the matrix. Unckel’s 


low stress while it 


studies”) of the behavior of two-phase systems during 
plastic deformation have shown that hard and soft 


phases behave quite differently once slip has begun. 
NStre ngthe ning of alloys by dis pe rse d particle s 
Although a 
the strengthening of alloys by dispersed particles 
to the 


completely satisfactory analysis of 


is not available, it is interesting consider 
implications of our measurements of the strength of 
isolated particles in a relatively naive way, and to 
discuss them in terms of current theories. One can 
define a measure of the strengthening effect assignable 
r precipitate in a two- 
the 


formally as the volume average of the strengths of 


to any particular dispersion 


phase alloy by expressing observed strength 


Thus, for a precipitate of 6 in a 


effect, 2, 


the two phases. 


matrix of x, the specific strengthening 


of the f phase is defined by 
=- = (1) 


where S and S, are the strength of the alloy and the 
are the volume 
respectively. and 

effects 
computed from yield (S*) and ultimate (SY) strength 
data. 
a dispersion in an alloy depends on the size and 


distribution of the particles so the values of & 


matrix, respectively, and y, and y, 


fractions of « and p, 


denote respectively specific strengthening 


As is well known, the strengthening effect of 


should not generally be regarded as the strength of 
the dispersed particles but merely as a measure of 
the resultant strengthening of the alloy. 

Data are available to make calculations on iron—car- 


bon,) aluminum-silicon,?” 


(dyn cm~?) 
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» 


(Yield) Sel (Ultimate) 
(1b/in?) (dyn cm~?) (Ib/in?) 


101° 
101° 
101° 
101° 


720,000 
260,000 
1,000,000 
310,000* 
200,000 
161.000 


101° 
10° 
191° 
108 
10° 


375.000 
130,000 
1,000,000 
10,000 
3.900.000 
120,000 


(Ultimate) 
(1b/in?) 


(Yield) 
, (1b/in?) (dyn em~?) 
10% 
10% 
109 
108 


40.000 
40,000 
41,300 
13.000 


10° 
108 
108 
108 


24,300 
LO.000 
10,000 

5.000 


and copper—beryllium®?® alloys. The yield strength 
and tensile strength of fully annealed alloys consisting 
of a coarse precipitate in a homogeneous solid solution 
are available except for chromium—copper where the 
flow stress at 25 per cent plastic strain is used instead 
of the tensile strength. Similar data on the copper 
chromium and the copper—beryllium alloys are also 
for the 
The results of calculations of 


age-hardened condition. 


y 


available fully 
from yield data 
ultimate strength data are given in 


and from 
Table 2. The strengths, S,* and S, 
phase are also given for comparison with the com- 
effect. The 


and » are much larger 


for the matrix 


strengthening specific 
strengthening effects, 


puted specific 


than the strengths of the matrix, S,Y and S,", in all 
cases except 


for annealed copper chromium. 


Fic. 3. 


Silicon platelet isolated from aluminum-silicon 
alloy. Electron micrograph 10,500. 


168 
2.6 5.0 
y 1.8 
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The precipitated phases present in the iron—carbon, 
copper—chromium and aluminum-silicon alloys are 
Fe.C, 
respectively. 


nearly pure chromium and nearly pure silicon, 
Microcrystals of Fe,C, 


from a 


of chromium 


isolated copper matrix, and of silicon cut 


from large silicon crystals all showed high strength 
on bending. Silicon crystals have also been isolated 
from aluminum-silicon alloys, and an_ electron 
micrograph of a thin platelet is shown in Fig. 3. 
Although no satisfactory particles large enough to 
test that 


platelets aluminum-silicon 


were obtained, it seems likely silicon 


the 
alloy should also display high strength. Attempts to 


precipitated from 
isolate suitable specimens of v-CuBe from beryllium 
copper were unsuccessful, but in view of our other 
results, high strength is to be expected of isolated 
particles of v-CuBe. 

The specific strengthening effect computed from 
yield data for an annealed alloy of chromium in 
copper contrasts with all of the other results. How- 
ever, the behavior of the isolated chromium micro- 
crystals also contrasts with the others in that the 
isolated chromium crystals usually failed by plastic 
deformation and so may be regarded as “‘soft”’ 
crystals whereas the Fe,C and silicon, which fail by 
brittle 


regarded as “hard” crystals. 


fracture at ambient temperature, may be 


Thus, these results 
support the conjecture advanced in the previous 
section that “soft” dispersed phases may be funda- 


mentally less effective in raising the yield point than 


are “hard” particles although strengthening in the 
ot the 


plastic range still occurs. A review 


that this 


cursory 


literature suggests may be generally 
true 


The 


that copper—chromium and silver—copper alloys can 


in which copper is the dispersed phase. fact 
nevertheless be substantially age-hardened supports 
the concept that the pre-precipitates or Guinier- 
Preston zones, that are responsible for the high 
strength of age-hardened alloys at maximum hardness, 
differ fundamentally from the coarser dispersions 
discussed above. Presumably, their strengthening 
effects depend primarily on their interactions with 
Williams” 


iron 


the matrix in which they occur. has 
the 


chromium alloys in terms of the elastic interaction 


explained age hardening of 


recently 
between two nominally soft phases. 


5. CONCLUSIONS 
A number of whiskers of various materials grown 
from the liquid or vapor phase and small crystals 
extracted from various solid alloys have shown high 
strengths, approaching the theoretical strength for 


MECHANICAL BEHAVIOR OF 


one other example being sterling or coin silver 


MICROCRYSTALS 


This 


generally have high strengths and 


perfect crystals. suggests that small crystals 


may that 

particular, many precipitated phases in alloys ar 
likely to have high strength. In the case of hard 
crystals which normally fail by brittle fracture ne 
presence or absence of dislocations may be nearly 
inconsequential to their behavior either when isolated 
or dispersed in an alloy. Dispersed crystals that 


normally fail by plastic deformation at very high 
stresses if initially free of dislocations may yield at 
relatively low stresses if coarsely dispersed in an 
alloy. 
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RECOVERY OF DAMPING AND MODULUS CHANGES FOLLOWING 
PLASTIC DEFORMATION*+ 


A. GRANATO,?t§ A. HIKATA?§ and K. LUCKE?t 


A theory is developed which assumes that changes with time in the decrement and modulus of a 
crystalline material following plastic deformation are a result of dislocation pinning by deformation 
induced point defects. This time dependence is based upon the Cottrell—Bilby ¢?/* law for strain-aging. 
Comparison of the results of the theory with available data shows that the measured time law is that 
predicted by the theory for specimens which have been deformed between about 0.4 and 4.0 per cent 
For smaller and larger deformations, dey iations are obtained. 

Although measurements so far available permit only a qualitative check of the predictions of the 
theory with regard to the dependence of the recovery rate on purity and deformation, a check of the 
temperature dependence is afforded by recovery measurements of Young’s modulus for copper. From 
these an activation energy for the migration of vacancies in copper is determined to be 1.0 eV. A number 


ot experiments needed for checking the theory further are proposed. 


RESTAURATION DE L’AMORTISSEMENT ET MODIFICATIONS 
DU MODULE APRES DEFORMATION PLASTIQUE 

Les auteurs développent une théorie qui admet que les modifications au cours du temps du décrément 
et du module d’une substance cristalline apres déformation plastique résultent de l’empilement des 
dislocations provoqué par les défauts ponctuels nés de la déformation. 

Les effets du ten ps se déduisent de la loi en ¢* > de Cottrell—Bilby pour le vieillissement de déformation. 
La comparaison des résultats fournis par la théorie et des données experimentales montre que cette loi se 
vérifie pour des échantillons qui ont été déformés entre 0,4 et 4° 

Les déformations extérieures a cette gamme donnent lieu a des écarts par rapport a la loi théorique. 

Bien que les mesures dont on dispose actuellement ne permettent qu'un controle qualitatif des prévisions 
théoriques en ce qui concerne l’effet de la pureté et de la déformation sur la vitesse de restauration, les 
auteurs ont cependant contrdélé l’effet de la température par des mesures de restauration du module de 
Young du cuivre 

Ils en déduisent une énergie d’activation de la diffusion des lacunes dans le cuivre et ils lestiment de 


ordre de 1.0 eV. 


théori sont propose es. 


Un certain nombre d’expériences nécessaires pour une vérification plus poussée de la 


ERHOLUNG VON DAMPFUNG UND MODULANDERUNG NACH PLASTISCHER VERFORMUNG 


Eine Theorie wird auf Grund der Annahme entwickelt, dass die zeitliche Anderung von Dekrement und 
Modul eines Kristalls nach plastischer Verformung durch die Blockierung von Versetzungen durch bei 


der Verformung entstandene punktférmige Fehlstellen bewirkt wird. Diese Zeitabhangigkeit soll dem 


Cottrell—Bilby’schen f?/? Gesetz der Reckalterung folgen. Der Vergleich der Theorie mit Experimenten 


ergibt Ubereinstimmung im Zeitgesetz fiir Proben, die zwischen etwa 0,4 und 4% verformt wurden. Fur 


grossere und kl] 


einere Verformungen werden Abweichungen beobachtet. 
Obwohl die vorliegenden Messungen nur eine qualitative Priifung der Theorie hinsichtlich einer 
\bhangigkeit von Reinheit und Verformungsgrad gestatten, kann die Temperaturabhangigkeit der 
Erholung des E-Moduls von Kupfer beschrieben werden. Daraus ergibt sich eine Aktivierungsenergie 


der Wanderung von Leerstellen in Cu von 1,0 eV. Eine Riehe weiterer Experimente wird vorgeschlagen. 


1. INTRODUCTION sometimes called the Késter-effect occurs usually 


It is generally found that small plastic deformation 
increases the damping and decreases the apparent 
elastic modulus of a crystalline material. Following 
the these 


their original This 


deformation quantities recover toward 


recovery, which is 
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much faster than does the recovery of most other 


mechanical properties, such as hardness, X-ray line 


To date, three mecha- 
It is the 
purpose of this article to (1) put one of these mecha- 


broadening, yield limit, etc. 
nisms have been put forward for it.':4.” 
nisms in quantitative form, (2) survey these data 
to find to what extent they can be accounted for by 
the and (3) 
properties of the material can be derived from such 


assumed mechanism determine what 
recovery data. 

the 
recrystallization temperature are known to be due 


The decrement and modulus changes below 


to the oscillation of dislocations under the influence 
of the applied alternating stresses. The increase in 


the damping and decrease in the modulus with 
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deformation is presumably due to the increase in the and is given by 

number of dislocations caused by the deformation. ~ 

TI Ay (AE E) A, exp 
le subsequent recovery must then be due to a . 

disappearance (annihilation theory) or immobilization The constants are given by 

of these dislocations. The latter process would be 

caused either by interaction of the dislocations with A, 


2.5 QAL,.° Kya 


Le, | 
other dislocations (rearrangement theory) or with ata 


point defects (pinning theory). A, = Kya/ey. 


The first of these mechanisms was proposed by Hy ; 
ere is an orientation factor which taken int 
Smith® who assumed a mutual annihilation of 
‘Jal “ planes is less than the applied longitudinal stress. 
available evidence and the possible mechanisms, hin the dial ; 
A. is the dislocation density, L,, is the lengtl ( 
Nowick came to the conclusion that the recovery woe © tength of loop 
a ee : determined by the network pinning and JZ is the 
of internal friction phenomena is caused by a re- K i 
upon orientation and anisotropy, is Cottrell’s 
In the present paper the possibility will be followed 
misfit parameter measuring the magnitude of the 
that the decrease of damping and the increase of 2 ; 
lattice dislatation at the point defect, a is the lattice 
modulus with time is due to point imperfections ie 
aiaes parameter and ¢, is the strain amplitude. The 
which move to the dislocations and pin them. This ag 
; validity of equation (1) has been demonstrated in 
means that these phenomena are considered to be 
effects of strain-aging rather than of recovery in the 
A second loss, denoted by the subscript represents 
usual sense. Both Smith and Nowick also considered : “ayes, 
the dynamic loss of vibrating dislocation loops at 
a pinning mechanism but each rejected this possibility ey 
poe Sy? ies low strain amplitudes due to the fact that dislocation 
after pointing out a number of difficulties connected f ' 
; motion is damped. For this case one finds from the 
with it. For reasons given in the discussion, these 
difficulties are not believed to be serious by the 
writers. 
and 
In the following section, a quantitative theory 
of the changes of damping and modulus with time 
where 
following plastic deformation based upon the inter- 120 OAF ies 
action of dislocations with point imperfections will 
be developed. For this, use is made of a theory of OA? 
internal friction phenomena in undeformed crystals : 
published earlier.) Then a comparison with the Here, B is a damping constant, @ is the 
experimental data, especially with the very complete and C is the dislocation line tension. Th 
set of data of Gordon and Nowick®) for rock salt dependence of equations (2) and (3) has 
and of Smith) for copper will be given. One obtains to be valid experimentally for meas 
a range of deformations for which very good agree- neutron irradiated high purity copper at 15 
ment is found between the predictions of the theory Additional evidence will be provided he 
and the presently available data. above, A, is frequency dependent since the pro 
No specific model has as yet been constructed Qw is frequency dependent Jecause of th 
for the rearrangement mechanism of Nowick, so dynamic mechanism cannot contribute t 
that a thorough quantitative check of this idea is very low frequencies (below about 10 ke/s 
not possible at present. the dynamic mechanism referred to abovs 
one so far proposed which pred ts relations ana 
2. PREDICTIONS OF THE PINNING THEORY 3), it is not certain at present that all of the measured 
The pinned dislocation theory mentioned earlier‘ loss even at high frequencies is due to this mechanisn 
predicts that the decrement (A) and modulus change There is some evidence that recovery effects simila1 
(AEB BE) produced by the dislocations will be of two to those observed at high frequen 1eS 104 ¢ 


» fire will bea loss which is strain am ylitude 
types. Che fir . I — * In equation (1) it is supposed that th 
dependent, going to zero at small amplitudes. Chis impertections acting as pinning points Is 
loss is caused by the breakaway of the dislocations © the number of network pom The se 
from the point imperfections which pin it down, — frequencies 


A,/L).* (1 
TT) 
and 
> 
42 
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found at frequencies too low for the dynamic 
the If it 


should be found in future measurements that relations 


chanism to contribute to decrement. 


2) and (3) are also valid at these low frequencies, 
then only the coefficients A, and A, of the equations 
vhich follow will need to be changed; the form of all 
subsequent relations will remain valid. 

An important special case is obtained when the 
lislocation density does not change during recovery. 
This 


principal recovery mechanism as discussed earlier. 


might be expected if annihilation is not the 
Under these circumstances. only the loop leneth L 
of the 


is assumed to decrease with time because 
migration of additional point imperfections to the 
dislocations. Then the time dependence in equations 
|-3) is given only by ZL and the quantities A,, A, and 
1, can be considered as constant with time.* 

The number of pinning points can be expressed 
as the sum of the pinning points due to the network 
If there are k dif- 


kinds of defects one therefore obtains for the 


and those due to the point defects. 
ferent 


average loop leneth L 


(4) 


where 
defect. 
For recovery effects, we anticipate that there will 
be two types of point defects of importance. One will 
defects the 


concentration © for examples vacancies) and the 


be the produced by deformation in 
10 


second will be the impurities in concentration G5». 
[t will be assumed that the deformation is sufficiently 


large to produce point defects but not large enough 


so that dislocation interaction forces 


neglected. It 
that @,, is an immobile defect at the temperatures at 


may not be 


will also be assumed in what follows 

which measurements are taken and that @,, is mobile. 
The number of defects 7,(t) which have diffused 

to the dislocations after a time ¢ will be given by the 

Cottrell Bilby@) relation 

ADt ) 3 


| (5) 


where 7,9 is the number of such defects in the lattice, 
x is a constant with value of about 3, A is a parameter 
measuring the strength of the Cottrell?) attraction, 
D is the diffusion coefficient and k7' has its usual 
meaning. Now, using the relations 7, 9 C;)N, where 
N is the number of atoms per unit volume and 


Na? = 4 for f.c.c. materials, one can express equation 


* The time dependence of A, can be neglected with respect 
to that of the exponential in equation (1). 


is the concentration of the ith type of 
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(5) in terms of concentrations as 


4% (/ADt\? 


© ,(t) 10 (6) 


a* \ kT 
After sufficient time, the point defects will attain 
the equilibrium concentration on the dislocations 
given by the Cottrell“? relation 
Cy = Cp exp [Q/kT], (7) 
where @ is the interaction energy between the point 
defect and the dislocation. Let it be assumed further 
that there are sufficient such defects that the network 
pinning points can be neglected. Then relations (1-3) 
may be written as 
An A, (6 10 


A, exp | Coo)! 


where 
AD\ 2/8 
Goo) a* 
and the time variation of these quantities is now made 
explicit. 
3. APPLICATION OF THE THEORY 
TO EXPERIMENTAL RESULTS 
The forms of the curves given by equations (9) 
and (10) are shown as the solid lines in Fig. 1. It 
noticed that both the decrement and the 


modulus change curves characteristically start with 


should be 


1.0 


NORMALIZED ATTENUATION AND YOUNG’S MODULUS 


Fic. 1. Decrement (or attenuation) and modulus changes 
with time following plastic deformation. The solid curves 
are the curves predicted by the pinning theory. The key for 
the measured points is found in Table 2. Both the vertical 
and horizontal scales have been normalized. In those cases 
for which data for both the decrement and the modulus are 
available, the same normalization factor is used for both 
quantities. 


A.at ] 
(C19 + Goo)* [1 + 
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AND 
infinite slopes at t 0, and that the decrement changes 
with time much faster than does the modulus change. 
These curves have the essential features of typical 
observed recovery curves for these properties. 

We observe that equation (8) predicts that during 
recovery, the logarithm of A,, vs. @?/° should be a 
straight line. The slope of this straight line should 
be proportional to the concentration of defects 
produced by the deformation, be very sensitive to 
temperature, and also be a function of the strain- 
amplitude used in the measurements. 

The rate of the recovery process for the strain 
amplitude independent decrement is determined by 
the constant #. Equation (11) predicts that pure 
materials will recover faster than impure ones, that 
the recovery will be temperature sensitive because 
f depends on the diffusion constant D, and that the 
recovery will be faster for more heavily deformed 
this 


should be larger. 


materials, since in case, the concentration of 


defects Cy, Furthermore, plots 
of log f vs. 1/kT7' should be straight lines whose slopes 
are 2U/3, where U is the activation energy for migra- 
tion of the point defect created by the deformation. 
It appears that if measurements of A,,, A, and 
(AH/E), were made as a function of time and tempera- 
ture one should be able to experimentally determine 
That 
the dislocation density, the 
the 
created by the deformation, the activation energy 


all the unknowns in the theory. is one could 
impurity 


defects 


determine 
concentration, concentration of point 
for migration of these defects, the network lengths, 
the constant K and the damping B. No such measure- 
ments have yet been reported. However, measure- 
ments of these three quantities have been made at 
room temperature in NaCl and (A£/£), has been 


measured as a function of temperature in copper, 


so that we may check some of the predictions of 


equations (8-10) with these. Also comparisons are 
made with the less complete data available for zinc 
little 


given here to those results for which the theory can 


and aluminum. However, attention will be 


be expected to be inapplicable. For example, non- 
dilute alloys and extremely large deformations are 
Many of the results of Koster and 
this The 
found in these cases are often qualitatively similar 


not considered. 


collaborators’® fall in category. results 
to the typical behavior considered here, but usually 
detailed of these 


data for the reasons presently to be given. 


one cannot make a examination 


A serious difficulty arises when one attempts to 


compare the measured values for the modulus changes 


with the theory. According to equation (10), one 


needs to know the values of the modulus at zero time 
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and after infinite time. However, it is very difficult 
to get the value for zero time as the modulus changes 
very quickly for small times and there is usually a 
substantial change before the first measurement has 
been taken. Also the time variations become very 
slow for large times so that it is difficult to find the 
AE/E in the theory is the difference 
between the measured modulus and the true 
One 


the 


final value. 
elastic 
needs 


modulus, which can never be measured 


a method of determining whether or not final 
measured value still contains a dislocation contribution 
If these two values are known, one of the data can be 
plotted on the curves of Fig. 1 to check relation (10). 


If, however, either the initial or final value is not 


known, then two data points must be used in the 
curve fitting so that a check on the shape of the 
curves is less reliable, especially if there are only a 


few data points. 


4. COMPARISON WITH THE DATA ON NaCl 
for 
dealt with neatly are the measurements of Gordon 
Nowick") of NaCl 
specimen which was subsequently with 
X-rays. 


1700 min of recovery following a 4.2 per cent deforma 


Measurements which this problem can_ be 


and recovery in a deformed 


irradiated 


The modulus change which occurred afte 


tion was 1.38 per cent. The decrement and modulus 


change of this specimen is shown in Fig. 2. That this 


is not the bulk of the modulus change even though 
the modulus no longer changes rapidly with time is 


evident from the fact that. when the 


sample was 


irradiated, a further modulus change of 1.68 pet 


cent occurred. The irradiation is known to produce 


vacancies which pin down the dislocations. It seen 
as did Gordon and Now 


sufficiently 


reasonable to assume 
that the 


down after the radiation so that there is : 


dislocations ar 


remaining modulus difference due to the dislocations 
In this way then, one can have a much better measur 
of the relative modulus changes with tim« 

An analysis of this NaCl data was made in the 
following way. The difference between the decrement 
data at strain 
amplitude is the amplitude dependent decrement 
A,. Although data the 
authors in the figure, points were taken from the 
This 
It may be seen that the predicted 
From 
the slope of this curve one can determine the product 
19 (8a/a?) (A D/kT)?/8.* The factor A, 


high strain amplitude and at low 


points are not given by 
curves and a plot was made of log A, vs. 
is shown in Fig. 3. 


straight line relationship is obeyed very well 


can be 


* For rock salt, the factor 


this expression. 
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M €9=1.36x10 ©) 


3200 


800 1600 


TER DEFORMATION, min 
R GORDON AND NORWICK) 


Fic. 2. Rec f internal friction and resonant frequency 
it room 
for an NaCl single crystal. 
resonant 


temperature, 
The deformation was 4.2 per cent 
compression and th 
| friction is measured at two strain 


After Gordon and Nowick.) 
Next, 
measurements, the factor [4% 


is found. By 


unknown (64 6 99) 


calculated knowing the _ strain 


from the 


10 20 


amplitude. 


modulus 10 


Sa/a* com- 


bining these, the may be 


determined. From this. 


\ are 


9) is completely 


A, and the dislocation density 
Now, the constant 
determined. We 

check the fourth power relation given by the theory 
by plotting log A, vs. log (1 pei). 
in Fig. 4. We see 


obtained and the value determined for the exponent 


determined. > in equation 


may therefore 
This is shown 
that a rather good straight line is 
This is considered to be excellent agreement 
Also 


0, we may determine the damping 


1e theoretical value of four. from the 


of A, att 


DECREMENT (A,, x 10°) 


50 100 
(TIME)? AFTER DEFORMATION (IN MINUTES 


Fic. 3. The decre- 
ment (Ay) as a function of time to the two-thirds power. 
The points shown are computed from the curves given by 


Gordon and Nowick in Fig. 2. 


logarithm of the amplitude dependent 


as a function of time after deformation, 


frequency 85 ke/sec. The 
amplitudes. 
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90 

80 

70 
\ 

60 


d 


40Fr 


DECREMENT (A, » 10°) 


2 

1+ B t%s 
Fig. 4. The amplitude independent decrement of Fig. 
vs. the same function used to analyse the modulus data. 
According to the present theory, a straight line with slope 
4 should result. The measured slope from this curve is 
4.3. No arbitrary parameters are used in the curve fitting. 


constant B. Finally from the intercept of the log A, 
vs. #7 curve the network length Ly is determined. 
The values obtained in the process just outlined 
depend on the value chosen for K in the factor A 
of expression (1). A value that was used in a previous 
analysis was about 1/50.'8) The derived values of 
the constants in the theory using this value are listed 


in Table 1. For the above the values Q 1/10, 


Values of the constants found by comparison of 
with the data on NaCl for two different values 
of K 


the theory 


10-" 


em 3. 10-4cem 
10° em-? 107 em-? 
10-4em 10-4em 


25 keal/mole 27 keal/mole 
23 kcal/mole 


21 


25 keal/mole 
23 keal/mole 
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100 200 400 es 
(AFTE 
K 1/50 Kk 1/5 
Is 4.5. A; 1.5 10 1.5 x 108 
vitl 4x /AD\2/3 
vitn t} 45 10-7sec—2/3 45 10-8 see-2/3 
value 27 x 10-3 2.7 x 10-4 
A, 0.33 0.33 
1.05 x 10-2 1.05 x 
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10-7 
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AND 


a = 5.6 10-§ em, 7 1/10, and C 10-4 dyn 
were used. 
10-8) should 


be the impurity concentration in the specimen. No 


The value of @,, determined (2.7 


increase of 64, above the average value in the crystal 
would be expected since at room temperature the 
newly formed dislocations would not be able to 
collect their Cottrell atmospheres by diffusion. The 
impurity content of the crystal (grown by Harshaw) 
is not known precisely, but the value obtained does 
If the 
accurately, it could be used to improve the estimate 
of the factor K. 
of 1.2 x 10° cm? seems to be reasonable for a slightly 


deformed crystal. 


not seem unreasonable. value were known 


The derived dislocation density 


This result could be checked by 
etch pit methods. The value of the network length 
Ly = 0.69 x 10-4 
If there is a network in the crystal then there should 
A and Ly. 


Using the above 


also appears to be reasonable. 


be a relationship between For a cubic 
array, this would be A Ly? = 3. 
derived values one obtains A L,? = 5.2 
this 


considered to be accurate enough to attach significance 


The values 
derived from analysis cannot, however, be 
here to agreement closer than an order of magnitude. 
Finally, the value of the damping constant B is 
found to be 4.6 10-2, 
tude larger than the value expected from the theory 
of Leibfried and Nabarro.“?.14) 

The 
empirical value used to fit the theory with data in 
The 


calculated from theoretical principles as yet. 


This is two orders of magni- 


value of AK used in the above (1/50) is an 
been 


How- 


ever, estimates for it yield values an order of magnitude 


a previous analysis. constant has not 


larger. This discrepancy constitutes a serious difficulty 
for the theory. It 
sider what values for the unknown parameters result 


is instructive, therefore, to con- 


when a value of K 1/5 is used. These are also 
listed in Table 1. 
this both 


Nonetheless, a value of L, 


For value, and L, are ten times 


larger. 6.9 is 
acceptable, as it is not in disagreement with yield 
data. The resulting dislocation density is 


stress 
smaller by a factor of one hundred. This value of 
estimates for 


= 5.2 


however, the value of B 


107 is smaller than usual 
crystal. The 

remains the same. Now, 

found is 4.6 10-4 which is close to the theoretical 


Thus, the larger value of K seems to give a 


a deformed relation 


value. 
more reasonable value of B at the cost of a lower 
derived dislocation density. 

In a previous discussion'®) of this theory, several 
difficulties with it The first 
for network lengths of 10-4 cm or less, the calculated 


were noted. was that, 
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displacements of the dislocations were not larger 
than a lattice spacing for a range of applied stress 
the Under 


is difficult to see how the 


often used in measurements. these 


conditions. it postulated 


breakaway from pinning points occurs. If, however 


the value of Ly resulting from the use of A 1/5 


is used, this difficulty is removed. The second diffi- 


culty was the variance of the value of K with rough 


theoretical estimates, already mentioned. A _ third 


difficulty was that the damping constant B required 
to fit the data to the theory was much in excess of 
theoretical estimates. From this work it appears 

simul- 


of A 


For example, if 


possible that all of these difficulties may 
taneously removed by the use of the larger valu 
This possibility can be checked. 
the decrement in these experiments were measured 
as a function of strain-amplitude at any time during 
the recovery, this data could be used to determine A 
Also, if the impurity content of the 


the value of K 


experimentally. 
COULG 


specimen were known exactly 


be determined. In addition, etch pit counts 
used to check the derived dislocation density 
There is one further constant determined 


measurements, namely 
{ 
AKT 


The mobility and the concentration ¢ 10 ‘ 


is not known. However. we may trv to 


activation energy of migration of this « 
assum( 


estimated values of A and D,. If we 


10-7! and D, = 0.1, then we may compute the 


exp 


10 


activation ene! ror mig! 


where YW is the 


defect If we assume for the moment that 


Is a 


vacancy we can estimate ©,, and 


Seitz” has inferred from electrical 


measurements by Gyulal 


that about 10'8 pairs of vac 
by a strain of the order of 10 


correspond to a concentration 


deformation of 4.2 per cent 


analysed here. The positive ion vacancies : 


to have a much higher mobility than do the ne 


idilv at roon 


ion vacancies and move re tempel 


Thus, at room temperature the positive ion vai 


will migrate to negative ion vacancies and the mn 


of negative ion vacancies remaining after a tim: 


be less than 10-°. The values of W7 then foun 


concentrations of 10~-°, 10~-®, and 10 are 


Table 1, for both 
Since the jump frequency for the positive ion vacancy 


cases of A 1/50 and A 


) the 

} 
2U/3RI 

d Hart Nal 

tiv 

| 
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is known to be about 1/see at room temperature, and 
that for negative ion vacancies about 10° smaller,@® 
the of to 
that the recovery may be due to pinning by the 


range values obtained seems indicate 
negative ion vacancies produced by the deformation. 
Measurements made as a function of temperature 
should be made to check this. Ifthe activation energy 
is measured in this way, then the number of such 


defects for a given deformation can be determined. 


5. COMPARISON WITH DATA ON METALS 
(a) Zine. 


but 


Recovery measurements for the decre- 


ment” not modulus) of zine are available for 


two deformations. For a deformation of the order of 
0.5 per cent the shape of the recovery curve follows 
For 


extremely small deformation, it is not possible to fit 


equation (9) very well (see Fig. 1 and Table 2). 


the data to a curve of the form of equation (9). Such 
a curve is shown in Fig. 5 where a fit has been made 
to one measured point. Thus, it is found that there 


are recovery data which are not described by equation 


TABLE 


Material 
Purity 


and Frequency 


reference (~¢ 


99.99 7.8 me/sect 


(shear wave) 
S5 ke secs Roc 


O.F. 
99.$ 
99.5 
9Y.¢ 
99.5 
99. 
Spectrographically 
pure 
Spectrographically 
pure 
Spectrographically 
pure 
5 me Roc 
Roc 


Rox 


5 me 


10 me 


10 me Rox 
99.6 


99.6 Roc 


Value at ¢ Oort © is calculated. 
+ Values at both ¢ 0 and © are calculated. 
Propagation direction [1000]) all others are 


Propagation direction [100] {| polycrystalline specimens. 


ACTA METALLURG 


Annealing 


temperature 


Room 


ICA, VOL. 


NORMALIZED ATTENUATION 


TIME, 


Fiac. 5. of the experimental recovery curve 

found for zine after extremely small deformation with that 

predicted for deformations to create point 
defects. 


Comparison 


large enough 


(9). In this case, however, the result is not surprising 


inasmuch as one of the assumptions in the theory 


is violated. The theory assumes that the deformation 
is large enough so that mobile point defects are created 
by the deformation. For the zine in Fig. 5 it is unlikely 
that the deformation was sufficiently large for this 
condition to be met. 

For the specimen after larger deformation, the 
\ and 


seen from the following estimate. Since no velocity 


values of L needed are reasonable as can be 


Total 


change of 
of decrement 


AE/E (%) 


Deformation Total change 
(min)~*/* 


> 
Room 


ym 


0.45 
(load on) 
(load off) 

O.8Y 


ym 


ym. 
(load on) 
(load off) 
15 
30 


ym. 


EXPERIMENTAL RVE FO 
EXTREMELY SMALL DEFORMATION 
THEORETICAL CURVE FOR 
2 
. 
Fig. | 
~0.5 7.6 10-3 1.6 10-1 
NaCl”? 4.2 1.1] 10-2* 3.1 2.6 10-3 
Cu l 9.35* 4.4 10-3 
Cu 8.2 10-3 
~ Cu | 8.9* 2.0 10-2 
Cu ] 8.9* 4.] 
A Cu ) ] 8.4* 1.6 x 10-1 
Cu i l 5.2T 2.6 10-? 
v Cu ND l 6.17 13 10-1 
Cu ) 4.5 10-1 
7.8 10-4 10-1 
3.2 10-4 4.7 10-1 
A] 28 | 8.9 10-4 9.0 10-2 
Alts 3.9 10-4 3.7 10-1 
5.7 10-4* 0.49* 10-2 
Al'é 7.8 10-4* 0.52* 9.5 10-3 


GRANATO, HIKATA ann LUCKE: RE 
data is available in this case, w 
ALA the 
9, the 

Br 10-4 


10® c/s, one 


e can only estimate the 
with 
10-3, 


attenuation 
A, 7.5 
units), and 


AI* = 4 


product from measured 


equation Using values 


Q 1/10, 
X 7.8 


finds 
This can be achieved with the 
A 109 and L 4 10-° em. 
of the of attentuation of 


crystals after extremely small deformation sometimes 


Measurements 


recovery copper single 


show a similar dependence upon annealing time, 
0.47) the 


deformation 


starting with a finite slope at ¢ Again, 


deformation here is so small that few 
induced pinning points are expected. 

The only data available for which the 
is that for the 


modulus, 


(b) Coppe 


temperature is systematically varied 


modulus of copper. Smith® measured the 
but not the decrement, of copper after deformation 
as a function of time and annealing temperature for 
specimens of two purities for two different deforma- 
The 
scale for five annealing temperatures in Fig. 6 
99 
The 
are the theoretical curves of equation (10) fitted to 
the Since the of the 
immediately after not known, 
data points were used in the curve fitting to determine 
the The 


values of # as a function of 1/7’ are shown 


tions. recovery is shown in a logarithmic type 
for 
an cent 


oxygen-free-high-conductivity per 


pure specimen deformed | per cent. solid curves 


data. initial values modulus 


deformation are two 


fp and initial modulus change. resulting 

Fig. 7 
for specimens of two different purities, both deformed 
The data follow straight lines as predicted 
Furthermore, the 
both 
pinning the dislocations in 
6 for the purer 
is about three times for the 
pure The exact difference in purity 
of the two specimens is not but 
described as OFHC 99.984 per cent Cu and spectro- 


scopically pure Cu. 


| per cent. 
by the theory. activation 
the 
defect is 

a given temperature, 


energy 


obtained is same for samples, indicating 


that the same 
both cases. For 


specimen arger than 
larger thar 


less 


specimen. 


known, they are 


for from Fig. 4 


According to the present theory, 


The activation energy found } 
. 


16 keal/mole. 
this should be 2/3 of the activation energy for migra- 


is 
tion of the point defect causing the pinning. Thus we 
obtain U l eV. 
natural to suspect that vacancies produced by the 


24 keal/mole or It would be most 


deformation are producing pinning, since vacancies 


are known to act as pinning agents.“® At present 
there is not complete agreement as to the exact value 
for the 
Estimates based on different assumptions have ranged 
2 eV."18-22) The 


be 


migration activation energy in copper. 


between 0.7 and 1. value obtained 


from these measurements may regarded as an 


COVER 


reasonable values of 
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SS 
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MODULI 


hr 


Fic. 6. Modulus 
deformed | per cent as a Tunction of time 


The 


by Smit! ot 
for diff 


theoretical 


changes measured 
rent ten 


tures. solid lines are 


independent determination of this quantity by a new 
method. It would be 


of the corre sponding decrement changes to make 


valuable to have measurements 


this 
assignment definite. 


the 


more 


LA far determined 


number of 


values of and SO 


the 


Using 
defects 
deformation for 
ratio of the point defects to 


now estimate 
created by the 
A and D,, we obtain the 
the 


Using 


one can 


By guessing values 


impurity concentration from 


the 


equation 


dyn em* and 

1 
10/20 
take the impurity concentration to be about 3 


This 


values <A 


em?/sec. one finds 


this results in ¢,, = 5 result may 


4 


\ 


Fic. 7. The function 
temperature for coppe! 
l per According 
two straight lines displaced by 
impurity content should 
1.0 eV found should be 
energy in copper. The 


recovery parametel ) as a 
ot diffe 


to the point 


two rent purities 
defect 
amount determine 


The 


ancy 


cent. pinning 
an 
result activation 
the vac 
higher 


material 


migration 


curve 1s that for 


N A 
LO 10 
= 
D, 
If we 
\ 
\ 
0.1 \ \ 
\ 
2 
e pure! 


ACTA METALLURGICA, 


ATTENUATION, dB/ su sec 


STRAIN, 


Attenuation as a function of strain. As the load 
is increased (A—B) the attenuation increases, passing through 
a maximum. At point C, the strain is held constant, and the 
attenuation decreases (C’D’) with time. When the load is now 
attenuation again increases, through 
a maximum and decreases (D-E-—F). With the load 
pletely off, the remaining attenuation now decreases again 


Fic. 8. 


decreased, the 


passes 


com- 
with time (F’G), but at a slower rate. 

compared with that resulting from a relation used 

by Seitz. of Cc LO LO 6 


It is not surprising that the 


10 where 
is the plastic strain. 
this analysis is about 20 times 


value obtained by 


smaller than 10~®, since it could be expected that 
of the defects 


other defects so that the number of pinning points 


many created would combine with 


diminished. 
one finds 
in Table 2 to lie in the range 0.9 to 1.5. 


would be Finally, using equation (10), 
L? for all the copper specimens listed 
This is easily 
\ 10% 
and L 


satisfied with the reasonable values of 
and L 10-> em, or A 108 em-* 

The data by Smith for OFHC copper extended by 
8.4 per cent cannot be fitted by equation (10) if a 
unique activation energy is assumed, in contrast to 
This 

the 


location density is large enough for dislocation inter- 


the results for 1 per cent deformation. may 


indicate that for 8 per cent deformation, dis- 
action to take place, and the present theory becomes 
invalid. 

c) Aluminum. Measurements on 2S aluminum 
at 10 me/s for about one per cent deformation are 
4) for the complete recovery process. It 
Fig. 8 that 


minute 


available 
from if measurements are 
than after 
85 per cent or more of the recovery is undetected. 


may he seen 


begun later one deformation, 
The recovery in aluminum in this case is very rapid 
at room temperature in contrast to the results for 
copper. This is understandable since the activation 
energy for the migration of defects in aluminum is 
expected to be much less than that for copper. The 


special features of these results are that, since measure- 
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ments are taken during the deformation process, 
two complete recovery effects are obtained, one when 
the specimen is under load, and one when the load is 
removed. This behavior may be followed in Fig. 8. 
As the the 
increases for small deformation, passes through a 


deformation is increased, attenuation 
maximum,* and then decreases with further defor- 
mation (A—B-C). 
the attenuation recovers almost completely to its 


the load is removed, the attenuation increases nearly 


If the strain is then held constant, 


original value before deformation (C If now, 
to its value before recovery, then decreases but still 
has a finite value when the load is completely removed 
(D-E-F). 


manner similar to the recovery under load, but at 


The remaining attenuation recovers in a 
a slower rate (F’-G). The values of 6 found for both 
recovery processes (load on and load off) are listed 
in Table 2 for measurements on 28 aluminum for 
two different deformations. 

The interpretation of these results by the present 
theory is that the recovery process under load is a 
result of pinning of dislocations by 


When the 


away from these pinning points so that the attenua- 


point defects. 


load is removed, the dislocations break 


tion increases again. Finally, under no load, the 


recovery process is repeated. In the meantime the 


number of defects ¢c,, available for pinning has been 


reduced so that / is decreased. Again, the dislocation 
densities and loop lengths required to account for 
the 

Measurements at 


magnitude of the attenuation are reasonable. 


much lower frequencies on 


larger deformation are also 


that the 


aluminum ® for much 


shown in Table 2. The frequency is so low 
decrement cannot be considered to be a dynamic loss 
as described earlier. In this case, there are not suffi- 
cient data points to determine accurately the depen- 
dence upon loop length. However, if one assumes the 
[? and L4 law for the modulus change and decrement, 
respectively, and uses the same / for both, then the 
curves can be fitted by the present theory despite 
the fact that the deformation is larger in this case 
than that contemplated in the theory. This fit seems 
The 


recovery in this case appears to be much slower than 


surprising and is not understood at present. 


that measured at high frequencies. 


6. DISCUSSION 
The three mechanisms so far proposed for the 
recovery of damping and modulus changes, (i) 
annihilation, (ii) rearrangement, and (iii) pinning, can 


be compared in the light of the data now accumulated. 


* The maximum may be interpreted to mean that appreci- 
able recovery takes place during the deformation. This 
aspect will be treated more fully in a later publication. 
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The 


after recovery (DE in Fig. 8) is 


increase of the damping during unloading 


a major difficulty 
increase has 


(24) 


for the annihilation theory. Such an 


also been observed in zinc”) and in brass, and 
seems to be a general feature of unloading experiments. 

This increase is also difficult to understand from the 
point of view of the rearrangement theory. It is true 
that the interpretation of this increase given in the 
previous section involves a rearrangement of dis- 
locations. But this rearrangement under a changing 
load, which is also found by Haasen and Kelly, 
is to be sharply distinguished from a possible rearrange- 
load. 


the 


ment during under constant 


There 


recovery 


recovery i.e. 


exists no quantitative description of 


process according to a rearrangement 


theory. It is not even yet clear, qualitatively, how 


a rearrangement mechanism would lead to a decrease 


in damping during recovery if use is not made of 


pinning concepts. The pinning mechanism, on the 
other hand, automatically leads to a simple interpre- 
tation of the effects shown in Fig. 8. 

Smith®) that if 


responsible for the recovery, then a single activation 


has argued point defects are 
energy should be obtained from the measurements. 
But he shows that if modulus recovery data is fitted 
with decaying exponential functions of time, then 
it is necessary to use a sum of exponential functions, 
This is 


because the modulus change characteristically decays 


each with a different activation energy. 
much faster than an exponential for small times. 
There is, however, no theoretical basis for attempting 
to describe the modulus change with exponential 
functions; and the slope of the curves is characteristi- 
cally that of equation (10) so that a unique activation 
energy is determined by the present analysis. 
Nowick™ has given some arguments intended to 
show that the recovery of internal friction phenomena 
cannot be attributed to point defects. For example, 
he argues that if the recovery is due to point defects, 
the recovery should be capable of correlation with 
the recovery of electrical resistivity. He notes that 
for copper, large changes occur in the recovery of the 


modulus between 25 


and 100°C, whereas the resis- 
tivity of cold worked and irradiated copper shows 
relatively little change in this range. However, the 
two should not occur together because of the difference 
in sensitivity of the two methods. The damping 
is influenced by the very beginning of the recovery 
the first 


This is because the damping depends on the fourth 


process, i.e. by of the defects to migrate. 


power of the loop length, and the first few pinning 


points may be sufficient to reduce the damping to 


negligible values. On the other hand, resistivity 
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depends on the number of defects which remain in 
the lattice. This number will not change appreciably 
Thus 


the corresponding resistivity changes should occur at 


until nearly the end of the migration process 


later times or higher temperatures. * 
Also Nowick notes that the 


work of Smith that higher purity copper shows more 


there is evidence in 


rapid recovery than copper of less purity. He states 
that there is no evidence that impurities affect the 
However 


recovery ot point defects in this wa) 


equation LO predicts this type ol dependence on 


impurity. This dependence arises because the rate 
of change with time depends on the relative numbers 
of the two kinds of pinning points. 

In favor of the pinning theory speak ill of the 
qualitative and especially the quantitative agreements 
noted in the preceding sections. In Fig. | are plotted 
the results of all appropriate recovery measurements 
available to the authors. For all the various materials 


and conditions, the data points fall closely on one 
pair of master curves which is just that predicted 
by the pinning theory Also convincing is 
that the theoretically 


law for the migration of point defects to dislocations 


the fact 
predicted Cottrell—Bilby 


could be derived from measurements on 


NaCl on the basis of this theory 
The fact that the 


recovery 


theory is in very good agreement 


with the experimental results in the 0.4—4 per cent 


deformation range indicates that ised 


induced 


quantitative agret 


recovery Is Cal 


by pinning of dislocations by deformation 


point defects. Furthermore, the 


ment suggests that other recovery 
probably contribute only in minor wa 
For smaller and larger deformations 

is expected to break down) recover, 
observed which do not nowevel 
predicted by the pinning theory 
other recovery mechanisms, the 
which are presently unknown 
they do not make a major con 


range where the pinning mechat 


7. CONCLUSIONS 
1) A 


of internal 


developed 


based 


previously 


quantitat 
juan 


friction the interaction of 


upon 


dislocations and point imperfections has been extended 


‘or this reason 
ean be described 
equation (5 
electrical resistivity modified versio1 
The 


decrease in 


modifications ar 
the 


decrease 


used, 
the 
which 
They can, how 


overall 
leads to a 
ever, be neg 


process. 


¥ 
hanist 
theory 
( ‘ B tion 
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One 


obtains quantitative agreement over an appreciable 


to describe recovery effects after deformation. 


range of deformation (roughly from 0.5 to 5 per cent 
deformation). In consonance with this, some of the 
assumptions in the theory break down for very small 
and very large deformation. Other recovery mechan- 
isms which operate outside this range do not appear 
to make a substantial contribution to the recovery 
in the same deformation range where the pinning 
mechanism operates. 

(2) The unknowns in the theory can be determined 
by simultaneous A, and 
(A#/E£), during recovery as a function of time and 


measurements of A,,, 


temperature. 

(3) Analysis of the strain-amplitude independent 
decrement of NaC! leads to a fourth power dependence 
on the loop length. This is in agreement with results 
of Thompson and Holmes® 
tion effects on copper. It should be pointed out that 


who measured irradia- 


no other presently available theory for damping 


edicts a fourth power dependence on loop length. 
I 


(4) The theory permits a determination of the 
time law for the migration of point defects to dis- 
locations from recovery data. The experiments on 
NaCl give the ¢*/? law derived by Cottrell and Bilby. 

(5) According to the theory, recovery measure- 
ments of damping and modulus can be used to deter- 
mine migration activation energies of point defects 
The 


energy for copper has been found to be 24 kcal/mole, 


created by deformation. migration activation 
suggesting that vacancies are the migrating point 
defects. Corresponding, but less certain, considerations 
lead to negative ion vacancies for the migrating point 
defects in NaCl. 

(6) Recovery experiments as a function of defor- 
mation should help to determine the number of such 
defects per unit deformation. Studies of this type, 
when combined with other recovery studies (such as 
resistivity, for example) should help to distinguish 
defects which disappear by recombination from those 
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which disappear at dislocations. Measurements of 
recovery rates in the load-on and load-off condition 
should provide information on the rate of decrease 
of deformation induced point defects in the lattice. 
Studies over a wide temperature range after deforma- 
tion at low temperatures might help in the isolation 


of various types of point defects. 
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AN X-RAY EXAMINATION OF THE w PHASE IN TiV, TiMo and TiCr ALLOYS* 


J. M. 


The alloys Ti 16% V, Ti 29% V, Ti 13% Mo and Ti 13% Cr all form the w phas« 
the intensities of X-ray diffractions shows that the wm structure is the same in each al 
The @ phase can be reverted and its formation is retarded by cold work 


Ti 16% V alloy.) 


orientations of w develop in equal quantities after cold work. 


SILCOCK*+ 


and a omparison ol 
Lh as that in the 


The four 


\ specimen containing p @w trace 


produced by high temperature ageing contained unequal quantities of w in the four orientations, proving 


that w is hexagonal and not cubic. The rumpling of the central plane proposed by 


Bagarvatskii l 


probably less than 0-005, that is the atomic positions may be 000; 4 % 0-495; % 40-505 instead of 0 0 0 


The formation of « is accelerated by cold work and the « phase then forms in a lit 


orientations. 


Attempts to thin crystals in phosphoric acid converted / 


RAYONS X DE LA 


Ti 29% V, 


EXAMEN AUX 


Les alliages Ti 16% V, 


de ces alliages, la méme que dans l’alliage Ti 16% V. 
La formation de cette phase est réversible et peut étre retardée par déformation a froid 
telle déformation, les quatre orientations de wm se développent indifféremment. Un 


phases 
des quatre orientations de @: 
plan central proposé par Bagaryatskii 
0,495—2 


pourraient étre 0 0 0—4 2 


The precipitation of « is the cause of hardening in the 


PHASE 
Ti 13% Mo et 


paraison des intensités des raies de diffraction des rayons X montre que la structure w 


@ et « en traces, par vieillissement & haute température, 
ceci prouve que @ est hexagonale et non cubique. 
2) est probablement inférieur a 0,005; 


+ 0,505 au lieu de 0 0 0 


¢ 


dride 


29% V alloy 


wm and structures to 


TiV, TiMo et 
| rit 


st, dans chacur 


DANS LES ALLIAGES 


Ti 13% Cr 


forment tous la phase w con 
1 

Apres une 
échantillon formé des 
contient des proportions inégales 
L’écart de planéité du 
les positions atomique 


La formation de “% est accélérée par déformation a froid et elle apparatt aiors sulvant un nombDr 


limité d’orientations. 


La précipitation de x est la raison du durcissement de l’alliage de 


d’essais d’attaque de cristaux minces dans l’acide phosphorique, 


transformées en [ hydrure. 


SINE 


Die Legierungen Ti 16% V, 


der Intensitaéten der Réntgenlinien zeigt, dass die m-Struktur in allen Legierungen diesel b« 
Die wm-Phase kann zuriickgebildet und ihre Bildung durch Kaltbearbeitung 


16 VQ) 


Alle 4 Orientierungen von @ treten gleich haufig auf. 
Hochtemperatur-Alterung hergestellt wurde, gibt dagegen ung 
Die Unebenheit der 


zeigt, dass w hexagonal und nicht kubisch ist. 


vorgeschalgen wurde, ist wahrscheinlich kleiner als 0,005, d.h. dic 
(# 4 4). 


(% 4 0,505) sein anstelle von (000); (4 % 4); 


Orientierungsmannigfaltigkeit. Die Ausscheidung 
-Legierung. 


Hydrid. 


gealterten Ti 29 % 


sich + w und + « in 


RONTGEN-UNTERSUCHUNG DER w-PHASE IN TiV, 


Bei Versuchen, Kristalle in 


Ti 29% V vieilli a 460°C 


TiMo UND TiCr LEGIERUNGEN 


Ti 29 &%V, Ti 13 % Mo und Ti 13 % Cr bilden alle m-Phasen. Ein Vergleic} 


ist wie in Ti 
verzogert werdet 
Eine Probe mit / 7) eine Spur «, die dur 
rleiche Anteile der 4 Orientie1 
Mittelebene, die von Bag: 


Atomlagen kénnen (000); 


Die Bildung von « wird durch Kaltbearbeitung beschleunigt. « bildet sich dann in beschranl 
von « 


Verfestigun 


abzuatzen 


verursacht die 


Phosphorsaure 


1. INTRODUCTION 

The @ phase has previously“) been examined in a 
Ti 16% V alloy. The X-ray reflections can be indexed 
on a cell with parameter three times that of the Ti, 
b.c.c. cell, but considerable simplification of these 
indices can be obtained by transformation to a 
smaller hexagonal cell with [0001], [111],and [1120], 
[110],. This gives four orientations of @ in each f 
crystal. Although two independent workers“:”) have 
given a solution of the @ structure in terms of the 
hexagonal cell, no proof of the independence of the 
four orientations has previously been obtained apart 


* Received October 31, 1957. 
+ Fulmer Research Institute, Stoke Poges, Bucks. 
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from the fact that no satisfactory cubic ce 


proposed. Other workers®:* have reported ution 


based on the large cubic cell It has wa! beer 


true 


considered by the present author that the 
but the 


structure is the hexagonal one indices based 


in the text 


on the large cubic cell are frequently used 


for convenience. For the hexagonal cell, the atomic 


positions 000, 24, #34 good correlation 


3 


a 


between visually estimated and calculated intensities 
photometric 


anomalies a) 
(1011), 


than the calculated 


but there few 


measurement of the (411)... 


are a 


reflection 


gave a higher relative intensity 


value. (b) There were a number of very weak dif- 


fractions at positions where F* 0. The @ phase 


121241 
33 29 3 3 2° 

48] 
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TABLE l. 


Fe 


0-025 


0-10 


occurs in all titanium base alloys in which f can be 
retained in a metastable state, and the formation of 
jm causes embrittlement. It is important therefore to 
determine the @ structure exactly. 

Three alloys additional to the Ti 16% V alloy” 
These are Ti 13° Cr, Ti 


The Ti-Cr system has a 


have now been examined. 
13% Mo and Ti 29% V. 


) 
eutectoid and p breaks down to « 


TiCr,. Bagaryat- 
skii@) studied the @ phase in this system and, 
although arriving independently at a similar solution 
to Sileock et al.,2 he proposed a rumpled plane at 
~ l 


It was thought that the smaller size of the / 
titanium cell owing to the smaller chromium atom 
might make this necessary. This alloy is also reputed 

brittle after 
160°C. 


to remain in condition long ageing 
treatments at 

Molybdenum suppresses the decomposition of p in 
much the same way as vanadium. Molybdenum has 
a much higher scattering factor than titanium, and 
therefore this alloy is favourable for detecting the 
positions of solute atoms in the @ phase. 

The Ti 29% V 


} could be retained 


to see whether 
after 


alloy was chosen 


without any @ present 
quenching from 900°C. It was thought that in worked 
8 the wm might form to different extents in different 
give positive proot that there 
For this it 


orientations and thus 
must be four orientations. is desirable to 


obtain § free from wm before working. 


2. MATERIALS 
The alloys were supplied in sheet form by the 
Aircraft The 


alloy is the same as that used by 


oval Establishment. molybdenum 
Lewis et al.) 
Unfortunately none of the alloys is of high purity, 


the analyses are given in Table 1. 


3. EXPERIMENTAL PROCEDURE 

Large crystals of the Ti 13° Mo and Ti 29% V 
alloys were grown in the McQuillan-type‘® furnace 
by heating 0-014 in. thick material for 2 hr at 1250°C. 
The strips were rapidly cooled. Since the chromium 
was too volatile for this treatment, small pieces were 
suspended in an evacuated silica tube and heated 
inductively for about 15 min at 1150°C. The weight 
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Analyses 


H, N, 


0-055 0-021 
0-006 
0-003 


0-006 


0-034 
0-035 
0-05 


0-07 0-027 


loss after this heat treatment was of the order of 1 
per cent, the grains were about 1 mm dia. 

below 
the 
tubes. 


Further heat treatments at 


temperatures 


were carried out in air, above 500°C 


specimens were sealed in evacuated silica 
Specimens were thinned in a 50°% HNO,, 40% H,O, 
10°, HF mixture, and examined by X-ray methods. 
Attempts to use phosphoric acid for thinning the 
crystals were found to produce hydride. Crystals 


which originally consisted of either 


> 
p OI p 


hydride structure. The 


) 


were converted to a p 


hydride appears to form with the orientation 


(111) TiH |] (T10)Ti,, (110) TiH || [111] Ti, 


and results in considerable distortion of the P matrix. 


4. THE AGEING BEHAVIOUR OF THE ALLOYS 
(a) Ti 13°, Cr alloy 

After rapid cooling from 1150°C this alloy gave 
medium intensity diffuse @ spots accompanied by 
streaks. The specimens were not noticeably brittle 
immediately after cooling as they were after 15 min 
at 400°C, when they contained approximately 5 per 
cent @ giving sharp reflections. On ageing for 8 hr 


at 460°C the structure changed from / + w to Bp + a. 
This specimen showed intergranular brittleness but 
brittle. On 


ageing TiCr, appeared and f decreased. After 5 days 


the individual grains were not further 


most of the / had disappeared. The TiCr, spots 
appeared diffuse and were accompanied by streaks, 
and the specimen became extremely brittle. 

Since w phase has disappeared before TiCr, appears, 
it is obvious that @ formation is not associated with 
TiCr,. 


continued embrittlement of these alloys. 


However, TiCr, must be responsible for the 
From the 
single crystal work a temporary recovery of ductility 
would be expected after about 8 hr at 460°C but it 
appears that the TiCr, forms more rapidly at grain 
boundaries. 


(b) Ti 13°% Mo alloy. 


The Ti 13° Mo alloy also behaved in a similar 
manner to the Ti 16% V alloy. After rapid cooling 


482 eS 
Ti 13% Cr 13-43 | 0-13 
Ti 13% Mo 13-4 0-10 
Ti 16% V 16-3 0-06 
Ti 30% V 29-] || eee 0-155 
= 
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diffuse @ spots connected by streaks were present. 
The spots became stronger and sharper and the streaks 
disappeared after 1 hr at 400°C. The estimated 
quantity of m was 20 per cent. After 20 min at 460°C 
strong @ spots were present with no trace of «, after 
30 min at 500°C @ spots were still very strong (~10 
per cent @) but very faint « spots were also present. 
As already indicated by the hardness curves;”) @ is 
more persistent in Ti 13°, Mo than in Ti 16° V. 

An attempt was made to examine the effects of 
cold work on this alloy by cold rolling a specimen 


quenched from 1250°C. A reduction of 5 per cent : a \ 110d 
‘1G. 2. 29% V, aged 10 da 


introduced secondary orientations but the original 010) 0 to 15 


orientation could be observed. Immediately after 
deformation the @ spots were very weak. They factor on the relative scattering factors 
appeared to be slightly weaker than before working flections observed. 
but no trace of « was detected. Ageing gave m and Reversion of @ occurred in specimen X at 460% 

(Table 2) and also in the deformed crystals Table 3 


There is no apparent reason from a consideration of 
the phases present for the lowa quen hed elongation 
reported S} but the small response to ageing 
ments at 400° and 460°C ¢: be explained 

fact that only a very small quantity of 

high temperatures and the hardness 


apparently mainly due to precipitation « 


d) The effect « 


Two attempts have heen 
crystals before ageing 


: In the first case grain 
Fic. 1. Ti 29% V, 2 hr. 1250°C rapidly cooled. MoK« {100 

vertical {O10} 0 to 15° to beam. before the desired elongation was reac! 
was distorted but the stra was Inhon 
results of ageing treatm«e 


in Table 3. There is ne 


later « with equivalent quantities in the varying 


orientations. 


(c) Ti 29%, V alloy 

This alloy contains only a very small amount of @ 
after quenching from either 1250° or 900°C. The @ 
spots are extremely faint and blurred (Fig. 1). Low 
temperature ageing, Table 2, gives sharp strong @ 
spots (Fig. 2) and « develops after shorter times than 
in the 16% V alloy. 

Latie photographs have been obtained from a 
crystal previously aged at 250°C whilst the crystal 
was maintained at 250°C (Fig. 3) and subsequently 
with the crystal at 350°C. The @ spots were of the 
same relative intensity at the high temperatures as 
in room temperature photographs obtained immedi- 
ately afterwards. The relative intensities were also 
unaffected by keeping the crystals at the temperature 
of liquid nitrogen. These experiments show not only 


that w is stable at the ageing temperature’? but F's. 3- 


Specimen i 


also that there is no large effect of temperature 


183 
i 
i 
a 
deformat ri 29 \ 

iif irred 
ed. O { 

| 
3014 
y 
a 
e 
* 
4 
Ti 29 V, aged 10 da 250°C Trar ion Laii 
it spots tett eC 712: 610. 2. 2 >] 
ee 1521; e 741; f 772 
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TABLE 2. Structures present in aged Ti 29% V. 


Ageing treatment 
Specimen 
w Intensity Intensity 


Time Temperature 


> 


As quenched from 900° or VV fuzzy 
1250°C 
2 hr 190°C VV W fuzzy 
1 day 240°C V W fuzzy 
2 days 240°C M sharp 
3 days 240°C MS 
20 min 460°C VVW 
2 hr 400°C VVVW 
3 hr MW 
$ hi 
2 hr 
day 
hi 
day 
15 min 600°C 


3. Structures present in deformed and aged Ti 29% V 


Results 
Ageing treatment 


intensity intensity 


As elongated VV V W? fuzzy 

3 days 250°C V W, one sharp spot superimposed 

5 days 250°C MS sharp 

6 min 460°C VVVW VVVW 

20 min 460°C M orients limited 
2? hr 460°C S orients limited 


Necked edge Away from edge 


14 hr 250°C V W fuzzy M sharp 
2 days 250°C V W fuzzy M sharp 


2 days 250°C V W fuzzy S sharp 

3 days 250°C M W sharp S sharp 

6 min 400°C MS sharp MW sharp 

20 min 460°C VW? S orients limited VVW Vw 

2 hr 460°C M S elongated 


spot 


of wm, but « definitely developed in a limited number 
of orientations (Fig. 4). 

A second crystal W, was prepared and elongation 
attempted. In this case, however, sudden necking 
and fracture occurred. The tension axis was 14° from 
{100]towards|110]. Fracture occurred along a straight 
line 60° to the tension direction (74° to [100]). The 
reduction in area at the neck was 38 per cent. The 
crystal appeared to be of the same orientation in the 
necked region as in the rest of the crystal and no 


secondary orientations were observed. Results of 


ageing treatments on one half of this crystal are given Fic. 4. Ti 29% V, specimen E, deformed and aged 8 days 
: 250°C 20 min 460°C MoKz« [100] vertical [010] 0 to 15° to 
beam. 


in Table 3. It was found that the necked region 
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,E, F, W 
VVVW? 
E, 
W 
D W 
F MS 
Ss 
MW 
TABLE 
Specimen 
E, 
195 
E, 
E, 
E, 
Ww, 
W, 
W, 
Ww, 
W, 
Ww, 
Ww, 
4 
i 
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Ti 29% V, specimen W, 7 days 250°C necked region. 


5. 
MokKx [100] vertical 


010] 0 to 15° to beam. 


behaved differently and therefore a heavily deformed 
region could be compared directly with a lightly 
The the 


fractured edge is not known, but from the sharpness 


worked region. deformation away from 
of the Laiie spots it appears to be very small. This 
region behaved in the same way as unworked crystals. 
It can be seen that wm developed more slowly in the 


necked region. Also there was no evidence of unequal 


quantities in different orientations, as can be seen in 


Fig. 5, the intensities above and below the equator 


are approximately equivalent. The formation of « 


was accelerated by the high deformation and the « 


TABLE 4. 


Measured relative 


Hexagonal 
indices 


Cubic 
indices 


Orientation 


0-209 
0-28? 
0-12 
0-17 
0-14 
0-206 
0-033 
0-062 


0-023 


0-04 


0-48 
0-61 
0-197 


0-267 
0-163 
0-238 


Or 


0-27 
0-23 
0-696 
0-46 
0-32 
0-48 
0-30 
0-5] 


bo] GS Go 


Intensities for the orientations are in the order:—4 


EXAMINATION 


Intensities of @ spots in the 


OF THE w PHASE 


formed in unequal quantities in different orientatior 
The six orientations nucleated were those wit! 
11] 


mechanism 


parallel to the two most probable 
This agrees with Burgers 
transformation which requires shear it 
planes. 

It appears from this work that 
in very different quantities in any 


wm i 


The fo 


tions in a worked crystal rm 


all 


accelerated in preferred orientations 


equally in orientations 


5. EVIDENCE FOR THE HEXAGONALITY 


(a) Parameter measurements 


If thec/a ratio is not the ideal value \/ 3/24 
from a perfect cube, there is positive proof tha 
hexagonal. A variation of the c/a ratio from the 
value should cause the @ spots to be displaced fron 
that 


Calculations show in the first 


$1] 


and the separation of the adjacent 


the layer lines. 
layer the separation of (1011 spots Is incre 
112] 52] 

is decreased by a decrease in the c/a ratio. Examination 
a deere 


of the films shows that there may be 


less than 


c/a ratio but that this corresponds to 


cent difference from the ideal value 
erystal Ti 13° 


integ 


intensities 


Relative to orientation 


0O-O30 


4 
i i] 
i 
| i 
i is not 
l 3 
l 3 0 3 0-19 0.18 
3 0 4 O-1% pas 
2 ‘2 l 2 0-13 ( ) 
4 22 I l 0-1] 
l l 5 ] 3 (0-04 
l ] 5 l 0-04 0-04 
2 6 3 l 
2 6 3 l 2 0-05 
10 2 22 2 ] ()-48 
LO ] 5 2 l l ( 
LO l 5 2 l 2 0-2] ) 
10 3 3 
10 3 4 0-15 0-1: 
10 3 2 0-22 
10 3 l 
l 4 0-43 0-4! 
] 3 0-43 0-43 
l ] 0-30 
2 0-39 0-30 
3 3 0-258 
3 4 0-31 
2 l~3 
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(b) Partially transformed specimen 


A crystal of Ti 13°%4 Mo aged for 30 min at 500°C 


contained a small quantity of «. A detailed examina- 


tion of the w reflections revealed that they were of 


different intensity above and below the equator. The 
measurement of (relative integrated) intensities, Table 
4, shows that the spots from each orientation agree 
among themselves with the calculated values but not 
with each other. This definitely proves that there are 
four distinct orientations of @ in a f crystal. It 
appears therefore that in this crystal the @ was not 
being redissolved (or transformed into «) in equal 


quantities from the four orientations. 


6. STRUCTURAL DETAILS 


a) Discussion of published @ Structures 


There have been three recent publications discussing 
the wm structure. 

Austin and Doig™ worked on a Ti 8°, Cr alloy and 
cubic structure of cell dimension three 
of the 


ind calculated intensities do not agree well, and by 


proposed a 
times that >} titanium. Their own observed 
comparison with the visual intensities obtained in this 
Table 5) it is obvious that this proposal 
400) and 
detected and vet they should be of similar intensity 
to (118) which is readily detected. Also the calculated 


present work 


is incorrect. For example (SUO) are not 


intensities for the indices corresponding to f reflections 
creat, the (114) 
intensity of a 


ire far too spot may be as strong as 


one quarter ot the POO) 600), spot 


%) V, as cooled from 1250°C. Zero layer parallel 
110). spots lettered: 


Indices Orient 


1010 
000] 
2021 
L012 
0002 
3031 
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O 
0-5 0°45 


variation 
000, 4 


The atomic positions 


and in the more dilute alloy used by the American 
authors an even higher @/f concentration would be 
expected. The directions of atom movement required 
to form this proposed structure are, however, the same 
as for the hexagonal cell but the movements are much 
smaller. 

Ti 5° 


treated the reflections in the same way as the author, 


Bagaryatskii et al.') used a » Cr alloy and 
dividing the reflections into four groups corresponding 
to four orientations of a hexagonal cell. However, 
Bagaryatskii proposed a rumpled central plane, the 


3 3 2- 


2 (0-48 


atom positions in the cell being 0 0 0, } 


and §30-52+-0-01, instead of 000, 42 


The evidence for a rumpled plane is based on results 


from a very thick crystal (ur = 50) and on the ability 
to detect very weak (0113) and (2023) reflections but 
(1013) and (0223) The effect 
displacement parallel to the hexagonal axis on F? is 
be seen that the greatest 


3 and h k 3n + 1. 


These spots however occur at rather large Bragg angles 


not reflections. of a 


given in Fig. 7. It can 


effect is on the lines with / 


where the absorption correction is high for flat 
specimens. Therefore as well as examining the normal 
type of sheet crystals, a rod of the TiV alloy was 
prepared by cutting and etching a flat crystal. The 


9 122) | 
144) 
| 
7 | | 
6 
O13 | 
us | | 
71 
O111 
4 | | | 
1011 
1013 | 
7 | 
| 
| 
~ 
Fic. 7. 5 
a. 
Fic. 6. Til6 
to 
Spot 
112 
b 222 
$42 
552 
114 
4144 | 
g 
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TABLE 5. Comparison of the calculated structure factors given by Austin and Doig 


observed intensities 


()pservec 
Calculated structure Observed 


Index 
factor | F |? intensity 


intensit 


present work 


200 
400 
pb600 
800 
10, 0, 0 
110 
220 
440) 
550 
p660 
‘7170 
SSU 
130 
150 
170 
190 
240 
260 
280 
2.10.0 
350 
370 
3390 
460 
480 
. 16.9 


oe 
oe 
On 


487 
| Cal 
present Work 
0-8 0 
. 2-0 aps 
100-0 VVS VVS 
5:5 ab 0 
9.9 abs 
0-3 abs 0) 
0-0 abs 
620-0 VVS VVS 9 
2-6 abs 0 
abs 0 
224-0 VVS VVS 
4-5 abs 
3-6 abs 
0-3 abs 0) 
1-9 abs 0 
2°3 al ( 
0-4 abs 
0-2 abs 
0-0 abs 0 
0-3 abs { 
1-9 abs 0) 
abs 0 
abs 0 
173-0 VS VS 
2-9 abs 0 
0-0 abs ( 
t-4 } () 
570 0-7 D 0 
TOL. 590 0-3 tbs 0 
- 680 ibs 0 
6, 10, 0 1-0 abs 
} 958 0-6 al 
112 0-0 VVW 0 
114 15-3 M I VS 
116 O-4 at Vv 
1,1, 10 18-2 MF 
222 12-9 M 
294 0-2 VVW 
0-5 
19-9 V i { 
32 0-6 VVVW 
1-5 ‘ 
290-0 Vs Vis 
Bs 3-4 
3, 3, 10 1-6 ul 
{42 8-8 | 
$44 33-3 VS } 
446 1-6 D 
448 1-3 VVVW ( 
4,4, 10 32°3 M MS 
552 14-8 VVVW 
554 3-0 M 
556 } 
558 12-2 VVF MS 
662 LD 
664 2-8 abs 
[666 142 VVS VVS 
668 1-7 abd ‘ 
772 15-6 M ve 
774 39-6 M 
776 4-4 LDS ‘ 
882 14-4 Vi M 
S84 8-1 VVVI 0 
123 0-2 LDS 
125 4-7 VVF M l 
127 7-5 Vi 
129 0-3 abs ) 
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TABLE 5 (continued) 


Calculated structure 


Index factor [F]2 x 10 


strong. M medium. faint. + w reflections. 


final rod was 0-003—-0-004 in. this has a 


value of 0-82 to 1-1 and the absorption correction has 


square; pr 
been ignored. The results of intensity measurements 
3 are given in Table 6, the 
to 


of pairs of spots with / 
ratio of intensities was compared with Fig. 7 
obtain a value of the parameter uw. In most cases the 
parameter wu is within experimental error of 0-5, but 
for the TiV alloy, for which more measurements were 
obtained, the average value was 0-495 0-005. 

In the alloys examined, therefore, a small departure 
from u = 0-5 is possible but not as much as 0-02 as 
was proposed by Bagaryatskii. If the central plane is 
rumpled, reversion toa single crystal of # is more easily 
explained, the atoms tending to take the shortest path 
from one structure to the other. This rumpling cannot 
easily be detected on powder pictures since the planes 
with the greatest difference in F? will superimpose. 

There is a third solution™® reporting the w structure 
to be orthorhombic, but this work is based on powders 


and is not as reliable as single crystal work. 


Observed 
intensity‘? 


Observed Cale. 
intensity 
(present work) 


9 


(present work) 


abs 
abs 
abs 
abs 
TVVF 
VS 
abs 
abs 


¢ Intensity is for 8 + for indices marked f in column 1. 


(b) Further intensity measurements 

The intensities of @ spots for all the alloys examined 
These are the averages of the 
8 films. The 


obtained 


are given in Table 7. 
top and bottom spots of from 2 to 
integrated intensity measurements were 
from oscillating crystal films by photometry across 
the line reflections. Values for f? were calculated for 
the atomic positions 00 0, 4 34,24 d assuming 100% 


Ti. Correction factors were applied to the calculated 


f? values. The values were normalized to a frequently 


measured spot and the measured and calculated values 


compared. * 


* The correction factors used were Lorentz and polarization! 
factors, Cox and Shaw factor, temperature factor (using 
B 0-7) and for the flat plate crystals an absorption correc- 
tion of the form 
exp (— pt sec y) exp pet sec y sec (% 


1 sec (x y) cos y sec y 


where sin a/2 and = tany 

y is the angle of the beam to the specimen normal when 
reflection occurs. The refinement for non-equatorial reflection 
is negligible below { = 0-2. The angle yp is important. 


488 
134 ]-] 0 
136 0-9 0 
138 0-2 0 
3:1 VVF 0 
145 0-8 \ 0 
147 26-3 M 9 
149 0-5 0 
156 0-6 
158 9-2 VVVF 0 
1,5, 10 77 VVF M 4 
167 1-6 abs 0 
169 4-3 abs 0 
178 1-5 VVVF 0 
a 20-0 M M 4 
235 0-3 abs 0 
237 0-8 abs 0 
239 1-7 abs 0 
246 0-3 abs 0 
248 3°2 W ] 
2, 4,10 15-6 MF MS 9 
257 1-6 VVVW 0 
259 0-4 abs 0 
71 VF M 4 
268 abs 
279 1-6 abs 0 
345 2-3 abs 0 
347 3°4 abs 0 
349 1-0 abs 0 
356 | VVVF 0 
358 1-3 abs 0 j ] 
3, 5, 10 1-4 abs 0 , 
367 0-5 abs 0 
3369 116-5 VVS VS 195 
378 0-1 abs 0 
457 VF Ss 4 
459 0-3 abs 0 
168 0-3 abs 0 
479 2-5 abs ) 
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TABLE 6. Comparison of intensities of reflections with 1 3 and h 


Relative intensities and the corresponding parameter u 


Xeflections 


Flat plate crystals* Rod crystal 


Cubic Hexagonal Ti 13°, Mo Ti 13% C1 Ti 16% V 
indices indices | measurement average of 2 average of 4 ri 16% 
measurement 
u measurements measurements 
u 


1-15) 0-498 0-498 


0-499 0-499 5g, 0:493 


0-498 


Average 0-498 


* Cox and Shaw and absorption corrections applied. 
+ Cox and Shaw correction applied. 


TABLE 7. Measured intensitie 


Ti 16% V plate specimens ri-V rod specimen 
5 min 460°C and 15 min 400° 3 days 300° 
Plane Plane 
cubic type 
indices Average 9 Average 
measured Calculated dif- measured Calculated dif- 
intensity intensity ference intensity intensity ference 


4-11 


Orbe 


The measurements of intensity are accurate only unapplied correction would tend to decrease the 


to about 20 per cent, or worse for weak spots where _ intensity of the higher angle with respect to the lower 
the exact position of the background level is of angle reflections. The only consistent discrepancy is 
can be seen the (411) reflection which has the smallest Bragg 


increased importance. From Table 7 it 
angle; however it is thought that all the possibl 


that the agreement between the average measured 
and calculated intensity is fairly good. These tables 


are arranged in order of increasing Bragg angle; any 


corrections have been applied and further corrections 


could not increase the calculated value very much 


3 


on. 
z iss 1-24 1-23 0-497 
if $143 l l l 
i, 4, 0°903 0-87; 1-98; 0°49! 
3253 
& & 0113 l l 
4,4, 7 17, 1-6 | 0493 
2, 10, 10 4043 9-93; 0°50] 
eC 0-500 0-496 0-494 
C1 I M 
15 min 400 } Thin 
Average \ ure 
measured Calculated lif ( 
l OD 0-39 22 0-52 0°46 12 0-4 0-46 
0-5 0-42 13 0-50 0-45 10 0-57 0-48 1¢ 
2°24 2-06 
0-79 0-79 0 0-80 0-90 13 0-97 0-90 . 2 ( 
0-94 0-79 16 1-0 0-90 ( 
1-0 1-0 1-0 1-0 1-0 ( 
1-29 1-10 15 1-84 1-58 14 : 
9 1-92 1-72 10 2-02 1-83 10 yr 
0-17 0-18 6 10 18 
4 0-34 0-52 O-24 
4 0-39 0-43 10 0-43 0-53 2 0-37 0-37 ( j { 
9 
10 9 
10 4 0-31 0-31 0 0-28 0°36 29 0-2 0-34 j 
4 0-29 0-36 24 0-2 0-29 
10 9 0-42 O-48 14 0-70 0-65 21 0-4 0-6 
10 9 0-58 0-62 7 0-56 0-69 18 0-38 0-54 j ( ( 
10 4 0-19 0-26 ( j ‘ 
10 4 0-20 0-22 10 0°31 0-27 0-20 0-24 
10 | 0-11 0-1 


ACTA METALLURGICA, 


TABLE 8. 


Position of faint spots 


Indices of spot 
on cubic lattice 
3aTi 


Hexagonal 
indices 
a 


This reflection is of the same type as 721, 754, 10, 2, 2, 


and 10, 5, 
discrepancy. 

For the TiV alloy, the 411 spot is the only major 
The results from the rod specimen do 


1. which do not show the same consistent 


discrepancy. 
not appear to be so good. However in this case the 
absorption correction has been neglected which would 
make spots with high ¢ appear too low in intensity. 
This might explain a few of the discrepancies. 

In the 


discrepancies at 


Ti-Cr results there are some rather large 
the 
reflections at higher angles than the 741 


high angles. In all cases for 
reflection, 
the measured values are lower than the calculated, 
but the relative intensities in the range 754 to 10, 7, 1 
are quite good. 

The results for the TiMo alloy again show fairly 
agreement between measured and calculated 
The F? 
but this was not observed in the specimen aged 30 min 
Table 4). 


These results indicate that there is no major error 


od 
values. | spots appear to be rather erratic, 


at 500°C 


in the structure proposed but they are not of sufficient 


accuracy to obtain information regarding minor 


atomic displacements. 


c) Low intensity reflections 


As can be seen from Table 5, there are a number of 


very weak reflections for which the calculated structure 
factors cancel to zero. 
and h—k+~3n 
(LOLO) exas 


gonal 


These are the planes with / 
Apart 


w reflection these 


even (hexagonal indices). 
from the (112) 


are of too low an intensity to be recorded on the 


cubic 


normal oscillation films, but have only been recorded 
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Explanation of the very faint spots by double reflection 


Planes co-operating to give the faint spots. Indices in 


terms of a cubic lattice with a 3aTi, 


Plane reflecting at 
same setting as 
faint spot 


Co-operating 
plane 


bo 


on stationary crystal pictures. In each case it is 


possible to find a strong reflection recorded on the 


film, which by reflection from another plane will give 
the faint spot by double reflection. A list of some of 
these pairs is given in Table 8. Thespots occurred on 
one side of the equator only except for the (112),, 
spots. The intensity is of the correct order for double 
reflection. the 
required for the faint spot and the primary reflection 


However, calculations of angles 
assuming perfect crystal orientation are often more 
reflection 


The (112) (1010) 
» 


appears on both sides of the equator but there are 2 


than a degree apart. 


sets of co-operating planes possible for this spot. An 
attempt to check with CuAa whether (112) was a 
double reflection spot or not, failed because the (422 
7/2 was superimposed and this could also be explained 
by double reflection. 

It appears that these spots can be explained by 
double reflections, the reason for the regularity in 
the occurrence of the (1010) (112) reflection may be 
due partly to the possibility of two double reflections, 
and partly to slight distortions of the # matrix giving 
a larger range of mis-orientation. However, it is as 
well to compare the effects of variations in solute 
concentration and possible atomic movements. In 
the aged alloys, the intensity of the (1010) spots as a 
ratio of the (1011) spots was 1/400 for Ti 15 at.% V, 
1/480 for Ti 12 at. 9% Cr and 1/300 for Ti 7 at. °% Mo. 
The difference between these values is within experi- 
mental error. Corrections for Lorentz and scattering 
factors alter the ratio from 1/400 to 1/1100. For the 
TiMo alloy, the substitution of 7 at. °% of the central 
plane with molybdenum for titanium gives a calculated 


490) 
( 
(9036 
> 6 336 l1l4o 
1230 224 303 
1340 525 9636 ¥ 0 3 p 
9359 7 5D 9308, l4 7 w 
1485 3368 5a 
VVF 6332 
9 
17 S w 
Vv \7 7 4 2 7 
‘(7 7 547@ 
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ratio of 1/1100 assuming that the plane at z = 0 is 
100%, Ti, but the intensity ratio for the TiCr and TiV 
alloys is very much lower than the experimental value 
even if the concentration of the central plane is double 
that of the original Ti,. 

Rumpling of the central plane can only explain 
faint spots with 1/0. The atomic positions 0 0 0, 
§ 3 0-495, $ § 0-505, give an intensity of the (1012) 
spots 1/380 of the intensity of the (1011) spots, which 
is somewhat greater than the observed intensity. The 
persistent (1010) reflection is not however explained 
by these atomic movements in the [0001] direction. 

It appears therefore that a difference in the concen- 
of the z= 0 
rumpling of the central plane could contribute to the 


tration and z 4 planes and slight 


intensity of these very weak reflections. However 
the intensity of these spots is similar in the three alloys 
and the possible explanation by concentration varia- 
tion in the Ti—Mo alloy is not very probable. It also 
appears that the displacement in the [0001] direction 
must be less than 0-005c. 
It is concluded that double reflection is mainly 
responsible for these very faint reflections. 
7. POSITIONS OF STREAKS IN AS-QUENCHED 
SPECIMENS 
In the as-quenched condition @ spots are elongated 
and connected by streaks. The direction of streaks 
and the elongation of spots was previously reported” 
to be [110],. This is true for the elongation of spots 
On various 
110 
directions. The (110), equatorial section (Fig. 
112 
are never directed to the origin. It appears that there 
This is 


but is not true for the streak directions. 


equatorial sections the streaks appear in , and 


112), 


6) shows the streaks in , directions. The streaks 


is a diffuse intensity in {2n 2n 2n}, planes. 


presumably due to un-co-ordinated movement of 


atoms from / to the @ structure, leaving irregularities 
in the {111}, or {0001} 


Planes. 
8. TITANIUM-TITANIUM DISTANCES IN w 
The hexagonal structure with an almost flat central 


With the 


ideal c/a ratio the titanium atoms in this structure are 


plane appears to be the correct structure. 


spaced as below:— 
000 position i at 2-82 A 

3-005 A 
2-655 A 
2-82 A 
3-005 A. 
3-25 A each Ti has 4 Ti at 2-82 A 

and 6 Ti at 3-25 A. 


1 2 


11 
positions 


3 2 


9 
§ 


In 6 Ti with a 


The distances for @ appear at first sight to be very 
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small, but they are comparable with titanium distances 
in a number of compounds. For example?) in Ti,Pt 


each titanium atom has: 
2-51 A 


2-81 A 
3°07 A 


2 Ti at 
Pt at 
8 Ti at 
The interatomic distances can therefore be considered 


to be possible for titanium atoms. 


9. THE MECHANISM OF 
BY w 


EMBRITTLEMENT 


Slip in body centred cubic titanium occurs in a [11] 
(13 The 
nature of the w structure which involves displacements 
in [111] first 


consideration to be 


direction and on a variety ot slip planes 


directions would not appear on a 


greatly detrimental to slip and 


yielding. There are, however, a number of factors 


which will tend to increase the yield stress 
(1) Slip in a [111] 


rupture of the “close neighbours”’ 


direction requires the 
in the w structure 
which are presumably strongly bonded. 

(2) There is only one orientation of @ with [000] 
[11] The 
three orientations have an irrational direction parallel 
to the [111], direction since in fact the (4041) 
These 


platelets of @ will therefore act as barriers to slip. 


parallel to a particular direction. other 
planes 


are perpendicular to [111], direction. latter 

(3) The m phase is presumably coherent, and there 
may be coherency strains resulting from a change in 
parameter of the 6 phase. The m phase has parameters 
derived from the / phase of the original composition 


whereas adjacent / material may be enriched in s¢ 
and therefore of smaller parameter. The strains may 
be of the order of 3 per cent 

Although w 


ductility, it may cause 


being hexagonal, is probably 


brittieness in / tit 


by its inherently brittle nature, but by 1 


slip and thus raising the yield stress of th 


the value for brittle fracture in p. The 


hardness ot p @m structures 18 consistent 


view. The ability of the platelets to pre\ 


depends presumably on their rigidity, thickness 
the mean free path between them so that the very 
@ in as-quenched specimens does not induce marked 


brittleness. 


10. THE RELATION BETWEEN 8, w AND a 
STRUCTURES 

The relation between the # and wm structures has 

previously been described." 


The (1010) m plane (which is identical to a (112) p 


plane) has a similar atomic arrangement to the (1010 


x plane and needs only an expansion of ~4 per cent 


Cl 
ry? ) 
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[0001] 
[1130] 
w—>a4:4 Yo expansion 


| 


@ at O A | 

ow A 

xa at O and 4-684 | 

+mat 2-34 A 

{[1010] planes in correct 
positions 


Fig. 8. Atomic positions on (1120) and (0001), planes. 


in the [O001],, direction and ~2 per cent in the [1210] 
direction to give coincidence. Considering consecutive 
(1010) planes, four are in the correct relative positions 
for x, the next and the seventh to the eleventh require 
the large shift of 1-47 A in a[0001], direction. Figure 8 
shows a section perpendicular to the (1010) @ planes, 
showing the hexagons in w similar to those in the 
0001),, but alternate hexagons require displace- 
ment. This transformation gives the same orientation 
relationship between « and / as is found for the 


transformation from /#, namely: 


(OOOL), (110), and [1120], [111], 

which is the orientation relationship observed between 

x and / for all the alloys examined. The habit plane 
(112), which is not quite the same as that 

14 


obtained by transformation from "4. 


should be 


The atomic movements required to form « from 
do not appear to be any simpler than those required 


to form « from /. 


11. SUMMARY AND CONCLUSIONS 

The formation of @ has been studied in the alloys 
Ti 13°, Cr, Ti 13% Mo, Ti 16% V and Ti 30% V. In 
all alloys but the last, fairly strong but elongated w 
spots accompanied by streaks are present immediately 
after quenching. Short ageing treatments increase the 
quantity and size of @ platelets which make the 
alloys brittle. After ageing at 400°C, no relaxed Laiie 
conditions occurred from w@ platelets indicating that 
the platelets were more than 300 A thick. There was 
no difference in the @ spots in the three alloys indi- 
cating that » is related to the # structure rather than 
the solute addition. The alloy addition merely allows 
f to be retained in a metastable condition. 

From the ageing treatments on the titanium 29° V 
alloy, it is clear that @ can be reverted by short ageing 


times at a temperature of 460°C which is well below 


the 8/8 + « boundary but higher than that at which 
large quantities of m form in this alloy. At the lower 
ageing temperatures no diminution of @ is detected 
the 
reversion does not answer the question whether or 


before formation of « The phenomenon of 
not « can form directly from @. 

Heavy working appears to reduce the quantity of @ 
present. The « phase was not detected in the worked 
alloys examined, and the formation of m on subsequent 
ageing was retarded. The atomic movements required 
to form wm (two (112) planes shifted by 75{111] in 
opposite directions) appear at first sight to be similar 
to a stacking fault™> (a shift of (112) by §@{111)). 
However stacking faults, which might be expected in 
the worked alloys, evidently do not act as nuclei for 
m formation. The @ forming after cold work is 
divided equally among the four orientations, that is, 
all four orientations are equally retarded, which is 
possible if m forms preferentially in work-free areas. 
From the examination of specimens in which some « 
has formed from the original # + @, it has been proved 
that four independent orientations exist and therefore 
that the hexagonal structure is correct. 

The integrated intensity measurements do not show 
any systematic difference between the three alloys. 
All alloys give a (1011),, (114),.,;. spot somewhat 
higher than the calculated value. This spot has the 
lowest Bragg angle and the discrepancy may be due 
to correction errors. Since the very faint reflections 
do not show any marked increase in intensity in the 
Ti 13°, Mo alloy as compared with the Ti 16% V 
alloy, it appears that the solute atoms in » do not 
gather into the z= 4 plane. The intensities of 
reflections are not very sensitive to small concen- 
trations of solute atoms at random. Measurements of 
the # parameters are required from which one can 
obtain the concentration in the enriched # and hence 


deduce the possible concentration in @. 


a. +o x + x + x0 
a“ 
| | | 
x + x 1°] + 
] | | | 
x >= + x + x 
x ed x x + x | 
x + x x ‘i + 
| 
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An attempt to measure the # parameter using Cu 
radiation and an aged single crystal of Ti 7 at. °% Mo 
gave a very elongated (400) reflection corresponding 
to a possible parameter range of 3-24 to 3-27 A (i.e. 
~18 at. °% to 6 at. % Mo) with a sharp line super- 


imposed at 3-26 A (~10 at. °% Mo). It is impossible 


to estimate the composition of m from this, apart 
from saying that w probably contains less molybdenum 
than the original f alloy. 

From the examination of spots with /=3 and 


h—k 


of the central plane is possible. Table 6 indicates that 


3n it can be seen that only a little rumpling 


generally a very small displacement, less than 0-005, 
is indicated. Measurements of the intensities of very 
faint spots indicate that the rumpling is probably 
even less than 0-005. 

It appears that the original atom positions proposed 


$) are correct. Any displace- 


for wm (000, $24, 34 
ment required to explain intensities is so small as to 
be practically negligible and in a transition structure 
of this type, irregular defects are to be expected. 

In the quenched condition the @ reflections show a 
relaxed Laue condition in the [110], indicating that 
@ forms as platelets on (110)-planes. Diffuse streaks 


appear to extend onto (but do not fill) {2m 2n 2n}’ 


relplanes where n + 0. These could be due to faults 
in the m structure perpendicular to the [0001 | directions 


and also to misfit at the edges of ~ platelets. 
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THE HABIT PLANES IN CERTAIN MARTENSITIC AND 
NUCLEATION-AND-GROWTH TRANSFORMATIONS* 


H. M. OTTE? and T. B. MASSALSKI+ 


The phenomenological theory of martensite formation developed by Wechsler et al. has been used to 
predict the indices of plane interfaces formed during annealing between grains of «- and /-brass, as well 
as the habit plane of precipitation of Fe,N, and Fe,P, from «-iron. 

The implications resulting from the possibility of extending the martensite theory to diffusion 
controlled ‘‘nucleation and growth” transformations are discussed. 


LES PLANS D’HABITAT DANS CERTAINES TRANSFORMATIONS MARTENSITIQUES 
ET PAR NUCLEATION ET CROISSANCE 
La théorie de la formation de la martensite développée par Wechsler et al. est utilisée par les auteurs 
pour prévoir les indices de plan d’interfaces formées au cours du revenu entre des grains de laiton « et f, 
ainsi que le plan d’habitat de la précipitation de Fe,N et Fe,P a partir de fer «. 
Les auteurs discutent des conséquences résultant de la possibilité d’extension de la théorie de la 
martensite aux transformations par nucléation et croissance. 


DIE HABITUSEBENEN IN GEWISSEN MARTENSITISCHEN UND 
KEIMBILDUNGS-UND-WACHSTUMS-TRANSFORMATIONEN 

Die phanomenologische Theorie der Martensitbildung von Wechsler et al. wird benutzt, um die 
Indizes der Grenzflachen vorauszusagen, welche sich beim Tempern zwischen K6rnern von «- und /- 
Messing bilden. Auch die Habitusebene der Ausscheidung von Fe,N und Fe,P in «-Eisen wird auf 
diese Weise bestimmt. 

Die Folgerungen einer méglichen Anwendung der Martensittheorie auf Keimbildungs-und-Wach- 
stumstransformationen werden diskutiert. 


INTRODUCTION for the indices of the interfaces in the case of cubic to 


The concept that similar dislocation mechanisms, tetragonal transformations are considered and sub- 


and therefore similar crystallographic lattice relation- _ sequently some specific examples are discussed. 


ships, are involved in the initial stages of certain 
martensitic and nucleation-and-growth transforma- “‘T'heoretical considerations 


tions was frat explicitly advanced iy momen and When the transformation of one lattice to another 
Barret. Subsequently Bowles and Tegart® showed — o¢curs by a martensitic mechanism, it is accompanied 
that “ could be applied to the specific case of by the following crystallographic features: a definite 
ginies pecans in Cu Be alloys. orientation relationship between the two lattices; an 
Further support for this aires the subject ofthe invariant (i.e. macroscopically unrotated and un- 
pecan Pe has been obtained by examining Some distorted) plane separating the product and parent 
cubic to cubic and cubic to tetragonal transformations tructures: and an observable macroscopic volume 
involving diffusion. In all the cases examined planar, gistortion. Successful theoretical predictions of these 
or nearly planar, interfaces frequently occurred features have been made in several cases'?-®) based 
between the parent and the precipitating phases upon the knowledge of the crystal structures of the 
resulting from transformation, and the phenomeno-  jnitial and final phases and the assumption of an 
logical theory of martensite transformations could be inhomogeneous deformation in which the lattice 
applied to predict what should be the habit of these correspondence is known. The feature of particular 
interfaces with respect to the parent phase. In the  jnterest in the present work is the prediction of the 
first section of this paper the general expressions valid (hkl) indices for the invariant plane of a trans- 


formation, i.e. the habit plane. For the f.c.c. — b.c.t. 
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the (Akl) indices, referred to the f.c.c. axes. have been 
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in terms of the parameters 7H, and », defined separately 


in Table 1. 


| 


The expressions are also valid for the b.c.c. — f.c.t. 


transformation [case (ii)] provided 7, and 7, are 


The (hkl) plane will 


The variation of 


chosen as indicated in Table 1. 
then be referred to the b.c.c. axes. 
(hkl) with V, the relative volume of the product phase 
with respect to the parent phase, has been plotted in 
Figs. 1 and 2 for the special cases when the axial 
the f.c.c. the 
transformations. The curves for one 


ratio c/a l, i.e. for > b.c.c., and 


b.c.c. f.c.c. 
only of (hkl) are shown. By 


symmetry another variant will, of course, start } 


particular variant 


from (252), or at (121), intersect the shown curves 
along the zone joining {110} and {111} and approach 
the (001) pole. 

For (hkl) to be real one of the 7’s must be always 
greater than unity and the other less than unity. 
This follows directly from the equation for /. However, 
(for 


in case (i) no solution exists if (7,” No”) 2 


> 1 >», with inequality sign reversed when 


9 
signs reversed when 7,> | 


(1/n") > 2 (for 1 with inequality 
"2)- 
If the variant corresponding to the hk/ given above 


is known, then 7, and 7, may be calculated, as follows: 


Thus a plane of the type {Ok/} can never be 


TABLE | 


Produc 
phase 


Parent 
phase 
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No); and in case (ii) no solution is possible if 


GROWTH TRANSFORMATIONS 


FROM _ W.L 


V= 1.088662 1.05 


Fie. | Variation of the habit with the relative 
volume (V) for the f.c.c. — b. 
Standard f.c.c 
the side of the (O11)F plane of the 
habit plane loci lie 
cla 0 For any 
variation of the habit plane 
and converge 


plane(hkl) 
transformation "y Ne 


1, habit plane 
l curve; for c/a a 


/2 
projection For loci he on 


between the curves for 1 and 


ratio, all wing the 
with V 


to (O10); 


piven c/d curves sno 


start along (001 


a habit plane) since it means that 
the 


invariant plane (i.e. 


Ny a No 1, i.e. no strains are involved in 


transformation; in other words, the transformation 
is simply an identity. However, the habit plane can 
be we ry close to a plane of the type 1OkL! if one of the 
y's is nearly unity. 

Fig. 1, well- 
known martensite transformation in steels which has 


Also in Fig. 1, is 


shown the limiting value of the habit plane when 


Case (i), f.c.c. —~ b.c.t includes the 


been discussed in great detail.@>® 


a | jo 0). 


Fig. 


case of the general type b.c.e. 


Case (ii) b.c.c. — f.c.t is in fact a simpler 


> f.c. orthorhombic for 
which no explicit algebraical expressions have been 
obtained for the (hkl) indices. A specific case of the 
> f.c. orthorhombic transformation in the AuCd 
1 


b.c.e. 
alloy has been analysed successfully however, by 
the use of matrix algebra and numerical substitution 

An example of case (iii) is found in the In—TI systen 
and is discussed by Burkart and Read." 


No 


specified by case 


illustration of a martensitic tran 


iv) has been reported 


Fic. 2. Variation of the wit! 
volume (V) for the b.c. > fc 
Standard b.c.c 
the side of the (111)B plane of the c/a ] | 
side of the (011)g plane of the 


habit pla hh 
rormation 
projection. For ( 1 habit plane 

curve IO! 
habit plane loci lie on the 
ratio, all 


start along (00 11] 


cla 1 curve. For any curves showing 


the variation of the habit plane 


and converge to 


givel 
with | 
OLO)B 
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Fic. 3. Habit planes of martensite produced by deforming 

(black circles) and quenching (white circles) /-brass containing 

39.21 wt. % Zn. Standard projection of b.c.c. P grain. 

Two variants shown of the theoretical values for f.c.t. trans- 

formation product having c/a 0.96 and a 3.76 A with 

Ip 2.930 A (marked GM), and having c/a 0.943 and 
a 3.775 A with a,’ 2.938 A (marked HSW). 


Habit plane of martensite formed in P-brass 

p-brass transforms martensitically at low tempera- 
tures both spontaneously and on deformation.'’:®) 
The of lightly 
p-brass containing 39.21 wt. °, Zn was indexed by 


transformation product deformed 
3.764 


2.930 A) 


Greninger and Mooradian“” as f.c.t. having a 
andc/a = 0.96. Using these values (and a, 
the predicted habit 
0.142.625 
0.751.901 
0.643.663 / 
is seen in Fig. 3 to lie fairly close to that observed 
for both the transformation the 
products. An f.c.t. structure with a 
c/a 0.943 (a, 
Hornbogen ef 


deformation 
3.775 A and 

2.938 A) has also been observed by 
al. for the 


deformation in 38.7 wt. °, Zn /-brass. 


and 


martensite formed by 
These values 
of the lattice parameters predict a habit plane 
0.145.593 
0.726.119 
0.671,978/ 6 
which is much closer to the experimentally observed 
poles'’1°.1) than that predicted by Greninger and 
Mooradian’s values, Fig. 3. 
The agreement between theory and observation is 
by the fact that the f.c.t. 


structure gives fewer X-ray diffraction lines than were 


complicated assumed 
actually observed.” Furthermore, heavy deformation 
at room temperature (by filing) of the /-phase of 


similar compositions as above produces a structure, 


36 


Fic. 4. Pole of «/f interface for x 
fp (@) according to Hu and Smith," in alloy containing 42.78 
wt. % Zn, compared with theoretical values for b.c.c.— f.c.c. 


transformation (©). Standard projection of a b.c.c. /-grain. 


precipitated out of 
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which has been described as f.c.c. with very many 
stacking faults.‘® 

The habit plane calculated for the f.c.c. trans- 
formation product lies somewhere along the curve 


seen by comparison with Fig. 3, just touches the 


shown in Fig. 2, close to V This, as will be 
region outlined by the scatter of the habit planes of 


the deformation markings. 


The interface plane between grains of «- and B-brass 
(a) « nucleated from Pp. Hu and Smith"* recently 
studied in «//-brass the plane interfaces between the 
a- and /-phases that are frequently observed in these 
alloys. The crystallographic orientation of one of 
these interfaces was measured in a sample in which 
grains of the «-phase had been formed at 625°C from 
the homogeneous / and was found to have irrational 
indices with respect to both the «- and the /-lattices. 
If the nucleation and initial growth of the « from 

the # involves a similar initial dislocation mechanism 
as in the formation of martensite, then it might be 
possible to predict the indices of the interface plane 
especially since the Kurdjumov-—Sachs orientation 
relationship between « and # was found.”*) A very 
precise calculation is not possible because of insuffi- 
cient data. The alloy used by Hu and Smith contained 
42.78 wt. % Zn for which a,* = 3.712 A and a,’ 
2.943 A at 30°C by extrapolation of the data of Beck 
and Smith.4%) Using 20.8 « 10-®/°C for the linear 
coefficient of thermal expansion of «-brass“”) and 
24 x 10-®°/C for f-brass,4°) these parameters become 
at 625°C, a,* 3.758 A and a,” 2.985 A. The 
habit plane calculated from these values is 

0.181.662 

0.720.688 

0.669035 / 
Fig. 4. This 


and corresponds to V 0.997.715 in 


plane is 53° from the observed interface plane, which 


has been replotted from Fig. 11 of Hu and Smith’s 
paper. Part of the trace of the habit plane for the 
b.c.c. — f.c.c. transformation shown in Fig. 2 has also 
been replotted in Fig. 4. The curve passes within 
about 24 1.036, 


which corresponds to slightly different lattice para- 


from the experimental pole at V 


meters. The limit of uncertainty of the data used in 
the calculation could probably just extend to include 
this case for which V is still a reasonable value when 
compared with V ~ 1.04 for the martensite trans- 
formation in steels. Since Hu and Smith reported 
only one measurement, their experimental error and 
the possible scatter of poles cannot be assessed. 

(b) B nucleated from «. Hu and Smith"*) measured 


496 
(2.110) 
-(2.12.11), 
GM 
HSW 133}, HSW 
V =0.997716 
1 
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Fic. 5. Poles of «/f interface for / precipitated out of «: 
X result of Hu and Smith”) from a single surface analysis 
in alloy containing 38.43 % wt. Zn; @ 
results from a two surface analysis in alloy containing 37.95 
wt. % Zn, theoretical value for f.c.c. — b.c.c. 
3.753 A and 2.982 A (V 1.003.267). 
projection of a f.c.c. %-grain. 


and present 


with 


Standard 


in this case only the traces on one surface in a 
38.43 wt. &, Zn alloy annealed 288 hr at 700°C after 
the 
a-conditions. By assuming that the plane interfaces 


rolling 65 per cent at room temperature in 
between the « and the / must contain the almost 
parallel close-packed directions of the two structures, 
they deduced that the poles must lie as shown in 
Fig. 5. The theoretically predicted pole (for a,’ 
3.753 A, ay’ = 2.982 A at 700°C) is approximately 30 
away from that suggested by Hu and Smith and a 
two-surface analysis was therefore carried out to 
resolve the discrepancy. 

An alloy containing 37.95 wt. °, Zn was homo- 
genized for 1 week at 500°C. The temperature was 
then raised to 700°C and after 5 days the alloy was 
quenched, The results of four measurements of «//- 
interfaces that gave linear traces on two adjacent 


Fic. 6. Copper alloy containing 25.31 wt. % Zn and 
Shows «-grains (white), 
bands, and /-grains transformed to martensite (dark). 


Etched in alcoholic FeCl,. 
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surfaces are shown in Fig. 5. For the pole marked with 


a cross (+) the orientation obtained from the Laue 
photograph was checked against the direction of a few 
slip lines produced in the «-grain. This point is there- 
that 


fore more reliable. The results indicate, howeve1 


further investigation would be desirable 


Widmanstiitten precipitation of x from | 
If Cu-Zn f-brass is alloyed with Ga, the M 


for the (-to-martensite transformation is raised above 


point 


room temperature. This permits a direct comparison 


of the martensite traces within / with the «//-traces 


formed by annealing at high temperatures. Samples of 


an alloy containing 25.31 wt. °, Zn and 7. wt. ° Ga 


were homogenized in the «-region and subsequently 
cooled, or quenched. Figs. 6 and 7 show that /-phase 
can decompose in the following ways: (i) form grains 


of f.c.c. 
(ii) precipitate « within the f 


growth (annealing 


Widmanstatten 


x by nucleation and 


as a 
pattern (slow cooling); (iii) transform martensitically 
at sufficiently low temperatures to a structure which 
is probably f.c.t. with tetragonality not far from unity 
(quenching). Although the composition of the product 
and also its lattice parameter and structure are slightly 
different 
shows that the difference is not sufficient to produce a 
If, therefore 


IS the 


in all three cases, the expression for (hk/ 


significant change in the invariant plane. 
the condition of least strain (strain invariance) 


coverning factor in each of the three instances, the 


25 
twin 


7.23 wt. 9 
of 


@ Ga quenched from 7 
contain broad 


some which 


{225}, 
i112} 
Qa 
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7. Same alloy as in Fig. 6 slowly cooled. Shows «-grains (white) and retained / (dark) 


within which « has precipitated in a Widmanstatten pattern. 


the interfaces of the 


differently produced products to be almost parallel, 


microstructure should show 
as is actually seen to be the case in Figs. 6 and 7. 

Fig. 6 shows that the direction in the surface of 
polish of many of the martensite plates (formed 
from the:/ on quenching) is virtually parallel to the 
direction of the plane «//-interfaces produced earlier 
by annealing in the « — / phase field. Fig. 7 illustrates 
the same relation between the alpha precipitated within 
the beta and the «/f-interface. Furthermore, if the 
cooling is done at such a rate that first x-precipitation 
and then martensite transformation occurs in the same 
)-grain their directions in the plane of polish are in 
most cases very nearly parallel.“® 

To test further whether the foregoing suggestions 
regarding the application of the phenomenological 
the the 
structures is 


martensite transformation to 
Widmanstatten 


more general, two cases in which the habit plane of the 


theory of 
formation of certain 
Widmanstatten structure are known, were examined. 


Precipitation of Fe,N from x Fe 

A two-surface analysis of the habit plane of Fe,N 
precipitated during nitriding alpha Fe at 500°C was 
made by Mehl, Barrett and Jerabek"” in 1934. They 
found that the majority of the poles lay close to {021}. 
If the precipitation of this phase is controlled by the 
formation of an invariant plane interface, then an 


approximate value for the habit plane can be found 


120. 


from the expressions for (hkl). The transformation is 
an example of case (ii) with the following parameters 
at RT’: a, (b.c.c.) = 2.860 A and a (f.c.c.) = 3.789 A. 
Since the lattice parameters for Fe,N at 500°C are 
not known, the value (using the R7' parameters) of 

0.077533 

0.899.591 

0.429.796] x 
for (hkl), plotted in Fig. 8, 
Nevertheless, it falls close to the densest region of 


is only approximate. 


observed habit plane poles. 


Precipitation of Fe,P from « Fe 

Mehl et al.“ also determined the plane of precipita- 
tion of Fe,P from a-Fe containing 3.2°%,P after 
Fe,P is based on the 
4.446 A and 32 
This means that 


furnace cooling of the melt. 
b.c.t. 9.090 A and 


atoms in the cell, i.e. 24 Fe atoms. 


cell with a 


for the purposes of the analysis 12 b.c.c. «Fe cells 


(with a,* ~ 2.860 A), each containing two Fe atoms, 


001 021 O10 


Fic. 8. Comparison of experimental (@) and_ theoretical 
(©) habit planes for the Widmanstatten precipitation of Fe,N. 
Standard projection of a b.c.c. «Fe grain. 
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are involved in the transformation to one cell of Fe,P. 
In applying the analysis to a case such as this it is 
important to realise that the theory is only concerned 
with the manner in which the lattices transform and 
not the actual initial and final positions of the atoms 
on the lattices. Thus the fact that eight P atoms must 
diffuse to the region where the transformation is 
taking place does not concern the simple crystal- 
lographic analysis. Consequently, after arranging the 
cell 2.860 « 2.860 4/12 

2.860 4/12 A to allow for lattice correspondence and, 


12 b.c.c. cells into one 
placing the transformation as an example of case (iv), 
the habit plane can be calculated. The value obtained, 
0.101.491 

0.925.771 

0.364,212/ 


is one or two degrees from that observed, Fig. 9. 


DISCUSSION 

The present work shows that the phenomenological 
theory developed for the martensite transformation 
can be fruitfully extended to certain nucleation and 
growth phenomena. The indices of the plane inter- 
faces found between grains of «- and /-brass, as well 
as the plane of precipitation of Fe,N, and Fe,P from 
a-iron can be predicted from the theory. 

It is assumed in the theory that slip (or twinning) 
occurs on the twinning planes of the transformation 
product (i.e. on the {112} planes for the b.c.t. case, 
and the {111} planes for the f.c.t. this 


case), and 


assumption is also implicit in the present case. If 


another slip (or twinning) plane is chosen in the theory 
The fact that 
obtained for the 


the expressions for hk/ are different. 


good agreement has been cases 
discussed above may be taken as an indication that 
the same slip (or twinning) system is also involved in 
the case of some diffusion-controlled transformations. 
The possibility of a common dislocation mechanism 
martensitic transforma- 


Bowles 


Tegart.?) The similarity conceived is in the general 


for diffusion-controlled and 


tions has been discussed in detail by and 


oo! 021 O31 041 010 


\ 


Fic. 9. Comparison of experimental (@) and_ theoretical 
(©) habit planes for the Widmanstatten precipitation of Fe,P. 
Standard projection of a b.c.c. «-Fe grain. 
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movement of atoms: 
of their 


formation are necessarily similar. 


it does not imply that the rate 
movement, i.e. the kinetics of the trans- 

During the nucleation of a new phase the principal 
factors that contribute to the total free energy are a 
decrease of the chemical free energy and a balance 
between the strain energy and the interface energy. 
The present phenomenological theories neglect the 
interface energy and consequently agreement with 
experiment can be expected only when this energy is 
relatively unimportant. 

Unlike the precipitation in CuBe studied by Bowles 
and Tegart. ho surface relief effects have been reported 
in any of the diffusion-controlled cases considered 
above. The present work suggests, however, that such 


relief effects are quite likely to occur. 
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THE ELASTIC INTERACTION BETWEEN POINT DEFECTS AND 
CLUSTERS OF POINT DEFECTS IN METALS* 


G. SINES*? and R. KIKUCHI?‘ 


+ 


A model is proposed and calculated for the elastic interactions between two single point defects, 
between string-clusters with single point defects, and between platelet-clusters with single defects. The 
analysis of the elastic model shows no interactions between single defects but appreciable interactions 
between single defects and clusters. The interaction energy is calculated and plotted as a function of the 
relative position of the two defects. The asymptotic behavior of the interaction potential between a point 
defect with either type of cluster varies inversely with the third power of the distance separating them. 


L°-INTERACTION ELASTIQUE ENTRE LES DEFAUX PONCTUELS ET LEURS AMAS 
DANS LES METAUX 

Les auteurs proposent un modéle et un calcul des interactions entre deux défauts ponctuels simples, 
des amas 4 une ou deux dimensions et ces mémes défauts ponctuels. 

L’analyse du modéle élastique ne montre pas d’interaction entre les défauts simples mais, par contre, 
elle révéle une interaction appréciable entre les défauts simples et les amas. Les auteurs calculent 
énergie d’interaction en fonction de la position relative des deux défauts. 

L’allure asymptotique du potentiel d’interaction entre un défaut ponctuel et un type quelconque 
d’amas, varie de facon inversement proportionnelle a la troisitme puissance de la distance qui les sépare. 


ELASTICHE WECHSELWIRKUNG ZWISCHEN ATOMAREN FEHLSTELLEN 
UND AGGLOMERATE AUS SOLCHEN IN METALLEN 


DIE 


Fiir die elastische Wechselwirkung zwischen zwei einzelnen atomaren Fehlstellen, zwischen reihen- 
férmigen Mehrfachfehlstellen und einzelnen Fehlstellen sowie zwischen plattenférmigen Fehlstellen- 
Das elastische Modell 
gibt keine Wechselwirkung zwischen Einzelfehlstellen untereinander, sondern nur eine solche zwischen 
Die Wechselwirkungsenergie wurde berechnet und 


Agglomeraten und Einzelfehlstellen wird ein Modell vorgeschlagen und berechnet. 


Emzelfehlstellen und Fehlstellenstellenagglomeraten. 
als Funktion der relativen Lage der beiden Fehlstellen aufgetragen. Das asymptotische Verhalten des 


Wechselwirkungspotentials zwischen Einzelfehlstellen und beiden Agglomerat-Typen ergibt eine Variation 


mit der minus dritten Potenz des Abstandes. 


1. INTRODUCTION 
A metal have the 
defects: 
the 


may following types of point 


solute substitutional atoms larger or smaller 


than solvent atoms, interstitial atoms, and 


vacancies. When a species of a point defect is present 
in a metal in a greater concentration than that consis- 
tent with thermal equilibrium, the energy relations 
The between 


encourage precipitation. interactions 


point defects and clusters of point defects and their 


mobility determine the rate of precipitation. 

Let us briefly consider some of the possible inter- 
between cdefects. All the 
mentioned would cause some disturbance of the fields 
of the Besides the 


which might exist because of the difference in valency 


actions point defects 


conduction electrons. charge, 
and solute atoms, there could 
the 


solute atom caused only by its difference in size from 


between the solvent 


also be an electric disturbance associated with 
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the solvent atoms. A solute atom larger than the 
surrounding solvent atoms would exclude the conduc- 
tion electrons from a larger volume than its neighbors 
and thus cause a positive disturbance. The same 
effect would be caused by an interstitial atom. A 
small atomic core, and similarly a vacancy, would 
permit a higher local density of electrons and thus 
would result in a negative disturbance. Of course, 
the situation would be complicated by the screening 
of the conduction electrons, but whatever the detailed 
nature of the disturbance, it would be expected that 
like disturbances would repel each other. Therefore, 
long range electric interactions between single identical 
defects would not aid precipitation, but hinder it. 
Another interaction between defects is their contri- 
bution to the frequency spectrum of the lattice 
vibrations. Stripp and Kirkwood) predict an 
attractive potential between vacancies a distance d 
Montroll Potts’) 


temperatures an attractive 


apart proportional to d-®. and 


predict at very low 
potential between an interstitial atom and vacancy 
proportional to d~*. The internal energy is changed 
by a defect because of its mass and because its presence 


may change the force constants of its nearest neighbors. 
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The magnitudes of these two attractions have not 
been computed for any examples. 

The relative importance of the long range inter- 
actions is still unknown, but the elastic interaction 
is probably a major one. A defect which has an elastic 
interaction energy with another point defect or a 
cluster of defects will want to move in a direction to 
minimize the elastic interaction energy. 

If a cluster forms by the elastic attraction of point 
defects to a dislocation, then the elastic attraction of 
other point defects to the growing cluster must be 
The 


following analysis of the models of the defects gives 


superimposed upon that of the dislocation. 


their elastic interactions as functions of their relative 


positions. 


2. ELASTIC MODELS FOR SEVERAL 
DEFECTS 

The elastic interactions between point defects and 
several types of clusters of point defects will be 
calculated by means of elastic models. The following 
brief physical description of the models is a bit over- 
simplified but it does give a simple picture which 
differs from the detailed mathematics only in second 
order effects. 

The model for the point defect is a spherical hole 
in an elastic continuum into which a larger sphere is 
inserted. The sphere has the same elastic constants 
as the continuum and there is no discontinuity at the 
spherical interface. 

The mathematical model for two adjacent point 


defects of the same kind, e.g., two solute atoms bigger 


than the solvent atoms, is very similar to a physical 
model of an elastic continuum which has a cylindrical] 
cavity cut into it whose length is twice its diameter. 
Into this cavity is inserted a cylinder of the same 
material but of a larger diameter to cause a cylindrical 
displacement of the continuum. 
The platelet precipitate, for 


model for a thin 


example, seven foreign atoms in one plane with six 


atoms on the periphery and one in the center, is 
approximated by a thin disc-shaped cavity in the 
continuum into which is inserted a disc of the same 
diameter but slightly thicker. 

The nature of these assumptions is treated in the 
Section 6 and the conclusion is drawn that isotropy 
of the continuum is the only assumption which can 
seriously limit the applicability of the analysis to some 
metals. 

3. ELASTIC INTERACTION BETWEEN 
TWO POINT DEFECTS 


Cottrell, in his of the 
solute atoms with dislocations, treated the general 


discussion interactions of 
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the interaction of a solute atom with 


arbitrary stress field.“) His model for the solute 
of different than the 


displacement of an 


case of 
atom 
atoms is a 


diameter solvent 


uniform imaginary spherical 
surface in an isotropic, infinite, elastic continuum. 
The interaction energy of this radial displacement is 
the product of the component of the arbitrary stress 
field normal to the spherical surface and the radial 
displacement. Assuming the radial displacement and 
the stress components are constant over the spherical 


surface, he obtained 


where © = o,,, + 6,, + 6,,, 7 is the spherical radius 
€,* r, the displacement. 

Let us examine the interaction of this radial dis- 
the field of 


nearby disturbance. The normal stresses for the radial 
4) 


placement with stress another similar 


displacement of a spherical surface™ are 


where / is a measure of the intensity of the disturbance. 
Notice that © = 0: thus, 
that interaction 
defects. 

However, Cottrell made a major approximation in 
that 


equation (1) predicts 


there is no between two point 


this calculation: He assumed the arbitrary 
stress field did not vary appreciably over the spherical 
surface of the defect. 


only a few distances apart, this could introduce an 


For point defects which are 
appreciable error. The calculation of the interaction 
considering the variation of displacement on on 
spherical surface was made by Bitter.) Even with 


to be 


this refinement, the interaction was calculated 
zero. A simple calculation will show that the inter 
action of the stress field of the interior of one spherical 
surface, uniform hydrostatic stress, with that of the 
other is also zero. 

If the defects have some mobility and move in a 
they 
These 


would 


random fashion throughout the parent lattice, 
may collide to form clusters of several atoms 

clusters, except in the case of a divacancy, 6,7) 
have little mobility so that further precipitation to 
form larger clusters would be very slow unless they 
separate into the more mobile point defects by thermal 
agitation. Cluster growth would be aided if there is ; 


long range interaction between clusters and single 


point defects. If the cluster is formed by the attraction 
of defects to a dislocation, then the interactions would 


be superimposed. 


3 
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4. THE ELASTIC INTERACTION BETWEEN A 
POINT DEFECT AND A STRING CLUSTER 
Cottrell’s analysis of the interaction of a point 
defect with an arbitrary stress field, will be used 
the the 
limitations of the model discourage greater refinement. 


because mathematical complication and 
Our problem is to find the sum of stresses © in 
equation (1) for a displacement that corresponds to 
that The 


elasticity permit the superposition of solutions so 


around string-cluster. 
that one can build up a stress field by adding the 
effects of very simple disturbances. A “‘double force” 
will be a very useful building block to form the stress 
fields for clusters of defects. 

A “double force” consists of two equal forces F, 
acting in opposite directions along the same line, 
applied at two points which are a distance d apart. The 
intensity of the double-force is defined by the product 
F - d, which is kept constant as the distance disallowed 
to approach zero. Two orthogonal double-forces, Fig. 1, 
give a cylindrically symmetrical local expansion. The 
evlindrical displacement about a 
point defects can be approximated by that obtained 
by the action of a line density of orthogonal double- 


forces. The length of the line density is the length of 


the defect. In the following analysis the line density 
of the double forces will be considered to be constant 
over the length of the line, because this will be seen to 
give a reasonable approximation to the displacement. 

Let us examine the radial displacements caused by 
such a force distribution to see if it is what one would 
We start the 


stress field for a single double-force which is given, for 


expect around a string-cluster. with 

instance, by Timoshenko. The stress field from two 

orthogonal double-forces shown in Fig. | is obtained 

by adding the contributions from the individual ones 


/ 
/ 


Two orthogonal double-forces. 


Fic. 
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LV 


Fic. 2. Coordinates for distributed orthogonal double-forces. 


and the result is 


9p? l5p4 


A 


A 


Using equation (3) the radial displacement wu )(w) at a 
) 


point (p,m) of Fig. 2, caused by the orthogonal double- 


force distributed along a line section from @ c to 
@ = c is calculated by the following steps. 

First we calculate the radial strain caused by a 
single orthogonal double-force pairs located at a 
point m, and then we integrate this radial strain over 
the length from ctoc. Next we integrate this 
radial strain radially from the point of interest (p,~) 
to infinity to obtain the radial displacement w,(«). 
Assuming Poisson’s ratio to be 1/3, the result is 


(4) 


where (5 3 sin? sin 


The functional dependence of the strain Q > = 
plotted in Fig. 3 for cylindrical radii of / 
0.5, I, 
that the model permits elastic deformation of the 


p/c for 0.1. 
2 and 3. Examination of these curves shows 
defect particles as well as the surrounding atoms. For 
0.1) the 
radial displacement is constant over most of the length 


very long string-clusters (see curve for / 


of the cluster. 

After this inspection of the displacement, which 
shows that the model is not unreasonable, let us use 
it to find the interaction energy between a_ point 
defect and a string-cluster. Using equation (3), form 


| 
4 A A 
| 
| 
Y 
} ral 
Wte ff 
: | 
i / 
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Fic. 3. Radial displacements for string-clusters. © 02 

is proportional to the radial displacement u,(@) at a point 

P(p.m) as shown in equation (4). / is the radial distance 

in units of ¢c: 1 pic. 2c is the length of the 
string-cluster. 


measured 


the sum of the orthogonal normal stresses which is 
needed in equation (1) for the elastic interaction energy. 
Integrating the contributions from orthogonal double 
c, the result is 


force pairs from @ tow 


2a (1 
(-) (-) 


sin 6 
with 


where w/e and 1 = p/c. 
©)’ is proportional to the interaction energy and is 
plotted in the 2 — / plane in Fig. 4. Note that a point 
defect of the same sign as that of the string-cluster 
will be attracted to the cluster at the pole and repelled 
from the equatorial region. For a point defect and 
cluster of opposite signs, the converse is true. 

To obtain a quantitative answer, the parameter a 
must be expressed in terms of the difference in size 
between the defect particles and the surrounding 


atoms. The radial displacement at the center of the 


string-cluster at a distance equal to the radius p, of 


the defect particles is a convenient measure of the 
intensity of the disturbance. The radial displacement 
can be expressed as a fraction ¢* of this radius, 
Uy, Po: 
The displacement at the center of the string-cluster 


POINT 
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0 into the general 


can be obtained by inserting w 
expression for the radial displacement, equation (4). 


The primitive string-cluster, the di-defect, is probably 
of the most interest so it will be examined in detail. 
2 Po: 


4 (1 y)(11 


For this case, c Solving the expression for a 
(6) 
207) 

where p, is the cylindrical radius of the string-cluster 
and ¢*p, is the cylindrical radial displacement at the 
center of the string cluster. Substituting this expression 
for a into the equation for the sum of the orthogonal 
normal stresses ©), equation (5), and inserting © into 
equation (1), the following expression is obtained for 
the interaction energy: 

lOV 5 


3 (11 


in which r, is the radius of the point defect and ¢,* r, 
is the radial displacement of the point defect 

To examine the interaction along the polar axis, 
It reduces to 


insert p 0 into equation (7). 


5 wk 


207) 


40\ 
3(11 


Examination of this equation shows that the inter- 
action energy becomes infinite as @ approaches é. 


between a di-defect and a point 


Fic. 4. 
defect of the same sign 
(5), which is proportional to the inter 


Interaction energy 
Curves are for constant values of ©’, 
defined in equation 


action energy 


‘=2.0 
2-H | ME” Po | 213/2 
= J 7 
(7) 
é 0 €,* r,* e* 
9 9 9 \ 
[2 + (x 1)? (a 1)? \ 
\ \ \ | 
\ 
\ | j A 
3 \ | / / / 
\ V/A) 
} / 
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This is not a possible position for the point defect 
because at this position it half overlaps the end defect 
of the string-cluster. The asymptotic behavior of the 
interaction energy along the pole is 1/@*. 

To obtain some concept of the magnitude of the 
interaction, let us investigate the di-defect, for which 
For convenience the measure of the polar 
Po: 
of the cylindrical defect equal to the radius of the 


») 

( =P o- 
distance is changed to x Taking the radius 
point defect r,, and using a common value of 1/3 for 
Poisson’s ratio the expression reduces to 


40V 


13 


(9) 


For an example, foreign atoms of copper in aluminum 


examined. For aluminum. 
1.43 10-5 em. 


about em. 


will be 
dyn/cm? and r, The radius of the 


copper atoms is 1.27 Assuming 
that both the copper atoms and the aluminum atoms 
deform, and considering that the modulus of elasticity 
of copper is about 3/2 that for aluminum, it is reason- 
able to take e* €,* 


The nearest position of the point defect to the 


6 per cent. 


di-defect is where it is in contact with it. x 3. For 


this position the interaction energy is —3.82 « 10-'™ 
The next position farther away along the pole 


ergs. At 


ergs. 


5: here the energy is —3.60 


room temperature the value for kT is 4 10-14 ergs, 
thus the elastic interaction for this example is of the 
same order as the thermal fluctuation of energy when 
adjacent to the cluster. 

The results of this analysis are applicable to string- 
leneth than the di-defect if in 


clusters of greater 


equations (4) and (8) the length c is retained. 


INTERACTION BETWEEN A 
AND A PLATELET-CLUSTER 


ELASTIC 
DEFECT 


5. THE 
POINT 
If a string-cluster of three defects has been formned 
as a result of the attraction of a point defect to the 
pole of a di-defect, the surface energy and the elastic 
reduced if the three defects 


strain energy'® will be 
rearrange to form a platelet in which all three defects 
are in mutual contact. The elastic strain energy of a 
disc-shaped precipitate having coherency with the 
parent lattice is much less than for a sphere. Unless 
the interfacial energy is very high, the precipitate 
will keep its disc shape. It will be seen in the following 
analysis that the path of attraction of additional 
defects will encourage the continued growth of the 
platelet by the addition of atoms to its periphery. 

The platelet will be assumed to be disc-shaped, 
which is not, in general, a bad approximation and is 


especially good for a platelet of seven defects with six 
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5. Co-ordinates for a circular platelet-cluster. 
The 


displacements caused by the platelet cluster will be 


around the periphery and one in the center. 


approximated by that caused by a uniform double- 
force density distributed over, and normal to, the 
circular area of radius ¢ shown in Fig. 5. 

Before proceeding with the calculation of the 
interaction energies for this model, let us first examine 
the displacements that it gives in order to see how 
closely they agree with what one might expect from 
This displacement is calculated 
the 


a platelet cluster. 


following the steps similar to those used in 


previous section. Here we integrate over the area of 
a disc instead of the line portion.* 
The results are expressed using elliptic integrals 


which are defined as follows: 


Ey. | | l k? sin? y) dy 
eV 


de (1 k? sin? yp) 


and 


co-ordinates 


(11) 


and 


») 


E,. = Ex and K, 


Using non-dimensional C= hic 
p y/c, the displacement in the z-direction is written 


as follow S: 


2(1 2y 2A) 


K, Ey 
4v) (12) 


E, 


4 


* Essentially we have two kinds of integration, one over 
z from z, to infinity and the other over the area of the disc. 
The first one gives the displacement from the double force 
density on the differential element of area, and the second 
adds the displacements from all over the disc. The result 
should be independent of the order of integration, but as a 
practical technique it seems easier to do the z-integration first. 


42 
(O,y,z 
| 
Q 
| uy 
2a 
|_| (a 4)2 
& 
(10) 
we 
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where and then over r. After considerable mathematical 


labor, it can be shown that 
(-) 


| for p<] 
| Ff ’ where the parameters are as defined previously 

0 for p= 1 lhe expression for © reduces for values ak 


Take the common value of 1/3 for Poisson’s ratio pole, i.e. p = 0 to 


and define the function 
(-) tora (1 
Sa In the equatorial plane, i.e. z = 0, a point defect of 
: the same sign as the defects forming the platelet 1s 
his function f, which is proportional to the displace- attracted to it by the potential 
ment, is plotted for the one value of h = c/3 in Fig. 6. 
For a platelet of seven atoms with six around the @ ta (1 OF 6 
) 
periphery, this would be the displacement along a Lp 
radial line on the top surface of the platelet. Notice ,,,. : a 
: This potential is shown in Fi t has the 
that the material of the edge of the platelet is com- 
pressed and that the adjacent material expanded. 
This appears to be what one would expect from 


asymptotic behavior: 


(1 
inserting a platelet of atoms larger thanthe surrounding 
1e complete elliptic integrals which appear in the 
Now that we have examined the displacements stats 


general expression for the interaction energy, equatio 
caused by the elastic model for the platelet cluster | | 


(14). are tabulated’® so that the interaction 
and they appear to be reasonable, let us proceed to 


: : : : can be readily numerically evaluated and is pi 
calculate the interaction with a point defect by means ' , 
of this model. Form © for equation (1) from the 
stresses,“ caused by a single contribution of the 


double force dA at a point on the circular area. See 


graphically in Fig. 8. Note that a like « 


repelled from the polar region and would 


to the equatorial region. The interact 


to be a maximum along the equatorial 


Fig. 5. 
the p-axIs. Che behavio1 along this 

heen plotted in Fig 7 Notice th 
(-) 2dA (1 v) (13) 
23 has a singular point at p | 


an impossible physical position 
Che total interaction energy is obtained by integrating : 
the defect would halt-ove1 


over all the contributions from the area of the dis¢ the edge of the platelet-clusti 


For the integration, one first integrates over y of Fig. 5 The e . 
1e expression for the interaction ene! 
the intensity of the double-force density 
used in the model. This parameter must 
formed into one having more physical s 
such as the difference in size between 
the defect cluster and the surrounding 


this. the displaceme nt at the center of the 


of the platelet W1ll ( ymputed 


equation (12 for the special cast where po 


where 


Let e* be the fractional misfit of the defect 


. 6. Axial displacement from a circular platelet-cluster. 50 that Wy e*h. 
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between a circular platelet 
point defect in the equatorial plane. J is defined 
l c&)/|4a(] 


equation (16). A 


tion energy 


l K,./(p which is 
ction energy, se¢ 
orresponds to a negative value of the 


interaction energy. 


Considering the particulat platelet of seven particles 


with six surrounding a central one, the radius of the 


3h. Using for aluminum yr | 
(18) 


Substituting this expression for a in equation (14) 


one obtains 


(19) 


which can be inserted into the expression for the 


interaction energy equation (1). 

In order to gain a feeling for the magnitude of the 
interaction, examine the attraction of a single copper 
itom To a platelet-cluster ot seven copper atoms in 


values which were 


di-defect 


iluminum Assume the same 


used in the example of the interaction: 


fy 


and 
the 


dyn/em*, r AE em, 


The 


t a position two sites removed from the edge 


6 per cent. interaction of 


platelet, Le. p 2 in Fig. 7 gives 6 
s. If the defect is adjacent to the edge of 
$/3. 6 10 


This extreme case of the interaction with a vacancy 


el 


the platelet p 
order of 


platelet about to collapse is of the same 


magnitude as that with an edge dislocation. Forming 
the edge dislocation from 


Read.“9 


the values for the stresses given by 


sin 


Using a value for Berger’s vector b caused by the 


insertion of one layer to form an edge dislocation 
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2r,. Using the nondimensional measure of 


distance x rr, the interaction energy is 
sin 


Vv) 7 


(20) 


Inserting the same values used previously for a 


copper atom in aluminum, the maximum interaction 


Is 
2.46 


The origin is somewhat uncertain for an edge disloca- 
tion, but the position of the copper atom equivalent 
to the above example is 1 < 7 < 3/2. 


2.46 ergs. 


For 7 


6. DISCUSSION AND CONCLUSIONS 

The preceding analyses have shown that there is no 
elastic interaction between single point defects in an 
However. it 


isotropic, linearly elastic, medium. was 


shown that there is an interaction between a single 


point defect and a string-cluster of point defects. 
This elastic interaction energy is given as a function 
of their relative positions by equation (7) and is 
When the defects 


which form the cluster and the single point defect are 


presented graphically in Fig. 4. 
of the same type. there is an attraction of the single 
defect to the end of the string cluster. The asymptotic 
behavior of the interaction varies inversely as the cube 
of the distance of separation. The elastic interaction 


between a platelet-cluster and a point defect is given 


Fic. 8. Interaction energy between a circular platelet- 

cluster and a point defect. Curves are for constant values of 

cQ/[4a(1 v)| in equation (14), which is proportional to the 
interaction energy. 
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by equation (14) and by equation (19) for a platelet 
having a particular shape. The elliptic integrals were 
numerically evaluated for equation (19) and the elasti: 
interaction energy is plotted as a function of position 
in Fig. 8. When the defects which form the clusters 
and the single point defect are of the same type, there 
is an attraction of the single defect to the edge of the 
platelet-cluster. Here, too, the asymptotic behavior 
is inversely proportional to the cube of the separation. 

The limits imposed by the assumptions made in the 
elastic model should be kept in mind. They are: (1) 


linear elasticity; (2) continuous medium; (3) infinite 


medium; (4) small strains; (5) constant intensity of 


double forces over the string-cluster and disc; and (6) 
isotropy. 

On a submicroscopic scale it is possible to get very 
high elastic strains where there is no longer a linear 
relationship between stress and strain. However, the 
strains from local disturbances diminish rapidly with 
atomic distance away the 
The 


mostly compensated for by 


distance so that at one 


relationship should be almost linear. second 


effect 
adjusting the intensity of the disturbance. 


order could be 

It is difficult to assess the degree of approximation 
caused by using a continuous medium in analyzing 
the interactions between atoms, which are, of course, 
discrete particles in contact. 
this has been made, but the Principle of St. Venant 
states that local disturbances in a stress field smooth 
out in a distance of the size of the dimension of the 
disturbance. This would make it plausible that the 
analysis should at least give the order of magnitude 
of the interaction at positions adjacent to the dis- 
turbance and would become increasingly accurate at 
positions farther removed. 

The assumption of the infinite medium is not 
restrictive until the density of the defects becomes 
great. For two isolated defects in a large body, 
almost no approximation is involved. 

It was assumed in the derivation of the equations 
of elasticity that the strains are small. The strain can 
values by specifying the dis- 


be limited to small 


placements that characterize the disturbance at a 
TABLE | 


Emax Emin 


(kg/mm?) (kg/mm?) 


Copper 19.400 6800 
Silver 11,700 1400 
Gold 11,400 4200 
Alpha iron 29 000 13.500 
Aluminum 7700 6400 
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distance sufficiently far away from the center of the 
disturbance so that the strains are small in the exterior 
region. 

In the model for the string-cluster and the platelet- 
cluster, the double-force intensities were assumed to 
along a line segment and over a dis« 
Although 


justified because the displacement contours shown In 


be constant 


respectively : this assumption appears 


Figs. 3 and 6 are physically sound, this assumption 
may introduce some error which is difficult to evaluate 
quantitatively. 

The most severe of the assumptions was that the 
medium A 


of the 


interactions occurred in an isotropl 


glance at the maximum and minimum values 
moduli of elasticity for some single metal crystals will 
show the severity of the assumption.“!) Fortunately 
for one of the most used metals, aluminum, the moduli 
differ by only LS per cent. 

the 
defects. Eshelby“?? has recently been able to eliminate 
the 


elastic constants, the isotropy of the medium 


For elastic interaction between tw point 


separately assumption of the linearity of the 
und the 
infinite extent of the medium. His analysis shows 

repulsion between two point defects of higher modulus 
such as large interstitial atoms. and 
those of 
These 


vary with the separation dasd 


ot elast icity 


attraction between lower modulus such as 


interaction nel 


6 In the 


two relaxed vacancies. 


cubic crystal, attraction or repulsion is 

depending on the crystallographic direction 

the particles the 
When particies are 


the 


interaction energy 


very close together 


electronic interactio 


are limited by 
simplification made in 
assumed the stress was cons 
surface of the point defect 


continuous medium, and 


The value of the fractional] 
defect 


small value for 


atoms and the point 


range: a very 


0.002. to that of parent aton 


interstitial position by radiation damag 


much as 0.5 For the latter cass the 


arising from non-linearity 


might be appreciable 


In the model for the string-cluster, 1 vas assumed 


that there was no fore causing 


This would not cause 


error for long strings be¢ 


ippreciabl 


polar direction 
( h an exp Lns1IOn Wot 


be constrained by the adjacent material The 


of the ends is smaller than the circumferential 


the displacements caused by pressure is 


However, for a di-defect it might be an appreciabl 


ul SOT! p 
Ted 
Oki 
it 
mism 
varies 
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second-order effect. In the same manner and to the 
same degree of approximation, the radial expansion 
of the platelet was ignored. By superimposing the 
solutions for the string-cluster and the _platelet- 
cluster, this second-order effect could be included. 

Hirano et al.“*®) have proposed a theory that copper 
atoms are attracted to platelet-clusters of vacancies 
in the initial stage of precipitation hardening of 
aluminum. Their theory and experimental data are 
in agreement with this analysis of the elastic inter- 
actions. 

Some speculation can be made on the relative rates 
of precipitation of substitutional atoms larger or 
smaller than of the 
generally accepted that the diffusion of a substitutional 


those parent material. It is 
atom usually occurs by the interchange of its position 
with an adjacent vacancy. 
diffusion, both the interaction of the foreign atom and 
that of the field 
considered. If a atom is 


must be 
attracted 


vacancy with the stress 


small foreign 


toward a cluster, a relaxed vacancy will also be 
attracted toward the cluster. In order for the small 


atom to jump to the lower energy site closer to the 
cluster, the vacancy must jump to the higher energy 
Thus, the 
the 


site previously occupied by the atom. 


interaction of the small atom is reduced by 


presence of the necessary vacancy: conversely, that 


of the large atom is increased. 


It would be valuable if the interactions 


between point defects and clusters could be made for 


very 


an anisotropic medium. The mathematical difficulties 


encountered for even the isotropic case were formidable, 


To analyze the rate of 
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but perhaps new approaches may be suggested that 
will simplify the analysis. 

The implications of the elastic interaction between 
point defects and clusters of point defects on the rate 
of precipitation is now being examined by the authors. 
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CREEP OF ALUMINUM UNDER EXTREMELY SMALL STRESSES* 


J. G. HARPER,+ L. A. SHEPARD# and J. E. DORNS 


At high temperatures Al exhibits two laws for creep, dependent on the stres ( below 13.5 


lb/in? the creep rate increases linearly with the stress, and at intermediate stresses between 33.5 and 1000 


lb/in® the creep rate increases with a power of the stress. Creep in both regions is believe« 

by dislocation mechanisms. Over the low stress range the contribution of grain boundary 

total creep strain increases linearly with the stress. But over the intermediate range of st 

boundary shearing contribution to creep rate decreases as the stress increases ; vo distin 
different laws for grain boundary shearing reflect the fact that high temperature creep is controlled 
two distinctly different crystallographic mechanisms, the relative proportions of each being dependent 
on the stress. A dislocation model involving motion of jogged screw dislocations appears to account wel 
for the low stress creep behavior of Al. Intermediate stress creep behavior was 

Weertman’s dislocation climb creep hy pothesis. 


FLUAGE DE L’ALUMINIUM SOUS DES TENSIONS EXTREMEMENT FAIBLES 

Aux températures élevées, l’aluminium peut suivre deux lois de fluage selon la tension appliquée. Pour 
des tensions inférieures & 13,5 lb/in®, la vitesse de fluage croit linéairement avec la tension, tandis que 
pour des tensions comprises entre 33,5 et 1.000 lb/in?, cette vitesse croit selon une certaine puissance de la 
tension. Dans ces deux cas, on admet que le fluage résulte de mécanismes de dislocations 

Pour la gamme des tensions faibles, la contribution du cisaillement aux joints des grains dans 
déformation totale de fluage, s’accroit linéairement avec la tension. 

Par contre, pour la gamme de tensions intermédiaires, cette méme contribution décroit lorsqui 
tension augmente. 

Ces deux lois distinctes de l’effet du cisaillement aux joints prouvent que le fluage a température é 
suit deux mécanismes cristallographiques différents, importance du chacun d'un dépendant de la 
tension. Un modéle de dislocations comportant le mouvement de dislocations-vis-bloquées semble rendr 
compte du comportement de l’'aluminium sous faible tension 

Les auteurs ont trouvé que le comportement au fluage dans la gamme de tensions intermédiaires était 


en accord avec lhypothése de Weertman sur la montée des dislocations. 


KRIECHEN VON ALUMINIUM UNTER EXTREM KLEINEN SPANNUNGEN 

Je nach der angelegten Spannung weist Aluminium bei hohen Temperaturen zwei vers 
Kriechgesetze auf. Bei Spannungen unterhalb 13,5 lb/in® wachst die Kriechgeschwindigkeit 
der Spannung, bei mittleren Spannungen zwischen 33,5 und 1000 |b/in® mit einer hoher 
Spannung. Es wird angenommen, dass das Kriechen in beiden Bereichen m 
mechanismus stattfindet. Im Bereich kleiner Spannungen 
scherung zur Gesamtdehnung linear mit der Spannung zu, wahrend im 
Beitrag zur Kriechgeschwindigkeit mit wachsender Spannung abnimmt 
denen Gesetze fiir die Korngrenzenscherung speigeln die Tatsache wie 
kriechen durch zwei unterschiedliche kristallographische Mechanism: 
von der Spannung abhangt. Ein Versetzungsmodell auf Grund der Bey 
Schraubenversetzungen scheint das Kriechverhalten von Al bei kleinen Spannungs 
wahrend das Kriechen unter mittleren Spannungen offenbar mit dem Weertmansche 
von Versetzungen beruhenden Vorschalg iibereinstimmt 


INTRODUCTION creep due to stress directed diffusion of \ 

Recently it has been shown that the high tempera- Sut several auxiliary definitive obser 

ture creep rate for aluminum increases linearly with qualified this concept,”) suggesting tha 

the stress over the range of stresses up to about stress creep actually arises from a proce 
13.5 Ib/in?. Since the activation energy was motion of dislocations. Experiments in th 
observed to be approximately that for self diffusion, mediate stress range above about 33.5 |b/in? 


it might be thought that these data are the result of polygonization is prevalent and therefore dislocation 


climb is known to occur, reveal that the creep rate 


* Received October 22, 1957; in revised form January 2, inereases as the nth powel of the stress where nv has 


1958. 
+ Formerly Research Engineer, Institute of Engineering § 
Research, University of California, Berkeley, now Metallurgist,  ¢]jmb theorv is vet incompletely formulated, but 
Convair-Astronautics, San Diego, California. 
* Research Engineer, Institute of Engineering 
University of California, Berkeley. suggest that the creep rate increases with a powe1 
§ Professor of Physical Metallurgy, University of California, ' 
Berkeley 
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. value between 3.5 and 4.0.) Existing dislocation 
Research the best current approaches to the subject also 


of the stress ranging from 3.5 to 4.5 Although 


tenz a 
= 


the low stress and the intermediate stress regions 
can be correlated by a single hyperbolic sine function 
of the stress, the question nevertheless remains as 
the 


stress law for 


to whether existence of a low stress and an 


intermediate creep might not be a 
reflection of the existence of two alternate dislocation 
is difficult to 


a direct experimental approach for obtaining the 


mechanisms for creep. It formulate 


answer to this question. For this reason the indirect 
method described below was adopted: 
McLean‘) has shown that the 


bution of grain boundary shearing to the total creep 


ratio of the contri- 


strain is a constant throughout a single high tempera- 


ture creep test; and Fazan et al."*) have demonstrated 


that the activation energy for grain boundary 


shearing at high temperatures is identical with that 
the first 
McLean,” grain boundary shearing 


for creep within grains. Therefore, as 
postulated by 
must be controlled by the crystallographic mechanisms 
of deformation that are operative within adjacent 
grains. 
Because grain boundary shearing is controlled 
by deformation mechanisms within the grains, any 
factor that introduces a change in the crystallographic 
mechanisms of deformation might also cause a 
change in the nature of grain boundary shearing. 
This possibility is consistent with the observation 
that the laws for grain boundary shearing of aluminum 
Over the 


5OO CK. 


depend on the test temperature. high 


temperature range, above about where 
intermediate and high stress creep of aluminum is 
controlled by a dislocation climb process, the ratio 
of the 
to the total creep strain is independent of the test 


the 


contribution of grain boundary shearing 


lowered 
370°K, 


temperature is 
5OW) to 


temperature: but as 
the 
where the rate controlling process for creep gradually 
(10) 


over intervening range from 


changes from that for climb to that for cross-slip, 
the ratio of the contributions of grain boundary 


shearing to the total creep strain decreases with 


decreasing temperature. Therefore changes in the 
laws for grain boundary shearing could be reflections 
of changes in the crystallographic mechanisms of 
deformation. Consequently, if a distinct change 
observed in the laws for grain boundary 
the 


is probable 


could be 


shearing as the stress is decreased from inter- 
the 
that distinctly different crystallographic mechanisms 
The 
the 


from 


mediate to lower stress range, it 
of creep are operative over each stress range. 
that the 
the 


operative 


following results show differences in 


effect of 


differences in 


stress on rate arise 


the 


creep 
mechanisms for 


creep. 
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MATERIAL AND TECHNIQUE 


High purity aluminum in the form of rolled sheet 
After 


annealed 


0.100 in. thick was used in this investigation. 
machining, test 
at 923°K for 1 hr in a salt bath to remove all effects 


tensile specimens were 


of cold working. The resulting average grain dia- 
meter was 3.25 mm, most grains extending throughout 
the thickness of the sheet: these grains were ex- 
ceptionally stable, as far as growth was concerned, 
during creep testing. Each specimen was electro- 
polished and then gridded mechanically by applying 
very light scribe lines, 0.1 mm apart, with a diffraction 
grating ruling machine. Each specimen was held 
at the creep temperature twenty hours before testing. 
The creep testing equipment has already been 
described.” It 
following facts here: 
(a) The 
IK, 


(b) The secondary creep rate was zero at an applied 


is necessary to state merely the 


creep temperature was controlled to 


stress of 3 |b/in?, being negative for stresses below 
this value. The stresses reported here are the net 
stresses which are equal to the applied stress minus 
3 lb/in?. The stresses were determined to +1 per 
cent. 

(c) The total creep strain, ¢,, was determined to 
-0.00001L by means of a traveling microscope which 
followed the total elongation of the specimen. 

(d) The contribution of grain boundary shearing 
to the total creep strain, e,,, was calculated from 
measurements of the component of the shear dis- 
placements across grain boundaries in the direction 
of the tension axis of the specimen as shown by K in 
Fig. 1. 
least count of the micrometer eyepiece used to make 
this 1.654 
At least 100 readings of A were taken at 


on each specimen from which an average value, 


Measurements of AK were reproducible to the 


measurement which was 


random 
kK, was determined. The contribution of grain boun- 
dary shearing to the total creep strain was calculated 
from the relationship 


: Kn (1) 
where x is the number of grain boundaries intercepted 
per inch and 7/2 is the appropriate geometric factor 
the orientation of grain 


to account for random 


boundaries. 
EXPERIMENTAL RESULTS AND DISCUSSION 
The effect the 
temperatures was obtained over the range 
Table 1. At all stresses, 
obtained following a 


of stress on creep rates at high 


of con- 


ditions described in a secon- 


dary creep rate was brief 


HARPER, SHEPARD 
TABLE l. 


Net st ress 
(lb/in?) 


Total strain 


Temp. 
(°K) 


920 
9?0 
9?0 
920 
920 
920 
920 
920 
920 
920 
920 
S70 
690 
550 
550 


0.00 L06 
0.00237 
0.00756 
0.00836 
10.00 
13.55 
19.00 
22.50 
27.50 


33.50 


O.OL700 
O0.0L740 
0.00352 
0.01137 
0.1316 
0.0223 

47.50 O0.LOLO 
100.0 0.0754 

13.20 0.0L90 
500.0 0.1835 
750.0 0.1134 
LOOO. 0.1665 


* No determination of grain boundary shearing was made. 


primary stage of creep. Since the secondary creep 
rate did not differ greatly from the primary, it was 
deemed sufficient to refer exclusively to the secondary 
creep rate in reporting these data. In order to obtain 
sufficient accuracy, a few of the intermediate stress 
This, 
however, did not complicate the analyses since it 
the 


tests were conducted at lower temperatures. 


was demonstrated previously that activation 


energy for creep was about 35,500 calories per mole 
both the 


Consequently all data are reported in terms of the 


for low and intermediate stress tests.” 


Zener—Hollomon parameter, Z, where 
Z e exp (AH/RT) 
strain rate 


35.500 cal/mole 
the gas constant 
the absolute temperature 


since the Zener—Hollomon expression has been shown 


to the 


strain rate 


be temperature-compens ited 
the effect of 


intermediate 


appropriate 
for 


the 


parameter correlating 


temperature over both low and 
stress ranges. 

Fig. 2. 
Up to about 13.5 lb/in? Z increases linearly with the 
Ib/in?, Z increases as 
Although all of these 


single 


The experimental results are shown in 
stress, and above about 33.5 
the stress to the fifth power. 
experimental results can be correlated by a 
hyperbolic sine relationship, they can also be rational- 
ized by assuming that high temperature creep occurs 
by two alternate mechanisms both of which have 
about the same activation energy of 35,500 cal/mole: 


As shown in Fig. 2, we can assume that an % process 


Summary 


AND 


( 


DORN: CREE 


xperimental data 


predominates over the low stress range up 


13.5 lb/in?, and a 


p process predomin ites 


99 - 
about 


pro 
On 


intermediate stress above 
13.5 


the 


range 
Between and 33.5 lb/in? both 


tribute to observed creep rate. this 


Z, 
of the % and ) 
the 


the calculated values fo obtained by adding the 


individual contributions processes, 
This 
correlation confirms the possibility that each stres 
ot 


nism for creep in spite of the approximat 


agree very well with ybserved results 


law might be representative in alternate mecha 


identity 


both ranges of st 


the activation energies for 
In of the 


grain-boundary 


ress 


view suspected correlat 


shearing and the mechani 


Intermed! 


creep at high temperatures and 


it was thought possible to ascertain 


Stress creep IS duc to a ne 


she 


hanis 


gating grain bounda 


ry 


1) Ratio of as a tun 


The 
stress test 
McLean‘? tor 
tol 


effect ot strain on 
is shown in 
the interme 


the lower stress 1 


likew Ist 
[Ol 
the 


given stress independent 
measurement Was 
low and intermediate stress 
simila 

Fig. 6 


detail later, 


ire 

As 

oreatel 

13.5 Il 
ot 


with the insensitivity of this ratio of tem 


shown In 


for 870° and 920°K., 


9 


to temperature 1n the 


the intermediate stress range as previously 
This that the 


rep 


suggests activation fol 


energy 


| Secondat reep rate 
LO 2.13 LO 
1.26 LO 3.42 LO 
41.78 LO 1.29 LO 
1.17 10-4 3.17 10.1] 
1.46 LO~-4 3.95 LO 12.3 
2.14 LO-4 79 LO 14.9 
6.57 10-4 1.78 10 Ls 
1.30 LO 3.52 LO 3.4 
3.00 10 46 17.¢ 
5.58 x 10 1.5] 10 17.8 
3.909 LO 2 89 LO 14 
1.04 1.82 10 12.4 
3.20 x 10 108 x 10 v 
8.61 10 1.10 x 10 
AH 
R laws at 
e ‘ 
This respect the 
OW stress LoTrees 
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Fic. 1. Grain boundary shearing in creep of aluminum 
Variation of grain boundary sliding along a curved grain 
at 690°K and 500 |b/in?. 150. 


boundary. Crept 
Crept at 920°K 


boundary sliding in specimen 
and 10 |b/in* 150 

Grain boundary sliding in specimen 
and 33.5 lb/in? 150. 

Grain boundary sliding and coarse slip in 
920°K and 300 lb/in?, 60 per cent strain in 4 


Grain 


Crept at 920 KX 


specimen. 


Crept 


sec. L50. 


6, 


1958 
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the data for 13.5 lb/in? being that for 
and that for 33.5 lb/in? being that for 
stress. In Fig. 3 are given the average grail 
displacements K for grain boundaries in 
interval from 0 to 90° to the stress ax 
the low and intermediate stress regions thy 
histogram was obtained, demonstrating 
major difference exists between the low 


mediate stress regions on this basis. 


(Cc) X-ray photograms and etch fiqures 


The first indication of a possible differenc: 


the low and intermediate stress laws for | 


ture creep was obtained by the ba reflectic 


Laue radiograms shown in Fig. 4 Whereas the 


intermediate stress above do. Ib/In= gave cle 
evidence of subgrain formation. su 


EXPERIMENTAL formation appeared to be absent in th 
ducted at stresses of 13.5 and 

micrographs of etch pit figures of dislocat 
13.5 and 33.5 |b/in® specimens given in F 
further confirmation of this conclusion 


lb/in? specimen showed a random disper! 
2. Calculated variation of the Zener—Holloman parameter, , 


with stress for high temperature low stress creep ol pits with polygon boundaries pl 
aluminum. grains. The 33.5 |b/in* specimen, on tl 
: . showed extensive polygon 
boundary shearing in the low stress range is also 


aes suggests that low creep at 
about 35.500 cal/mole by the same arguments : 


:, . es . take place by a different process from th 
previously used by Fazan et The constancy of 


at intermediate stresses 
é 


‘»/€. Independent of time, strain and temperature, 
served to facilitate the following experimental 
analyses since this ratio must then be a function of 


stress alone. 


(b) Effect of boundary orientation 


Several investigators have noted that the maximum 
grain boundary shearing at high temperatures 
always took place at boundaries oriented at about 
15° to the tensile axis, the shear displacements 
always being such as to cause an extension of the 
specimen as shown in the long curved grain boundary 
of Fig. 1. To ascertain whether there might be a 
difference between the effect of grain boundary 
orientation in the low and _ intermediate stress 


> 


ranges, the histograms shown in Fig. 3 were obtained 
TABLE 2. Ratio of grain boundary shearing to the total 


strain, €,,/e, at three successive strains 
Stress 13.2; temperature 870°K 


Total creep strain, &, 


0.00623 
0.01120 : 
0.01900 3. Histog 
displacement 


CREEP OF A 
termediate 
/ cl 
2 | J 
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2 Photo 
10°. | 
6 8 l 5 ielded 
0.5 1.0 
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SLO! et 


ALLURGICA, VOL. 6, 1958 


514 ACTA MET 2 
* 
* 
f=. 
2 = 
Sooce 
& & & & 
qa 
: = 1s 10 
: 
me 
= 6 
nOooos 
% > 
e 
= 
: 


HARPER, SHEPARD anp DORN: 


(a) 


Etch pit figures of dislocations in aluminum specimens crept at (a) 13.5 lb/in? and 
(b) 33.5 Ib/in®. 7 920°K, La Combe and Beaujard etch 100 


(d) Effect of stress on grain boundary shearing rate on the applied stress. Such coincidence of the 


le, appears to be independent of strain and change in the laws for grain boundary shearing as a 
function of stress must be reflections of the distinct 


Since 


ab 
temperature, its dependence on the test conditions 


can be expressed solely as a function of stress. The ifferences in crystallographic mechanisms for creep 


effect of stress on grain boundary shearing over the in the low and intermediate stress ranges 

low and intermediate temperature ranges is shown in 

Fig. 6. Over the intermediate stress range the (e) Prediction of e,,/: ve transition range 

contribution of grain boundary shearing 
5 indary shearing to the total Knowing the empirical laws for grain boundary 


creep strain increases as e stress i creased 1 . 
p stra increas is th tre is decreased in the shearing over the low and intermediate stress ranges 


anner originally by McLean. In fae ‘se 
manner originally noted by McLean. In fact, these ang knowing the effect of stress on the total creep 


data are in excellent agreement with those of McLean  pates or Z in each range, it is possible by a simpl 


over the higher stre ‘ange re sets as 
r the higher stress range where the two sets of empirical extrapolation of both laws to predict thé 


data overlap. In contrast, the contribution of grain expected ¢,,/e, ratio over the transition 1 


youndary shearing to the total creep strain decreas¢ stresses; using subscripts « and f to 
with decreasing stress over the low stress range low ind intermediat. 
A transition from the low to the intermediate stress 


range occurs between about 13.5 and 33.5 I|by/in?. 
The transition range for grain boundary shearing 
behavior coincides with the transition range between 
the linear and the power law dependence of creep 


Since the ratio of 


strain and temperature 


mediate stress ranges 


10} 


NET STRESS,  |b/in? 


Fic. 6. Grain boundary shearing contribution to 
the total creep strain as a function of stress. 


ee CREEP OF Al 515 
} 
[ 
} 870) | 
690 
where 
N Z and Z 6 
_\ Therefore 
Z Z Z Z 


516 


In the low stress range Z,/(Z, + Z,) is negligibly 
small compared to Z,/(Z Z,) and ¢ 
dent exclusively by the « process. Over the inter- 


depen- 


mediate range of stresses Z,/(Z, Z,) is negligibly 
small relative to Z,/(Z, + Z,) and e,,/e, is dependent 
exclusively on the f process. But in the intervening 
range of stresses both processes contribute to ¢,,/&,. 
The values for Z,/(Z, + Z,;) and Z,/(Z, 


Z,) can 
be obtained from Fig. 2 and the ratios ¢,,,/e&, 
Fig. 6. 


can be obtained from In Fig. 
the 


as expressed by each term to the right of the 


and €,,,/é 


7 is shown contributions of each process to 
equality sign in equation (7). The sum of the contri- 
butions of each process to grain boundary shearing 
over the transition region is given by the broken 
curve of Fig. 7. The agreement between the calculated 
curve and the experimental points in this region 
confirms the existence of two uniquely different 
over the low and _inter- 


deformation mechanisms 


mediate stress ranges respectively. 


(f) A propose d me chanism for low stre SS cre¢ P 


Creep at intermediate stresses, 33.5 |b/in®? and above, 
and high temperatures is controlled by a dislocation 
climb process. The stress function is in agreement 
with that predicted theoretically for this mechanism 
by Weertman,® the 


that for self-diffusion. Furthermore, extensive poly- 


and activation energy is 


gonization is observed to occur, as shown in Figs. 
and 


for the 


5(b), and dislocation climb is a requisite 


formation of such polygon boundary 


walls. 


Identification of the low stress rate controlling 


process, at 13.5 Ib in? and below, is, however, not as 


definite. Harper and Dorn concluded that high 


temperature low stress creep of aluminum does not 


occur by stress directed diffusion of vacancies. 


Their observed creep rates were of the order of a 


NET STRESS, !b/in@ 
7. Calculated grain boundary shearing contribution 
to the total creep strain as a function of stress. 
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those predicted by 
this 


thousand times than 
the Nabarro—Herring 
Measurements of grid line displacements after creep 
that 


over each grain and was not concentrated in regions 


greater 
model?) for process. 


demonstrated straining occurred uniformly 


of the grain boundaries as required by the theory. 


Crystal recovery, softening, and creep recovery, 
contraction of the specimen, upon removal of the 
load, were observed, contrary to theoretical ex- 


pectations. And finally, single crystal specimens 
exhibited creep which, according to the proposed 
theory, should only occur in the presence of grain 
boundaries. 

A dislocation mechanism for creep proposed by 
Mott”) and modified here for the condition of low 
stresses does, however, give creep rates of the correct 
that the 
controlling process for steady state high temperature 


order of magnitude. He suggested rate 


creep is the production of vacancies by jogs in 
moving screw dislocations. 

This model presents none of the objections of the 
stress directed vacancy diffusion hypothesis. Crystal 
of the 
stress, for piled up screw dislocations can move back 
to their the fields. 
Furthermore, dislocation climb and _ polygonization 


and creep recovery can occur on removal 


sources under internal stress 
is not necessary for creep to occur by Mott’s mecha- 
nism, in agreement with the observations presented 
here for low stress creep. And finally, the activation 
energy for creep by this mechanism agrees reasonably 
closely with that for self diffusion, the value found 
experimentally. 

When a jogged screw dislocation travels one atom 
distance in a crystal, a vacancy or an interstitial 
atom is produced at the jog, dependent upon the 
direction of motion. According to Mott, for continued 
flow the vacancy produced must diffuse away from 
the dislocation in the first case, or a vacancy must 
be produced in the matrix and diffuse to the jog to 
Thus, 


for motion of the jogged screw in the absence of a 


eliminate the interstitial atom in the second. 


stress, thermal energy equal to that for the production 
of a vacancy plus the exchange of a vacancy with an 
atom, or the 
AH,, must be supplied. 


also opposed by the Peierls force, requiring an ad- 


activation energy for self diffusion 


The dislocation motion is 
ditional AH , to overcome this opposition. 

Thus, under a shear stress, 7, the net frequency with 
which a screw dislocation traverses an atom plane 


in the forward direction, yv*, is 


AH, 
RT 


) 


= eXp 


= 


60-—, 
| “fon | | 
50} + + + + ] + + +—+ + + + 4 
o~ CULATED~ / > | 
/ | 
10 2 4 6810 2 4 68100 2 4 6 81000 
Fic. (5) 
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where For a stress of 10 |b/in?, the strain rate is calculated 
Debye frequency to be 

Avogadro’s number 

activation volume = b?L/2 

Burgers’ vector 
L = mean distance between jogs in equili- whereas the experimentally observed 
brium thermal and the net frequency in the reverse from Table | is 
direction, is 


strain 


Tv! 
RT . Although such extremely good agreement between 


theory and experiment is obviously 


Vo CXp 


fortuitous 
The net forward frequence is then 


+ \ 
EXP -2sinh—— —(10) 
RT 


and, as tvN/RT is less than 107° for an 


in view of the approximations involved, the calculated 
strain rate is certainly of the correct order of mi: 
tude. As AH, ~ AH.,, the activation 


the process agrees closely with that for self diffusion 


energy tor 


applied 


The further fact that the several observable experi 
stress of 13.5 lb/in® the hyperbolic sine term can be 


: mental factors are in agreement with Mott’s proposed 
replaced by its argument. 


model suggests that this theory may well 


The tensile creep strain rate, ¢, can now be ex- ; 

our understanding of low stress creep. 
pressed from Seeger’s relationship" as a function 
of the applied creep stress, a, as CONCLUSIONS 


nAby, 2ovN AH. AH, (1) For the high temperature creep of Al the 


exp T (11) secondary creep rates increase linearly with the 
27 ‘ 9 
‘ stress over stresses up to 13.5 |b/in* and they increase 
where as a power function of the stress at intermediate 
n == number of points of activation stresses from about 33.5 to 1000 Ib/in? 
~ dislocation density L (2) Over the low stress range the contribution of 
~ assuming 10°/Z the approximate dislocation grain boundary shearing to the cre -p strain increases 
density for an annealed metal with an increase in stress, whereas ovet 
mediate stress range the contribution 
A area swept out per activation 


bL/2. 


boundary shearing to the creep strail 
with increasing stress. 

The mean equilibrium distance between jogs, (3) Grain boundary she 
L = bexp (AH,/RT), AH, being the energy for jog details of the crystallographic 
formation. Thus 


is associ 


mechanis 


within adjacent grains 


(4) Lo stress creep occurs DY d STinct 
108 AH,, + AH, — AH, 


. (12) mechanism than creep at intermediate 
R1 R17 
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LETTER TO 


Thermodynamics of iron-carbon melts*t 


The 


carbon in 


of the 


iron 


results authors”) on the activity of 


carbon been 


the 


have recently 
that the 


alloys 


criticized™) on grounds secondary 


reactions: 
CO 


CaO CaC, 


and CO + 3H,—> CH, + H,O 2) 


occurred in their work, thus leading to experiment ul 
values of methane concentration which were too high. 

A point which appears to have been overlooked in 
these remarks is that, in the authors’ experiments, 
the partial pressure of water vapour was deliberately 
this 


undesired reactions of 


the 


adjusted to suppress 


nature. As pointed out in origina! paper, I 
traces of water-vapour formed in the reaction were 
allowed to accumulate in a trap held at the tempera- 
78°C). The 


vapour was thus maintained at 0.737 


pressure of water- 


10-° atm in 


ture of dry ice ( 


all experiments. 
A simple calculation shows that, for the overall 
equilibrium: 


CaC, + CH, 


3C CaQ H,O 

this pressure of water-vapour is sufficient to suppress 
the formation of excess methane in all experiments, 
with the possible exception of the three done at 


L500°C. 1500°C it is doubtful if the above 


1 


Even at 
reactions become important. Using recent values‘: 
of the standard 


CaC,, CH,, and H,O, one obtains for reaction (3) 


free energies of formation of CaQ, 


6.947 


7.29T 


21,4410 


AG 1760°K 


and AG 760—2000°K = 57,250 


the estimated uncertainty being about 8 keal in 


each case. It may thus be shown that under the 


conditions of these experiments, the forward reaction 
in (3) will be entirely suppressed when the experi- 
exceeds 4 10-4 
1400°C and 3 10 


Inspection of the data in Table 2 of the 


mental value of 7, atm at 
1300°C, 12 10 
at 1500°C. 
original article shows that this is indeed the case for the 
1300 and 1400°C. At 1500°C, the 


at 3 atm 


experiments at 


+ Comments on a Note by J. Cordier. 
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1958 


THE EDITOR 


varied 


( 


experiment il values of Poy 


OLS to 2.3 atm over the 
concentrations studied. There is good e' 


however, to indicate that, owing to the forn 


eutecti between CaO ind the equilibrium 


pressure of CO in reaction (1 


what less thi: 


W ill he 
The 


therefore, be seriously in erro 


SOTIIE 


in reaction (3), 


by the above data results at L5oo-( 


Fig | shows the direct plots of the autho 


the three temperatures Investigat¢ qd, alon 


calculated plot for 1600°C, after making duc 


for AA, It 


observations of 


would Lippe il hat contrar’ 


these cur 


Cordie1 


agreement with data obtained by 


lower concentrations of carbon 


It should be further emphasized that 


experiments, sufficient time was always alloy 


the system to attain equilibrium as shown 


methane concentration on the recorde 


1-00- 


ensure that equilibrium had been established, « 


were allowed to continue for about two 


the 
This invalidates the suggestion of Cordier that 


ments 


atter methane reading had reached a steady 


value. 


the agreement between the authors’ results and the 


available data for pure /-graphite was fortuitous 


and could be explained in terms of a slow reaction 


which did not proceed to completion The fact that 


\ 
and hence that of CH, 
« B00°C 
400 pd 
fs 
4 
Y fof 
, 
O-50} 
Z 
7 
)- 25} 4+ 
+ 
_4 
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Table 1 
of the original paper) further indicates the 


such concordance was obtained (see and 


Fig. 2 


reliability of the experimental technique employed. 
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ON THE DISTRIBUTION OF IMPURITY ATOMS IN THE STRESS FIELD 
OF A DISLOCATION*+ 


D. N. BESHERS?+ 


It is shown that impurity atoms distributed in the stress field of a dislocation obs Fermi—Dira 
statistics. This result is applied to two experimental situations. In the first case, it enables us to dete: 
mine the binding energy of an impurity to a dislocation, and in the second we see why another attempt to 


do this went astray. 


LA DISTRIBUTION DES ATOMES D’IMPURETES DANS LE CHAMP 
DE TENSIONS D’UNE DISLOCATION 
L’auteur montre que la distribution des atomes d’impuretés dans le champ de tensions d’une di 
tion obéit aux lois de la statistique de Fermi—Dirac. Ce résultat est appliqué a examen de di 
pratiques. D’une part, il permet de déterminer |’énergie de liaison entre une dislocation et un at 
d‘impureté et d’autre part il montre pourquoi un essai antérieur de détermination de cette méme ¢ 


fut erroné. 


ZUR VERTEILUNG VON VERUNREINIGUNGSATOMEN IM SPANNUNGSFELD 
EINER VERSETZUNG 
Es wird gezeigt, dass Verunreinigungsatome im Spannungsfeld einer Versetzung der Fermi—Dira¢ 
Statistik gehorchen. Dies erméglicht einerseits die Bestimmung der Bindungsenergie zwische 
Verunreinigungsatomen und Versetzungen, andererseits wird dadurch klar, warum ein anderer Versucl 
dieser Art auf Irrwege fiihrte. 


In a recent article, Louat™ has given the distri- Fermi—Dirac statistics are based: the problem of 
bution law for impurity atoms near a dislocation as_ distributing identical particles in discrete states, 
maximum of one particle being permitted in one stat 

exp [(U, U))/kT) (1) We are not then surprised to find that (1) may be 


ilo 


No 0 


rearranged to read 
where V, and N, are the number of sites of energy U, 

and U, 
impurities in each type of site. The subscripts refer 


respectively and n, and nv,» are the number of exp | 


to any two types. The assumptions on which this 
conclusion was reached are as follows: “It is supposed, 
considering one atom plane of dislocation, that the where / is a constant of the system. And thi 
region near a dislocation may be divided into a_ yields 

number of discrete sub-regions of various sizes, each N, A exp SkT 
characterized by a unique solute atom-dislocation 
which is identical with the standard form for 
interaction energy, and that at most only one solute 


Dirac statistics if exp €} kT 


atom can occupy each sub-region at any instant. It is 
: change the sign of the energy so that a binding 

assumed further that the interaction between solute 
iS negative with respect a position at an 
atoms in neighboring sites along the length of the ats 
distance from the force cente! Chere is 
dislocation may be neglected. For an assembly of 
ian degeneracy in energy here; the number of 

atom planes under these conditions it may be shown, : 
a given energy 1s equal to or greatel than 
either by setting up the appropriate partition func- 
of atomic lengths of dislocation present 
tions, or more simply by considering directly the 
It is not clear that the assumption ol 
thermally activated equilibrium interchange of atoms ; ; 
<a Eanes action will stand scrutiny close to the di 
between adjoining energy levels, that the resultant hae 
ane: ar ae which is where we would like to apply it, but 
distribution is’’ equation (1). 
theless seems likely that (3 represents 
These assumptions are essentially those on which Bie 
' better approximation than the Maxwell—Boltzmann 


distribution for the present situation. Cottrell and 


* Received January 3, 1958. 
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silby, in their pioneering work on the condensation 


Boltzmann statistics gave absurd results and then 


1 


1 A 
, 
| 
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attempted to patch things up by assuming a conden- 
sation along the dislocation and a dilute Maxwell- 
Boltzmann atmosphere elsewhere. Fermi—Dirac statis- 
tics give us this picture without ad hoc assumptions. 
In a lattice with nothing but dislocations and 
impurities of one species, the parameter ¢€, will be 
such that at absolute zero all levels for which U; < €, 
are filled and all with greater U; are empty. In an 
actual case there are likely to be grain boundaries, 
other impurities, and precipitates of second phases 
such as Fe,C in iron. All these imperfections may 
give rise to variations of the Fermi level through the 
creation of energy Further, thermal 
equilibrium may not be established, which renders the 
Even with thermal equili- 


new levels. 
treatment meaningless. 
brium, the complications mentioned above are enough 
to prevent estimation of €, in any real case at the 
present time. 

We may apply these ideas directly to the experi- 
ments of Késter, Bangert and Hahn‘ on the damping 
peak which appears at about 200°C in cold-worked iron. 
After an exhaustive experimental study, they were 
able to conclude that this damping peak is due to 
interstitial impurities (both C and N were present 
in appreciable amounts in their samples) which have 
migrated to the dislocations introduced by cold- 
working and that there is, for each atomic length of 
dislocation, one impurity atom in a position which 
enables it to participate in the relaxation process. 
Thus, the height of the damping peak saturates before 
the precipitation process associated with the for- 
mation of the ‘Cottrell atmosphere” is complete. By 
determining the number of impurities which have 
left the matrix at the time that the 200°C damping 


peak saturates, they have determined the number of 


sites in the specimen which contribute to that damping. 
At the same time, by letting the precipitation go to 
completion, they obtained the concentration of carbon 
itoms in the lattice that is in equilibrium with the 
That is, they 


obtained at one temperature estimates of the concen- 


precipitated “‘Cottrell atmosphere’’. 


tration of the impurity in two different levels. This is 
sufficient information to enable us to apply (1) to 
determine the difference in energy between these two 
Koster et al. obtained these data, not only at 
200°C) 


levels. 
low temperatures (- where the dislocations 
are essentially completely saturated, but also at 
higher temperatures (>200°C) where there is appreci- 
able variation in the concentration at the dislocations. 
We suppose that the concentration at the dislocations 
at temperature 7’ is given by the ratio of the height 
of the damping peak at 200°C, as determined after 


tempering at 7’, to the height of the peak after 


1958 


tempering below 200°C. The concentration in the 
lattice was determined from the internal friction peak 
at 40°C by a well known procedure. In Table 1 we 
give data taken from their Figs. 9 and 10 and the 
results of computation with (1), where we have put 
6, = n,/N,. The subscript 1 refers to the dislocation, 
2 to the lattice. 

Since the specimen with 80 per cent deformation 
probably did not have enough carbon in solution 
to saturate the dislocations at any temperature, we 
may estimate the difference in energy as 12 kcal/mole 
or 0.52 eV but it applies to both nitrogen and carbon 
combined. This estimate is in accord with that of 
Mott, based on the vanishing of the yield point at 
higher and on Maxwell—Boltzmann 
statistics. 
that obtained by Thomas and Leak“ by analyzing 


temperatures 
It is in considerable disagreement with 


their own internal friction data. 
Thomas and Leak‘) studied the variation 
temperature of the concentration of nitrogen in 


with 


solution as an interstitial impurity atom in iron, first 
in the presence of a precipitate, Fe,N, and then in the 
presence of dislocations obtained by cold-working the 
specimen. The logarithm of the concentration was 
plotted vs. the reciprocal of the absolute temperature, 
and it was found that the slope of the curve differed in 
the two cases, giving 0.26 eV with the precipitate 
present and 0.35 eV with dislocations, scatter giving 
an uncertainty of 0.09 eV in each case. Thomas and 
Leak were essentially repeating preliminary experi- 
ments of Dijkstra’s,"°) whose results were 0.35 eV and 
0.45 eV respectively for the same two cases, but with 
still more scatter. There are other experiments on the 
first case which show disagreement with Thomas and 
Leak. 
attempt to take account of the considerations men- 
tioned at the start of this paper, they invoked the law 
of mass action, supposing an equilibrium between 


In order to analyze their data, and in an 


nitrogen atoms in solution and vacant sites at dis- 
locations which could combine to yield a nitrogen 
atom at a dislocation. The expression that they 
obtained is equivalent to (1) under the assumption 
that ny< No, where now the subscript 0 refers to 


sites far from the dislocation and the subscript | 
TABLE 1 


Per cent C) 
deformation keal/mol. 
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33 300 0.4 1.2 10-5 12 
33 400 0.17 3.4 12 
33 500 0.12 5.1 12 
80 500 0.21 1.4 15 


BESHERS: 


refers to the most tightly bound states. However, 
and Leak further that all the 
impurities which had left solution had gone into most- 


Thomas assumed 
tightly-bound states, an assumption which is expli- 
citly shown to be wrong by the experiments of 
Késter™ et al. 
impurities continued to leave solution, following the 
(73 Jaw, long after the peak at 220°C had saturated. 


The Stuttgart group found that 


Their treatment gave Thomas and Leak a binding 
energy of nitrogen to a dislocation of 0.75 to 0.8 eV. 
Our treatment, based on (3) in the case where unity 
is negligible with respect to the exponential term, 
(U, 

the experiments measure 
level energy and a Fermi energy and, in view of the 


gives 6; = exp [ €,)/kT| and we see that 


the difference between a 


great dependence on sample details expected of the 


latter, we do not expect agreement between the 


measurements of different laboratories. 
If we now return to the data of Koster et al. and plot 


DISTRIBUTION OF 


IMPURITY ATOMS 


In 6, vs. 1/7’, we obtain 0.28 eV for Which 
is in line with the other results.) for this quantity. 
Then the dislocation sites are 0.52 0.28 or 0.24 eV 
below the Fermi level, giving an occupation pro- 
bability greater than 0.99 at 500°K, the temperature 
of observation, in accord with the observed saturation. 
The plot of In 6, vs. 1/7’ is very rough, but even if the 
slope above is in error to the extent that the dislo- 
cation sites are only 0.14 eV below the Fermi level, the 


occupation probability is still 0.95. 
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ON THE GROWTH AND PROPERTIES OF ELECTROLYTIC WHISKERS* 


P. B. PRICE, D. A. VERMILYEA and M. B. WEBB? 


The growth of solids in filamentary form has received a great deal of attention in recent years because 
of the unusual properties of some of the so-called “‘whiskers’’. Under certain conditions metal electro- 
deposited from solutions containing certain specific impurities takes the form of whiskers varying in 
diameter from about one to several microns and as long as several millimeters. In this paper we shall 
present a theory to account for the growth of electrolytic whiskers, compare the theory with experi- 
mental] observations, and give data on the strength, electrical resistivity, and structure of the whiskers. 


LA CROISSANCE DES BARBES OBTENUES PAR ELECTROLYSE 
ET LEURS PROPRIETES 

Au cours des derniéres années, on a accordé un grand intérét a l'étude de la croissance des solides en 
forme de filaments et des propriétés particuliéres de certaines de ces “‘barbes’’. 

Dans des conditions déterminées d’électrolyse de solutions contenant certaines impuretés spécifiques, 
un métal peut se déposer sous forme de barbes dont le diamétre varie de un & quelques microns et dont la 
longueur peut atteindre plusieurs millimétres. Les auteurs présentent, dans cet article, une théorie appli- 
cable a la croissance des barbes électrolytiques. Ils la comparent ensuite aux résultats expérimentaux et 
donnent quelques valeurs de la résistance, de la résistivité électrique et de la structure de ces barbes. 


UBER DAS WACHSTUM UND DIE EIGENSCHAFTEN VON 
ELEKTROLYTISCHEN FADENKRISTALLEN 

In den letzten Jahren hat das Wachstum von Fadenkristallen grosse Aufmerksamkeit auf sich gezogen 
wegen der ungew6hnlichen Eigenschaften von einigen sogenannten ‘‘Whiskers’’. Wird Metall aus 
Lésungen, die bestimmte spezifische Verunreinigungen enthalten, elektrolytisch abgeschieden, so 
wachst es unter gewissen Bedingungen in der Form von Fadenkristallen, deren Durchmesser zwischen 
etwa einem und mehreren Mikron variiert und die mehrere Millimeter lang werden. Wir entwickeln in der 
vorliegenden Arbeit eine Theorie fiir das Wachstum von elektrolytischen Fadenkristallen, vergleichen 
die Theorie mit experimentellen Beobachtungen und geben Daten iiber die Festigkeit, den elektrischen 
Widerstand und die Struktur der Fadenkristalle. 


THEORY When a section of a step encounters two adsorbed 

The effect of adsorbed impurities on crystal growth particles which are closer together than 2p, it cannot 
. . advance pas » particles because in so doing > 

It is necessary first of all to have an understanding idvance past the particles because in so doing thé 


. . ‘adius of curvature of a portion of the step would 
of the influence of strongly adsorbed impurity pore the ste] 


; become less thar Hence if the average distance 
particles (atoms, ions or molecules) on crystal growth. yme less than p,. Hence if t rag stance 


. . . . betwee articles adsorbed « » surface is greater 
It is believed on the basis of both theory and exper!- etween partic les adsorbed on the surface is greater 


. han 2p, the steps will be able to advance freely, while 
ment that crystal growth occurs by the movement of p. the steps wil 


teps over close packed surfaces. When a crystal is at greater coverages the growth of the crystal may be 


entirely prevented. 
exposed to a supersaturated medium the only steps 7 poor 


which can advance are those having radii of curvature Next consider the fate of particles hich are 


ws . strongly absorbed on the surface of a rapidly growing 
greater than the critical value, p,, given by ee are a rapidly growing 


crystal. If the mean lifetime of a particle is suffi- 


(1) ciently long, several steps moving across the surface 


AG, will encounter it, each one moving around and past it 
where o is the edge energy of the step per unit area ” shown 64 Fig. 1. I robably the tendency for the 
and AG, is the free energy decrease per unit volume particle to jump off the surface would decrease as it 
accompanying deposition. (AG; is proportional to the became surrounded in this manner by layers of the 
supersaturation, or overvoltage). We shall assume crystal. We shall assume that adsorbed particles 
that a strongly adsorbed particle can prevent the part actually become incorporated into growing crystals in 
of the step with which it is in contact from moving. this manner. The types of particles which are most 


likely to become embedded are large molecules, for 
* Received January 10, 1958. 
+ General Electric Company Research Laboratory, Sa 2 
Shenantede Now York. than individual atoms or ions and they also are 


these would have much smaller vibration frequencies 
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TOP VIEW 
DIRECTION OF STEP MOTION 


SECTION A-A 


1. Surface steps (1, 2, 3, 4,5) moving past an adsorbed 
molecule. 


observed to be strongly adsorbed, at least on mercury 


electrodes. 


The critical current density for whisker growth 


During whisker formation impurity molecules 
diffuse to the tip of the whisker, become adsorbed, and 
are incorporated into the growing crystal. Molecules 
which become adsorbed on the lateral faces, which are 
not but 


adsorbed and prevent the growth of these faces. When 


growing, do not become buried remain 
a steady growth state is reached, the rate of burial 
of molecules on the whisker tip must equal the rate at 
which they diffuse to the tip and become adsorbed. 
There exists a critical current density, which we 
will now calculate, for this steady state whisker 
growth. Consider the growth of a whisker of radius 
r in a solution containing impurity molecules at 
concentration C, and metal ions at concentration C,, 
There will be an approximately spherical diffusion 
field around the tip of the whisker, and hence the 
maximum rate of diffusion of impurity molecules to 


the surface, n,, is approximately given by the equation 
NDC, NDC, 


(for R 
(l/r — 1/R)r* r 


r) (2) 
where D, is the diffusion coefficient, NV is Avogadro’s 
number and R is the radius of the outer limit of the 
diffusion zone. FR is very large compared to r for the 
The rate at 


small whiskers considered here. which 


molecules are buried, n,, can be calculated from the 


number of atom layers required to bury a molecule, 
and the current density, and is given by 
aX Ix 
No 


hez 


where a is the step height, A is the height of 


WEBB: E 


LECTROLYTIC WHISKERS 


molecule, J is the current density, « is the area of one 


metal atom on the surface, e is the electronic ch urge 


is the valency of the metal ion which is deposited, and 
X is the concentration of molecules present on the 
For simplicity, and because of our 1gnorance 


lifetime ot 


surface. 


of the average molecules adsorbed at 


electrodes, we shall assume that there is negligible 


probability that a molecule will jump off the surface 


Then 


and he nce 


before it becomes buried when the 


state is reached n No 


N DC 
(4) 
axX 


Since it is necessary that the distance betwee! 


molecules on the surface be creater than 2p the 
maximum concentration of adsorbed molecules, X, 


is given approximately by 


provided p, is much larger than the radius of the 


adsorbed molecule, which is the case of interest her 
Now in terms of the overvoltage Y, Pp. 1S given by the 


equation 


where M is the molecular weight of the metal, F is the 
At low 


30mV) the equation relating 


faraday, and d is the density of the metal 
overvoltages (below 


current density and overvoltage is of the form 
== 


where A is a constant at any given tempera 


metal ion concentration. Hence we can write 


and from equation (4) 


he 
ag? 


where J, is the critical current density for whisker 


growth. Hence for one metal ion concentration and 


one type of impurity at a given temperature 


const (¢ (10) 


current is through a 


When a 


suitable cell one crystal will form at the cathode, and 


constant passed 
as it grows the current density on its faces decreases. 
When the current density becomes less than J, the 


crystal will become contaminated and stop growing 


| 
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a new crystal will then be nucleated and it will grow. 
Occasionally it will happen that all but one face of a 
crystal will become blocked. This last crystal face 
will then adjust its size so that the current density is 
equal to J., and will continue to grow as a whisker. 


Minimum concentration of metal ions 

If metal ion concentration is too low J, cannot be 
maintained ions to the 
whisker tip would be too slow. Hence for the growth 


because diffusion of metal 


of whiskers there is a minimum concentration of metal 


ions, C,,’ given by 


zFD,, 


(11) 


is the diffusion coefficient for metal ions in 


n 


where D, 
the solution. 


COMPARISON OF THEORY AND EXPERIENCE 

Other investigators have observed silver whiskers in 
experiments using silver nitrate solutions containing 
oleic acid, gelatin, albumin, and heptyl, octyl, and nony! 


and also using “aged” silver nitrate 


solutions,’ that is, solutions made from ordinary 
chemicals and simply allowed to stand for a period 
of weeks. Copper whiskers have been grown":°) in 
a variety of solutions containing organic additives and 
in a solution containing hydroxylamine sulfate plus 
chloride ion. In these tests current densities at the tip 
of the whisker ranged from about 0.3 to 25 A em~*. In 
this investigation we observed silver whisker growth 
in solutions containing oleic acid, gelatin, butylamine, 
orcinol, and also in solutions containing no intentional 
additive. Our observations were made using a simple 
cell 0.010 in. 


platinum wire cathode sealed into the male part of a 


with electrodes consisting of a dia. 
ground glass joint, and a silver slug anode formed from 
the reduction of silver oxide. The constant current 
source consisted of a battery in series with a resistance 
and the cell. 


recrystallizing, and filtering before use, and solutions 


Silver nitrate was purified by fusing, 


were prepared using double distilled water having a 
em. 


All of the observations which have been reported 


conductivity of about 4 


seem to be in accord with the prediction that large 
molecules are required. It has been reported) that 
CN or 


‘“‘aged’’ solutions. 


additions of decreased the tendency 


for whisker growth in However 


we found no deleterious effect of such additions on 


whisker growth in such solutions, or in solutions 


containing gelatin or oleic acid; in fact in the solutions 


containing additives these ions seemed to favor 


whisker growth slightly. We have also found that the 
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tendency to whisker growth in solutions containing 
gelatin is not influenced by the pH of the solution in 
the range 2-8. Hence the charge of the molecules in 
solution is not very important. 


The critical current density 


Measurements of current densities in solutions 
containing known concentrations of additives are 
available only for the growth of silver whiskers in Ag 
NO, solutions containing gelatin. In order to show 
that the order of magnitude of the critical current 
density predicted by equation (9) is correct we use 
data obtained by us, which agrees closely with that 
obtained by the We have 
found® that for a normal Ag NO, solution at 25°C, 


K = 80. Taking D; ~ 10-6 cm? sec}, h = 3 X 107° 
cm, o = 1000 erg a= 3 X 10-8 em, « = 107)! 


Russian investigators." 


cm? and using appropriate values for the other 
constants we have 


I, = 14 (C,/r) 


(10) 


Hence for C; 0.1 g/l. (~10-§ mole/em?) and r 
3x 10-4 em we find that the calculated critical current 
density is about 0.4 A cm~*, while we measure 0.7 
A cm~*. Such close agreement is doubtless fortuitous, 
but the fact that the calculation gives the correct order 
of magnitude is gratifying. The critical radius for this 
example would be about 10~® cm, so that the con- 
centration of adsorbed atoms would be about 2.5 > 
104 em-*. 

When no impurity addition is made to the plating 
bath whiskers can still be grown but at a much lower 
current A cm~?). 
current density in equation (10) with r~ 10-% em, 


density (about .05 Using this 
we find that C; ~ 10~-!° mole/cm®, a not unreasonable 
value for the impurity content of the solution. 

The data obtained by the Russian workers,” can 
be used to check the dependence of critical current 
density on additive concentration and whisker radius. 
Fig. 2 shows the very good agreement between the 
calculated and observed dependence on whisker radius. 
Figs. 3 and 4 show the change of critical current 
density with increasing concentration of gelatin and 
oleic acid respectively. The effectiveness of successive 
increases in impurity content decreases rapidly with 
increasing concentration as expected, except that at 
high gelatin concentrations there is an increase in 
effectiveness which is not predicted and which we do 
not understand. 

It might be expected that there would be a change 
in critical current density with changing metal ion 
concentration. The increase of A with increasing 
metal ion concentration should increase J,, but on the 
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CURRENT DENSITY -AMPS/cm2 


8 9 


RADIUS- MICRONS 


Fic. 2. Dependence of critical current density on whisker 
radius in solutions containing oleic acid at two different 
The data were taken from references (1) and 
ri/3, the 


concentrations. 
(2). The full curves are calculated from J, 
constant being determined to give the best fit with the data. 


const 


the metal ion concentrations 


employed cause significant changes in the physical 


other hand large 
properties of the solution, and these changes may also 
influence the critical current density. Experimentally 
it is observed” that the critical current density is 
nearly independent of metal ion concentration over the 
range | to 6 N for solutions containing gelatin or oleic 
acid when the total cell current is high (~10~-® A), 
while at very low total currents the behavior is more 
complicated. 
Minimum metal ion concentration 

The 


confirm that it is very difficult to grow silver whiskers 


Russian investigators observed’ and we 


30 


i=] 


CURRENT DENSITY-AMPS 


04 0.6 0.8 
OLEIC ACID CONCENTRATION 
FRACTION OF SATURATION 


Dependence of critical current density on the concen 
tration of oleic acid at currents of 9 10-8 A (upper curve) 
and 4.8 x 10-7 A (lower curve). The data taken 
from reference (1); the full curves show the predicted func- 
tional dependence. 
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were 
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at metal ion concentrations below about 0.3 normal 
when the gelatin concentration is 0.1 g/l. Taking the 


with a critical current 
density of 0.7 A cm-*, r= 3 x 10-4 


10-° cm? sec~! we find from equation (11) that 


example discussed above 
em and taking 


m 


"ag , Should be about 0.2 


7 


normal. The agreement is 
excellent, particularly in view of the difficulty of 
experimentally determining the minimum metal ion 


concentration. 


Other evidence in favor of the theory 

Several qualitative observations are also in agree- 
ment with and provide additional support for this 
interpretation. First, there is a marked disparity 
between the effects of impurities during anodic and 


When 


dissolved rather than deposited, all surfaces should be 


cathodic polarization. material is being 


equally covered with adsorbed molecules since there is 


no burial on any of the surfaces. Hence a whisker 


2 


‘em 


AMPS 


> 
a 
=z 


CURRENT 


0 02 04 0s 08 
GELATIN CONCONTRATION -GRAMS/LITER 


Fic. 4. Dependence of critical current density 
centration of gelatin at currents of 9 1O-8 A (upy 
and 9.6 10-7 A data 


reference (1); the full 


(lower curve Che were t 


curves show the predicted 


de pendent € 


should dissolve uniformly on all surfaces 


preferentially along the longitudinal whisker 


have found that such is indeed the case; upon 


reversal of the current the whisker dissolves uniformly 
the edges become rounded, and finally the whisker 


breaks off at some point along its length. Further- 


more, since dissolution is uniform the total over- 


voltage is only a few millivolts compared to about 
15-20 mV for growth. 

Second, there is a transient change of voltage 
following a period during which the whisker is not 
growing. When the flow of current is interrupted the 
surface of the whisker tip gradually becomes covered 
with impurity molecules. As the average spacing of 


impurity molecules decreases, the average length of 
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re transients following a period ot no 
current was 3.5 10-7 A, and the 
NO, containing .05 g gelatin. 
n. Horizontal, top curve 1/2 sec/em; 


. third and fourth, 2 sec/em, bottom 


current 
solution was normal 
Vertical, 101 
ond from top ] 


Scale 


step between molecules decreases and hence a larger 


overvoltage is required to reduce p sufficiently so that 


the steps can move. If the current interruption is 


short the whisker should continue to grow at a 


temporarily higher overvoltage upon resumption of 


the current flow, but after a sufficiently long off time 
the tip of the whisker should become as fully covered 
as the rest of the whisker, and then new growth may 


start at some other point. The minimum time 


required completely to block the tip of the whisker 


be estimated 


+ 


may from the rate of 
impurity molecules to the tip, and is given approxi- 
mately by 

ner 


NDA 


(12) 


where m is the number of molecules needed to block 
Thus for 


tem, D 


completely a square centimeter of surface. 


gelatin, with m ~ 10!° cm~-?, r 3 10 


diffusion of 
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10-6 em? and C, mole/em*? (~0.1 g/l.) we 


find ¢ 
Fig. 5 shows typical transients following an off 


0.3 sec. 


period, while Fig. 6 summarizes the data for different 
impurity concentrations. In agreement with our 
predictions, we find that for a short off time there is a 
temporarily higher overvoltage, but growth continues 
in the same direction; for a longer off time growth 
continues at the tip but in a new direction; and for a 
still longer off time the tip is completely blocked and 
growth starts elsewhere on the cathode. The times 
involved and the dependence of the time on impurity 
concentration are in reasonable accord with equation 
(12). 

Finally, the resistivities of whiskers grown in solu- 
tions containing additives are much larger than the 
resistivity of pure silver. Table 1 summarizes measure- 
ments made at room temperature and at 250°C 
on whiskers grown from solution and by the reduction 
of silver chloride with hydrogen. Electrical contact 
with the ends of the whiskers was made either with 
solder or with mercury drops held on copper wires. 
After the resistance measurements the whiskers were 
mounted in plastic using the technique of Brenner and 
Morelock‘” 
from measurements made witha microscope. The uncer- 
10%. 


and the cross sectional area determined 


tainty in the resistivities is estimated to be 
The whiskers grown from silver chloride and those 
grown from solutions containing no additive had about 
the same resistivity as does pure silver at both room 
temperature and 250°C, while the resistivities of the 
whiskers grown from solutions containing additives 
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4 GROWTH COMPLETELY BLOCKED, 
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N A NEW DIRECTION 

© GROWTH OF WHISKER 


NTINUED UNCHANGED 


1.0 
GELATIN CONCENTRATION- g/L 


Fic. 6. Effect of impurity concentration on the time 
required for contamination of the tip of a whisker during a 


period of no current flow. 
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AND 
TABLE 


Resistivities of whiskers (microhm cm) 


Electro- 
deposited: 


Electro- 
deposited: 
solution 
contained 
0.02 g/l. oleic acid 

of at 0.035 
gelatin Sat.* 


Electro- 


Test 
deposited: 


tempera- 
ture 


Reduction 
of Ag Cl 
at 750°C 


solution 


contained 
no 


additions 


4.8 
6.4 


* The concentration of oleic acid in the solution is not 
known, but fraction of the 
concentration. 


is expressed as a saturation 


were greater at both temperatures by a factor of 2 or 3. 
Such a large effect on the resistivity is at first sight 
surprising, since we expect that the amount of impurity 
incorporated into the crystal is only a few per cent by 
The this 
observation is that the process of building the impuri- 


volume. most likely interpretation of 


ties into the crystal results in the formation of 


structural defects which assist in scattering the 


electrons. 
Evidence for the presence of impurities incorporated into 
the whisker 

Our 


incorporated into the crystal is the observed resistivity 


best evidence for the presence of material 


increase. Very high resistivities have often been 
measured'® on electrodeposits from baths containing 
organic additives, and it is known from chemical 
analyses that such materials are incorporated into the 
fact, it true™ that all 


which influence the overvoltage during 


deposits. In seems to be 
substances 
electrodeposition and the form of electrodeposits are 
incorporated into the deposits in large amounts and 
Those 


altering the electro- 


cause radical property changes. substances 


which are effective in thus 
deposition behavior are of the same type as those 
which make whisker growth possible, that is, large 


organic molecules or colloids.‘® 


Voltage fluctuations during whisker growth 
There are appreciable fluctuations of the potential 
across the cell during whisker growth. Fig. 7 shows 


several voltage—time traces obtained with an oscillo- 


scope; other investigators"?! have observed similar 


fluctuations. We interpret these fluctuations as being 
the result of a random blocking, by adsorbed molecules, 
of kinks in the growth steps on the whisker tip. The 
average fluctuation in potential for a whisker 6 uw in 
diameter is about 3 per cent of the total voltage across 
the cell. The fractional size of an average fluctuation 
should be given by M~-"/?, where M is the number of 
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number 
We therefore find from these data that .V 
1000, is a not unreasonable 


random events involved (in this case the 
kinks). 
value for the numbe1 
kinks present at any time on a whisker tip having « 


area of 2 
] 


Current limitations for whiskey growth 


whiskers cannot be 


densities. At 


been observed”? that 


It has 


produced at all currents and current 
very small currents electrode reactions due to trace 
impurities probably account for a large percentage of 
the current (we have observed efficiencies as low as 
20 per cent at very low currents), and hence fluctua- 
tions in either the impurity current or in the whisker 
growth process could easily result in a cessation of 


hand, 


larger whisker area there 


whisker growth. On the othe with larqe 


current and its attendant 
will be an increase in the total overvoltage for metal 
deposition at the whisker tip, since the concentration 


The 


increased overvoltage would favor nucleation of new 


and resistance overvoltages will increas¢ 


7. Fluctuations of potential during whisker 
10-* amp in a normal Ag NO, solution containing 0.1 
of gelatin. ale: Horizontal, 


crowt!l 


1/2 sec/em vertical, 


for top four curves, 2 mV/em for lower curve 
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crystals at other areas of the cathode, so that the 


uniform growth of one whisker would be replaced by 


dendritic growth or the growth of several whiskers. 


At high current densities (large concentration of 


impurities) the overvoltage also becomes larger and 


uniform growth of one whisker would again not be 


yssible. 


Ve chan ical prope rtve Ss of whiske rs 

We have measured tensile strengths of 3000-8800 
lb/in* for electrolytic silver whiskers grown in solutions 
containing varying amounts of impurity. These 
whiskers are thus much weaker than those grown by 
reduction of silver chloride (250,000 Ib/in? max) but 
stronger than large pure silver single crystals (a few 
hundred lb/in?). It seems possible that the process of 
building impurities into the crystal might introduce 
structural defects, and perhaps even dislocations, 
particularly during the final stages of covering over an 
impurity molecule. The introduction of dislocations 
would weaken the crystal, but on the other hand, the 
presence of the impurities, as well as of voids intro- 
duced as they were built into the crystal, would impede 
dislocation motion and thus cause some strengthening. 
Hence the observed strengths can easily be rationa- 


lized in terms of the theory. 
X-ray structure of the wh iske rs 


X-ray diffraction from these whiskers usually gave 


single crystal patterns with very diffuse spots indicating 
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A Laue spot from a typical whisker. 


misorientations of a few degrees. Fig. 8 shows a 
typical Laue spot. The presence of such large mis- 
orientations supports the contention that structural 


defects occur when impurities are built into the crystal. 


DISCUSSION 

We believe that the strongest pieces of evidence 
confirming our proposed theory of electrolytic 
whisker growth are first the good agreement between 
the calculated and observed critical current density 
and minimum metal ion concentration; second the 
prediction of the correct functional dependences on 
impurity concentration and whisker size; third the 
great disparity between the behavior during deposi- 
tion and solution; and fourth the observed very high 
the 


containing additives. 


resistivities of whiskers grown in _ solutions 
It should be possible, on the 
basis of these ideas, to obtain a better understanding 
of the influence of additives on the electrodeposition 
process and eventually to develop more rational 
procedures for the selection of such additives. In 
addition it seems likely that similar incorporation of 
foreign matter into crystals occurs not only during 
electrodeposition but also during all kinds of crystal 
growth. For example, a mechanism similar to the one 
proposed here may operate during whisker growth 
from the vapor. Of greatest importance is the possi- 
bility that structural defects and even dislocations 
may be introduced during the process of incorporation 
of adsorbed foreign matter into crystals. If this idea 
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ON THE ORIENTATION EFFECT IN THE POLYGONIZATION OF BENT 
SILICON CRYSTALS* 


F. L. VOGEL, Jr.t 


Experiments on the bending of silicon crystals at elevated temperature show that the ease with which 
polygonization occurs depends on the orientation of the bending crystal. If the crystal is oriented so that 
only one slip system operates in a given region, an homogeneous aggregation of dislocations is produced, 
and these climb readily. If, however, intersecting sets of dislocations are produced locally, the possibility 
of forming Lomer—Cottxell barriers is present, climb is inhibited and polygonized arrays do not appear. 


L°EFFET D’ORIENTATION AU COURS DE LA POLYGONISATION 
DE CRISTAUX FLECHIS DE SILICIUM 
Des essais sur des cristaux de silicium fléchis 4 haute température, montrent que la facilité de ’appari- 
tion de la polygonisation dépend de lorientation du cristal. Si celle-ci est telle qu’un seul systéme de 
glissement soit actif dans une région donnée, il se produit une agglomération homogéne des dislocations et 
leur montée (climbing) est aisée. Cependant si il se forme localement des rassemblements de dislocations 
qui se recoupent, il peut, apparaitre des barriéres de Lomer—Cottrell, un empéchement a la montée des 


dislocations. Dés lors, la polygonisation n’apparait pas. 


DEN EINFLUSS DER ORIENTIERUNG AUF DIE POLYGONISATION 
VON GEBOGENEN SILIZIUM-KRISTALLEN 
Experimente iiber das Biegen von Silizium-Kristallen bei hdheren Temperaturen zeigen, dass die 
Neigung zur Polygonisation von der Orientierung des gebogenen Kristalls abhangt. Ist der Kristall 
so orientiert, dass nur ein Gleitsystem in einem bestimmten Bereich betatigt wird, so entsteht eine 
homogene Anhaufung von Versetzungen, die leicht klettern kénnen. Sind jedoch 6rtlich Versetzungen 
auf sich durchschneidenden Gleitebenen in Tatigkeit, dann k6énnen sich Lomer—Cottrell-Barrieren 
bilden, die das Klettern der Versetzungen behindern, so dass keine polygonisierten Bereiche auftreten. 


INTRODUCTION with four slip systems. In each case a (111) was made 
Orientation substructures of various types form in a slide face of the bar. The bars were bent at an 


crystals when Cislocations produced by deformation estimated temperature of 900°C by four point loading 


assume low energy arrays. Perhaps the simplest case in an apparatus already described.® The specimens 
of such a substructure is thet formed by polygoni- 
zation—or the climb of dislocations into walls normal 
to the slip plane. Many of the details of this process 
are understood and have been described in a recent 
review.”) However, it has not been made clear to 
what extent dislocations can interfere with one another 
and prevent climb. The following experiment was 
performed to bring out the differences in polygoni- 
zation behavior resulting from different dislocation 


configurations. 


EXPERIMENTAL 
Bars having square cross-sections 1.5 mm on a side 
were cut from the same slice of a silicon single crystal 
having a p-type resistivity of 1.0Q cm. The longitu- 
dinal orientations, shown in Fig. 1, were chosen so that 
a variety of slip conditions would prevail on defor- 
mation: orientation No. 2 for single slip, orientation 


No. 1 for duplex slip and orientation No. 3 for slip 


* Received January 3, 1958. Fic. 1. Stereographic projection giving orientation of speci- 
+ Bell Telephone Laboratories, Inc., Murray Hill, New mens and slip elements involved in formation of Lomer- 
Jersey. Cottrell barriers. 
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NEUTRAL PLANE 


2. Side face of bent crystal No. 2, Dash etch. Dislocation etch pits in strongly 
polygonized pattern. 250. 


3. Side face of bent posurory No. 1, Dash etch. Dislocation etch pits in polygonized 
pattern on two systems—one above and one below neutral plane. 250. 


Fia. 4. Side face bent crystal No. 3, Dash etch. Wislecuthon etch pits roughly aligned with slip plane traces, 
but no large scale polygonization evident. 250. 
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were at maximum temperature and bent in less than 
After bending, the (111) side faces of the 
specimens were polished with CP-4 and etched with 


1 min. 


Dash’s etch) for about 10 min to develop the dislo- 


cation etch pits. The results are shown micrographi- 


cally in Figs. 2-4. All of the specimens were then 
annealed for 4 days at 950°C to allow any polygoni- 
zation effects to go to completion. The specimens 
were examined micrographically as before, but no 


changes were observed after annealing. 
RESULTS AND DISCUSSION 
Comparison of the micrographs of the dislocation 
arrays resulting from different bending orientations 
Fig. 


highly polygonized structure with domain walls well 


discloses significant dissimilarities. 2 shows a 


formed. It is concluded from this that when glide 
bending takes place using one set of slip planes, an 
Most of 


these dislocations have the same sign and orientation 


homogeneous set of dislocations is formed. 


and can therefore readily rearrange to the minimum 
energy configuration by climb. In Fig. 3 the crystal 
was oriented for double slip, and two sets of slip lines 
are evident. However, the two sets of slip lines are 
separated, and it is apparent that above the neutral 
plane of the bending crystal one slip system operated, 
while below it the other operated. Each part then 
deforms in single slip, and the simple situation which 
prevailed in the first case exists in this case in the 
set of 


dislocations can glide and climb in the absence of the 


different regions of the crystal. Since each 
other set, polygonization again occurs readily, giving 
each set of slip lines its own set of polygonized 
boundaries. 

The third case (Fig. 4) differs from the first two in 
absence 


showing an of large scale polygonization. 


Dislocation etch pits are seen in alignment with the 
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slip plane traces but not along the normals, except to a 
very limited extent in very small areas. After long 
annealing no significant changes were noted, and it is 
thus concluded that this dislocation configuration 
The 


failure of this orientation to show appreciable climb 


cannot be transformed to a polygonized one. 


is attributable to the formation of two sets of Lomer- 
Cottrell barriers.) On the one pair of slip systems, 
[101] (111) and [110] (111), the barriers form by the 
reaction: 

+ ga[110]— 
Likewise, on the other pair of slip systems, [110] (111) 
and [101] (111), they form by a similar reaction: 

110] + 4{101]— $a[011}. 

In its final state, the bent crystal contains two sets 

of Lomer—Cottrell barriers which inhibit the formation 
of a polygonized structure. 


CONCLUSION 

Polygonization can occur readily in regions of a 
bent crystal where the deformation is primarily by 
By contrast, when slip on intersecting 
the 
barriers, polygonization is absent. 


single slip. 


systems allows formation of Lomer—Cottrell 
Thus, explicit 
experimental evidence for the formation and immo- 


bility of Lomer—Cottrell barriers is obtained. 
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FURTHER OBSERVATIONS ON GRAIN BOUNDARY MELTING* 
F. WEINBERG?* 


The melting behaviour of grain boundaries in bicrystals of aluminum and zinc has been examined. The 
melting temperature of the boundary was found to be the same as that of the bulk material within an 
experimental uncertainty of 0.05°C for aluminum and 0.02°C for zine. Bicrystals of zinc separated at the 
boundary before appreciable melting of the component crystals for boundary angles between 26° and 108 
They did not separate for angles between 0°—26° and 108°—180°. This suggests that a certain degree of 
order exists in some grain boundaries up to boundary angles of 72°. 
and possibly boundary energy, is significantly affected by the position of the boundary. 


It also shows that boundary melting 


OBSERVATIONS COMPLEMENTAIRES DE LA FUSION DES JOINTS DE GRAINS 
L’auteur a examiné le comportement & la fusion des joints de bicristaux d’aluminium et de zine. La 
température de fusion du joint est la méme que celle de la matiére dans son ensemble; |l'erreur expéri 
mentale est de 0,05°C pour l’aluminium et de 0,02°C pour le zinc. Les bicristaux de zine se sont séparés 
au joint avant toute fusion appréciable des deux cristaux lorsque l’angle du joint est compris entre 26° « 
108°. Cet effet n’apparait pas pour les autres orientations. Il semble done qu’un certain degré d’ordre 


existe 4 certains joints pour des angles pouvant atteindre 72°. En outre, il apparait que la fusion du joint 


et probablement |’énergie du joint, est affectée sensiblement par la position du joint 


WEITERE BEOBACHTUNGEN ZUM SCHMELZEN VON KORNGRENZEN 
In Bikristallen aus Aluminium und Zink wurde das Verhalten der 
Die Schmelztemperatur der Korngrenze stimmt innerhalb der experimentellen Unsicher 
Bikristalle aus 


Korngrenzen beim Schmelzen 
untersucht. 
heit von 0,05°C fiir Aluminium und 0,02°C fiir Zink mit der des Kristallinnern iiberein 
Zink trennten sich bei Korngrenzenwinkeln zwischen 26° und 108° langs der Korngrenze, bevor die 
einzelnen Kristalle merkbar zu schmelzen anfingen. Sie trennten 
0°—-26° und 108°-180°. Der Befund darauf hin, dass in 

Ordnungsgrad bis zu Korngrenzenwinkeln von 72° vorhanden ist. 

der Korngrenze und mdglicherweise die Korngrenzen-energie stark von der 


sich nicht bei Winkeln zwischen 


weist einigen Korngrenzen ein gewisser 
Er zeigt auch, daB das Schmelzen 


Lage der Korngrenze 


abhangt. 


1, INTRODUCTION melting at the grain boundary, and not of fracture, 


In a recent paper, Weinberg and Teghtsoonian 
reported on the melting behaviour of grain boundaries 
in tin and aluminum. They found that boundaries 
melted at the same temperature as the bulk material 


discussed in the earlier report. 


The present report deals with the melting | 
of grain boundaries in aluminum and zin« 
temperature measurements have been 
aluminum bicrystals in order to reduce the 


within an experimental accuracy of 0.02°C for tin and 
They also observed that the 


0.25°C for aluminum. experimental uncertainty of 
tendency of the boundary to melt before appreciable 
melting of the component crystals depended on the 


melted 


temperature of boundary melting, and 

dence of early boundary melting on bound 
boundary angle. Large angle boundaries have been examined in zinc in order to deter 
readily whereas small angle boundaries showed no 
tendency for early melting. The critical angle between 
large and small angle behaviour for tin was at 6 12 
which agreed with the 9,, of the Read and Shockley 
energy equation for this material. The critical value 


was 6=14°. The for con- 


boundary behaviour in a metal having a he: 
structure. 

2. EXPERIMENTAL PROCEDURE AND 
OBSERVATIONS 


Aluminum 


for aluminum reasons 
Controlled orientation bicry stal specimens ol super- 


sidering the boundary separation to be a result of 


* Received December 2, 1957; revised version February 3, 
1958. Published by permission of the Director, Mines Branch, 
Department of Mines and Technical Surveys, Ottawa, 
Ontario, Canada. 

+ Physical Metallurgy Division, Mines Branch, Depart- 
ment of Mines and Technical Surveys, Ottawa, Ontario, 
Canada. 
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similar in shape and 


described. I The 


were used 
the 


thermal system used is shown in Fig. 1, temperatures 


pure aluminum 


orientation to specimens 
being measured with a Meyers platinum resistance 
thermometer. Two bicrystal specimens were placed 


on opposite sides of the thermometer adjacent to the 
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Experimental arrangement for testing 
aluminum bicrystals. 


sensitive element, each pressed against a flat surface 


milled on the aluminum block. In this way the 


temperature of the specimen could be taken as that of 


the block, measured by the resistance thermometer. 

\ series of melting curves was obtained before the 
aluminum block was milled, in order to calibrate the 
the 


The final melting curves 


thermometer and determine best operating 
conditions for the furnace. 
which were considered adequate had an initial heating 
rate of 1.7-C/min, a transition period of approximately 
five minutes, and a melting plateau which showed a 
temperature rise of 0.05°C over a period of twenty 
minutes. It was noted that milling the flat faces on the 
iluminum block did not change the position or shape 

f the melting curve. 
With the bicrystal specimens in position, under a 
s ol heated at the 


rate of 1.7°C/min until the weights loading the speci- 


200 g/cm*, the system was 


mens fell, following which power to the furnace was 
turned off. Since there was relatively little melting of 
the aluminum block in this time, the specimens could 
be examined to be sure that they had separated at the 
boundary. 

[It was observed that the bicrystals separated at 
their grain boundaries from two to five minutes after 
the onset of general melting. The measured tempera- 
ture at which they separated, for a series of tests, was 
within 0.05°C of the value determined by extrapolating 


the plateau of the calibration curves to the point at 
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which the boundaries separated. From this it can be 
concluded that the boundary melting temperature is 
the that of the 
experimental uncertainty of 0.05°C. 


same as bulk material within an 


22 Zinc 

Bicrystal specimens of high-purity zinc (99.999 per 
cent) were prepared and tested in a manner similar to 
that tin.) The of the 
component crystals was arranged such that the basal 


described for orientation 
plane was parallel to the growth direction in each 
crystal with a [1120] axis also approximately parallel 
to the 
boundary angle § each component crystal was rotated 


growth direction. To form a bicrystal of 


through an angle §/2 about the growth direction, in 


opposing senses, starting with the basal plane parallel 


to the boundary plane. This produced a symmetrical 
tilt boundary of the specified angle. Boundary angles 
were determined to an accuracy of 2° by cleaving the 
component crystals and measuring the angle formed by 
the cleaved planes. The values obtained were checked 
in several cases using back-reflection X-ray techniques. 

The specimens were carefully cut from the as- 
grown bicrystal with a jeweller’s saw, heavily etched, 
In some cases acid-cut 
the 


annealed, and then tested. 
specimens were used to ensure that cutting 
operation did not affect the boundary behaviour. The 


(1) modified 


testing apparatus used for tin was 
slightly for zine, in that a glass sleeve was put in the 
furnace to prevent any contamination of the zine by 
copper. A load of 50 g was used resulting in a stress 
of 200 g/cm? on the boundary. 

The melting curves obtained for zine were similar to 
those obtained for tin. Witha heating rate of 1.3°C/min, 
the transition to the melting plateau took place 
within 15 see and the plateau was constant to within 
0.02°C over a period of 10 min. In all cases bicrystals 
having a suitable boundary angle separated cleanly 
at the boundary on the melting plateau. The melting 
temperature of grain boundaries in zinc is therefore 
the that of the bulk 


experimental uncertainty of 0.02°C. 


same as material within an 

[t was found with zinc, as with tin and aluminum, 
that the tendency for grain boundaries to melt before 
appreciable melting of the component crystals is 
dependent on boundary angle. The dependence is 
shown in Fig. 2 where the percentage of the number of 
the 


melting is plotted as a function of boundary angle. 


specimens which separated at boundary on 


At least four specimens were tested at each of the 
points indicated on the curve. From the curve it is 
seen that boundaries do not melt for 4 0° to 28 


melt over the range of approximately 26° to 108°, then 
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The percentage of the number of specimens which failed at the grain 
function ot 


on melting, as a 
do not melt for 6 = 108° to 180°. Also, the transition 
from no boundary melting to boundary melting takes 
place over a relatively small range of boundary angle. 


3. DISCUSSION 
If one assumes that boundary melting behaviour 
is related to structure or lack of structure in the 
boundary, then there are two interesting features to be 
noted in the results reported in Fig. 2. First, no 
boundary melting occurs over the range of # = 108 


to 180°, an interval of 72°. 


angle 6 behave quite differently from boundaries of 


angle (180° — @) even though the orientation differ- 
ence of the two crystals forming each boundary is the 
same. This is illustrated in Fig. 3, in which a bicrystal 
consisting of crystals A and B is shown containing two 
boundaries, one of angle # and the other of (180 f). 
It should be noted that the lattice of crystal A 
coincides with that of B for both 6 = 0° and 6 180 

In the results shown in Fig. 2 the reference angle 4, 
It could equally 


that is, 


was arbitrarily taken at 6=— 0°. 
well have been taken at 4 180°," starting 
with the basal planes perpendicular to the grain 
boundary instead of parallel to it. 

The boundary melting transition at § = 26° is 
what might normally be expected, since this is 
approximately the angle above which boundary 
energies in lead and silicon iron were found to be 
independent of Below 26° the 


boundary could be considered as an array of dis- 


boundary angle. 


locations, whilst above this value the boundary would 
be irregular, possibly “islands of fit in a sea of misfit” 
as postulated by Mott. 


Secondly, boundaries of 


boundary 
boundary angle 


On the basis of this argument, however, it 
difficult to 
(starting at 


is very 
of 72 


require 


transition angle 


this 


account for a 


since would 


dislocations to be placed about a lattice spacing 
In this particular case the basal planes are 


therefore 


apart. 
nearly perpendicular to the boundary. It 
seemed possible that the latter might actually consist 
angle boundaries, roughly 


number of small 


the 


of a 


analogous to boundary arrays in zine single 


crystals bent around an axis in the basal plane and 
polygonized. The melting behaviour of the boundary 
as a whole would then depend on the largest boundary 


angle present. This possibility was investigated by 


taking back-reflection X-ray photographs of the 
X-ray 


Within the resolving powel1 


boundary trace with fine beam fron 


micro-focus unit 


technique used, the boundary was clearly observed t« 


be single, without any small angle boundaries present 


Since boundaries do not melt until a boundary angle 


ot 72 


is reached (4 LSO it appears that there 


BASAL 
PLANE 


bicrystal containing two grain boundaries 


Fic. 3. A 


boundary angle 6 and (180 0) respective 
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must be some atomic order in the boundary up to this 
value which cannot be described in terms of a simple 
dislocation array. 

The observation that boundaries of angle §@ behave 


differently from those having an angle (180 0) 


shows that the boundary behaviour is a function of 


the orientation of the boundary in the bicrystal. This 


has been recognized theoretically in calculations of 


The 


effect of boundary orientation is usually considered 


boundary energy and is described by Read. 


sufficiently small to be neglected, except in special 
cases such as twin boundaries. In the present case, 
only the two orientations of the boundary shown in 
Fig. 3 were considered; (a) when the angle between 


the boundary plane and the basal plane of one of the 


component crystals was 6/2 and (b) when this angle 


for the same basal plane was (9/2) + 90. In the range 


26° < §@ < 72°, boundaries of orientation (a) melted 


whereas those of orientation (b) did not. 
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Since the boundary melting behaviour in zinc is a 
function of boundary orientation, it appears that 
the boundary energy might also be appreciably 
influenced by this orientation. This follows from the 
observations with tin, in which the boundary melting 
transition angle 9 agreed with the §,,, determined from 
boundary energy measurements. Measurements are 
being made of the relative boundary energies in zine to 


ascertain if this is correct. 
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GRAIN-GROWTH IN a-BRASSES* 


P. FELTHAM and G. J. COPLEY? 


ailing ¢ 1s 


In «-brasses the dependence of the mean grain diameter D on the time of isothermal ann 


shown to take the form 

D? D,* Kt exp (—A,/kT) exp (T/T ,)\Vk7 
which differs from that for pure metals by an additional exponential term embodying the para 
Cin representing the zinc concentration, H’, an activation energy equivalent to about 9Z, where L is 
which was found to be numerically equal to the idus temperature 


the latent heat of melting, and 7',, 
im atom) and K, (3 10-* em 


The magnitudes of H, (20.2 keal/gri 


of a typical (30/70) «-brass. 
are such as would be expected for unalloyed copper. The form of the concentration-dependent ter 
ponds 


a relaxation of zinc—coppe1 


umed to be tl 


suggests that atom transfer across grain boundaries is facilitated by 
atoms, nine being assu 


which is energetically equivalent to melting of a group of nin¢ 


ordination number prevalent at grain interfaces. 


LA CROISSANCE DU GRAIN DANS LES LAITONS «a 


Dans les laitons «, la loi qui relie le diamétre moyen D du grain au temps ¢ d’un traitement ther 


isotherme, prend la forme 
D? D,* K,t exp (—H,/kT) exp {Czn T/T 


Cette relation différe de celle relative aux métaux purs par un terme additionnel d¢ 


comprenant les parametres suivants: 
Czpn représentant la concentration en zinc 
H une énergie d’activation équivalente a peu pres a 9L, la chaleur la 
qui a été trouvée égale & la température de solidus d’un laiton « typique 
Les valeurs de H, (20 keal/at. gr.) et de Ky (3 
pur. La forme du terme de concentration suggére que la passage d’un atome au travel 


10-3 em?*/sec sont celles qui carac 
est facilité par la relaxation du zine dans les liaisons du cuivre qui, du point de \ btique,equivaut a 
la fusion d’un groupe de neuf atomes. Le chiffre neuf est suppose etre le nomb1 e coordinatior 
prévaut aux interfaces de grains. 


KORNWACHSTUM IN «-MESSING 
mittlere Korndurchmesser bei isother 


Wie gezeigt wird, hangt in «-Messing det 
gendermassen von der Gliihzeit ab: 
D? D,? K,t exp exp T/T 
Diese Gleichung unterscheidet sich von derjenigen fiir reine Metalle durch einen z 
tialfaktor, der die Zinkkonzentration Czy, eine Aktivierungsenergie H’, die etw Q] 
warme) entspricht, und 7’, enthalt, das zahlenmassig gleich der Solidustemperatur eine! 
a-Messinglegierung ist. Die Werte von H, (20,2 kceal/Grammatom) und Ky (3 10 


sprechen den Erwartungen fiir unlegiertes Kupfer 
r die Korngrenz« 


Die Form des konzent 


lasst vermuten, dass der Atomtransport iibs hinweg durcl 
Kupfer-Bindungen erleichtert wird, die energetisch dem Schmelzen eines 
Bereichs aquivalent ist, wobei angenommen ist, dass 9 di an den Korng 


tionszahl ist. 


INTRODUCTION H depend upon the elastic constants 
An equation of the type and as these in turn depend upon th« 


DO 


of the alloving element 
De D, Kt exp (—H/kT) (1) 
functions of the composition of thi 


derivable for grain growth in pure metals":?) where systematic study of their concentr: 


D and D, are the most probable instantaneous and 
initial grain diameters respectively, ¢ the time of 


in any alloy has been reported 


of the present work was 

isothermalannealing, Kaconstantoforder10°*cm?/sec, examine the validity of the functional 
and H the activation energy for grain boundary self- equation (1) in the case of grain-growth in a 1 
diffusion, would also be expected to represent grain- substitutional solid solution, and then to dete 
As K and _ the variations of K and H with concentration 


It was also hoped to obtain in tl 


growth in substitutional solid solutions. 
alloy ing element. 


* Received January 31, 1958. 
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mechanism of atom transfer at migrating grain 
boundaries, arising from the presence there of two 


types of atoms. 


MATERIALS AND METHOD 


Alpha-brasses were chosen mainly because a 


considerable amount of theoretical and experimental 
the 


copper,” and in the Cu-Zn system‘? was available, 


work on volume self-diffusion in base metal, 


and this material was anticipated to be of likely value 
in any theoretical assessment of grain-growth data. 
The zine contents of the brasses were nominally 10, 
wt. °,:t the analyses are given in 


O°+ 


20. 30 and 35 
Table 1. 


TABLE | 


Fe® Ni% S Bi% 


0.0006 
0.0006 
0.0004 
0.0003 


0.030 
0.006 
0.004 
0.008 


0.000 
0.000 
0.000 
0.000 


0,000 
0.000 
0.009 
0.021 


90/10 
80/20 
70/30 


65/35 


89.68 
80.88 
71.13 
65.04 


0.003 
0.002 


Specimens in the form of 1 cm long segments of 
cold-drawn rods of 2 mm diameter were first annealed 
in four separate batches in evacuated Pyrex tubes for 
2 hr at 250°C to minimize internal stresses and thus 
forestall 
during the subsequent isothermal heat-treatment in 
the range 475—700°C. 
measured after the recovery anneal at 250°C, was in 
. The 


sizes attained during grain-growth were never allowed 


strain-induced nucleation of new grains 


The initial grain size D), as 


all cases approximately 10~% cm. final grain 
to exceed about 10-2 em, so as to avoid errors arising 


from specimen size effects.”’ Dezincification was 
found to be negligible even at the highest tempera- 
tures: evidence of a slight zine loss occasionally 
found showed the effect to be confined only to grains 
actually intersected by the rod surface. 

To study grain-growth at any given temperature, 


had 


annealing treatment at 250°C were sealed in batches 


specimens which undergone the preliminary 
of four, i.e. one from each type of brass, into evacuated 
silica tubes carefully packed with refractory tape to 
contact between and _inter- 


prevent specimens, 


diffusion of zinc. Five such tubes were then placed 
side-by-side in a tubular electric furnace having a 
thermostatic controller activated by the chromel- 
alumel thermocouple in contact with the silica tubes. 

The tubes were withdrawn consecutively after 


various times of isothermal annealing, rapidly cooled 


t The atomic weight of copper differs from that of zine by 
less than 3%; weight percentages are therefore practically 
equal to the corresponding atomic percentages. 
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and opened. The grain sizes of the specimens were 


determined; the grain counts were made 


directly on the screen of a Vickers projection micro- 


then 


scope. The mean grain diameter D was in each case 
taken to be the diameter of a field of vision containing 
200-300 grains on a random section through the 
specimen, divided by the square root of the actual 
number of grains in the field. 

The mean diameter D obtained in this manner is 
not exactly equal to the most probable grain diameter 
of the grain size distribution, and their ratio is also 
not strictly independent of the time ¢ of isothermal 
annealing. However, over the range of grain sizes 
involved the use of D instead of the most probable 
grain diameter was not expected to affect either the 
functional form of equation (1) or the value of K 
sufficiently to warrant the use of a refined, tedious, 
method of measuring characteristic grain dimensions. 
Only D was therefore determined, and was used every- 


where instead of the most probable grain diameter. 


EXPERIMENTAL RESULTS 
The experimental results are summarized in Figs. 1-4. 
Fig. 1 confirms the applicability of equation (1) to 
The Fig. 2, 


derived from the slopes of the isotherms (Fig. 1), 


grain-growth in «-brasses. lines in 


yield the values of H shown in Fig. 3. From these 

and the data in Fig. 2, K can be evaluated (Fig. 4). 

On writing C,, for the concentration of zine 

Zn 

expressed as a fraction, the data given in Figs. 1-4 
can be represented by equation (1) with 

K K, exp (—10.6 C,,,) em?/sec, (2) 

where K 3.0 em?/sec, 

and H (H, 


where H, 


25.4 Cz,,) keal/gram atom, (4) 
20.2 keal/gram atom. 


The above values of AK, and H,, obtained by extra- 
polation to Cz, = 0, might be expected to apply to 
unalloyed copper. 
DISCUSSION 

We shall first consider the constants K, and Ho, 
and subsequently discuss some implications of the 
dependence of K and H on the composition of the 
alloy (equations 2 and 4). 

Now, if we take 

K = K, = AVGa?/8h, (6) 

i.e. the case of unalloyed copper, where / is a constant 
of order unity, V the volume per atom, @ the shear 
modulus and h Planck’s constant, we obtain, with 
G=2 x 10° kg/cm, 


8/2 + 10-3 cm2/see, 


Ky 


Brass 
10.29 
19.11 
34.93 


FELTHAM COPLEY: 


AND 


GRAIN 


-GROWTH IN 


Time, 


Grain- 


Fic. 1. 
which compares quite well with the value 


Ky 3.0 10-3 cm?/sec 
found by extrapolation (Fig. 4). 

H,, would be expected to be equal to the activation 
energy of grain boundary self-diffusion in copper. 
from 
appear to be 


of H, 


follow ing 


Experimentally determined values obtained 


grain-boundary diffusion data do not 


an estimate of the magnitude can 


available: 
basis of the 


however be arrived at on the 


considerations. 
(a) In grain boundaries of close-packed metals the 
of atoms will be less, 


average coordination number 


min 


growth isotherms of «-brasses. 


and the mean interatomic spacing larger than in the 
lattice; oth 
should therefore 


interatomic bond stren 


the 


a reduction in the 
This, 
high 


boundary, would lead us to expect that the activa 


result. and existent 


voids and vacancies in concentrations 

tion 
energy of grain boundary self-diffusion in face-centred 
should be somewhat less than the 
activation energy H. for the 
lattice.{8.9) Now values of H. in 
cubic metals generally lie within the range 
where 1s the 


SU H, 


lower end of this range. 


cubic metals 


migration of vacancies 


face-centered 


in the 
0.45—0.65)0 


activation energy for volume self 


would be expected to he close to 1 


Much higher vy 


diffusion, 


1 
x10 seé 


2 - 


10 


Fie. 3 


Fic. 2. Temperature dependence of the 
slopes of the grain-growth isotherms. 


> Dependence of H on zine content 
(equation 4), 


20 30 


100¢/" K zn, 


o/ 
Wt. /o 
ot K on 
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endence 
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found, must be regarded as strong 
impurity segregation in the boundaries.“ 

(b) Experimentally determined values of the ratio 
H,/Q are: 0.44 for 0.48 for gamma iron,“!) 
0.60 for chromium,” and 0.49 for nickel, H, in the 
last case having been obtained from grain-growth data. 

These considerations suggest that 


49 keal/gram atom,'?) 


copper, W here 


H,, < 24.5 keal/gram atom, 


19.6 - 
this corresponding to the range (0.4-0.5)Q. 
The actual value of 20.2 keal/gram atom (Fig. 3 and 
equation 5) falls, in fact, between these limits. 
In the brasses, H (equation 4) is not a concentration- 


independent fraction either of the activation energy 


associated with the coefficient of (chemical) volume 


of the activation energies of self- 
in the alloy. The 
term in 


self-diffusion, 01 
either 
of the exponential 
equation (2), and the pronounced influence of the 
composition of the alloy on H (equation 4) suggest 


that, in «-brasses, grain boundary diffusion occurring 


diffusion of component 


appearance entropy 


in grain-growth is a highly cooperative process 


involving atom movements akin to melting, as 


suggested by Mott’ for grain boundary displace- 
ments in creep. 


Now equation (1) can be written in the present case 


also in the form 
) 
exp 


D? — D,*? = exp 


0 
(PTT 
containing the product of two exponential terms, with 
H’ 25.4 keal/gram atom and 7. 

1200°K, this temperature being equal to the solidus 
The term 


(equation 4) 


temperature of a typical «-brass (70/30). 
exp (C,,H'/kT.) may be regarded as representing a 


contribution due to the entropy of “melting” of a 
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indications of 


in the case of 
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small group of atoms. If one writes H = nL, and 
takes L to be equal to the latent heat of melting, i.e. 
about 2.84 keal/gram atom on using the value for 
copper, one obtains 
n 8.96 

so that H’ would be equivalent to the activation 
energy of “melting” of a group of about nine copper 
atoms. If 9 is regarded as the coordination 
number of zine atoms in the grain boundary, equation 
(7) may be interpreted as indicating a loosening of 
the atomic bonds wherever a zinc atom replaces a 
copper atom. This loosening, which assists atom 
transfer from grain to grain across the grain boundary, 
becomes more effective with increasing concentrations 
of zinc. Such a complex mode of diffusion, associated 
with the relaxation of groups of atoms, does not 
appear to be confined to substitutional solid solutions. 


Thus the concentration of carbon, for example, seems 


to play a role in the volume diffusion of austenite™® 


analogous to that of zinc in the grain boundary 


diffusion of x-brasses. 
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DISLOCATION THEORY OF FRACTURE OF CRYSTALS* 
F. E. FUJITAT 


A dislocation theory of fracture of crystalline materials is proposed. First, the stability of a thin flat 
void in a crystal is considered. The estimated critical length of the void is of the order of 10-*10-5 em 
provided that the thickness is of a few atomic spacings. From such a small crack we cannot expect a 
large stress concentration nor a high strain energy enough to produce a spreading crack. Piling up 
of edge dislocations might be a cause of fracture in some cases, but this mechanism is also inconceivable 
unless a strong obstacle to impede the release of piling up dislocations does exist. On the other hand, 
we can consider a long flat void which is produced on the slip plane during plastic deformation of the 
crystal and contains a certain number of edge dislocations. This void has an effect to trap dislocations 
with the aid of piling up dislocations in the rear of it but without that of the obstacle. Stress distribution 
around the void is calculated, and it is shown that this kind of small void can produce the concentrated 
tensile stress so large as to make a crack spread from the tip of it. Strain energy method is also applied, 
and it is found that this small void can grow to be a large crack, even if it is as small as of the order of 


10-®&10-5 em in length. 


UNE THEORIE DE DISLOCATIONS POUR LA RUPTURE DES CRISTAUX 

L’auteur propose une théorie basée sur les dislocations pour expliquer la rupture des matériaux 
cristallins. Il considére d’abord la stabilité d’une mince cavité plate dans un cristal. L’estimation de 
la longueur critique de la cavité conduit & une dimension de 10-°—-10~-® em, a condition que l’épaisseur 
ne soit que de quelques distances atomiques. Une fissure aussi petite ne peut produire une concentration 
de tensions importante ni une énergie de déformation suffisante pour en provoquer la propagation. Un 
empilement de dislocations-coins peut, dans certains cas, étre la cause de la rupture, mais ce mécanisme 
est inconceable s’il n’existe pas un obstacle suffisamment important pour empécher la disparition rapide 
de cet empilement. 

D’autre part, nous pouvons envisager une cavité longue et plate produite dans le plan de glissement 
pendant la déformation plastique de cristal et contenant un certain nombre de dislocations-coins. Cette 
cavité a la propriété de servir de piége aux dislocations, aidée par l’empilement de ces dernieres sur ses 
bords. 

L’auteur calcule la distribution des tensions au voisinage de la cavité et montre que ce type de petite 
cavité peut conduire a une telle concentration de tensions qu’elle provoque lapparition d’une fissure 
Par la méthode de l’énergie de déformation, il montre également que cette cavité peut se transformer e1 


une fissure importante, méme si au départ elle n’est que de l’ordre de 10 10-® em de longueur. 


VERSETZUNGSTHEORIE DES BRUCHS VON KRISTALLEN 

Es wird eine Versetzungstheorie des Bruchs kristalliner Materialien vorgeschlagen. Zunachst wird 
die Stabilitat eines dunen, flachen Hohlraumes in einem Kristall untersucht. Der geschatzte kritische 
Durchmesser des (einige Atomabstande hohen) Hohlraumes 610-5 em. Sol in kleiner Riss 
sollte nicht genug Spannungskonzentration/und Verzerrungsenergie verursachen, um einen laufenden 
Riss zu erzeugen. Die Aufstauung von Stufen-Versetzungen kann einen Bruch verursachen, falls es « 
hinreichend starkes Hindernis gibt, das die Versetzungen aufhalt. Man kann aber den langen, flacher 
Hohlraum in Betracht ziehen, der wahrend der Verformung auf der Gleitebene ensteht und eine Rei 
von Stufenversetzungen enthalt. Dieser Hohlraum kann ohne weiteres Hindernis Versetzungen festh 
ten, die von einer Aufstauung dagegen gedruckt werden. Die Spannungsverteilung um den Hohlraur 
wird berechnet mit dem Ergebnis, dass die Zugspanungen an seiner Spitze stark genug sind, um d 
einen Riss zur Ausbreitung zu bringen. Nach seiner Verzerrungsenergie dann der kleine Riss au 


wachsen, wenn er nur 10~-*10-° em Durchmesser hat. 


1. INTRODUCTION had a suCcCeSS in explaining the above facts which 
Many theories advanced to explain the observed has predicted the pre-existence of larot stress- 
mechanical strength of materials, which is 1/100 concentrators, i.e. the Griffith crack, in a brittle 


1/1000 times smaller than that which is expected material. 


from the cohesive forces of the constituent atoms, There are some reasons, however, to believe that 
and which usually shows the scattered values which the Griffith crack is inconceivable in ductile crystals 
cannot be attributed to the experimental error. such as metals 

Amongst others, the theory of Griffith seems to have In the first, the length of pre-existing crack 


estimated from the fracture strength of a metal 


* Received May , 1957; in revised form October 18, 1957. erystal is too large to be usually expected For 
+ Japan Atomic Energy Research Institute, 1-1, Tamuracho, : : 
Shiba, Minatoku, Tokyo, Japan. 
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instance, we can estimate the length of the Griffith 
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crack, 2, in zine crystal, which fractures by cleavage, 


by the following equation. 
(1) 


where ga is the observed fracture stress, E the Young’s 
modulus, and y the unit 
area.”) Substituting reasonable values of o, H and 


surface free energy per 


we obtain 24 = 0.1-1 mm, which is too large 


to be the length of pre-existing crack in an undeformed 
zine crystal. 

Secondly, it is very difficult to consider the origin 
of long flat cracks in usual crystals; Griffith considered 
the highly concentrated stress produced by the 
atomic rearrangement of molecules in glass during 
attributed the 
In the case of ductile crystals, 


cooling, and he crowth of cracks 
to this local stress. 
however, such an effect can never be expected. 
On the other hand, we can calculate the maximum 
leneth of flat 
the 
origin, it is always possible to consider a long flat 
void in a crystal as shown in Fig. 1. Let the length 
of the void and the height A 


in y-direction, the length in z-direction being assumed 


void which can exist in an annealed 


crystal in following way: Irrespective of its 


be 2L in x-direction 


to be so long that we can treat the problem two- 
When the 


stress does not exist around the void, its energy per 


dimensionally. external force or local 


unit length may be written as 


W, 4Ly. 


On the other hand, this void can decrease its energy 
by collapse as shown in Fig. 2, if 2 exceeds a certain 
critical value. After collapsing, the void will turn 
into a pair of dislocations parallel and with unlike 
signs as in the figure, the energy of which is approxi- 


mately expressed by 


uh? 


[log (2L Ig) 
v) 


where yu is the shear modulus, v the Poisson's ratio, 
and r, the radius of core of dislocation.) From the 
the 
void. For instance, 
0.34 and y L.5 


metals. we 


comparison between W, and W,, we have 
maximum length 2L of a flat 
taking w= 10" dyn cm, 
which are typical of soft 
when h 10-7 


when h 3 10-8 em 


10° ergs 
have 2 em 
2L 2. 10-7 em 


cm, and 


(one 


A small flat void in a crystal. 
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Fic. 2. A pair of edge dislocations as a 
result of collapse of the void. 


atomic spacing).* This means that, a thin flat void 
which can stably exist in a ductile crystal is at most 
the order of 1000 A in length provided that. its 
height is of several atomic spacings, and hence the 
stress concentration factor, at the tips of the void, 
which may be given by 2%/2(L/h)/?, is scarcely larger 
than 20. 
a flat disk-shape crack is considered. 


The same conclusion will be drawn. when 


It seems that there are some other possible mech- 
anisms to cause the fracture of crystals than the 
Griffith’s mechanism, in which a crack is expected to 
be formed as a result of motion of dislocations or 
vacancies. Such mechanisms appear to fit the fact 
that the crystalline fracture is always accompanied 
by the plastic deformation. 

Koehler first pointed out that a sequence of 
dislocations, which pile up against an obstacle under 
the applied stress, will produce a large normal stress 
as well as shear stress, and that it can be so large as 
Mott‘? 


Stroh’ made a precise model of this and calculated, 


to cause the fracture of the crystal. and 
showing that piling up of about 1000 dislocations is 
enough to produce a crack. It seems, however, that 
there remains an important question, i.e. how can 
we expect the growth of a crack by the concentrated 
the 
releases the piled up dislocations? 


stress before concentrated shear stress 


tensile 
Especially, in 
the case of cleavage fracture of single crystals of 
pure metals, it seems to be very difficult to interpret 
the growth of a crack by the “pile up” model. 


(38) 


Orowan,‘® Kochendorfer™ and the present author 


proposed a mechanism to form a small flat void 


by the annihilation of dislocations independently 
different 


mentioned in the following section. 


which will be 
Fisher'?) 


suggested the possibility of formation of a very thin 


and in somewhat ways, 


also 


cavity by cross cutting of screw dislocations. Another 
possible mechanism is the vacancy condensation; 
vacancies excessively produced in a crystal may have 
a tendency to coagulate to form small flat cavities. 
These small flat voids, however, cannot grow to be 
the Griffith crack, because they will collapse and 


* In the case of very thin void, the surface energy should 
be somewhat lower than the surface free energy, because 
the cohesive force between the two surfuces of the crack is 
not completely released. For instat.ce, the surface energ\ 
should be taken to be about 3} y when / is one atomic spacing, 
and a somewhat larger value of 2L will be expected. 


| 
al 
| | 
< 2L 4 
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turn into dislocation lines when the length 2 exceeds 
a critical value as previously mentioned.* 
Nevertheless, in this we shall discuss the 
that 


turn into the immobile, slender hollow dislocations 


paper 


possibility such comparatively small voids 


by absorbing a certain number of edge dislocations 
and that the the 
tips of the voids becomes so large as to spread the 


concentrated tensile stress near 


flat voids, causing fracture of the crystal. 


2. FORMATION OF AN INCIPIENT SMALL 

CRACK OR FLAT HOLLOW DISLOCATION 
Consider two parallel unlike rows of edge dis- 
locations piling up against each other in parallel 
slip planes several atomic spacings apart, as shown 
in Fig. 3a. Such a configuration will be obtained 
comparatively easily in a crystal plastically deformed 


by the applied stress. In the case that only two 


parallel unlike dislocations are piling up against each 


other, a very large external stress may be needed for 
these dislocations to surmount the maximum repulsive 
force which is exerted between them at a very short 


distance and to each other. For example, 


pass 
in the case of scft metals such as copper the applied 


9 


shear stress of about 1.5 10-2 uw (~100 kg mm?) 
is necessary when the separation distance of the 


10 A). 


case of two parallel unlike rows of dislocations as in 


slip planes A is 10-7 em ( However, in the 
Fig. 3a, it is not so difficult for the two rows to pass 
each other. Because, each of the leading dislocations 
is subjected to the concentrated stress (n — 1)7 exerted 
by the dislocations in the rear of it, where 7 is the 
number of dislocations in each row and 7 the shear 
stress in the slip plane. In addition to this, mutual 
interactions of several dislocations near the leading 
dislocations may lower the repulsive force exerted on 
the leading dislocations. The author'® has shown that 
the maximum repulsive force in this case is about 0.4 
times smaller than that in the case of two unlike dis- 
locations, and that the leading dislocations can pass 
each other under the applied shear stress of about 
10-4 uw (~1 kg mm?) when h 10-7 em and n = 60. 
This may be a probable situation in usual mechanical 
tests of metals. 

Thus, we can expect that two leading dislocations 


of unlike signs have a chance to pass each other 


* The tensile stress component of the applied stress 
perpendicular to the flat void may have an effect to prevent 
the void from collapsing, as Fisher‘® pointed out. This 
effect will be easily estimated by taking account of the strain 
energy release 7L*o?/H due to the external stress o in the 
comparison between W, and W, previously mentioned. The 
result of calculation, however, does not appear to favour the 
idea that collapsing of the growing void will be impeded by 
the applied stress. 
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Fic. 3 dislocation rows and small 


incipient crack as a sequence of their annihilation, 


Piling up of unlike edge 


though 
Moreover 


they have a common expanded region between them 


under certain shear stress, even their slip 


planes are very close to each other. when 


they will annihilate in pair and 


as shown in Fig. 3a 
leave a small cavity, # in height and / (the Burgers 
When / 


force doe not 


the 


vector of unit dislocation) in breadth is only 


one atomic spacing, the repulsive 
annihilating 


When is 


part pbetweel 


exist and a vacancy row along 


dislocations will be easily produced, 


several atomic spacings, the crystal 


subjected to a large 


the leading dislocations will be 
tensile stress due to the piling up dislocations, which 
tends to split the central two atomic planes which are 


more or less vertical to the slip pl un and lie along the 


dislocation lines, as shown in Fig. 3b. And, when h 


is comparatively large. say more than ten atomi 


spacings, the annihilation will no longer take plac 


and the two rows will pass each other leaving nothing. 


This will be easily seen from Fig. 3c, in which th 


energy of two leading dislocations in the piling up state 


(including the self energy and interaction energy) 


and the energy of the cavity as a result of thei 


annihilation are compared as a function of the lateral 


distance x and the vertical distance h. 
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This annihilation process will be followed by the 
rear dislocations of both sides successively until all 
of n pairs of dislocations are exhausted. As a result 
of the successive annihilation, a long flat void, / in 
height and nA (= 2Z) in length, will be produced as 
The along the original 
of the 10-4-10-3 em, 
and the length 2Z has a certain critical value of order 
of 10 
which the void cannot be stable and will collapse, 
so that 


shown in Fig. 3d. length 


dislocations may be order of 


em (Ah being taken to be about 10-7 em), over 
as mentioned in Section 1, we can treat the 
problem as a two-dimensional one.* 

A little more precise consideration, however, will 
prove that before collapsing, a somewhat different 
configuration of the void may be produced: It may 
be not unreasonable to consider that the numbers 
of dislocations » in both piling rows are not always 
equal to each other, because we can _ consider 
dislocation sources of various activities in producing 
dislocations and various extents of disturbances 
to the dislocation rows in question due to dislocations 
of other slip systems. Thus we may expect that the 


n dislocations in one row will be exhausted in annihila- 


tion before collapse and some excess number of 


dislocations will be pushed into the void from the 
other side by the force of rear dislocations as shown 
in Fig. 3d. In such a case. we can regard the void 
containing n’ excess dislocations as a large dislocation 
with the Burgers vector n’Z and with a flat hollow 
h in height and 4 (= 2L) in length along its core. 
This flat hollow dislocation will be treated by theory 
of elasticity using elliptical co-ordinates in the next 
section, and it will be shown that, even if 2 is as 
small as of the order of 10~® em, the hollow can trap 
excess dislocations to such extent as to be expected 
to produce a large concentrated tensile stress at its 
tip causing the growth of crack as shown in Fig. 3e. 

It might be possible to consider that such a hollow 
dislocation will be formed by other mechanisms 
than the dislocation pile ups; for example, a flat 
small cavity produced by condensation of vacancies 
during or prior to mechanical testing may absorb 
dislocations to some extent if it is on the slip plane, 
or long flat precipitates of very fragile material in 
hard metal matrix may play the part of the hollow 


dislocation by trapping some dislocations. In order 


* The idea and description of this part are mainly due to 
the author’s former paper published in 1954.'®) Similar ideas 
by Orowan and Kochendorfer were published in the same 
6,7 


vear, the former mainly noticing the high stress concen- 


tration by piled up dislocations and the latter employing 


the multiple dislocations piling up instead of two rows of 


individual dislocations. It should be noted, however, that 
such an idea itself cannot explain the phenomena of fracture 
as mentioned above. 
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to be available for causing fracture, however, these 
hollow dislocations must be considerably long in the 
direction of their lines. Otherwise, the trapped 
dislocations will easily get out of the void from its 


extremities. 


3. THEORY OF ELASTICITY OF SLENDER 
HOLLOW DISLOCATION 
It is well known that the solution of two-dimensional 
problems in some special cases is reduced to the 
integration of the differential equation 


(= 


1d 


oy” 


lie i 
ror. rr 


having regard to the given boundary conditions. 
¢ is called the Airy stress function, and is related 


to the stresses by the equations 
07h 
0d 
r or 


Ox Oy 


07h 
Ox?” 


9? Ong 
r2 Of? 

0 | l 

or \r 06 
Internal stresses and strains around a dislocation 
in an elastic body can be obtained by solving these 
equations, since we can regard the problem as plane 
For the 


represent the state around a positive edge dislocation, 


deformation. instance, stress function to 
which has the Burgers vector 2 in the x-direction and 
a cylindrical hollow of the radius R, along the z-axis 


in which the dislocation is lying, is 


db Dr log r . sin 9 + C sin 6/r (4) 


where D 
the special character of dislocation that any circuit 


pAl2n(1 v). The first term represents 
around the dislocation should produce the residual 
displacement A in x-direction. The second term is 
necessary to satisfy the boundary condition at the 
periphery of the cylindrical hole, and the constant C 
should be chosen so as to cancel the stresses o,,. and 
tT,» on Ry. The stresses associated with the second 
term diminish rapidly as r increases.“ 


When we 


section other than a circle as discussed in Section 2, 


consider a central hollow of cross- 


the stress function above-mentioned is no longer 


suitable to use because of the difficulty in introducing 


C2 
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the boundary condition at the periphery of the hole. 
It is then the 


calculation to a more general one which gives us the 


desirable to extend 
stresses and so on near the hole of such less simple 
form. The orthogonal curvilinear co-ordinates are, 
therefore, employed in the problem of flat hollow 
dislocation in plane strain as follows. 

If two analytic functions y(z) and 7(z) are suitably 
chosen, any stress function which satisfies equation 
(2) is expressible in the form 


Re [zy(z) x(z)] 


“real and z=a2-+ wy 


When 


linear co-ordinates defined by the relation 


where Re means part of” 


and Z= x — wy. the new orthogonal curvi- 


(6) 


are used, the stress components in these co-ordinates, 
O« (the normal component on a curve & constant), 
a, (the normal component on a curve 7 constant) 


(the shear component on both curves), can 


and 


be determined in terms of the complex potentials 


y(z) and y(z) by the following two equations: 
4 Re y (z) 


4" (z)| (8) 


where y’(z) is the first derivative of y(z) with respect 
to z and so on, « is the angle between the tangent to 
the curve 7 constant, in the direction £-increasing, 


and the x-axis. and the factor e?’* can be found from 


the relation, = 
this method of calculation to the problem in plane 


In order to apply 


strain, it is necessary to obtain still more equations 


which give the displacement components in the 
&y plane and the normal stress component in the 
The third 


is easily found from the equation 


third co-ordinate w. normal stress com- 


ponent ¢,, 
(9) 
The displacement in the &) plane can be specified 
by means of either the components uw, and v, in the 
curvilinear co-ordinates or the Cartesian components 
u,, and v,, the latter being more useful in the problem 
of dislocation. When the complex potentials y(z) 
and y(z) are given, we have the equation 
2u (u, — wv, (3 — 4v)p(Z) — Zp'(z) — (10) 
which determines uw, and v, for plane strain. Other 


available equations are those which give the resultant 
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force and moment of the stresses acting on a cylind- 
rical surface which is parallel to w-axis and can be 


represented as, for example, a curve AB on the &y 


plane as shown in Fig. 4. In terms of the functions 


y(z) and y(z), these equations may be written as 


where F.. and F. are the 


the resultant force on AB 


Cartesian components ol 
about the 
on AB 
and the square bracket represents the difference of 
{ 12 


tion with 


M the moment 


origin, clockwise in the figure, of the force 
the values of the enclosed quantity at B and 

Now let us consider a positive edge dislo« 
a hollow of elliptical cross-section lying along the 


along the 


j@-axis and having the Burgers vector n’7 
If the distance 
foci of the ellipse of the hole is 2c, it is 


X-axis. as shown in Fig. :. hye tween the 
suitable to 
employ the elliptic co-ordinates §&, » defined 


cosh 


which are shown in Fig. 4, because the boundary of the 
hole can be expressed by a certain constant value of 
and we can easil\ 


SQ: 


introduce the nece ssary 


boundary conditions. Then 


e sinh & sin » 


Cc cosh & COS 7). 


and if the semiaxes of the h are given as 


a ceosh 


so: 


equation (13) also gives 


sint 


which are needed in calcul 


The con pl X potentia S 


hollow dislocation must have 


satisfy the following conditions 


1) The displacement snou 


M Re (Z (12 
—— 
| 
dz 
ation of the stn 
such propert 
A 
- LY x 
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n'A for any circuit enclosing the origin, corre- 
sponding to the fact that such a circuit cuts the line 
over which slip has occurred by a distance n’A. 

(2) The other component v, should be single valued 
for any circuit. 

(3) It is an established property of a dislocation 
that the stresses fall off as almost 1/r from the dis- 
location, and we may state as a boundary condition 
that the stresses and strains become zero at infinity. 

(4) On the elliptical boundary of the hole, the 
normal stress perpendicular to it, o:, and the shear 

Oaté Eq. 


stress, 
(5) No resultant force nor moment acts across a 


, Should be zero, i.e. 0: = Tz, 
circuit surrounding the dislocation. 

(6) The strain energy should be as small as possible. 
All of these conditions, except possibly (6), can be 
satisfied by taking the stress potentials y(z) and 
y(z) in the forms 


y(z) A¢ 


(17) 


Bef cosh € + De sinh € (18) 


(z) 


where A, B, and D are the complex constants to be 
determined from above conditions, and they can 
1A,, B, iB,, and D, iDy. 
The terms in A and B correspond to the first term 
of equation (4) 


be written as A, 
considered in polar co-ordinates, 
from which the essential properties of a dislocation 
While the 


to maintain the condition that the edge of the hole 


arise. term in D is introduced so as 


is free from stress, as in the case of the second function 


in equation (4). In order to determine the constants, 
first consider the conditions for the displacements (1) 


and (2): and v 0 


u 


in equation (10), wu, 
as 7 goes clockwise from zero to 27, 
4y)A, 

boundary condition (4) at = & 


S 


therefore, A, 
and the equations 
7), (8) and (16), we obtain D, 0, A, B, and 
A, D,. Hence, we have A, 

(1 v)|. By 


B, 0 and pn'd From the 


0° 


(cosh 2&, — 1) 


using these quantities, the 


functions y(z) and y(z) can be written as 


[ef cosh C 
(cosh — 1)c sinh 


Then, from equations (7), (8) and (16) 


pn' hi 


27 (1 vie \sinh (sinh 
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un’ hi 
27 (1 
cosh 2£, — cosh cosh 


sinh sinh sinh 


These two equations, together with equation (9), 
give the stresses around the hollow dislocation. It 
will be easily shown from equations (11), (12), (13) 
and (20) that the condition (5) is satisfied, and from 
equations (21) and (22) that the condition (3) is also 
satisfied. 

The stress component o, at the hole of the dis- 
location is easily found from equation (21), since 
a, at the hole is zero. That is, 


2 un’) cosh &, sin 7 
(23) 
(cosh 2&, 


(1 cos 


This stress produces tension in the lower side of the 
hole and compression in the upper side, since it arises 
from the positive edge dislocation as in Fig. 4. If 
the elliptic hole is slender enough to satisfy the 
condition c > 6, the greatest value, occurring near 
the ends of the major axis where sin 7 
is 


sinh &, 
b/ (a? 


(24) 


(0,)max 


which becomes larger and larger as n’A becomes 
larger and larger and the ellipse is made more and 
more slender.* The shear stress on the slip plane or 
on the z-axis is also easily found; it is one half of the 
imaginary part of equation (22) taking 7 as zero, i.e. 

un’ sinh? — sinh? &, 

on 
P (20) 
sinh® & 


The greatest value of 7, is 


un’) 


(26 
3327 (1 — ») » 


(T<,)max 


which occurs at sinh? § = 3 sinh? &), or in 


252) 1/2 


These stress distributions are shown in 


more 
intuitive expression, (a? 
of the hole. 
Fig. 5, taking a/b to be 5. 


- a beyond the tip 


When another stress system, such as an external 


tensile stress or shear stress, exists, other stress 


potentials than equations (17) and (18) are further 
necessary to express the state of stresses around the 


hole. For instance, when the tensile stress o, is 


* When c b, the maximum stress occurs at the ends of 
the minor axis, like the stress distribution around an usual 
dislocation. As an extreme case, when a b and c = 0, 
the hole is completely circular and the calculation reduces 
to that in polar co-ordinates. 
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Fic. 5. Stress distributions around an 
elliptical hollow dislocation. 


applied in a direction as an angle / below the positive 
x-axis, the stress potentials of the forms 
Ec cosh C 
X (z) Ge?l + He? cosh 2¢ 


are needed. The stress o, at the hole obtained from 


Fe sinh € (27) 


Jc? sinh 2f (28) 


these functions is 


sinh 2&, cos 26 e250 cos 2(p 
cosh =So cos =1) 
(29) 


which should be added to a, in equation (23), and 


will contribute stress concentration of the order of 


2ac,/6 when the hole is slender and / is not near 
zero."3) The contribution of the applied stress oa, 
to the shear stress on the slip plane can be treated in 
a similar way. It may be worthy of note that, as 
6 increases and approaches to 7/2, the shear stress 
on the slip plane tends to zero, while the concentrated 
tensile stress at the tip of the hole has a very large 
value as mentioned above. 
4. APPLICATION OF THE THEORY TO 
THE FRACTURE MODEL 

Let the cross-section of a long flat void containing 
n’ dislocations be 2Z in length and A in height as 
mentioned in Section 2 and illustrated in Fig. 3d. 
In actual fact this cross-section may have the rounded 
corners at its tips, the radius of curvature being taken 
to be approximately h/2. Thus, the rectangular 
cross-section with rounded corners as shown in Fig. 3 
may be approximated with an ellipse of semi-axes a 
L and b 
of curvature at the ends of major axis, 6?/a, should 
be taken to be h/2. By this approximation, the 


stresses around the flat void containing n’ dislocations 


and b, where a (ah/2)/2 since the radius 


can be obtained from the results in Section 3. 

From equation (24), we find that the greatest 
tensile stress, occurring near a tip of the void where 
sin 7 sinh &, b/(a? b?)1/2 ~ b/a in the direction 
nearly perpendicular to the surfaces of the void or 


to the slip plane, is 
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(0,)max 


When the Burgers vector n’2Z becomes as large as } 


or (Lh/2)'/*, this stress will approach one tenth of the 
Young’s modulus, which may be regarded as the 
ideal fracture strength of the material, and will be able 
to cause the initiation of a crack from the hole as in 


Fig. 3e. The value of n’A, however, can not be in 
creased unlimitedly even if a sufficient number of 
unit dislocations are supplied from one side of the 
hole by the concentrated shear stress due to reat 
the the 


will give a chance to the trapped 


dislocations, because large shear stress on 
slip plane 
dislocations to escape from the other side of the void 
as n’ extraordinarily increases. The maximum value 
of n’A may be estimated as follows: From equation 


(26), the greatest value of the shear stress on the 


slip plane shown in Fig. 4 is 
Ts, )max 
When this value is larger than the ideal critical shear 


of the the order of the 


rigidity modulus y, slip or production of pair dis 


stress material, which is 
locations will take place near the tip of the void as 
Fic. 3f. As a 
the 


shown in result, a unit dislocation 


will escape from void, and n’2Z does no longer 


increase. Equating (7: 


Jmax In equation (31) to the 


ideal critical shear stress, say u/10, we have nn’, = 
(Dh/2)1/2 the 


sequently, it is difficult to find whether or not the 


again as maximum valu Con 
maximum dilatational stress comes up to the fractur 
streneth of the material before the maximun 

stress becomes so large as to cause new slip bevond 
Nevertheless 
ing the pre-existing of some kind of obstacle in 
front of the 
boundary or another piled up group of dislox itions 


assum- 


the void when n’/ is increased. 


void, such as a small inclusion, grain 
it may he possible to expect the initiation of a spread 
ing crack from this flat hollow dislocation 

It is noteworthy that the condition of fracture in 
this expressed by the equation 


mechanism can be 


WA ahr] 


which means that, when n’ dislocations are pushed 
into the flat void of the length 2Z, a crack will be 
produced. According to this, fracture is not caused by 
the applied normal stress but mainly by the applied 
shear stress which makes dislocations pile up and 
push into the void, and the fracture strength does 


not strongly depend upon the size of the incipient 
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small crack, 22. As mentioned in Section 1, the 


probable value of 2L is the order of 10-° em when h 


is about 10-7 em, therefore n’ is about 20 according 


to equation (32) (when A is 3 10 will 


We 


of the incipient small 


em, 2L 
be about 5 10-7 em and n’ will be about 3). 
shall refer again to the size 
crack capable of causing fracture from a standpoint 
of elastic energy in the next section. 
5. ENERGY OF THE SYSTEM AS A 
CRITERION OF FRACTURE CONDITION 

Although it is shown that the concentrated tensile 
stress at the tip of a small flat void containing a 
certain number of edge dislocations can be so large 
as to produce a crack, it is further necessary, from the 
energywise consideration, to find if the crack is able 
to extend to cause fracture. When the energy of the 
system is decreased by spreading the crack, we can 
expect that fracture by cracking will take place from 
this small void. 

The total energy of a flat void of length 2 which 


contains n’ edge dislocations is 


1949 
un R 


log 7 L*o7/E 


(33) 
(1 


where is the surface free energy, mu the rigidity 
modulus, » the Poisson’s ratio, 2 the Burgers vector 
of the unit dislocation, EF the Young’s modulus, R 
the outer radius of the crystal in question, and o 
the applied tensile stress component perpendicular 
to the flat void. The first term represents the surface 
energy of the void which increases as 2Z increases, 
the second term is the strain energy of the hollow 
dislocation of the Burgers vector n’Z which decreases 
when 2Z increases,* and the third term comes from 
the release of strain energy of the crystal due to the 
presence of the void. Although 2Z has so far been 


regarded as the peculiar value to a_ void, 2L; 


vhich does not change unless pair annihilations of 
dislocations further take place, we can take 
be a variable in equation (33) when a crack is 


produced at the tip of the void as shown in Fig. 3e.7 
The minimum value of 2, including the original 
length of the void 2Z, and the length of the crack, 


by which the crack can continue to spread is found 


evlindrical hollow dis 

Burgers vector, the integration in 

from Fk to L which corresponds to 

end of the major axis of the ellipse. This approximation 
good except the near to the hollow. 

+ The length 22 in Sections 1, 2 and 4 should be considered 

as 2L In direction of 21, and that of newly 


produced erack may be as shown 


Frank’s idea of the 


multiple 


Following 
iocation with a 


> second term is done 
region very 


general, the 
» different from each other 


> 


In Fig. 3e. but it can be neglected because the concentrated 


tensile stress which produces the crack is nearly perpendicular 


to 2L,. 
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by differentiating the total energy Wtot with L and 


equating it to be zero; 


dW tot 


and we have 


(35) 

8a (1 — v)y 
the last term in equation (34) being neglected because 
it is considerably small in the case of such a small 
void as 10-®-10 Equation (35) shows that 


the critical length of the spreading crack does not 


em long. 


only depend upon the material constants mw, y and A, 
but also upon the number of excess dislocations n’ 
which are contained in the crack. On the other hand, 
n’ is related with the original length of the void by 
equation (32) which we can write as 
L,h/2. (36) 


n 
From equations (35) and (36), we have 


uh 


L Ly 
dyn y = 1.5 10% ergs 
and h 10-7 em, we find that L/L, is nearly unity 
(and L/L, 90.3). This 


means that the critical length of the spreading crack 


Taking u 
al 
when 


is always smaller than, or at most nearly the same as, 
the length of the flat 
spacings thick, provided that the maximum number 
In other 


containing 


original void a few atomic 
of dislocations are contained in the void. 
that a flat 
edge dislocations to some extent will spread as a 


the 


words, we can expect void 


fracture crack, even though it is as small as 


order of 10-&10-° em in length. 


6. CONCLUSION 


A possible mechanism for the fracture of crystalline 


materials is considered,“ and calculated with 


the theory of dislocation in elasticity and the strain 
energy method. The calculation shows that a long 
flat void packed with a certain number of dislocations 
able to 
fracture, even if it is sufficiently small to be a stable 


will be crow to be a large crack causing 
crack in the crystal (for instance, a few atomic spacings 
in thickness and a few hundred atomic spacings in 
length in one dimension). 

It seems that there still remain some problems to 
be solved: For instance, as far as the stress concen- 


tration and strain energy calculations are concerned, 


* The reference (14) is the first report on this mechanism. 


un 2a Lo- 
4y Q (34) 
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we can not find the temperature effect in this mech- 
anism; atomic diffusion will make a thin void a some- 


what rounded void or dispersed vacancies (especially 


in case of one atomic spacing thick void), and fracture 
may be suppressed to some extent. In the second, 
we neglected the effect of rear dislocations in the 
strain energy calculation, so that the total energy 
of the system W,,, in equation (33) should contain 


the energy of the rear dislocations and change of 


n’ during the growth of the crack should be taken 
The 
condition represented by equation (32) must also 
the 
to distribute at least over the range of some atomic 


into account in more accurate calculation. 


be reconsidered, because maximum stress has 
spacings in order to produce a crack or to produce 
a pair of dislocations. 

A more complicated calculation will be necessary 
in the case of one atomic spacing thick void containing 
the 


inner surfaces of the 


some dislocations, because atomic interaction 


forces between two void are 
not completely released and we cannot assume the 
Without the 
precise calculation, however, it can be argued that 
this of thin 


dislocations in it nor in producing a large tensile 


stress free boundary in calculation. 


kind void is not effective in holding 
stress around its tip because of the unreleased inter- 


atomic forces. Thus, we come to the conclusion that 
the 


not play an 


will 
the 


void as thin as one atomic spacing 


important rdle in fracture of 
crystal. 

This mechanism seems to be available in the case 
of cleavage fracture of pure metals such as zinc, 
cadmium, bismuth and g-iron, in which large 
obstacles to arrest dislocations are quite difficult to 
consider. It might be also possible to apply it to 
the case of ductile fracture in which many dislocation 
sequences piling up against each other will be produced, 
and to the case of fatigue fracture in which many 


dislocation sequences will also move and small flat 
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voids will be produced by either the annihilation of 
dislocations or the vacancy coagulation. 

Some new fracture 


experiments of crystalline 


seem to be suggested by this theory. For instance, 
it may be not unreasonable to attempt to observe the 
incipient small crack or small flat void as a result of 
the 


procedure: We choose a crystal which has a 


annihilation of dislocations by the following 
com- 
paratively large slip vector, several easy cleavage 
planes and a tolerable ductility such as ionic crystals, 
plastically deform it to a certain extent, cut it by 
leas 


cleavage on a crystal plane which is more or 


perpendicular to the active slip plane, and then 
observe on the cut surface using a very precise method 
such as the electron microscopy. It might be possible 
to find the incipient small crack and compare its 


shape and size with the present theory by this method. 
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LETTERS TO THE EDITOR 


Line broadening in cold-worked zirconium 


The cold-work distortion of zirconium was studied 
by means of an X-ray method which involves an 
interpretation of the shapes of the broadened peak 
profiles. This approach” had been applied extensively 
to materials of cubic symmetry”, and to a study of 
imperfections in cobalt.) Broadening effects arising 
primarily from particle size and strains are expected 
for zirconium, with stacking faults less likely to 
occur. The metal is ductile at room temperature and 
deforms by slip and twinning processes."*) 

Crystal bar zirconium containing 235 p.p.m. O, 
220 p.p.m. Fe, and 110 p.p.m. C, as the principal 
impurities was used. The hydrogen content of about 
40 p.p.m. was lowered to about 3 p.p.m. by annealing 
>mm Hg at 1000°C for 20 hr. 


The peak profiles were obtained on an automatically 


in a vacuum of 3 LO 


recording Geiger-counter spectrometer using mono- 
chromated Cuk« radiation. The metal was heavily 
cold-worked by filing, and the powder that passed 
One 
briquette was annealed at 600°C for 3 hr to remove 
X-ray 


pattern was considered to represent only the instru- 


> 


through a 325 mesh screen was_ briquetted. 


the cold-work distortion and its recorded 


mental broadening. The peak profiles were repres- 


which then 
(1) 


ented by a set of Fourier coefficients, 
were corrected for instrumental broadening. 
(100), (200): (1OL). 


202): and (002), (004). The low angle peaks could 


Three sets of lines were used: 


be recorded with good accuracy and a favorable 


peak to background ratio. However, some of the 
high angle peaks, particularly the cold-worked (200) 
peak, were weak and influenced by overlapping. In 
the evaluation of the Fourier coefficients Lipson 
Beever strips were used. The imaginary parts of 
the corrected complex coefficients turned out to be 
very small and were neglected. 

The experimentally determined coefficients, A ,(/), 
where L represents distance in the crystal and / the 
order of the line, include the broadening effects of 
both particle size and strains. Since the particle 
size broadening is independent of the order, /, the 
two effects may be separated by a plot of In A _(l) vs. 
20,2) with the intercepts providing the particle size 
coefficients A,* and the slopes the average local 


AL?). 


each direction in the crystal, and the particle size 


strains Only two orders were available for 


and strain parameters were obtained from a linear 
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approximation. Mean particle sizes of 370, 340 and 
330 A were obtained for the , 100}, {101} and {002} 
directions respectively, indicating an approximately 
The AL/L 
averaged over a distance L — 100 A were measured 
at 0.0028, 0.0028, 0.002: The 


deviation of the last figure was considered significant. 


equiaxed shape. rms average strains, 


and respectively. 


The isotropy of strains in the basal plane was 
checked by using the single order A, (110) coefficients 


and assuming isotropy of A.*, i.e. A,* (1 10) was set 


equal to A (100). Strains were then found to be 
approximately isotropic in the basal plane. In view 
of the experimental uncertainty involved in the 
measured {100} peaks, it seemed justified to accept 
an exact isotropy of strains in the basal plane and 
to then use this tentative assumption to recalculate 
A,?(100). 


In doing so, a new mean particle size of 340 A was 


the less accurate particle size coefficient 


obtained for the {100} orders or approximately the 
the This fact 
seemed to support the justification of the applied 
The 
the 


same as for other two directions. 


correction. aforementioned strain value of 


0.0028 for {100! orders refers to this revised 
calculation. 

not be demonstrated to 
fault 


similar in effect to particle size broadening, and in 


faults could 


zirconium. 


Stacking 
exist in Stacking broadening is 
hexagonal metals a broadening from stacking faults”) 
k 
In the present case, however, no clear indication 
effect The A,?{ 1O1} 
coefficient did on the contrary agree very well with 
the two coefficients 100} 
{002}. 


would be expected for the h | reflections. 


of such an was’ observed. 


unaffected and 


The authors are indebted to Messrs. C. Houska and 


S. Allen for several valuable discussions. 


AB Atomenergi, Stockholm, Sweden J. H. MoGarp 


Department of Metallurgy B. L. AVERBACH 
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On the role of point defects in some low 
temperature reactions 


A wide range of solid state reactions are now known 
to proceed at room temperature and lower, after 
quenching from a higher temperature at rates which 
are grossly disparate with the expected diffusivities 
at those temperatures. A classic example is the 
formation of the Guinier—Preston zones during the 
room temperature aging of dilute Al-Cu alloys, and 
it is with reference to this process that the following 
discussion is principally designed. 

A widely held view is that the process is effected 
by a supersaturation of point defects retained during 
the quench from the high temperature state. It has 
not been apparent, however, how such supersaturation 
might facilitate aging which extends over many tens 
of hours in this system, since the point defect super- 
saturations are normally measured in pure materials 
to be very short lived compared with such times. | 
propose, therefore, a mechanism which will permit the 
retention of the point defect supersaturation in some 
alloys for times much longer than those observed in 
pure materials. For convenience I shall refer to the 
defects, which are presumed to be responsible for 
diffusion phenomena, as vacancies. 

I shall assume that there is an attractive interaction 
between Al-Cu. This 


interaction will enhance the production of vacancies 


vacancies and Cu atoms in 
at the solution temperature, and will insure a high 
probability of Cu-vacancy pairs during or immediately 
facilitate the formation of 
Because of the interaction 


after quenching and 
clusters of a few Cu atoms. 
between Cu and vacancy, it is reasonable to suppose 
that the vacancies remain with the Cu atoms in the 
fact I that a 
interacts more strongly with two copper atoms than 


clusters. In shall suppose vacancy 


with one. In that case the retention of vacancies in 


the copper clusters is made still more likely. A 


cluster of this kind will remain fairly mobile. 


“diffusion coefficient’ might be expected to be 
smaller than that of a Cu-vacancy pair by a factor 
that depends combinatorially on the number of 
atoms in the cluster. It would however still be very 
high, compared with the equilibrium diffusion co- 
of Cu in Al at temperature. The 


efficient room 
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“activation energy’ associated with this diffusion 


coetiicient is closely comparable with the ‘*« nergy ol 


motion” of a vacancy. 


The clusters can now migrate, amoeba-like, until 


the thereby 


still 


they collect all remaining Cu solute 


These aggregates are 


forming large aggregates. 
fairly deformable because of the vacancies, and so can 


proceed to deform into whatever configuration 


assumes the lowest energy. 
The hypothesis set forth here, of strong attractive 
has a variety of othe 


| should 


prominent feature of such a state of affairs would be 


vacancy-solute interaction 


interesting consequences. expect that a 


that the activation energy for solute diffusion in the 
dilute alloy would be appreciably smaller than that 


for solvent self-diffusion in pure solvent. It is also 


clear that the number and lifetime of quenched-in 


defects should be a strong function of purity of the 


metal studied. Furthermore. the introduction of 


small quantities of suitable solutes might, with 


quenching from high temperature, facilitate 


transformations at low temperatures which cannot 


otherwise be observed because of slow kinetics 


Finally, it is possible that in some alloys transient 
which the vacancies 


non-equilibrium precipitates, in 
figure as a “chemical” component, may form 
quenching. 

It has come to my attention that similar effects 
have been attributed to the interactions of vacancies 
Panseri KF. Gatto ind T 


L958 


and impurities by G 
Acta Met. 6 


I wish to acknowledge the 
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Tucker and M. B. Webb of this laboratory 


Ge neral Electric Re search Laborat ru 
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Cross slip and dislocation sources 


(‘ross slip, thought to occur as a means of avoiding 


line barriers created by dislocations, has been 


show! 


to be important in causing the third stage of deforma 


tion of face-centered-cubic metal single crysta I 


The purpose of this note is to point out 


by which this cross slip may take place, and 


that many dislocation sources may be cre 


the cross slip of a single dislocation 


The most important dislocation-formed line barrier 


that has been suggested is the Lomer—Cottrell 


kK. W HART 


dislocation to avoid a Lomer 


| barrier. 
dislocation created by interaction of two parallel, 
part edge. part screw dislocations at the intersection 


of their Since slip is originally 


slip 


predominantly on the primary system, we expect 


that most Lomer—Coitrell dislocation reactions involve 
a primary disloe tion as one of the TWO needed. The 
barriers thus formed are not parallel to screw disloca- 
tions on the primary system, and hence cross slip is 
only possible by segments of the primary dislocations 
that are noi parallel to the barriers. 

A process that may then occur is the following 
Consider a 
the 
slip plane P,, towards a Lomer—Cottrell barrier DE 

Fig. 1). 


the portion of the dislocation nearest to the barrier 


(idealized here for ease of illustration) 


segment of screw dislocation “l’’ moving on 


Upon reaching the cross slip plane Ci, 


is forced to cross slip while the other section continues 
to glide to the second cross slip plane C,, where it in 
turn must cross slip to a second primary plane P,. 
There it rejoins the first portion which has moved 
along P,, and the two parts, reunited, may glide on 
plane P, and thus by-pass the barrier. In the process 
just described, a closed loop of edge dislocation FGH] 
is strung out behind on the four planes on which 
The motion of the lencth GH of this 
but the length FJ 


is now free to operate as a Frank—Read source, giving 


slip occurred. 
loop is blocked by the barrier, 
rise to further slip on the second primary plane (P,). 

[t should be apparent that this motion of the whole 
screw dislocation, rather than just the segment viewed, 
will give rise to many such sources spaced out near 


the barrier. Since the barrier is at 60° to the screw 
dislocation, there must be a length ,/3 of segments 
such as FJ for each unit length of screw dislocation 


Whether, 


FI will act as sources 


by-passing the type of barrier considered. 
however, the lengths such as 
depends not on the total lenoth of such segments 
but on the unknown lengths of individual ones. 

The loops of edge dislocation are equivalent to either 
extra sheets or missing sheets of atoms. The total 
number of missing or extra atoms should be equal to 
the number of vacancies or interstitials which would 
formed to allow the non-conservative 


have been 
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motion required, should a primary dislocation parallel 


to the Lomer—Coittrell barrier DE climb to the adjacent 
The 


however, is thought to be a more likely one than 


1 


primary plane (P,). process suggested here, 
dislocation motion by a diffusion-controlled process 
such as climb. 
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mission is gratefully acknowledged. 
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Dislocation motion associated with indentations 


A study of associated with 
indentations can reveal much information about the 
If the hard- 


relative ease of 


etch pit patterns 
hardness and state of stress in a crystal. 
ness of a crystal is defined as the 
generating and moving dislocations, a change in 
hardness will be shown by a change in the distance of 
propagation of dislocations from an_ indentation 
produced by a reproducible punch such as the Tukon 
Tester. 


to study the changes induced by X-irradiation in a 


This method of measuring hardness was used 


lithium fluoride crystal. 

A single crystal of lithium fluoride 4 mm thick was 
X-rayed over a portion of its surface for 3 hr in a 
Norelco X-ray spectrometer, using a tungsten target 
and operated at 45kV and 40mA. A 
indentations, spaced 0.5 mm apart, that traversed the 


series of 


shielded and X-rayed portions of the top and bottom 
surfaces of the crystal, were then formed by means of 
Tester with a 135 


a Tukon Vickers diamond indenter 


using a 100 g load. After the size of the indentations 
had been measured, the crystal was etched with 
Gilman and Johnson’s™) etch ““W,”’ which reveals new 
dislocations. The dislocation patterns (Fig. 1) consist 
110 


extend 


of edge dislocations which extend along the 


directions, and of screw dislocations which 


along (100 The size of the dislocation pattern is 


given by the average distance over which the edge 


dislocations extend. The change in size of the dis- 
location patterns is shown in Fig. 2 for the indenta- 
tions along the top surface (curve A) and along the 
bottom surface (curve B) of the crystal. A progressive 
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Fic. 1. Dislocation patterns produced 
between X rayed and shielded portions of an Li 


biased in the direction of the 


change in size of the patterns on the bottom surface, 


decreasing towards the X-rayed region, was clearly 


discerned, although the change in indentation size 


was too slight to establish a change in hardness by 


the standard method. On the top surface a clear 


indication of hardness change was obtained from the 
size of the indentations which showed a ratio of 1.2 
between the shielded and X-rayed portions of the 
crystal, but the dislocation patterns showed a con- 
siderably larger ratio, amounting to 4.3, between the 
two regions. The patterns in Fig. | show the dramatic 
change in size and appearance of the dislocation 
patterns in the vicinity of the boundary between the 
shielded and X-rayed portions of the top surface. The 
sensitivity of the dislocation patterns to hardness 
change is strikingly illustrated by the asymmetrical 
patterns which show a bias in the direction of de- 
creasing hardness. These are formed neat 

boundary where a hardness gradient might 


expected (Fig. 1). 


EXTENT OF ETCH PIT ARRAY 


DIST. ALONG SURFACE (.5mm. Units) 


Fic. 2. Change in size of dislocation patterns formed by a 

series of indentations that extend from the shielded to the 

X-ray irradiated (3 hr at 45kV and 40 mA) portion of a 

4mm thick LiF crystal. Curves A and B pertain to the top 
and bottom surfaces respectively. 
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Formation of patterns. 
(O01) 


Fie. 4. 
into a 


face of LiF displaces material in the (110 
forming of edge dislocations that 


correspond with the sides of the indenter. 


directions double rows 


with light move outwards, and 
marked with heavy symbols inwards, for the indicated shear. 


marked symbols will 


motion of dislocations, as has been verified with 


observations on bent crystals. Since a 
surface patterns obtained on an as-grown (unannealed) 
LiF crystal show a progressive change in this stress 
asymmetry, the technique may be useful for detecting 
stress in crystals that are opaque. 
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The heat of formation of a-PbSn alloys 


formation, of 
positions of Pb-Sn solid solutions has been measured, 
of the 


the elucidation of the kinetics of precipitation, and 


The enthalpy of two com- 


because interest of such measurements for 


in order to compare AH* to the enthalpy of formation 
AH# of the liquid alloys. 


calorimeter used is described elsewhere.“ The samples 


The differential solution 


used were held at the solvent temperature (250°C) 
for one hour, before being discharged into the liquid- 
tin solvent. The calorimeter was operated, in all 
experiments except one, by simultaneously dissolving 
the alloy in one solvent cup and the corresponding 


amount of lead in the other cup. In the one exception 


The insertion of the indenter 


Since the dis- 
locations are of opposite sign along each paired row, those 


those 


series of 


VOL. 6, 1958 

the heats of solution of the alloy, and of the lead, 
were measured individually. From these measure- 
ments and the heat of fusion of tin‘ we obtain the 
heat 
solid 


of formation of the «-solid solution from its 
components. The alloys used are those of 
Turnbull and Treaftis’ and have been analyzed for 
tin to l part in 100 of the tin content. 

The results of the measurements of AH® at 250°C 
are given in Table 1. 


TABLE | 


Mole fraction Sn cal/g atom 


0.09] 
0.09] 
0.091 
0.091 


0.147 


The accuracy of these numbers is estimated to be 
-4 per cent, based on the accuracy of our calibration 
and the uncertainty in the heat of fusion of tin. 
Recently Wever and IIschner‘? reported measure- 
ments of the heat of formation of solid Pb—Sn alloys. 
However, because of rapid precipitation of the / 
phase at room temperature") it is doubtful whether 
these measurements relate to single-phase alloys. 
From the present measurements, the partial molar 
heat of solution AHi,, of solid Sn in solid Pb, at 
infinite dilution, may be estimated as 4500 cal/g 


The corresponding AH£, for the liquid is 
Both these 
partial molar heats, and the integral molar heats of 


atom. 


1480 cal/g atom from Kleppa’s work‘®. 


formation in the solid and in the liquid phases, are 
further apart than has usually been found in similar 
may 


be due partially to the enthalpy difference between 


comparisons.” The large value of AH* 


tetragonal and (hypothetical) face-centered cubic tin. 


General Electric Research W. K. 
Laboratory, Schenectady, N.Y. R. A. 
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Hardness plateaus and twinning in 
explosively loaded steel 

An unusual aspect of the hardness associated with 
the explosive loading of low-carbon steel is the 
presence of plateaus of constant hardness in each 
“hardness vs. distance from application of load”’ 
curve.”) Recently Singh and Soundraraj'?) observed 
hardness plateaus and twinning in a 0.37°, C steel 
cylinder internally loaded with an explosive charge. 
The presence of plateaus in the profile curves of 
the 
observed in a 0.39°, C steel, while it was observed 
in 0.13°, and 0.3°, C steels“, subjected to shaped 
charge attack. This letter 
twinning in 


hardness vs. distance from crater, were not 


series of 


steel 


describes a 
plateaus and medium-carbon 
subjected to shaped charge attack. 

The target was cut from a typical medium-carbon 
It had the following 
0.42, 
manganese 0.76, silicon 0.20, sulphur 0.035, phos- 
phorus 0.054. for 
these targets was 
that 


Hardness measurements were made along different 


rolled steel bar and annealed. 


chemical composition (per cent): carbon 
The layout of the equipment 


attacking by shaped charges 


identical with described by Singh ef 
radii, in a plane normal to the axis of the crater 
The hardness vs. distance curve shows (a) an abrupt 
drop in hardness near the profile of the crater and (b) 
a series of plateaus of constant hardness. The plateaus 
are in reasonable agreement, in position and length, 
with those obtained by Singh et al.“ in low-carbon 
steel targets. The microstructure of the target was 
characterized by the presence of Neumann bands or 
shock twins wherever work-hardening had occurred. 
The maximum number of twin directions found in a 
single ferrite grain decreased with distance, becoming 
one less in the region of each successive plateau. 
Twinning was observed up to a distance of 4 cm from 
the crater surface, and in the region from 4 cm to the 
outer surface, the microstructure appeared to be 
the structure. The 
that of 


grain 


this 


identical with original 


difference observed between work and 
Singh and Gandhi may possibly be due to the two 
types of steel used. 


along radii of 
representative thick 


0.42°,, C steel cylinder, internally loaded with an 


Hardness measurements made 


sections of a walled, 


Cross 


explosive (P.E. No. 2) charge, also show a series of 


The position and length of the plateaus 
steel 


plateaus. 


seem to be identical with those obtained in 


targets attacked by shaped charges. In general, the 
magnitude of twinning in the thick-walled cylinders 
seems to be less than that in targets attacked by 
shaped charges. 


3A 
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The microstructure studies of 0.42°, C steel attacked 
No. 2 


firing 


by contact explosive (P.E charges, of hub 


fragments'® recovered afte! thick-walled ex 


plosively loaded 0.42°,, C steel cylinders, and of hub 


fragments’? recovered after firing thin-walled ex 
plosively loaded 0.45°,, C cylinders, also show twinning 
of the ferrite grains. 

that 
loaded 
the 


the 


It seems when a medium-carbon steel is 


impulsively with an explosive charge, the 


generated in the body is 


for 


some 


Stress 


magnitude of 


greater than critical stresses twinning, and 


the plateaus are related in unmner to the 


distribution of shock twins. 
The authors are most grateful to Professor D. S 
Kothari, Scientific Adviser to the Minister of Defence: 
for 


course of this investigation. 


his encouragement and interest throughout thi 
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Bundle structure of needle crystal of 
tungsten oxide 


Recently a number of morphologica 


the oxide crystals grown on metal surfac 


carried out by electron microscopical 


instance, Takagi") observed that the oxid: 


has a needle form. The 


the 


a tungsten filament 


also studied crowing and ey 


authors 


oxide by using 


tungsten 
the 


firmed that the needle cryst il of oxide has 


processes of 


device’” within electron microscope 


structure. 


By setting the tungsten filament of 


diameter in the specimen chamber of an 


microscope equipped with three lenses 


passing the electric current through it direct 


filament was heated from 700°C to 2900°C. According 
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(a) 


a) Needle 


at 850°C, 


crystals of tungsten oxide 
830.000. (b 


to the conditions of heating, needle crystals and 
When 
the temperature range was 700°C—LOOO’C in a vacuum 
of 7 4 10-4 mm 


crystals of several ten or several hundred angstr6éms 


plate crystals grew on the tungsten surface. 


10-2 to He. needle or rod like 
in thickness grew successively as shown in Fig. I(a). 

An electron diffraction pattern of one of the needle 
crystals shown in Fig. I(a) is illustrated in Fig. 1(b), 
which indicates that the crystal is y-tungsten oxide 
(WO, 


b-axis of the monoclinic system. 


and that the needle axis is parallel to the 
This photograph 


), corroded at the 
3mm Hg at 


Needle crystals as shown in Fig. 1 (a 
evaporation in a vacuum of 3 10 


LL00°c, 30.000. 


Fic. 2. 
tip by 


growing on the surface of a tungsten filament in a vacuum of 3 10 


(b) 


3mm Hg 


Electron diffraction pattern from one of the needle crystals shown in (a). 


corresponds to an oscillation photograph of a single 
crystal whose rotation angle is about 30° around the 
All other photographs of the crystals 
that 


needle aXIs. 


with various thicknesses showed the angular 
ranges were within 40 

From these photographs, the following three cases 
are possible for the structure of the needles. 

(1) A single crystal twisted around its axis, i.e. the 
orientations of the crystal in the root and the tip of 
different. 


(2) The needle is a pipe of a single 


the needle are 
crystalline 
plate wrapped around the axis. 

(3) A bundle structure of single microcrystalline 
needles, whose orientations are distributed within 
some angular range. 

Case (1) 


that the diffraction photographs of a selected small 


is concluded to be wrong from the fact 
area at the root or at the tip of the needle indicated 
the same kind of oscillation patterns. The following 
observations suggest to us that case (3) is more 
probable than case (2). 

When the temperature of the tungsten filament 
1100°C in the the 


needle crystals shown in Fig. 1 were corroded gradually 


was elevated to same vacuum, 
by an evaporation process at their tip, leaving some 
cores in the shape of candles with wicks, and gradually 
Fig. 3 is another type of corrosion. 
that the 


regions of the filament 


changed to Fig. 2. 


which indicates evaporation occurs in 


several wall and progresses 


in the direction of the needle axis. These facts seem 
that the 


needles which constitute the needle crystal under 


to indicate individual microcrystalline 
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b 


Fic. 3. Corrosion occurring from side wall of a needle ervstal. (a) and (b) are before and after 


corrosion respectively, in 4 10-4mm Hg vacuum at 1100°¢ 30,000 


observation are corroded independently. Such be- 
haviour seems to be evidence for the bundle structure 
of such a crystal. 

When the filament was intermittently heated at a 
temperature in the range 700°C—LOOO°C, which is 
suitable for the growth of needle crystals, it was 
often observed that the growth advances in the 
following way. During the first heating very thin 
needle crystals grew, whilst during the next heating 


their thickness increased and, simultaneously, a new 


thin needle appeared on its tip. This process was 


repeated during the subsequent heatings. The pro- 
cess is likely to be not incompatible with the 
formation of a bundle structure, and moreover gives 
evidence of tip growth of this crystal. 

H. HASHIMOTO 
Physical Institute K. TANAKA 
Kyoto University E. Yopa 
Sakyoku, Kyoto, Japan H. ARAKI 
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Dislocation etch pits in tungsten 

In recent years dislocations have been made visible 
by speci lized etching techniques, in an ever increasing 
number of metals and inorganic crystals?) but 
to the knowledge of this writer have not so far been 
observed in tungsten 

By employing an etching reagent cle veloped by 
Millner and Sass?) (2 parts 25°,, CuSO, solution and 
| part concentrated NH,OH), subgrain boundaries 
in are cast material and slip lines in swaged tungsten 
can be resolved into individual etch 


l 


in Figs. 1, 2, and 3. Care has to be 
completely the deformed surfac 
pit pattern is then reproducible after 1 
lytic polishing of the samples. The 
not critical; prolonged etching 
not more numerous, etch 

This feature 
of the etch pits along 
strongly suggest that 
dislocation sites. In are cas 
able for movement of dislo« 
cannot attain their e 
accounts for the etch pits se: 
for such imperfect boundaries 
of Fig. 2. Generally, the spaci 
pits along subgrain boundaries 
the vertical boundary in Fig 


It is noteworthy that not all 


pits, even though the subgrain 


sometimes be faintly visible as shallow 
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Fic. 3. Tungsten rod reduced 60 per cent by swaging. Rod 
The center grain shows dislocation pile-up 


axis is vertical. 
1300. 


on slip lines. The left grain contains sub-boundaries. 


a {100} plane, as indicated by the hatched areas in 


en in slightly oblique illumination, 
mmonium sulfate. Dislocation etch the standard stereographic projection, Fig. 4. 
at subgrain boundaries and are scattered in the 
of the subgrains 2000 The tilt angle between subgrains can be calculated 
from the spacing of the etch pits. The average 
low magnification. Grains that do not develop etch 
pits have a rough surface after etching (see right 
grain in Fig. 3), while grains with etch pits are very 


smooth. An X-ray check of a number of grains 
evealed that etch pit formation is orientation depend- 
ent. Etch pits are developed only on surfaces which 


of less than approximately 38° with 


| 
Fic. 4. Standard stereographic projection of body-centered 
cubic crystal. The [110] direction is vertical. This is also 
1G. 2. Arc cast tungsten. Subgrain boundaries at right are the orientation of the rod axis. The hatched areas represent 
lower left dislocations have been arrested those surtace orientations on which dislocation etch pits are 


ell formed; 
A or B is the orientation of the center 


the process of migration toward the subgrain boundary. produced in tungsten. 
L000. grain in Fig. 3. Slip plane is one of the {112} planes marked. 
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distance D between pits in the vertical boundary 
From D b/0 
50 seconds of are when 
111 
Since the grain orientation with respect 


of Fig. 1 is 1.l pw. we obtain an 
approximate tilt angle of 6 
6 is taken as the interatomic spacing in the 
direction. 
to the sample surface is not taken into account, the 
calculated value is the lower limit of the tilt angle 
at this particular boundary. As seen in the pictures, 
most subgrain boundaries have a higher dislocation 
density indicating a considerably larger angle of 
misfit. In preliminary X-ray studies, using a double 
crystal X-ray spectrometer, average angles of mis- 
alignment between subgrains have been found to be 
of the order of 200 seconds. This is in good agreement 
with the angle calculated from etch pit spacings, 
considering the different modes of measurement. 

In swaged material, accumulation of dislocations 
on slip planes has been observed, as shown in Fig. 3. 
The left grain boundary in the figure obviously 
constitutes a barrier against which the dislocations 
have piled up. Similar observations have been made 
by Jacquet’ on brass. Because of the small grain 
size, the orientation of individual grains in the sample 
surface could not be measured. Certain deductions 
however were made, using the fact that deformed 
110 
of any grain in a longitudinal section will therefore 
90 110 These 


orientations can be represented by the horizontal line 


tungsten tends toward a texture.) The surface 


have an orientation away from 


in the stereographic projection, Fig. 4. As mentioned 


above, only grains with surface normals approximately 
In 


Fig. 3, 


between A and B will show etch pits. 


a rough patch of grain surface is observed at the 


left of the middle grain. Consequently, the 
orientation of this grain can be assumed to be very 
B. Presumably, the {112}(111 


system is operative in tungsten.'® Slip lines would, 


lower 


close to A or slip 


therefore, be traces of {112} planes on the sample 


surface. In Fig. 3 an angle of 35° between rod axis 


and slip lines was measured. The four {112} planes 
marked in Fig. 4 fulfill this condition. 

It has generally been found that decoration of 
dislocations is necessary in order to reveal them by 
The 


tungsten has not yet been investigated. It 


etching. etching mechanism operative in 
appears 
probable, however, that decoration of some kind takes 
place. The amount of impurities present (in the 
order of magnitude of 0.01 wt.°,) is certainly sufficient 
and the swaging temperature (around 950°C) is high 
enough to move atoms to the new dislocation sites. 

It is hoped that further investigations of slip in 
tungsten will benefit from the etch pit technique 


described. Work is continuing along this line. Stimu- 
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lating discussions with J. W. Pugh and S. Leber are 


greatly appreciated. The latter also performed the 


X-ray diffraction investigations. 


WOLFF 


Ursuia E. 
Refractory Metals Laboratory 


Lamp Wire & Phosphors Department 


General Electric Company 
Cleveland, Ohio 


References 


1. A. J. Forty, Advanc. Physics 3, 1 (1954). 
2. J. J. GitMan and W. J. Jounston, J 
LOIS (1956). 
T. MILLNER and L. 
(1953); also Henry Brutcher Translation No. 3281 
P. A. JACQUET, Acta Met. a 752 and 770 (1954) 
E. Erriscu, M. Potanyt and K. WEISSENBERG, Z 
Chem. 99, 332 (1921). 
GoucHER, Phil. Mag. 48, 800 (1924). 


ppl 


SASS, {luminium (Budapest 


phys. 


Received December 5, 1957; revised version March 3, 


1958. 


Sur le processus de germination et de 
croissance de la phase CuO au cours 
de l’oxydation superficielle du cuivre 
dans l’air dans l’intervalle 970°-1025°C* 


Dans une précédente communication” nous avons 


montré que dans l’intervalle 600-970°C la pellicule 
d’oxydation du cuivre dans l’air est constituée a la 
température de l’essai par 2 couches continues et 


compactes de Cu,O et de CuO quelle que soit la 


durée d’oxydation. Il n’en est plus de méme quand 


la température dépasse 970°C. Effectivement, si 


on réalise une série d’essais d’oxydation isotherme 


a une température comprise entre 970°C et LO25°C 


terminés par une trempe a l’eau on constate que pout! 
les courtes durées d’oxydation la pellicule est con- 


stituée exclusivement d’oxyde Cu,0 comme | 


démontre la couleur rouge foneé de sa surface et 


son examen au microscope (Fig. 1). Quand la durée 


d’oxydation atteint ¢, apparaissent les premiers 
germes de la phase CuO. A mesure que cette duré« 
augmente de nouveaux germes apparaissent croissant 


en général de fagon isotrope, suivant le plan de la 
surface, de sorte qu’ils conservent la forme circulaire 
jusqu’a leur contact réciproque. Les micrographies 
des Fig. 2(a) et 2(b) montrent un tel germe sous deux 
Fig. 2(b) 


croissance du germe ne 


prouve en particulier 


pal 


étre beaucoup influencé par les joints de grains de 


orossissements. La 


front de semble 


que le 


la phase support Cu,O. Pour la durée ¢, la totalité 
de la 


couche continue de 


l’échantillon est recouverte d’une 


surface de 


99 
wis 
5. 214 
| 
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d’une pellicul d’oxvdation 
990°C pendant 20s et trempée 


x 300. 


de CuO sur la surface d'une _pellicule 


superficielle du cuivre: 990°C—2 mn trempée dans l'eau. 
75. S00. 


Les durées limites f, et ¢; qui augmentent réguliére- 


ment avec la température de l’expérience sont 
légerement variables avec les conditions opératoires 
(telles que lintensité du flux d’air ascendant dans 
le four etc.) et d'un essai a l'autre. C’est pour cela 
qu’elles ne sont données cu’a titre indicatif: pour 
les températures extrémes 970 et 1020°C elles sont 
de 5s, 30s et 25mn, 90 mn respectivement. La 
Fig. 3 donne l’aspect des surfaces de 4 échantillons 
a proportion croissante de surface recouverte par 
la phase CuO. 

L’étude détaillée des échantillons oxydés montre 
que le vitesse de germination (nombre de germes 
nouveaux qui apparait par cm? et mn) diminue 
constamment de 980° a 1025°C de méme que la vitesse 
de croissance (cette derniere passe en particulier 
d’environ 1,5mm/mn a 980°C 40.25 mm/mn a 1020°C). 

Les particularités de l’apparition de la phase CuO 
dans les pellicules superfictelles du cuivre sont 
conditionnées d’une part par la diffusion du cuivre 
vers la surface de la pellicule dont la vitesse dans 
des conditions isothermes est en premiére approxi- 


mation inversement proportionnelle a son épaisseur 


\ ; 
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obsesvé doit presente! certain caractere de 


cénéralité et qu il est vi emblablement susceptibi 


d’étre étudié toutes les qu'un oxyde supérieur 


formant la couche externe de la pellicule d’oxydatior 


superficielle d'un métal devient instabl 1u-dessus 
dune certaine température limite 


L’auteur tient a adresse ses) remere 


“Consejo de Investigacion Cientifica 


versite de Concepcion ("| ili poul les trond 


ment iccordes a M J Bénard protess 


I 
Faculté des Sciences de Paris pour il 


porte L son tri 
| 
experimentale 
Fic. 3. Aspect de la surface d’échantillons de cuivre oxydés 
superficiellement a 990°C pendant des durées croissantes: Département de M étallurqi 
(a) 20 s (b) 2 mn (c) 3 mn (d) 4 mn. . . 

Escus la de In jenrveria Ouimica 


et croit rapidement avec la température, et d’autre Université de Concepcion (Chi 


part par l’instabilité croissante, 4 mesure que s’éléve la 


température, de la phase CuO qui se dissocie suivant References 
la réaction CuO Cu,O Q,. 


Soulignons pour terminer que le phénomeéne 
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THE TEMPERATURE DEPENDENCE OF THE FLOW STRESS OF AN 
AGE-HARDENED ALLOY* 


A. KELLY and C. CHIOU? 


Measurements have been made of the critical resolved shear stress of single crvstals of ar 


copper alloy betwen 77°K and 373°K. 
Preston zones of the first kind. 


reversible change of flow stress with temperature during deformation has also been 


reversible change of flow stress varies with temperature in a manner similar to that 


By changing the temperature during deformation of these cryst 


aluminun 


The crystals were aged so that they contained only Guinie1 


als the 


I measured, This 


hown by pure 


aluminum crystals in that, after elimination of the variation of the elastic constants with t mperature 


it is approximately constant at temperatures above 160°K but increases at lower temperatures 


From comparison between the results obtained from crystals 


“‘reverted”’ so that the zones are redissolved, it 


is suggested that the 


ls containing GP zones and 


temperature dependence 


flow stress is governed by some thermally activated process which enables the dislocations to 


passing through the zones. The most likely process seems to be cross slip 


RELATION ENTRE LA TEMPERATURE ET 


sA TENSION 


DECOULEMENT D’'UN ALLIAGI 


DURCISSANT 


Les auteurs ont mesuré la tension de cisaillement critique de monocristaux d’un alliage 


K et 373°K. 
Preston de premiére espece uniquement. En 


cuivre entre 77 


modification réversible de la tension d’écoulement a été mesurée. 
de la méme maniére que pour des cristaux d’aluminium pur, a savoir: 


des constantes élastiques avec la température, la tension est approximativement 


Ces cristaux avaient été 


variant la 


aluminium 
vieillis de facon a contenir des zones de Guinier 
temperature au cou de la déformation, 

Cette tension dépend de la te 


mperature 


apres elimination de variation 


on 


températures supérieures a 160°K mais s’accroit pour des températures plus basses. 


La comparaison des résultats obtenus pour des cristaux contenant des 


zones et poul de Ss cristaux 


soumis & une réversion pour redissoudre ces zones, semble montrer que la relation entre la température 


et la tension d’écoulement est régie par un mécanisme d’activation thermique qui permet aux disloca 


tions d’éviter la traversée des zones. 


DIE TEMPERATURABHANGIGKEIT DER 


FLIEBSPANNUNG EINE 


Le mécanisme le plus adéquat semble ét r| ent oist 


SGEHARTETEN 


LEGIERUNG 


Die kritische Schubspannung von Einkristallen einer 


77°K und 373°K gemessen. 
Zonen erster Art enthielten. 


reversible Anderung der Flie8spannung in Abhangigkeit von der Temperatur gemessen 


Anderung der FlieBspannung hangt in ahnlicher Weis 


Temperatur ab: Sie ist nach Elimination det 


nahezu konstant bei Temperaturen oberhalb 160°K und nimmt 


Der Verrgleich zwischen Ergebnissen von Kristallen, dic 


Die Kristalle waren so ausgelagert worden, dass sie nur 


Weiterhin wurde durch 


Te mperaturabhangigke it der « 


Aluminium Kupfer Le oieru 
Guinier 
Verform 


Diese 


Temperaturwechsel wahrend der 


wie bei reinen Aluminiumkristallen 


bel tiefere1 Tempe! 


GP Zonen ent 


, und 


Kristallen, in denen die Zonen wieder aufgelést sind, weist darauf hin, dass di 


der Flie8spannung durch einen thermisch aktivierten Vorgang bes 


ermoglicht, das Durchschneiden von Zonen zu vermeiden. Der wahrs 


Quergleitung zu sein. 


1. INTRODUCTION 
Recent experiments on the temperature dependence 
of the flow stress of pure metal single crystals":*-% 
have yielded valuable information on the nature 
of the elementary dislocation processes which deter- 
mine the flow stress. It is of particular interest to 
extend these measurements to alloy crystals and 


especially to those in which relatively large imper- 


In this way 
of the 


fections of known structure are present. 


information can be obtained on the nature 


* This research was sponsored by the United States Air 
Force through the Air Office of Scientific Research of the Air 
fesearch and Development Command, under Contract 
No. AF 18(600)—1468. 
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interaction between dislocations and cohe 


he structure and arrangement 


X-ray 


system has been extensively studied 


pitates 


be found by methods. The alumi 
and 
between the 


lation exists appearance ot 


structures obtained on ag 

saturated solid solution 

of the alloys 1,5 

ched 


aged 


In aluminum alloys containing 2 at Cu, que 


to room temperature from the x. phase field and 
for 24 hr at 130°C, the copper atoms segregate to form 


sheets of almost pure copper on {100! planes of the 
are about one 


50 A to 


matrix. These ZOneS 6,7) atom plane 


A.) The 


neighboring atomic planes of the matrix show small 


thick and vary in size from 100 


| 
 cerstante pou 
SE |. | | 
ing db 
von 
!astischen Konstanter 
i 
ome 
Corre 
7 
os 
I 
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departures from the normal interplanar distance.'*>% 
After the aging treatment cited above, it is estimated 
that all the copper atoms are situated in the Guinier- 
Preston zones.) 

In the 
aluminum-—2 at. °, Cu, aged so that they contain only 


present experiments single 


Guinier—Preston zones, have been subjected to 
tensile tests at a variety of temperatures. To deter- 
mine the effects of these zones experiments have also 
been conducted on aged crystals which have been 
that the 


completely redissolved.‘ 


“reverted” so Guinier—Preston zones are 


2. EXPERIMENTAL DETAILS 


Two sets of rods of aluminum-—copper, one con- 
taining 4.23 wt. °, Cu and 0.001%, Si as impurity and 


the other 3.8 


wt. °, Cu with no detectable impurity, 


were kindly supplied by the Aluminum Company of 


America. These were rolled to a thickness of 0.08- 
0.1 in, and shouldered tensile specimens milled from 
the pieces. These had gage dimensions in the reduced 
about 1.5 0.1 


were converted into single crystals throughout the gage 


section of 0.07 in. They 


CTOSS 


length by annealing for 5 min at 550°C, straining 


| per cent in tension and simply lowering them 
into a salt pot furnace at a temperature of 560°C. The 
specimens were held in the furnace for 12 hr, then 
removed and the orientation of the single crystals 
determined by the Laue X-ray back reflexion method. 
The specimens were then replaced in a salt pot fur- 
annealed for 2hr at 555°C, quenched 


nace, and 


into water at room temperature and immediately 
placed in an oven at 125°C and aged for one day. In 
the case of the alloys containing 3.87°, Cu the aging 
at 125°C was prolonged 2 days The specimens were 
then held at room temperature until tested. One single 
crystal, 0.6 mm thick, was subjected to the above 
treatment and then examined by an X-ray low angle 
scatter method. Only intense streaks, corresponding 
to Guinier—Preston zones similar to those described 
by Silcock et al.,“) were observed. As a check on the 
reproducibility of the aging treatment, pairs of single 
crystals were prepared and one subjected to the above 
treatment while the other was solution treated for 24 
hr at 555°C and then quenched as above. In another 
case one member of the pair was air quenched and the 
other water quenched. In neither case did the crystals 
subjected to these different treatments yield results 
differing from the majority. 


Reversion of the specimens after aging was accom- 


plished by placing specimens in a bath of boiling 


benzyl alcohol for 6 min. The temperature of the 


bath was 205°C, 
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The crystals were deformed in an Instron Tensile 
Testing Machine at a strain rate of 10-4 see~!. During 
deformation the temperature of a crystal was con- 
trolled by immersing it in one of the baths detailed in 
Table 1. 
consistently with a calibrated chromel alumel thermo- 


The temperatures given were those found 


couple placed close to the specimen, and were repro- 
ducible to +-2°K. In the case of the propyl! alcohol 
bath the liquid was not frozen but was used at a 
temperature of 14°K above the freezing point, because 
of the extreme viscosity of this substance close to its 
melting point. Specimens were not deformed at a tem- 
perature greater than 373°K because this approached 
the temperature of aging (398°K). When changing the 
temperature of a specimen during a tensile test, the 
specimen was brought to the desired temperature as 
determined on the thermocouple, and held at this 
temperature for a standard period of 5 min before 
continuing the test. 

The orientations of the crystals tested are shown in 
Fig. 1. 


was verified as 


It may be remarked here that the slip system 
110) {111} in three erystals by a two 
surface analysis of the slip traces, and by determining 
the orientation of these crystals before and after 


deformation. 


3. EXPERIMENTAL RESULTS 

3.1 Critical resolved shear stress 

Since the crystals were grown by the strain anneal 
method with no attempt made to control the orien- 
tation, the variation of critical resolved shear stress 
with temperature was found by testing a number of 
different specimens at each of a variety of tempera- 
tures. The results are shown in Fig. 2. It is seen that 
the critical resolved shear stress measured at any one 
temperature depends upon the crystal orientation. At 
any one temperature the maximum spread due to 
different orientations is less than 25 per cent of the 
lowest value. This variation with orientation is about 
the same as that found in pure metals.“” All the 


results indicate that the critical resolved shear stress 


TABLE 1. Temperatures of deformation 


Measured temperature 
of specimen 
( 


Liquid nitrogen 

n-propyl alcohol 

Acetone plus solid carbon dioxide 

Solid and liquid calcium chloride 
solution 

Ice and water 

Boiling water 


77 

160 

200 

233 

273 

373 
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Initial orientations of the tensile axes of 
the crystals examined. 


Fic. 1. 


increases markedly below 200°K. The orientation of 
crystals 24, 25 and 9 are similar, and as can be seen 
from Fig. 2 these indicate that the critical resolved 
shear stress varies little with temperature above 200° K 
but increases at lower values. The ratio of the average 
critical resolved shear stress at 77°K to that at 273°K 
is 1.58 and the same quantity found from crystals 20 
and 8 of very similar orientation is 1.52. The change 
in average critical resolved shear stress when the 
temperature is changed from 273°K to 77°K is 4.6 


9 
ko/mm?, 
2.2 Reversible chang of flow stress with te mp rature 


The measurements of the temperature dependence 


of the critical resolved shear stress determine the 


temperature dependence of the process which occurs 


so that either dislocations are formed or those already 
present are first enabled to move. This process may 
not be the same as that which controls the resistance 
to motion of the dislocations during deformation. 


kg /mm? 


SHEAR STRESS, 


SOLVED 


CRITICAL Rf 


Fic. 2. Variation of critical resolved shear stress with 


temperature for crystals containing GP zones. 


STRESS 


AN AGE-HARDENED 


kg/mm? 


RESOLVED SHEAR STRESS 


3 4 5 
ELONGATION, % 


Fic. 3. Stress—strain curve for crystal 8, containing 


GP zones, 


deformed alternately at 273°K and 77°K 
The temperature dependence of this latter process may 
be found by changing the test temperature during 

The method used may be illustrated by the results 
shown in Fig. 3 for crystal 8. The crystal was strained 
to | per cent elongation at O°C and then unloaded 
so that a small stress of about 0.5 kg/mm? was main- 
tained to hold the alignment. 


the 


The temperature was 


changed to 77°K and crystal again strained 
plastically 1 per cent. The crystal was then once more 
unloaded to a stress of 0.5 kg/mm, the tempera- 
The 


at the 


ture returned to 0°C and the procedure repeated 
ratio of the load at the point B in Fig 3 to that 
A gives directly the ratio of the flow stress at 


to that at O°C for 


point 
a crystal in the condition 
The 


iS values oT the resolved sneat 


represented by the point A values of the load 
have been calculated 
stress in the figure for the purpos¢ 
values of this latter quantity 

By using temperatures other than 77°K the 


using at 


of the flow stress at 


temper! iture 


has heen found 
crystals for each of the temperatures shown in 


It appears that the ratio O 7/Fa73 18 inde pe ndent 


Nas be 


total strain to which the crystal 
to within better than 2 per cent, prov 


to 160 KK or greater. 


ELONGATION, 


tio of the flow stress at 77 to tl 


Fic. 4. Ra » the 
for crystal 9, and of the L60°K 
979 


273°K for crysta 


flow stres 


14 
13 | 
\ 1 | | | = 
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TABLE 2. Values of o-;- Oar for cry stals 9 and 28 


Crystal 9 (containing 
Crystal 28 (reverted) 
GP zones) 


Elongation Elongation 

) 77 273 
0 


02.5 
10.04 
10.9 
15.28 


16.11 


77°K and 273°K a slightly different behaviour was 


found. Fig. 4 shows a plot of the values 072/575 for 


crystal 9 and 669/073 for crystal 22. In the latter case 


it is seen that o7p/oo7, is indeed independent of elon- 
gation, but the values for crystal 9 fall rapidly in the 
first few per cent of strain and then reach an approxi- 
The actual values obtained 
After about 5-6 


mately constant value. 
from crystal 9 are shown in Table 2. 
per cent elongation the values found are approximately 
but 
tendency towards lower values at the highest elon- 


constant up to fracture, there is still a slight 
gations. To compare the ratio 77/057, with that found 
at other the 


always observed in this approximately constant range 


temperatures, value of Was 


at elongations of >5 per cent. Four crystals were 


tested between 77°K and 273°K. The average value 
, for each of these crystals found at elonga- 
) per cent is shown in Table 3. The values 


1.33. It is thought that the 


tions of 
vary between 1.23, and 
difference between crystals is real and not due solely 
to experimental error, since the values obtained from 
any one crystal were quite consistent and all showed 
the same trend as illustrated for crystal 9 in Table 2. 
The 
differences in 
treatment was identical, or to differences in orienta- 


due to 
the 


difference between crystals may be 


aging behaviour, even though 
tion. The crystals giving the higher values of 072/057, 
had orientations closer to the [100]-[111] boundary of 
the unit triangle. 

Since the ratio of the flow stress determined in this 


TABLE 3. Average values of 6,;/0573 
teverted crystals after 


Crystals contaming 
deformation at 273°K 


GP zones 


Crystal 
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way was independent of elongation, i.e. independent of 
the cold worked state, transitions between a number 
of temperatures and 273°K were often made on the 
same specimen. In this way any variation among the 
various specimens could be eliminated. No significant 
difference of the ratio o7/0,7, was found for tempera- 
ture increases compared with that for temperature 
decreases, thus no work softening effect was appar- 
Tests at 
vield point at the beginning of plastic flow 
When this occurred the 


77°K sometimes showed a small 
this may 
be seen in test B in Fig. 3. 
value of the flow stress was always obtained by 


extrapolating back the plastic flow curve after the 
yield point, and determining the intersection with the 


curve of elastic extension. This effect was also obser- 
ved at temperatures other than 77°K but was less 


When fixed 


temperatures were made for one specimen, a yield 


marked. transitions between two 
point was found only at the lower temperature, e.g. at 
273°K when transitions were made between 373°K and 
273°K. It is thought that this effect is the same as that 
found in pure metal crystals of face centered cubic 
structure.) 

Fig. 5 shows a plot of the ratio 07/07, against 
temperature. - 160°K 
have been averaged for all specimens, and the spread 


The results obtained with 7' 


of values found at 77°K is shown because it is possible 


as mentioned above that the difference between 


specimens is significant. 

Since the elastic constants of a crystal depend on 
temperature and many theories predict a_ linear 
dependence of flow stress on rigidity modulus, it was 
decided to find out if the variation of o7/¢,7, could be 
this. Values of Young’s 


modulus for an identically treated polycrystalline 


accounted for solely by 


specimen of the same composition as the single 
crystals were found at four temperatures using the 
method in the 
The results obtained are shown in Table 4. 


dynamic apparatus described by 
Fine.“ 


A plot of these values was made and a smooth curve 


“200. 250270 300 350 370 
TEMPERATURE, °K 
Fic. 5. Variation of quantity o7/o,;, with temperature. 
X measured values. 
values of quantity (G7/02;3)(2.;3;/E7) where 
E Young’s modulus. 


- 56S 
0.82 1.35; 4.25 1.11 
5.0 1.26, 5.4 1.26 
7 1.26. 6.55 1.26, 
1.23, 1.6 1.27, 
1.23. 10.5 1.24, 
1.23, 14.66 1.28 
1.23. 
| 
| 
le 
1°25} ? + + + 
is 
| 
ro 
O77/Corg Crystal 
3 1.33 28 1.26 
Ss 1.30 29 1.26 
1.24 30 1.30 
32(3.87% Cu 1.25 31 1.29 
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TABLE 4. Values of Young’s Modulus for a 
polycrystalline specimen of Al—4.23% Cu 


aged | day at 125°C. 


Young’s Modulus 


Temp. (°K) ° 
(kg/mm?) 


8.025 
7.463 
348 
.148 


‘ 


drawn through the points and the values of Young’s 
modulus at the temperatures of the tensile tests, 
It 


Young’s modulus with 


found by extrapolation or interpolation. may be 
noted that the variation of 
temperature is almost identical with that of the 
rigidity modulus for pure aluminum over the tem- 
perature range used here.“*) Fig. 5 shows the tem- 
perature variation of the quantity (6 7) 
where # = Young’s modulus. This quantity appears 
to be independent of temperature at 160°K or above 
but rises steeply at lower temperatures. The point at 


77°K is the average value for the four crystals. 


3.3 Reverted crystals 
All the crystals used in the experiments described 
GP To 


ascertain the effect of these a number of tests were 


in sections 3.1. and 3.2. contained zones. 
conducted on crystals which had been subjected to a 
reversion treatment. These specimens were aged in an 
identical manner to those containing GP zones but 
were then heated for 6 min at 205°C. The resulting 
crystals contain a supersaturated solid solution of 
copper in aluminum with no detectable precipitation 
One 
structure at room temperature by quenching from the 
In the state 


precipitation occurs at 


having occurred.‘ cannot obtain such a 
no detectable 
in the 
») hr.“6) 


30, 


a-phase field. reverted 


room temperature, 
specimens used here, for a period of some 

The critical resolved shear stress of crystal 
tested at 273°K after reversion, was 3.0 kg/mm?, and 
crystal 31 of very similar orientation gave a value 
4.03 Thus 


crystals indicate an increase in critical resolved shear 


kg/mm? at 77°K. these two reverted 
stress of 25 per cent as the temperature is lowered 
from 273°K to 77°K. 

An attempt was also made to determine the value of 
the ratio 077/67, for the reverted crystals during 


The 


shear 


Fig. 6 shows a test on erystal 28. 


showed 


deformation. 
first test at 77°K 

of 4.25 ot 
hardening. When the temperature was raised to 273 


a critical resolved 


stress kg/mm? followed by a low rate 


K, very rapid hardening occurred during the first 


0.5 per cent or so of strain and the flow stress soon 


ss 
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exceeded that at 77°K. On returning to 77°K the 


flow stress is seen to be very markedly increased, and 
determined by 
1.27 
(see Table 2). The flow stress ratio determined at the 
A in Fig. 1] 


repeated on three othe crystals. 


thereafter the value of the ratio O77/O07 


five subsequent temperature transitions was 


6 was | This experiment has been 
If the first 


carried out at 273°K all temperature transitions give 


point 
test 1s 
on any one crystal to within 
If 


77°K a low rate of work hardening is found a 


the same value Of 677/075 


better than 2 per cent the first test is made at 


changing the temperature to 273°K a ve ry low 


of a7, was always found. (Crystal 28—1.11, 29-1.16 


31—1.11). 
first test 


73 


This occurred independently of strain in the 


at 77°K. After any test at 273°K a va for 


Me 
077/073 of 1.26 or greater was found onchan ging to77 KK 
The values found for crystal 28 are shown in Table 2 


and in Table 3 appear the average values for ¢ 


the crystals tested in a similar mannet 
for the 


same Way 


found 
the 


modulus values were also 


polycrystalline specimen in 


containing GP zones. The figure obtained 


was 8.13 10? ko/mm? and at 273°K 


kg/mm?. 

It is known that deformation of a quenched alumi 
num alloy at room temperature 
formation of 


that 


copper 
increases the rate of GP zones at this 
Graf) 
formation of GP zones occurs during « 
There ¢ 


above experiments that zone formation occurs 1 


temperature. found almost complete 


r immediat 


after deformation in be little doubt from the 


” 
Lpla 
at room temperature in plastically deformed reverts 


ce 


necessary ol whe 


alloys. However, whether formatio1 


Is ther pre 


temperature 


occurs at room temperature immedi 


deformation at 77° KK, cannot be decided 


tests alon Until this is known, the 


transition Te 


found on making 


. 
93 103 
203 108 
274 10° 
323 103 
— 
Valle 
reverted 
tor + 
A 
Ly 
Fr 6. NStress—stran f 


570 


a first test at 77°K may not be identified with the value 
of this ratio characteristic of the change in flow stress 
with temperature during deformation of a reverted 
crystal. An X-ray experiment to decide this point 
is being made. 
4. DISCUSSION 
We first the 


resolved shear stress (o,) with temperature. Compari- 


may consider variation of critical 
son of the average value of o, for the crystals con- 
taining GP zones with the values for the reverted 
crystals shows that the formation of zones produces a 
3.00 or 4.25 kg/mm?, 


4.03 or 7.8 kg/mm?. 


change in o, at 273°K of 7.25 
and at 77°K a change of 11.85 
Thus the formation of zones strengthens the alloy more 
effectively at lower temperatures. This is also indica- 
ted by the fact that the ratio of o, at 77°K to that 
at 273°K is 1.5 whereas the elastic constants of the 
alloy vary only by a factor of 1.10. 

The critical resolved shear stress of the crystals 
containing zones shows a_ stronger temperature 
dependence than does the reversible change of flow 
This 


7/4273 


stress with temperature during deformation. 


would appear to explain the rapid fall of o 
the 


similar effect can be observed in the results of Cottrell 


7 


during initial few per cent of elongation. A 


and Stokes for pure aluminum crystals.” 

Fig. 5 indicates that at temperatures above 160°K 
the flow stress during deformation varies no more 
with temperature than do the elastic constants of the 
Below 


decreasing 


160°K, however, the flow stress rises 
This 
dependence is rather similar to that shown by pure 
Cottrell Stokes 


material. 


with temperature. temperature 


single crystals.“ and 


aluminum 


found o47/ to be 1.30 for one crystal and this may 


be compared with the values shown in Table 3 for the 
crystals studied here. 
\ theory of the 


flow stress of pure metal single crystals has been given 


temperature dependence of the 


by Seeger.“” This theory is able to account for many 
of the features of the results for pure metals, and it is 
of interest to see if it can explain the results obtained 


here. Seeger writes the flow stress. co. as 


0” is taken to be due to the stresses associated with 
the elastic strains present in the material, and depends 
on temperature as do the elastic constants. Og depends 
more markedly on temperature and is taken to be the 
the 


plane through the ‘“‘forest”’ of dislocations intersecting 


stress to force a dislocation in slide 


necessary 


that plane. This in general requires the formation of 


jogs in the dislocation lines, and thermal fluctuations 


may assist in the formation of these. Above a certain 
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temperature the process of jog formation becomes so 
easy that we may set gg = 0. Then for the strain 


rates used here we have 


when 7’ 


when 7 


Following 
1l60°K and 
160°K. 
l’ = 0.45 eV, a figure closely similar to that deduced 


For details of the notation see Seeger.“® 


these ideas we may set dg 0 above 


hence derive a value of U’ by putting 7) 


from Cottrell and Stokes’ results on pure aluminium 
(0.5 eV). 
Seeger@® as the activation energy for the formation 


This value of U has been interpreted by 


of jogs in extended edge dislocations in pure aluminum. 

However, although the temperature dependence of 
flow stress in these alloys is similar to that found in 
pure aluminum, the magnitude of the flow stress is 
different. The 
found in aluminum at 


very maximum value of flow stress 


room temperature is 


1.3, the 


pure 


about 1.5 kg mm”, so that. as 273 


ke/mm?. In 


maximum value of gg at 77°K is 
the alloys the difference between the flow stresses at 
77°-K and 273°K during deformation varies between 


2.5 and 


5.0 kg/mm*. Using the above theory the 
value of og in these alloys is then an order of magnitude 
higher than in pure aluminum. Hence the quantity 
v’ in equation (1) is smaller than in pure aluminum by 
a factor of ten. v’, the activation volume, is a measure 
of the average separation of the dislocations threading 
the glide plane. To account then for the magnitude 
of og the dislocation “‘forest”’ in these alloys must be 
denser by a factor of 100 than is the case in pure 
after deformation. Seeger 


aluminum, considerable 


assumes a value of 10-4 cm for the average separation 
of the 


aluminum. 


forest in undeformed 
then 


average 


dislocations in the 
After deformation we 
10-*-10°-5 The 


density in the alloy crystals would then vary between 


expect a 
value of cm. dislocation 
101° and 10!* dislocation lines per em?. The minimum 
value of 10'° dislocation lines per em? in the unde- 
formed alloy single crystals is a high one, and yet no 
change in X-ray line broadening is found in Al-Cu 
alloys when GP zones are formed.’ If this explana- 
tion of the change of flow stress with temperature is 
correct, then the difference between the flow stress 
of pure aluminum and that of these alloys, over the 
11 K& to 373K, due 


temperature must be 


solely to a large 


range 
difference in dislocation density. 
Since there is no evidence for these alloy crystals 
containing, in the undeformed state, a high density of 
reasonable to examine alter- 


dislocations, it seems 


native explanations. Let us suppose that the increase 


# 

U — 30 x kT x 

(1) 

= 0 7, ) 
— 

oO O07; Og: 
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of flow stress during aging is due to the formation of 
the GP zones. The presence of these zones could 
harden the alloy in two ways. Firstly, as suggested by 
Mott and Nabarro,@) strains in the matrix, which 
are known to be present from the X-ray evidence, can 
produce stresses adverse to the motion of dislocations. 
These will be largest in the vicinity of the precipitates. 
Secondly, the passage of a dislocation through a GP 
zone will lead to a change in the number of Al-Cu 
bonds in the alloy, and this in itself will lead to an 
increase in flow stress if the dislocations are forced 
through the zones. This is analogous to the short range 
order hardening proposed by Fisher.'*) Both effects 
would make the zones resistant to the 
dislocations. 

that at the 


majority of the dislocations are able to by-pass the 


It is suggested room temperature 
zones. One process by which this could occur has been 


suggested by Orowan."*) Orowan’s mechanism by 
itself would lead to the flow stress depending only on 
temperature, as do the elastic constants, and also to 
higher values of flow stress than are observed.) The 
temperature dependence of the flow stress indicates 
that the the 
obstacles is a temperature dependent one, and further 
that the that it 


readily above 160°K. This process might be the cross 


process by which dislocations avoid 


activation energy is such occurs 
slip of screw dislocations, which is observed at low 
stresses, ~0.4 kg/mm, in pure aluminum at 237°K and 
196°K®” but is not seen under the optical microscope 
at 90°K.[*) This idea is supported by Thomas and 
Nutting’s observations®® that slip lines observed 
the Al-Cu 


containing GP zones are wavy, and has already been 


under electron microscope in alloys 


suggested by Hirsch® to account for the appearance 
of slip lines in over-aged alloys. The ability of the 
dislocations to avoid the precipitate particles at room 
obser- 


suggested by Guinier’s 


that 


temperature is also 


vation” that deformation at temperature 


produced little change in the average size of GP zones. 


It seems then that at room temperature the dis- 
locations will be able to pass through the material 
and avoid the largest energy barriers by cross slip. 


The flow stress at high temperatures should then be 


STRESS 


passage of 
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determined by some average of the internal stress, as 


Mott Nabarro, and 
depend on temperature as do the elastic constants. At 


suggested by and hence should 
low temperatures however the process of cross slip 
becomes more difficult, and the flow stress will be that 
necessary to produce cross slip or to force dislocations 
the GP Whichever of 
processes requires the lower stress will be that deter- 
X-ray 


perhaps, decide whether the 


through zones. these two 


mining the flow stress. measurements could 


majority of the dislo- 


cations are forced through the zones at 77° K 
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THE INFLUENCE OF LATTICE DEFECTS ON THE ELECTRICAL RESISTIVITY 
OF A GOLD-COPPER ALLOY (7 at. % Cu)* 


B. M. KOREVAAR* 


Lattice defects were introduced in wires of a gold—7 at. % Cu alloy by quenching from 900°C o1 
450°C or by stretching 15 per cent at 195°C. The effect of annealing at temperatures up to 300°C on 
the electrical resistivity was investigated. For comparison the same experiments were carried out on 
pure gold. In the annealed state short range order exists in the alloy, which causes an increase in the 
resistivity at 195°C of about 3 per cent. This order is destroyed both by heating and quenching, and 
stretching the material; it may be restored by annealing between 40°C and 200°C, by means of a 
diffusion of lattice defects with an activation energy of 0.60 0.05 eV. From the initial velocities of 
ordering on annealing after quenching from 900°C and from 450°C, the energy of formation of these 
defects is found to be 0.93 0.10eV. After quenching only one recovery step is found; after stretching 
three different recovery steps may be distinguished. In the first of these steps, between 195°C and 

40°C with activation energy 0.3—0.4 eV, no ordering takes place. This gives an argument against 
the attribution of this step to double vacancies. The second step (between 40°C and 100°C) shows 
the same recovery mechanism as is found after quenching. In the third step, which was not fully 
investigated, recrystallization takes place. 


L°INFLUENCE DES DEFAUTS RETICULAIRES SUR LA RESISTIVITE ELECTRIQUE D’UN 
ALLIAGE OR-CUIVRE (7 at. Cu) 


On a provoqué des défauts réticulaires dans des fils d’un alliage Au—Cu (7% at.) soit par trempe a 
partir de 900° ou 450°C, soit par étirage de 15% a 195°C. 


4 L’auteur étudie alors l’effet sur la résistivité 
électrique, de recuits 4 des températures pouvant atteindre 300°C. A titre comparatif, les mémes essais 
furent réalisés parallélement avec de lor pur. A l’état recuit, un ordre a petite distance existe dans 
lalhage: il provoque a 195°C un accroissement de résistivité de ordre de 3%. Cet ordre est détruit 
par un chauffage suivi de trempe ou par un étirage; il peut étre rétabli par recuit & des températures 
comprises entre 40°C et 200°C, grace a la diffusion de défauts réticulaires dont l’énergie d’activation 
est de 0,60 0,10 eV. On n’observe, pour la restauration, qu'un stade aprés trempe; par contre il en 
existe trois aprés étirage. Au cours du premier de ceux-ci, entre 195°C et 40°C avec une énergie 
d’activation de 0,3 0.4 eV, aucun? réaction d’ordre n’intervient; c’est un argument a l’encontre de 
l'attribution de cette premiere étape de restauration aux lacunes doubles. Le second stade (—40°C a 

100°C) correspond au méme mécanisme de restauration qu’aprés une trempe. Enfin, la recristallisa- 
tion intervient au cours du troisiéme stade. 


VON GITTER-FEHLERN AUF DEN ELEKTRISCHEN WIDERSTAND 
EINER GOLD-KUPFER-LEGIERUNG (7 At. % Cu) 

In Drahte aus einer Gold—Kupfer-Legierung mit 7 At. % Cu wurden Gitterfehler einerseits durch 
Abschrecken von 900°C oder 450°C, andererseits durch Dehnung eingefiihrt. Sodann wurde der 
Sinfluss von Gliihbehandlungen auf den elektrischen Widerstand bei Anlass-Temperaturen bis zu 300°C 

Zu Vergleichszwecken wurden dieselben Untersuchungen an reinem Gold durchgefiihrt. 
In der Legierung besteht im angelassenen Zustand eine Nahordnung, die eine Zunahme des Widerstands 
bei 195°C um 3°% bedingt. Diese Ordnung wird sowohl durch Aufheizen und Abschrecken als auch 
durch Verformung beseitigt; durch Anlassen 40°C und 200°C kann sie mittels der Diffusion von 
Gitterfehlstellen mit einer Aktivierungsenergie von 0,60 0,10 eV wiederhergestellt werden. Aus 
den Anfangsgeschwindigkeiten der Ordnungseinstellung beim Anlassen durch Abschrecken von 900°C 
und 400°C wurde die Bildungsenergie dieser FehIstelelen zu 0,93 0,10 eV bestimmt. Nach Abschrecken 
wurde nur eine einzige Erholungsstufe gefunden, wahrend nach Verformen drei verschiedene Stufen 


zu unterscheiden sind. In der ersten Stufe (zwischen 195°C und 40°C, Aktivierungsenergie 0,3—0.4 


eV) erfolgt keine Ordnungseinstellung, was gegen die Zuordnung dieser Stufe zu Doppelleerstellen 
spricht. Die zweite Stufe (zwischen 40°C und 


100°C) zeigt denselben Erholungsmechanismus, wie 
er nach Abschrecken gefunden wird. In der dritten Stufe, die nicht 


vollstandig untersucht wurde, 
findet Rekristallisation statt. 


* Received January 8, 1958. This work is a part of the research programme of the Research group “‘Metals F.O.M.-T.N.O.” of 

the “Stichting voor Fundamenteel Onderzoek der Materie’’ (Foundation for Fundamental Research of Matter—F.O.M.) 

and was also made possible by financial support from the ‘Nederlandse Organisatie voor Zuiver Wetenschappelijk 

Onderzoek”’ (Netherlands Organization for Pure Research—Z.W.O.). 
+ Laboratory for Technical Physics, Delft, Holland. 
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1. INTRODUCTION 

Recently much work has been done on the beha- 
vior of lattice defects in pure metals. Compara- 
tively little is known yet about the behavior in alloys. 

This report gives results of experiments on a 
gold—copper alloy with 7 at. °,, copper. The change in 
the electrical resistivity, measured in liquid nitrogen 
(—195°C), as a result of quenching from 900°C and 
from 450°C, followed by annealing at temperatures 
up to 300°C, was investigated. Also the effect of an 
extension of 15 per cent in liquid nitrogen, followed by 
annealing, has been measured. 

The results of these experiments are compared with 
those of similar experiments on pure gold, and with 
the publications of Koehler et al.") Bradshaw and 
Pearson,’ Manintveld® (Au) and Brinkman, Dixon 
and Meechan“™ (Cu,Au). 


2. EXPERIMENTAL METHODS 


2.1. Quenching experiments 
Wires with a diameter of 0.25 mm are heated 
electrically in an atmosphere of purified nitrogen in the 


apparatus sketched in Fig. 1. The wires are mounted 


in a specimen holder, which has been fixed in a rubber 


plug. Plug and specimen holder are placed on a 
glass tube which in turn is placed in a glass vessel 
filled with water. The water, which in the normal 
position fills the glass tube to a level above the wire 
specimen, is pushed back by the pressure of the 
nitrogen gas. Thus heating is possible in a protecting 
atmosphere. Quenching is effected by lifting plug 
and specimen holder from the glass tube, so that the 
water in the tube rises to its normal position. Immedi- 
ately after immersion of the wire the heating current 
is switched off. Next the specimen holder is trans- 
ferred to a bath of liquid nitrogen, where the electrical! 
resistance is measured with a _ potentiometer of 
Diesselhorst pattern. 

To eliminate small fluctuations of current and 
temperature a comparison wire fixed in the liquid 
nitrogen is used. Annealing takes place by trans- 
ferring the quenched wire to a thermostat held at 
constant temperature (+-2°C). By returning the wire 
after certain periods to the nitrogen bath and 
measuring the change in resistance, the progress of the 
isothermal annealing process may be determined. The 
total annealing time used is one hour. Experiments 
were carried out at a series of annealing temperatures 
between —180°C and +300°C. 


2.2. Extension experiments 


Wires with a diameter of 0.25 mm are stretched in 


liquid nitrogen. On a specially Cesigned extenso- 


meter’ the variations of resistance and of 


resistivity 


with elongation of the wires are determined 


measurements of electrical resistance \ 


carried out with the wire unloaded As it 


possible to carry out annealing experiment 


apparatus (except at room temperature 
done with the specimen holder of Fig. | 
In this a fixed elongation is given to 


From the change in resistance the change in 


The 


always 


Was 
In 


this 


th 


I 


is then determined by means of the result 


extensometel experiments 
The annealing is done in 
quenching experiments 
3. MATERIALS 
For this investigation a gold—copper alloy 
at. °,, Cu) and pure gold (99.99°,) have been 


impurity content of the alloy is not exactly 


this 


Was 


The 


put 
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Au-7 at. °, Cu. Variation of resistivity (at 195°C) 


after quenching from the indicated temperatures. 


a spectrographic test proved the amount of impurities 
in relation to the copper to be very small. The material 
was drawn through dies from 0.50 mm to 0.25 mm 
diameter. 

The wires for the quenching experiments were 
vacuum annealed at 950°C for 7 hr and slowly cooled 
in the furnace. For the extension tests the wires were 
vacuum annealed for 3 hr at 600°C and slowly cooled. 
The grain sizes of the wires after these treatments 
were of the order of the wire diameter and about one 
tenth of this The quenching 
experiments were carried out as far as possible on the 


value respectively. 


same wire. For the tensile experiments a new wire 


was used for every operation. 
4. EXPERIMENTAL RESULTS 
4.1. Gold—copper alloy 
4.1.1. 


wire is measured in liquid nitrogen. 


The resistance of a 
Next the wire is 


nel ng experim nts. 


heated for 10 min, quenched and measured again. 


temperature is determined by measur- 


The heating 


the resistance 


at this temperature. This process 


at successively higher temperatures. In 
variation of resistivity with increasing 


termined. The result is shown in 


IS Qa 


2. The change in resistivity is given in percent of 


2. 
original value (3.3 10-® ohm-em). 


Annealing experiments were carried out after 


OO 


CHANGE 


Fic. 3. Au-7 at. % Cu. 
Isothermal annealing curves obtained by annealing at 
60°C and 160°C after quenching from 900°C. 


20°C, 


VOL. 


° 


CHANGE IN RESISTIVITY 4p/p 


no wt wo wa 
ANNEALING TEMPERATURE, °C 


Fic. 4. Au-7 at. % Cu. 
Variation of resistivity with annealing temperature and time 
after quenching from 900°C. 


quenching from about 900°C and from about 450°C, 
the temperature of the minimum in Fig. 2. 

The results are given in Figs. 4 and 5 respectively. 
The curves given in these figures were obtained from 
the experimentally determined isothermal annealing 
curves, of which some typical examples are given in 
Fig. 3. 

The change in resistivity in Figs. 3, 4 and 5 is given 
in percent of the value after quenching. 

After 900°C the 


resistivity above the minimum of Fig. 


quenching from increase in 
2 was about 
0.5-0.6 per cent. Owing to the inaccurate adjustment 
of the heating temperatures however, this value is 
subject to fairly large variations. 

From Fig. 3 and 4, it appears that ; 

(1) Annealing between 195°C and —40°C has no 
effect on resistivity. 
The change (at constant temperature) above 

40°C is at 
contrary to the effect in pure gold.“?) 
At temperatures 40°C the 
resistivity increase is followed by a (smaller) 


first an increase in resistivity, 


above initial 
decrease. 
(4) With 


initial increase of resistivity becomes smaller. 


increasing annealing temperature the 


Probably the decrease mentioned in item 3 would 
also appear at lower temperatures, if the annealing 


time was longer. 


IN RESISTIVITY 4p/p 


BON ADD 


INCREASE 


Fic. 5. Au-7 at. % Cu. 
ation of resistivity with annealing temperature and time 
after quenching from 450°C, 
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Fic. 6. Au-7 at. % Cu. 
Variation of resistivity with elongation in the 
I. Wire furnace-cooled after annealing. 
If. Wire quenched from 450°C. 


tensile test. 


From Fig. 5, it follows that 

(1) The increase in resistivity also appears after 
quenching from 450°C, but much more slowly 
than after quenching from 900°C. 

(2) The increase in resistivity (measured at constant 
temperature) is not followed by a decrease. 

(3) The total 100°C) 
is the same as after quenching from 900°C. 


increase (measurable above 


0.05 


the resistivity decrease (item (3), Fig. 4) no activation 


For both series an activation energy of 0.60 


eV was determined for the resistivity increase. 


energy could be determined. 

4.1.2. EHatension expe riments. In Fig. 6 the results 
are given of two tensile tests in liquid nitrogen. 

The wire used in the first experiment was furnace- 
cooled after annealing. The wire in the second test 
was quenched from 450°C and mounted in the tensile 
apparatus as quickly as possible (within 2 min.). From 
Fig. 6 it appears that with increasing elongation the 
resistivity first shows a decrease. The decrease in the 
Afte1 


passing through a minimum the resistivity increases 


first experiment is larger than in the second. 


again, the increase for the quenched wire being larger 
than for the furnace-cooled one. 


After an extension of 15 per cent, both wires were 


OM 
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Fic. 7. Au-7 at. % Cu. 
Variation of resistivity with annealing temperature and time 
after stretching 15 per cent in liquid nitrogen. 


ALLOY 


annealed at room temperature. They both show an 
increase in resistivity, that for the quenched wire being 
again the larger. 

Wires were stretched 
15 per cent in liquid nitrogen and afterwards annealed 
at different 


ana 
300°C. The results of these experiments ar 


4.1.3. Anne aling expe rements. 


temperatures between 
given in 
Fig. 7. The variation of resistivity is given in percent 
of the value after stretching. 

In these experiments three different recovery steps 
appear: 


195°C 449°C 


This is in 


(1) The first between 


shows a 


step, and 


decrease in resistivity 
agreement with the behavior of pure gold.@ 


10°C and 


The second step, between 
agrees qualitatively with the quenching experi- 
Annealing at constant tempera- 


ture in this step first gives a decreas¢ 


ments (Fig. 4). 
in resis- 
tivity (due to the first step) then an increase and 
finally, if the annealing temperaturé is above 


10°C With 


annealing temperature the maximum value of 


again a decrease. Increasing 
the resistivity becomes less. 
third 


Above 


more pronounced decrease marks the 


In the abov only 


Step 


decrease in resistivity is found 200°C 


of another annealing process \t 


perature a recovery of the mechani 


ties is observed. 


For the first step an activation 
The 
increase of the second step was 

4.1.4. Effect of 
Annealing in the first step had no m« 
After an 
step the yield strength showed an inert 
During afte: 


treatment. the 


enere\ 


and 0.4 eV was found ictivation e1 


Lbout () 65 


anneali Oo the 


] 


on the yield strength nealing 


cent further extension 


stress Was 


stress-strain curve Was 


initial 


this curve was followed again 


Influence of anne ailing 


stress 
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Fic. 9. Au. 
Variation in resistivity (at 195°¢ 
ture and time after quenching from 900°C. 


) with annealing tempera- 


4.2. Pure gold 

The experiments described above were repeated on 
pure gold. 

No change in resistivity was found after quenching 
from below 500°C. Quenching from higher tempera- 
tures caused an increase in resistivity. 

The results of annealing experiments after quench- 
9 and 10 


with 


ing and deformation are given in Figs. 


They are in good agreement 


1.2.3) 


respectively. 
earlier publications' 

The heating temperature before quenching was 
900°C. Quenching increased the resistivity 
10-6 


about 
by 3-5 per cent (from an initial value of 0.46 


ohm-cm). This increase completely disappears in a 


40°C and 


Over the whole temperature range the same acti- 


single recovery step between 300°C. 


vation energy is found (0.68 eV). The tensile experi- 
ments show no initial resistivity decrease as is evident 
in Fig. 6. The resistivity increase “‘anneals out” in 
three separate steps, all causing a decrease in resis- 
195°C and 40°C) 
has an activation energy between 0.30 and 0.40 eV. 
40°C to +100°C) the activation 
For the third 


determined, 


tivity. The first step (between 


For the second step ( 


energy is about O0.65eV. step no 


activation energy could be owing to 


the results. 


of the 


pronounced scatter in experimental 


Above 


KeS place. 


200°C recovery mechanical properties 


Fic. 10. Au 
Variation in 195°C) 
temperature and time aftera 15 per cent extension at 


annealing 
195°C, 


resistivity (at with 
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5. DISCUSSION 

The difference in behavior of the alloy and of 
pure gold can be explained by the occurrence of short 
range order in the former. 

Hirabayashi‘ and Damask‘) have found that 
short range order causes an increase in the resistivity 
of gold copper alloys. 

By quenching from high temperatures the ordering 
while subsequent annealing 


will be suppressed, 


restores the order. Deformation will also destroy the 
order. For a similar effect found by Aarts and 
Jarvis’®) in tensile tests on a gold-silver alloy, a 
different explanation has been given by Cottrell,* who 
supposed the occurrence of a concentration of one of 
the 
sponding with the effect in Fe-C alloys. In our case the 


alloying elements around dislocations, corre- 
resistivity change in the annealed and quenched 
wires is much larger than in the deformed material. 
From Cottrell’s explanation the reverse effect would 
be expected, the dislocation density in the deformed 
material being higher. So this explanation seems 
improbable. 

We shall now review the different experimental 
results in the light of the ordering theory. 

The results of the measurements on the alloy are 


compared with those on gold. 


5.1. Quenching expe riments 
The the 
state, always show a certain degree of order. On 


material will, in initial furnace-cooled 


From Fig. 2 it follows 
The 


increase in resistivity above 500°C may be explained 


heating the order is destroyed. 
that order has practically disappeared at 450°C. 


by the existence at high temperature of vacancies, in 
thermal equilibrium with the lattice, which are retained 
by quenching. 

The increase in resistivity above the minimum, 
caused by quenching the alloy from 900°C, is the same 
as the increase found by us in gold under the same 
conditions. 

On annealing above —40°C the excess of vacancies 
over the equilibrium concentration, caused by the 
quenching, will disappear by a diffusion process. 

In pure gold this gives a resistivity decrease (Fig. 9). 
In the alloy the diffusion of vacancies causes a 
displacement of atoms which will give ordering. The 
increase in resistivity caused by ordering is consider- 
ably more (about 5 times) than the decrease caused by 
the disappearance of vacancies. 

As a consequence of the large number of jumps 
necessary for annihilation of a vacancy (10°—10%), only 


a small number of diffusing vacancies is necessary to 


* See Broom.'!!) 


576 
Hoole aN 
\ 
£ 4 n 


KOREVAAR: RESISTI\ 
give complete order. (“Complete order’? means here 
the equilibrium amount of ordering at the annealing 
temperature). 

This supposition is supported by the quenching 
experiments from 450°C (Fig. 5). At high annealing 
temperatures the same degree of order is reached here, 
as with the quenching experiments from 900°C, the 
activation energy being the same in both cases (0.60 
eV). 

When complete order has been reached, the further 
disappearance of vacancies will give a_ resistivity 
decrease, which indeed is found experimentally (Fig. 
4). 
caused by quenching. 


This decrease is about the same as the increase 
After quenching from 450°C 
the number of vacancies is too small to give a measur- 
able lowering of resistivity. 

The number of jumps made by a vacancy during its 
life was calculated by means of the formula: 


n Azrvt exp (—Q,, 
where v is the frequency of atomic vibrations (~ 10! 
sec), A is an entropy of activation (~I1-10). is the 
coordination number of the lattice, ¢ is the annealing 
time and Q,, is the activation energy for movement of 
a vacancy. 

For the resistivity decrease in the alloy, after 
complete order has been reached, and for the resis- 
tivity decrease in quenched gold, the same number 
105—10° jumps is found. 

The 
proportional to the number of vacancies present. 


where Q, is the energy of formation of a vacancy and 


initial rate of resistivity increase will be 


This number is also proportional to exp 
T' the heating temperature before quenching. 
From the ratio of the initial velocities of resistivity 


and 450°C 


respectively, the energy of formation of a vacancy may 


change after quenching from 


be deduced. The value found in this way (0.93 eV) is 
not very reliable because the determination of velocity- 
ratio is inaccurate; but it is not likely to be in error by 


more than +-0.10 eV. This value is in good agreement 
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Variation of the equilibrium degree of short range order with 
temperature, 


100 


ITY OF Al 


for 


activation 


formation found vacancies 


The 


and 


with the 
gold.“?) of the 
formation of a 

0.15 eV. This value is considerably lower than the 
gold, for 


energy 
sum energies 


motion vacancy is then 1.53 


self diffusion in which a 


| st) eV 


activation energy for 
mean value of about is found 

for- 
mation of double vacancies during quenching and 


The 


move- 


The discrepancy might be explained by the 


annealing, as was suggested by Koehler et al 


diffusion process will then be governed by the 


ment of double vacancies with an activation energy of 


0.60 eV, which are formed when two single vacancies 


(activation energy 0.80 eV) meet. 


This explanation is not in contradiction with the 


experimental results if we suppose that after quench- 


ing from both 900°C and 450°C main! double 
vacancies are formed which is not impossible 


because of the relatively low quenching rate used in 
these experiments. 
With 


amount 


increasing the equilibrium 


ol 


te mperatul 
the 


ordering decreases. 


Consequent i\ 


resistivity increase on annealing becomes less iT 


higher temperatures. From the isothermal annealing 


curves the variation with temperature of the equili 


iegree ext! 


estimated, by 
The sult 


brium « of order may be 
polating the descending part to zero time 
Ll. 


From the shape ot t 


is given in Fig 


nis curve it may b¢ 


that only short range order exists in thi 
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The experiments of Fig. 6 m 
the supposition of short 1 
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destroyed This causes 
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increase 
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orde1 Th 


increases with increasing 


diminishing 


ing effects cause the n 
annealing the order retur! 
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in the 

ot 
quenched wire. it folloy 


the te 


annealing, than 


the appearance the 
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speedy enough to suppress all ordering. 
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Fic. 12. Au-7 at. % Cu. 


First recovery step after deformation at 195°C. 


comparison of the resistivity increases in Figs. 4 and 


7, it may be concluded that about one-third of the 
order disappears. 
T he and 10) 
separated in three different recovery steps. 
5.2.1. The first step (between 195°C and —40°C). 


In Fig. 12 this recovery step has been reproduced on a 


annealing results (Figs. 7 may be 


bigger scale for the alloy, as also in Fig. 13 for gold. 


Here the absolute value of the resistance change in 


wires of the same dimensions is given as a function of 


annealing temperature. It appears that in both cases 
there is a decrease in resistivity. In the alloy this 
decrease is somewhat larger than in the pure metal. 
this it concluded that the 


process in this step does not cause ordering. To 


From may be recovery 


check this conclusion annealing experiments were 
carried out at —70°C on an initially ordered wire and 
on a wire disordered by quenching from 450°C. The 
after 195°C, 


appeared to be the same for both wires. On further 


recovery stretching 15 per cent at 


innealing at -+-18° C, the resistivity of the disordered 
wire increased twice as much as that of the ordered 
wire. This result confirms our conclusion. 

A further inspection of Figs. 12 and 13 shows that 
this recovery step may be separated into two parts, 
195°C to 140°C and the second 
10°C, 


from 

140°C and 
The change in the first stage is a linear function of 
The 


of a 


the first 


between 


temperature and almost independent of time. 
the the 


diffusion process with constant activation energy. So 


change in second stage has features 


the resistiv ity change in this step is probably caused 


A > TEMPER 
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one For this 


reason the determination of the activation-energy of 


by more than recovery mechanism. 
the second stage (0.3-0.4 eV) cannot be very accurate. 

Concerning the mechanism of this recovery step 
there is no agreement in the literature.2%!” The 
principal theoretical suppositions are: 

(1) The diffusion of double vacancies 

(2) The diffusion of interstitial atoms. 

Now the diffusion of double vacancies would be very 
likely to cause a change of order in the alloy, as 
effectively as does a diffusion of single vacancies. 
Since no change of order is found, this mechanism is 
very improbable. 

Brinkman et al.) have given the following argu- 
ment to prove that the diffusion of interstitials does 
not influence order. Suppose that both gold and copper 
interstitials are generated by the deformation. 
Diffusion is possible either by a completely inter- 
stitial movement or by an interchange of position with 
the lattice atoms (interstitialey mechanism). 

The first process will not change the order, whilst 
the second will only do so if copper and gold atoms 
change places or vice versa. Because of a big differ- 
ence between the energies of formation (as compared 
with the activation energies for movement) for gold 


(Au 


position can occur between a copper interstitial and a 


and copper interstitials Cu). no change of 


gold atom. Thus as soon as all gold interstitials have 


been replaced by copper interstitials no further 


copper gold interchange is possible. So the order will 
affected. If we that 
interstitial atoms is responsible for recovery in this 


not be suppose diffusion of 
step, the separation in two parts may be explained as 
well. The second part may be caused by a free 
diffusion of interstitial atoms, while the first part is 
explained by a recombination of near vacancy- 
interstitial pairs. 

irradiation 


The 


240°C may be explained by a 


the results of 


liquid-helium temperature.“?) 


This is in accord with 
experiments at 
big recovery step at 

the 


pairs, while the gradual change at higher temperatures 


recombination of nearest vacancy-interstitial 
may be caused by elimination of pairs at increasing 
distances. 

However, it seems to us that the problem of the 
interpretation of this first step is by no means solved. 
5.2.2. The second recove ry step (—40°C to LOO-C). 
This step agrees qualitatively with the effect after 
quenching, so we may assume that the recovery 
mechanism is the same in both cases, namely a 
For the alloy the 


activation energy of this step is somewhat higher than 


diffusion of double vacancies. 


in the quenching experiments, especially at low 


578 
0-08 
4 
SSS 
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KOREVAAR: 


This behavior, which is 


contrary to expectation, is probably caused by the 


annealing temperatures. 


first recovery step being not quite complete, so that the 
resistivity values found in the beginning of the 
second step are too low. The number of jumps made 
by a defect before annihilation is found to be 10-10’, 
so the time necessary for the disappearance is smaller 
than in the quenched material by a factor of about one 
hundred. This explains the difference in the rate of 
The 


velocity of ordering is proportional to the number of 


recovery in deformed and quenched gold. 
divacancy jumps per unit time, which is not changed 
much by the deformation (same activation energy). 
So the velocity of ordering is about the same in the 
deformed and in the quenched alloy. 

The increase of yield strength in this step is a well 
gold—copper alloys. 


the 


known result of ordering in 
When by further 


diminished, there is a relative decrease of the yield 


extension order is again 
value. 


5.2.3. 


The third step (100°C-300°C). In the litera- 
ture" this step is usually separated into two parts. 
The first between 100°C and 200°C, and the second 
between 200°C and 300°C, where recrystallization 
takes place. 

In Figs. 7 and 10 these parts can readily be distin- 
The reproducibility of the measurements 
was not very good in this temperature range. Also 
the effects of diminishing order and disappearing 
lattice 
Hence no activation energies could be determined. 


guished. 


separated. 


No 


defects coincide and cannot be 


attempts are made to explain the recovery mechanism 


of this step. 
6. CONCLUSIONS 

From the above discussion it appears that the study 
of the annealing effects in alloys may throw new light 
on some of the problems concerning lattice defects in 
metals. 

From the behavior of the electrical resistivity of an 
alloy of gold and 7 at. °,, copper after quenching from 
800°C and 450°C, or deforming at —195°C, the follow- 
ing conclusions may be drawn: 

(1) In the alloy short range order exists, which 
of the 


about 3°, in 


195°C. This order may 


causes increase 
resistivity measured at 
be destroyed by heating and quenching or by 


deformation. 


RESISTIVITY 
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Order is re-established annealing between 


40°C and 


The ordering is caused by 


by 
200°C, 
a diffusion of point 
0.05 e\ 
From the initial velocity of the ordering altel 
150°C, the 


defects (activation energy 0.60 


quenching from 900°C and from 
of formation of these defects has been 
0.10 eV). 


Diffusion of divacancies is the most probable 


energy 


caleulated (0.93 


cause of the annealing effect after quenching 
After 195°C thre 


steps are found. 


stretching at annealing 


The recovery in the first step, between 195-C 
and 40°C with activation energy 0.3-0.4 eV 
does not influence the order. This provides an 
argument against the migration of divacancies 
in this step. Attribution of this step to diffusion 
of interstitials could explain the experimental 
results 

The 


100°C) is 


second LO-C te 


the 


behavior in the step 


qualitatively same 
quenching. Order is re-established 
The third step (100°C-300°C) was 


gated in detail. 
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THE FORMATION OF CUBE RECRYSTALLIZATION TEXTURES BY (112) SLIP* 


Cc. A. VERBRAAK?T 


Copper single crystals with various initial orientations were cold-rolled and annealed. It was found 
that on annealing a {112}(111) rolling texture, the orientations (100)/001)], (210)[001] and (210)[001] are 
formed. These orientations are explained as the untwinning of the {112}(111) rolling texture by “‘inverse”’ 
Rowland mechanisms. 

With increasing spread of the {112}(111) rolling texture around the most active gliding directions, 
the intensity of the cube texture component in the recrystallization texture increases, which is explained 
in terms of (112) slip and is demonstrated with the aid of a f.c.c. lattice model. 

The effect of phosphorus on the formation of the cube texture on recrystallization of rolled poly- 
cry stalline copper was investigated. The observed suppression of this texture could be ascribed to the 
influence of phosphorus on the manner of flow during the rolling operation. 

Evidence was found that Rowland mechanisms might play a role in the nucleation of the large grains 


formed during secondary recrystallization of cube texture material. 


LA FORMATION DE LA TEXTURE CUBIQUE DE RECRISTALLISATION 
PAR GLISSEMENT 112 

L’auteur a laminé a froid et ensuite recuit des monocristaux de cuivre présentant des orientations 
initiales différentes. Il a trouvé qu’aprés recuit dune texture de laminage {112} (111), les orientations 
(100) [001], (210) [001] et (210) [001] sont realisées L’existence de ces orientations peut s’expliquer par 
le ‘““démaclage”’ de la texture de laminage {112} (111) a l'aide des *‘mécanismes inverses’”’ de Rowland. 

Lorsque la dispersion de la texture {112} 111) augmente autour des directions de glissement les plus 
actives, l’intensité de la composante cubique dans la texture de recristallisation devient plus élevée. 
Ce fait s’°explique en fonction du glissement (112) et il est illustré a aide d’un modeéle de réseau cubique 
a taces centrees. 
influence du phosphore sur la formation de la texture cubique de 


La suppression de cette texture pourrait étre attribuée 


L’auteur a également étudié 
recristallisation du cuivre polycristallin laminé. 
a influence du phosphore sur le mécanisme de déformation au cours du laminage. 

Les résultats montrent que les mécanismes de Rowland pourraient jouer un role dans la germination 


des gros grains formés par recristallisation secondaire de Ja texture cubique. 


DIE BILDUNG DER WURFELTEXTUR BEI DER REKRISTALLISATION DURCH GLEITUNG 
LANGS (112)-RICHTUNGEN 

Kupfereinkristalle verschiedener Ausgangsorientierungen wurden gewalzt und gegliiht. Beim Gliihen 
einer {112'(111) Walztextur bilden sich die Orientierungen (100)/001), (210)/001] und (210)[001]. Diese 
lassen sich erklaren als Riickbildung von Zwillingen der {112}(111) Walztextur durch ‘‘inverse”’ 
Rowland Mechanismen. 

Die Intensitat der Wiirfelkomponente in der Rekristallisationstextur nimmt zu, wenn sich die 
11234111 Walztextur in der Umgebung der meistbetatigten Gleitrichtungen verbreitert. Dieses 
Verhalten lasst sich durch Gleitung langs (112)-Richtungen erklaren und anschaulich mittels eines 
kubisch flachenzentrierten Gittermodells darstellen. 

Der Einfluss von Phosphor auf die Ausbildung der Wiirfeltextur bei der Rekristallisation von 
rewalztem vielkristallinem Kupfer wurde untersucht. Die beobachtete Unterdriickung dieser Textur 


kénnte dem Einfluss des Phosphors auf das Fliessverhalten wahrend des Walzvorgangs zugeschrieben 
werden. 

Es ergaben sich Hinweise, dass Rowland-Mechanismen bei der Keimbildung der grossen Korner 
bei der sekundaren Rekristallisation eines Materials mit Wiirfel- 


eine tolle spielen kénnten, die sich 


textur bilden. 


1. INTRODUCTION 


* This work is part of the research programme of the 
Research group “Metals F.O.M.-T.N.O." of the “Stichting Various explanations of the cube texture, observed 
voor Fundamenteel Onderzoek der Materi (Foundation 
for Fundamental Research of Matter—F.O.M.) and was also 
made possible by financial support from the ‘‘Nederlandse They are based on either a theory of oriented growth 
Organisatie voor Zuiver-Wetenschappelijk Onderzoek 

Netherlands Organization for Pure Research—Z.W.O.). 
Received Januarv 31, 1958. Beck and co-workers":*) propose that recrystal- 

+ Laboratory of Physical Chemistry, Technical University, : 
Delft, Holland. 

ACTA METALLURGICA, VOL. 6, SEPTEMBER 1958 580 


in some face-centred cubic metals, have been proposed. 
or a theory of oriented nucleation. 


lization textures originate from growth selectivity 


i= 


VERBRAAK: FORMATION OF CU 
only. They assume that, for instance in cold-rolled 
copper, nuclei in all orientations are present, while 
there is no marked difference in incubation period 
between these differently oriented potential recrystal- 
lization nuclei. It is further assumed that grains with 
a cube orientation have the greatest growth velocity 
in the rolling texture, and will therefore consume the 
slower growing grains with other orientations during 

their growth. 
There is some difference in opinion whether the 
pronounced sharpness of the cube texture can be 
Tie. 


dema™) and also Graham and Cahn'*) showed that 


explained with the aid of growth selectivity. 


aluminium crystals with widely varying orientations 
grow with about the same velocity in a given matrix. 
Liebmann et al.,{°»” however, found in similar experi- 
ments a more pronounced orientation dependence 
on growth velocity. Further experiments will be 
required to settle this question, but in our opinion 
there are three other major objections against the 
theory of oriented growth: 

(1) Very 
different 
Koh,‘® and this paper). 

2) Different 
similar recrystallization textures 


similar rolling textures can produce 


recrystallization textures (see Dunn and 


textures can produce very 


this 


rolling 
(see papel ). 
(3) As already stated by Liu,“ there is no plausible 
reason why, during the anneal of cold-rolled copper, 
grains with a cube orientation should grow into grains 
orientation and not vice versa. 


with a 1398} (523 


In the various theories of oriented nucleation, the 
selectivity of a particular nucleation mechanism is 
considered to be responsible for the recrystallization 


(10) 


textures. Burgers and Louwerse concluded from 


their experiments on aluminium that recrystallization 
nuclei are formed in the most distorted parts of a 
deformed lattice (local curvatures). These nuclei have 
an orientation-relationship to the main deformation 
texture which can be described by rotations around 
a direction perpendicular to the active slip-direction 
and parallel to the active gliding plane. 

Cahn“ proposed that the actual nucleation in the 
local curvatures is the polygonization of the bent 
lattice region. The recrystallization textures found 


(8) 


by Dunn and Koh, in cold-rolled and annealed 
Si-Fe single crystals, seem to be in agreement with 
this nucleation mechanism. It was further shown by 
Tiedema™” that the central part of a growing grain 
in aluminium consists of several regions with slightly 
different orientations. For an explanation of the cube 
recrystallization texture, Burgers and co-workers"?+1%) 
had to assume that in cold-rolled copper, grains with 
a cube orientation are the first to polygonize. As an 


9 


BE 


RECRYSTALLIZATION TEXTURES 


argument in favour of their assumption, these 


authors bring forward polygonization experiments 
showed that 


on aluminium single crystals, which 


a crystal with a cube orientation polygonized at 


an earlier stage, when extended in a cube-direction 


than the same crystal extended at 45° to this direction 
Wei et that 


single crystals 


however, showed bent copper 


polygonize only 
anneal at 97 per cent of the absolute melting-point 


value; which makes polygonization unlikely 


fo! 


recrystallization texture, in 


nucleation mechanism the easily rmed cube 
particular as 
by self-anneal at room 
Richards”), 

It is 


theory, why a cube recrystallization texture 


tempt rature 


furthermore difficult to explain this 


snou d 
not always occur when the deformed matrix contains 
a cube texture component. In some cases different 
stress conditions might give an explanation, but 

for the 


argument can hardly be used 


ot Schmid and 


xperimm 


Thomas™ on cube texture ma 


and our own experiments on a cold-rolled and ann 
(100)[001] single crystal (see this paper 

Inspired by the Rowland lattice model"? 
earlier suggestion by Cook and Richards 16 
and Verbraak”) proposed that the cube reer) 
nucleated by 


the 


tion texture might be 
Rowland transformation of either 
the {112!<11] 
be present In 


An 


to transform ¢ 


twin texture 


the 


components 


rolling texture of 


poly 
copper. inverse’ 


ach of thes 


re 
cube orientation, while elimin 


fault during this transformatio1 


of this suggestion, several coppet 


specially chosen orientations 


annealed. the results being collect 


2. EXPERIMENT METHODS 
Preparation of 


The 1 ‘1 


The single crvstals were made by 


AL 


use coppel ot QQ QQg 


purl 
Bridge hal 
using a split graphite mould as described Wi 
eviindri 


Davis.“ First some 


and 


diameter 1 cm were prepared 


crystals were cut in thi required orientations 


cutting operation was performed on a milling-n 


with the crystal rigidly fixed in a brass holdet 


seed crystals were cut to the dimensions 5.3 


* Compare also: T 
Polycrystalline VM aterials 
particular reference to metals p 
Physics, London (1955 

+ Obtained from Johnson, Matthe 


nnealed 
{110} 
|| 
Ph 
s.in X D 
( Lond 


582 


and etched down with dilute nitric acid (1:1) to 
With these seeds the final 


crystals were prepared in another split graphite 


dimensions 5.0 5.0 mm. 


mould (of inside cross-section 5 5 mm?), using a gas 
mixture consisting of 18°, H, and 82°, N, to prevent 
contamination of the copper. The seed crystals were 
never used for the experiments, but were cut off the 
final crystal for further use in preparing new crystals. 
In this way single crystals were produced with 5 x 5 
mm? cross-section and length about 5 em, with no 
initial deformation caused by machining. The orien- 
tations were correct within 2°. 

tolling was performed in the following way: about 
0.3 mm per pass to 50 per cent reduction; 0.1 mm to 
SO per cent reduction; 0.05 mm to 95 per cent reduc- 
The 


specimens were turned end for end between passes. 


tion and 0.02 mm to 99 per cent reduction. 


Recrystallization up to 250°C was carried out in an 
oil-bath, and in the range 300°-1000°C in a vacuum- 


furnace. 


Determination of textures 


Qualitative pole figures were determined in the 


following manner. The rolled specimen (average 
thickness 0.05 mm) was placed in a réntgen camera 
with the sheet-normal of the strip at an angle of 35 


with the incident réntgen beam. Transmission X-ray 


photographs (Ni-filtered Cu-radiation) were then made 
different 
obtained by rotating the latter round the sheet-normal 


with sixteen positions of the specimen, 
135°, 
To obtain the central part 


through angles of 0°, 20°, 45°, 70°, 90°, 
160° - +--+ ete., up to 340°. 
of the pole figure, three additional photographs were 


Fic. 1. 


Stereographic projections of Debye—Scherrer rings 
used for the construction of pole figures. 
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the sheet-normal at 50°, 65° and SO 


respectively with the incident beam, and with the 


taken with 
rolling direction in the zero position. Fig. 1 shows the 
stereographic projections of the (111) Debye—Scherrer 
rings used for the construction of the pole figures by 
this method. Although in this paper only the octahed- 
ral pole figures are given, the cube pole figure was 
determined as well for every specimen, and was in all 
cases in agreement with the ideal orientations of the 
octahedral figure. 

For a quantitative comparison, the intensities of the 
X-ray reflections from crystallographic planes parallel 
to the rolling plane were measured, using a stabilized 
X-ray diffraction apparatus with precision goniometer 
and Geiger-counter.* In this way the density of a 
texture component at various distances from the strip 
surface was also determined, after etching the speci- 
men with a 10°, ammonium persulphate solution to 
remove a surface layer of the required thickness. 


3. EXPERIMENTAL RESULTS 
(OO1L)[110] erystal 


A copper single crystal with this initial orientation 
shows, when rolled, lattice rotations about the trans- 
verse direction. After a rolling reduction of 99 per 
cent, the rolling texture consists of a {112}(111) twin 
texture and a minor (110)[001] component (Fig. 2a). 

The recrystallization texture of this specimen after 
15 min anneal at 400°C contains a strong cube orienta- 
tion with its four twins, and further the components 
(210)[001] and (210)[001], also accompanied by all 
From 


various rolling and annealing experiments on copper 


their possible twin orientations (Fig. 2b). 


single crystals with this initial orientation, it could be 
deduced that the cube texture is only formed on 
annealing specimens with high rolling reductions. 
Specimens rolled to reductions of 99 and 99.5 per cent 
contained a strong cube texture component after 
annealing at temperatures between 300° and 700°C, 
whereas specimens rolled to 98 per cent reduction 
developed only a weak cube texture (the main com- 
ponents in this latter case could be related to the 
rolling texture by rotations around octahedral poles). 

A peculiar phenomenon was observed while measur- 
ing the intensities of the cube texture at various dis- 
tances from the strip surface. It was found that in 
specimens of this crystal rolled to 99 per cent reduction 
and annealed at various temperatures, the intensity 
of the cube texture has a maximum at the strip surface 
and gradually drops to a minimum in the centre of 
the strip. This is shown in Fig. 6, where the intensities 


* Philips, Type PW 1010. 
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Fic. 2. Octahedral pole figures of the cold-rolled and annealed (001)[110] crystal 


(a) Rolling texture (99 per cent reduction): 
{112}<111). 
A (110)[001). 


of the cube texture in several of these cold-rolled and 
annealed specimens are plotted against depth below 
the strip surface (lower curves). In this same figure 
are also plotted the intensities of the cube texture 
in cold-rolled and annealed copper single crystals with 
other initial orientations, together with polycrystalline 
copper to facilitate comparison of the various cube 


textures. 


(112)[110] erystal 

The rolling texture of this crystal is shown in Fig. 
3(a). This texture again contains the {112!(111) twin 
orientation. It has, however, a large spread of each 
component around its most favourable gliding direc- 
from 


orientation, as shown for one compo- 


tion,* ranging over 30°—40 as far as 
the 
nent in Fig. 3(a). 

After 15 
recrystallizes into a sharp cube texture together with 
3(b). 


components, 


min anneal at 400°C, this specimen 
its twins, as shown in Fig. 

The two {210}(001 
cold-rolled and annealed (001)[110] crystal, are now 


observed in the 


very weak. 
Furthermore, the intensity of the cube texture in 


this specimen is roughly the same at various distances 


from the surface of the strip (see Fig. 6). 


* As most favourable gliding directions we consider 110 


axes making an angle less than 45° with the rolling direction 


and lying in the plane containing the latter and the normal 


to the rolling plane (see: Hibbard and Yen‘). 


(b) Annealed 15 min at 400°C: 
cube texture 

A twins of cube texture 
{210'}(001) texture. 

@ twins of {210}(O01L) texture 


(110)[ 110] erystal 
The rolling texture of this crystal after 98.5 per cent 
be described as a double otation 


reduction can 


texture, obtained by rotating each component of the 
$112!(111] 


gliding direction through 


twin orientation about its most favourable 


as shown by the 


all angles, 
The {112} 
orientation is still a major component of this rolling 
the high intensity 


ares of a circle in pole Fig. 4(a). twil 


texture, as can be seen from I 


of this specimen altel 


poles in the rolling direction. The cubs 


15 min anneal at 400°C 
ibe texture of cold-rolled and 


Figs. 4b 


intensity e Fig. 6 


similar to the 
polycrystalline copper (cf and 5b 
the 


(210} OO] 


about same 


components ar totally 


Polye? ystalline cop pe } 


The final 


also be 


rolling texture of 


can described as otation 


around the two most active gliding directio 
Fig. 5a), although the distribution of the high 
areas is different from that in thi pole hig 
(LIO)[ 110 The {112 


orientation is no longer a texturs 


intensity 
the 


cold-rolled crystal twin 


major compone nt 
but is still present. 


(358)[523 crystal 


We found the rolling texture of this crystal, after 


99 per cent reduction, to be in good agreement with the 


Aro 
| 
| 
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Fic. 3. Octahedral pole figures of the cold-rolled and annealed Fic. 3. (b) Annealed 15 min at 400°C: 


12)[110] erystal. cube texture. 


(a) Rolling texture (99.5 per cent reduction): A twins of cube texture. 


{112} (111). 210/001) texture. 
A (110)[112]. 


Fic. 4. (b) Annealed 15 min at 400°C: 
cube texture. 
A twins of cube texture. 


Fic. 4. Octahedral pole figures of the cold-rolled and annealed 
(110)[110] erystal. 
(a) Rolling texture (98.5 per cent reduction): 
{112}(111 
mw {112}(111) texture components rotated 
about the most favourable gliding directions 
through angles of 90°. 
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Fic. 5. Octahedral pole figures of cold-rolled and annealed 
polycrystalline copper. 
(a) Rolling texture (99 per cent reduction): 
{110}<112). 
A °*{135}(311)” 
A {112}111). 


texture found by Liu") after cold-rolling a copper 
single crystal, with the same initial orientation, down 
to 98 per cent (Fig. 7a). Whilst however Liu found an 
off-cube texture component only after reducing to 
90 per cent and annealing, and a cube texture com- 
ponent when the reduction was 95-98 per cent, we 
found that 99 per cent reduction and 30 min anneal 
at 400°C still gave the off-cube texture component. 
Other high intensity areas in the pole figure of this 
recrystallization texture (Fig. 7b) can be related to the 
rolling texture by rotations about octahedral poles 
through angles of 30° or so. 

The most striking difference between the off-cube 
texture of this specimen, and the real cube texture 
obtained from the foregoing crystals, can be seen in 
the X-ray photographs shown in Fig. 8. These were 
taken with the rolling plane of the strips at 35° to the 
plane of the film, and with the rolling direction at 
45° to the vertical, using Ni-filtered Cu-radiation. In 
this position of the specimen, the cube planes normal 
to the rolling direction, are in the correct position 
for the Bragg reflection of CuA«. This reflection 
is marked “C” in the X-ray photographs of Fig. 8. 
We now see that the cube texture reflections 
from the cold-rolled and annealed copper single 
erystals: (OOL)[110], (112)[110], and (110)[110], and 


from polycrystalline copper after the same treatment, 


RECRYSTALLIZATION TEXTURES 


Fie. 5. (b) Annealed 15 min at 600 ( 
cube texture 
A twins of cube texture 


Fic. 6. Relative intensities of cube 


have the appearance of a pseudo single cryst 
Sa.b.e.d), whereas the off-cube texture 
(Fig. se) has a large spread and is disp! iced about 


from the real cube texture reflection. 
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Fic. 7 


Octahedral pole figures of the cold-rolled and annealed 
(358)[523] crystal. 
(a) Rolling texture (99 per cent reduction): 
initial orientation. 


b) Annealed 30 min at 400°C: 


orientation. 
rotation around octahedral] pole 
and twin). 


cube 
30 » A 
off-cube texture 
30° rotation around octahedral pole B 
30° rotation around octahedral pole C 
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(001) [110] 


(112) [110] 


(110) [110] 


Polycrystalline 


(358) 523] 


(e) 


Fic. 8. 


and annealed 
orientations. 


texture 


cold-rolled 
initial 
Off-cube 


photographs of 
crystals with different 
reflection is marked by C. 


X-ray 
copper single 


Cube texture 
reflection is marked by O.C. 


Initial orientation (001)/ 110}. 
(b) Initial orientation (112)[110}. 
(c) Initial orientation (110)[110}. 
(d) Polyerystalline copper. 


(a) 


(e) Initial orientation (358)[523). 
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Fic. 9. Octahedral pole figures of the cold-rolled and annealed (100){001 


(a) Rolling texture (99 per cent reduction): 
A {110}<112). 

(100)[001] crystal 

The rolling texture of this crystal after 99 per cent 
reduction is very similar to that of polycrystalline 
copper (cf. Figs. 9a and 5a). Moreover it contains a 
strong cube texture component, as shown in the X-ray 
photographs of Fig. 13(b). (These photographs were 
taken in the same way as those of Fig. 8). Reflections 
from cube planes normal to the rolling plane are again 
marked “‘C” 
cold-rolled polycrystalline copper (Fig. 13a) shows a 
much weaker cube texture reflection than that from 
the cold-rolled (100)[001] crystal. On annealing this 
specimen at 600°C, however, only a weakly defined 
cube texture was found (Fig. 9b). (These observations 
are in good agreement with the rolling and annealing 
experiments of Schmid and Thomas”? on cube texture 
nickel-iron). This different behaviour is most prob- 
ably caused by the different metallographic structure 

Whereas the 
shows on metallographic 


of the cold-rolled strips. cold-rolled 


polyerystalline material 
examination a strongly interlaced structure (Fig. lla) 
the (100)[001] 


crystal shows a laminar flow system, resulting in 


caused by turbulent flow, rolled 


rather wide deformation bands, each containing a 
single texture component (see Fig. 11b). This type 
of structure is also indicated by the streaked Debye 
Scherrer rings, marked “‘S’’, in 13(b). These 


streaks in the ring are reflections from deformation 


Fig. 


bands containing a texture component in a suitable 


position for reflection, but separated by bands with 


Note that the X-ray photograph of 


RECRYSTALLIZATION TEXTURES 


crystal. 


(b) Annealed 15 min at 600°C: 
cube texture. 
A twins of cube texture 


other texture components in non-reflecting position 


(see Fig. 14). 


The influence of phosphorus 

Since a small phosphorus content in polycrystalline 
copper has a marked effect on the recrystallization 
texture of the cold-rolled strip, by preventing forma- 
tion of the cube texture (see, e.g., Phillips“) a single 
crystal of orientation (110)[110] was prepared from 
copper containing 0.05°,, phosphorus. 

The rolling texture of this crystal after 99 per cent 
similar to that of a pur 


reduction is very 


crystal with the same initial orientation (cf. Figs 

and 4a). 
2 


The phosphorus, however, seems to have a peculiar 


In both cases the texture contain 


twin orientation. 


influence on the manner of flow during the rolling 


process. In place of turbulent flow in the pure metal 


(Fig. 12a), laminar flow is observed in the cryst 
containing 0.05%, phosphorus resulting wide 
deformation bands (Fig. 12b) similar to those observed 


in the cold-rolled (100)[001] 


The recrystallization texture after 15 min anneal at 


cry stal mentioned above 


600°C is shown in Fig. 10(b). The main texture com- 


ponent here is a {110}(112) twin orientation. 


4. DISCUSSION OF RESULTS 
It seems highly improbable that growth-selectivity 
and co-workers, can be the 


as proposed by Beck 


cause of the cube recrystallization textures observed 
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Fie. 10. Octahedral pole figures of the cold-rolled and annealed (110)[110 ery stal containing 0.05% phosphorus. 


a) Rolling texture (99 per cent reduction): (b) Annealed 15 min at 600°C: 


{112}<111). (110}<112). 


Fic. 11. Photomicrographs of rolled specimens, etched 5 min with a 10 per cent solution of ammonium persulphate. 


(a) Polycrystalline copper rolled 99 per cent. (b) (100)[001] single crystal rolled 99 per cent. 
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:. 12. Photomicrographs of rolled specimens, etched 5 min with a 10 per cent solution of ammonium persulphat« 


(a) (110)[110] single crystal of pure copper, rolled (b) (110)[110] single crystal of copper containing 
98.5 per cent. 0.05% phosphorus, rolled 99 per cent 


:. 13. X-ray photographs of rolled specimens. The reflection of the cube texture component is marked by ¢ 


(a) Polycrystalline copper rolled 99 per cent. (b) (100)[001] single crystal rolled 99 per cent 
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texture component A» 
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bands 


13(b) 


deformation 


Fig. 


drawing of the 
Debye—Scherrer 
(marked 


Schematical 
streaked 


Fic. 14. 


causing the rings in 


in our experiments. In the case of the cold-rolled 
and annealed (001)[110] crystal (Fig. 2) for instance, 
the main components of the recrystallization texture 
have no octahedral poles in common with octahedral 
poles of the rolling texture. Therefore an orientation 
rolling and_ recrystallization 


relationship between 


textures cannot be described by means of rotations 
around octahedral poles. 

It has moreover been shown that the cube recrystal- 
lization texture can be formed from a large variety of 
different 
growth-selectivity plays only a minor part in the 


rolling textures. Hence in all those cases 
formation of the cube texture. 

Neither the 
observed phenomena be given with the aid of the 
(Cahn 


3urgers et al.,2*) Dunn and Koh"). They have in 


can a satisfactory explanation of 


existing theories of oriented nucleation 
common the view that the cube texture is nucleated 
by some kind of stress recovery in lattice regions 
which have already a cube orientation. In the case 
of the cold-rolled (001)[110] erystal (Fig. 2) however, 
no cube orientation could be detected in the as-rolled 
material even with sensitive geiger-counter techniques. 
Although this is in itself no proof that this rolling 
texture contains no cube component, it is highly 
probable that the cube orientation is in fact totally 
absent; for during the rolling process only rotations 
about the transverse direction are observed, resulting 
in possible orientations with the general indices 


(h.h.k,)[k,k,2h|]. Furthermore, it is unlikely that 


possible cube texture components in the different 


rolling textures in our experiments would be under 


stress conditions favourable to the nucleation of the 


cube recrystallization texture in every case. 
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Note also that the cold-rolled (100)[001] crystal 
(Fig. 9) has a rolling texture very similar to that of 
polycrystalline copper (Fig. 5). From this it may be 
concluded that the very strong cube texture compon- 
ent in this cold-rolled crystal (Fig. 13b) is subjected 
to roughly the same stresses as the weak cube texture 
component in cold-rolled polycrystalline copper 
(Fig. 13a). Nevertheless on recrystallization it forms 
only a very weak cube texture. 

In what follows we will now apply the “‘inverse’”’ 
Rowland mechanism, already suggested by Burgers 
and Verbraak,“” as a possible nucleation mechanism 
of the cube recrystallization texture. It was stated 
there that both the {110}(112) and the {112} (111 
polycrystalline 


twin 
texture components in cold-rolled 
copper are in an ideal position for transformation into 
a cube orientation by an inverse Rowland mechanism. 
It was thought that probably both texture components 
were necessary for the nucleation of the cube texture, 
since it is well-known that a rolling texture containing 
only the {110} (112 
in silver and «-brass, does not recrystallize into a 
cube texture. the 
and annealed (001)[110] crystal (Fig. 2) however, 
it can be deduced that a heavily twinned {112}(111 

texture is sufficient for nucleation of the cube re- 


twin component, as observed 


From results of the cold-rolled 


crystallization texture. 


(001)[110] crystal (Fig. 2) 

The most striking evidence that the cube texture 
is nucleated by an inverse Rowland mechanism, is 
the occurrence of the three texture components: 
(100)[001], (210)[001] and (210)[001] in the recrystal- 
lization texture of this cold-rolled crystal. These can 
be explained by the fact that a simple {112}(111) 
twin texture can be “‘untwinned”’ in three different 
ways by an inverse Rowland mechanism. 

In Fig. 15, a stereographic projection is drawn of 
The 
cube orientation can be formed by compressing the 
110) (A) until both 
100) directions. In this way a 


one component of the {112}(111) twin texture. 
112) direction (1) and extending 
are transformed into 
twin fault is eliminated, for the original twinning 
plane (IV) is transformed into a cube plane. Actually 
a co-operative slip has occurred in the two (112 
directions (a) and in the octahedral planes (I) and (II). 
There are, however, two other ways for transform- 
ing the twinning plane (IV) into a cube plane. If 
for instance the (112) direction (2) is compressed 
110) (B) is extended into a (100) direction, the 
resulting related to the 
orientation by rotating about the rolling direction 


and 


orientation can be cube 


through 30°. 


590 
— 
Sv“ SS 
SAE ™ASYY 
MAS 


VERBRAAK: FORMATION OF 


R.D 


Rowland trans- 
twin texture. 


Illustration of the three 
formations of the {112}(11] 
111) poles. 
110 poles. 


112) poles. 


Fic. 15. 


The orientation thus obtained is nearly (210){001}. 
In this case slip has taken place in the (112 
(6) and in the octahedral planes (I) and (IIT). 

In a similar way the (210)[001] component can be 


directions 


obtained by an inverse Rowland mechanism, by 
compressing the (112) direction (3) and extending 
110) (C). Slip occurs then in the (112 
(c) and in the octahedral planes (II) and (III). 

For an explanation of the twins of these three 
the 


model is 


directions 


refer to an article by 
lattice 


texture components we 
author.) <A 
there described, built with steel ball-bearings as was 


three-dimensional 


the Rowland model, but in this case the ball-bearings 


are not constrained in a mould but kept together by 


means of a strong magnet. It is shown with the aid of 


this model that if, in part of a grain, a double (112 
slip mechanism is performed, the remaining, as yet 
unslipped, part of the lattice readjusts itself to a twin- 
position relative to the new orientation formed in the 
Thus 


be expected that recrystallization textures nucleated 


region which has already slipped. it should 


by a Rowland-type mechanism will always be 


accompanied by annealing twins, originating from 
the nucleation mechanism. 
As already stated by Rowland, this mechanism is 


only probable in small lattice regions, because of the 
transformation. 


changes in shape accompanying 
This may be the reason why it is only at higher rolling 


reductions (great concentration of stacking-faults) 


RECRYSTALLIZATION TEXTURE 591 
that a {112}(111) twin texture recrystallizes into a 
Note that the changes in 


shape accompanying nucleation of the cube texture 


cube texture. howevel 
are partly compensated by the occurrence of the two 
other possible inverse Rowland mechanisms (resulting 
in the two {210!(001) components) and also by the 
twinning considered above. 

The 
Rowland mechanism are also nost likely to be respon- 
fact that, 


twin texture, the intensity 


changes in shape required by an inverse 


sible for the observed after annealing a 
heavily rolled {112)(11] 
of the cube texture is greatest at the surface of the 
strip. This may be due to the stresses created by a 
Rowland-type nucleation being more easily compen- 
sated at the surface of the strip than in the centre. 


(112)[110] erystal (Fig. 3) 


In the recrystallization texture of this cold-rolled 
single crystal the {210}(001) components are much 
During nucleation of this texture from the 


the 


weaker. 


mechanism giving a cube orientation must therefore 


twin texture, inverse Rowland 
operate more frequently than do the two other possible 
mechanisms of this type. 

The major difference between the rolling texture 
of this crystal and that of the (001)[110 
the 


erystal 1s 
(111 


eliding direction 


the spread of each component. of 
L110 


This is then most likely 


texture around its most active 
(D in Fig. 15) in this case 
the of the 
texture component in the recrystallization texture 


to be cause strenothening of the 


and may be explained as follows 
Apart 
(11) 


from the twin = stacking-faults 


twin texture 


Elimination of (110) stacking-faults 
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These, 
110 
parallel to the active gliding direction ((110) direction 
110 
faults (not to be confused with twin stacking-faults). 


introduced by this spread. 


stacking-faults of close-packed directions 


D in Fig. 15), will later be referred to as stacking- 

Now the three possible inverse Rowland mechanisms 
of the {112} (111 the 
twin stacking-faults of this texture. But only the 


twin texture can eliminate 
mechanism giving the cube orientation can eliminate 
the (110) stacking-faults (caused by the spread of the 
directions ))). This will therefore be a more likely 


nucleation process than the two other possible inverse 


texture around the active cliding 


Rowland mechanisms. 
the 110 


faults. Fig. 16(a)shows a lattice model containing three 


To illustrate elimination of stacking- 
different orientations. All have, however, one close- 
110 The 
110) stacking-faults at the boundaries between those 
three lattices marked by rods. As 
Fig. 16(b). these (110) stacking-faults can be eliminated 
by a co-operative movement of the vertical close- 
110 112 
perpendicular to this common (110 
a strain-free lattice of orientation different from any 


packed direction (vertical) in common. 


are shown in 


rows of atoms in slip directions 


packed 


The result is 


of the original orientations. 
of the 


moreover of 


twinning 


elimination of 
the 


mentioned earlier is given by Figs. 17(a), (b) and (ce). 


Another illustration 


stacking-faults, and 
In Fig. 17(a), three differently oriented grains (A, B 
110 
to the plane of the diagram) in common. The open 
L10 
of atoms seen from above (the rows represented by the 


closed circles are lying half an atomic radius behind 


and C’) are drawn, having one direction (normal 


and elosed circles should be regarded as rows 


those shown as open circles). 
We assume now that grain (A) is a component of 
the {112!(11] 


is not drawn), which can be untwinned by an inverse 


twin texture (the other component 
Rowland mechanism. Fig. L7(b) shows a partly com- 
pleted mechanism of this kind in the hatched part 
(A). The 
of this grain will finally readjust itself to a twin 
the 


of the original grain untransformed part 


position of newly-formed orientation in the 
transformed region (see Fig. 17c). 

Meanwhile, the major part of the original grain (B) 
readjusts itself to the orientation of the transformed 
part of grain (A) by (112) slip in the grain-boundary 
between (A) and (B). Only the (110 


marked (1) is readjusted to the twin position of this 


row of atoms 


orientation. 
Grain (C) readjusts itself to the new orientation, 


partly by a similar (112) slip in the grain-boundary 
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consisting of 
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110 
rows of atoms, marked (2), (3), (4) and (5), ina (110 


transformation 


between (A) and (C’) and partly by a shift of the 


direction perpendicular to the common 
The this 
summarized as follows: 
(1) The L110 
boundaries are eliminated. 


final result of can be 


stacking-faults in three grain- 

(2) If grain (A) was a component of the {112} 111 
twin texture, the transformed lattice consists of the 
cube orientation and a twin of this orientation. 

(3) In Fig. 17(c) the shape of the original three 
grains is superimposed on the transformed lattice, 
showing that during the transformation only minor 
This 


reason why, in the tolling texture of this crystal, this 


alterations of shape occur. may be another 


mechanism is more favourable than the two other 


possible inverse Rowland mechanisms. It may also 
explain why the strip surface is no longer a preferred 


nucleation site for the cube texture. 


(110)[110] erystal (Fig. 4) 

In the rolling texture of this crystal the spread of 
the {112} (111 
gliding directions is complete over all angles. As 

110 


stacking-faults mentioned above, the two {210} (001 


twin texture around the most active 
would be expected from the influence of the 
components are totally absent in the recrystallization 
texture of this specimen. 
Polycrystalline copper (Fig. 5) 

The rolling textures of all three crystals mentioned 


major texture c¢ ymponent. 


above contain a twin orientation as a 


The components of the 


recrystallization textures may be related to the three 


possible inverse Rowland mechanisms, which can 


eliminate the twin stacking-faults of this {112111 
twin texture. 

We have seen however that a gradual increase of 
the spread of the {112} 111 


two [110] gliding directions, coincides with an increase 


rolling texture, around 


in intensity 
decrease of the two {210!/001 


of the cube texture component and a 
components in the 
recrystallized specimen. In cold-rolled polycrystalline 
the {112)/111 

in lesser degree, is still 


texture components have a 


although 
the 
gliding direction 


copper twin orientation, 


present; while other 
110 
in common with either of the two components of this 


12/111 


spread of some 5 


twin texture (disregarding an irregular 
-8° in all directions, which spread 
is maintained in the cube recrystallization texture). 

Thus the 


explain the recrystallization phenomena in the cold- 


same nucleation mechanism, used to 


rolled single crystals mentioned above, applies to the 
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cube texture of cold-rolled and annealed polycrystal- 


line CC ypper.* 


(358)[523] crystal (Fig. 7) 

To explain the high intensity areas in the pole 
figure of cold-rolled polycrystalline copper, Liu and 
Hibbard") suggest that the main texture components 
the 398 } (52% 


Orientations with higher indices should, however, be 


here are four, with orientation 


because of the great 
The 


(see later in this 


with much reserve, 
spread of the rolling texture. 
{135!(211) (Barrett) and {135!(311 


article) can equally well explain the high intensity 


regarded 
orientations 


areas in these pole figures. 
The 


explanation of the cube recrystallization texture with 


orientation {358!(523) is essential for an 


the aid of the theory of oriented growth. because this 


orientation can be related to the cube texture by 


means of rotations around octahedral poles. As 


already shown however in the X-ray photographs of 
Fig. 8, the off-cube component in the recrystallization 
texture of this cold-rolled crystal is markedly different 
from the cube textures found after annealing speci- 
mens having rolling textures without a {358} (523 


component. 
The cold-rolled and annealed (001)[110] crystal 


(Fig. 2) for instance, where the {358} (523) orientation 


is totally absent in the rolling texture, has a much 
sharper cube recrystallization texture (Fig. 8a) than 
the similarly treated (358)[523] crystal (Fig. 8e), 


which has a {358} rolling texture. In our 


opinion therefore it is immaterial, for the formation 
of a cube recrystallization texture, whether the rolling 


texture contains {358} (523) components or not. These 
components can thus play no major role in the forma- 
tion of the cube texture, although they might facilitate 


Th 
iit 


growth of cube grains in cold-rolled polycrystalline 


ppel 


crystal (Fig. 9) 


\ copper single crystal with this initial orientation 
is cold-rolled by Barrett and Steadman,4) who 


bserved that its rolling texture was very similar to 
Our 


results 


that of cold-rolled polycrystalline copper. 


observations are in agreement with those 


Figs. 


9a and 5a). 


{110}<112 


n cold-rolled polycrystalline copper can be transformed into 


* Although also the twin texture component 


1 cube texture by an inverse Rowland mechanism, we con- 
clude from our experiments on the crystals mentioned above 
f112}(111) twin texture this 
transformed. This is understandable 


(being the most stable 


that only the component in 


material also 


is so 
component 
probably a 


rolling 


because in the {110}(112 
there is 
introduced 


smaller 
than in the 


end-orientation) 
stacking-faults during 


112}<111 


component. 


number of 
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In spite of the similarity between these rolling 
textures, the (100)[00i] crystal produces only an 
ill defined cube recrystallization texture. The reason 
for this peculiar behaviour must be sought in the 
wide deformation bands (Fig. 11b) observed in this 
cold-rolled crystal, indicating a laminar, easy flow of 
material during rolling. 
Thus the different 
sufficiently interlaced for nucleation of the cube 


texture components are not 


texture by an inverse Rowland mechanism to be 
probable, since co-operative slip in adjoining twin- 
related grains of different orientations would involve 
too great an area in such a structure. 

The fact that the rolling texture of this crystal 
contains a stronger cube texture component than do 
any of the other rolling textures mentioned (Fig. 13b), 
is another indication that the presence, in the rolling 
texture, of grains with cube orientation is irrelevant 


to the nucleation of the cube texture. 


The influence of phosphorus (Fig. 10) 


It has already been found by Dahl and Pawlek,! 
Phillips”) and others that a very small content of 
phosphorus in polycrystalline copper, whilst having 
virtually no influence on rolling texture, affects the 
recrystallization texture greatly. This is also shown 
by our experiment with the single crystal of copper 
containing 0.05°, phosphorus, cold-rolled in the 
orientation (110)[ 110]. 

As shown by Figs. 10(a) and 4(a), the rolling texture 
of the phosphorous bearing copper crystal is very 
similar to that in the crystal of pure copper. 

Although the phosphorus has thus little effect on 
the changes in orientation during rolling, it has a 
marked influence on the manner of flow. In the pure 
copper, flow of material during cold-rolling can be 
described as turbulent, resulting in a strongly inter- 
12a). 


laced structure (Fig. In the crystal containing 


Fic. 18. Mechanism for the formation of the ‘*{135}(31] 


texture, 
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phosphorus, the flow is laminar, resulting in wide 
deformation bands (Fig. 12b) similar to those observed 
(100)[001 | 
(Fig. 11b). Our explanation of the absence of cube 


in the rolled crystal of pure copper 
texture in this annealed phosphorus bearing specimen 
is therefore the same as for the (100)[001] crystal 
mentioned above. To gain more insight into this 
question, further experiments are being performed 
with further copper—phosphorus single crystals having 
other orientations. The results will be published in 


due course.* 


5. SOME NOTES ON THE ROLLING 
TEXTURE OF COPPER 

The spread of the rolling texture around the active 
gliding directions seems to play an important role 
in the forming of the cube recrystallization texture 
as shown above. Further study of the origin of this 
spread is therefore required. Braybrook and Calnan‘?® 
observed that the intensity of the {110}(112) texture 
in cold-rolled «-brass steadily increases at higher 
the 
intensity of this texture component increases up to 


rolling reductions. In rolled copper, however, 
about 85 per cent reduction, and then on further 
reduction decreases to a minimum at about 95 per 
cent. On still further reduction this texture again 
increases in intensity. 

Calnan'?”) suggests as possible explanations for this 


behaviour of copper: 

(a) slip on {100} planes. 

(b) reerystallization during cold-rolling. 

(c) double twinning. 
In terms of our own approach to the nucleation of the 
cube recrystallization texture, we would prefer to 
explain this phenomenon by means of the occurrence 
of (112 
the final stage of the rolling process. We have shown‘??? 
that, 110 


slip mechanisms of the Rowland-type in 


when keeping a direction fixed, 


* The occurrence of a strong {110}(112) twin texture 
component in the recrystallization texture of the (110)[110 
crystal (Fig. 10b) may be explained according to the theory 
proposed by Dunn and Koh.'*®) From annealing experiments 
with silicon—iron, they suggest that the largest grains in a 
matrix will on annealing always grow at the expense of 
smaller grains. Now the grains with a {110}(112 
in copper are least likely to be broken up into other orienta 
tions during cold-rolling, shown by Liu and 
Hibbard,'*”? a single crystal with this orientation remains a 
pseudo single crystal even at high rolling reductions. Grains 
with this orientation will therefore, at the end of the rolling 
process, be larger than those with other orientations, which 
are broken up during rolling. According to the Dunn theory, 
these larger grains with a {110}(112) orientation will then 
grow at the expense of other grains, during recrystallization, 
if we assume that conditions in this deformed matrix are not 
favourable for another nucleation mechanism (e.g. an inverse 
Rowland mechanism). 


orientation 


because, as 


CUBE 


and direction are 


RECRYSTALLIZATION TEXTURE 


112 


results in a 


co-operative slip on two octahedral planes in 
the 110)) 
that can be 


(normal to these two 


directions (normal to fixed 


described 


orientation 
LLO 
through an angle of 90 
Now 18 an octahedron is drawn 
stable {110'(112). Normal 


occurs on the octahedral plane (A) in the 


change of 
rotation about the 
in Fig. with the 
cliding 

110 
direction (1), as the result of successive slip in the 
112 


tions resistance to this gliding mechanism increases. 


end-orientation 


directions (a) and (6). At higher rolling reduc- 
one reason for this being the bending of the gliding 
A stage may now be reached, during the 
112 


and (d) is favoured above gliding in direction (Hf) 


plane (A). 
cold-rolling, where slip in the directions (c) 
for (c) and (d) are perpendicular to the bent direction 
(H) and are therefore less influenced by the resistance 
caused by this bending. If now co-operative slip in 
the (112 
tion is formed. This can be described by an apparent 
the 1110$(112 
through 90° about the (110) direction (#/).t 
the {110}(112) twin 


orientations with two active 


directions (c) and (d) occurs, a new orienta- 


rotation of stable end-orientation 


texture contains two 


L110 


four new orientations are formed by the proposed 


Since 


gliding directions 


mechanism. These new components are approximately 
ti /2 

1135} (311 
the high intensity areas in the pole figure of poly- 


and give a satisfactory explanation of 


crystalline copper as shown in Fig. 5(a). 


NOTES ON GROWTH SELECTIVITY 
SECONDARY RECRYSTALLIZATION 
IN COPPER 


6. SOME 
AND THE 


We have shown in our experiments that the primary 
cold-rolled 


crystals cannot be explained by growth selecti 


17 
Sin 


recrystallization of various copp 
We do not dispute, however, the value of the th 
of oriented growth in the explanation of certail 
recrystallization phenomena. 

In our view there are two general types of 
lization texture: 

(1) Reerystallization textures with preferred orien 
due to preferred 


und 
a pseudo 


tations, which are primarily 


nucleation mechanism. Such textures at larp 


cases (cube texture) are even 


in some 
single crystal type. 


(2) Recrystallization of a deformed matrix, in 


which no preferred nucleation mechanism is availabl 
the 


llized 


the 
the 


In this case orientations of recrysta 


grains are determined mainly by principles of 


growth selectivity. Such textures are, howevel 


+ To facilitate comparison, the crystallog 


marked here with the characters usé¢ 


lattice model previously published 
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less pronounced (cf. the off-cube texture) than those 
of the preferred nucleation type. 

Care should be taken however with the application 
of the theory of oriented growth even to apparently 
simple cases of recrystallization texture. For instance 


the secondary recrystallization of cold-rolled and 


annealed polycrystalline copper causes changes of 


orientation, which can be described by rotations 
about octahedral poles through an angle of 22° in 
one direction and 38° in the other (see Kronberg 
and Wilson‘?®)), 

At first sight this result appears to be a recrystal- 
lization of the oriented growth type, the values of the 
observed angles being ascribed by Kronberg and 
Wilson to special coincidences of atomic positions in 
superposed octahedral planes. 

In our view however the occurrence of such sharp 
cry stal orientations is an indication that the secondary 
recrystallization belongs to the preferred nucleation 
type. This conclusion was supported by our observa- 
tion (made with an integrating X-ray camera) that 
the first crystals to grow in cube-texture material 
on secondary recrystallization have approximately 


a {111}(112 This 
was also observed by Burgers, Meys and Tiedema,*? 


orientation. orientation, which 


can again be derived from the cube texture by a 


Rowland mechanism, while it is quite remarkable 
that the large grains of the completely secondary- 
recrystallized strip with the Kronberg—Wilson orien- 
tation are either twins or secondary twins of the 
111'(112)> texture. 
with a §111!(112 


Rowland 


If the initially formed crystals 
orientation actually result from a 
mechanism, it would be expected that, 
in a more heavily twinned cube texture, more nuclei 
with this orientation would form, for this mechanism 
stacking-faults of the cube 

mean that the 
should be 


of the twins of the cube texture. 


the twin 
This 


oralns 


eliminates 


textule. will final size of the 


inversely proportional 


secondary 
to the intensity 
In our experiments on secondary recrystallization 
Further 


we have so far found this rule to be valid. 


experiments are being carried out and will be published 


in due course. 


7. SUMMARY 
A heavily rolled {112} (111 


orientations: 


twin texture recrystal- 
(210)[001} 
the 


Row- 


in three 
(210)/00] 


lizes 


and which can be derived from 


original orientation by means of “‘inverse”’ 
land mechanisms. 

With increasing spread of the {112} (111) rolling 
texture around the most active gliding directions, 


the intensity of the (100)[001] component in the 
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recrystallization texture increases, while those of 
the two {210! (001 
The off-cube texture found by Liu in a cold-rolled 


components decrease. 


and annealed (358)[523] copper single crystal has 
a much greater spread than the “‘pseudo single 
here in cold- 
copper crystals with the 
orientations; (OOL)[110] (Fig. 2); (112)[110] (Fig. 
3) and (110)[110] (Fig. 4). In the 
conditions are less favourable for growth-selectivity 


crystal type” cube textures found 


rolled and annealed 


these 


Cases 
than for an inverse Rowland mechanism. 

A small content of phosphorus in copper causes 
laminar flow of the material during the rolling 
process. This leads to a metallographic structure 
which is insufficiently interlaced for nucleation 
of the cube recrystallization texture by an inverse 
Rowland mechanism. 

A Rowland-type slip mechanism is a_ probable 
explanation of the “irrational” rolling texture 
of copper. 

The formation of secondary crystals in cold-volled 
and annealed copper is preceded by the growth 
This 


orientation can be derived from the cube texture by 


of crystals with the orientation {111!(112 
means of a Rowland mechanism. 


ACKNOWLEDGMENTS 
The author wishes to express his deep appreciation 
to Professor W. G. of this 


work, for his encouragement and advice. 


Burgers, the originato1 


Further grateful thanks are due to Dr. T. J. Tiedema 
for many helpful discussions in the course of the 
investigation. 

REFERENCES 
P. A. Beck, Acta Met. 1, 230 (1953). 
E. Scumip and H. Tuomas, Z. Phys. 180, 293 (1951). 
P. A. Beck, Advanc. Phys. 3, 245 (1954). 

T. J. TrepeMa, Thesis, Delft (1951). 

D. GRAHAM, Jr. and R. W. Caun, J. 
517 (1956). 
B. LieEBMANN, K. LUCKE and G. 
57 (1956). 
B. LIEBMANN 
(1956). 
C. G. DuNN and P. K. 
Y.C. Liv, J. Metals, 
W. G. Burcers and P. C. 
(1931). 
R. W. Cann, Proc. Phys. Soc. A 68, 323 (1950). 
W. G. Burcers, Y. H. Liu and T. J. Trepema, 
Koninkl. Ned. Akad. Wetenschap. 54, 459 (1951). 
W. G. Burcers and T. J. TrepEMA, Acta Met. 1, 234 
(1953). 
T. J. Trepema, Proc. Koninkl. Ned. Akad. Wetenschap. 
B 58, 1422 (1950). 
P. R. Rowxanp, J. Inst. Met. 88, 1620 (1954). 
M. Cook and T. Lu. Ricnarps, J. Inst. Met. 66, 859 
(1940). 
W. G. 
(1957). 
J. H. Wernick and H. M. Davis, J. Appl. Phys. 27, 149 
(1956). 


Metals, N.Y. 8, 


Masine, Z. Metallk. 47, 


and K. LuUcke, J. Metals, N.Y. 8, 1413 
Kon, J. Metals, N.Y.8, 1017 (1956). 
N.Y. 9, 836 (1957). 


LOUWERSE, Z. Phys. 67, 605 


Proc. 


BurGErRs and C. A. VERBRAAK, Acta Met. 5, 765 


o. 
4. 
D. 

6. 
| 


VERBRAAK: FORMATION OF RECRYSTALLIZATION CUBE 


19. C. T. Wer, M. N. PARTHASARATHI and P. A. Beck, J. . R. F. BrRaysprook and E. CAatnan, J. Inst. Met. 85, 11 
Appl. Phys. 28, 874 (1957). (1956—57 
20. M. Coox and T. Lu. Ricuarps, J. Inst. Met. 70, 159 (1941). 27. E. CALNan, J. Inst. Met. 84, 504 (Discussions 1955 
21. V. A. and A. Puiuips, J. Inst. Met. 81, 185 28. M. L. Kronpere and F. H. WiLson, Trans. Amer 
(1952). Min. ( Metall.) Engrs. 185, 501 (1949 
22. C. A. VERBRAAK, Proc. Koninkl. Ned. Akad. Wetenschap. 29. W. G. Burcers, J. C. Meys and T. J. TrepemMa 
B 60, 393 (1957). Met 1, 75 (1953) 
23. Y. C. Liu and W. R. Hirpsparp, Trans. Amer. Inst. Min. 30. W. R. Hipsarp and M. K. YEN, Trans. Amer. Inst. Mu 
( Metall.) Engrs. 208, 381 (1955). (Metall.) Engrs. 175, 126 (1948 
. C. S. Barrett and F. W. STeapMan, Trans. Amer. Inst. D. Dant and F. PAwLeKk, Z. Metallk. 29, 266 (1936 
Min. (Metall.) Engrs. 147, 57 (1942). Y. C. Liv and W. R. Hissarp, J. Metals, N.) 
. C. G. Dunn and P. K. Kou, J. Metals, N.Y. 9, 81 (1957). (1953). 


SLOW STRAIN-HARDENING OF INGOT IRON* 


A. W. SLEESWYK*+ 


Results of experiments on the strain-hardening characteristics of Armco ingot iron during slow plastic 


deformation under tension (strain rate: 10-4 sec 


The observed anomalous effects are discussed. 


1) are presented. 


It is shown that the serrated stress-strain curves often observed with this type of material are a con- 


sequence of the anomalous velocity dependence of strain-hardening. 


In this connection a modification 


of the Nabarro theory of blue brittleness is tentatively proposed. 


LE DURCISSEMENT PAR 


DEFORMATION 


LENTE DANS LE FER 


L’auteur présente les résultats d’expériences sur les caractéristiques du durcissement par déforma- 


tion lente du fer Armco au cours d’une déformation plastique par traction (vitesse de déformation 


10-4 see!) 


Il discute les effets anormaux suivants. Les courbes de tension-déformation souvent observées avec 


ce métal sont une conséquence de la dépendance du durcissement vis-a-vis de la vitesse. 


Une tentative 


est faite en vue de modifier la théorie de Nabarro pour la fragilité au belu. 


LANGSAME 


VERFESTIGUNG 


VON FLUSSEISEN 


Versuchsergebnisse iiber das Verfestigungsverhalten von Armco-Flusseisen bei langsamer plastischer 


Zugverformung (Dehnungsgeschwindigkeit 10-4 


sec-!) werden mitgeteilt. 


Die beobachteten anomalen Effekte werden diskutiert. 


Es wird 


beobachtet werden, aus der anomalen 


gezeigt, dass die diskontinuierlichen Verfestigungskurven, die oft bei 


Geschwindigkeitsabhangigkeit der 


Material 
folgen. In 


diesem 
Verfestigung 


diesem Zusammenhang wird ein Versuch zur Abinderung der Nabarroschen Theorie der Blausprédig- 


keit vorgeschlagen. 


INTRODUCTION 


A large body of literature exists on the behaviour of 


brittle’ 


The phenomena 


mild steel and iron in the so-called “blue 


temperature and velocity range. 
generally observed in this range in the tensile test are 
quite anomalous in comparison with the known 
characteristics of other metals. 

The influence of the ambient temperature on the 
shape of the stress-strain curve of mild steel and iron 
in this range has been the subject of many investi- 


gations.t Bach" found an increase of the ultimate 


stress and the strain-hardening differential da/de on 


passing from room about 300°C, 


temperature to 
Above this temperature a decrease of these properties 


was observed. Although the maximum temperature 


may differ with other steels and other testing conditions 


the investigations of Kenyon and Burns,'®) Korber 


ind Pomp™? and of Manjoine™ confirm these observa- 


tions. It was also found that the stress—strain curves 


may be heavily serrated. 


* Experimental work supported by Watertown Arsenal Lab 
oratory under contract no. DA-19-020-ORD-3462. Received 
February 18, 1958 
Visiting Fellow at the 
Koninklijke 

Bataafsche 


+ Massachusetts Institute 
Shell-Labora- 


Petroleum 


Formerly 
o! Technology. address: 
torium, Amsterdam N.V. De 
Maatschappij) Netherlands. 

In the following the references cited were believed to be 


Present 


representative and completene SS was not aimed at. 
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The rate of strain was found to cause a shift of the 
temperatures of these maxima, the slower speeds 
resulting in a lowering of the temperature at which a 
maximum was observed (Nadai and Manjoine"’). 
The data on more or less pure iron are not nearly as 
abundant as those on mild steel. 

The experiments of Elam‘ on Armco ingot iron 
showed that even at room temperature a serrated 
obtained. Geil 
100°C with this 


stress-strain curve may be and 
Carwile’ obtained such a curve at 
material. In both investigations the serrated curves 


seemed to indicate a more severe strain-hardening 
with increasing temperature and decreasing rate of 
strain, as the strain-hardening differential da/de at 
comparable strains increased. 

This 


since for all other metals known, 


behaviour is, of course, somewhat strange, 
including «-iron and 
mild steel tested at a more rapid rate of strain, do/de 
for a certain value of ¢ is known to decrease with 
increasing temperature and decreasing rate of strain. 
The suggestion made by Nabarro,‘® on the basis of a 
theory of Cottrell and Bilby," that carbon interstitials 
can impede the movement of dislocations through the 
lattice during slow plastic deformation, may explain 
a rise of the stress level but it does not adequately 
explain why the strain-hardening mechanism should 


be affected. However, one should not lose sight of the 
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STRESS (kg/mm2) 


80} 
| 


46°C 


4 


HARDENING OF 


INGOT IRON 


10 


] Results of tensile tests at 


different 


20 


mipeé atures 


46° and 47°C have been shifted 5 per cent to the right of th 


fact that really very little is known about the strain- 
hardening of iron. 

An explanation might, for instance, be that thi 
driving stress of the dislocations increases for some 
unknown reason with progressing deformation of the 
This the 


do/de and strain-hardening quite ambiguous, and would 


specimen. would make relation between 
lead to a fallacious interpretation of the experimental 
data. 

In order to obtain some evidence on this problem 


the experiments to be described here were carried out. 


EXPERIMENTAL METHOD 


The material used was Armco ingot iron of the 


following composition: 
Cu 


0.10 


C Mn P S 
weight °,: 0.014 0.024 0.004 0.021 


The grain size was approximately 550 grains/mm*. 
The specimens with a gauge length of 38 mm and a 
diameter of 2mm were machined from bars of iron 
that had been annealed for 1 hr at 870°C in a CO 
atmosphere. Great care was taken in machining the 
specimens to ensure that the deformed surface layer 
would be thin. 

The tensile testing machine was of the mechanically 
driven screw type; the rate of deformation was 
maintained at approximately 10.9 soc”, 
except in one case where it was 2.7 5 
The relative movement of the grips was kept at a 
constant speed. The load was determined by means 


of a load cell in which use Was made of resistance wire 
strain gauges, and recorded autographically by a pen 
The 


apparatus 


recorder with constant chart speed 
the of the 
the 


specimen 


and lower part testing were 


submerged during experiments in constant 


temperature baths. 
strain diagrams 


Resulting engineering — stress 
obtained from experiments at 47, 46, 0 

196°C are The 
performed at the lower strain rate 


the highe1 


given in Fig. |. test 


all othe 


As may be noted, the in 
temperature and with decreasing 
actually reproduced 


For the purpose of comparing the 


hardening these experiments were follow 
iumbient ten 
The tel 


chosen were 0 and &- 1 tl periods 


number of tests in which the 


level was alternately cha 
from one temperature to the other a very 

was left on the specimen 

Immediately after submersion « 

an t ry be 
When 
variation ceased the plastic deformation was resumed 
The 
between the subsequent 


to thermal 


load beg LUSE 


new temperature bath this 


of thermal contraction or expansion the 


procedure ensured minimum time interval 


plastic deformations 


avoided errors due contractions 


4 


In this way ageing effects were kept to a 
the 


expansions, 


minimum; time intervals were seven to ten 


minutes. 
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STRESS( kg/mm?) _ 


VOL. 


1 


10 15 


25 30 
STRAIN (%) 


Result of tensile test at alternate temperature levels. 


In Fig. 2 a typical set of stress-strain curves 
obtained in this manner is presented. For comparison 


the appropriate stress-strain curves at constant 


temperatures are also given. 


DYNAMIC INSTABILITY OF PLASTIC 
DEFORMATION 

Before discussing the experiments a treatment will 
be given of an instability phenomenon that may 
occur during plastic deformation in certain materials, 
but that does not seem to be well-known. 

Consider a tensile specimen with a length ZL and a 
It is assumed that the 
the the 


diameter D, as shown in Fig. 3. 


specimen 1s strained by moving heads of 
specimen at a constant relative velocity. 


In Fig. 


given at the two rates of strain ¢, and ¢,. For nearly 


4 stress-strain curves of the material are 


ill materials known the curves as given will correspond 


to the condition Ey e,. However. materials for 


which &y 2 may also occur. 
Imagine the material of the specimen to be of the 


latter type, and let the specimen be stretched plasti- 


cally in such a way that the relative velocity of the 
heads would correspond to a uniform rate of strain i. 


Now conside! a section of the specimen ot length 


is indicated in Fig. 3. 


If this section were the only part deforming 


Fic. 3. 


Tensile specimen. 


plastically, the rest of the specimen being temporarily 


stationary, the local rate of strain would be: 
(1) 


which 
When 


strain-hardening of the section / at the rate of strain ¢, 


The stress would then be o, instead of o,, 


would make uniform extension impossible. 


has raised the stress level to o,, the plastic deformation 
of this section will abruptly stop, because the previous 
strain-hardening will have caused a higher stress than 
o, to be required for deformation at the uniform rate 
of strain ¢,. The remainder of the specimen may then 
deform uniformly, but the slightest provocation may 
cause any other section of the specimen to deform 
rapidly in the same manner as the discussed section /. 
As the straining of the specimen is never completely 
uniform, which implies that ample provocation is 
given, the behaviour to be expected is that different 
sections of the specimen deform alternately, a limited 
amount of deformation taking place each time. 
The change-over of the localized deformation from one 
section to another will be accompanied by a stress 
peak as the rate of strain of the new section has to be 


accelerated from low to high. The overall stress—strain 


€ 


Fic. 4. Stress—strain curves for different rates of defo rmation 
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curve of the specimen will show a peak each time 
plastic deformation is inaugurated in a new section of 
the specimen. 

The length of section / is determined by two opposing 
influences: on the one hand the dependence of the 
stress level on the rate of strain would cause the 
length / to be of very small magnitude, so that the 
stress becomes as small as possible. On the other hand 
the constraining action of the non-deforming adjacent 
parts of the specimen causes a rise of the stress which 
is greater the smaller the ratio //D. The equilibrium 
value of / will be determined by the minimum stress 
that may result from these opposing factors. 

An estimate that is based on experience with the 
the 


maximum during the straining of metals, gives the 


type of plastic instability occurring at load 


magnitude of //D at the optimum as approximately 2. 

It is evident that if the overall strain rate is increased, 
both The 
extension diagrams of this type of material will show 


stresses o, and o, are lowered. load- 
curves which, although exhibiting irregularities due 
to the abrupt deformations of the various sections of 
the specimen, give higher average stress levels for the 
lower speeds of extension. Obviously no instability 
will ensue in the case that ¢, > é, as a more rapid 
then 


preference for uniformity of extension. 


deformation results in a higher stress, which 


causes a 


DISCUSSION OF RESULTS 
Consideration of the stress—strain curves in Fig. | 
that 46 and 47°C 


difference of strain rate causes an appreciable dif- 


were obtained at 


ference of stress level for which the slight temperature 


difference cannot be held responsible; the curves at 
0 and 46°C practically coincide. A rapid deformation 
is seen to occur at a lower stress level than a slow 
one. 

According to the preceding paragraph a material 
that 
plastically deformed uniformly in a 


displays this type of behaviour 


stable manner. 
The point to be clarified is why the material shows 
this anomalous dependency of stress level on rate of 
deformation. It was generally assumed that the 
serrated stress-strain curves of blue-brittle iron and 
steel might be explained by rapid strain-ageing during 
the tensile test, which would cause a repeated return 
of the yield phenomenon. The experimental evidence 
does not seem to favour this explanation; the tests of 
Elam, loc. cit."© and those here discussed definitely 
show the anomalous strain rate dependence of the 


stress level, whereas the work of Winlock and Leiter™® 


and Sylwestrowicz and Hall” on the influence of 


strain rate on the lower yield stress indicates that the 
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shows that the 


cannot be 
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yield stress increases with increasing strain rate. It 
is therefore believed that the explanation offered in 


the preceding section is the most satisfactory. Before 


discussing the anomaly involved, we may first 


consider the results of the experiments at alternating 


temperature levels. 
If we compare the stress-strain diagram of Fig. 2 


with a similar diagram obtained by Orowan and 


Los“) from experiments on copper strained alternately 


at 0 and 196°C, it is evident that iron here also 


behaves in an anomalous fashion. Apparently plastic 


deformation of the iron at the higher temperature 


causes more severe strain-hardening than at the 


lower temperature, whilst deformation at the lower 
temperature results in less severe strain-hardening in 
a subsequent test at the higher temperature At a 


higher strain rate of 10-* sec"! the strain hardening 


of reasonably pure «-iron seems to be practically 


temperature-independent (Smith, Moore and Brick"? 
From this one would conclude that the anomalous 
temperature dependency and velocity dependency of 
strain-hardening must be regarded as somewhat 
different 
A slight 


carbon interstitials may be the cause of the observed 


manifestations of one physical mechanism 


elaboration of the idea that diffusion of 


anomalies provides the following tentative 


explanation 
Ansel and Meh! 14 


in x-iron crystal slip takes place in the (111 


The work of Barrett 


and that the favoured slip planes are of thi 
(112!, and {123} Although 


large number of with the 


types this pl 
dislocations 


uence 


possibility of moving under inf 


iS also cle ul that In 


stress, if 
which for instance are lying 
chance of moving 

The 


of their Cottrell carbon atmospheres, but 


moving dislocations may have fr 


dislocations still these at 


POSSESS 


critical rate of deformation at whi 


cations may still drag along their carbo1 


was estimated by Cottrell“ at about 


room temperature. The overall rate 
in our experiments was of the order of 


is estimated at 


whereas the local rate approxin 


sec”! 


From this it follows that the moving dislocations 


in our experiments did not drag along their carbon 
This that th 


Nabarro theory, which supposes the dislocations to 


atmospheres. also would signify 


move near their critical velocity, does not apply here 


If now a moving dislocation crosses a stationary 


one, they may cut through each other according to the 


} that 

; 
+ 
aeto! rT 

iV) st 
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mechanism proposed by Heidenreich and Shockley,“® 
and Read,“” but they are 
the 


obstacle in the path of the moving one. 


not entirely equivalent. 


In general stationary dislocation will be an 

Therefore 
the latter will be arrested some time in its movement 
before cutting through the stationary dislocation. 
If this time is sufficiently long, it is conceivable that 
carbon may diffuse from the stationary to the moving 
dislocation. The carbon would impede the movement 
of the latter. and the stationary dislocation might 
become an obstacle that could not be sheared through 
by the moving one. 


\ cor lary 


temperature 


would be that in the velocity and 


could be 
the 


range where this mechanism 


operative, more obstacles would be present in 


lattice at higher temperatures and lower 


strain. More obstacles in the way of moving dis- 


locations will cause a rise of the applied stress, and 
will give more opportunity for the operation of the 
dislocation multiplying mechanisms proposed by 
Read.) 


severity of strain-hardening with temperature may be 


Frank and Thus the observed increasing 
qualitatively explained. 

We may arrive at an estimate of the critical rate of 
deformation for this process thus. We assume that 
the time curing which a moving dislocation is held 
up near to crossing a stationary dislocation, before 
cutting it through, is large compared with the time of 


travel between two successive crossings. 


According to Wert" the diffusion coefficient of 


carbon in «-iron is accurately given by: 


D = 0.020 exp (—10100/7') em? sect. (2) 


At the absolute temperature 7’ 300°K we obtain 


D~ 4.8 10-17 em? sec” !, the time needed for the 


diffusion of a carbon atom towards an edge dislocation 


distance d being given by Cottrell as: 


Vel a 
(3) 


which A is a parameter depending on the physical 


properties of the material, and k is Boltzmann’s 


constant. Taking A 1.5 10-2 erg em, the known 


value for iron, and d 5 10-8 em, which is twice 


the atomic distance 6, we obtain: +r ~ 0.9 sec. 


Cottrell. loc. cit.@® gives as a reasonable value of 


The 


distance between crossing dislocations is then about 


mean 


the dislocation density p= 108 em~?. 


2 10-4 em, which leads to 2.2 10-4 em sec”! for 


the mean velocity @ of the dislocations. The rate of 


strain is given by: 


Spb. (4) 
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This in our case works out to ¢ 
which is compatible with our estimate based on the 
experiments. 

The process discussed cannot take place if the rate 
of strain is so low that the dislocations are not able to 
In that 


dis- 


free themselves of their carbon atmospheres. 
diffuse 


locations, and they may cut each other through 


case no earbon will between crossing 
according to the Heidenreich and Shockley theory. 
Allowing for hold-up times, the critical rate of strain 
for that process is estimated at about 1077 sec™!. 
This would explain the quite normal behaviour of 
this type of material in creep tests. 

The influence of dispersed obstacles other than 
crossing dislocations will be to shorten the available 
time, at a certain rate of strain, for diffusion of carbon 
near the crossing dislocations. 

This seems to be in accordance with the observation 
that the anomalous effects occur in ingot iron at a 
higher rate of strain and at lower temperatures than 


in steel. 
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The atomic size effect and alloying behavior 
in liquid metals 

The problem of mass transfer in the heat exchangers 
of nuclear reactors employing liquid metals as the 
heat transfer media has directed attention to the 
thermodynamic condition for mass transfer, namely 
that the solubility of the container metal in the liquid 
must with current 


metal temperature. In 


studies"~*) the temperature coefficients of solubility 


vary 


in a number of binary metallic systems are being 
examined in an endeavor to identify the controlling 


atomic parameters. These studies are made difficult 


by the fact that the solubility data available in the 
literature frequently lack the precision and reliability 
typical of data for systems involving less serious 
experimental difficulties. Nevertheless, the disparity 
in the sizes of the solvent and solute atoms has emerged 
as an important factor in determining alloying be- 
havior in liquid metals. 

The atomic size effect is made evident by Fig. 1, in 
which the 
sources in the literature* are plotted as a function 


temperature coefficients derived from 


of the size factor S defined by 


(1) 


where r, and r, are the atomic radii of the solvent 
Atomic 
with coordination number, for which definite informa- 


and solute atoms, respectively. radii vary 
tion is lacking for most of the systems presently 
the diffraction that 
have been made on liquid metals indicate that the 


considered... However, studies 
coordination numbers generally lie between 8 and 
12,6 and, since the radii vary by only 3 per cent 
over this range, the radii for 12-fold coordination”? 
have been employed here for all metallic systems. 
Temperature coefficients of solubility were calculated 
in the form. 


d(R In N 
d(1/T) Naw 


RT? 
dT 
where V,,,) is the atomic fraction of the solute in the 
saturated solution. In the 
coefficients refer to dilute solutions; for those systems 


general, temperature 


where both elements are metallic the data are for 


* All but the most recent sources of data appearing in Fig. 
1 have been indicated in previous reports"-* or have been 
taken from the bibliographies by Hansen‘*) or Haughton and 
Prince.'® 
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solutions saturated at concentrations below 4 at. ° 
of the solute. 

The atomic size characteristics of the low-melting 
solvent metals and the high-melting solute metals are 
such that the majority of the binary systems appear- 
ing in Fig. | fall in the range of size factor from 
S = 0.8 to 1.6. Over this range a correlation between 
the temperature coefficient of solubility and the atomic 
the data 
concave-upward curves meeting in a cusp at approxi- 
mately S = 1.4. 

The close relation of the temperature coefficients 


size factor is observed, suggesting two 


of solubility as expressed in equation (2) to the 
thermodynamic properties of the liquid alloys is made 
clear by applying the van’t Hoff equation to the 
equilibrium, 


A,,) = A (in liquid B) 


where a pure solid solute A is in equilibrium with a 
dilute solution of A in liquid B. The temperature 


coefficient is obtained as 


d(R In N 4,1) 


AH 
d(1/7') 


(3) 
where AH,” is the heat of fusion of the pure solute 
and Af%, is the partial molal heat of solution at 
high dilution relative to pure liquid A. Systems for 
which the solid phase is an essentially pure metal are 
the 


systems in which the solid phase is an intermetallic 


indicated by double symbols in Fig. 1. For 
compound or varies in composition with temperature, 
equation (3) must be modified by the addition of 
terms accounting for the reduced activity of the solute 
in the solid phase. However, for the present purpose 
it suffices to point out that the temperature coefficients 
for such systems deviate relatively little from the 
trend observed for the simpler systems where the 
solid phase is the pure solute. An approximation for 
the heats of fusion of metals is given by‘®) 


= 22T,* (4) 
where 7',” is the melting point in °K. Equation (4) 
indicates that AH,” varies relatively little over the 
range of solutes considered. Thus, the temperature 
coefficient of solubility is principally determined by 

Since AA, represents the energy difference 
between an A-atom coordinated with like atoms in 
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pure liquid A and an A-atom coordinated entirely 
with B-atoms in pure liquid B, the correlation of the 
data in the left branch of Fig. 1 suggests the existence 
of a strain or misfit energy in liquid alloys. Though 
AH), may conceivably be determined by atomic 
properties more basic than but concomitant with the 
atomic size factor, the simplest interpretation of Fig. 
| is that the distortion energy stored in the lattice in 
the vicinity of a solute atom in a solid alloy®:!® is 
not entirely relaxed on passing to the liquid state. 
The the 
solubility with size factor is remarkably good when it 


correlation of temperature 
is considered that, in addition to such factors which 
would affect the position of the plotted points as 
relative valencies, electronegativity differences, co- 
ordination numbers, heats of fusion, and experimental 
errors, the misfit energy itself is expected to vary 
with the interatomic force constants as well as the 
disparity in atomic sizes. 

Commencing from a size factor of unity, the misfit 
energy for a substitutional solution process is expected 
to increase with increasing size factor until the solute 
atoms are so small relative to the solvent atoms that 
an interstitial solution process becomes energetically 
competitive. The cusp in Fig. 1 indicates that this 
transition occurs near a size factor of 1.4. Thence- 
forward the temperature coefficient decreases rapidly 
as the solute atom approaches the size of the unstrained 
interstices that might be expected to exist in liquid 
metals. A solute atom in an interstitial site would 
coordinate with nearer six than twelve solvent atoms, 
so the data for systems lying on the right branch of 
Fig. 1 have been replotted on the basis of six-fold 
the 
indicated by squares, correlate well with the points 


coordination for solute atoms. These points, 


for carbon dissolved in the liquid transition metals. 
Carbon is known to dissolve interstitially in the solid 
transition metals, and evidence has been put forth 
indicating that it is also interstitial in liquid iron, 112) 
The that 


bility studies in metallic systems are of particular 


foregoing considerations indicate solu- 
value for further understanding of the constitution of 
liquid alloys through the investigation of systems of 
low solubility, where the size effect overshadows all 
other energetic effects and conventional thermody- 
If the effect 
(13) 


namic methods are inpractical. size 


makes the only positive contribution to AS, 


the misfit energy will be defined by the upper bound 
of points on a plot of AMX, as a function of size 
factor, and contributions of other factors, e.g. relative 
electronegativity, should appear as negative devia- 
tions from this upper bound. To this purpose more 
precise data on a wider range of metallic systems are 
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desirable, and methods of evaluating existent data 
should be extended to treat moderately concentrated 
solutions and to define the excess entropy, AS%)”, 
as well as the enthalpy, AA %,, of solution. 
Physical Metallurgy Branch, S. W. 
Metallurgy Division, J. L. Ware 
U.S. Naval Research Laboratory, B. 2. 
Washington 25, D.C. 
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Behavior of thin metal surface films under 
electron bombardment 
The 


surface films by electron diffraction studies is usually 


identification of constituents in thin metal 


hampered by the amorphous nature of the film, 
whether it is on the metal or removed. This has been 
found true for systems of aluminum, iron—nickel 
chromium, tin, ete. An example typical of this 
Fig. | 


electron photomicrograph of the surface film isolated 


phenomenon is illustrated here. shows an 


froma piece of hot dipped tin plate. Fig. 2 shows the 
transmission electron diffraction pattern of the film, 
indicating its amorphous nature. 

However, an interesting and instructive phenomenon 
was observed in the film after it had been isolated 
and subjected to electron bombardment in the electron 
microscope. When a small piece of film was in the 
field of the electron beam, nucleation and growth was 
found to occur simultaneously with the relaxation of 
the 


showing the variation of the same piece of film as that 


film. Fig. 3 is an electron photomicrograph 


illustrated in Fig. 1, as a result of electron bombard- 


ment. It was also observed that the film had essentially 


Fic. 1. Electron photomicrograph of surface 
film stripped from hot dipped tin plate. 


Fic. 2. Transmission t diffi 


pattern from surface film of hot dipped tin 


plate 
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Fic. 3. Electron photomicrograph of surface 


film stripped from hot dipped tin plate 
after electron bombardment. 


ransmission electron diffraction 
surf: film of hot dipped tin 
bombardment 


_ 
4 
bo. 4 
. 

ra. 4. 
pattern fro 
plate atte! I 

Rs 
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contracted from a few per cent to as high as 20 per 
The 


dark dots are believed to be the erystals responsible 


cent in various linear dimensions. numerous 


for the sharper diffraction patterns as recorded in 
Fig. 4. 
dominate 


It is important to note that the sharp rings 
the the 
amorphous film was not found to have changed much 


whole diffraction pattern, while 


except in its dimensions. Assuming the film to be 
essentially elastic, then from the principle of elasticity 
it seems that relatively lower energy is required for 
relaxation and, in turn, initiation of crystallization, 
on the extreme surface of the film as compared with 
the interior. This allows us to obtain information on 
the structure and possibly the composition of the 
outer surface. In view of the complexity of the 
surface problem in tin plate, this method is particu- 
larly useful. 

To verify the possibility of obtaining structural 
information, the thin surface film of a piece of pure 
After 


amorphous 


tin foil was stripped off and investigated. 
the 
found 


original 
diffraction to 
series of diffraction rings corresponding very well 


electron bombardment. 


pattern was transform to a 


with those of stannic oxide. 

C. C. Hs1ao 
University of Minnesota, 
Minneapolis, Minn. 
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The deformation of Au-Cd 8’ alloys 


In a recent paper,” it has been shown that f-phase 
alloys of gold and cadmium having a CsCl structure 
behave as ionic compounds with respect to their slip 
plane and direction. Since the Au-Cd system exhibits 
two diffusionless phase transformations in the / alloy 
range, it is of interest to examine the effect of the 
In 


the composition range centered about 47.5 at. °, 


transformation on the nature of the slip process. 


Cd-—52.5 at. °, Au, the CsCl 6-phase transforms to a 


fp’ orthorhombic phase’*) whose space group is D?. 


In the range centered about 50 at. °,, Cd—50 at. °, Au 
the /-phase transforms to a body-centered tetragonal 
fp” phase. Both transformations are ‘‘diffusionless”’ 
and occur reversibly with a small temperature 
hysteresis. In both transformations, the low tempera- 
ture phase consists of a stack of fine twins.) 

Single crystals of the 47.5 at. °,, Cd—52.5 at. °,, Au 
f-phase were grown from the melt and were then 
homogenized by annealing several degrees below the 
melting point for a period of one week. Single 


crystals of the orthorhombic f’-phase were obtained by 


THE EDITOR 609 
transforming the /-phase crystals under the appro- 
priate stress. This procedure resulted in the removal of 


one of the transformation twin orientations.) On 


removing the stress, a $’ crystal of a single orientation 
could be obtained. These crystals were deformed in 
tension or compression and the slip traces on the 
polished surfaces were examined. The slip planes 
were determined by the technique of measuring the 
for 
various positions around the latter as described by 
Maddin and Chen.‘® 
mined by finding the direction of the major axis of the 
the 


angle between slip trace and specimen axis 


The slip direction was deter- 


elliptical intersection of the slip plane with 
cylindrical specimen. All the specimens were electro 
polished prior to deformation. Crystal orientations 
were obtained by the back reflection Laue technique 

The slip plane for the #’ orthorhombic structure was 


found to be the {110! plane and the slip direction to be 
I 


100). The atom positions in the f’ phase are 


Cd (0, 0, 0) (0, 5/8, 1/2) 
Au (1/2, 1/2, 0) (1/2, 1/8, 1/2). 


Slip on the observed slip system is consistent with an 
ionic character of the Au and Cd atoms, since it satis- 
fies the requirement that like atoms do not become 
neighbors during the unit shear process. It 
that 


alter the ionic nature of the slip process. 


nearest 


appears the P—/' transformation does not 


It was found that the slip markings which were 
observed by surface relief techniques could be repro- 
duced by electropolishing and etching the surface 
Both slip and deformation bands could be seen on a 
Annealing at 150°C for thirty 


to 


surface so prepared. 


sufficient howeve1 the slip 


up 


high degree of long range order, 


seconds Was prevent 


Since these alloys exhibit a 


markings showing 
it is believed that the 
appearance of the slip markings on etching is caused 
The 


may 


by a local decrease In ordet along the slip Lines 


passage of dislocations through the 


. Slip markings on a polished and etched surface. 
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cause both a local decrease of order and an 


concentration of point defects. On annealing, 
increase of order in the vicinity of the slip markings 
should be rapid, and should remove the tendency 
preferentially to etch those regions. 

The slip bands observed on a polished and etched 
surface in a specimen deformed 5 per cent in com- 
pression are shown in Fig. |. The slip traces are quite 
straight and no evidence of cross slip was observed. 
Although slip on several systems was observed in this 
specimen, in any particular region slip on one system 
appears to act as an effective barrier to slip on the 
latent slip systems. The appearance of the defor- 
mation bands observed is shown in Fig. 2. These 
bands were formed in regions where slip was pre- 
dominantly on one system. The slip bands appear to 
terminate at the deformation band. A back reflection 
Laue photogram taken after 5 per cent deformation 
indicated a spread of lattice orientation of approxi- 
mately 6 The 
believed to be localized in the deformation bands. On 
reintroducing the the p’ 
was observed that the twin boundaries 


observed orientation spread is 


transformation twins in 
structure, it 
deviated in direction at positions where deformation 


bands had been formed. 
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Factors affecting the plasticity of 
ionic crystals 


The role of surface imperfections in the brittle 
behavior of ionic crystals has been of interest since 
the suggestion by Griffith”) that surface cracks can 
be responsible for the lack of ductility. Shortly 
afterward. Joffe’) increased the tensile strength of 
to 230.000 pulling it 


rocksalt from 750 ye Ib/in? by 


under water or immediately after removing it from 
the He attributed the 
to the removal of cracks by surface dissolution. Work 


water. increase in strength 
at this laboratory has indicated®:* that microcracks 
are formed by a thermally activated process of LOO 
keal activation energy on alkali halide crystals which 
had been made initially crack free by the dissolution 
of the surface layers with water. The crack formation 
is a relatively slow process at room temperature. It 
can be accelerated by heating, application of very 
low stress, or by X-irradiation. At room temperature 
the process requires months, while at temperatures 
above 130°C it is practically complete in less than 
one hour. The microcracks so delineated range in 
length from 0.5 to 3 uw and finally number about 10° 
per cm?. They are believed to be formed because the 
surface layer spacing of the water treated crystal 
is not at its equilibrium value. The equilibrium 
lattice spacing is six per cent less than the bulk 
spacing and the equilibrium spacing is attained through 
the This first 


suggested by Lennard-Jones and Dent.‘ 


formation of cracks. process was 

It is the purpose of this note to describe preliminary 
observations on some of the factors which influence 
the mechanical behavior of single crystals of MgO*, 
NaCl, LiF, KBr. 


mined in flexure in a tensile machine. 


Stress-strain behavior was deter- 


In some cases, 


qualitative estimates of ductility were also made by 


simply bending the specimen between the fingers. 

Freshly cleaved specimens both of the alkali halides 
and of MgO are ductile, and ductility decreases 
The ductility is 
dependent on purity as evidenced by the fact that 
colorless MgO crystals can be bent easily through 
angles of about 90° while the bends in colored crystals 
A marked difference in 


rapidly with time after cleavage. 


are limited to a few degrees. 
ductility was also observed between crystals in which 
the cleavage crack during crystal preparation was 
caused to propagate very rapidly, and those through 
which the crack progressed very slowly or inter- 
mittently, the latter always being more ductile. Obser- 
showed that the dislocation 


vations by Gilman‘® 


* We are indebted to Mr. Frank Huke of the Norton 
Company for assistance in obtaining MgO single crystals. 
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density was highest in LiF crystals through which the 
cleavage crack progressed most slowly. This suggests 
that the dislocations introduced during cleavage may 
play an important role in the ductility. 

It was also found that the ductility can be restored 
Brittle MgO 


becomes ductile after immersion in hot 20°, H,SO 


by a variety of surface treatments. 


followed by a water rinse. Sodium chloride is ductile 
after surface dissolution with water, after a dip into 
a dry ether solution of stearic acid, and after the 
vacuum deposition of a layer of sodium chloride or 
gold. Some of these treatments are of such nature 
as to suggest that it is not always necessary to remove 
the surface layers to restore ductility. The extent 
of restoration varies with the treatment: for example, 
MgO is not as ductile the 
freshly cleaved crystal. On the other hand, the stearic 


sulfuric acid treated as 
acid solution renders NaCl more ductile than does the 


water treatment, which in itself results in greater 
ductility than fresh cleavage. 

Another important but as yet unexplained result 
is that the elastic modulus is also changed by surface 
treatment. If the ductility is improved, the modulus 
treated MgO, the 
extent of reduction varies with the time of exposure 
to the acid. 


cent of the original value have been obtained. 


is decreased. For sulfuric acid 
teductions in modulus as much as 50 per 
The 
stress-strain curves reported for NaCl by Aerts and 
Dekeyser™ also appear to show a variation in the 
elastic region with various specimen treatments 

Recently, experiments have been reported’; 
which give evidence that the atmosphere in which the 
crystals are stored after cleavage has an important 
bearing on the retention of ductility. Crystals of NaCl 
were found to remain ductile in vacuum or helium or 
if stored under oil. They rapidly become brittle if 
exposed to gaseous nitrogen or oxygen. 

The 


temperature and the atmospheric effects on ductility 


low rate of microcrack formation at room 
raise questions regarding the adequacy of the origina! 
postulate that the presence of microcracks is the main 
The 

ductility is 
One of these 


cause for the brittle behavior of ionic crystals. 
data to that 


restricted additional 


may be taken indicate 


by mechanisms. 
might be, for example, the restriction of dislocation 
motion by the presence of surface layers formed by 
interaction with atmospheric gases. 

It is possible, however, that the limited body of 


information available at present could still be inter- 


preted in terms of microcracks. The rate of cracking 


was measured in water polished crystals, whereas 
the relatively rapid reduction in ductility has been 


measured on freshly cleaved crystals. Because of 
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debris and surface irregularities on freshly cleaved 
surfaces, it has not been possible to measure their rate 
of surface cracking by the silver deposition method. 
Also, reliable data on rate of ductility change on water 
Thus, 


correlations are not permitted. Since it is known that 


polished crystals are not yet available direct 


a small tensile stress accelerated the rate of cracking 


on water polished crystals, it is possible that a suf- 


ficient number of cracks may form rapidly under the 


influence of stress induced by cleavage and cause 


freshly cleaved crystals rapidly to lose their ductility. 
X-ray surface damage detectable by electron diffrac- 


tion also has been found'®) to occur more rapidly on 


Adsorp- 


cleavage faces than on water treated faces 
tion of or reaction with atmospheric gases could also 


result in an increase in the surface strain and thus 


accelerate cracking. Finally, it is also possible that 


cracks Ina range of sizes below that detectable by our 
technique are formed rapidly after cleavage or other 
surface treatment 

It is obvious that further careful experimentation 
is needed before the basic controlling 


prot eSses 


ductility in these materials can be clearly defined. 
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Dilatational strain due to dislocations 
in copper 

Clarebrough, Hargreaves, and West" have recently 
measured both the stored energy and the macroscopic 
density changes in some specimens of plastically 
deformed copper. They have interpreted the density 
changes in terms of densities of dislocations by using 
and Seeger.) The latter 


a calculation of Stehle 
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the dilatation associated 
with a screw dislocation in copper on the basis of a 
letailed the the 


vicinitv of the dislocation. Clarebrough et al.“ have 


iuthors have calculated 


model of atomic interactions in 
ilso used Cottrell’s™ calculation of the elastic energy 
of a dislocation to estimate the dislocation densities 
their The 


location densities found in this way agree with those 


from stored energy measurements. dis- 


derived from the dilatational effects. The purpose of 
that the 


observed relationship between dilatation and stored 


the present communication is to show 
energy can be obtained approximately from thermo- 
dynamic arguments, without reference to an atomic 
model of a dislocation. 

The 


which was used by Cottrell, will also be used here. 


elastic continuum model of a dislocation, 
In this model the elastic energy of a dislocation is due 
to a pure shear strain in the crystal. The qualitative 
origin of the dilatational strain associated with the 
dislocation is then as follows: It has been shown by 
Lazarus) that the elastic shear modulus of a crystal 
is changed by dilatation of the latter. Therefore the 
energy of a crystal subjected to an elastic shear strain 
can be lowered by changing the volume of the crystal 
in such a way as to lower the shear modulus. 

In order to describe this effect by a quantitative 
thermodynamic relation, we consider a system which 
was analyzed by Zener’) in another connection, 
namely, a cylindrical specimen of radius R and length 
L, subjected to a torque 7 applied at the two ends, 
and to a hydrostatic pressure p applied over the 
The specimen is considered to be 


entire surface. 


elastically isotropic. Zener derives for this system 


the perfect differential form 


d(E + pV T'S) Vdp+-rd¢ S dT (1) 
where E is the energy of the specimen, V is its volume 
and S its entropy, and ¢ is the angle of twist. Since 


l) isa perfect differential, the relation 


Or 


¢,T 


is satisfied. Following Zener, we denote by ¢e the 


work done by the torque in twisting the specimen 
constant and 


from equilibrium to ¢ at pressure 


temperature, and divide both sides of (2) by 7: 


Substituting for 7 the formula of elastic theory 


p,T Op ¢,T 


2L 
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gives oV ln u 
We will 


apply (5) to the present problem, interpreting ¢ as 


where ( is the isothermal compressibility. 


the shear strain energy of a dislocation, and taking 
(0 In w/Op), from the work of Lazarus. 


TABLE 1. Summary of the results of Lazarus'*) for copper. 


Value 


In w/Op)r 


(em?/dyn) 


(0 In — B 


(cm3/eal) 


Elastic 
constant 


0.17 
0.67 


10-4 
10-4 


0.11 10-11 
0.23 10-1 


104 


7.56 


2.36 


The results of Lazarus for copper are summarized 
in Table 1. 


dynamic arguments assume an isotropic solid, whereas 


Since Cottrell’s model and our thermo- 


two shear moduli are required to describe the elastic 
properties of copper, the exact value of (0 In u/dp), 
to be used in (5) is not apparent. It seems likely 
however, that most of the shear will be of the type 
which requires the least energy, namely, that for 
which the shear modulus is lowest. Since 3(C,, Cy) 
is less than one-third as great as C,,, the figures for 
(Cy, - 


with the experiments. 


C2) will be used in comparing equation (5) 


TABLE 2. Comparison of the observed dilatation" with that 

calculated from equation (5), using the pressure dependence 
of 3(C,, 

AV/V 


Calculated 


AVIV 


Observed 


Stored energy 


formatio 
Deformaticn (cal/em3) 


10-4 
10-4 
10-4 


0.91 x 10-4 
1.38 10-4 
1.93 x 10-* 


The comparison is given in Table 2. It is seen that 
the calculated dilatations are too small by roughly a 
of the fact that 


theory of a dislocation can only be approximate, 


factor two. In view any elastic 


because much of the energy is stored in regions where 

the strain is far beyond the elastic limit, this agree- 

ment is as good as can be expected. 

Semiconductor and Solid State t. W. Keyes 
Physics Department 

We stinghouse Research Laboratories 

Pittsburgh 35, Penn. 
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THE INFLUENCE OF ELASTIC STRAINS ON THE RECOVERY 
OF COLD-WORKED COPPER* 


Cc. W. BERGHOUT 


It has been found from measurements of electrical resistivity that the recovery 
is speeded up by an elastic strain. For the part of the recovery caused by diffusion 
vacancies or other point-defects formed during plastic deformation, this effect car 
change in the diffusion coefficient of the defects 

The relation between the diffusion coefficient of vacancies and an elastic deformation 
the change of the activation energy of migration of a vacancy with the elastic deformatio1 
the activation energy depends linearly on the deformation. When the coordinat« 
suitably with respect to the crystal axes, it can be shown that this relation is gi 
{ 
» 


AQ 
The constant A is derived from experiment and is found to be 
diffusion coefficient of vacancies and the elastic deformation, we 
strain fields of an edge dislocation. At a distance of about 100 A 
The effect of the presence of dislocations on the diffusion process wl 


vacancies formed during cold-working is discussed 


RESTAURATION DU CUIVRE ECROUI 


Des mesures de résistivité électrique ont montré que la restauration du cuivre 
par une déformation élastique. Pour la part de la restauration due & la diffusion et 
lacunes ou des autres défauts partiels créés pendant la déformation plastique, cet eff 
a une modification des coefficients de diffusion de ces défauts 

La relation entre les coefficients de diffusion des lacunes et une déformation é| 


par le changement d’énergie d’activation pour la migration d’une lacune avec la d¢ 
Cette variation d’énergie d’activation dépend linéairement de la déformation. Quand 
I 
ordonnées sont convenablement choisis par rapport aux axes cristallins, on pr 
relation est approximativement 
1 

AQ 
. 
Z 4 
La constante A est déduite de lexpérience et est trouvée égale a 
coefficient de diffusion des lacunes et la déformation élastique, on peut cal 
déformation élastique d’une dislocation-coin \ une distance d’environ 100 
influence considérable. On discute également linfluence de la présence des d 


de diffusion qui précéde l’annihilation des lacunes formées pendant | écrouissag 


DER EINFLUSS VON ELASTISCHEN VERZERRUNGEN ‘ RHOLI 
KALTBEARBEITETEM 


Mittels elektrischer Widerstandmessungen wurde gefunder 


Kupfer durch eine elastische Verformung beschleunigt wird, | 
der Diffusion und Annihilation von Leerstellen und anderen 


plastischen Verformung erzeugt werden, kann dieser Effekt einer 


ator 


der Fehlstellen zugeschrieben werden. 
Fiir die Beeinflussung der Diffusionskonstante von Leerstellen ist die Verander 


rmung mi 


energie der Wanderung einer Leerstelle infolge einer elastischen 
rung der Aktivierungsenergie hangt linear von der Verformung al 's kann geze 
Beziehung fiir eine geeignete Wahl des Koordinatensystems beziig!i les Kristal 
sweise folgendermassen darstellen lasst: 

1 

Die Konstante A lasst sich aus den Experimenten erm‘tteln und wurde zu 

der Beziehung zwischen Leerstellen-Diffusionskonstante und elastischer Def 

Einfluss des elastischen Verzerrungsfeldes einer Stufenversetzung berechnen Er ist 
Abstand von 100 A noch von betrachtlicher Grésse. Die Auswirkung der vorhandene 
auf den der Annihilation von bei der Kaltbearbeitung entstandenen Leerstellen 
Diffusionsprozess wird diskutiert. 


of the author’s thesis.“ The work is a part of the 


* This paper contains a part 
L958 


“Stichting voor Fundamenteel Onderzoek der Materie”’ (F.O.M.). Received February 14, 
+ Technical Physics Laboratory, Delft, Netherlands. Now at Philips Research Laboratories, Eindhoven, The Neth: 
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1. INTRODUCTION 
Some years ago it was found possible to introduce 
vacancies into a metal by irradiating the metal with 
With this 


pe ssibility anew method became available for studying 


nucleons or by plastically deforming it. 
the mobility of vacancies—an important term of the 
diffusion coefficient. 

In order to examine this method more closely, 
the the 
resistivity of cold-worked Cu during recovery. 
the the 


phenomena appear.) As a result of the cold-working 


we have studied behaviour of electrical 


During experiment following familiar 


) 
(for example at 190°C) the resistivity increases. 
If the the 


subsequently raised, the additional resistivity dis- 


temperature of cold-worked metal is 


appears entirely or in part. From the variation of 


resistivity as a function of recovery-time and 
temperature it appears that the extra resistivity 
These parts can be 
to the 


vanishes. 


consists of four parts (stages). 


easily distinguished according temperature 


range in which a _ given stage These 
temperature intervals depend on the impurity content 
In our experiments the 
four temperature ranges lie between: 150°C and 

SO>C, 40°C, 40°C 250°C, 


250°C and In each stage the characteristic 


and degree of cold-work. 


80°C. and and 


290°C, 
relation for a thermally activated process exists 
between recovery time and temperature. 

For our purpose the recovery in the temperature 
to 


total 


SO-C 40°C is of primary interest. This 


all 


during 


range 


part of the increase in resistivity is in 


probability caused by vacancies formed 


cold-working. 
10°C 


the elimination of these vacancies 


The recovery process between SO°C) and 


then consists of 
on outer surfaces, crystal boundaries and dislocations. 
that after the 


vacancies will be distributed at random in the lattice, 


Since it is obvious cold-working 


100 
1. The influence of time and temperature on the recovery 
of cold-worked copper. The extra resistivity is always 
measured at 195°C. The value of the extra resistivity 
directly after cold-working (App) is 0.150 p. 


Fic. 
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2. The activation energy for the recovery of cold- 
worked copper as a function of the extra resistivity. 


the appropriate vanishing sites can only be reached 
after a The 
of the vacancies will therefore largely determine the 


diffusion process. diffusion constant 


rate at which the resistivity decreases. 


2. MEASUREMENT OF ANNEALING CURVES 

Fig. 1 shows a part of the curve obtained when we 
the 
function of the two most important variables 


express recovery of cold-worked copper as a 


time 


and temperature. This recovery was measured on 


polycrystalline copper which, after drawing and 


fully annealing in vacuo, had a purity of 99.97%.* 
Wires of 
per cent at 
(Ap,) of 15 per cent. 

The material was then held at a given temperature 


At 
this recovery was interrupted by a rapid quench to 


about 12 cm length were strained 20.0 


195°C, resulting in a resistivity increase 


allowing recovery to take place. certain times 
195°C. At this temperature all the measurements 
The 


resistivity after recovery times of 1, 8, 64 and 500 


of resistance were made. values of the extra 


min are given in Fig. 1. Each set of four points 
relating to a specific temperature originates from a 
different wire. From the data given in Fig. | we can 
derive the activation energies of the various processes. 
The results of such a calculation are shown in Fig. 2. 
The computed activation energy is given in this 
figure as a function of the remaining extra resistivity. 
Admittedly the activation energy shows no funda- 
mental connection with the, extra resistivity, but 
since an activation energy is always calculated at 
a specific value of Ap/Ap, this does define a functional 
relationship. Although this function has thus no 
physical significance, the results have nevertheless 


been shown in Fig. 2 in the manner described, since 


* This figure was found by spectrochemical analysis. 
Judging from the value of the residual resistivity of this 
copper (6 10-% (2m) only a small fraction (~10%) of 


the impurities is present in solid solution. 


614 
| 
| | | | 
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in that way they give an impression of the variation 
of activation energy. The measurements from which 
the values of Q between Ap/Ap, = 0.5 and Ap/Ap, 


0 were calculated are not included in Fig. 1. 


3. RESULTS OF CALCULATIONS OF 
ANNEALING CURVES 

We shall deal mainly with that portion of Fig. 2 
where the activation energy has approximately a 
constant value of 0.65 eV. The recovery taking place 
at this value falls in the temperature range —80°C 
to +40°C. It is assumed that this part of the recovery 
of resistivity is due to the elimination of vacancies. 
The activation energy of 0.65eV is then equal to 
the activation energy for the jump of a vacancy. 

In order to study the precipitation process of the 
vacancies we must now consider 2 complete annealing 
the total 
resistivity as a function of time at the recovery 
this the data of 


Fig. 1 cannot be used immediately, since in that 


curve, i.e. we must know variation of 


stage in question. For purpose 
portion of the figure with which we are concerned 
there also occurs a slight recovery of the neighbouring 
stages. It is, however, possible to distinguish between 
the various stages. Let Ap, denote the resistivity 
due to the presence of vacancies. Then the curve 
given in Fig. 3 defines the total variation of this 
quantity as a function of time. This curve is derived 
from Fig. 1 by separating the different annealing 


We shall the 


in which this separation is made, nor shall we describe 


processes. not discuss here manner 


in detail the method of comparing calculated curves 


with experimental curves.”) It appears impossible 
to calculate the annealing curve from the assumption 
that the disappearance of vacancies constitutes a 


normal diffusion process in a medium with a homo- 


log tp/t, 


=1 
10 


Fic. 3. The recovery of the extra resistivity due to vacancies 
function of time at 30°C. Apo is the value of Ap, 
at zero time. 


as a 
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The 


illustrates the main result of our calculation. 


geneous diffusion coefficient following point 


Suppose that ¢, is the time during which less than 
the extra 
and ft, 


a specific percentage (say 5 cent) of 


to 


pel 


resistivity due vacancies has vanished, 


the time in which, at the same temperature, the 


entire recovery stage has vanished to within the last 
then that the 
the 


5 per cent. It appears ratio ft, ty as 


derived from annealing curve 


experimental 
10°) is larger by a factor of 100 than the value 
found from a first order precipitation curve. From 
analogous calculations in several other models of the 
same diffusion process, it can be inferred that it is 
not possible in principle to reach a better agreement 
and calculated 


anne 
We 
influence of different 
Also we 


mechanisms for 


between experimental 


curves by choosing a particular model have 


for instance calculated the 


starting distributions of vacancies. have 


calculated the influence of different 
the disappearance of a vacancy (on closed surfaces, 
recombination) Only when 


in dislocations or by 


several of the features in the various models mentioned 
are combined is it possible to reduce the discré pancy 
with respect to the experimental curve 

Instead of going further into speculations of this 


to draw attention to a simple 


the 


This concerns the influence 


kind we wish fairly 


explanation of discrepancy just mentioned 


of internal strains on the 
diffusion of vacancies. If the influence of such strains 
is taken into account. we can not only 

explanation of the high value of ¢,/t 

out clearly the difference in the nature 


curves at different deformations 


OF ELASTIC STRAINS 
OF VACANCIES 


4. THE INFLUENCI 

ON MOBILITY 
We the 
effect of 
cause in the mobility of vacancie Chi 


Diene 


consider it most. i 


possible that 


internal strains consists in the ch 


has already been pointed 


These authors 


Overhauser 


taken into account int 


the presence Of vacancies 


In our opinion, the long 
ns are of ore 


by dislocati 
that 


We believe 


elastic strains on the re 


a direct proof 
overy process 
influence 


of cold 


in an experiment which demonstrates the 


of an external elastic strain on the recovery 


worked copper.” For this purpose, the recovery of 
the resistivity as a function of time was measured on 
had to 


the same degree (16 per cent strain Up to ft } 


two wires which been cold-worked exactly 


| + 
and other point defect 
1 10 10° 10° 10 
t, min 
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@ NOT LOADED 
AFTER t=4min LOADED 
WITH 17 kg/mm* 


T=272 °K} 


16 32 64 #&«2128 
t, min 


The influence of an external strain on the recovery 


Fic. 4. 
of cold-worked copper at 


min the two wires were annealed in exactly the same 
After 
was subjected to an elastic strain during the further 
Fig. 4. the effect 
of this is to speed up recovery. Since the annealing 
curve is a function of Dt/L* (D 
a diffusion length) this effect 


related to a change in D or a change in L. 


way. 4 min however, one of the two wires 


annealing. As can be seen from 
diffusion constant 
of the vacancies and L 
might be 

In the experiment discussed, the change in D/L? 
amount to 65 Fig. 4. 


consider it unlikely that a strain of 0.14 


must per cent according to 
since we 
per cent could cause the diffusion length to change by 
a factor of about 1.5 we prefer the latter possibility. 

The question arises whether the observed annealing 
kinetics can be considered as a result of variations 
of D within the metal due to the presence of internal 
strains. In the following discussion we shall examine 
It should already be remarked here that 
even if we the 
the and the effect of an 


strain on the diffusivity, it is difficult to calculate an 


this point. 


know both distribution of elastic 


strain in material elastic 
unnealing curve (resistivity as a function of time). 
An exact calculation involves too many mathematical 
complications, and so we are obliged to confine 
ourselves to an estimate of some of the quantities 
characteristic of the annealing curve. In any case, 
there little 


exact calculation since we can only make assumptions 


would be purpose in making a more 
about the magnitude of the internal strains. 
We shall 


following three calculations: 
(1) A calculation of the change in the diffusion 


now consider the main outlines of the 


constant of vacancies when an arbitrary elastic 
deformation is applied. 

(2) A caleulation of the behaviour of the diffusion 
constant around an edge dislocation. 


(3) An estimate of the value assumed by the above 
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mentioned quantity ¢,/t, in the presence of a reason- 
able dislocation density. 

It is obvious that only a variation of the activation 
energy Q with the elastic deformation can produce 
a change of the right order of magnitude of the diffusion 
coefficient D. 
pre-exponentional term is sufficiently sensitive to an 


None of the factors determining the 


elastic strain. We must therefore know the change of 
activation energy for the jump of a vacancy. In 
calculating this relation we shall make use of experi- 
mental data as well as theoretical considerations. 

When an atom in a lattice point P is moved to a 
vacant lattice point R in a face-centered cubic metal, 
the system will possess its highest energy at the 
moment when the migrating atom is at point P’ 
Point P’ lies half-way between P 


and FR in the plane of the four nearest neighbours. 


(see Fig. 5). 
The axes of symmetry of the system are chosen as 
the co-ordinate axes. The Z axis is the direction of 
When now, the lattice is subjected to an 
the 


the jump. 


elastic deformation, activation energy changes 


owing to a change in the distance of the migrating 
When &,, 


are the dilatation components of the elastic de- 


atom from its neighbours. and e¢.. 


formation caused by external forces, it follows from 
reasons of symmetry that the change in activation 


energy from the jump is given by 


Be Cé,,. (1) 


22 


The proportionality constants A, B and C are 
related to the repulsive potential between the atoms. 
Assuming (a) that the displacements around the 


jumping atom are restricted to the four nearest 


[oo}] 


aA 


Fic. 5. The nearest neighbours of a jumping atom in a f.c.c. 
metal (4 atoms and 2 vacancies). 


616 
15.0 
\ 
13.5} SQ 
AQ = A 
| 
A 
C) 
av2 
[110] 
y 
| 


BERGHOUT: ELASTIC STRAINS ON 
neighbours concerned, and (b) that the forces between 
the atoms are central forces and (c) that the inter- 
action between the atoms, which we characterize 
by a potential L(r/4), is equal to zero at spacings 


greater than the lattice spacing (A), we find”) 


2(z,’ 


1 

Here E,’ and B,’, 
E(rjA) for 
spacings between the four neighbouring atoms and 


E,). 


which are the derivatives of 


values of r corresponding to certain 


their surroundings, can be considered as constants. 
With the aid of (2), (3) and (4) we can without great 
error, simplify equation (1) to: 

== A/2)e, (A/4)e,.. 
We have introduced this simplification since we wish 
to calculate A, B and C from the experiment (Fig. 4), 


the 


determining 


and experimental data are not adequate for 


three independent quantities. From 


the calculation given in section V it follows: A is 
4)eV, Bis 16 eV. and C is S eV. 


From the relation between Q and the deformations 


32( 
we derive directly the relation between the diffusion 
the for 


position of the crystal axes with respect to 


arbitrary 
the 


constants and deformations an 
principal axes of the deformation tensor. In an 


f.c.c. 


Owing to 


metal a vacancy can jump in twelve directions. 
the these different 


possibilities no longer possess the same activation 


elastic deformation 
energy (Q). The rates of jumping are thus no longer 
mutually equal. If the activation energy of a given 
jump, in the presence of an elastic deformation, is 
AQm(1 < m 12), then the rate of 


jumping is given by 


given by Q 


0 
y exp 
12 


m 


AQm 
kT 
Debye frequency x 


Care should be taken in the calculations always 
to transform AQm on the axes of the co-ordinate 
system in question. Owing to the elastic deformation, 
diffusion in the The 


terms of the tensor now describing the diffusivity 


metal becomes anisotropic. 


are given by 
1Z 
P,,,A? CO8 ny ° 
m=1 


(x is the angle between the jump possibility m and 
a co-ordinate axis). 
With this we know fully the relation between the 
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OF COLD-WORKED 


diffusion constant of vacancies and_ the 
deformation 

We 
the diffusion constant of vac 
For 


equations 


result TO the 


have applied this 
uncies 


of an edge dislocation this calculatiol 


used the rbove und rormu 


around an 


We have 


elastic deformations 


isotropic medium. 


diffusion coefficient defined as 


average 


The results of the calculation of dD 
Fig. 6. The 


temperature ot 


presente 


curves in this 


\s expected the 


constant in the region below the dislocation 


higher than normal: above the dislocation 


diagram hold for 


diffusio1 


| E,’) 2) 
B= + B,') + 4B, 
PN 
| 
a 
958 {(/ 
D \Q 
D = 1(D,, + Doo + D exp | 
12 
j 
{xis 
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between D and the 
D also differs 


from the normal value in the glide plane, where only 


the relation 


not 


is lower. Since 


deformations is linear however, 
shearing strains prevail. 

To estimate the effect of internal strains on the 
annealing curve, we imagine the internal strains to 
be due to a number of uniformly distributed parallel 
edge dislocations. In order to be able to estimate the 
magnitude of ¢,/t,, we introduce the following three 
simplifications in our model: 

(a) Att 


are homogeneously distributed through the lattice. 


0 the dislocations and also the vacancies 


This means that Fig. 6 repeats itself more or less 
periodically in the lattice. The number of vacancies 
present in a given domain is proportional to the 
size of the area they occupy in Fig. 6. 

(b) The v. 
in the 


‘ancies are, for example, eliminated 
of the 
This assumption, like the other, does not alter the 


centre dislocation (v O: u 0). 


essentials of our argument. If the vacancies vanish 
not in dislocations but by recombination with 
interstitial atoms that may be present, the influence 
of internal strains on recovery makes itself felt in the 
same way. 

(c) Finally, we assume that only the inhomogeneity 
of the metal contributes to a value of ¢,/t, differing 
from unity. 

In our model the vacancies above the dislocation 
axis will vanish more slowly than those that are 
originally in the region below the glide plane, owing 
to the fact that the former are in a region with a low 
diffusion constant. On the other hand the vacancies 
that are originally in the region below the glide plane 
will be able to vanish very rapidly. With the marked 
inhomogeneity present, a vacancy will vanish at a 
speed determined by the diffusion coefficient of the 
region containing the vacancy at t = 0. 

A value of 10° for ¢,/t, is found when the regions 
enclosed by the curves for D/D = 10-2 and D/D = 104 
each contain 5 per cent of the total vacancies present. 
These both of about 100/?. 


Since the area covered by one dislocation must then 


regions have an area 
follows that the dislocation density 
104 em-?. 


order of magnitude as that which can be found in 


be 200072. it 
must be 3 This density is of the same 
copper subjected to a degree of deformation of 
20 per cent. It is therefore to be expected that the 
dislocation density occurring in deformed metals will 
indeed appreciably influence the annealing curve. 
This also explains the influence of the degree of 
the 
and 


cold-work on annealing curves as found by 


Manintveld) 
their experiments that, after a high degree of cold- 


Eggleston). They noticed in 
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work, annealing curves show a tendency to extend 
over a larger temperature range (or over a larger 
interval of the log ¢ axis) than after a low deformation. 
In this 
between the ratio of the times in 


section we have established a relation 


which recovery 
takes place and the presence of internal strains. 
It is therefore evident that by cold-work this ratio 
increases. 

CONSTANT 4 
DATA 


5. THE CALCULATION OF 
FROM EXPERIMENTAL 

In discussing the remaining aspects of the effect of 
internal strains on the annealing curve, we must 
first consider a method of calculating the value of 
A. This calculation is important in more than one 
respect. 

We have already stated that a value of A calculated 
from the experiments is to be preferred to a value 
calculated from (2). The former value of A can be 
Assume that the 


deformation in every crystal of the wire is given by 


derived in the following manner. 


the tensor: 


Assume further that the measured change of diffusion 
coefficient is equal to the change averaged over all 
With these assumptions a relation can be 
the 
the diffusion coefficient and the strain. 


crystals. 


derived between measured—mean value of 
This relation 
appears to be: 


/2kT] 


u) Ae/kT] 
e dq. 


2kT | 


- 3 
exp([(? 
D \ [Ae(] 
(u Poisson constant) 
From Fig. 4 we determine an experimental value of 


we obtain from these 


1.56 for D/D. If we put uw = 3, 
data a value of 32 eV for A. 


(B l6eV.C SeV). 


The calculation of A indicated above is important 
for still another reason. It was suggested by several 
authors®® that the activation energy for migration 
of a vacancy is about 1.2eV. This being true the 
part of the recovery discussed in section 4 cannot be 
caused by vacancies. It seems more likely then that 
the part of the increase of resistivity disappearing 
between 40 and 250°C is We 
believe, however, that the experiments on the in- 


due to vacancies. 


fluence of an elastic deformation on recovery have 
provided us with an argument in favour of the former 
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The influence of an external strain on the recovery 
of cold-worked copper at 180°C. 


Fic. 7. 


point of view. We have, in fact, investigated the 
effect of an elastic strain on the recovery of cold- 
worked copper in the temperature range 10°C 
to +250°C. A typical result of such an experiment 
is shown in Fig. 7. When we calculate A from Fig. 7 
we find a value of 150 eV. This value has to be com- 
pared with the value of 32eV found previously. 
Although the theoretical value calculated from for- 
mula (2) cannot be considered as reliable, the difference 
between the two experimental values just given seems 
large enough to enable us to ascertain, even with the 
aid of this theoretical value, which of the two experi- 
mental values must be correct. 
16 eV is found if E(r/A) is put equal to the ‘“‘closed- 
shell repulsion’’.* It seems to us therefore that 32 eV 
is the correct value. 
the extra resistivity, the recovery of which takes place 
between —80 and +40°C, is caused by vacancies. 
6. THE INFLUENCE OF INTERNAL STRAINS ON 
APPARENT NUMBER OF JUMPS OF A VACANCY 
An important quantity in a recovery process of the 
type discussed in section 4 is the number of jumps 
(j) that a vacancy must make in order to reach a 
(1112) When y is the 


Debye frequency and ¢ the time in which a vacancy 


position where it is eliminated. 


* We have taken the quantitative values for the closed-shell 
repulsion from a paper by Huntington.''® 


RECOVERY OF 


From (2) a value of 


In this case then, that part of 
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vanishes the number of jumps in a homogeneous 


lattice can be calculated from 


j ty exp (—Q/KT) (8) 


Applying formula (8) to Fig. 3 we calculate that 
three jumps are required for the first vacancies to 
vanish, and at least 3 10° jumps for the last 
5 per cent of the vacancies 

If however the presence of internal strains is taken 
into account, it is not permissible to calculate j 
The calculated 


progressive recovery is only apparent, and is due to 


with formula (8). increase of 7 with 


the fact that, during progressive recovery, vacancies 


vanish from regions having a higher 


progressively 
diffusion constant. If we apply an estimated correction 
for this effect, using a dislocation density of 6 . 10" 


l 


cm, we arrive at an estimated value for j of approxi 


mately 100. Since, in order to reach the centre of a 


dislocation, a vacancy must cover a distance of several 
of interatomic value of 100 for j 


tens spacings, a 


appears to be somewhat low. It should be remembered 
however that, in our model, j is not equal to the total 
number of jumps made by a 


vacancy ) represents 


there the number of jumps made by a vacancy in 


diffusion 


entropy 


order to arrive in a region with a higher 


constant. Moreover when the activation 


which is neglected in formula (8), is taken into account 


the value of j may be ten times larger. A value of at 


least 100 for ) then seems to be in reasonable agreement 


with the picture given in section I\ 
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PSEUDOSPIRALS, IMPERFECT STRUCTURES AND CRYSTAL HABIT 
PRODUCED BY FIELD EVAPORATION OF METAL CRYSTALS* 


W. MULLER? 
Spi 


ike structures are frequently observed when the tip of a field emission microscope is subjected 
o field evaporation at elevated temperatures 


Close inspection of tips of various metals with the field 
ion microscope reveals that these structures are pseudo spirals, appearing as a result of 


eccentric 
bunching of complete | ‘t plane ‘equiring the presence of a screw dislocat TI 
bunching Of complete low index net planes, without requiring 1e presence of a screw dislocation. ie 
extremely large 


I 


v large stress of the field causes various dislocations to move towards and to pile up at the 
surface, where they can be seen in the ion image. A picture 
angle twin boundary ina tungsten crystal parallel t 


is shown of tne atomic arrangement at a low 
iow the range 


o the | 100]-zone. Field evaporation carried out at 
temperatures where imperfections can move to the surface may yield perfect surfaces 
is characterized by a rounded-off shape, with the radius of curvature 
function of the particular crystallographic region. 
aporation of tungsten at practically zero temperature is measured to be 1 
plane and 8 108 V/em on the O11 plane, 


Their habit 


ame Sense as the work 


varying in the 
The field strength for 


10° V/em on the 11] 
in agreement with the theory. Crystal surfaces, as obtained by 


low temperature evaporation at slightly lower field strengths, are also shown for platinum, iridium and 


rheniun 


EVAPORATION DE CRISTAUX METALLIQUES PAR IONISATION DANS 
UN CHAMP ELECTRIQUE 

On observe fréquemment des structures en forme de spirale lorsque la pointe émissive d’un micro- 

scope d’émission est soumise & une évaporation a haute température sous l’action d'un champ électrique. 

m de pointes de différents métaux a l'aide de 

structures sont des pseudo-spirales. Elles semblent 


L’observatic 


ce microscope a champ montre que 
résulter d’une concentration excentrée de 
reticulaires de faibles indices, sans nécessiter la présence d’une dislocation-vis. 
cha ) provoque le mouvement et | 
ainsi visibles dans 


ces 
plans 
La trés grande tension 
empilement a la surface de nombreuses dislocations qui deviennent 


Pour des cristaux de tungsténe, on montre des photographies de l’arrange- 
jue aux joints de macle a faible a 


linage 


ment atomic 


ngle paralléles aux zones [111]! ou | LOO}. 


Il est possible 
interieure a 


d’obtenir des surfaces parfaites lorsque cette évaporation sous champ est réalisée & une température 


ii les imperfections peuvent se mouvoir jusqu’a la surface 
sition est 


t 


aractérisée par une forme arrondie dont le rayon de courbure 
fonction de tr iil de sortie de la région cristallographique correspondante. 
evaporation du tungsténe a une temperature ¢ 
plan (111) et 8 108 V/em sur le plan (011). 
l 


également 


varie similairement a la 
avi La force de 


le pratiquement a zéro est de | 


champ nécessaire 
a 10° V 
Ces valeurs sont en accord avec la théorie. 
cristallines obtenues par évaporation 
légérement plus fail 


les, pour le platine, iridium et le 


em sur le 
On montre 
es surfaces a basse température 


avec des champs 
rhenium. 


DIE DURCH FELDVERDAMPFUNG 


PSEUDOSPIRALEN, 
Wird die 


VON METALLKRISTALLEN 
KRISTALLBAUFEHLER UND KRISTALLTRACHT 

Spitze eines Feldemissionsmikroskops bei erhéhten Temperaturen der Feldverdampfung 
1usgesetzt, so beobachtet man oft spiralartige Strukturen. 


ERZEUGTEN 


Eine genaue Betrachtung von Spitzen aus 
verschiedenen Metallen im Feldionenmikroskop zeigt, dass diese Strukturen Pseudospiralen sind, die 
als Ergebnis einer exzentrischen Biindelung von vollstandigen, nieder indizierten Netzebenen auftreten, 

ne dass die Anwesenheit einer Schraubenversetzung notwendig ist. Die extrem hohe mechanische 
aannung des Feldes lasst verschiedene Versetzungen zur Oberflache hin wandern, wo sie sich aufstauen 
lonenbild sichtbar werden. Es werden Bilder der Atomanordnung von Kleinwinkel-Zwillings 
grenzen in Wolframkristallen parallel zur [111]-Zone oder zur [100]-Zone gezeigt. Wird die Feldver- 
dampfung bei so tiefen Temperaturen durchgefiihrt, dass die Gitterfehler nicht mehr zur Oberflache 
wandern kénnen, so kann eine perfekte Oberflache entstehen. Ihre Tracht wird charakterisiert durch 
eine abgerundete Form, wobei sich der Kriimmungsradius in dem gleichen Sinn andert wie die Austritts 
eit der einzelen kristallographischen Bereiche. 


art 


Die Feldstarke fiir die Verdampfung von Wolfram 
bei Temperaturen in der Nahe des absoluten Nullpunkts wurde in Ubereinstimmung mit der Theorie 
zu | 10° V/em auf der (111)-Ebene und zu 8 108 V/em auf der (011)-Ebene gemessen. Weiterhin 
verden Kristalloberflachen von Platin, Iridium und Rhenium gezeigt, die durch Verdampfung bei 
tiefen Temperaturen und etwas kleineren Feldstarken entstanden sind. 


1. SPIRAL STRUCTURES * This work was supported by the U 

: the Office of Scientific Research of the Air Research and 

During the first experiments with the field 10n, Command. Received October 18, L957; 
microscope © it was observed that the surface of a o> ages February 24, 1958. 
. T Piek 

tungsten tip is evaporated in broad, concentrically 
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Fic. l(a). 
2000 A radius, 


Pseudo spiral on a tungsten tip of approximately 
20,800 V, 0.5 uw helium, 21°K. 


collapsing lattice steps, if at a field of 250 MV/cm the 
This effect 


same hydrogen ion micro- 


temperature is raised to about 900°K. 
was then studied with the 


scope in more detail by Drechsler and coworkers,” 


who found spiral structures occurring quite frequently 
inter- 


at the low index planes. These spirals were 


preted as intersections of screw dislocations with the 


surface. 


the field ion micro- 


obtained by operating it with helium ions and 


The recent improvement of 
scope, 
at liquid hydrogen temperature, allowed the resolu- 
tion of the lattice.) 


surfaces that could be produced by field evaporation™ 


atomic However, the perfect 
at low temperatures did not show spiral shaped net 
closed rings. The 


field 


plane edges, but rather concentric, 


idea that the stress of the now much higher 


Same tip surface photographed at 23,000 Vv. 


Fic. l(b). 
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(500 MV/cm corresponding to 1.6 10° |b/in? makes 


the dislocation disappeat from the surface," can 


hardly be maintained. Observation shows that, just 
to the contrary, dislocations are pulled to the surface 
Therefore, for the 


pro 


where they are locked in place 
present studies the spiral structures were again 
field 


temperature of 


evaporation at 250 MV/em and a 
A typica 


detailed 


duced by 
and then depicted at 21°R 


with helium ions. | spiral, though of cours 


much more finely than can be seen in the 


hydrogen ion microscope at room 


l(a). The 


lower than that needed previously for th 


temperature IS 


shown in Fig. image forming voltage is 


smooth 
field 
togethe 


surface, because during the high temperature 


evaporation the O11 net plane edges move 
with 


height 


to form sharp-edged steps of double height 


increased local field strength. The double 


28.000 \ 
double net 


to sing! 


from the tendency to form a shapr 
free 
explained by Drechsler 
voltage in Fig. 1( 
of the double height spiral does not terminate suddenly 
There These 


edges and at higher 


field 


steps result 


surface energy as convincingly 


A close 


bh) reveals th it the 


minimum 


Inspec T10n at 


end 


higher inne! 


is a split into two single net plane edges 


hecome visible only faintly 


voltages, because of a smaller loca enhance 
Further increment of voltage in Fig. 1 (« 


field 
but it 


ment factor. 


causes some evaporation at the protruding 


double edge. is quite obvious that ther ure 


only complete net planes present with closed curve 


edges. Reduction of voltage results again in the 


original spiral, provided that no excessive field evapora 


tion has been allowed to occur before 
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Schematic diagram of the upper six net planes at 
a tungsten tip, with eccentric bunching of 
At relatively low voltages only 
producing 


Fic. 2. 

the O11 pole of 

two consecutive net planes. 

the heavily drawn double steps are depicted, 
a pseudo spiral. 


Such observations have been made with a large 
number of tungsten, rhenium, molybdenum, tanta- 
lum and iridium tips. The inner ends of spiral-shaped 
double net plane edges can always be resolved into 
two parting edges of complete net planes with a 
closed border, as soon as the field strength is high 
enough to make a single step visible. This seems to 
be an experimental confirmation, by observation, on 
an atomic scale, of the bunching mechanism proposed 
by Lang‘® as an explanation for the occurrence of 
pseudo spirals in some instances of crystal growth or 
Fig. 2 


first six net planes around the Oll-pole of a dome- 


etching. gives a schematic diagram of the 


shaped cubic body centered crystal. In the ion 
microscope only the heavily drawn double edges are 
depicted at low voltages, because it is only there that 
the local field strength is high enough to ionize the 
helium atoms used for image formation. Such double 
migration is 
900°K, 


steps may be formed when surface 
possible at high temperature and field. At 
thermal agitation is not strong enough to let atoms of 
a higher net plane jump over the edge of the lower 
plane, while migration within the same plane is 
easily possible.“”) Of two consecutively stacked net 
planes, the upper one is not large enough to form a 
double step with the lower one along the entire cir- 
The 


reached, under these circumstances, when the upper 


cumference. minimum free surface energy is 


net plane is displaced in such a way as to form a 
double step edge at least along a certain length of its 
this simultaneously on 


circumference. If occurs 
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several consecutive net planes, a pseudo spiral may 
appear. It has nothing to do with a screw dislocation. 
2. IMPERFECT STRUCTURES 
Simultaneously with the formation of double steps 
and pseudo spirals, but by an entirely independent 
mechanism, the application of a high field at elevated 
temperatures also produces the appearance of imper- 
fections, such as dislocation systems or subgrain 
boundaries, at the surface. Since the ion image showed 
a perfect surface structure previously (as produced by 
field 
temperature), the disorder, as seen for instance in 


evaporation at room temperature or lower 


Fig. l(c), must have moved from an internal source, 


probably a subgrain boundary inside the tip hemi- 


sphere or further down in the shank. Such slip may 
even occur during the observation of the image at 
liquid hydrogen temperature. Other disorders, such 
as that in Fig. 3(a—d), may have been present in the 
original crystal surface, since they show up in the 
first image obtained from a newly etched tip. 

In this example the array of dislocations reaches 
the surface about halfway between O11 and 112. In 
its immediate neighborhood field evaporation seems 
to occur at a lower field strength than elsewhere, 
apparently facilitated by the lattice strain. This is 
particularly evident from Fig. 3(a) in which the helium 
ion image was obtained at slightly above optimum 
voltage, so that only the more flattened O11 region 
and the less protruding or even recessed area close to 
the dislocation cluster gave a sharp image. Very 
little of the disorder can be 
ten to twenty atom layers respectively have been 


recognized after about 


removed from the surface by slow field evaporation 
at 21°K (Figs. 3(c) and 3(d).) 
appears to represent a small angle twin boundary is 


An example of what 
shown in Fig. 4 with the boundary nearby and 
parallel to the [100]-zone. After removal of twelve 
surface layers by field evaporation at 100°K, the two 
[100]-zones had moved closer together. Further con- 
tinuation of evaporation resulted in the destruction 
of the tip. 

On well annealed crystals single dislocations are 
the of the 


surface area (in the order of 10~? cm?). 


relatively rare because of small size 
observed 
There is an edge type dislocation line ending almost in 
the center of the 120 plane of the platinum crystal 
5d(a) 
represent a Frank-Reed type double spiral. 
the 


index net plane edges, it is sometimes difficult to 


in Fig. and the structure on 103 seems to 


Since 
field ion microscope depicts mainly the low 
recognize the type of the dislocation. The sudden 


termination of the atomic arrays, such as in the 


OOOO 
SOSOYS 
YS £88,305 
OL fe Vou cone 
O000000° _ 
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Fig. 3(a). Tungsten tip with a defect, photographed at 

16,000 V, at which voltage the field has its optimum value 

in the central tip region around 011, and in the center of 
the defect. 


Same tip photographed at voltages of 16,200 and 


Fic. 3(c). 
15,300 V after removal, by field evaporation at 
approximately ten atom layers from the central region. 
Average radius between 011 and 121 is now 285 A, and 
between 011 and 121 approximately 520 A. 


EVAPORATION 


21°K, of 


OF METAL CRYSTALS 


Fic. 3(b). Same tip photographed at voltages of 16,000 and 

14.600 V. in sharply different 

curvature. Average radius between O11 220 A, 

between O11 and 121 500 A. gion in 
the upper left is split. 


regions ot 
121 is 
112 


order to record 


and 
and about The 


14,900 V, after 
Ol! 12] 
On this plane, 


Same tip depicted at 15,400 and 


continued field Radius between 
is 320 A, and between 011 121 is 480 A 

and particularly on the inner edges of the 121 and 112 planes, 
2.74 A atom chains across the [111]-zone line are clearly 


atoms ol 


Fie. 3(d) 
evaporation and 


and 


the 
resolved, as also are all the 
left. The original imperfection across the 112 plan 


11] plane on the 
is still 


the 


present 
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zone 


Tungsten tip with twin boundary 
radius of both tip halves is approximately 


A, 


Average 


of the OL] 


Fig. 3(d), 


switch structure in the 6th, Sth and 
the left 


mav be either an edge or a screw dislocation. 


net plane rings, to of center in 

A systematic investigation of dislocations and other 
disorders requires a much larger number of observa- 
tions. The work will be expedited by using a newly 
designed field ion microscope which allows quick 
This will be 


replacement of the tip. particularly 


helpful for study of the motions of dislocations at low 


temperatures, where the fatality rate of the tips is 
When the field is raised from 500 MV/cm 


quite high. 


which is required for image formation, to 
MV/cm for field evaporation at 21°K, the tip may be 
ruptured with a small flash of light. The remaining 
radius of more than 4000 A, 


with 


shank often has a too 


to give a helium ion image reasonable 
voltages (more than 50,000 volts would be required 
The mechanism 


Unlocked 


by the radial stress F?/Sa of the field, which amounts 


in the gas filled 


microscope tube.) 
of tip destruction seems to be as follows: 
to 2 10® |b/in? at 550 MV/em, sudden slip of a 
portion of the crystal occurs in such a way that an 
edge of the moving part slides out of the smooth 
field 


strength causes immediate field evaporation of this 


crystal surface. The greatly enhanced local 


edge. If no secondary effect occurred, the protrusion 
would simply be field evaporated as is usual in order 
to smooth a freshly etched tip. However, when a 
field evaporated tungsten ion leaves the surface, it 
travels in a field so high that even a helium atom, 


with 24.5 V ionization potential, will be autoionized'® 


LGICA, 


along the |[100]- 
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within less than 10°! sec. The ionization potential 
of a tungsten ion is only 17.7 V,@® so we can very 
roughly estimate that it will be autoionized in a 
field of 500 MV/cm 10-8 see. 


this time the tungsten ion has moved to about 30 A 


within 5 During 


above the surface. If the ionization occurs here, the 
electron will fall to the tip surface with an energy of 
approximately 150 eV. This amount of energy will 
be easily dissipated in the tip if the field evaporation 
rate of tungsten ions is slow, as in controlled field 
evaporation for tip smoothing. But a sudden burst 


of ions produced from the slip and consecutive 


evaporation of a considerable fraction of the whole 
The 
resultant heating of the tip accelerates further field 


crystal will result in a large energy release. 


evaporation and a destructive avalanche quickly 
develops. 
The 


proved by 


correctness of this assumed mechanism was 


showing with a mass spectrometer as 
described in reference (9) that at least the majority of 


the field evaporated tungsten ions is doubly ionized. 


3. CRYSTAL HABIT AFTER FIELD 
EVAPORATION 

Low temperature field evaporation of a refractory 
metal tip probably produces the cleanest metal sur- 
faces obtainable at present. Not only are all surface 
contaminations removed by the controlled peeling 
off of surface layers, but also no fresh contamination 
can occur so long as the image field of 500 MV/cm is 
maintained. All other matter has a much lower 
ionization potential than helium, so any molecule 
approaching the tip will be field ionized at a great 
distance from the tip, and then taken away by the 
field. Only electrons will strike the tip, but at the 
low current densities used (order of magnitude | 
A/em?), they will not damage it or raise its tempera- 
ture. The field evaporated surface is also very regular 
in structure, if the crystal has a low dislocation 
density. Wherever some protruding atoms enhance 
the field locally, they will be compelled to evaporate. 
the after 


sufficient number of atomic layers, is quite 


However end form established, removal 
of a 
different from the almost hemispherical or hyper- 
boloidal shape obtained when a field emission tip is 
heated to The _field- 


evaporated end form is determined by the fact that 


allow surface migration. 
the evaporation energy for ions varies with crystal 
orientation of the surface, while the evaporation 
energy for atoms is the same at all crystal planes. 
The evaporation energy of singly charged ions is 
calculated from a simple cycle to be: 


Zo A+ JV, (1) 
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4.1, 
ti 


Fic. 5(a). Field evaporated platinum tip at 17,000 V, 21°K. Average tip radius in center between 111 and 113 is 770 A, 
the magnification 1,300,000 diameters. Before taking the picture, the tip was exposed to a field of 200 MV/ 
400°C, then 20 surface layers were removed by field evaporation at 21°K. Three horseshoe shaped, dark slip lines ¢ 
between 101 and 011 over the top of the image. A Frank-Reed type double spiral is found on the 103 plan¢ 
between 001 and 101, and an edge dislocation is marked on the 120 plane at the upper left near the margin of th 


at 


eal 
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Fic. 5(b). Field evaporation end form of a nearly perfect platinum crystal, taken at 27,000 V at 21°K. Average radius 
in the center is 1,6000 A, the magnification 580,000 diameters. At the bright regions the local radii are much smaller, approxl- 
mately 1,2000 A around 112, and 570 A around 102. 
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Fic. 6(a). 
where only 


Same tungsten tip as in Fig. 3, taken at 12,800 V, 
the protruding regions of low work function 
are depicted. 


where A is the evaporation energy of an atom, JV, 


its ionization energy and ¢ the work function of 


the substrate. Field evaporation in the form of ions 
occurs if the energy hump Q, is reduced by the 
effect of the external field the 
(Schottky effect).“) To find the end 
field evaporating crystal, it is sufficient to consider 


force 


of the 


upon image 


form 
it at a temperature close to zero. The crystal will 


assume such a form that everywhere 
Ver A d. (2) 


If a sufficiently high voltage is applied, field evapora- 
tion will progress further at regions with a higher 
work function until their radii of curvature have 
become so much larger than those of regions with 
lower work functions that the local field is reduced 
to give a uniform rate of evaporation. As an example 
we calculate the field strength for evaporation at 
T = 0 for tungsten. With A 8.78 eV and JV, 

7.98 eV, we obtain, for the O11 plane with a work 
function of ¢ 
F511; = 805 MV/cm, while the field at the 111 plane 
with d = 4.31 eV is 1063 MV/cm. 
low work and evaporation 


field occurs in the vicinity of the 001 plane, par- 


5.99 eV. an evaporation field of 


The same 
function hence high 
ticularly at 116 and nearby regions. 
Although measurement of absolute field strength 
at the various crystal planes of the microscopically 
small tip crystal is not possible, an experimental 


proof of the above caleulation can easily be obtained. 


Experience shows that the best resolution in the 


RYSTALS 


17.000 V. to obtain 


Field evapora- 


Fic. 6(b) 
optimum sharpness in the central O11 
tion at 21°K of approximately one atom layer per second 
19,200 \ 


Same tip photographed at 


egion 


occurred at 


ion picture can only be obtained within a very 


narrow range of about | per cent of the applied 
turn is different for each set of 
the 


the 


voltage, which in 


crystal planes. Since mechanism of image 


formation™) through autoionization of helium 


atoms about 5A above the surface is the same on 


all erystal planes (except for a minor effect on the 


supply density due to hopping atoms), we can 


safely assume that the local field strength will be 
the same at all places of equal image quality. Fig. 6(a) 
6(b) 


both 


shows a picture taken at 12,800 volts, Fig. 


shows the same surface taken at 17,000 volts, 
after the tip had been shaped by field ev vporation 
work function 


at 19,200 volts (at 21°K The low 


regions, particularly 111 and most of the [O11]-zone, 
protrude because they have smaller radii of curvature, 
field is produced by a lower 
field 


inverse to the 


image forming 
The ratio of 


a pair ol planes should be 


so the 
voltage strengths, 


ratio of 


evaporation 


best image forming voltages V,,., e.g. 


Pou 


(>) 


and 6(b), the voltage ratio 


32 of the 


In the example, Fig. 6(a 
is 1.33 in good agreement with the ratio L.: 
calculated evaporation field strengths above. Obser- 
vations on other tips gave ratios between 1.26 and 
We 


agreement as a proof of the validity of the proposed 


1.36 for these two planes. may consider the 


field evaporation mechanism, and also of the value 
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of the high work function of the O11 plane.“ If in 
the 19,200 volts 
Fai the 111 plane, the field 


above produces 


1063 


example V, 
MV/cm at 
resolution is - or 
The same value is obtained at the O11 


of best image 


711 MV/em. 
plane. Comparison of ion emission voltage and field 
electron emission voltage for the same tip gives 
an overall field of 500 MV/cm for the best ion image. 
The ratio 1.42 of the two field strengths is the local 
field enhancement factor due to protrusion of the 
evaporating atom at the lattice step. Such a factor 
and agrees with model measure- 


seems reasonable 


ments.) 

The margin between evaporation field and_ best 
image field is quite wide for tungsten, amounting 
to about 13 per cent of the image field. It cannot 


be calculated for the other metals, since no exact 
figures for heat of evaporation and even less for 
work function are known. Besides tungsten, stable 
helium ion images have been obtained with rhenium 
(Fig. 7), iridium (Fig. 8), platinum (Fig. 5(a), 5(b)), 
tantalum and molybdenum, which means that the 
method is applicable to at least one sample of each 
of the most important lattice types. The very good 
image stability of the platinum metals is due to their 


rather high ionization energies.“® For tantalum and 


molybdenum the margin between evaporation field 


and best image field is rather narrow, so that slight 
field evaporation occurs while the picture is being 


taken. 


Fic. 7. Rhenium tip of average radius of 820A after field 
evaporation. Picture taken at 20,500V and 21°K after 
field evaporation at 22,000 V and approximately 100°K. 
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The exact shape of the tip can also be derived 
The 


pattern of the concentric Oil net plane edges may 


by interpreting the depicted lattice details. 


be considered as a map of elevation lines marking 
levels of d l/2av2 


The tip radius averaged over an are between the 


2.23 A inthe case of tungsten. 


central O11 plane and a nearby plane Aki can easily 
be derived from the number n,,, of O11 plane edges 
appearing between the two chosen planes of known 
inclination 
(4) 
COS 4 
If we consider the region around the predominant 
1010 plane of a hexagonal rhenium crystal, the step 
height d= 1/2av3 = 2.404, the 001 
plane of the f.c.c. lattice of iridium d | /2a 1.91 A. 
In Fig. 3(d) we can distinguish six different crystal 
112 
Considering only the more easily identifiable 
10, 


and for 


planes between the central O11 plane and a 


plane. 
low index planes 143 and 132, we count 


With 


143 
17, and 32 edges. inclinations 


of 13.9", 


radii 


19.1] and 30 respectively, the average 
then 761 A, 687A and 535 A, 
clearly the flatness of the central tip region. 
field 


of magnification 


are showing 


feature of emission microscope 


the 


special 
the 
tip surface.””) The magnification of a surface element 


images is variation over 
depends upon the local radius of curvature and the 


image compression resulting from curvature of 


The parallel 


field lines closely above projections. 
atom chains distant a\/2 across the [111]-zone on 
112, are easily resolved, as is the same spacing 
between single atoms in the rows across the [011 |-zone 
in the b.c.c. crystals, including the triangular arrange- 
ment on the I11 plane itself (Fig. 3(d)). Under 
favorable conditions the 2.74 A between adjacent 
tungsten atoms in the chains across the [111 ]-zone, 
(Fig. 3(d)), or the similar spacing between adjacent 
platinum or iridium atoms across the [011 ]-zone, can 
be resolved (Fig. 5(a), 5(b), 8). The local magnifica- 
tion varies considerably. It is approximately inversely 
proportional to the local radius of surface curvature, 
but if the surface element in question projects from 
the surface, the increase in magnification is counter- 
acted by image compression. For instance the upper 
net plane on 111 or 112 of a tungsten surface appears 
sometimes 1.5 to two times more enlarged than the 
other parts of the tip surface (Fig. 3(d)). 

If field evaporation is carried out with a strained 
crystal, or with a tip which terminates a shank of 
the 


may deviate even more from rotational symmetry 


non-circular cross-section, resulting end form 


~ 
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Fic. 8. Field evaporation of an iridium crystal of 

approximately 950 A radius, in central 111-region. Picture 

taken at 19,000 and 18,000 V at 21K. Low work 

function regions are recognized by increased image 

intensity and reduced resolution because of locally 
excessive field strength. 


than it does due to variation of work function. 


Fig. 9 as an example shows a tungsten tip of extreme 


asymmetry. We see that the radius of curvature 


in one direction is about 130 A and in the other 
about 500 A. The region of smaller curvature is 


located just across the [111]-zone. This tip shape 


Fic. 9. Asymmetric tungsten tip with a radius of approxi 
mately 900 A in the [111]-zone and 320 A in the |112]-zone 
(perpendicular to the [11ll]-zone.) The atom chains 
2.74 A spacing across the [111]-zone (between 121 and 

are widely stretched. Picture taken at 9000 \ ‘ 
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produces a bilateral magnification, which par- 


ticularly conspicuous across the [111]-zone between 
121 and 


are 2.74 A apart and where the image appears widely 


112 where the atoms in the resolved chains 


stretched. 
More detailed 


microscopy of 


field ion 


particularly 


work is in progress on 


metal crystals, with 
better controlled or intentionally introduced imper- 
fections. It is the purpose of this paper to give a 
brief survey of the kind of surface structures that 
can be observed and to show how the image is to be 
interpreted in terms of the unusual image forming 


conditions. 
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SOLUTE HARDENING OF CLOSE-PACKED SOLID SOLUTIONS* 
P. A. FLINNT 


The contribution of local order, and of the segregation of solute atoms at extended dislocations, to 
the strength of close-packed solid solutions are investigated quantitatively. The two effects are roughly 
of the same order of magnitude, but either may predominate in a particular alloy. The theoretical pre- 
dictions for the initial yield strength of silver—gold, copper—gold, and copper—zine alloys are in good 
agreement with the experimental data. 


DURCISSEMENT “SPAR SOLUTION” DES SOLUTIONS SOLIDES A RESEAU COMPAC' 


L’auteur étudie quantitativement l’influence de l’ordre local et de la ségrégation d’atomes dissous 
aux dislocations sur la résistance des solutions solides & réseau compact. Les deux effets sont grossiér 
ment du méme ordre de grandeur, mais l’un ou l'autre peut prédominer dans un alliage particulier. Leé 
prévisions théoriques pour la tension amorecant la déformation plastique (initial yield strength) des 


alliages Ag—Au, Cu—Au et Cu—Zn sont en bon accord avec les résultats espérimentaux 


LEGIERUNGSVERFESTIGUNG DICHTEST GEPACKTER MISCHKRISTALLE 
Der Beitrag der Nahordnung und der Anreicherung geléster Atome an ausgedehnten Versetzungen 
zur Streckgrenze dichtest gepackter Mischkristalle wurde quantitativ untersucht. Die beiden Einfliiss« 
sind etwa von gleicher Gréssenordnung; in einer bestimmten Legierung diirfte jedoch einer von beiden 
iiberwiegen. Die theoretischen Voraussagen fiir die Streckgrenze von Silber-—Gold-, Kupfer—Gold- und 


Kupfer—Zink-Legierungen sind in guter Ubereinstimmung mit den experimentellen Daten 


INTRODUCTION correlation between actual local order and thermo 
Two mechanisms have been suggested to account dynamic functions exists.“ Unfortunately, the 
for a major part of the hardening associated with only attempt at a direct measurement of local ordet 
substitutional solute atoms at large concentrations in in «-brass‘°) was of rather low sensitivity. No such 
close-packed solid solutions: the interaction between order was observed, although a small amount may 
solute atoms and the faulted area of extended disloca- have been present. For gold—silver and gold—copper 
tions, proposed by Suzuki;") and an effect associated alloys, however, direct measurements of local ordet 
with local order, proposed by Fisher.” Either by X-ray diffraction exist,"®.” and the necessary data 
mechanism, to a rough approximation, is of the correct on the mechanical properties of alloy single erysta 


\ quantitative calculation of the 


order of magnitude to be in agreement with the are available.":' 


limited amount of experimental data available. A Fisher interaction in these systems leads to a predicted 
more detailed investigation of the two mechanisms — strengthening effect, in excellent agreem« t] 
permits a decision as to the relative magnitudes of experiment 

the two effects in various cases. The Fisher mecha- ENERGY ASSOCIATED WITH LOCAL ORDER 
nism, of course, is not limited to close-packed struc- The energv associated with the local ord 


tures; but the complications arising from interstitial pearest neighbors in a binary solid solutior 


interactions in body-centered cubic alloys preclude — },y.(0,21 


any simple interpretation of the strength of such E = Nem ym, va 
alloys. 
ied where number of atoms in the lattice 
Fisher estimated the contribution of local order to ‘nat ) 
coordination numbe1 
the vield strength of «-brass, and obtained a value le 
mole fractions of A an 
several times the total observed strength. His analy- 
sis, however, was based on a degree of local order | | P ,; 
calculated from the thermodynamic functions of the a 
svstem, rather than on local order directly measured The int nee re energy may bi 
energy require¢ to rearrange the lattice 
by diffraction methods. It is known that no reliable —4—B8 bonds from one A—A and one B 


calculated from the heat of solution of 


* Received January 27, 1958. energy associated with forming the 
) 


+ Westinghouse Electric Corporation, Pittsburgh 35, Pa. in nearest neighbor bonds 
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A derivation of the general equation is given by J. 
M. Cowley.) 

We 
Ve 


energy per nearest neighbor bond due to local order 


up the total energy EF among the 
that the 


may divide 


nearest neighbor bonds, so 


is: 
2E/Ne 2m VA (2) 
y may be calculated from an experimental x by using 
the relation”®) 
2y 


kT 


mM «Mp exp 


SLIP IN A LATTICE WITH LOCAL ORDER 


Of the twelve nearest neighbors of an atom in a 
close-packed plane, (111), of a f.c.c. lattice, six lie in 
this plane, three lie in the plane above, and three in 
If we displace the plane above or 
1/2 [110]), two of 


the plane below. 
below by one Burgers vector (b 
the three neighbors in this plane are changed. Since, 
Cases, 


in most next nearest neighbor positions are 


uncorrelated, the new neighbors will be ran- 
domly chosen. The 


the 


almost 


energy of the system is thus 


increased by amount of the energy associated 


with the local order destroyed: Ze 


per atom in the 
Dividing this by the area per atom in the 


find 


slip plane. 
slip plane, which is a? 13/4, we the energy 
increase per unit area of slip, to be: 


Sé oS m 


(4) 
Ve a™ 

Equating the work done in moving the dislocation, 

tb, to the energy increase we have for the shear 


Stress T 


» 
= 


(5) 
a 


We can now calculate the contribution of local order 


to the critical resolved shear stress for an alloy in 


which « is known, using equation (3) to calculate » 


and then equation (5) to calculate 7. For the alloy 


Cu,Au in the disordered state, quenched from 400°C, 
y 0.028 eV.7® From equation 


0.15 and 
find y 8.3 


According to the data of Ardley, the 


(4) we erg/cm? and from 
ko/mm?. 
critical resolved shear stress for Cu,Au quenched 
120°C is 


within the uncertainty due to the experimental error 


from about 5 kg/mm?. This agreement is 


in x. The mechanisms responsible for the strength of 
pure metals will make a rather small contribution to 
this strength, since the critical resolved shear stresses 


are only about 0.1 kg/mm? for pure Cu and Au. The 


* We 


enough for 


that 
entropy 


the temperature of the system is low 
effects to be the free 
energy change is equal to the energy change. 


assume 


neglected, and 
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0.8 


@) Data of Sachs and Weerts 
———-— Pure Meta! Term 
— Suzuki Term 
Local Order Term 
Total Theoretical Strength 


Critical Resolved Shear Stress ( kg/mm? ) 


Strength of Ag-Au single crystals. 


Suzuki interaction may also be expected to make a 
small contribution (~0.1—0.2 kg/mm2?), as discussed 


bel Ww. 


COMPOSITION DEPENDENCE OF LOCAL 
ORDER STRENGTHENING 

Experimental data are available for the strength of 

a number of Ag—Au alloys, so we may study the 

composition dependence of the effect in this system. 

the 


replace (3) by the approximate form: 


Since amount of local order is small, we can 


and equation (5) then has the simple form: 


(m 
3 ae ET 
For Ag 


Au alloys 
y 0.007 eV 
a 4.08 A. 


Assume 7’ 


600° K. (diffusion below this temperature 


range being too slow for any 


significant increase in local order 
under normal cooling conditions) 
so that: 


6(m (kg mm?). (8) 


0.6 
0.5 O 
fe) 
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In Fig. 1 a plot of equation (8) is shown, along with 
It 


may be seen that the local order hardening can account 


the experimental strength data for Ag—Au alloys. 


for the major part of the strength of the alloys, except 
at 
butions of the Suzuki interaction and the inherent 


low solute concentrations. The estimated contri- 


strength are also shown. The sum of the three contri- 
butions is in remarkably good agreement with the 
experimental data. The “inherent strength’ may not 
vary in the manner shown, nor be simply additive, 


but this term is probably small. 


INTERACTION REGULAR 


SOLUTIONS 


THE SUZUKI IN 


Suzuki™ has attributed virtually all of the solid 
solution hardening in such alloy systems as silver 
gold to a sort of chemical interaction between the 
stacking fault region of extended dislocations and the 
solute atoms. He tacitly assumes an ideal solution by 
neglecting the heat of solution, but his analysis is 
readily extended to regular solutions. For a regular 
solution, the molar free energy is given by: 

F m 4 


Mp 4m jm 


RT(m ‘ In m ‘ Mp In Mp) (9) 
where F ,, fF, are the molar free energies of the pure 
components A and B at temperature 7. AH, 


We assume that the molar free energy of the faulted 


integral heat of solution for m , Mp 


material, F’, is given by a similar equation: 
m JF / m,’ F 4m ,m,/ AH, 
BB 4 
RT(m_, In m 


where AH, is the same as for the bulk material. With 
temperature, pressure, and amount of faulted materia! 


(10) 


my In my, ) 


constant, the equilibrium condition for the composi- 
tions of bulk and faulted materials is: 
0 F! 


om 


oF 
om { 


(11) 


Combining this relation with (9) and (10) we find: 


(F F (F, F',;’) (mp m 7;") 
jn 


(m , In 


f 
m 4 ) 
dit Mt 


We now define = (F , F 


Am 


and expand the logarithm to obtain, to the first order 


in Am: 


(Mp 


sm 
RT 


m «mM pQ 
RT 


As shown by Suzuki, this composition difference leads 


Am 


] 
| 


all 


CLOSE-PACKED SOLID SOLUTIONS 


2. Suzuki hardening for 


stress, T required tO move an 


We 
shear stress by a method similar to that used for local 
We assume that 


to an extra shear 


extended dislocation. ‘an calculate this extra 


order. the extended dislocation is 


moved a distance 6 by a stress 7,, doing work per unit 
length of dislocation VW Or.b. This must equal the 


increase in free energy of the system One partial 
dislocation leaves behind a region of composition m ,’, 
but unfaulted; the other enters material of composi 
Kach 


2 \ 3)ao pel unit le ngth 
faulted 


tion m,, and converts this into faulted material 
of these regions is of volume 
ot 


layers thick) 


dislocation (assuming the region is two 


The corresponding increase in 


energ 


is given by 
» 
| Mp 


| 


is the volume per gram-atom 


where V 


Using equations 10) and we ( 


13) and (16), we have 


Combining 


Np \H 
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deal Solutior 
| 
= 
Approximati¢ 
| | 
F!(m, F(a 
14 
| 
| 
F Mp) My ] 
(12) 
Mm 4 \ (/ LD 
— /’)and that, equating W to dr, b, we find 
20 
RTI 
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Fic. 3. Strength of «-brass single crystals 

Since even for alloys of quite similar metals, such as 
silver and gold, AH, is at least as large as RT’, the 
term in brackets is quite important. For systems with 


continuous solid solubility, AH, must be negative 


unless it is very small. (A positive AH requires a 


solubility gap). A negative AH leads to a saturation 
of the effect at a relatively low solute concentration. 
In Fig. 2, the magnitude of the effect for Ag—Au alloys 
as given by Suzuki (ideal solution) is compared with 
that calculated from Equation (17) (regular solution), 
using AH, 1070 cal/mole,“? = 600°K 
@ = 131 cal/mole as assumed by Suzuki. The effect 
1300 


cal/mole,“*) and Q is not likely to be very different. 


and 
in Cu—Au alloys should be similar since AH, = 


For «-brass, we can make a direct estimate of Y, which 
is unusually large in this case. The energy of a twin 
boundary in copper as determined by Fullman"*) is 
about 25 erg/ec, so that we may assume the energy of 
At about 


50°, Zn, however, the energy of a stacking fault must 


a stacking fault to be roughly 50 erg/cc. 


be approximately zero, since the phase formed by 
low temperature transformation of /-brass has a 
f.c.e (15) 
linear variation of stacking fault energy with com- 
calculate Q to be 


mixed and h.c.p. character. Assuming a 


500 cal/mole. 
(13) 


position, we about 


The AH, for 


Using these values, the 7, given by equation (17) is 


x-brass is about 2300 cal/mole. 
plotted along with the experimental data%®!” in 
Fig. (3). The 


g is quite satisfactory. It 
should be noted that the form of equation (17) gives 


agreement 


a much better fit than (7), aside from the quantitative 


aspects of the matter. 
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Since the Suzuki effect is of the locking type, that 
is, the dislocation need move only a short distance to 
the the 
thermally must be 
Suzuki™ has dealt with this possibility in some detail 


escape solute interaction, possibility of 


activated escape considered. 
and found that the activation energy required for a 
significant reduction in yield strength is of the order 
of 1 eV per interatomic distance. At room tempera- 
ture, thermal activation will be unimportant, since 


kT =z 0.026 eV. 


One other aspect of the Suzuki effect may be of 


some importance. Various anomalies have been 
observed in alloys as a consequence of prolonged 
annealing at low temperatures, e.g.: resistivity and 
lattice parameter changes in «-brass,“®) and resistivity 
and hardness changes in Ni,Cr.“% These effects have 
usually been ascribed to change in local or long-range 
order. In the case of Ni,Cr at least, Roberts and 
Swalin’®® have shown that no significant amount of 
order is present. These anomalies may be a conse- 
quence of the temperature dependence of the Suzuki 
effect (equation 13). Normal cooling will result in a 
segregation characteristic of a moderately high tem- 
perature. Prolonged low temperature annealing 
should increase segregation, increasing hardness and 
changing resistivity. Some effect on lattice parameters 


may also be expected. 


SUMMARY 
Both the Fisher and Suzuki interactions may make 
the 
We may expect the Suzuki effect to be 


significant contributions to strength of solid 
solutions. 
dominant in dilute solutions, especially where the 
energy of a stacking fault varies rapidly with com- 
Fisher effect to 
concentrated solutions if any appreciable local order 
The 


considerably more important than the largest Suzuki 


position; and the be dominant in 


exists. largest Fisher interaction is probably 
interaction. 
Since the submission of this manuscript, a discus- 


sion of the problem by Suzuki” 


and Seeger® has 
appeared. The contribution of local order to harden- 
ing derived by Suzuki (his equation 32) differs from 
that in this paper (equation 7) by exactly a factor of 
4, when proper conversion of units is made, although 
his analysis does not appear to differ in principte from 
that of this author. The origin of the discrepancy is 
not entirely clear, although one factor of 2 does seem 
The result 


quoted by Seeger in his discussion (his equation 1), 


to arise in his approximation for P ,p. 


after appropriate approximations are introduced, 


becomes identical with equation (7) of this paper. 


634 
| 
4} 
| 
| 
of | 
e a er and Sachs | 
0.6 3mison and Sher 
— Theoretical Suzuk 
| 
04 | 
0.2 
_| J 
C 0.2 0.4 0.5 0.6 


FLINN: SOLUTE HARDENING OF CLOSE-PACKED SOLID SOLUTIONS 


(1) Hideki Suzuki, Dislocations and Mechanical Pro- }. N. NorMAN and B. E. WARREN, J. Appl. Phys 
perties of Crystals p. 361. John Wiley, New York . J. M. Cowtey, J. Appl. Phys. 21, 24 (1950 
(1957). . G. Sacus and J WEERTS, Z Phys 62, 173 (1930 
2QEQ . G. W. ARDLEY, Acta Met. 8, 525 (1955). 
(2) A. Seeger, Ibid. p. 388. P. A. Fuinn, Phys. Rev. 104, 350 (1956 
O. KUBASCHEWSKI and J. A. CATTERALL. Thermochemical 
ACKNOWLEDGMENT Data of Alloys, p. 64. Pergamon Press, London and New 
The author is grateful to several members of the 2. O. KUBASCHEWSKI and J. A. CATTERALL. 
3. O. KuBascHewski and J. A. CATTERALL, 
R. L. Futtman, J. Appl. Phys. 22, 448 


department for enlightening discussion of this paper. 


T. B. Massauskt and C. 8. Barrett, 7' 
— a Min. (Metall.) Enars 209, $55 (1957 
REFERENCES V. GoLer and G. Sacus, Z. Phys. 55, 581 (1929 
H. Suzuki, Sci. Rep. Res. Insts Téhoku Univ. Se R. E. JAMIson and F. A. SHerRiIty, Acta Met. 4, 197 
$55 (1952). . A. C. Damask, J 1p? Phys. 27, 610 (1956 
J.C. Fisner, Acta Met. 2, 9 (1954). 9. R. NorpDHEIM and N, J 
A. ORTANI, Acta Met. 1, 144 (1953). (1953—54) 
. L. AverRBACH, P. A. FLINN and M. CoHEN, Acté : . B. W. Roserts and R. A. SwAtirn, 
, 92 (1954). Min. (Metall.) Engrs. 209, 845 (1957 
. T. Keatine, Acta Met. 2, 885 (1954). 2 J. M. Cow.tey, Phys. Rev. 77, 669 (1950 


635 
7 Inst 
l. 1956). 
2. 32, 440 
3. 
4. Inst 
5. 


THE ETCHING OF ICE CRYSTALS* 


K. HIGUCHI+ 


Polished ice 


chamber. Separated etch pits of geometrical shape were produced on the ice surface, and the shape of the 


surfaces were coated with replica film of polyvinyl formal, and were left in the cold 
pit figure was that of a section cut from a hexagonal column by a plane. Thus the figure of a regular 
hexagon was obtained on a surface parallel to the basal plane of crystallization, and the sides of this 
These etch 


hexagon were found to be parallel to those of a vapor figure; that is, parallel to a-axes. 


figures can then be used as a simple method of determining the orientation of a-axes as well as of the 
C-aXis. 

As etching proceeds, the bottom of the etch pit becomes a plane of mirror finish parallel to the basal 
plane. Continuing the etching process further, this surface develops into a stepped structure. The height 
of the 
found to vary between 3 uw and 16 uw, the mean being about 5 wu. 


step was measured by the shadowing method used in electron-microscope technique, and was 


This is further evidence of the layer 


structure of ice crystals, the layer being perpendicular to the c-axis. 


L,ATTAQUE DES 
L’auteur a recouvert une face 
l'ensemble dans une chambre froide. 


glace; 


hexagone régulier lorsque la face de formation de la piqure est paralléle au plan de base. 


hexagone sont 


lorientation des axes a et c. 


Lorsque l’attaque se poursuit, le fond de la piqure 


base. Ultérieurement. 


par la méthode d’ombrage utilisée en microscopie électronique: 


étant de 5 4. Ceci met en évidence la structure 


pendicularies a l’axe 


DAS ATZEN 
Polierte E 


Kaltekammer auf bewahrt. 


soberflachen wurden mit einem 
Auf der Ei 
die Atzfigur hatte dic 


einer Ebene parallel zur 


figur, d. h. parallel zu den a-Achsen. Mit 


Orientierung det Achsen und der c-Achse 


CRISTAUX DE 


paralléles aux axes a. Ces figures 


cette surface se marque par ¢ 


lamellaire des cristaux de glace; les 


VON 


sflache bildeten sich einzelne geometrisch begrenzte 


Form des Schnittes einer hexagonalen Saule mit einer 


bestimmt 


GLACE 


polie de cristaux de glace d’un film de polyvinyl formal puis a placé 
Des piqtres de corrosion distinctes apparaissent sur la surface de la 


leur forme géométrique correspond a la section plane d’un prisme hexagonal. On obtient done un 


Les cotes de cet 


de corrosion peuvent done servir a déterminer 


levient un plan de poli miroir, paralléle au plan de 


gradins. La hauteur de ces derniers a été mesurée 


elle varie entre 3 et 16 a, la movenne 


bandes sont per 


EISKRISTALLEN 


Abdruckfilm aus Polyvinyl-Formal iiberzogen und in der 


Atzgriibchen; 


Ebene. So entstand auf 


Basisebene des Kristallgitters die Figur eines regelmassigen Sechsecks. Es 
llte sich heraus, dass die Seiten dieses Sechsecks parallel waren zu denjenigen einer Verdampfungs 


Hilfe dieser 


Weise die 


Atzfiguren kann also auf einfache 


werden. 


Im Verlauf der Atzung wird der Boden des Atzgriibchens zu einer spiegelglatten Flache parallel zur 


Basisebene. Setzt man die Atzung weiter fort, so entwickelt sich auf dieser Flache eine Stufenstruktur. 


Die Stufenhéhe wurde durch die in det 


gemessen; 


Elektronenmikroskopie 


es ergaben sich Werte zwischen 3 u und 16 ~ mit einem Mittelwert von etwa 5 wu. 


iibliche Schragbeschattungsmethode 
Dies ist 


ein weiterer Beweis fiir die Schichtstruktur von Eiskristallen, wobei die Schichten senkrecht zur c-Achse 


angeordnet sind. 


1. INTRODUCTION 
It has been desired to find a simple way of deter- 
mining the crystal axes of ice crystals. Recently 


Nakaya™) 


found a simple method which made the 


determination of ¢ and a-axes possible, by making 
Tyndall 


crystals of ice. 


figures or vapor figures inside single 


Etch pits have been used as a reliable indication 
of crystal structure for many crystals other than ice. 


For ice samples etching phenomena were reported 


* This work is part of the studies on snow and ice being 
pursued in the Nakaya Laboratory of Hokkaidé University. 
Received February 17, 1958. 
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Sapporo, Japan. 


by Schaefer.@’ He found that the etching of a 


polished surface is achieved by merely holding a 
sample below freezing in an atmosphere unsaturated 
with respect to ice. Slow evaporation of surface 
this 


develops over the 


molecules of ice produces “etching” in 
this 


whole surface of the sample, the individual etch 


case. 
However, since “etching” 
pit is difficult to observe under the microscope. The 
figures produced on the surface are similar to ripple 
marks (Fig. 1). This kind of etch figure, therefore. 
cannot be used as an indication of crystal axes, 
though some of them appear to be oriented with 
some relation to crystal structure. Recently Truby“ 


earried out observations on the etched surfaces of 


1909S 
| 
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Fic. 1. Etch figures of the surface of ice, which was merely 
held in the cold chamber. Grain boundaries are indicated by 
arrows, as also in Figs. 2—4. 31. 


Etch pits of ice crystals, as indicated in Fig. 


Types IT, and V. sl. 


single ice crystals by electron microscopy. He 


reported that the microstructure of the etch pattern 
is a coordinated system of prisms of hexagonal 
symmetry. These etch patterns are however too 
small to be used for the determination of crystal 
axes. In recent experiments the author succeeded 
in producing separated etch pits by using replica 
film. These pits were found to show the orientation 
of a-axes as well as the c-axis, by comparison with 
the orientation of vapor figures proved by Nakaya‘? 


to show the direction of a-axes. 


2. EXPERIMENTAL PROCEDURES 

The ice samples were sawn from a large block of 
commercial ice, which comprises many columnar 
grains as much as several millimeters in diameter. 
One face of the ice sample was rendered plane by 
sawing and then grinding with sand paper. Small 
irregularities were removed by polishing with a piece 
of silk, after melting a thin layer of the surface. This 
was followed by coating the polished surface with a 


solution of polyvinyl formal dissolved in ethylene 


CRYSTALS 


rvstals, 


‘vp sland VI 


I (Fig.4, Fig.7 ) 


/ 


V 


I (Fig.2) 


Fic. 5. Schematic 


V (Fig.2) 


VI CFig.4) 


diagrams of various shapes of etcl 
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Pan! Fic. 3. Etch pits of ice erystals, as indicated in Fig ; as nN 
Type I\ 31 
Fic. 4. Etch pits of ice o—_— ndicated in Fig 
31 
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dichloride (Schaefer). 
after 
quickly over the whole surface if the sample is left in 


The coating must be applied 


immediately polishing, since etching starts 


a cold chamber. After a while the solvent evaporates 


and the replica film covers the surface, adhering 


closely to it. On leaving this coated sample in the 
cold chamber, numerous separated etch pits are 
produced on the surface of the ice. 
various types were photographed using Hanajima’s 
method of illumination, which is essentially the 
method of shadow photography with oblique illumi- 
The 
A 1-5 per cent replica solution was used. 
24°C 


and the solution was | per cent, the etch pits attained 


nation (Nakaya"®). results are illustrated in 
Figs. 2-4. 


When the temperature of the chamber was 


a mature stage of development within a few minutes 
With the 


concentrated solutions, half a day was necessary to 


of formation of the replica film. more 


reach this mature stage. In general it can be said 
that the more dilute the solution the more numerous 
are the etch pits. The process is similar to the thermal 


etching of metals. 


yroduced in the 


Fic. 7. 


Etch pits developed on the ice surface nearly paralle 
to the basal plane of the vapor figures. 45. 


Etch pits of 
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(10) 


Various shapes of etch pit derived from the fundamen- 
tal type III in Fig. 5. 


Fic. 8. 


3. SHAPE OF ETCH PITS 

The shape of the etch pits belongs to a hexagonal 
system, as expected from the crystal structure of ice. 
As shown in Fig. 5, each shape agrees with a section 
cut from a hexagonal column by a plane. In order to 
determine the relation between these outlines and the 
crystal axes, vapor figures were previously produced 
in the sample of ice by Nakaya’s method. By vapor 
figure is meant a hexagonal void disk left in the ice, 
after heterogeneous freezing of the liquid figure caused 
X-ray 


basal 


melting. By comparison with 
determined that the 


plane of this figure was perpendicular to the c-axis, 


by internal 
analysis results, it was 
whilst the directions of the sides of the figure were 
known to be parallel to a-axes (Nakaya")). Fig. 6 is 
a photograph of these vapor figures, and Fig. 7 shows 
the etch pits developed on the surface nearly parallel 
to the basal plane of the vapor figures. Comparing 
these two photographs it is confirmed that the orien- 
tations of these two kinds of figure agree with each 


other. As shown in Fig. 5, the base of a hexagonal 
column is perpendicular to the c-axis, and the direc- 


tions of the sides of the hexagon are parallel to 


Some examples of the shapes of etch pit shown in 
Fig. 8. 43. 


(T) (8) (9) 
Os 
(1) 
= (11) (12) 
a 
| 
hes 
| 
NG 
‘ 
2 


HIGUCHI: THE 


a-axes. This relation was confirmed by the study of 


etch pits of other shapes. Hence these etch figures can 
be used as a simple method of determining the 
orientation of a-axes as well as of the c-axis. 

The shapes described above are the fundamental 
types of etch pit, which consist of the basal faces 
{0001} and the prism face {1010}. 
these shapes, it was found after the further studies by 


In addition to 


Muguruma"® that there were many varieties of etch 
pit having the pyramidal faces {1011}. Studying his 
photographs, it is possible to classify these variations 
into certain groups, each derived from a fundamental 
type. As shown schematically in Fig. 8, the funda- 
mental type IIT in Fig. 5 transforms in shape to many 
variants, according to the indices of the pyramidal 
face. A photograph of these etch pits is reproduced in 
Fig. 9 from Muguruma’s work. As in the case shown 
in Fig. 8, each fundamental type gives rise to a group 
of various shapes. In Fig. 8 (12), it is interesting to 
find the correspondence between the bipyramidal 
shape of the etch pit and that of an ice crystal in air 
(Kobayashi and Higuchi). This correspondence is 
similar to the relation between Tyndall Figures and 
ice crystals in water, described by Nakaya.”? 

The measurements of the angle 6, between the 
pyramidal edge and the basal plane, were carried out 
on the photographs for the shapes shown in Figs. 8 
(3), (4) and (5). The observed angle is shown by the 
hookshaped mark in Fig. 8 (4). In some cases, it is 
necessary to correct the observed values for the error 


due to the inclination of the prism face being studied 


to the photographing plane, which is assumed to be 


Observed values of angle @ relating to 
the pyramidal face 


TABLE l. 


Length of the observed 


Angle @ (degree) 
edge* (mm) 


Sample 


bo bo 


nw 


bo W bo bo bo 


Mean 


* This magnification 


being 43. 


length is on the photographs, the 


ETCHING OF ICE 


CRYSTALS 


Standard (0001 rojection for ice 


hexagonal, c/a 1.63 


(1700) 


- 
1010 


ll. Orientation of the 
observed shane 


As wil he dese 


this inclination can be easily determined by the n 


According to the dete 


parallel to the ice surface. 


of stereographic projection. 
mined inclination to be described in the next paragraph 
the observed values of the edge angle for sample \ are 


shown in Table 1 after the correction is made that 


is 2°. The correction was not made for sample B in 
Table - as the observed prism face could be T uke nh as 
parallel to the ice surface. 

The observed angle relating to the pyramid il face 
though various values 
Table 1. On 
the other hand, the calculated value is 58.5 
to the ratio of an ice 
Megaw")). With 


measurements, it 


shows the mean value of 60 


ranging between 57° and 62° are seen in 
according 


(8 


and 
of the 


axial crystal (Barness 


regard to the accuracy 


may be said that the observed 


value agreed with the calculated within the experi- 


mental error. This result supports Bader’s definition 
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of a-axis of ice. which was deduced from measure- 


ments of the prismatic depth hoar crystals (Bader 


et 

4. DETERMINATION OF CRYSTAL ORIENTATION 
FROM THE SHAPES OF ETCH PITS BY 
STEREOGRAPHIC PROJECTION 

As in many cases in crystallography and metallurgy, 
the application of the stereographic projection gives 
a simple method for determining crystal orientation 
from the shape of etch pits. It is reasonable in this 
case to regard the edges of an etch pit as the indica- 
tion, which corresponds to a trace of the precipitate 
The 


procedure is therefore the same as in the determining 


in the known crystal plane in metallurgy. 
of crystal orientation from traces (Barrett™). 

The (0001) standard projection is constructed as 
Fig. 10, 


Using the standard projection and a Wulff 


shown in using Megaw’s axial ratio of ice, 
1.6289. 
net, the procedure for the etch pit is as follows. 
Fig. 11 for example illustrates the case for the etch 
pit shown in Fig. 9. On the tracing paper a_ basic 
circle is drawn to represent the surface of the ice; 
through this circle are drawn the diameters perpen- 


dicular to the edge directions of a prism face in an 


etch pit. The (0001) standard projection of all poles 


of the prism faces on a sheet of transparent paper is 
then superimposed on this plot and on a Wulff net, 
and a pin is put through the centers of all three sheets. 
Fig. 11 shows the normals to the edges (diameters), 
the {1010} poles of the standard projection (©), and 
the shape of an observed etch pit (schematic). The 
standard projection sheet is rotated about the pin at 
the center through the angle x, which is shown in 
Fig. 1] by 


that is normal to the plane of the paper. 


arrows. This rotation is about the c-axis 
Rotation 
about the axis perpendicular to the c-axis (parallel to 
the plane of the paper) can be carr'ed out by the 
Wulff net, as shown in Fig. 11 by the angle / indicated 
by dotted arrows. By these two rotations, each of the 
the 


translated into coincidence with ore of the diameters. 


poles of standard projection may be 
Fig. 11 shows the position of these poles on the normal 
of edges after rotation (@). This final array of poles 
defines an orientation of the crystal consistent with 
the observed shape of an etch pit. For the sample 
shown in Fig. 11, it was found that the inclinaticn cf 
the normal to the ice surface to the c-axis is 68°, and 
the projection of the normal to the basal plane 
inclines at 24° to the 


described above, the determining of the orientation 


a-axis. By the procedures 
of any ice surface can be carried out by examining 
the shape of etch pits and using the method of stereo- 


graphic projection. 
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(b) 


layer formation on the 


hexagonal etch pit of ice. DS. 


Process ot 


5. MODE OF GROWTH OF ETCH PITS 

The reason why etch pits should develop at isolated 
spots has long been studied by many workers. In 
particular, the relation between dislocati: ns and etch 
In the 


present work, however, the existence of the replica 


pits has been studied in recent researches. 


film covering the surface of the ice produces conditions 
different from chemical etching and ordinary thermal 
etching. It established, therefore, what 
kind of factor controls the distribution of etch pits. 


A possible interpretation could be considered on the 


is not vet 


basis of the property of the replica film itself. In 
some Cases, a hole was observed in the replica film, 
where an etch pit developed. Though the existence of 
such holes is not obvious in all cases, it is probable 
that the hole is so small as to be missed under a 
The 


in the formation of 


microscope of low magnification. following 


mechanism will be considered 


separated etch pits. Evaporation will take place 
through these holes, while the larger portion of the 


surface may be protected against evaporation by the 


195 
¢ 
= 
Fic. 12. base of the 
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13. Layer structure on the bases of the etch pits of ice. 


31. 


replica film. Such spots, exposed to the air through 
the holes, will develop into etch pits. A similar 
interpretation is proposed by Suzuki"? concerning 
the thermal etching of «-brass. In this case an oxide 
laver acts as the replica film. 

The phenomena supporting this mechanism are as 
follows. As described above, the number of etch pits 
varies with the concentration of the replica solutions 
One explanation for this tendency may be 
considered from the 
reasonable that the more dilute solutions will produce 


used. 


above mechanism. It seems 


thinner replica films containing more holes, which act 
as the source of etch pits. The next conception 
depends on the behavior of grain boundaries. It 
has been recognized that grain boundaries are apt to 
be etched in the case of chemical etching, because 
are considered to contain more 


grain boundaries 


impurities and to consist of an assembly of disloca- 


tions or a transition lattice. The grain boundaries of 


ice crystals are attacked in the process of ‘etching 


without replica film’, as indicated in Fig. 1 by the 


arrows. However, the boundaries are not etched in 
the case of the replica method, as shown by the 
arrows in Figs. 24. 
replica film rather than the nature of ice itself which 
determines this etching phenomenon. It was also 
shown by other experiments that a crack in the film 
acts like a hole in the course of etching. 

It is known that in 
(Buckley), 
formed in the earliest or immature stages of the pro- 
After this stage, the etch pit develops into a 


many cases other than ice 


round or hemispherical etch pits are 


cess. 
geometrically regular shape, as illustrated by Buckley. 
A similar phenomenon is observed also in the case of 
ice. In this case, however, a rounded flat surface 
appears again in the base of the pit after it has 
developed into a deep hexagonal figure: that is, in 


the later stage of etch formation. This stage is shown 


Evidently it is the properties of 


ETCHING 


‘ replica of tl f an et 


the layer structure 12] 


When etching proceeds still further, the 


corners of the hexagonal etch pits become rounded. 


in Fig. 7. 


A similar phenomenon again is known in the case of 
the chemical etching of diamond (Oma1 Pandya and 
An example of the hexagonal pit in 
12(a,b). Note the 
it is seen that the base 
The 


process of layer fo:mation is accele_ated by removing 


Tolansky“"4 ). 
this stage is illustrated in Fig. 
In Fig. 12(b 


a layer structure. 


figures marked A. 
of one of the pits reveals 


the replica film in this state. The film was removed 
at the 


afterwards, 


stage shown in Fig. 12(a) and thirty hours 
the base of one of the figures which h id 
been previously in a mirror finish condition showed 
12(b). Another 


example of this layer structure is shown in Fig. 13. It 


the etching of a layer structure, Fig 
is interesting to note that in pit A of Fig. 13 two 
groups ot steps of circ ular te) m start from two corners 
respectively, and the corresponding steps art of the 
height. 


these lavers was carried out by 


same The measurement of step-heights in 


a method similar to 


shadowing in electron microscope techniqui The 


replica of etch pits (Higuchi@®) was made by the 
method reported by Schaefer™. The st ripped replica 


film was laid with its outer smooth surface in contact 


with a glass plate. The surface of the replica was then 
shadowed with a beam of chromium vapor at a fixed 
an optical microscope 


The step-height 


angle, and examined undet 


One example is shown in Fig. 14. 
was calculated from the width of shadow, measured 


series of observations 


on the photomicrographs. A 
on the same sample indicated that the step-height 
varies between 3 u and 16 uw, the mean being about 
single crystals was 


5u. The laver structure of ice 


observed in the experiments of Nakaya"?. He carried 


out a bending experiment using single crystals of ic 
and the layer structure parallel to the crystallographi« 
basal plane was revealed by the method of shadow 


phe ‘tography. 
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6. CONCLUDING REMARKS 
Separated etch pits can be produced on an ice 
surface by a simple operation using a plastic replica 


film. These etch pits provide a reliable indication of 


the orientation of the crystal axes of ice, as well as of 


many other crystals. The method will be useful in 
studies of the grain structure of ice, which is related 
and other freezing 
(16) 


to glaciers, river ice, lake ice 
processes of water. For example, Arakawa“® applied 
this method to the study of the surface of discoidal ice 
crystals in water, and found that there is no crystallo- 
graphic difference between these discoids and the 
ordinary hexazonal ice crystal. 
this etching technique to many other cases will be 
described in further papers. 

The stepped structure seen on the base of the 
hexagonal etch pits is a very interesting phenomenon, 
and will be a subject for future researches relating to 
the layer structure of an ice crystal. In addition to 
the replica method described above, the chemical etch- 
ing of an ice surface was carried out by keeping the 
sample in kerosene for a long period of time. The 
surface molecules of ice dissolve very slowly in kero- 
sene, and the etching takes place over as long as a 
week or more. In this case, the isolated etch pits were 
formed on the base of the large hexagonal pits pro- 


duced previously by the replica method. This process 
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The application of 
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of chemical etching will be reported on in a separate 
paper. 

In conclusion, the author wishes to thank the Low 
Temperature Institute, Hokkaid6 University, in the 
cold chamber of which the present experiments were 
carried out. The author’s gratitude is also expressed 
to Prof. U. Nakaya for his personal encouragement 


and suggestions throughout this work. 
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THE DIFFUSION OF CARBON AND OXYGEN IN VANADIUM* 
R. W. POWERS and MARGARET V. DOYLE? 


Carbon diffuses in vanadium at a slightly more rapid rate than oxygen. From internal friction and 
elastic after-effect measurements, the diffusion coefficients of these interstitial in ipurit is functions of 
temperature were found to be 

Dy 0.0047 exp (—27,300/RT 
and 
0.019 exp (—29,300/RT 


In contrast to solutions of oxygen in vanadium, those of carbon are unstable, as evidenced by 
in the height of the carbon vanadium damping peak with time his decline is attributed to the p 
tation of vanadium carbide from a supersaturated solution. A similar instability was found previous 


in solutions of carbon in niobium and tantalum. 


DIFFUSION DU CARBONE ET DE L’OXYGENE DANS LE VANADIUM 
Le carbone diffuse dans le vanadium a une vitesse légéremen grande que l’oxygéne Des 
mesures de friction interne et *‘l’elastic after effect’’, ont montré que les coefficients de diffusion de ces 


impuretés interstitielles dépendent de la température suivant les relations 


Deon 0.0047 exp (—27,300/R7 


Do_x 0.019 exp (—29,300/R7 


A Vencontre des solutions d’oxy gene dans le vanadium, celles du carbone 
démontre la diminution de l’amplitude du pic carbone—vanadium au cours du 
attribué a la précipitation de carbure de vanadium au départ de la solution sursaturé 
identique a été antérieurement mise en évidence pour les solutions de carbone dans le n 


tantale. 


DIE DIFFUSION VON KOHLENSTOFF UND SAUERSTOFF IN VANADIN 
Kohlenstoff diffundiert in Vanadin etwas rascher als Sauerstoff Aus Me 
der elastischen Nachwirkung ergab sich der Diffusionskoeffizient 
als Funktion der Temperatur zu 
D oy 0.0047 exp 27 300/R7 
und 
D 0.019 exp 29 300/R7 
Ein Absinken des 
von Kohlenstoff in Vanadin instabil sind im Gegensatz 
abnahme wird der Ausscheidung von Vanadinkarbid 
Kine ahnliche Instabilitat war schon vorher be Losung I 


worden 


The diffusion rates of carbon in tantalum and — supposition 
niobium have been reported recently using the inter- found betw 5 and 200° 
nal friction method.":*) The purpose of the present 
note is to make known similar 


vanadium, as well as the resul 
ments on oxygen in this metal. This complet 
study of the diffusion of carbon, oxygen, and niti 
in each of the Group Py metals, vanadium, niob 


and tantalum. 


MATERIALS AND EXPERIMENTAL 
TECHNIQUES 


Knowledge of the position of the carbon internal 


friction peaks in tantalum and niobium led to thi 


Liter annealing In vac »ynear SSO-C tor about 


* Received February 24, 1958 an hour 14 in. leneths such wire were purified by 


General Electric Research Laboratory, Schenectady, ‘ 4 
New Yor! heating near 1500°C in a vacuum approaching 10~7 
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mm of mercury for several hours. Such a treatment 
was accomplished by passage of an electric current 
through the specimen in an apparatus described in a 
previous publication.”) This treatment reduced an 
internal friction peak found between 170° and 180°C 
to a value in Q-! of less than 0.0006 above back- 
ground. 

After evacuation, carbon was added to some speci- 
mens either by the absorption of methane or by 
heating, again in a vacuum, a specimen whose surface 
had been painted with a carbon-black slurry. Other 
specimens were loaded with oxygen by the absorption 
of molecular oxygen. 

Internal friction measurements were carried out ina 
conventional type of torsion pendulum.‘® For reasons 
described later, it was necessary to determine relaxa- 
measure- 


tion times by means of elastic after-effect 


ments also. Such measurements were carried out in 
apparatus differing from the pendulum only in that 
provision was incorporated for rapidly damping 
torsional vibrations. 

Although the relaxation strength (the ratio of the 
total strain that relaxes to the elastic strain) associated 
with the ordering of carbon atoms in vanadium is 
rather small, at most 0.007, it was possible to carry 
after-effect high 


sensitivity. 


measurements at 
strain the 
Despite the fact that the strain at the surface of the 


out sufficiently 


levels to obtain necessary 
specimen in these experiments was almost 10~%, no 
dependence of either relaxation time or relaxation 
The 


method of Nowick was used to get the 


strength on the strain could be detected. *“inflec- 
tion point” 
relaxation time.” This quantity is determined from 
the inflection point on a plot of relaxed strain vs. 
logarithm of time. The method offers the practical 


advantage that a relaxation need not be followed 
through to completion in order to obtain the time at 
which the strain to be relaxed is reduced to 0.368 of its 
initial value. For carbon or oxygen in vanadium, this 


would be difficult because the presence of nitrogen 


gives rise to a slowly relaxing “tail” on the plot of 


strain vs. logarithm of time. Nitrogen is not removed 
from vanadium by the evacuation treatment previously 


described. 


THE RESOLUTION OF THE 
OXYGEN INTERNAL FRICTION 
IN VANADIUM 


CARBON AND 
PEAKS 


Plots of internal friction vs. reciprocal temperature 
measured on several vanadium specimens oscillated at 
Fig. 1. 
loaded with carbon, a peak was found at 162°C. On 


0.55 c/s are shown in In those specimens 


the other hand, the damping is maximum at 174°C in 
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PEAK C PEAK 


f = 0.55 CPS 


2.1 2.3 
109 / T (°K) 

internal 

, Specimen loaded with carbon 

0.0082. e. 

loaded with carbon from carbon black—water slurry, Q7! 


© max 
0.0029. 0.0062. 
max 


carbon and oxygen 


Fic. 1. The 


friction peaks in vanadium. 


resolution of the 


by absorption of methane, specimen 


specimen loaded with oxygen, Q 


the specimens into which oxygen had been introduced. 
For all three specimens, a background damping of 
0.0005 in Q-! has been subtracted from the measured 
values. However, the contribution from a relatively 
high nitrogen peak (V 1 max ~0.017) located at 262°C 
has not been subtracted out. 

At one time, the carbon peaks in both tantalum and 
niobium were thought to be located near the oxygen 
that the 


error.".2) The 


peaks. It was demonstrated later initial 


identifications were in relaxations 
attributed to carbon in these metals actually arose 
from oxygen absorbed by accident during the carburi- 
zation. In tantalum and niobium, carbon diffuses at 
about the same rate as nitrogen; that is, considerably 
slower than does oxygen. In consideration, then, of 
the confusion between the carbon and oxygen peaks 


metals, it seemed worthwhile 


in the other Group v 


to take care to establish the separate identities of these 
peaks in vanadium. Aging studies were very helpful 
for this purpose. We had found previously that solid 
solutions of carbon in tantalum and niobium were not 


stable as evidenced by a decline in the height of the 


0.8 
0.6 
o } 
° 
e 
04 + 
\ 
0.2 


POWERS ann DOYLE: DIFFUSION 


OXYGEN 


NUMBER OF TIMES SPECIMEN HEATED TO TEMPERATURE 
INDICATED BETWEEN MEASUREMENTS OF 


2. The comparative stability of the carbon and oxygen 
peaks in vanadium. 


carbon damping peak with time. From metallographic 
evidence, it was inferred that carbon is precipitating 


from solid solution as carbide. A similar decline in the 


OF 


CARBON AND OXYGEN IN VANADIUM 


of the internal with time 


observed in vanadium specimens loaded with carbon. 


height friction peak is 
In Fig.2,we show plots of the height of the carbon and 
oxygen peaks in vanadium measured between succes- 
sive heatings of the pendulum furnace to temperatures 
When the rate of 
the peak height became small, a higher temperature 


measured on a specimen containing about 0.01 wt 


indicated on the graph of decline 


was used to accelerate the rate of declin« contrast 
to the behavior of carbon solutions, the ik height 
oxygen is stable 

An obs describe | 


above should be pointed out. The presence of car! 


4 | 
to those 


rvation ¢ ymplem ntary 
on 
internal 


In 
ta 


in vanadium does not appear to affect the 
this 


friction in the vicinity of the nitrogen peak 


respect vanadium is unlike niobium and ta um 


where the presence of carbon gives rise to an internal 
friction peak near the one associated with nitroget 
but not to one near that associated with oxygen 

It should be emphasized that the preparation of the 
specimen is critical in work with carbon—vanadium 
solutions. 
the 


Now it is clear that previous att mpts to 


observe carbon peak were unsuccessful because 


TEMPERATURE -°C 
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of the low carburization temperature (1100°C) used in 


he specimen preparation.) Since the 


oxygen in solid solution in equilibrium with molecular 


oxygen at some external pressure increases rapidly 
with decreasing temperature, the likelihood of inci- 
dental contamination by oxygen during carburization 
is greater at lower temperatures. Under these condi- 
tions, the internal friction peak arising from acciden- 


tally absorbed oxygen can mask that due to carbon. 


DIFFUSION RATE MEASUREMENTS 

A knowledge of internal friction peak temperatures 
is important because such information can be 
related to macroscopic diffusion coefficients. At the 
peak temperature, the relaxation time, 7, for the 
stress-induced ordering of an interstitial impurity is 
1(8) [In turn, this relaxation 
coefticient by the 


the lattice 


27 applied frequency) 


related to the diffusion 
~ (9.10) 


time is 
expression D Here a is 
parameter. Internal friction measurements are often 
various frequencies of vibration to 


D, on 


It is usually possible to express experi- 


carried out at 


establish the dependence of 7, and therefore 
temperature. 
mental results by a two parameter equation D D, 
E/|RT). 

With carbon in vanadium, it was not possible to 
determine D, and E£, the 


satisfactory precision using internal friction measure- 


exp 


activation energy, with 
ments alone, because complications arose from the 
relatively rapid decline in the height of the peak with 
time. This difficulty was circumvented, however, by 
the use of torsional elastic after-effect measurements, 
which are carried out at much lower temperatures than 


those used in obtaining the internal friction data. No 


carbide precipitation occurs under these experimental 


conditions. 


The relaxation time associated with the ordering of 


amount of 
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carbon atoms in vanadium as a function of tempera- 
ture is shown in Fig. 3. Data on two specimens are 
given which are distinguished on the figure by open 
and solid circles. One data point could be obtained in 
each case from internal friction measurements. 
Since the possibility remained that the previously 
reported data for oxygen in vanadium was com- 
promised slightly by the presence of small amounts of 
carbon in the specimen, some new data for oxygen 
in vanadium were obtained and are also presented in 
Fig. 3. 

These data give rise, by means of the expression 
D 2/367, to the following relationships for the 
diffusion coefficients as functions of temperature. For 


carbon in vanadium, 


D 0.0047 exp (—27,300/RT) cm2?/see. 


The error limits at the 50 per cent confidence level 
0.1 keal and in Dy, +-0.0006. Similarly, 
in vanadium, D 29 300 


are in E, 
for oxvgen 0.019 exp ( 
RT) cm?/sec. 


0.002 in Dz. 


The probable error here is 0.1 keal in # 

and 
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A STUDY OF LATTICE DISTORTION BY AN X-RAY DIFFRACTION TECHNIQUE* 
N. KATOT 


To study the mosaic structure of crystals, the technique of Lambot et al.'*) was extended in su 
that a point-to point correspondency was established between specimen and diffraction pat 
resolution of angle and position are discussed in detail. In addition, the instrumental errors in obtaining 
the angular range of reflection are discussed. Two instruments were constructed; one was designed fot 
transmission experiments (Laue case) and the other for reflection ¢ xperiments (Bragg ca The linear 
resolution was about 20 4 in the most favorable case. The angular resolution of misorientation about 
the vertical axis was a few seconds of arc, and that about the horizontal axis in the net plane was ¢ 


1 minute. (The net plane was set in a vertical plane.) The textures of quartz, NaClO,, KCl and Ge wer 
studied by this technique. It was found that Cottrell’s assumption on dislocations was satisfied in som« 
cases of fairly good KCl crystals, but not in the other cases. Hirsch’s assumption was satisfied in quart 


and Ge specimens but not in the other specimens 


ETUDE DE LA DISTORSION DU RESEAT 4 L’AIDE DUNE TECHNIQUE 
DIFFRACTION DES RAYONS X 

En vue d’étudier la structure mosaique des cristaux, la technique de Lambot et al. a été modifiée di 
maniére a établir une correspondance point par point entre |’échantillon et le cliché de diffraction. L’auteu 
examine en détail la résolution angulaire et de position. De plus, il discute les erreurs instrumentales 
mises en jeu pour obtenir le domaine angulaire de réflexion. Deux instruments ont été construits: l'un 
pour opérer en transmission (cas de Laue), l'autre pour des essais en réflexion (cas de Bragg La 
résolution linéaire est de 20 4 dans le cas le plus favorable. La résolution angulaire de la désorientation 
autour d’un axe vertical est de quelques secondes d’are. Autour d’un axe horizontal, la résolution est 
environ | minute (le plan réticulaire a été placé verticalement Les textures du quartz, de NaClO 
KCl et Ge ont été étudiées par cette technique. L’auteur trouve que lhypothése de Cottrell a propos 
des dislocations est vérifiée dans les cas de cristaux de KCl moyennement parfaits, mais pas dans les 
autres cas. L’hypothése de Hirsch est satisfaite dans les échantillons de quartz et de germanium et pas 


dans les autres. 


RONTGENOGRAPHISCHE UNTERSUCHUNG VON GITTERVERZERRUNGEN 

Zur Untersuchung der Mosaikstruktur von Kristallen wurde das Verfahren von Lambot et al. in der 
Weise weiterentwickelt, dass eine punktweise Zuordnung zwischen Probe und Beugungsbild vorgenom 
men werden kann. Das Auflésungsvermégen des Verfahrens wird im einzelnen erdértert Weiterhin 
werden die instrumentellen Fehler beziiglich der Winkelbreite der Reflexe diskutiert. Zwei Gerate, 
eines fiir Durchstrahlung (Laue-Fall) und eines fiir Reflexion (Bragg-Fall) wurden gebaut Dik 
lineare Auflésung war in den giinstigsten Fallen ungefahr 20 u. Die Winkelauflésung fiir Desorien 
tierungen um die vertikale Achse betrug einige Winkelsekunden, fiir solche um die in der vertika 
angeordneten, reflektierenden Netzebene liegende horizontale Achse ca. 1 Minute. Mit diesem Verfahret 
wurden die Texturen von Quartz, NaClO,, KCl und Ge untersucht Dabei wurde gefunden, dass da 
Cottrellsche Versetzungsmodell in einigen Fallen von relativ guten KCl-Kristallen 
wird, was in den anderen untersuchten Fallen nicht zutrifft. Demgegeniiber | 
Vorstellungen von den Quartz- und Germaniumproben, aber nicht von den iibrig 


1. INTRODUCTION blocks are generally very small, 


Recently, several sensitive X-ray diffraction tech- X-ray techniques to be able 


niques have been devised in order to investigate the detect minute angles between mosaic blocks 


mosaic structure of crystals. These techniques may be — gmall region of the specimen. The above tec! 
classified into three groups as follows: are not satisfactorv for the following reasons 
(i) Micro-beam method (Hirsch and colleagues"). Method (i) is very sensitive to position but 1 
(ii) Surface reflection method (Berg, Barrett’) and misorientation angle. On the contrary method 
Honeycombe"?). very sensitive to angle but not to position Ath 
(iii) Focusing Laue photograph method (Guinier, method (ii) has the advantage of 
Tennevin™ and Cullity, Julien"). the mosaic structure of a large are 


Since the size and misorientation angle of mosaic photograph, its sensitivity seems to only moderat 


* Some part of this study was supported by the Nishina 1 regard to both position and misorientation 


Foundation. The work was concluded while in receipt of Recently Lang‘® extended method (ii) and Schultz 
support from the National Science Foundation. Received : 
Mav 31, 1957: revised version February 28, 1958. 

+ Kobayasi Institute of Physical Research, Kokubunji, methods (i) and (ii). In all of these methods. however. 
Tokyo, Japan. Present address: Department of Engineering 
and Applied Physics, Harvard University, Cambridge 38, Mass 
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proposed a very sensitive technique combining 


ed 


‘white’ or non-monochromatized radiation was u 


iT Is TO! 

TO 

l 

one 
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the other hand Lambot. Vassamillet and 


Dejace®) proposed an ingenious method based upon 
other principle, that of using a monochromatized 
X-ray 
arrow linear regions of a specimen are irradiated by 
X rays the 


letected with a very high angular resolution. 


cusing beam. In their technique, very 


can be 


How- 


and lattice distortions in them 


ever, the diffraction patterns from different parts of 


the irradiated linear region overlap one another. 
This implies that their technique is not sensitive to 
the position of the reflecting crystal element within 
the linear region. 

The present author has developed their technique 
by using a monochromator of the transmission type, 
The 


while Lambot ef al. used a reflection type. 


development was reported briefly in an earlier note. 
The 


spondence between specimen and diffraction pattern 


new method enables point-to-point corre- 


to be obtained. It was applied to both the trans- 
mission arrangement of the specimen (which we call 
instrument A hereafter) and the reflection arrangement 
instrument B). This paper will describe the resolution 
of angle and distance obtained, and experimental 


results on various crystal textures will be presented. 


PRINCIPLE AND RESOLUTION 
OBTAINABLE 


2. GENERAL 


The general principle of the method is similar to 
that of Lambot et al." X-ray source, monochromator, 
specimen and recording film were arranged as shown 
in Fig. 1 of the previous note.“ The monochromator 
was a thin quartz plate, the 1011 reflection being used. 
Monochromator and specimen were so placed as to 
The 


Ka. and Kp lines were eliminated by screens placed 


effect partial achromatization of the X-rays. 
just in front of the specimen. Mod radiation was 


used in instrument A and Cuke radiation in B. 


minimum 


The 


rea (Ad) of a specimen in a 


Resolvable area in a horizontal plane. 
resolvable 
horizontal plane is determined by the line breadth 
b) of the 


d) of the specimen effective in X-ray diffraction. In 


focused convergent beam and the thickness 


instrument A the value of b was about 40 ~ and in 
instrument B it was 20 uw. 

21.2. Resolvable 
When the projected height of the X-ray source is 
finite, say a, the vertical length, h, of the diffraction 


le ngth along a Ve rtical dire ction. 


pattern reflected from a point of the specimen is 
(1) 


L being the distance from specimen to film. Z and 
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R’ are the distances from target to monochromator 


and from monochromator to specimen respectively.* 


In the present method the X-ray target was placed 


in a horizontal plane so that a could be reduced to 
Land Z 


50 em and 33 em respectively. Thus h was about 75 uw. 


about 50 u. R’ were kept constant at 
If the minimum resolvable length on the photo- 
graphic film is r, the resolvable length, g, of specimen 


along a vertical direction is 


Since r may be of the order of or less than 5 yw, 


depending upon photographic grain size, equation (2) 
must be used in the present case. Thus g is estimated 


to be about 30 wu. 


22. Resolution of angle 


29] 


irradiated 


Rotation angle about the vertical axis. If in the 


region there are two crystallites mis- 
orientated with respect to each other only about the 
vertical axis, their diffraction patterns are recorded 
at different 


geometrical considerations the misorientation angle 


positions on the film. From simple 


between them is given by 


Ad = 3 


horizontal distance between the 


AX is the 


diffraction patterns of the two crystallites. 


where 


If we take the minimum detectable length on the 
film, 7, in place of AX, the above expression gives the 
detectable the 
vertical axis. Here it may be worthwhile to note that 


minimum angle of rotation about 
the equation does not give the minimum detectable 
angle in measuring the angular range of reflection of 
instru- 


This 


a single crystallite, since there are several 
mental causes of broadening the reflection line. 
problem will be mentioned again in $4. 
Rotation angle about a horizontal axis. Next, 
we consider the misorientation angle about a_hori- 
zontal axis between an upper and a lower crystallite 
separated by a grain boundary crossing the irradiated 
linear region of the specimen (Fig. 1). There are two 
components of rotation; the component about the 
normal to the net plane and that about the horizontal 
axis in the net plane. The fosmer is not detectable 


from the reflection patterns of the net plane concerned. 


* R’ is nearly equal to R, the diameter of the focal circle of 
the monochromator. 


L 
q=a (h > r) (2) 
L -+- 
r (2') 
L R Z 
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The v—Y-2 co-ordinate 
Z system refers to 
zand Z are 


Fic. 1. Tilt-like misorientation. 
systems refer to specimens and the X—Y 
the recording film. y and Y 

the direction of the X-ray beam, 


are the vertical axis. 


As long as a point-to-point correspondency is estab- 
lished between a specimen and the diffraction pattern, 
the latter component can be obtained as follows: 

In Fig. 2, 


normal to a net plane and the horizontal plane. If 


6 is the deviation angle between the 


an incident beam deviates by an angle p from the 
reflected this net 
plane in a direction which deviates from the horizontal 


horizontal plane, it will be from 


plane by an angle 

p p 20 sin 9» (4) 
where 4, is the Bragg angle of the net plane. There- 
fore the vertical deviation of X-ray beams reflected 
from the upper and the lower crystallite at the 
boundary is given as 

Ap’ 2 sin (5) 

where AO is the difference bet ween the values of 0 
for the two crystallites. Thus the misorientation angle 
about the horizontal axis in the reflection plane is 
given as 


AY 
AO, Ad 


(6) 


2L sin 0, 


where, as shown in Fig. 1, AY is the vertical com- 
ponent of overlap of, or separation between, the two 
the upper 
If we take half of h of equation (1) as 
being a reasonable value of the minimum detectable 


AY, we 


diffraction patterns due to and lower 


crystallites. 


can estimate the minimum detectable angle 


PE 


Fic. 2. Deviation angles. EO and OA are the directions o 
the incident and diffracted beams. ON is th 
reflecting plane. OA 
—> 
EO, OA and ON on the 
KOE’ p, ZAOA 


normal la 
—> 
and ON’ are the projections of 


plane respectively 


NON 


horizontal 
p’ and 


‘TICE DISTORTION 


of AO, to be 
sin 
in 0.1. 


about 1 minute of are for the case 

The misorientation angle about the horizontal axis 
perpendicular to the net plane concerned, say I, can 
the diffraction 


another net plane, for instance 


be obtained from pattern due to 


with | 


the vertical net pl ine 
making an angle ¢ 


We call this net plane [I 
If the misorientation angles determined from I and 
IT are AO,! and AQ," spectively, the misorientation 


angle about the horizont ll AXIS perpendicu ir to the 


net plane I is given as 
AO, 


sin g 


3. EXPERIMENTAL RESULTS 
Quartz, NaClO, and KC! were studied by instrument 


A and Ge was studied by B, with results as follows 


3. Quartz 


of 


reflections from two parallel plates of quartz each of 


Fig. 3 shows the diffraction patterns 


thickness 0.2 mm. 


(1011) plane. 


cut approximately normal to the 
one of the 
The 


shadow of 


Each line corresponds to 


plates which were set as shown in Fig. 4 vanish 


ing region in the middle of each line is th 
an obstacle which was placed just in front of the 


specimen. The sharpness of these shadows shows 


that a point-to-point correspondency is established 


between specimen and diffrac tion pattern The relative 


displacement of the shadow along the line is due to 


the TWo re 


the difference in deviation 
planes, that is the relative rotation o 


plates about the common norn 


between the two orresponds to thi 


mes 


about the vertical axis, t first approxi 


a result of the difference t] ingle 0 


plates the distance AX 


constant 


| | | 
| 
| Lie 
for 
the ty cryst 
The distat 
tat 
|__| 
mation. A 
O 30 
/ 
Fic. 3. 1011 1 tior 
from two quartz plats 
hown in Fig. 4 
& 
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incident beam 


x 
Diffracted beam 


Fic. 4. Expt rimental conditions of Fig. 3. 


expressed by a linear form aY p, where Y 
distance measured along the diffraction line. 
Next we wish to investigate whether the diffraction 
line meanders along its course due to crystal imper- 
fections. For this purpose we consider the root mean 


SAX (aY p)t. On 


square of the deviation S 


a part of the diffraction line of length D’, ten uni- 


formly distributed points, say Y, (i 1, 2, 80), 
are selected. We call S at these points S;. D’ corre- 
sponds to the length D on the specimen, i.e. D’ 

D(Z R’ L)](Z R’). the 


mean square of S; averaged over these points, i.e. 


Fig. 5 shows root 
m(D) V zo > S,?, against D. In the case of quartz 
the m(D) the 
experimental error and does not change with D. 


magnitude of is comparable with 
Hence we conclude that these quartz specimens show 
no detectable meandering of their diffraction lines. 
In the study of diffraction-line meandering exhibited 
by other crystals, one of these quartz lines was taken 


as the datum from which to measure the deviation S,,. 
NaCloO, 
NaClO, 


the evaporation method. They were similar to those 


crystals were prepared from solution by 


used in previous experiments.”® It was observed 
double that 


cryst ils have a texture similar to sood specimens of 


then by crystal spectrometet these 


we 


5. Plot of log m against log D for KC], NaClO,, 
quartz and Ge. 


is the 
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quartz but show a slightly larger line breadth.* Fig. 
6 is an example of the 200 diffraction line of these 
The 
In this case «, was deliberately not 
It is to be noted here that the straight 
lines are out of step at several points at which the 


crystals. doublet arises from the z, and a, 
radiations. 


eliminated. 


intensity is markedly increased. The step implies a 
twist-liket the 
The angle of misorientation was 


misorientation between upper and 
lower crystallites. 
less than 15”. The intensity enhancement at the steps 
probably implies a reduction of primary extinction due 


to a lattice distortion at these points. Some of the 


Fic. 6. 200 reflection 
from NaClO, plate. 


distorted points in the «,-line correspond with points 
in the ~,-line (see A), but many of them do not show 
such correspondence (see B). This means that some 
distorted parts are confined in a very small region, of 
the order of the distance between the %, and ay 
lines on the specimen, i.e. 140 w. 

From the diffraction line, we can obtain the root 
mean square m(D) in the same way as described for 
the case of quartz. The values of log m(D) are shown 
against log D in Fig. 5. We see that m(D) increases 


approximately with D®*, 


3.3. KCl 

Figs. 7, 9 and 10 show 200 diffraction lines obtained 
from KCl crystals of thickness 0.15, 0.18 and 0.3 mm 
respectively. All these specimens were prepared by 
cleaving from a large single crystal produced by the 
Kyropoulos method. The cleaved plates were sub- 
sequently etched with aleohol—water mixture. 


In the broad reflection of Fig. 7, the white (X) and 


* This is in agreement with Sakisaka’s previous result (Y. 
Sakisaka, Proc. Math.-Phys. Soc. Japan 12 (1930) 189). 

+ This means that the misorientation has a twist component. 
In the same way, tilt-like means that the misorientation has 
a tilt component. 
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(b) 


Fic. 7. 200 reflection from KCl plate. (a) and (b 
diffraction patterns corresponding to the 


the specimen. (b) by 


are 
ot 


specimen 


same position 


was obtained reversing the 


(Y) 


believed 


dark bands are remarkable. These 


LO 
crystallites which are divided by the grain boundary 
lying across the irradiated linear region. To test this 
supposition, the specimen was reversed and 
diffraction record repeated from the same region (cf. 


Fig. 7(b)). The interpretation is evidently correct 


because the bands in Fig. 7(b) correspond reasonably 


with those of Fig. 7(a). The model of the misorientated 
The diffraction 
patterns obtained at various positions of the crystal 


crystallites is as shown in Fig. 8. 


100; 


Fic. 8. The model of crystallites corresponding to Fig. 7(a) 

and (b). The misorientation angle A@, of the boundaries 

A,B,C, Dand E are 6.8’, 4.3’, ca. 16’, 59.2’ and 5.3’ respectively 

The angle between the boundaries and |100]-direction 

0°0’, 46°8’, 45°, 54°5’ and 35°11’ for A, B, C, D, and E 
respectively. 


are 


ca. 


* Footnote on page 650. 


the 


bands are 


be due to a tilt-like* misorientation of 


the 
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indicate that the boundaries incline the (O10) 


plane in the general cas 

AO 
are listed 
like 


considerably distorted regions of crystals 


inclination 
nd ot 


eXIST 


the 
the le 


The misorientation angle und 


the boundaries in 


angle x of 


Fig. 8. Such distinct tilt boundari« in 


Fig. 9 is also a very complicated but frequently 
ot 


from 


observed pattern In a specimen this kind, the 


patterns change very abruptly position — te 


reflection 
Th 


terns 


position and are accompanied broad 


those 
the 


like shown in author 


that 


patterns 


believes texture has 


been caused by cold WOrk when were 


cleaved, because adjacent 
gave a fairly good texture 
Fig. 10 shows the 


The log m log 


fairly 


D plot for this diffrac 


patter of 


VS 


Fig. ; S cast 
mately with D'/*. It was 
with D®! 


is given 1n m inere 
ilso found tl 


in another KCI specimen 


Germanium 
Fig. 1] 


crystal obtained by 


11] 
apparatus B 


reflection 


The four 


shows the 
palrs 


four differs 
bye 


diffraction lines are obtained 
of the cryst il The 


The two lines of each pall 


nt positions 
distance tween n 


0.5 mm ise again from 


A discrete grain boundary 
ol 


the a, and «, wavelengths 
he 


Moreove!1 we 


is to observed in the lower part crystal 


meandering of the diffraction 
The lo 


.ccoraling 0 


can see the 


line due to the warping of the net plane om 
log D plot indicated that m 


in this case. 


VS. varies 
In better specimens the diffraction 
line was perfectly straight and, as for quartz, m did 


not vary with D. 


> 
— 
(a) P| parts of thi rystal 
tal 
j 
| 
} 
| 
| Fi Ke 200 ref | lO. 
NG bl ew pros 
Br" 
KY? | of 
| 
| INS 
of 
NY | Et NY. le 


ACTA METALLURGICA, 


rmanium 111 reflections 


4. DISCUSSION 
$.1. Observed line breadth with good crystals 
several instrumental causes of diffraction 
These 
In good crystals. 
these 


There are 
Lam bot 
that 


over- 


line broadening. were discussed by 


8) seems 


however. it 


correction for effects brings about an 


correction in obtaining the true angular range of 


reflection. For example, the correction amounts to 
110 u in the case of quartz described in Section 3.1. 
und 146 uw for the good part of the NaClO, crystal in 
Section 3.2. though the observed line breadths are 
65 u and 97 uw respectively. Lambot et al. considered 
Lh) of the focused X-ray line 
This 


is not correct. however. In the Case of vood specimen 


that the whole breadth 
contributes to broadening the diffraction line. 
a very small part of the con- 


cry stals. because only 


vergent beam produces the diffraction lines. Moreover, 
the line broadening due to the natural breadth of the 
Kx,-line must be treated on the basis of the X-ray 
paths reflected by a combination of a curved cry stal 
ind a plane crystal, as in the theory of the double 
rvstal spectrometer. it It is to be noted that, from 
broadening 


considerations, line 


breadth 


simple geometrical 


due to natural line can be minimized by 
setting the net plane of the monochromator and the 


specimen as described in 82. 


1.2. Crystal textures 
As shown in Section 3. various kinds of diffraction 


pattern can be obtained by the present technique. 


These give us information on crystal textures. 

In the case good crystals we 
considered the root mean square m(D) to express the 
Though 


these studies are as yet merely preliminary, it seems 


of comparatively 
legree of meandering of the diffraction line. 


worthwhile to note that the functional form of m(D) 
is different from specimen to specimen. 
Cottrell has suggested") that the observed angular 


range of reflection (/) may be considered as the 
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probable deviation (d) in orientation from one end of 
an irradiated crystal to the other, and showed that d 
is x(D/t)!/2 assuming one dimensional “random flight”’ 
statistics. In this expression « is the mean mis- 
orientation angle across a grain boundary, ¢ is the mean 


block size and D is the length of the irradiated crystal. 
Noggle and Koehler’s experiments"®) indicated that 
f increases as D'/? in Al and quartz crystals. On the 


other hand, Hirsch assumed that $ does not change 
with Dand that the profile of f is Gaussian in form.“:!”) 
Moreover he pointed out that dis not equivalent to BO), 

From the standpoint of statistics P is not equal 
either to d or to the quantity m(D) described above, 
but it is possible to show that p and m(D) are propor- 
tional to D'* if Cottrell’s assumption is applicable. 
It is that m(D) with D if 
Hirsch’s assumption is correct. The above experl- 


ments show that Cottrell’s assumption is approxi- 


clear does not change 


mately adequate for some specimens of KCI and Ge but 
not for the other cases. In particular, a change of m 
with D could not be detected for quartz or for good 
crystals of Ge. It seems that the above two assump- 
tions correspond to two extreme cases of actual 
crystals, and more thorough consideration is necessary 
before applying to misorientated crystallites either 
a defi- 


one dimensional “random flight’’ statistics or 


nite Gaussian distribution. 
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ON THE PRECIPITATION OF SILICON OUT OF A SUPERSATURATED 
ALUMINUM-SILICON SOLID SOLUTION* 


H. S. ROSENBAUM and D. TURNBULL? 


The precipitation of silicon from Al(1 Si) solid solution was followed by resistometric and mic! 
graphic methods. Precipitation rates in the temperature range 200°—400°C were measured. The number 
of silicon particles nucleated and the corresponding precipitation rates are strongly de pendent on the 
thermal history of the specimen. In specimens quenched at moderate rates, from the homogenization 
temperature 7’, to any lower temperature, no more than 10° silicon particles/em* formed during precipita 
tion; this indicates that in these treatments silicon nucleates only heterogeneously. However. more than 
10!4 silicon particles ecm*® were precipitated In specimens that had been * inoculated’”’: e., quen ned 
very rapidly from 7’, to low temperature and then pre-aged between 40° and 30°¢ 

No difference was detected between the resistances or microstructures of the inoculated and uninocu 
lated specimens prior to precipitation. However, it was established that the mechanical strength of 
specimens markedly increases (quench hardens) by a factor of about 1.6, during inoculation. 

No effect of cold working (at room temperature) on the precipitation rate in uninoculated specimen 
was detected, but cold working markedly increases the rate of inoculated specimens, 

It is likely that inoculation results from the action of point defects at high supersaturation. This will 
lead to a transient rapid diffusional motion which may result in considerable homogeneous nucleation of 
silicon during the period of decay of point defect supersaturation. Another possible action is the for 
mation of point defect clusters which might serve as preferred sites for silicon nucleation at higher 


temperatures. The possible correspondence between inoculation and quench hardening is discussed 


SUR LA PRECIPITATION DU SILICIUM A PARTIR D’UNE SOLUTION SOLIDE 
SURSATUREE AI-Si 

Les auteurs ont étudié la précipitation du silicium dans une solution solide d’aluminium ' Si 
par des mesures micrographiques et de résistivité électrique. Lls ont mesuré les vitesses de pré« ipitation 
dans le domaine de températures 200°—-400°C. Le nombre de particules de Si nucléées et les vitesses 
correspondantes de précipitation dépendent fortement de histoire thermique de l’échantillon. Dans 
les échantillons trempés a une vitesse modérée, il ne se forme pas plus de 10° particules de Si 
entre la température d’homogénéisation 7', et n’importe quelle température 
que, au cours de ces traitements, le silicium est nucléé d'une maniére compléten 


dant, plus de 10'* particules de Si par cm® sont précipitées dans des échantil 


lons qui 0 inocul 
c’est-a-dire trempés trés rapidement a partir de 7', 4 une température basse et ensuite pré-vieillis ent 
—40° et 30°C. Aucune différence n’a pu étre trouvée entre les résistances et les microstructures 


échantillons inoculés et non-inoculés avant précipitation. Cependant, on a constaté qu 


mécanique augmente nettement (durcissement de trempe) d’un facteur d’environ 1,6 pend 


lécrouissage (a la température 


tion. Les auteurs n’ont trouvé aucune influence de 
vitesse de précipitation dans les échantillons non inoculés. Par contre, écrouissage aug 
échantillons inoculés. 
Il est probable que linoculation résulte de action de défauts por 
fait conduit & un mouvement transitoire a diffusion rapide qui peut dor 
gene du silicium pendant la période de disparition de cette sursaturat 
autre action possible est la formation d’amas de défauts ponct 
légiés pour la nucléation du silicium & des températures plus élevé« 
linoculation et le durcissement par trempe est également discuté« 


UBER DIE AUSSCHEIDUNG VON SILIZIUM AUS EINEM UBERSATTIGTEN 
ALUMINIUM-SILIZIUM MISCHKRISTALL 


Die Ausscheidung von Silizium aus Al(1°%% Si) Mischkristallen wurde dure} 
und mikroskopisch verfolgt. Zwischen 200°C und 400°C wurden die Aussche idun 
gemessen. Die Zahl der entstehenden Siliziumkeime und die zugehérigen Aussch¢ 
keiten hangen stark von der thermischen Vorbehandlung der Proben ab. In Proben, 
von der Homogenisierungstemperatur 7, zu einer tieferen Temperatur 
bildeten sich wahrend der Ausscheidung héchstens 10° Siliziumteilchen/em®* 
bei dieser Behandlung eine heterogene Keimbildung des Siliziums erfolgt 
Proben die, “‘geimpft’’ worden waren, mehr als 10!* Siliziumteilchen/em?® aus; 
rasch von 7’, zu tiefer Temperatur abschrecken und dann zwischen 40° und 
Vor der Ausscheidung zeigten sich zwischen geimpften und ungeimpften 
Widerstand und im Gefiigebild keine Unterschiede. Dagegen nahm durch das hh 
Festigkeit merklich, etwa um den Faktor 1,6, zu (Abschreckverfestigung 
Die Kaltverformung (bei Raumtemperatur) hatte auf die Ausscheidungsgeschwindigkeit be 
ten Proben keinen Einfluss, sie erhéhte jedoch bei geimpften Proben die Ausscheidungsgeschw 
merklich. 


* Received February 28, 1958. + General Electric Research Laboratory, Schenectady, New York, 
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ahrscheinlich, dass die Impfung durch die Wirkung von Punktfehlstellen in stark iibersattigter 
Diese fiihrt zu einer voriibergehenden raschen Diffusionsbewegung, 


die wahrend der Abbauperiode der Ubersattigung eine betrachtliche homogene Keimbildung des 


Siliziums zur Folge haben kann. Es k6énnten 


bilden, die be 


sich 


aber auch Ansammlungen von Punktfehlstellen 


i hdheren Temperaturen vorzugsweise als Keimbildungsstellen fiir Silizium dienen kénnen. 


Die Beziehung, die zwischen Impfen und Abschreckverfestigung mdéglich ist, wird diskutiert. 


INTRODUCTION 


It follows from the theory of solid interphase 


boundaries and homogeneous nucleation that an 


extremely high supersaturation would be required 
for sensible nucleation of a precipitate / from a solid 
solution « when the crystallographic misfit between « 
and / is large for review see reference 1). There is a 


very large crystallographic misfit between silicon 
diamond cubic) and the aluminum-rich Al(Si) solid 
By a 


was estimated that a 


solutions from which it may be precipitated. 
method described earlier"? it 
supersaturation ratio C/C, ~ 10° (where C and C, are 
the actual and equilibrium concentrations of solute 
respectively) would be required for perceptible homo- 
geneous nucleation in this system. Actually precipi- 
Al(Si) has been observed’**) at 
Thus if the 


theories mentioned above are correct it appears that 


tation of Si from 


supersaturation ratios no larger than 5. 


this nucleation must have occurred heterogeneously 
i.e. at lattice discontinuities such as foreign particles 
Yet 


number of silicon 


or line or surface imperfections). Geisler and 
that the 


particles precipitated from Al(Si) may be as great as 


Keller’? have observed 


10'*/em” which is much larger than the expected 
number of nucleating discontinuities. 

The object of our investigation was to establish 
whether or not the nucleation of Si in Al(Si) solid 
solution is heterogeneous, and if so, the nature of the 
nucleating discontinuities. 

EXPERIMENTAL 
Materials 


An alloy of aluminum with 1°, by wt. silicon was 


made from aluminum of 99.995‘ 


99.94°,, purity. 


» purity and silicon of 
Melting was done in a high purity 
alumina crucible by means of a high frequency 
induction vacuum furnace. The melt was poured in 
vacuum into a high purity graphite mold. The alloy 
was then cold rolled, swaged, and drawn into appro- 
priate shapes. A control material was made in exactly 
the same way as the sample alloy except that no 
silicon was added to the melt. By a semi-quantitative 
emission spectrographic analysis* it was determined 


that the Al 1% Si) alloy and the Al control material 


* The photographic plates of the emission spectra of the 


and the control material were compared with similar 


alloy 
plates of standard materials containing 0.001, 0.01, and 0.1% 
by wt. of each impurity element Cu, Fe, and Mg. 


contained on the order of 0.01°, Cu, 0.01°, Fe, and 


less than 0.001°,, Mg. The emission spectra showed no 


other impurities. (All compositions are expressed as 


weight percentages. ) 


Electrical resistance 
the 


method described by Turnbull and Treaftis.‘® This 


The electrical resistances were measured by 


method permits continuous recording of resistance 


Resistances of the samples were 


precisely to LO 5Q. 


0.02—1.00 Q depending on the temperatures. One can 
start the after 


quenching into an aging bath. 


measuring resistance about 10 sec 
The samples were 
The leads 


consisted of the ends of the sample ribbon split along 


ribbons approximately 0.01 x 0.2 


3 cm. 
their lengths. The sample itself was a 3 cm length of 


unsplit ribbon situated between the split ends. 


Heat treatment 


Homogenization of the resistance samples was 
accomplished by heating them in a nichrome-wound 
box furnace with a slot in the bottom. The sample 
was inserted and withdrawn through the slot. An 
atmosphere of H, was usually maintained during 
homogenization but the same results were obtained 
when N, was used instead of H,. The homogenization 
temperature was 580° + 2°C, and the time was at 
least 1/2 hr. 

The aging baths were silicone oil or fused KNO.— 
KNO, depending on the aging temperature desired. 
Annealing at temperatures below room temperature 
was done in alcohol. Such low temperature anneals 
(at or below room temperature) will be referred to as 


‘“‘pre-aging’’. The aging and pre-aging temperatures 


were held constant to within 


Cold work 


Some of the resistance samples were cold worked at 
room temperature by tensile elongation of various 
amounts (up to 4 per cent) and then by bending them 
at various places along their length. 


Metallography 

Metallographic work was carried out on both the 
alloy material and the control material. The samples 
4 cm. 
polished with a Disa Electropol polisher (solution A-2) 


were approximately 0.05 x | They were 
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© -AIR COOLED TO R.T 
4 ~ QUENCHED DIRECTLY 
TO 200°C 
- AIR COOLED, THEN 
COLD WORKED AT RT 
QUENCHED TORT, 
THEN COLD WORKED 
AT RT 


0 - QUENCHED TO RT 


TIME (MIN ) 


Fic. 1. Fractional decrease in electrical resistance during 


isothermal aging at 200°C after various quenching treatments 


and etched with a mixture of HF, HNO,., and glyce- 
For the 


replicas were used; 


rine. electron metallography  collodion 


these were shadow cast with 


chromium at an angle of 30 


Tensile tests 


Tensile tests were carried out on the alloy and 
control materials in air at room temperature or in an 
at 76°C. An 


The test samples were 0.05 cm 


aleohol-dry ice mixture Instron 


machine was used. 


diameter wires, and ribbons 0.01 em thick by 0.2 em 


wide. The strain rate was 0.02 min—!. 


= 


WATER QUENCHED 


1) 


Electron photomicrographs of samples aged for 
at temperature before aging; 


Fic. 2. 


980°C into water room 


the 
before 


THE 
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RESULTS 


Effect of que ne hing rate 


From the coordination o sistometric studies with 


d 


action studi it W 


LS 


metallographic and X-ray 


‘reases resistance coincide with 


determined that dec 


} 
rit 


the appearance of silicon in its normal, diamond cu 
Fig. 


measurements 


sTome>#ric 
red 


temperature 


results of 


shows resl 


When the 


then quenched into wate! 


some 


structure 


Alloy Is homogen und 


at roon no 


pres Ipitation can hye de tected iturated 


solid solution is then placed int 


at 200°C rapid precipitation occurs 
no precipitation is detected if, in 

the alloy is first air-cooled to room temperati 
if it 


No precipitation occurs during 


ag it 200°C, o1 ienched directly in 
bath 
Aging 


perce ptibl 


Is ql 


temperatures greater than 250° 


but very slow resistance decreas 


of Fig. 7 


shows the 


top curve 

Fig. 2 
one watel quenched and one 
Fig 


magnification 


tructures of two 


micro 
cooled before 


all 


3 shows these structure 


at It 


pictures that the fast precipitation in water-qu 


390°C for 40 min 


lowe I 


cooled 


samples relative to an 


on of pat 


in part, to the profusi 


particies em?” 


samples the water-quencl 


about 10 compal 
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Effects of cold work 


Metallographic evidence of precipi 
bands (see Fig. 4 
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WATER QUENCHED 


Fic. 3. 


other, precipitation systems. Previous investigators? 
have reasoned from such micrographs that slip bands 
are regions of preferred nucleation. 

Fig. 1 shows the effect of cold work on the precipi- 
tation rate. Cold work at room temperature fails to 
change the rate of precipitation (at 200°C) on samples 
that were air-cooled before aging. However, cold work 
causes a marked increase in the precipitation rate on 
samples that were first quenched into water. 

We take these results as evidence that even drastic 
cold work prior to aging does not nucleate the precipi- 
tation. However, when nucleating agents are intro- 
duced by quenching from 580°C into water at room 
temperature, cold work prior to aging at 200°C then 


enhances the growth rate of the particles. 


20 


Fic. 4. Light photomicrographs of a sample that was 
quenched to room temperature, slightly strained by bending, 


and then aged at 370°C for 18 min. 


Light photomicrographs; 
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AIR COOLED 


same Fig. 2. 


Isothermal formation of nucleating agents 

It was found that by quenching very rapidly through 
40°C and +-150°C, 
the fast precipitation could be markedly suppressed. 


the temperature region between 


This treatment consisted of quenching the sample 
from 580°C into a CaCl, aqueous solution at —50°C, 
then immediately putting the sample into liquid 
nitrogen, and then suddently up-quenching into a bath 
at an appropriate elevated aging temperature (200 
400°C). 
50°C and then liquid nitrogen as above, and then 
40°C 


and room temperature, the fast rate was restored. 


Further, it was found that by quenching to 


pre-aging isothermally at temperatures between 


Fig. 5 shows examples of these results. The rapid 
quench into the —50°C brine and then into liquid 
nitrogen slows the precipitation (compared with the 
quench into water near room temperature). Pre-aging 
for 4 min at room temperature brings the rate of 
precipitation up to that observed for a water quench 
near room temperature. We see that the nucleating 
agent forms isothermally at temperatures at which 
point defects can diffuse rapidly in pure aluminum. >®) 

This is also the temperature range in which the 
first precipitation is noticed in those aluminum-base 
(9,10) Whereas 


the electrical resistance of alloys that form G—P zones 


alloys that form Guinier—Preston zones. 


changes by several percent at these low temperatures, 
no such change is detected in the Al(1°, Si) alloy. 
This indicates that little, if any, clustering of silicon 


atoms occurs at these low temperatures.* Fig. 6 


* Total changes in resistance due to the annealing of point 
defects are less than 10-° Q2 for these samples and are thus 
within the experimental error of this work.'® 
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AIR COOLED TO ROOM TEMPERATURE 


QUENCHED TO - 196°C 


lange 

isothermal ring at 200% 
PRE-AGED AT ROOM TEMPERATURE ' 
FOR |5 SECONDS quenche¢ ito brine a 
196 It 


PRE-AGED AT ROOM TEMPERATURE 
FOR 4 MINUTES 


QUENCHED TO 14°C AND HELD 
AT ROOM TEMPERATURE 


TIME (MIN) 


Fic. 5. Fractional change in electrical resistance during 

isothermal aging at 300°C after various quenching and 
pre-aging treatments. 

A Quenched into brine at 50°C and immediat 
ferred into liquid N,. 


trans 


with subsequent pre-aging treatments 


rreated as above 
as indicated. 


shows that the precipitation rate changes on pre-aging 


at 30°C. 


Correlation between yield strength at low te mperature 
and precipitation rates at aging temperatures 

Recent investigations™!:!*) have shown that some 
pure metals are stronger when quenched with certain 
critical cooling rates. Kauffman and Meshii™®) have 
shown that, following a very drastic quench, annealing 


pure gold at temperatures that permit the diffusion 


of point defects (25°-100°C) strengthens the gold. 7) loads (i.e. load at firat noti 


linearity) isile tests In an aicohol 
Yield load of s U.004 
aluminum control material and the alloy sample ction: gage lenctl ae fi mperat 


Fig. 7 shows the load—elongation curves of the pure 
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material, after quenching and air-cooling to room 


temperature. These tests were carried out at room 


temperature.* For both the control and the alloy 
materials, quenching in water at room temperature 


increased the vield stress (the stress at the first 


noticable departure from Hooke’s law) by a factor of 


approximately 1.6. 
Rapidly quenching thin ribbons of the alloy to 
50°C and then into liquid nitrogen suppressed the 

strengthening. Pre-aging isothermally in alcohol 

at 30°C for 1 min brought the yield strength up to 
approximately the value observed for the samples that 
had been quenched into water at room temperature. 

The indicated data are 


The 


Qualitative corre- 


Fig. 8 shows these results. 
each averages of two or three identical samples. 
spreads in the data are shown. 
lation between strength and precipitation rate is thus 
illustrated. 

These increases in both the strength and the precipli- 
tation rate occur without any manifestation of solute 
precipitation. No solute precipitation can be detected 
by the metallographic, X-ray diffraction, or resisto- 


metric means used. 


DISCUSSION 
The concentration of silicon particles, 10®/em?*, that 
nucleate in the normal treatments (i.e. after moderate 
to slow cooling rates) is no greater than the expected 
concentration of lattice discontinuities which might 
facilitate nucleation. The unexpected result is the 
great number of silicon particles, 10'4 cm?, nucleated 
after pre-aging in the temperature range —40° to 
30°C following a rapid quench from the homo- 


We the 


tioning for nucleation by this process “inoculation”. 


genization temperature. shall call condi- 

Following a very rapid quench to the pre-aging 
temperature the solution will be supersaturated with 
point defects, silicon and possibly other impurities. 
After the 


defects and very fast diffusing impurities should be 


slower cooling concentrations of point 


much nearer to their equilibrium values. Therefore, it 
uppears that inoculation must be associated with the 


action of point defects (which can diffuse many atom 


distances during pre-aging‘’:®)) or fast diffusing impuri- 


ties (e.g. interstitial atoms) at high supersaturations. 


* The plastic portions of the load—elongation curves for the 
Al (Si) alloy were serrated on all tests at room temperature, 
while those for the pure aluminum control material 
smooth. This was observed regardless of the quenching rates. 
Tests on the alloy material at 76°C 
plastic portions, but when the same samples were subse- 
quently tested at room temperature, the serrated curves were 
The apparent in the 


were 


showed smooth 


again observed. serrations are not 


figure. 
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We think that the former possibility is more likely and 
shall examine it further. 

During pre-aging the supersaturation of point 
defects will be reduced by annihilation of the defects at 
dislocations and by the nucleation and growth of 
defect clusters. At the the 


defects can lead to considerable clustering of substi- 


same time motion of 
tutional solute atoms if the thermodynamic require- 
ments for the latter process are met. As already noted 
such clustering of solute atoms at the low pre-aging 
occur in the Al(Ag) and Al(Cu) 
Thus inoculation may be the formation of 
defect then facilitate the 
nucleation of silicon at higher temperatures. 

that 


temperatures does 
systems. 
which 


solute or clusters 


The most obvious possibility is inoculation 
corresponds to the formation of clusters of silicon 
atoms. Since no change in resistance was detected 
during pre-aging only a negligible fraction of the 
silicon can be in such clusters. However, this would 
be the case if there were 10'° clusters/em? each con- 
taining on the average, 10° silicon atoms (there being 
107! If all the point 
defects are retained in the specimen upon quenching 
from 580°C the initial coefficient of diffusion'’-®) of 
silicon in Al(Si) at 25°C will be of the order of 10-™ 
Hence, 25°C 
time for the motion 
LOOO atom 


silicon atoms/cm* in total). 


10-'* em-? see 5 min at might be 
required 
clusters. At 25°C the 
in a Al (1% Si) 


This is probably 


ample diffusional 


to form silicon 


supersaturation ratio of silicon 
solution is of the order of 10°. 
sufficient for a sensible rate of homogeneous nucleation 
of silicon (a more definite statement is not possible 
since we have only a very rough estimate of the free 
energy of the Al(Si)-Si crystal interphase boundary. 

The next question is, why would the nucleation and 
growth of silicon clusters stop after a few minutes at 
25° leaving the great bulk of the silicon atomically 


dispersed? One possibility is that the concentration 


(C,, 4.) of point defects has fallen to a value too low to 


permit sufficient diffusional motion for silicon nuc- 
leation. In pure aluminum decreases by a factor of 
about 3 in 5 min at 25°C upon quenching from 550°C. 
This rate of decrease might be larger in the inoculated 
Al(Si) alloy owing to the possibility that defects may 
be annihilated at the interfaces between silicon nuclei 
and the matrix. Also, even a small decrease in the 
concentration of atomically dispersed silicon can 
substantially decrease the nucleation probability. 
Hence the facts, insofar as we know them, seem 
the that 
consists in homogeneous nucleation of silicon near 


consistent with hypothesis inoculation 


room temperature during the period in which the 
supersaturation ratio of point defects is high enough 
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to permit the necessary diffusional motion of silicon. 


However, we do not have sufficient facts yet to 
establish this hypothesis uniquely. 

The other hypothesis we shall consider is that inocu- 
lation consists of the formation of defect clusters and 
that these are preferred sites for the nucleation of 
silicon.* Rapid nucleation of defect clusters between 
dislocations may be possible at the high point defect 
supersaturations obtained after fast quenches from 
high temperatures. We think it most likely that the 
point defects are lattice vacancies. It has not been 
established yet whether lattice vacancies would cluster 
into spherical voids or small dislocation rings (such as 
would be formed by collapse in the crystal of disc- 
shaped voids 1 atom diameter thick). Either type of 
cluster would probably serve as a somewhat preferred 
site (relative to a perfect element of the crystal) for the 
nucleation The 


10!9/em’, expected after a fast quench from high 


of silicon. vacancy concentration; 
temperature is certainly ample for the formation of at 
least 10'* clusters/em.* 

Two difficulties with the hypothesis that inoculation 
corresponds to the formation of spherical voids are (1) 
the effects of inoculation do not disappear in long-time 
aging below 200°C. It seems likely that in such aging 
small spherical voids would disappear owing to loss of 
their vacancies to dislocations or much larger voids. 
(2) It does not seem probable that quench hardness, 
which in pure metals appears to result from the relief 
of point defect supersaturation, can be due to spherical 
voids. 

Large dislocation rings should be more stable than 
spherical voids containing an equivalent number of 
vacancies. The condensation of 10!9 vacancies into 10" 
dislocation-rings/em? would result in about 10° em of 
The 


location content should result in considerable harden- 


dislocation-line/em?. formation of such a dis- 


ing. However, since cold working an uninoculated 


specimen does not appear to facilitate nucleation, it 


* Note added in proof: The possibility that vacancy clusters 
might serve as preferred nucleation sites was pointed out by 
R. O. WituiAMs, Trans. Amer. Soc. Metals. 50, 562 (1958) 
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would be surprising if dislocation rings formed from 


vacancy condensation would do so. Such 


rings may 
differ from dislocation lines formed, in cold working, in 
being 


directions in more 


that 


highly 
these 


crystallographic 
Nevertheless it is 
the 


curved. not obvious 


different qualities of ring would enhance its 
effectiveness in nucleating silicon 

We now consider the question, to what extent do 
the processes of quench hardening and inoculation 
> It seems probable that both processes 
the of defects at 
Howevel 


different 


rres pt mynd 
high 
of 


quench 


result from action point 


supersaturation. this action can have 


course, several results. Sine 


11.1] 
hardening occurs in pure metals''*!~) as well as allovs 
I 


it is likely due, in large part to defect clusters or, as 
Cottrell proposed, to the alteration of dislocation 


structure by defect annihilation. It appears that 


inoculation and quench hardening can correspond 
only if both are due to the structures, such as dis- 
location rings, formed by point defects in their anni 


hilation. 
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LETTERS TO THE EDITOR 


Macrostructure of cast metals* 

It has been frequently observed that the grain size 
of cast pure metals or solid solution alloys becomes 
progressively reduced as the pouring temperature is 
lowered. This effect has been variously attributed to 
different factors, for example, the turbulence, changes 
in the rate of cooling or the degree of undercooling; 
but none of these factors has been previously studied 
as an independent and single variable. The following 
results are therefore of some interest in understanding 
this phenomenon. 

Commercially pure aluminium was poured at a 


point into a mould taking | min for complete solidifi- 


temperature not exceeding above its melting 
cation, the resultant structure containing approx. 800 
1000 grains/em?. With an increasing pouring tem- 
the 


pouring temperature 40°C higher, the number of 


perature structure became coarser and at a 


grains was approx. 10-20/cm* without a noticeable 
the the 


mould was immersed in the molten metal held at LO°C 


change in solidification time. If however 
above its melting point, the fine structure previously 
obtained changed into a coarse structure, with 10-20 
grains/cm?. Clearly then, the pouring process alone is 
responsible in this case for a rather remarkable grain 
effect 
interest to produce this effect artificially. 


refinement as observed, and it was of some 
A number of attempts to grain-refine the coarse 


structure described, either by setting a mould, con- 
taining molten metal at 10°C above its melting point, 
on a vibrating table, or alternatively by rotating the 
mould, failed to give the grain refining action pre- 
viously described. If however the mould is rotated 
and stopped intermittently, the fine structure is fully 
reproduced. In this way it was possible to obtain 
conditions for the metal in the mould resembling those 
obtained in pouring, with a consequent fine grain 
structure. 

It is clear from the results observed that a random 
type of mechanical motion in the melt is more effective 
for grain refinement than a more regular agitation or 
vibration pattern produced by simple vibration or 
rotation. It is very speculative at present to account 
for the results obtained either in terms of nucleation 
or growth theories. The results however appear to be 
of considerable interest for any general considerations 
of the origin of cast structure, owing to the uncom- 
monly large effect produced in an entirely reversible 
and reproducible manner. 

The University of 
Edgbaston, Birmingham 


sirmingham, 


*Received April 17, 1958. 
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On Hart’s theory on the role of dislocation 
in bulk diffusion* 


Hart") that the 


apparent volume diffusion process can be enhanced 


It has been suggested by E. W. 


by numerous small segments of short-circuiting dis- 
locations without any change in the Gaussian nature 
of the experimental penetration profile. The apparent 
volume diffusion coefficient, D,, was expressed as the 


sum of the two terms as 


D, 2/27) f + Dl —f) 


where /? is the mean-square projected distance of 
migration in the vicinity of a dislocation during a 
mean time of stay 7, f is the fraction of all the atoms 
in dislocation and Dis the matrix diffusion coefficient. 
The contribution of the first term of the above sum was 
estimated to be approximately 5 per cent of the bulk 
diffusion at 600°C in silver. 

If the above process is indeed in operation, an 
accurate set of experimental volume diffusion data, 
measured over a wide temperature range, should upon 
the effect in terms of a 


close examination exhibit 


gradual decrease of activation energy without de- 


creasing temperature. For the purpose of such an 
examination, the experimental data to be employed 
must be those known to be reliable over a wide range 
of temperature and obtained on single crystal speci- 
mens. One of the sets of such data which satisfy 
these requirements to a reasonable degree is that due 
to Sonder ef al.) on the diffusion of antimony in 
silver. Their results are re-examined in this note, 
since the essential features of Hart’s reasoning are not 
confined to the cases of self-diffusion. 

In order to detect any tendency towards a change 
in activation energy, the slope of the line connecting 
two adjacent points on the log D vs. 1/7” K plot was 
tabulated. 


In choosing the points on the plot, the 


following conditions are imposed on individual diffu- 
the obvious requirements of 
(1) Only 
those coefficients measured on single crystal specimens 
are adopted. (2) Only the values of D larger than 


sion coefficients to meet 


the present objective of re-examination: 


TABLE |] 


Temperature range (1/T H’ 
(keal/mole) 


908.2—-838.6 
838.6—-754.9 
754.9-648.5 
648.5—564.9 
564.9—500.5 
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5.3 $0.24 
7.4 39.24 
11.2 37.96 
10.8 37.97 
10.0 37.83 


LETTERS 


10- em?/see are admissible. (3) Use is made only of 


the pairs of points with temperature intervals suffi- 
ciently large to give A(1/7') > 4 = 10 
A(1/T7') is the difference in the inverse of the absolute 
temperature for two adjacent points. 


5 deo—!, where 


The results of the analysis are shown in Table 1. It 
is seen that the activation energy H’, pertaining to a 
temperature range, decreases monotonically as the 
The 


activation energy is 2.4 kcal/mole over 400°C, which 


temperature is lowered. overall 


Similar criteria have 
(3) 


is approximately 6 cal/mole/°C. 
been applied to the data on self-diffusion in silver 
even though the data are not exactly suitable for the 
present purpose. A similar but less pronounced shift 
in activation energy is detected. The total variation 
of activation energy over 300°C is approximately 
0.5 the latter 
justifiable to 


case, therefore, it is 


the 


keal/mole. In 
hardly regard trend as being 
significant.t 

It is difficult to ascertain the origin of the observed 
variation in slope. One of the plausible explanations 
is that by Hart, whose theory was briefly outlined in 
the introduction. The contribution from the short- 
circuiting segments amounts to as much as 9 per cent 
at 650°C for the results on the diffusion of antimony 
in silver. The corresponding contribution for self- 
diffusion in silver at 630°C is approximately 4 per 


cent. Using the value 10~‘ for f, the diffusion rate of 


antimony along the dislocation pipe in silver is about 
10° times faster than in the matrix, at 650°C, whereas 
for the case of self-diffusion in silver, this factor is 
4 10° at 640°C. the 
latter estimate is consistent with the results obtained 


The order of magnitude of 


by Turnbull and Hoffman.“ The significant numeri- 
cal difference between the two factors obtained above 
can be understood if we note that the grain-boundary 
diffusion rate of antimony in silver seems to be 
significantly faster than that of silver in silver grain- 


boundaries.‘®) There is also a possibility of a tem- 


perature dependent term in the rate factor, D,, of 


the Yet if the observed 


effect is to come solely from this source, then the 


volume diffusion process. 
temperature dependence of the activation energy 
seems to be anomalously large for the diffusion of 
antimony in silver.t The fact that the temperature 
dependence of H’ in silver self-diffusion is substantially 


If the analy sis is to be taken seriously, we can observé 
that there is one jog in the almost monotonic plot of acti 
vation energy as a function of temperature. At this jog 
there is a slight upward jump in the plot which is also pre 
dicted by Hart. 

+ It should be noted that the determination of the possible 
temperature dependence I dD, by the original authors included 
all values of D which were not subjected to the criteria of the 


present analy S1s. 


variation of 
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We can only 


speculate that a large part of the observed effect might 


smaller tends to support this view. 


arise either from (1) the short-circuiting phenomenon 
as predicted by Hart or less probably from (2) the 


systematic errors which are not removed by the 


present criteria. Experimental data obtained on speci- 


mens with very little sub-structure, and with the 


highest accuracy currently possible, can yield further 
information concerning the role of dislocations in bulk 
diffusion. In the meantime, it seems only proper to 


regard the experimentally determined activation 


non- 
tech- 


energy (excluding, of course, results obtained by 


standard methods such as water quenching 


niques'®)) as an average value over a wide temperature 
range 


The 


investig itors 


differences between the results of various 


e.g. the list of values in reference (3) 


for self-diffusion in silver) could be due to the diffe- 
rence in emphasis placed on the various temperature 
ranges by the choice of temperatures for the diffusion 
runs. For the purpose of the theoretical comparison 


of activation energies for various diffusion 


Processes 
the least disputable procedure would be to confine 


our attention to the results of runs at te mpel itures 


reasonabiy close to the melting point 
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Fic. 1. Development of facets and pits on a face inclined 2° to 

the (111) face of a copper single crystal. H, O, reaction at 

400°C for 12 hr with 4% O,. Flow rate 80 em3/min. 
Magnification 6600. 


crystal of copper which served as a catalyst for the 
reaction of hydrogen and oxygen to form water. The 
experiments were carried out by exposing carefully 
prepared single crystal surfaces to a mixture of 
The oxygen con- 
12% but 


constant for a given experiment. The details of the 


hydrogen and oxygen at 400°C. 


centration was varied from 2°, to was 


experimental procedure have been described else- 


where.“-®) 


Carbon replicas of the surfaces after 
reaction were prepared, shadowed with palladium and 


the RCA EMU-3B 


The surfaces were also examined by electron 


examined with electron micro- 
scope. 
diffraction before replication. It has been emphasized 
previously that during this reaction the metal surface 
atoms migrate to produce oriented facets and other 
the 


®) Three new types of growth formations 


structures which are dependent on reaction 
conditions.“ 
produced on the single crystal surface during the 
catalytic reaction are reported in this communication. 

Fig. 1 shows the appearance of the metal surface 
after 
angle of 2° to the (111) plane. The surface rearranged 


reaction on a face which was inclined at an 


from a smooth uniform one to a surface having (111) 
facets with pits near the centers of the larger facets. 


The average density of these pits was of the order of 


107 em-?. 


on surfaces whose orientation was close to a (111). 


This type of formation was observed only 
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Fig. 2 shows a type of growth which occurred at 
random sites on all single crystal faces. These forma- 
tions seemed to be agglomerations of small particles 
and generally appeared to be growing from the centers 
hillocks. 


of small The diameters of these growths 


generally varied from 500 to 5000 A, although in some 


cases agglomerations as large as 5 yu in diameter were 
observed. The height of the larger growth formation 
in Fig. 2 was 7000 A and some were observed as much 
as 40 uw high. 


A third type of structure is shown in Fig. 3. 


This isa 
thin lace-like sheet which appeared to grow only from 
facet edges, generally at the intersection of two (111) 
faces. These growths projected above the metal 
surface, although in some cases they seemed to have 
fallen onto a facet surface, and occasionally to have 
broken off during handling of the specimen. In most 
cases the lace-like sheets contained regular openings 
showing three fold symmetry, with the edges of the 
openings and outer boundaries of the formations 
parallel to [110] directions of the metal crystal. In 
some cases these growths were observed with regular 
outer edges but without the openings. Measurements 
on the replicas indicated that these formations were 
500-1000 A thick. 
tions are growing as thin single crystal sheets with the 


It is apparent that these forma- 


Growth formations from the center of hillocks formed 
O, reaction 
80 cm*/min. 


Fic. 2. 

on the (111) face of a copper single crystal. H, + 

at 400°C for 12 hr with 8% O,. Flow rate 
Magnification 20,000. 
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TO 


Lace-like sheets formed at edges of (111) facets on the 
H, O, reaction at 


Fic. 3. 

(311) face of a copper single ery stal. 

400°C for 12 hr with 12°, O,. Flow rate 
Magnification 13,600. 


80 em*/min. 


flat surface parallel to the (111) plane. These struc- 
tures were observed on the rearranged (100), (110), 
(210), (211), (311), (821), and (443 
sections of (111) facets. 
the (111) face unless there were large facet edges 


faces at inter- 


They were not observed on 


present. 
In these experiments it was impossible to determine 
whether the growth formations shown in Figs. 2 and 3 


during the actual reaction consisted of copper or 


copper oxide. The reason for this is that the reaction 


was stopped by cutting off the oxygen supply and 


cooling the specimen in the reducing atmosphere of 
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hydrogen. This would reduce any oxide that may 
have been present during the reaction. If the reaction 
was stopped by sudden evacuation or by cooling in 
the of the 
surface took place. Electron diffraction patterns of 
Fig. 3 indicated that 


were 


oxygen-hydrogen mixture, oxidation 


surfaces such as that shown in 
single with 


of the 


twinned crystals 
twinning on all (111) facets 
as that Fig. 2 


indicating the presence of some polycrystalline copper. 


copper present 


Surfaces such 


shown in gave diffraction patterns 


It seems probable that the pits shown in Fig. 1, as 
well as the growth formations in Fig. 2, are associated 
with dislocations or imperfections in the metal speci- 
men. The growths of the type shown in Fig. 3 are 
associated directly with the edges of facets and do not 
relation to dislocations in the 


seem to show a direct 


metal. The results of these experiments will be 
reported in more detail later. 
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Behavior of Metals at Elevated Temperatures. 
Published Institute of Metallurgists. Iliffe, 
London: Philosophical Library, New York, 1957. 


for the 


Vu 122 pp.. 21s, $6.00. 


This book contains the full text and illustrations of 


the tenth Re- 
Course held at Llandudno (U.K.) in October, 


. series of four lectures delivered at 
freshe 
The four lectures are the following: 

1. The Engineering Properties of Metals at High 
illustrations) by Dr. N. P. Allen, 


Metallurgy National 


Temperatures 14 

Superintendent, Division, 

Physical Laboratory 

2. The Effect of Temperatures up to 450°C on 
Meikle, Metallurgy 


Metals 17 
Department, Aircraft 


illustrations) by G. 


Ministry of Supply, Royal 
Establishment, Farnborough. 

3. Non-Ferrous 

illustrations) by Dr. L. B. Pfeil, 


Nickel Company, Ltd. 


High-Temperature Materials (13 


Director, Mond 


REVIEW 


4. High Temperature Steels (20 illustrations), W. 
E. Bardgett, Manager, The United Stee! 


Companies, Ltd. 


tesearch 


Because this book is composed of four discrete 
lectures, there is the natural weakness of too extensive 
introduction of topics and a certain lack of compre- 
hensiveness. The coverage of topics is more suited 
for the experienced engineer than the beginner; in 
fact, a number of sections should have been left out 
completely since they were treated very superficially. 
On the other hand, the presentation and interpreta- 
tion of mechanical test data is done well, particularly 
for design purposes. This coverage includes short and 
long-time creep data, fatigue, thermal stresses and the 
relatively new coverage on. kinetic heating. A 
particular problem is that experiences are drawn 
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ON THE FORMATION OF DISLOCATION SUBSTRUCTURE 
DURING GROWTH OF A CRYSTAL FROM ITS MELT* 


J. WASHBURN? and J, NADEAU? 


Dislocation networks in as-grown lithium fluoride crystals were studied by etch pit and decoration 
techniques in an attempt to obtain experimental evidence concerning the origin of grown-in dislocations 


Several mechanisms for formation of new dislocation loops at or near a growing crystal face were 


considered. The kinds of distribution observed, and the insensitivity of the grown-in networks to the 
growth rate and temperature gradient in the solid, were considered to be consistent with the hy pothesis 


that stresses are responsible for most of the grown-in dislocations 


D'UNE SOUS-STRUCTURE DE DISLO( 
D’UN CRISTAL A PARTIR DI 


ATIONS 
LIQUIDE 


SUR LA FORMATION 
LORS DE LA CROISSANCE 


Les auteurs ont étudié, par la technique des piqtres de corrosion et de la décoration, les r 


seaux cle 
dislocations de cristaux de fluorure de lithium aprés croissance, pour tenter d’obtenir une confirmation 
expérimentale de l’origine des dislocations présentes. Ils ont considéré de nombreux mécanismes de 
formation de nouveaux anneaux de dislocations sur ou prés de la face du cristal en cours de croissance 

Les modes observés de la distribution des dislocations, ainsi que linsensibilité des réseaux obtenus 
vis-a-vis de la vitesse de croissance et du gradient thermique dans le solide, semblent étre en accord avec 
hypothése suivant laquelle les tensions sont responsables de la plupart des dislocations apparaissant au 
cours de la croissance, 

BEIM 


VERSETZUNGS-SUBSTRUKTUR KRISTALLWACHSTUM 


AUS DER SCHMELZE 


ZUR BILDUNG DER 

Um experimentelle Informationen iiber den Ursprung der beim Wachstumsprozess eingebauten 
Versetzungen zu erhalten, wurde das Versetzungsnetzwerk in frisch erschmolzenen Lithium—Fluoride 
Kristallen durch Anatzen und Dekorieren der Versetzungen untersucht. Verschiedene Mechanismen fii 
die Bildung neuer Versetzungsringe an oder in der Nahe von wachsenden Kristallflachen werden erdértert 
Die beobachteten Versetzungsverteilungen und die Unempfindlichkeit des Netzwerks gegen Wachtums 
geschwindigkeit und Temperaturgradienten im erstarrten Kristall sind mit der Hypothese im Einklang, 
dass mechanische Spannungen fiir die meisten der beim Wachstum entstandenen Versetzungen verant 


wortlich sind. 


INTRODUCTION there is still rather little experimental information 


Control of substructures of dislocation lines in concerning the origin of the dislocation populations 


as-grown crystals is important in the technology of in as-grown crystals. 


semiconductor devices. Fortunately, nearly perfect During growth of a crystal each dislocation lin 


silicon and germanium crystals can be crystallized that intersects a surface of growth must be extended 


from their melts. By contrast, metal and alkali into the newly crystallized material. However, if 


halide crystals grown under similar conditions are new dislocations are not constantly formed, then 


there 


of dislocations as the size of a cry stal inere 


decrease in the density 
es. All 
the dislocations originally present would eventually 
pair having opposite Burgers vectors happened to 


generally much less perfect. A great reduction of will be a continuous 


grown-in dislocation density in these materials, or 
the ability to put in a desired kind of dislocation 
network, could lead to an important advance in our end at non-growing surfaces or at a where a 
Much of 


the current uncertainty concerning theories of the 


understanding of mechanical properties. 


meet. Growth conditions under which such a con- 


observed 


yield, substructure hardening and solution hardening 
might be cleared up if it were possible to make single 
crystal specimens of higher perfection or containing 
However, 


a particular kind of dislocation network. 


* Received January 2, 1958. This work has been supported 
by the USAEC. 

+ Associate Professor of Metallurgy, University of California, 
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tinuous decrease of dislocation density is 
can be achieved for silicon crystals. More generally, 
however, and particularly for metals, no such close 
relationship between the dislocation substructure in 
the seed crystal and that in the newly crystallized 
material seems to exist. The dislocation density may 
increase or decrease in a relatively short distance 
as new layers of cry stal are formed In order to get 


an increase it is necessary to form new dislocation 
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intersections with the growth surface during crystalli- 
zation, or to form closed loops of dislocation line 
behind the interface. There are five distinguishable 
processes by which new dislocation intersections with 
The first two are 
The 
require the presence of an already existing dislocation 
line. (1) A 


nucleated directly on one of the slip planes inter- 


a growing surface could be formed. 


possible even in a perfect crystal. next three 


new dislocation half loop could be 


local shear 


G is the 


secting a growing surface, provided a 
stress of the order of G/100 is developed. 
appropriate shear modulus. (2) An edge dislocation 
loop could theoretically be formed behind the inter- 
face, by condensation of lattice vacancies as a sheet. 
If such a sheet can grow up to a critical diameter, 
the 
This possibility was first pointed 


it will collapse in center to form an edge 


dislocation ring. 


out by Seitz™ and Frank.” A ring forming just 
behind the liquid—solid interface could then grow by 
further vacancy condensation until it intersects the 
This 


Stress and vacancy supersaturation 


crowth surface. process has been considered 


by Chalmers.) 


are the respective driving forces for these two 


mechanisms. Smaller super-saturations and lower 
stresses can produce new dislocation intersections 
least one dislocation is already present. 


line that 


when at 
(3) A 


lies in a plane of easy glide motion could be moved 


segment of an existing dislocation 


by a relatively low stress, so that a loop touches the 


srowing surface. Two new intersections would 


result. Under favorable conditions some dislocation 
segments might be able to act as surface Frank—Read 
sources generating a large number of new half loops. 


4) Motion of a part of an existing dislocation line, 


by climb until a loop intersects the surface, would 


produce two new intersections in an analogous way 
to stress-induced glide motion. (5) A fifth geometri- 
cally possible mechanism is the splitting of a single 
3urgers vectors 


lislocation into two: the sum of the 


of the two new dislocations being equal to that of 


the original dislocation. 
It is the purpose of the present research to obtain 


experimental evidence concerning these possible 


mechanisms for increase of dislocation density 


during growth of a crysta! from its melt. 
EXPERIMENTAL PROCEDURE AND RESULTS 
Lithium fluoride was used for the experiments 
because the etch pit method of revealing dislocation 
lines is probably more reliable for this material than 
for any other.” It also proved to be possible to 


dislocation lines in lithium fluoride by 


magnesium additions to the melt, 


decorate 


small calcium or 
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so that the substructures could be seen in three 


dimensions under ultramicroscopic illumination. The 
material was obtained* in the form of single crystals 
Crystals } in. 


3-in. diameter 


and 


of random size. 
were drawn from the melt at different rates and with 
different the 
surface. All of the crystals were grown in a [100] 


temperature gradients near growing 


direction. Preliminary results concerning the effect 
of crystallization rate and temperature gradient are 
this The 
etch pit and decoration techniques. 


reported in paper. substructures were 
observed by 

Formation of new dislocation intersections with 
the growth surface, or of dislocation loops behind the 
interface, is associated with either stress or vacancy 
super-saturation or both. Therefore, it is necessary 
to be able to correlate changes in growth conditions 
with changes in stress distribution and vacant lattice 
site the 


Quantitative calculation of each of these parameters 


supersaturation near growing interface. 
for a specific experimental technique is theoretically 
possible, but establishment of boundary conditions 
would be almost prohibitively difficult for most real 
cases. However, on the basis of qualitative con- 
siderations, it was possible to choose growth con- 
that 


vacancy supersaturation or both. There are several 


ditions should minimize either stresses or 
sources of stress that may be important at a growing 
crystal face: (1) Local stresses due to certain kinds 
of dislocation array in the growing crystal itself; 
the propagation of a small angle boundary into 
newly crystallized layers of crystal is at least partly 
due to stress of this origin: (2) stresses due to local 
segregation of impurities that produce a change in 
lattice (3) thermal 
linear temperature gradients. 

Assuming that the vacant lattice site concentration 


stresses due to non- 


constant: 


at the liquid—solid interface is always the thermo- 


dynamic equilibrium concentration, then in the 
crystal behind the interface there will always be 
that 


increasing distance from the interface. 


a degree of supersaturation increases with 


The magni- 
tude of the supersaturation, at a given distance 


behind the growing surface, will be increased by 


a decrease in the density of available sinks for 


condensation of vacancies, and by an increase of 


growth rate and temperature gradient. Thermal 


stresses in a given material depend only upon the 
temperature distribution and size of the crystal. 
If the macroscopic temperature gradient is large, 
serious thermal stresses are avoided only if the heat 


Another source of 


flow is strictly unidirectional. 


* From the Harshaw Chemical Company. 


IOC 
4 


WASHBURN ann NADEAU: THE FORMATION OF DISLOCATION 


stress is frequently encountered whenever crystals 
are grown in contact with the walls of a container. 
Differential contraction between the cry stal and the 
mold results in stresses if there is any adherence 
of crystal to container. 
Both thermal stresses and vacancy supersaturation 
near the interface are minimized when crystals are 
grown at the slowest possible rate with the smallest 
obtainable temperature gradient. The device illus- 
trated by Fig. 1 was used to grow crystals at a slow 
rate in a low gradient. The growth rate used was 
mm/hr and the maximum temperature gradient 
in the specimen was 3.0°C/mm. Fig. 2 shows the 
type of dislocation substructure obtained. The 
growth direction was from bottom to top. Part of 
the seed crystal can be seen at the lower end. The 
crystal was cleaved lengthwise into two parts and 
etched in HF moderated with FeC! The cleavage macro-picture of the substruct 
was started at the upper right corner. 
can be seen micrographs taken at 


Some dis- $4. Figs. 2b and 2c are low 
locations introduced during cleavage positions 


along the left edge of the specimen. Fig. 2a is a right hand edge. The fields in 


Fic. 2. Substructure of crystal grown in a gradient of ¢ 
Direction of growth: bottom to top a ¢ 
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CRYSTAL 


SOLID LIQUID 
INTERFACE 


Schematic view of the growth conditions for crystal 
shown in Fig. 2. 


Fic. 3. 


from the surface inward nearly to the center of the 
crystal. From a number of these photomicrographs, 
the average dislocation density was estimated as 
about 5 Although the 
dislocation boundaries look rather sharply defined 


104 lines/em2?. most of 
at 4, many of them are seen to be quite diffuse 
at 50. 
separate pits even at this low magnification which 


Most of the boundaries are resolvable into 


means that the boundary angles were all less than 


approximately 0.0003 rad. The sub-grains are, in 
general, somewhat elongated in the growth direction. 
However the boundaries do not seem accurately to 
the direction. It 


magnifications of 50 and higher that the boundaries 


follow crowth can be seen at 


follow very irregular paths and are fragmentary. 
Fairly sharp boundary fragments seem to form and 
break up again during the process of growth. There 
was a higher than average density of dislocations 
near the surface which formed into a fairly regular 
the 


also 


boundaries terminating at 


This 


showed that there was some tendency for a boundary 


system of short 


external surface. array of boundaries 


to propagate in the growth direction. 
the 
was thought to be 


increased dislocation density near the surface 
higher thermal stress near the 
external surfaces. The liquid-solid interface was 
most strongly curved in this region as shown schemati- 
cally in Fig. 3. 

the 


surface is an important source of new dislocations, 


If vacancy supersaturation near growing 
then increasing the temperature gradient and the 


growth rate should result in an increase in dis- 
location density, even if thermal stresses near the 
growth interface are avoided. High thermal stresses 
can theoretically be avoided, even though a high 
temperature gradient exists, if the direction of heat 
flow is strictly unidirectional. The technique illus- 
trated in Fig. 4 was used to grow crystals at rates 


up to about 10mm/hr in a temperature gradient 


The cause of 
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of 17°C/mm. The crystal was surrounded by a 4 in. 
long graphite cylinder which was integral with the 
the hot cooled at the 
Approximately axial heat flow was 


crucible at end and water 
bottom 


obtained in the crystal near the interface. Fig. 5 is 


end. 


a typical example of the dislocation substructures 
No 


between crystals grown under these conditions as 


obtained. marked differences were observed 
compared to crystals grown more slowly in a lower 
temperature gradient. The same irregular fragmen- 
tary system of boundaries was produced, and the 
best crystals obtained with this technique had dis- 
location densities as low as that in the crystal shown 
in Fig. 2. 

During growth of the crystals illustrated in Figs. 2 
The dis- 


location structures shown in Figs. 6 and 7 are typical 


and 5, thermal stresses were minimized. 
of conditions where stresses were higher. Fig. 6 shows 
the effectiveness of a locally applied stress in pro- 
ducing new dislocations during growth. Occasionally 
a growing crystal came into contact with the side 
of the graphite sleeve at the position of the liquid— 
solid Solidification of liquid lithium 
fluoride in contact with graphite usually results in 
the 
drawn down, a localized stress was set up. With the 


interface. 


some adherence. Therefore as crystal was 


solid in contact with the graphite on one side, it is 
likely that 
present. Fig. 7 is part of a crystal which was melted 


also increased thermal stresses were 


— RESISTANCE 
HEATING 
ELEMENT 


— CRYSTAL 


— WATER COOLED 
PLATFORM 


WATER COOLED 


GLASS SHELL 


Fic. 4. Apparatus used for growing crystals in a high thermal 
gradient. 
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5. Substructure of crystal grown in a gradient of 17 
Growth direction upward. (a) 5.3: (b) and (ec 


Fic. 6. A system of small angle boundaries resulting from Fic. 7. Substructure produced by high thermal stresses. 
local contact with the graphite sleeve of the apparatus. 150 
60. 
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annealing for five 


ng, (b) After annealing. 


it one end by holding it in contact with a hot graphite 


surface. The liquid drop was then solidified by 


lowering the temperature of the graphite surface. 


Thermal stresses due to non-axial heat flow and 


rapid growth rate were apparently responsible for 


the extremely non-uniform distribution of dis- 


locations. The production of such a non-uniform 


Substructure along a crystal to which 0.5° 


is marked by 


arrows. Direction 


, CaF, was added during growth. 
of growth: left to 
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dislocation distribution by the vacancy condensation 


mechanisms seems highly 


unlikely. This mechanism 
would tend to produce uniform dislocation distri- 
butions, since new loops or multiplication by climb 
would be most likely in regions of erystal where the 
density of sinks (other dislocations) was the lowest. 


[Interpretation of dislocation substructures observed 


after cooling the crystal to room temperature suffers 
from the uncert unt) é to how much the structure 
climb is of dis- 


has changed. by glide and 


is 


locations. during the tin 


cooled from the melting point crown 


1 
at siow rates mm a temperature § qient, there 


cement of dislocations 
Th 


Amelineckx.™) in 


» to ‘ considerable rearvra 


into low energy configurations. sodium chloride 


crystals studied by which very 


twist and tilt boundaries were found. are 


a cood example ot the substructure to he expected 
melting 
For the 


temperature 


In a crystal that has been held near its 


temperature for a long period of time. 
lithium fluoride crystals grown in a 
oradient of 17°C 


there 


mm even at the slow rate of 1 mm/hr 


seemed to be insufficient time to reach a 
metastable configuration of dislocations during cool- 
ing. The 
be insensitive to the rate of growth over the range 
1-10 mm/hr. 


within a 


kind of substructure obtained seemed to 
On reheating the as-grown crystals to 
of the 
and holding for several hours noticeable rearrange- 
the 


few degrees melting temperature 


ments of substructure were observed. Fig. 8 


shows a small region of a crystal as-grown, and again 


after holding at 830°C for Shr. The density of 


randomly arranged dislocations is decreased and 


some of the dislocation boundaries have moved or 


disappeared. 


In order to get a three-dimensional picture of the 


Point 
33.6. 


of addition of impurity 


right. 
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Fic. 10. Typical regions in different crystals having decorated dislocation lines. 
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dislocation substructures, a decoration technique 
was developed; 0.5°, CaF, or MgF, was added to 
the LiF 


at 10 mm/hr were found to contain a fine precipitate 


melt. Crystals of this composition grown 
along the dislocation lines which made them visible 
under ultramicroscopic illumination. The first ques- 
tion that arose in the use of this decoration procedure 
was whether or not the presence of the impurity had 
a noticeable effect on dislocation density or distri- 
This question was investigated by suddenly 
the 
substantially 


bution. 


adding the impurity to melt during growth, 


other 
Fig. 9 shows the dislocation structure along the length 


keeping conditions constant. 


of such a crystal. The impurity was added at the 
position marked by arrows. No noticeable difference 
Fig. 10 shows typical 
Regular tilt 


well- 


in substructure was observed. 
different 


boundaries such as those found in 


regions of several crystals. 
and twist 
annealed crystals were found only as very small 
the crystals. No 


three-dimensional boundaries 


fragments in as-grown regular 


system of seemed to 
exist. No obvious relationship was apparent between 
orientation of boundaries or shape of subgrains and 
lines 


Individual dislocation were 


Most of the individual 


growth direction. 
similarly randomly oriented. 
lines in the center of the subgrains were highly 
curved, and frequently had a spiral configuration 
like those observed in KCl and NaCl crystals by 
Amelinckx.‘® 
DISCUSSION 

The density of dislocations in a crystal can be 


increased either by stress-induced motion of dis- 


locations or by climb due to precipitation of lattice 


vacancies. Seitz”) has shown for example that, in 


copper, condensation of the lattice vacancies present 


in equilibrium at the melting temperature could 


roduce a density of dislocations as high as 106 em-?. 
| 


Since growth from the melt must always take place 
close to the equilibrium melting temperature, the 
that 


maximum 


volume must 


The 


equilibrium vacancy concentration depends only on 


number of vacancies per unit 


precipitate during cooling is fixed. 


the energy of formation of a vacancy and the melting 
the the 


substructure formed 


material. However, kind 
that 
by a vacancy precipitation mechanism should be 
For 


a high temperature gradient and rapid growth rate 


temperature of 
of dislocation might be 


dependent on growth conditions. example, 
tends to localize the precipitation in a narrow zone 
the 
the 


rate could be reduced nearly to zero, then precipi- 


just behind advancing liquid-solid interface. 


Conversely, if thermal gradient and growth 


tation would occur throughout the volume of the 
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crystal during cooling after solidification was complete. 
In the latter case a climb multiplication process 
could not produce new dislocation intersections with 
the growing surface. Any part of the dislocation 
population due to vacancy precipitation would have 
to form during cooling of the crystal, and would 
The 


number and size of the loops should depend on the 


consist of closed loops of dislocation line. 
rate of cooling. The slowest growth-rate temperature- 
gradient combination used in these experiments was 
apparently not low enough to begin to observe 
these effects. The density of dislocations was always 
sufficiently high before cooling so that all of the 
vacancies precipitated on existing dislocation lines. 
If this was the case, the dislocations observed after 


The 


question remains as to whether these were formed 


cooling were formed directly during growth. 
primarily by stress or by vacancy precipitation. 
If they had been produced mostly by the climb 
mechanism, then changing the growth rate by a 
factor of 10 and the temperature gradient by a 
factor of 6 should have been sufficient to change 
the the 
structures in crystals grown by the two techniques 


kind of dislocation network. Since sub- 
were substantially the same, it was concluded that 
the the This 
conclusion was further supported by the experiments 
the 


increased 


stress was origin of substructure. 


in which thermal stresses at interface were 


deliberately increased. An density of 


dislocations always resulted. The extremely non- 


uniform distribution of dislocations sometimes 
observed was also more consistent with a stress multi- 


The 


mechanism would be expected to produce uniform 


plication mechanism. vacancy precipitation 
distributions, because new dislocations would always 
be generated preferentially in regions where the 
density of available sinks was the lowest. 

the 


srowth 


of dis- 
the 
the 


tactor. 


If stress is most important 
the 


dislocation in 


source 


locations during from melt, then 


critical stress for motion of a 


particular crystal should be an important 
The high perfection that can be obtained in silicon 
crystals drawn from the melt may be associated 


with the high Peierls stress for this material. 
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THE ROLE OF DISLOCATIONS IN CARBIDE PRECIPITATION IN a-IRON? 


R. H. DOREMUS? 


ILE DES DISLOCATIONS LORS DE LA PRECIPITATION 
DE CARBURES DANS LE FER «x 


i suivi la précipitation du carbone dans des fils 
ite. la vitesse ce precipitation s accroit 
uellement, bien quon nait pas observe 

une théorie de croissance de particules 
d’estimer 


orme n 


lune croissance par diffusion du carbone Des 


egation des atomes de carbone autour des 


» carbone de la solution solide. 


DIE ROLLE ; VERSETZUNGEN BEI DER KARBIDAUSSCHEIDUNG IM «-EISEN 


\usscheidung vo .ohlenstoff aus verschieden stark gedehnten x-Eisendrahten wurde an Hand 
von Dampfungsmesst ! erfolgt. Mit zunehmender Verformung erfolgte die Ausscheidung rasche1 
ind die For: er Ze nwandlungskurven anderte sich allmahlich, obwohl kein abrupten Anderungen 
n diesen Kurven gefunden wurden. Die Ergebnisse stimmten mit einer Theorie des durch Diffusion 

mten Wachstums von unsymmetrischen Teilchen iiberein: daraus wurde die Dichte der Teilchen 

Es ergab sich die Folgerung. dass bei 120°C die Ausscheidung des Kohlenstoffs aus unver- 
x-Eisen so erfolgt, dass sich Karbidkeime an Versetzungen bilden und diese 


Diffusion von Kohlenstoff weiterwachsen. Die Ausscheidung von Kohlenstoffato 


ittrell-Bilby—Prozess ist deshalb nicht der Mechanismus, der den 


INTRODUCTION 


analysis’® of these results showed that dislocations 
Dislocations should be preferred sites for nucleation 


could be sites for nucleation of the carbide particles 
of a second phase in solid solutions.“ An analysis for precipitation temperatures above about 100°C. To 
based on a simple model has shown that the energy for examine further the effectiveness of dislocations as 
nucleation on a dislocation is indeed less than that for nucleation centers in this system, carburized iron 
homogeneous nucleation. In addition to numerous — wires were strained different amounts to give different 
examples of preferential precipitation on small angle dislocation densities, and the kinetics of carbide pre- 
grain boundaries and slip lines, it has been demon- cipitation in them were followed by means of internal 
strated that dissolved copper segregates to dislocations 


friction measurements. In this report the results of 
(4,5) 


this study and those of Pitsch and Liicke' will be 
compared to a theory for the diffusion-controlled 
growth of asymmetric particles."®) 


in silicon and germanium. Thus one can predict 
that precipitation on dislocations is probable when 
other nucleation catalysts are absent. 

The precipitation of carbon in z-iron has been studied 
by means of internal friction measurements.'®” An EXPERIMENTAL 


‘“Ferrovac E’’ vacuum melted iront was used in 


] * Received December 5, 1957; revised version March 17, this study. The oxygen content was about 0.004%. 
958. 
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DOREMUS: DISLOCATIONS IN CARBIDE 


A 


Wires 0.03 in. in diameter and about 1 ft long were fraction of tot Dr 


suspended in a torsional pendulum of the type de- sumed that the heigl 


scribed by Ké®, The internal friction was measured — directly proportional 
in the conventional way from the damping of the — solution; then 


pendulum, which had a frequency of about 0.65 ’ 
() 


vibrations/sec. The carbon peak occurred at about , 
35 C, so all the damping measurements were made at where the subscripts 0, ¢ and f refer to the 
this temperature. the start, at time ¢, and at the end 

All wires were cleaned of residual nitrogen and respectively. A value of 1.1(10 was used 
carbon by wet-hydrogen treatment at 700°C. Sub- all the runs reported her 


sequently two different heat treatments were used. 
In the first the wires were heated to about 980°C RESULTS AND DISCUSSION 
and furnace-cooled to 700°C to give grains with dia- Measurements of carbide precipitation in 
meters larger than that of the wires: in other words, strained different amounts are plotted in Figs. | 
a “bamboo” structure. Then the wires were car- The experiments were conducted by water-quenching 
burized at 700°C with hydrogen which had passed over the carburized wires from 700°C, aging them at 120" 


toluene at 0°C. After water-quenching to room tem- and determining the carbon in solution from th 
perature from 700°C, the height of the internal friction *'@! Triction, a described in the experimen 

peak Q-1 was similar to that found in another study “0”: The points are experimental, and the 


of wires with this structure,” namely about 26(10)-%. drawn from the growth equations which wi 
For these wires the weight per cent of carbon was sed below. As the amount of strain incre 
approximately equal to Q-'. The second heat treat- of precipitation became faster and the sh 
ment involved carburization at 700°C without re- time-transformation curves gradually cl 
crystallization from the austenite range and gave 
smaller grains. When these wires were quenched from 
700°C, G+ was smaller: a reduction in Q-! with 
decrease in grain size for the same quenching tempera- 
ture was also found by Lagerberg and Josefsson.“® 

The wires were deformed different amounts in an 
“Instron” tester at 1 per cent strain per 5 min. For 
strains up to 2 per cent the wires with larger grains 
were used, but above this strain the deformation in 
these wires was non-uniform, so the wires with smaller 
grains were used for higher strains. 

For each run the specimen was quenched from 700°C 
and the height of the damping peak measured; then 
the wire was strained and afterwards aged in a silicone — 
oil bath maintained at 120°C + 1°. To calculate the 
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Kunz has reported a large increase in internal 
friction after straining a carburized iron wire which 
had been aged at room temperature.” Attempts to 
reproduce this effect were unsuccessful. A carburized 
iron wire was aged at 36°C until precipitation was 
nearly complete and was then strained 1 per cent. 
This deformation increased the internal friction about 
1.7(10)~4 or 0.6 per cent of the damping before the 
aging treatment. After precipitation was complete 
in the sample strained 3 per cent and aged at 120°, 
shown in Fig. 1, the wire was strained a further 3 per 
cent: the internal friction increased about 7(10)~* or 
2.5 per cent of the initial value. Thus, at least in these 
examples, deforming an aged specimen did not dissolve 
a large amount of the precipitated carbon. 

The results will be discussed in terms of a growth 


theory’®) which has successfully described the pre- 
this 


theory it is assumed that all the precipitate particles 


cipitation of carbon in undeformed iron. In 


nucleate in a time which is short compared to the 
first aging period, and that they are initially thin 
plates of radius R. These plates are not necessarily 
the critical nuclei: they may grow from the nuclei in 
an immeasurably short time. The plates then grow 
by diffusion of carbon atoms to them, and the growth 
velocity of the particle interface is constant all over 
the particle surface. The volume V of such a particle 
which has grown out a distance X everywhere on its 
surface is 

27 R2X + RX? 


The equation for diffusion-controlled growth of a 


number of competing particles in three dimensions 


(8 
1S: 


dX W) 
dt Cy 


(1) 


where dX /dt is now the growth velocity of the particle 
matrix interface. D is the solute diffusion coefficient. 
c, and ¢,, are respectively the solute concentrations 
in the particle and initial matrix, and W is the extent 
of reaction, given by: 

W 
in which V is number of precipitate particles per unit 
volume. The solution of equation | for the plate-like 
particle assumed is: 

z dz 

Rt 


7X/Randa 


less parameter which characterizes the shape of the 


where z ais a dimension- 
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W vs. From equation 2, NV and R can be 


computed as follows: 


t curve. 


(4) 


where 7 is ratio of ¢ to the left-hand side of equation (2) 
when W 0.5. The integral in equation (2) depends 
only upon a and W, so for systems with the same 
functional relationship of W and ¢ (the same value of a) 
rt is directly proportional to the half-time of pre- 
cipitation. 

In Figs. 1 and 2 the lines are drawn from equation (2) 
with the values of a given in Table 1. The a values 


TABLE 1. Precipitation of carbon in iron 


(10)6 N (10)-}8 


em particles/em® 


Strain 


Aged at 120°C 


(120°) 100 
4.8(120°) 4.5 
0 (90°) f 300 
4.8(90°) 


were chosen to give the same radius R, about 100 A as 
calculated from equation (4), for each different speci- 
men. Also tabulated in Table 1 are the number density 
computed from equation (3) and the initial concentra- 
tion of carbon in solution, which was about the same 
In the calculation of R and N the 
carbon diffusion coefficient was taken from the results 
of Wert,“2) in which D 20,100/RT), 


and 8.2 wt.°,, was used for c,. This value was com- 


for all the runs. 


0.02 exp ( 
0 
puted by Lemont for “‘e” iron carbide,“ which is 
probably the form of the carbide precipitate.“* 

The 


theory shown in Figs. 1 and 2 demonstrates that the 
P 


good agreement between experiment and 
model assumed for the nucleation and growth process 
is a reasonable one. The correlation between defor- 
mation and number density of particles N shows 
that nucleation is intimately connected with the dis- 
the 


nucleation occurs directly on the dislocation lines; 


locations in iron. In all probability carbide 


ca 1/2 3/2 
N=(-=) (—_} (3) 
Cn) 
2 1/2 
R = | = 
C.a 
Dp 
° 
. wt.% 
0 27 1.0 320 1.0 
l 26 1.0 40 7.5 — 
2 23 1.0 27 10 j 
3 35 1.0 14 21 6 
- 4 27 1.0 12 25 rac 
Data of Pitsch and Liicke'’ 
0.5 
15 
1.0 
5 2.6 
| 


DOREMUS: DISLOCATIONS IN 


10 
TIME, MIN. 


Fic. 3. The precipitation of carbon at 120°C 
in iron strained 4 per cent. 
when the dislocation density is increased by deforma- 
tion, more nuclei can form. 
different amounts of deformation, the nucleation pro- 
cess is doubtless the same at each strain. This con- 
clusion is reasonable since the factors which affect 
nucleation, such as supersaturation and temperature, 
were the same for all the experiments. Therefore at 
120°C carbide precipitation in undeformed and de- 
formed «-iron proceeds by the same qualitative 
mechanism, and differs only in the number of dis- 
locations and consequently the nucleation sites 
available. 
An equation of the form: 


—In (1 W) (t/b)” (5) 


is frequently used to 
this 


where n and 6 are constants. 


study precipitation processes. To compare 


equation with the present data and equation (2), a 


CARBIDE 


Since RF is identical for 


PRECIPITATION IN «-IRON 677 


In (] The 


points are for the wire strained 4 per cent and the solid 


log | W)] vs. log t plot is shown in Fig. 3. 


line is drawn from equation (2) witha = 12. If equa- 


tion (5) were followed, these plots would be straight 
lines; at long aging times the plots approach linearity, 


but they deviate markedly in the early stages of 
precipitation. Thus each value of a corresponds to a 
certain value of n, but equation (5) does not describe 


the data as well as equation (2). For 7 less than one in 


equation (5), the rate of precipitation dW /dt is initially 


a Maximum and decreases with time. Since a 50 in 


equation (2) roughly corresponds to | in equation 


(5), allthe deformed specimens prov ide examples of true 


pre- 


a maximum and thereafter 


nucleation and growth processes in which the 
cipitation rate is initially 
decreases. 

The carbide precipitate particles might grow in the 
form of rods, although the disk shape is more pro- 
bable.(® 


lower than unity however, so this particle shape is 


For rod growth, n in equation (5) cannot be 
eliminated for the deformed samples and is con- 
sequently improbable for the undeformed specimens 

The precipitation of carbon in deformed iron at 
temperatures over 85°C has been interpreted™ in 
terms of the theory of Cottrell and Bilby“® for the 
segregation of carbon atoms to dislocations. In this 


theory the following equation”) relates W and ft 
W = Dt/kT)23 (6) 


where p is the dislocation density, A is a parametet 
is the absolute 


This 


dependent upon elastic constants, 7’ 


temperature and k is Boltzmann’s constant 


equation has been modified to account for the 
petition of different dislocation lines for solute as 


follows (16) 


In (1 W) 0(.A Dt/k7 


it} 


which is the same form as equation (5) w 
In Fig. 4 are shown the data of Pitsch and L 


1.0 


TIME, 


Fic. 4. Data of Pitsch and Liicke”’ 


MIN, 


for precipitation of carbon in iron strained 4.8 per cent. 
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4 
4 
4 
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4 
00 
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| 
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7 
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the precipitation of carbon in iron wires deformed 
£.S per cent and aged at 120°C and 90°C. The solid 
urves are drawn from equation (2) with the a values 
shown in Table 1, and the dashed curves are drawn 
from equation (7). The values of R and NV calculated 
from equations (3) and (4) for these wires and for un- 
leformed wires aged at the same tempeiatures are also 
tabulated in Table 1. The values of R and NV for the 
undeformed sample aged at 120°C are slightly different 
than those reported previously'> because a different 
value of ¢, was used. A comparison between the data 
f this work and of Pitsch and Liicke for the unde- 
formed samples aged at 120°C shows that for the same 
iging temperature a decrease in solute concentration 
decreases the number of nuclei formed but increases 
the initial radius. Thus samples with quite different 
concentrations are not directly comparable. The 
fact that equation (2) fits the data for the deformed 
samples in Fig. 4 as well as equation (7), and that R is 
the same for the unworked and worked wires aged at 
120°C, strongly suggests that the carbon precipitates 
by a nucleation and growth process in all samples. 
Moreover equation 7) does not fit the data for any of 
the deformed wires shown in Figs. 1, 2 or 3. If a 
segregation process such as that of Cottrell and Bilby 
becomes operative at higher dislocation densities, one 
would expect to see ev idence for two distinct processes 
as the dislocation density is increased. Thus in the 
early stages of precipitation in a slightly deformed 
sample the growth should follow the f** dependence 
of equation (7), while in the later stages a transition to 
the growth dependence of the undeformed sample 
should occur. The data in Figs. 1 and 2 show a smooth 
transition of growth curve shape as the deformation 
increases, with no indication of more than one pre- 
cipitation mode. Therefore one can conclude that 
precipitation of carbon in deformed iron aged at 
120°C follows a nucleation and growth process, rather 
than the segregation of carbon to dislocations de- 
scribed by equation (7). 

One might expect that the dislocation density 
would be equal to V?’3, which is the average number of 
precipitate particles in a plane of 1 cm? area. How- 
ever, a change of solute concentration or aging tem- 
perature can change N even though the dislocation 
density remains constant. From etch pit counts 
Johnston has concluded that the dislocation density 
in lithium fluoride crystals is proportional to the 
17) Thus the 


same proportionality between strain and dislocation 


deforming strain, at least at low strains.' 


density may hold for iron at low strains. However the 
values of NV? for the data in Table 1 are not pro- 


portional to strain, but level off as strain increases. 
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Therefore particle density is probably not simply 
related to dislocation line length, but may depend 
upon several factors such as aging temperature, solute 
concentration, and interference between dislocation 
sites at higher densities. 

After this paper was submitted for publication a 
report of a similar study of carbide precipitation in 
z-iron strained small amounts appeared.) For 
strains up to 4 per cent, breaks were found in the aging 
curves at 38°C and 80°C, and the precipitation was 
ascribed to two processes, the first being Cottrell 
segregation and the second analogous to precipitation 
in unworked iron. At temperatures near 38°C the 
kinetics of precipitation in undeformed samples seem 
to differ from those at higher temperatures, as men- 
tioned previously: in addition the number density 
of particles is much greater than at the higher aging 
temperatures. Because of these complications no 
attempt will be made at this stage to discuss Wepner’s 
results at 38°C. 

At 80°C Wepner finds a plateau in the aging curves 
for samples strained between 0.9 and 4 per cent 
inclusive. If the data for the first portions of Wepner’s 
curves are plotted as log [—In (1 W)] against log ¢, 
using the values in Table 2, ref. 18, for the fraction of 
carbon involved in this portion, straight lines result; 
representative slopes (z values in equation 5) are 
about 2 for 0.9 per cent strain and 1.2 for 3 per cent 
strain. These slopes conflict with Wepner’s assertion 
that n has a value of about 0.7 for the first portions of 
the curves, and it is therefore doubtful whether the 
precipitation in this first stage can be associated with 
Cottrell segregation, which requires n to be 2/3. 

To check Wepner’s results at 80°C an iron wire with 
large grain size was prepared as described in the 
experimental section, carburized at 718°C, and water- 
quenched from this temperature. Then it was strained 
| per cent and aged at 80°C; the results are shown in 
Fig. 5. No plateau in the curve was observed, in 
contrast to Wepner’s results. The initial value of 
Q for this wire was 0.033. The line in Fig. 5 was 
drawn from equation (2) with a = 80, and the value of 
n in equation (5) which fitted the data best was about 
1.05. The values of NV and R calculated from equa- 
tions (3) and (4) for this a were 6.8(10)!* particles/em* 
and 42 A respectively. These numbers are in reason- 
able accord with those in Table 1, since both higher 
carbon concentration and lower aging temperature 
tend to increase V and decrease R. The points above 
W 0.75 deviate from the theoretical curve in Fig. 5, 
probably because of impingement of the particle 
diffusion fields due to the comparatively high particle 


density. 
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DOREMUS: 


1.0 - 


DISLOCATIONS IN CARBIDE PRE\ 


[IPITATION 


100 


TIME, MIN 


Fic. 5. The precipitation of carbon in iron strained 1 ps 


The reason for the dissimilarity of these results and 
Wepner’s is not known. It may be due to the different 
carburizing temperatures, since Wepner carburized 
his samples at 830°C. or higher than the eutectoid 
temperature 723°C. In any event the present results 
at 80°C are compatible with the interpretation of aging 
results at 120°C presented in this paper. 

In conclusion the precipitation of carbon in «%-iron 
at 120°C can be described in terms of several different 
stages as follows: 

1. Carbon atoms segregate to dislocations, possibly 
by the mechanism of Cottrell and Bilby.?) 

2. These segregated atoms form growth nuclei on 
the dislocation lines. 

3. The nuclei grow in certain preferred planes to 
form thin disks of radius R. (Steps 1-3 occur before 
the first experimental measurement and consume a 
negligible amount of solute.) 

4. The plate-like particles grow by diffusion of 
through the matrix. This is the 


carbon process 


followed experimentally, and it drains the matrix of 


solute to the equilibrium value. 
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MARTENSITIC TRANSFORMATIONS AND DETERMINATION OF 
THE INHOMOGENEOUS DEFORMATION 


D. S. LIEBERMAN? 


A simple graphical method is presented for determining, directly from observations of the crystal- 
lographic features of a martensitic transformation, the inhomogeneous deformation which is part of the 
total transformation distortion. With few exceptions, this pattern of inhomogeneity—plane and 
direction of shear (slip, twinning, stacking faults)—has not been observed. It is of great importance 
since it is intimately related to the dislocation arrays which are involved in transformation, and thus can 
provide information about the mechanism. The essence of the scheme consists of working in reverse 
the problem prey iously studied: given a particular set of observations of the lattice parameters of the 
initial and final structures, interface plane normal, orientation relationships, and magnitude and direction 
of macroscopic displacement; to determine uniquely that pattern of inhomogeneity which could produce 


that particular set of crystallographic features. The technique involves a more elegant and considerably 


shorter version of the graphical formulation of the Wechsler—Lieberman—Read theory of martensitic 
transformations, which is first described. Strong evidence is presented to substantiate the correctness 
and utility of the theory, and the “‘inverse’’ method is then applied to the determination of the pattern 
of inhomogeneity in one of the few cases where accurate experimental data are available on a single 
transformation process: the f.c.c. to b.c.t. austenite—martensite transformation in an Fe—Ni-C alloy. 
The calculated pattern of inhomogeneity is shown to be reasonable, in the light of existing inconclusive 
experimental information and other theoretical considerations. The importance is discussed of reporting 
precise data on all the crystallographic features of a single transformation process which results in a 
single plate or domain of the product phase. It is shown how the seatter in habit, and the shift in habit, 


in steels can be studied by this treatment. 


TRANSFORMATIONS MARTENSITIQUES ET DETERMINATION DE LA 
DEFORMATION HETEROGENE 

L’auteur présente une méthode graphique simple pour la détermination, a partir d’observations 
directes des caractéeres cristallographiques de la transformation martensitique, de la déformation in- 
homogéne qui est une partie de la distorsion totale de transformation. A quelques exceptions prés, ce 
diagramme d inhomogénéité plan et direction de cisaillement (glissement, maclage, défauts d’empile- 
ment n'a pas été observe. 

Ce fait est de grande importance, car il est intimement lié aux réseaux de dislocations qui sont impliqués 
dans la transformation et peut ainsi fournir des informations au sujet du mécanisme. L’essence du 
procédé consiste a traiter a l’envers le probleme antérieurement étudié: on part d’une série particuliére 
d’observations des paramétres réticulaires des structures initiales et finales, de la normale au plan inter- 
facial, des relations d’orientation et de la grandeur et de la direction des déplacements macroscopiques; 
on cherche a déterminer d'une facon univoque le diagramme d’inhomogénéité qui pourrait donner lieu a 
ce groupe particulier de paramétres cristallographiques. 

La technique comprend une version plus élégante et considérablement plus courte de la formulation 
graphique de la théorie de Wechsler—-Lieberman—Read des transformations martensitiques qui est 
d’abord décrite. L’auteur présente une forte argumentation pour étayer lexactitude et lutilité de la 
théorie. La méthode “inverse” est alors appliquée a la détermination du diagramme d’inhomogénéité 
dans l'un des quelques cas oti des données expérimentales précises sont disponibles sur un processus 
unitaire de transformation: la transformation austénite—martensite du cubique face centrée au quadra- 
tique centré dans un alliage Fe—-Ni-C. Le diagramme d’inhomogénéité calculé est raisonnable, @ la 
lumiére de données expérimentales incertaines et d'autres considérations théoriques. On discute l’im- 
portance de fournir des données précises sur tous les paramétres cristallographiques d’un processus de 
transformation unitaire qui conduit & une plaque ou un domaine unique de la phase produite. 

L’auteur montre comment la dispersion et le décalage dans les relations d’habitat peuvent étre 


étudiées dans les aciers a l’aide de ce traitement. 


MARTENSITISCHE UMWANDLUNGEN UND BESTIMMUNG DER INHOMOGENEN 
DEFORMATION 
Es wird ein einfaches graphisches Verfahren angegeben, das bei der martensitischen Umwandlung 
unmittelbar aus den kristallographischen Erscheinungen die inhomogene Deformation, die einen Teil der 
gesamten Verriickungen bei der Umwandlung darstellen, bestimmen lasst. Von wenigen Ausnahmen 
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LIEBERMAN: 


abgesehen, wurden die 


(Gleitung, Zwillingsbildung, Stapelfehler) 


MARTENSITIC 


Elemente dieser inhomogenen 
noch nicht beobachtet, obwohl ihnen eine wichtig« 


TRANSFORMATIONS 


Deformation Scherebene und Scherrichtung 
Bedeutung 


zukommt, da sie eng mit den bei der Umwandlung entstehenden Versetzungsanordnungen verkniipft 


sind, und man somit aus ihnen Informationen iiber den Umwandlungsmechanismus 


gewinnen Kann 


Der wesentliche Inhalt der vorliegenden Methode besteht darin, das folgende sehon friither behandelté 


Problem in umgekehrter Richtung zu lésen: 


Gegeben sei ein spezieller Satz von Beobachtungen det 


Gitterkonstanten der Anfangs- und Endstruktur, der Ebenennormale der Grenzflache, des Orientierung 


zusammenhangs sowie der Grésse und Richtung der makroskopischen Deformation: 
Jestimmungsstiicke der inhomogenen Deformation zu bestimmen, die diese gegeben¢ 
Das Verfahren enthalt eine elegantere und wesen 


schen Erscheinungen hervorrufen. 
W echsler 


beschrieben wird. 


der graphischen Formulierung der 
Umwandlungen, die zuerst 
Brauchbarkeit der Theorie werden vorgelegt 


der Elemente der inhomogenen Deformation fit 


Daten fiir einen einzelnen Umwandlungsprozess vorliegen, ange 


tensit 
Legierung. Im Lichte der vorhandenen, nicht 


theoretischer Betrachtungen sind die berechneten 


Es wird auf die Wichtigkeit hingewiesen, genaue Daten aller kristal 


vernunftig. 


nungen eines einzelnen Umwandlungsvorgangs, de! 


Endphase fiihrt, mitzuteilen. 


Liebermann—Readschen 
Strenge 
Sodann wird das 


einen det 


schliissigen experi 


Es wird gezeigt, wit 


daraus sind die 


Theorie det 

Beweise zur Begriindung det 
Verfal rel 

Falle, we 


vendet. 


wenigen 


und zw 


Umwandlung, kubisch-flachenzentriert in kubisch-raumzentriert, einer Kise1 


ientellen K 


Bestimmungsstiicke der inhor 


zu einer einzelnen Platte oder 


durch ein derartiges Vorg 


Verschiebung der Habitusebene von Stahlen untersucht werden kann 


1, INTRODUCTION 
The past few years have witnessed detailed mathe- 
matical treatments of the crystallographic relations 
between parent and product phases in martensitic 
transformations which have been critically reviewed 
in the literature.“’?) The theory of Wechsler, Lieber- 
Read (W-L-R)®* permits quantitative 


man, and 


predictions of the salient crystallographic features of 


the transformation (which indeed completely spe ify 
the transformation): The orientation of the interface 
plane separating the two phases, the magnitude and 
direction of the macroscopic shear accompanying the 
orientation relationships 


transformation, and the 


between the crystal axes in the two structures. By an 
argument based upon minimizing the strain energy at 
the interface, they show that the interface plane (habit 
plane) must be one of zero average distortion, and for 
this to be true the transformation as a whole must in 
general be inhomogeneous. Thus the W—L-—R theory 
requires a specification of (1) the pure | Bain) distortion 
or lattice correspondence which accounts for the 
per se change in crystal structure (and is often obtain- 
able immediately from the lattice parameters of the 
two phases) and (2) the pattern of inhomogeneity 

the plane and direction of slip and/or twinning referred 
to crystal axes in the parent or product phase.* 
Bowles and Mackenzie (B—M) :® include an adjust- 
able parameter which permits a (questionable) uni- 
The B—M theory 


can treat in detail only those cases where the inhomo- 


form dilation in the habit plane. 


geneous distortion consists of twinning in the product, 


* Twinning and/or slip on the same plane and in the same 
‘‘shear.”’ Che 


referred to simply as 


input datum, but a 


hereafter 
of shear is not 


direction 
amount 
theoretical calculation. 


result of the 


and hence is less general than that of W-—L—R which 


can treat twinning and/or slip on any plane in either 


phase. The surface dislocation approach of Bullough 


and Bilby’” is most closely related to the matching 


method of Frank,“ and Bilby and Frank and is 


essentially equivalent to the W-L-R and B-M 


treatments 


The lattice correspondence or Bair 
| 


and the pattern of inhomogeneity 


means always known 1) can sometimes 


in a rather straightforward manner on simple phy 


howevel is unverified experimentally 


with very few exceptions Thus the 


which require a specification of (1) and (2) t« 
the crystallographi features of the ti 
must choose or assume a lattice corre spo 
a pattern of inhon ogenelty 
the information is not kn 
utmost 
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kinetics and mechanisn 
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propertt 

A method is 
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observations of the lattice parameters of the initial 


and final structures, interface normal, orientation 


relationships, and magnitude and direction of macro- 


scopic shear; to determine uniquely that pattern of 


inhomogeneity which could produce that particular 
set of crystallographic features. 
distortion, rotation, shear, ete. needed to solve the 
problem can be represented by matrices or by graphi- 
cal constructions ona stereographic net. The technique 
described here involves the application in reverse of a 
and considerably shorter version of 


the W-L-R 


This new graphical method has not yet 


more elegant 


the recent formulation of 


13,15 


graphical 
theory. 
been reported, and since a complete understanding of it 
is essential to the solving of the inverse problem, it will 
first be described. It should also be of interest per se to 
the 
chemists, and crystallographers now studying this type 


increasing number of physicists, metallurgists, 


of transformation in a large number of pure metals, 
alloys, and nonmetallic systems. An illustrative prob- 


lem will be solved by the (forward) method and then 


the “inverse” problem will be worked out for one of 
the few systems where accurate experimental data are 
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ilable on a single transformation process. 


2. THE GRAPHICAL 
Briefly. the W-L-R 
that 


METHOD 


theory 3.4) is based on the 


requirement after partial transformation, the 


interface between two phases shall be free of stress on 


1 mi scale. and depends on the following 


theorem If a plane of zero average distortion is to 
xist, one of the principal distortions must be unity 

. one of the principal ‘trains must vanish) and of 
must be 


other two principal aistortions, one 


iter than unity and the other less than unity 


the other two principal strains must be of 


ypposite sign 


In general. the pure distortion does 


K~ 


Fic. 1. The she 


plane, K,, whose 


All vectors 
in the sneal vector q, and 
in the plane K,, are unchang Vectors in the acute 
angie between K, and K. are fecreased iM 1gth: all other 
those lying in or K,) are ine 


plane of the figure the 
After refs. 13 and 15. 


“ar angle x is defined in this figure 


normal is the unit 


d in length 


vectors except eased im 


magnitude. The plane of shear. 


The operat ions of 
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not satisfy these requirements and hence the total 
transformation must be inhomogeneous. The undis- 
torted plane (habit plane) will depend on the lattice 
parameters of the initial and final phases, the lattice 
correspondence, and the pattern of inhomogeneity. 
The graphical formulation of the theory delineated 
here depends upon the following theorem: “If two 
(non-collinear) vectors in a plane are undistorted 
(unchanged in length), and the angle between them is 
unchanged, by a transformation, all vectors in that 
plane are undistorted (and all angles are unchanged), 
i.e., the plane is one of zero distortion.”’* Since only 
angle measurements and rotations need be made, this 
method avoids the considerable supplementary cal- 
the 
version which required the determination of length 
(13) 


culations and constructions inherent in earlier 


changes. Hence this method is much shorter and 


easier to use. In addition to the crystallographic 
features of the transformation mentioned above, the 
amount of shear associated with the inhomogeneous 
part of the transformation is also predicted by the 
graphical solution. In order to facilitate understand- 
ing of the method, it will be described as applied to a 
particular case: the cubic to tetragonal transforma- 
tion in iron—bhase alloys. 

The first steps are similar to those given earlier™%,1°) 


and will be presented only briefly; results will be 
stated without proof. Here for the purpose of analysis 
only, it will be assumed that slip takes place before 
the Bain distortion.“ This is only a matter of con- 
venience; the solution is independent of the order and 
no physical significance is attached to it. The loci of 
all vectors unchanged in length by the inhomogeneous 
deformation (slip and/or twinning) are two planes as 
shown in Fig. 1. A, is the shear plane and Ky is a 
plane which makes an angle of 90 x with the shear 
plane where ~ is the net angle of shear. The positions 
of the Kk, plane before and after shear (A,’) 


into 


are 


The Kk, and A, planes divide all 
the 


increased or decreased in length by the shear. To 


shown in 


space regions where vectors are either 
illustrate the method, slip on the (111) , plane in the 
121] , direction has been chosen and the positions of 
K,, K, and K,' are shown on the stereographic 
projection in Fig. 2 for an arbitrary amount of shear. 

Fig. 3 the 


for the change in crystal structure from f.c.c. austenite 


shows 3ain distortion which accounts 


* No 


becaus > 


formal proot of this theorem will be piven here 
all that is required is that the prool of a theorem 
previously" be Add after the 
sentence following equation (A5) “In particular, let p :. 
Then f,, f, and fz, 
during the transformation 


the vectors are 


given altered as follows: 


form a triangle which is undistorted 


and hence the angles between 


unchanged. Thus the theorem is proved.” 
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Fic. 2. Stereogram showing the undistorted K,, K, (and K, 
planes for an assumed shear angle of 10° on the (111)4 plane 
in the [121]4 direction. X,Y,Z, are {100}4 and X’, Y’, Z’ 


are {100}. martensite plane normals as indicated in Fig. 3. 


to b.c.t. martensite within a small region. Note that 
this involves a contraction in the y direction and 
a uniform expansion in all directions in the plane in Fig. 4. In this illustrative problem, th 
completely specified by hate paramevers other than unity do not increase the labor o1 

the method in any way For this problem thi 


J 


») ‘ 
vertex angles d; and ¢, : respectively 47.7 


where a, is the lattice parameter of the parent phase -- 
57.2° and the Bain cones B, and B, are shi 

and and ¢ are the lattice parameters of the product 
Fig All vectors within B, ar 


decreased 


phase. The Bain distortion can equally well be . 
. owing to the Bain distortion, while all vector 


described by another set of parameters: the volume ; 
: this cone are increased in len 


ratio of the two phases, 
V 2a*c/la,> and 


The locus of all vectors which are not changed in 
magnitude by the Bain distortion is a pair of right 
circular cones*—one for the vectors before transfor- 
mation and one for these same vectors after trans- 


formation. The expressions for the semi-vertex angles 


of these two cones are obtained by simple vector 
algebra.) or geometry) and are here written in 
terms of the 7 values (although they could be written 


equally well in terms of V and e/a). 


tan ¢; and tan ¢, 
l 


Bain distortior 


These semi-vertex angles are shown in cross-section a 


one whic! 


Bain distortio1 


. Elliptical eones for the cubic to orthorhombic trans- of these sar 


formation. 
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» undistorted Bain cones, 
reased in length 
vectors except those 
The Bain distortion of 
ane normals in the austenite indicated 
indicated by 


within B; are dec 
other 
in length. 


als in the martensite 


13 and LD. 


The two undistorted planes A, and A,’ must inter- 
sect the cone B, for a solution to exist at all,* and 
vhether this is true depends critically on the ratios of 
the lattice parameters of the two phases, and on the 
The these 
planes with the cone B, determine four vectors which 
the the 
thus not distorted by the total trans- 
6 the unit vectors a and b on 
111) , 


to the 


slip system considered. intersections of 


are not distorted by sain distortion nor by 


shear, and are 
formation. Thus in Fig. 
the net become A and B due to slip on the 
plane subsequently A’ and B’ 
Bain distortion. Similarly C and D on K,,’ must have 
yme from @ and d on K, during the shear distortion? 
hecome C’ and D’ 

a A A b B B’ E. 
four vectors a, b, ¢, d, determine four possible 
planes in the parent phase which are undistorted by 
The positions of a and b 


and owing 


owing to the Bain distortion. 
Taken in pairs, 


these 


the total transformation. 
depend on the Bain distortion and on the slip plane 
being considered, while the positions of ¢ and d will 
The 


in addition depend on the amount of shear, «. 


* If the 
with sheal 


problem were being studied in the reverse order, 
following Bain distortion (se¢ ubic to 
transformation), K, and K, vw 


exist. (1% 


twinned 


orthorhombic ould have to 
By for 
+ The procedure for finding the 
to shear is a straightfor 
and is described in standard texts such : 


Metals. McGraw-Hill, New 


intersect a solution to 


motion of specific vectors 
stereographic 
S. BARRETT, 
1952). See 


due ward one on the 


net, 
Structure of 


also ref. 16). 
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problem is to find that value of « for which the angle 
A’.C’ between 


Then, in 


between a and ¢ (/ 4@,¢) is equal to 
the same two vectors after transformation. 
accordance with the theorem, the plane determined 
by a and ¢ will be an undistorted plane. Furthermore, 
the rotation necessary to make A’ and C’ coincide 
with a and ¢ is just that which expresses the orienta- 
tion relationship between the crystal axis systems in 
the parent and product phases. This will be discussed 
further below. A second value of « will be found for 
which / be B’.C’ and thus for which the plane 
determined by b and ¢ is undistorted. There are only 
two values of x. One gives rise to planes (a,c) and 
(b,d) and the other to planes (b,c) and (a,d). The two 
values of shear in general give four distinct solutions. 
The degenerate case here, for which (a,c) and (a,d) are 
(b.d) (b,c) 


respectively, has been chosen to keep the diagrams as 


crystallographically equivalent to and 


simple as possible. The method is quite general; 
Christian’) has discussed in detail how four solutions 
arise from the two values of shear, and the conditions 
under which they reduce to two, and in some cases 
even one. 

The details of the calculation will now be delineated. 
First, some simple physical considerations must be 
kept in mind in attacking the problem. For example, 
the direction of shear can sometimes be determined by 
for it such that all vectors on 


the proposed planes of zero average distortion (other 


inspection; must be 


than those which are undistorted by both components 


T 


OO!), 


Fic. 6. Stereogram showing four unit vectors whose lengths 


are neither changed by 
here 15 the 


slip shear of an arbitrary amount 
3ain distortion. The four vectors in 
the parent (austenite) structure are (a.b.¢e.d) which become 


A.B.C.D slip shear and then (A’,B’,0’.D’) 


3ain distortion 


nor by 


owing to the 
owing to the 
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x, fora =a 


2 


| 


Fic. 7. Stereogram showing how the positions of the unit 


vectors (¢.€.C’) depend on the amount of shear, «. K, 
K,’ 7 20 have 


and 
hed. 


planes for « 7° and « been sket« 


a“, and a, are determined graphically in Fig. 8. 


of the transformation) have their lengths altered in 
opposite directions by the Bain type and shear type 
distortions. Hence in this case it can be seen from 
Fig. 6 that shear in the opposite direction to that 
shown is impossible, since this would violate the 
requirement. Furthermore, for the volume ratio and 


value of c/a employed, AK,’ would not intersect B,; for 


VECTORS (in degrees 


BETWEEN UNDISTORTEL 


AN( 


A 


SHEAR ANGLE Q (in degrees ) 


Fic. 8. Graphical determination of the two values of shea 
angle « for which the 
also remains unchanged during the transformation distortion 
The values of x thus determined differ by about 1 
from those calculated analytically. 
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per cent 
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contam ve all ol 
tot ation 
similarly n, and n, for 
direction of macroscopi 


transtor! 


x 6.9° and no solutions would be 


we are restricted to valu one sien 


The open circles on B in the 
1] 3,15 
corresponding 


points C 


are ovta 


( ] 
ana 


with A,’ for x 
labeled as points C The 
B, lie 


sponding points solid cireles 


along radii* through the 
shear of the appropriate 
vectors a.b.¢c.d go to A.BC 
A’ Cc’ D by Bain distorti 

A’ S b.e und B C mi 


the stereograpnhi he \ 


The 
sured 
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ure 


unnecessary t a.d 


BD 


and 


easured angles atl 
agalnst that b.e 
intersect 
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from the and thi 
ure shown In 


respectively) It is now a sil 


the interface planes in th 
d.D.D 
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along with a.A.A’ b.B and B 


pare 


corresponding TO the 


subscripts 


case the 


points 
relationship is still easil 


poss 
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inter 
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planes determined by (a,c), (b.d), (a.d), and (b,c) are 
the subscripts on each n 
plane n, (a,c,) has been 


indicated by their normals 
being arbitrary. Only the 
drawn. 

The macroscopic distortion may be looked upon as 
a simple shear on the interface plane, plus a volume 
change perpendicular thereto.°-4) The unit vector, s, 
in the direction of this average macroscopic displace- 
ment can be found on the stereographic net without 


difficulty as described earlier"? and will be sum- 


marized here briefly for completeness. The normal to 


the habit planes and the vectors in the direction of 


all of 


lie ina plane. The 


the displacement belonging to these solutions 
which be long to one value of shear 
plane determined by n, and n, (both of which arise 
The 
intersection of this plane and the plane ns is thus S» 
If there 
on the 


from 4%) is shown by a dashed line in Fig. 9. 


for a transformation of zero volume change. 
the vector s, will still lie 


is a volume change, 
dashed line, but a little above or below the n, plane. 
The volume change can always be found from the lat- 
tice parameters; it has been neglected in the figure. 
found 


and C’ 


determine the plane whose normal is indicated by 


The orientation relationships can also be 


directly on the net as shown in Fig. 10. A’ 


n, . This is the position of the undistorted interface 


the transformation distortion 


However, the habit plane must 


plane resulting from 
(LS conside red SO far. 
undistorted but also unrotated as well. 


the total 


not only be 
Hence the 
transformation distortion must include an operation 
to bring the habit plane as determined by A’ and C’ 
and labeled as ny into coincidence with ng, i.e. an 
operation which makes A’ lie on a and C@’ lie on ¢. 
Again it no physical 


paths are implied by this sequence of mathematical 


mathematical treatment of 


should be emphasized that 


thus it 
slip, then move according to the Bain distortion, then 


steps is not implied that the atoms first 


rotate. This method only treats the relationship 
between initial and final positions and a convenient 
way of calculating these positions mathematically or 
graphically 

It will be seen from Fig. 10 that the “‘orientation 
required to make A’ and C’ coincide with 
The axis and 


rotation’ ’* 
a and @ also rotates all other vectors. 
amount of rotation needed are determined by perform- 
ing on the stereographic net the operations implicit 
theorem.” Thus the 
a—A’) is in the direction of uy, a unit 


in Euler’s vector product 


C,.’) 


(O10)4 axis (see Figs. 3, 5, 10) 
specilying the orientation re- 


about the 
considered in 


* The 45° rotation 


must also be 


lationships. 
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Fic. 10. showing the determination 
of the orientation relationships, described in the text. The 
vector is 90 from the vector (C, which 


is not shown. These vectors are coplanar with @,’ and @,. 


Stereogram graphical 


vector along the axis of rotation, and the amount of 
rotation is then found easily on the net. uy and the 
The 


orientation relationships are completely specified by 


amount of rotation (13°) are shown in Fig. 10. 
two of the direction cosines of u, relative to the axes 
of the parent phase, and by the amount of rotation. 
However, it is the practice to express these relation- 
ships by the angular separation of important crystal- 
lographic planes and directions in the two structures. 
Inspection of Figs. 3 and 5 shows that the positions 
of important plane normals and directions in the 
martensite unit cell which result from the Bain distor- 
tion alone are as indicated in Fig. 10 by (hkl), and 
Before we the 
rotation necessary to make n, and n,’ coincide, we 
have (LOO),, (101) ,, (O10), (O10) ,, (101),, 

(QOL), ete. In the between 
(O11) ,,, and [111],,,, and (111), and [110], respec- 
The positions of plane normals 


[wow | introduce (mathematical) 


particular, relation 


tively will be noted. 


and directions after the “‘orientation rotation” are 


also indicated, by (hkl) ,, and [uvw],,; some of these 
operations are shown by dotted arrows. The orien- 
tation relationships are now given by the angular 
these 


directions in the martensite from those from which 


separation of some of plane normals and 


they “originated” in the austenite. 

The salient crystallographic features of a martensi- 
tic transformation have thus been determined graphi- 
The 


cally for the slip system chosen. direction 
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cosines of the habit plane unit normal n, relative to 
the austenite axes are: 


2016 
.2997 
/ 
A 
The angle between n, and the normal to (225) , is 9°. 
The orientation relationships are given from Fig. 10 
(O11) ,,2° from (111), and [L11],, [110] ,, which 


is very close to the Kurdjumow-—Sachs 


as: 
relation for 
a (225) type habit in steels. Since the purpose of 
this section is to illustrate the shorter graphical 
method, further discussion of the significance of these 
results will be deferred until section 4. The macro- 
scopic shear and orientation relationships can also be 
the for the 


pursued at this 


found for three other solutions habit 
plane normal, but this will not be 
stage. 

The irrationality of the crystallographic features 
of the transformation, discussed in detail earlier,“>4.18 
is brought out with particular clarity by this method. 
The precision of the method is the same as that of the 


As 


shown there for the cubic to twinned-orthorhombic 


earlier (longer) graphical presentation.“ was 


TABLE 1. Comparison of experimenta 


of martensitic transformations for 


System Feature 


Cd (47.5 at. ° Interface 
plane 
> twinned normal, n 
thorhombic 
Shear 


direction, 


Onrientation 
relationship 


Interface 
plane 
] 


normal, n 


Interface 
plane 
> twinned normal, n 


t 1) 
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transformation in a gold—cadmium alloy, the inter- 


face plane normal obtained graphically using a 20 em 
with that calculated 
algebra formulation of the W—L—R 


for the othe cry 


radius net agreed within }° of ar 
with the matrix 


theory (with similar results stallo 


graphic features). Since the experimental error is two 


or three times this discrepancy even in this most 


and Tablk 


between predic ted 


favorable case). 1 shows that the agreement 


matrix formulation of the theory) 
and observed values is well within experimental error 
where the 
111,14 


in systems pattern of inhomogeneity is 


known, the graphical formulation as described 


above is more than adequate for calculating the 


crystallographic features of martensitic transforma 


tions. Furthermore, it can be used with sor confi 


dence as a point of departure in attacking the “in 


verse” problem. 

3. THE INVERSE 

OF THE PATTERN 

OBSERVATIONS OF 
FEATURES OF 
Heretofore. 


PROBLEM: DETERMINATION 
OF INHOMOGENEITY FROM 
THE CRYSTALLOGRAPHIC 
THE TRANSFORMATION 


when the pattern ol inhomogene 


was unknown, the crystallographic features of thi 


transformation had to be calculated using different 


possible patterns and then comparing each set witl 


and ealeul 


0.0698 
0.342 


0.940 


(1) 


ated theo tallogray eatul 
Experiment | ret 1) 
Au 1.696 (1) 
| | | 
0.213 ( 
Angle of 
shear, 0 O4 
t Ol] 11] 
\ Cd (50 at Cd 7 
b.c.t. (c/a l 
In—T] 0.1013 
f.c.t. (¢/ 
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experiment to find which one was consistent with 


actuality.7°) Even when employing the simpler 


graphical method developed in the previous section, 
the labor and time required are considerable. It will 
be clear that reversing the problem and calculating 
the pattern directly from the observed crystallo- 
raphic features is not only much shorter in practice 


but more satisfying in principle. 
A total of eight quantities are specified from obser- 


vations: two direction cosines of the interface plane 


normal: two direction cosines of the axis of rotation, 


together with t!:.e amount of rotation (which describe 


the orientation relationship); and two direction 


cosines of the direction of macroscopic displacement 
amount of this displacement. 


together with the 


However there are only four quantities associated 
with the pattern of inhomogeneity: two direction 
cosines of the normal to the shear plane, one direction 


cosine of the direction of shear in this plane (relative 


to a reference line in the latter), and the amount of 


How- 


ever, all the experimental data are not known to the 


shear. Thus the problem is overdetermined. 


same degree of precision. The orientation relation- 
ships and the habit plane normal (from X-ray analysis 
and two-surface analysis) are probably given more 
than the 


macroscopic displacement, which are obtained from 


precisely magnitude and direction of the 
examination of surface upheavals or markings, and 
are usually associated with the largest experimental 
error. Hence the orientation relations and the inter- 
face plane normal (five quantities) will be used in a 
best fit” method whilst the macroscopic displace- 
ment, if used at all, will serve as a check. 

In order to see how the habit plane normal, and the 
orientation relationships can be used to recover the 


pattern of inhomogeneity. some aspects ol the illus- 


Fic. 11. Schematic ss) that the vector difference 
between any two corresponding vectors @ and € on K, and 


K,’ is in the shear g, for any value of «. 


Owl1ng 


direction of 
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trative problem discussed in the previous section will 
have to be re-examined in more detail. As shown in 
Figs. 6-10. 
the unit vector C, i.e. ¢ lies on A, and € lies on K,’. 
Fig. 11 shows that the vector difference (C-¢) is always 
in the direction of the shear g, no matter what the 


the shear transforms the unit vector ¢@ to 


shear angle «, or which pair of vectors on K, and K,’ 
are being considered. The importance of this obser- 
C, and c, determine gy; 
g, and a determine the shear plane A, since a is the 


vation is clear from Fig. 10. 


intersection of this plane with B; and g, must lie on it. 
Thus the normal to this plane, q, is also determined. 
From gy, ¢, and C, the amount of shear x can be found. 
Thus the inverse problem is solved if ¢,, ©, and a can 
be found from the habit plane normal, the orientation 
relationships, and the lattice parameters of the two 
phases. 

The cones B; and By, can_ be 
graphic plot since the lattice parameters of the two 


put on the stereo- 


structures (from X-ray analysis) generally permit the 
lattice correspondence or Bain distortion to be deduced. 
The habit plane (n, in Fig. 10) intersects the cone B; 
in two unit vectors, one of which is a. From the 
orientation relationships, the axis of rotation and the 
be found. By applying the 


rotation’, 


amount of rotation can 


negative of this “‘orientation can be 


put on the plot. n,’ will intersect B, in two unit 
vectors, but only one intersection of n with B,, and 
one intersection of n’ with B,, will be related along a 
The other 
C, is 
then found by applying the “orientation rotation” to 
C,’, and C, is easily found radially from C’ on B,. ¢, 
and €, then determine gy: g, and a determine A, and 
q: and g,, e and C lead directly to the amount of 


radius and thus a and A’ are determined. 
intersection of n’ with B, must therefore be c.. 


shear «% and thus the problem is solved. 
The method 


austenite 


applied to an actual 
One of the few 


will now be 
martensite transformation 
systems in which accurate experimental data are 
available on a single transformation process* is in an 
Fe—Ni-C alloy reported by Greninger and Troiano.“® 
The orientation relationships as given in their gnomo- 


oTam are as follow: 
parallel to 111), within |] 


from 


, 


[111],, 63> from [110] , 


and the habit plane is given as between (3,10,15) and 


2.33). The lattice parameters are given as 


* Even here the habit plane is reported as the nearest 
rational plane and the orientation relationships are reported 
in terms of crystal plane normals and directions. 
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Stereogram showing the complete graphical deter 
pattern ol 
transformation 
reported habit plane normal 
Hatching indicates the uncertainty 
the uncertainty in the reported data 
Troiano™®), Details of the method are 

text. 


Fic. 12. 
mination of the inhomogeneity of an actual 
input data 


orientation 


using as 


austenite—martensite 
only the and 
relationships. caused by 
(Greninger and 


described in the 


1.045 from 
which ¢ Hence 7, and », for this f.c.c 
to b.c.t. 1.12011 lo 
0.82767 from which the semivertex angles of the Bain 


dy = 3.592 A, a= 2.845 A, and c/a 
2.9730 A. 
transformation are 7, and 


respectively and 


cones B, and By are 
dy 56.4 

The problem is completely worked out in Fig. 12. 
The (O11) ,, plane normal is shown near (111) ,* and 
the dashed line shows the trace of this plane. p, and 
on this 
110 


and [O11] , as can be seen. Now the positions of these 


w, denote the directions |111],, and 
plane, which are 6}° and 23° respectively from 
martensite plane normal and direction vectors due to 
the Bain distortion alone are found easily from the 
lattice parameters given above and are indicated by 
M’ subscripts in Fig. 12 in accordance with the pre- 
vious section and Fig. 10. The axis and amount of 
rotation necessary to make these vectors with sub- 
script WZ’ coincide with those with subscript V7 is 
found directly on the stereographic net, and a unit 
X (W. — Wy), 


rotation, has been marked as u, on the figure. 


vector parallel to (p, the axis of 


The reverse “orientation rotation” is applied to the 
habit plane normal, and the uncertainty in the nor- 


mals is indicated by hatching. These planes will 


intersect the cones in two sets of vectors, and the 


* There is a 1° cone of uncertainty because of the way 


the orientation relationships were reported, 
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a AA can be ascertained 


by noting which of the two is related by the 


12 andthe correct 


identification of one set as 
orienta- 
This is shown in Fig 
vectors have been so denoted. Thi 
of n’ with B, must therefore be C’: C is found along 


tion rotation’. 


other intersection 


and ¢ is determined by 
“orientation to C Th 
C c then gives g,, the direction of shear 


then determine q, the normal to the shear 


a radius on B ipplving the 


rotation’ vector dilterence 


and aand 


amount of shear can now be found since 


kK,’ plane s can be put on the net and the 


sured (not shown on diagram Thus the 


plane, and amount of shear of the inhom 


oOvservation 


ive been determine d fron 
The 


nature of the problem is not apparent from the 


distortion hi 
the crystallographic features overdetermined 


presentation; the criteria for judging when this 


be taken into account are fully discussed 


Appendix 


4. DISCUSSION OF RESULTS AND IMPORTANT 


APPLICATIONS 
inhomogeneity 


The 


in the axis system of either the paret he pre 


pattern ol expres 


phase depending upon the sequence 


operations are performed sheal 


preceded by Bain distortion. Sincé 


arbitrary and purely a matter 
ylane 


convenience, the predicted shear ] 


niust he considered in bot phases 
12 and 


geneity for the 


Figs 13, the caleul 
austenite 
here is she il 
Ol] 
the 12] plan 
K, and Kk,’ pl 


found to be 7 


treated 


on the plane 
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interaton ic distane 


graphi all 
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plane in the austenite. If the transformation shear 


has occurred in the product phase, « == 7.3° which 
corresponds to slip on about every eighth plane in the 
martensite, or to a twinned martensite crystal in which 
the thickness ratio of the twin lamellae is approxi- 
mately 2:1. As pointed out earlier,“ the ‘‘trans- 
formation shear” takes place directly in the region that 
undergoes transformation, and results from the motion 
of dislocations situated at the intersection of the shear 
This 
is an effect quite distinct from the plastic deformation 
that the 

austenite to and 


plane with the austenite-martensite interface. 


inevitably takes place in surrounding 


accommodate volume shear con- 
straints. 

Unfortunately there is no conclusive experimental 
evidence to determine the pattern of inhomogeneity 
Desch"§ 


lines which have appeared on high 


with certainty. has observed that the fine 
magnification 
micrographs of martensite plates may be evidence 
of twins. The possibility that martensite is twinned 
has also been suggested by Geisler.“9 Nishiyama®) 
has reported twin-like clusters of martensite in an 
electron micrograph of the relief on the free surface 


These 


parallel] to one another and have equal tilting alter- 


of Fe—30' alloys. clusters are nearly 


nately. This fact is considered to be due to alternate 
He also mentions 
One 
the 


13). it can be 


twinning during the transformation. 
several kinds of striation in the same alloy. 
110), within 3 From 


type was parallel to 


orientation relationships (see Fig. 
concluded that these striations pass through (112) ,,, 
which is the twinning plane of the martensite struc- 
Hirsch 
the possibility of 


ture.* Suzuki.“ and and Otte") have 


considered theoretically stacking 
112),, planes, particularly with reference 
X-ray line broadening. As the 


oint out, if the 


faults on 
] 4 
latter authors 
transformation does proceed by 
the movement of partial dislocations with 
vectors 


twins and stacking faults (as predicted by the theory 


3urgers 
lving in (121),, planes, such 
presented he re) would he expected. 

Thus all is that 


pattern of inhomogeneity predicted for this austenite— 


that can be said at present the 
martensite transformation is reasonable when viewed 
in the light of existing experimental facts and other 
Wechsler et al. did 


that the 


theoretical considerations. 


make the (fortunate) choice 


Memoirs of 
Uni- 


tron-miucroscope 


NISHIYAMA and SHIMIZ¥ 
and Industrial Research, Osaka 


L958 from eles 


* Note added in 
the Inst. of Scientific 
XV, 105, 
etch 
erystal and probably it 
Further, *“‘the 
martensite 


proo] 


conclude 
that the 
has lattice imperfections 
form of etch pit 
is irrational.” 


versity, 


martensite plate is a single 
in the mid-rib 


that the 


studies ot pits 


region. shows 


orientation of the 
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inhomogeneity was twinning on (121),,, or (121) ,, 
[111],, slip, and all their calculated crystallographic 
features were in excellent agreement with the data 
the 


application 


of Greninger and Troiano.“® Since scheme 


presented here consists of an “inverse” 
of a graphical formulation of the general W-—L-—R 
theory of such transformations, the success of this 
theory in cases in which the pattern of inhomo- 
geneity is known gives confidence that the pattern 
predicted is correct, even in cases where experimental 
evidence is at present non-existent or inconclusive, 
as in the austenite—martensite transformation treated 

Unfortunately, this example is one of the 
that 
dearth of good experimental observations on crystal- 


here. 
few can be treated at present because of the 
lographic features of the transformation, and of the 
method of reporting such data as are available. 
This point will be amplified below. 

There 
problems which the author believes can now be 
studied the 


here. One is the scatter in habit planes of martensite, 


are two most important and _ interesting 


and understood by method described 


which, as pointed out by Otte and Read,'*" is greater 


than experimental error and must therefore be 


The 


mode of 


considered real. second is the change in the 
with a 


The 


continuous switch from the Greninger-Troiano type 


transformation, con- 


lattice 


martensitic 
tinuous alteration of parameters. dis- 
martensite habit treated here (usually called “(259)” 
the 
has puzzled investigators for many years. 
the 


type)—to Kurdjumow-Sachs type, “(225)” 


Something 


of how these phenomena occur scatter in 


habit plane and shift in habit—can be understood as 


follows. 
If other possible slip systems are investigated for 


the illustrative problem in section 2, four sets of 


crystallographic features will be found for each 


system (unless there is degeneracy). In particular, 
calculations") were made for slip on the (111) , plane 
in the following directions in addition to [121] ,: 


[1O1] ,, [112], and [O11] ,. Of the twenty four habit 


planes (normals) predicted (since slip in [110], and 
10.5° of 


the Kurdjumow-Sachs habit (six of which lie within 


[211], were also included) ten lie within 

of the Greninger—Troiano habit, 
7.5° of [111] 4. this 
illustrative problem exhibits both scatter and shift in 


6°). six lie within 10 
and six lie within Thus even 
habit, which can be accounted for by different patterns 
of inhomogeneity in different transformations. 

Of the four habit plane solutions for [O11] , slip, 
one is of the G—-T type, two are of the K-S type, 
and one is a {111}, type. Conversely, all the chosen 


slip directions on the (111), plane give at least one 
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solution that is fairly close to the Kurdjumow 
Sachs habit. 


habit plane normals will have different orientation 


However those solutions having similar 


relationships and macroscopic displacement charac- 
teristics, and thus can in principle be distinguished. 
(111), [121], shear (section 2) not only gives a habit 
plane close to 225 but almost the exact K-S orienta- 
tion relationships. 

The pattern of inhomogeneity was also calculated 
the K-S 


habit and from orientation relationship data” using 


directly from reported observations of 
the “‘inverse”’ graphical method of section 3. Because 
of the manner in which the data are reported, the 
modified treatment delineated in the Appendix was 
necessary. Since the semivertex angles of the Bain 
cones change only a few degrees at most, no matter 
which reported values of austenite and martensite 
lattice parameters are used,* the same Bain cones as 
in Fig. 12 (G-T lattice parameters) were employed. 
For the particular variant of habit plane normal and 


orientation relation chosen, a pattern fairly close to 


(111), [121], shear was found. Thus some kind of 


shear on (111) , in the [121] , direction, or on (011) ,, 


in the [011],, direction, is indicated for this type of 


transformation. However, the experimental data on 
the habit plane normal and orientation relation are 
not reported so precisely as in the G-T case, and 
hence this calculation will be repeated when improved 
data on the K-S type of transformation are obtained 


on a single transformation process. 
5. CONCLUSIONS 
The 


alone 


phenomenological theory 


the 


crystallographic, 


cannot, of course, answer important 


questions why the operable shear mechanism is 


what it is for a particular transformation or why it 
changes with alloy content, temperature, stress, ete. 
This theory is based on the criterion that the strain 
the minimum, which it 


energy at interface be a 


incorporates by postulating that the interface be 


That 
factor is probably the most important one in marten- 
attested by the 
the theory. It does not treat atomic paths, kinetics, 


free from stress on a macroscopic scale. this 


sitic transformations is success of 
or the general thermodynamics of the transformation. 
However this treatment does enable a statement to be 
made from a knowledge only of the crystallographic 


features of the transformation, about which shear mode 


* Hence the K, and K,’ planes will, in general, intersect 
the cone B; for all values of lattice parameters if they intersect 
it at all, and a solution will be possible as explained in 
section 2. Thus the intersection 
at certain lattice parameter values cannot explain the sudden 
shift in pattern and habit. 


nonexistence of such an 
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(and hence which array of dislocations) did operate 


in a particular transformation process—if the proper 


input data are available. The method requires much 
and labor than does with 
the 


calculated by choosing all possible reasonable patterns 


less time 


compal Ing 


observation sets of crystallographic features 
of inhomogeneity. 
It is 


martensitic transformations 


indeed unfortunate that considering the 


many which have been 


studied so few precise values of all the ervstallog iphic 


features of the transformation where a single trans 


formation process re sults in a sinale plate or domain of 


the product phase have bee n reported. In most cases 


(as in the K-S) “average,” “typical,” or “nearest 
rational’’ values are reported and even those data are 
usually incomplete. The importance of the fact that 
the cry stallographic features are irrational has already 
been emphasized in this paper and elsewhere; the 
discussion above makes it abundantly clear why it is 
absolutely necessary to report precise directior cosines 
of the interface (habit plane normal, relative to the 
parent or product axis system (rather than assigning it 
to some nearby rational plane normal which is without 
any physical significance); and again recording the 
direction cosines of the axis and amount of rotation 
describing the orientation relationships (rather than 
merely stating approximate parallelism of simple 
planes and directions). 

Recent 
et 


arrangements and motion of dislocations 


Hirsch 


have permitted direct observation of the 


electron optical experiments by 


It is hope d 


that, through some technique such as _ this 


martensiti trans 


From 


patterns of inhomogeneity fo1 
formations can be establishe d experiment uly 
the 


possibility 


treatment and discussion presented het 


is inferred of putting certain 


dislocations into a metal or alloy befor 


thus predetermining thi 


and the 


mation, and 


inhomogeneity transformation 


This is now being investigated 
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APPENDIX 


The treatment as presented in sections 2 and 3 


necessitate (or 
fact that the 


even when the macroscopic displacement 


does not really even permit) a con- 


sideration of the system is overdeter- 
mined—i.e. 
is ignored, the five 
and the 
sufficient to 


quantities, the interface plane 


normal orientation relationships, are more 


than calculate the four quantities 


specifying the pattern of inhomogeneity (as men- 


tioned briefly in section 3). This section will clarify 


why this is so: when this fact can be ignored and 


the method of section 3 employed as it stands; 


and when the slightly modified treatment which 


follows here must be used. 


Again it is helpful first to re-examine the illus- 
trative problem of section 2. The operations are the 
same as far as Fig. 10 which is here repeated with 
an important addition as Fig. 10-A. The * 


which makes n’ 


‘orientation 


rotation” coincide with n rotates all 


vectors, in particular all vectors which lie on By. 


The rotation of this small circle is easily carried out 


(101 


stereogram as Fig. 10 to which has 
this is discussed 


Fic. 10-A. The 
been added the cone B;'; the significance of 
in the Appendix. 


Same 


sLURGIC: 


VOL. 6, 1958 


c 
B; 


(100), | 


15,10,3), 
(33,22,9), 


Fic. 12-A. Stereogram similar to Fig. 12 to which has been 

added the cone B;'. The conditions under which this modified 

graphical method must be used to determine the pattern 
of inhomogeneity are analyzed in the Appendix. 


and its rotated position 
expected, the 
the vector a 
the 


must lie on 


on the stereographic net* 
is denoted by By,’ As 
vector A’ 
the “orientation rotation,’ a is one of inter- 
sections of Br with B;. Since a the 


interface plane, it is also one of the intersections of 


unit 
after 


since 


must coincide with 


ve the triple intersection 
This focuses attention on the fact 
that the problem is overdetermined that a 
“best fit’’ with the 
from interface plane normal and orientation relation- 
noted that C, is the 


n with B; and therefore must 
of By and n. 
and 
made data 


solution must be 


ships. It will be intersection of 
By and n. 
Rather this 


further, consider the real problem of determining the 


than pursue illustrative example 
pattern of inhomogeneity and see what modifications 
in the operations of section 3. The 
12. In Fig. 12-A, the 


has been applied to B, and B, 


must be made 
steps are the same as far as Fig. 
“orientation rotation” 
has been drawn in. Be intersects B, twice, and it can 
two 
the 


‘orientation 


be determined unambiguously which of these 


intersections is a even without knowledge of 


interface plane normal. Thus the reverse * 
1otation”’ has been applied to both intersections and it 


can be seen that for only one of these are the two 


vectors related along a radius—which must be the case 


if they are a, A and A’. 


normal to a plane determines a cone which is the locus 


One direction cosine of the 


* See 
p- 28. 


for example C. 8. Barrett, Metals, 


McGraw-Hill, New York (1952) 


Structure of 


\ 
By 
—~| Gf O10), 
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of all possible plane normals (or alternatively, the 


equivalent cone to which all possible planes must be 
tangent). If one vector is known which lies in the 


Here, 


the orientation relationships in effect furnish the vector 


plane, the plane is then uniquely determined. 


a which must lie in the interface plane. Thus only 
one of the direction cosines of the interface plane,* 
and hence only four input quantities, are necessary 
to solve the problem; since the interface plane 
normal is usually completely specified (within experi- 
mental error), a “best fit”’ approach is needed. 

of this, however, is 


An interesting consequence 


the observation that the problem is soluble even if 


only the form of the habit plane is given instead of 
the particular habit plane associated with the other 
crystallographic features of a specific transformation 
process. Thus if it is known that the habit plane is 
of the form {hkl}, since in general only one of these 
planes will pass through a, we need only find out 
which (on the net) and proceed with the problem. 
In this 
find the rotated position of n, 
By is 
“orientation rotation” 
Bj. The 


are the same as in section 3. 


modified treatment, it is unnecessary to 
since the 
which C’ is 
and thence C 


remaining 


viz. n, 


intersection of n with from 
the 


along a radius on 


found by 
arguments 
in section 3, 
the 


ignored or suppressed, is adequate in cases where the 


Thus the treatment where the over- 


determined nature of problem is_ effectively 
plane are 
Unfor- 


tunately the number of such cases is limited, and 


orientation relationships and the habit 


given for a single transformation process. 


Note added in proof. If 
known, then there are two intersections of the cone with the 
plane whose normal is a and these must be checked to deter- 
mine which is n. However (H.M. OTTE, private communi- 
cation) in practice, the intersection of the habit plane with 


a particular direction cosine is 


an arbitrary plane of polish gives a vector in the habit plane 
(one-surface analysis) which together with Q unambiguously 
determines n. 
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the method as modified in this Appendix must b 
used where only the form of the habit plane normal 


and the orientation relationships are known 
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THE DEFORMATION AND FRACTURE OF ALPHA-IRON AT LOW TEMPERATURES* 


W. D. BIGGS*t and P. L. PRATT?T 


+ 


The stresses for slip, twinning and cleavage of single crystals of alpha-iron have been determined by 
means of tensile tests at 183°C. The yield behaviour at 183°C was studied after twinning had been 
inhibited by pre-straining at room temperature; values for the upper yield stress were best described 
by a Cottrell—-Bilby type of relation. Twinning occurs as the result of a burst of dislocations released 
at the upper yield point and is considered to precede fracture, even in those cases where twin forma- 
tion cannot be detected during testing. 
the formation of piled up groups of sufficient magnitude to cause fracture. 


Such twins provide the necessary barriers to slip and permit 
Hence the elimination of 


twinning by pre-straining or decarburization eliminates fracture by cleavage. 


DEFORMATION ET RUPTURE DU FER « AUX BASSES TEMPERATURES 
Par des essais de tractiona 183°C, les auteurs ont déterminé les tensions de glissement, maclage et 
clivage de monocristaux de fer x L’apparition de la premiére déformation plastique a —183°C a été 
étudiée aprés que le maclage ait été empéché par pré-déformation a la température ambiante; c'est une 
relation du type Cottrell-Bilby qui prévoit le mieux les valeurs de la tension supérieure d’amorce de 
déformation plastique. Le maclage se produit par suite du déplacement soudain de dislocations libérées 
au moment de l’apparition de la premiére déformation plastique. On suppose qu ‘il précéde la rupture, 
méme dans les cas oti la formation de macles ne peut étre détectée pendant essai. Ces macles sont en 
effet des obstacles au glissement et elles permettent la formation d’empilements suffisamment importants 
pour provoquer la rupture. Ainsi, |’élimination du maclage par une déformation préalable ou une 
décarburation élimine la possibilité de rupture par clivage. 


VERFORMUNG UND BRUCH VON ALPHA-EISEN BEI TIEFEN TEMPERATUREN 
Einkristallen die fiir die Bildung von mechanischen 


Mit Zugversuchen bei 183°C wurden an «-Eisen 
Weiterhin wurde das Fliessver- 


Zwillingen und von Spaltbriichen notwendigen Spannungen bestimmt. 
183°C untersucht, nachdem die Zwillingsbildung durch eine Vorverformung bei Raum- 


halten bei 
Die beobachteten Werte der oberen Streckgrenze lassen sich am 


temperatur verhindert worden war. 
besten durch eine Beziehung vom Cottrell—Bilbyschen Typ beschreiben. Die Zwillingsbildung tritt als 
Folge eines an der oberen Streckgrenze ausgelésten Versetzungsausbruches auf und wird als Vorstufe des 
Bruchs angesehen, und zwar auch in denjenigen Fallen, in denen wahrend des Versuches keine Zwillings- 
bildung festzustellen ist. Diese Zwillinge stellen die erforderlichen Gleithindernisse dar, die geniigend 
grosse Versetzungsaufstauungen erméglichen, um den Bruch einzuleiten. Daher lasst sich der Spaltbruch 


durch Unterbinden der Zwillingsbildung infolge Vorverformung oder Entkohlung verhindern. 


1. INTRODUCTION ship between discontinuous yielding and fracture 
The origin of fracture in polycrystalline materials proposed by Stroh.§ 
has been considered by Mott’ and Stroh, 


ind it appears that the principal requirements for 

the nucleation of fracture are (a) the accumulation Polyery talline wir mm in diameter, of Armco 
\f dislocations at a suitable barrier in the form of a "0" and low carbon steel having the composition 
shown in Table (A) were used. 


After straightening, the wires were decarburized in 


wet hydrogen for 48 hr at 700°C and were then grown 


grain boundary, and (b) a rigid matrix around the 
barrier in which the dislocations are anchored by 


solute atoms so as to delay the onset of yielding in 


the material. In single crystals, however, it is 
difficult to visualize a barrier which is as strong as a § Note added in proof. In a recent paper Cottrell’ has 
suggested a process in which a cleavage crack is formed along 

the junction of two intersecting slip planes in body-centred 
to show how such a barrier may arise, and to present process he need for a 
. of the grain-boundary type in single crystals and may help to 

account for the fracture of crystals in which twinning is not 
detected. However both this process and our twin barrier 
model rely upon dislocation locking for brittle fracture and, 
private communication, the 


grain boundary, and in this paper an attempt is made 


some experimental evidence confirming the relation- 


* Received February 14, 1958. as Cottrell has indicated in a 
metal will make use of all the barriers provided irrespective of 
Birmingham. their nature. Thus our pre-strain experiments do not help to 

+ Present address: Murex Welding Processes Ltd., decide which of the two is the more important as a crack 
Waltham Cross, Herts. nucleating process in single crystals. 


+ Department of Physical Metallurgy, University of 
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ALPHA 
TABLE (A) 
Material 


Code Mn 


Mild steel MS 
Armco iron* A 


0.06 Tr 
0.027 0.02 


0.30 
0.05 


0.04 
0.03 


0.04 
0.008 


* Supplied by British Iron & Steel Research Association, 
Code Number ADB. 


into single crystals by the strain-anneal method. In 


order to equalise the somewhat variable carbon 
content of the crystals they were re-carburized for 
15 min in N-pentane vapour at 700°C followed by 
homogenization at 650°C for 5 days. The amount of 
carbon introduced by this method approaches the 
limit of accurate chemical analysis, but typical values 
lay between 0.003 and 0.007% C. 

All specimens were electropolished before testing 
the 
Polanyi type using a strain rate of 10~4/sec on a gauge 
length of 4 cm. 
was that due to uncertainties in the measurement of 
This 


travelling microscope accurate to 0.001 mm and thus 


and were strained in a hard beam machine of 


The greatest single source of error 


specimen diameter. was carried out with a 
the maximum uncertainty in the computed values of 
applied stress would be about 10 per cent, but this 
was reduced by measuring the diameter at six points 
along the gauge length and calculating the applied 
stress on a basis of the mean value of diameter. 

3. EXPERIMENTAL RESULTS 
Effect of orientation and composition 


A series of crystals was tested at 183°C in the 
“as grown’ (annealed) condition. Some typical stress 
strain curves are illustrated in Fig. 1. Crystals with 
orientations away from the (011)—(111) line deformed 
mainly by mechanical twinning, e.g. MS28, MSI, 
MS7S8. and failure occurred by cleavage after a small 


amount of plastic deformation (usually less than 5 


trai 1 
Strain x 


Fic. 1. Typical stress-strain curves of single crystals of alpha 
iron strained in tension at 183°C. 


IRON AT 


LOW TEMPERATI 


Fie. 2. Effect of 
tested at 


initial orientation on behaviou 


183°C. C 


oft er’ 


arburized for 15 mir 


rvstals « 


O11)—(111) 


only a few twins in the early stages of deformation 


per cent). Crystals lying near formed 


and then extended in a ductile manner with, in some 
cases, an indication of a yield point (MS11). In these 
cases fracture occurred by “‘slipping off” after con- 
the 
“ductile 


Fig. 2) and this is 


siderable plastic deformation. Inspection of all 
results indicated a boundary between the 
and “‘brittle’” types of behaviour 
in qualitative agreement with other recorded data.“.® 
orientations within the 


Some whose 


crystals lay 
“brittle” region were further decarburized for 240 hi 
whilst others were carburized for 30 min in place of 
the normal 15 min, both batches being subsequently 
homogenized at 650°C. The decarburized crystals 
exhibited no twinning upon first testing at 183°C 


Fig. 3 A217), 


183°C was obtained in specimen A223 


although very slight twinning 


after ageing 
at room temperature. Both of these crystals broke i 


a completely ductile manner after considerabl 
plastic deformation 
Al27 and A174, failed by cleavage after ful y 


deformation 


The doubly carburized speci 


Thus decarburizing appears 


the range of orientations in which ductile 


Fic. 3. Effect of compo 
A217 and A223 were de 
were 


arburized for 30 min 


the boundary 


Brittle 
\/ | 
| | 
| 
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TABLE l. 
Fractured Cry stals 


Twinning stress 


resolved on 
[winning 
stress 


(S.P.) 


(112) 


A147 
A208 
MS15 
MS28 
MS51 
MS4 

MS29 
MS5 

MS78 
MSI8 
MS65 
MS! 


Note 4 


* Included grains identified on fracture surface. 


is found at 183°C. The presence of 0.3°, Mn, in 
the crystals grown from the low carbon steel, had 
effect of widening the range of ductile 


this same 


orientations. 


Twin Ning 


When 


183°C twinning invariably occurred in bursts (Fig. 1) 


annealed single crystals were strained at 
and the observed stresses resolved into various planes 


Table 1. 


revealed that twinning was most prolific upon that 


are given in Metallographic examination 


system carry ing the greatest resolved shear stress for 


formation of tension twins. The plane carrying the 


greatest resolved shear stress is (211) for most orienta- 


tions, but according to Schmid and Boas‘® twinning 


on this plane would cause a reduction in length of 
the specimen. Some compression twins on this twin 


system—(211)[111}|—were found in nearly all the 


specimens examined but these were generally few in 
number; Paxton’? has suggested that these are 
associated with an accommodation mechanism which 
relieves the high stresses around the tips of the 
“tension” twins during their propagation. 

183°C on mode of 


Effect of pre -strain above 


de formation at 183 & 


Although it is not generally possible to determine 
183 


the yield stress for slip of alpha-iron at 
because twinning is the preferred mode of deformation, 
twinning may be suppressed by a small amount of 


plastic strain at a higher temperature.) In the 


present work crystals were generally pre-strained at 


room temperature, the amount of pre-strain being 
measured from the end of the lower yield extension, 


Stress for twinning and fracture of single crystals at 


Fracture y 
No. 


stress 


All stresses in kg/mm?. Crystal orientations in Fig. 13. 
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183°C 
Unfractured Crystals 


Twinning stress 
Twinni resolved on 
winning 


stress 


(112) (S.P.) 


M S50 


i.e. When the strain in the crystal was substantially 


uniform. After straining, the load was relaxed to 
about one-quarter of the yield stress, maintained at 
this level to preserve axiality, and the specimen was 
then totally immersed in a bath of liquid air. Boiling 
of the coolant always ended within 2 min of immersion. 


) 


Nine crystals were pre-strained about 2 per cent 


(1.8-2.1°,) at room temperature and, on subsequent 
curves of the type illustrated in 
These show that the effect of 


pre-straining is to eliminate brittle fracture at the low 


testing at 183°C, 


Fig. 4 were obtained. 


temperatures, extending the single result of Cottrell 
and Churchman’ to a wide range of orientations. 

The random distribution of orientations of single 
crystals grown by the strain—anneal method prevented 
the use of crystals of identical orientation to determine 
the effect of the amount of pre-strain. Thus it was 
only possible to select several groups of crystals whose 
initial orientations lay between two selected great 
circles through the [11] 


these groups were pre-strained by varying amounts 


slip direction. Crystals in 


ress, kg 


c+ 


Strain x10 


4. Crystals strained in tension at 183°C immediately 
after pre-straining by 2 per cent at room temperature. 


696 
No. 
37.8 12.7 16.0 51.5 All7 28.1 13.7 14.0 
38.2 12.6 15.8 51.6 All2 33.1 14.8 14.8 
34.9 17.3 17.9 17.9 A118 38.8 16.1 19.1 
42.9 20.9 21.9 $5.5 Al21 31.8 12.3 14.6 
41.5 19.4 20.8 46.9 A108 34.5 12.8 15.7 
37.1 18.9 18.8 46.0 Al24 40.8 14.8 20.4 
11.0 15.7 20.6 52.6 A126 33.7 10.0 16.8 
49.4 16.8 24.5 §2.2 All5 39.6 10.0 16.8 
34.8 15.8 17.2 42.0* MS42 41.4 15.9 20.5 
29.1 14.0 16.0 16.5* MS76 36.0 13.4 17.6 
39.1 15.4 19.2 $0.9* 18.4 22.4 
$2.9 14.9 20.7 41.3* 
6 
1905 
SOL 
, 40 
.. 
| 
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Stress, kg/mm? 
O 


Stain x10 


Fic. 5. Effect of amount of pre-strain upon the stress—strain 
curve at 183°C of a group of similarly oriented crystals. 


up to 9 per cent and immediately tested at 183°C, 
The stress-strain curves at this temperature for one 
such group are illustrated in Fig. 5, and these results 
The 


straining temperature did not substantially affect the 


are typical of the other groups tested. pre- 
shape of the stress-strain curve which was obtained 
at 183°C, providing that plastic deformation by 
slip and not by twinning occurred during pre-straining. 
From an examination of Fig. 5 it is clear that the 
curves at —183°C exhibit two significant features: 

(a) When the pre-strain is less than 2 per cent the 
yield point is not fully eliminated, and reappears as a 
rounded yield with a considerable lower yield exten- 
183°C. 

) 


(b) Specimens pre-strained less than 2 


sion in the test at 
per cent 
commence to flow at a comparatively low stress well 
below the normal yield point, and exhibit a rapid 
rate of hardening; there is a plastic strain of approxi- 
mately 1 per cent before discontinuous yielding 
occurs. 

Data on the yield point experiments are presented 


in Table 2 in which the stresses are resolved upon 


the plane of maximum shear stress. This convention 


was adopted in view of the uncertainty of the slip 


system in alpha-iron. Fig. 6 indicates that the 


TABLE 2. 


Plastic flow 


Pre-strain* 
commenced. 


oO 


kg/mm? 


MS94 
MS91 
MS78 
MS49 
MS64 
MS85 


MEAN 


* At room temperature. 
Crystal orientations in Fig. 13. 
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Fic. 6. Effect of prior twinning on cr 
(A) Crystals pre 
183°C, (B 


pre-strained 2 per cent at 


strained 2 per cent at 20° 


Crystals strained until twins for 


ind immediate 


183 


presence of twins has no significant effect upon the 


mode of deformation of a pre-strained crystal at 


183°C; although prior twinning raises the stress 
necessary for plastic flow at 183°C, the behaviour 


remained ductile at that temperature 


Fracture 


The observed fracture stresses 
Table 1, 


resolved normal to the cleava 


(i) Annealed « rystals 


of the annealed crystals are given in and 


when these are ge plane 
(O01) there is a marked dependence on orientation; 
this dependence can be reduced if the fracture stress 
is resolved as a shear stress on the slip plane and in 
Fig. 7) 


(ii) Pre-strained crystals 


the slip direction 
The 


described in the previous section could be eliminated 


ductile behaviow 
if the specimen were suitably aged either after thi 
temperature or the 
After ageing 


183°C reverted to that disp! > 


room plastic flow 


pre-strain at 


> 


which occurred at 
haviour at 
annealed cry stals at that te mperature, v1 twl 

followed by cleavage after little plastic deformation 


l 


Straining by 2 per cent at 183°C (with the crys 


Resolved yield stresses of single c1 


“a 
40} 
| 4 
4 | | 
| | 
} MS 94 MS 8! MS 66] MS 70] MS30| MS 81 £ | 
(1-0 “/o) (1-9 (7° 2 
| 
1 il 
weer 
d at 183°C, 
6 
ystals at — 183" 
Drop in Extensior 
0.4 12 19.2 0.3 1.4 
0.7 12.1 18.0 0.2 2.0 
0.7 11.0 17.8 0.9 2? 0 
0.7 12.3 17.2 0.] 1.4 
0.9 18.4 1.5 
1.0 10.8 18.7 0.5 
11.6 18.2 


Resolved on plane of maximum shear 


} 


Strain-aged crystals 


| crystals 
0° 20° 40° 20° 
Angle between tension axis and (001) plane 


40° 


Cleavage stress of annealed and strain aged crystals 
) and resolved on plane 


Fic. 7. 
resolved normal to cleavage plane (| 
of maximum shear ( 


in the ductile condition), followed by ageing at room 
temperature, did not appear to affect the subsequent 
fracture stress measured at 183°C. Microscopic 
examination of the cleavage surfaces of many of these 
specimens revealed the presence of small included 
grains. 

ili) Examination of cleavage surfaces. The only 
specimens which exhibited complete brittleness were 
the doubly carburized crystals, and the cleavage 
well defined rectangular 


surface of these showed a 


block structure (Fig. 8), produced by the traces of 


mechanical twins in the (001) cleavage plane, although 
the formation of twins was not recorded during the 
test. 
to twins on {112} was obtained in the present case 


actual Confirmation that the traces were due 
by two-surface stereographic analysis, and also by 
polishing away the fracture surface, when the block 
pattern is delineated by Neumann bands."°) 

The radiating pattern within each block is charac- 
teristic of the extension of a crack which is nucleated 
from a point and spreads out fanwise from this source. 


Most of the blocks show a separate nucleation of the 


~~ 


pattern on the surface of doubly carburized 


crystal (A127). 200. 


Fic. 9. Fine structure near twin on cleavage surface. 1250. 


fracture front, which apparently crosses the crystal 
discontinuously, being impeded by the presence of 
the twins. For those crystals oriented near to (O01) a 
radiating pattern is often barely discernable and the 
block structure persists to the limits of microscopical 
resolution. Zapffe and Moore” have suggested that 
these fine blocks are caused by parting on the cube 
planes, but there is no evidence in the present work 
to confirm this. 

In those tensile specimens where twinning was 
recorded prior to fracture, the cleavage surface again 
showed a series of separate nucleations at twins or 
their 
structure near to the twins (Fig. 9) but it was not 


intersections. Many specimens revealed fine 
possible to identify these markings unequivocally. 
They are thought to be slip lines, and are presumably 
created by the release of dislocations after the passage 
of the crack. 

Bi-crystals with a boundary lying approximately 
normal to the tension axis fractured intergranularly 
at stresses of 30-35 kg/mm?. Macroscopically the 
fractured surface was similar to a cleavage fracture, 
being smooth and highly reflecting, but microscopically 
the intergranular fracture was rounded and often 
showed small pits or globules which were probably 
associated with the presence of non-metallic inclusions. 
It was thus comparatively easy to eliminate those 
crystals where cleavage had been nucleated by inter- 
10). 


Crystals lying near to (001) showed a very high pro- 


granular fracture at an included grain (Fig. 


portion of included grains, mostly bearing a twin 
relationship with that of the parent crystal, and this 
is probably associated with the fact that the preferred 
orientation for growth lies near (O11), which is close 
to a twin orientation with (001). The presence of 
such included grains may account, in part, for much 


of the scatter associated with the determination of 
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\ On : decarburized iron with a carbon content of 0.01 
a 196°C, found the boundary between 34° a 


from {OO1). In the present work. with decarburized 


iron recarburized to 0.005 C, the boundary at 
183°C lies at about 36° from [O01], while the addition 

of 0.3°, Mn shifts th boundary towards by 

some 3°. More significantly, the effect of decarburizing 

for 240 hr, instead of shifts the boundary 

towards [O01] by at leas so that crys vithin 

20° of [OO1] are fully ductile From this 

that decreasing the carbon content increas 

\ of ductile orientations. and this is almost cert 

os to the accompanying decrease in thi 


stress fol slip The beneficial effect 


| 
Fic. 10. Cleavage fracture nucleated at an included g might also be ¢ xplained in the same way 
100 stitial carbon atoms will be attracted to the 


the cleavage stress, especially at onentations atoms and cluster preferentially 


(OOL1). Before examining the t mperature ce pendence ot 
DISCUSSION yield stress, the evidence for a critical resolved shear 


Deformation by slipping, and the ductile—brittle stress law must be considered. Cox ef al. concluded 


boundary that the critical resolved shear stress law is 
j criterion for the initiation of slip in alpha-iro1 

In general agreement with the results of other 
they did not study a sufficiently wide rat 
studies of single crystals of high purity iron, crystals 
: orientations at any one temperature to 
of all orientations tested at temperatures above 
unequivocal conclusion to be drawn 
100°C deformed by slip and were found to be fully 
y considered that. below room temperature 
ductile. At 183°C a ductile—brittle boundary was : 
resolved shear stress for slip depends 
found, separating ductile crystals, with orientations : 
’ a orientation of the crystals the higher value 
near to the (O11)-(111) line, from those near to [001 nae 
' critical shear stress being associated with higher 
which behaved in a brittle manner. In particular, 
of cos @ cos A. Unfortunately the limited ra 
the present work throws more light on some of the ; 
digit : orientations studied and the experimenta 
factors determining both the position of this ductile ' ale 
(especially at makes it difficult t 
brittle boundary, and also the temperature dependence 
unambiguous conclusion. Their results indi 
of the flow stress of iron single crystals. 


Allen et al.,™ testing high purity NPL iron with a 
carbon content of 0.0027°, at 196°C, found the 


the average value of the critical shea 
crystals whose orientation permitted slij 


: was 19.1 kg/mm* (upper yield stress) or ] 
ductile—brittle boundary to be a line lying at about 


. . (lowe1 Vit ld stress For crystals nei 
30° from [001], Fig. 11. Similarly Cox et al., testing 


occurred (without prior slip) at a stress of 2 
when resolved on to the appropriate 
Thus a phenomenological description of the 
led Allen et al. to the conclusion that 
strength of crystals neat OOL! must exces 

of 25.7 ko The « Xplal suggested 
highet vield stresses involves. the movemel 
interaction of dislocatioi nm intersecting 
with the consequent torn ion of sessiles 
implies that the critical she stress law 
irrespective of orientation. Ne OOL}] how 
y \ rate of work hardening is so rapid that 


CD from linearity on the stress—strain 


Fic. 11. Approximate position of ductile—brittle boundary to detect. and it is possible that plastic deform 
according to various authors. A—decarburized crystals: 
B—Allen et al.: C—cervstal containing Mn: D—Cox et al.. 

armco iron crystals. commenced at the critical shear stress of ~19 kg/mm? 


of crystals of this orientation may, in fact, have 
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emperature, 


Critical resolved shear stress for slip of iron single 


Fic. 12. 


crystals. 


Such deformation would produce dislocation ‘‘pile- 
ups at barriers, and fracture would occur at a higher 
stress after an undetectably small amount of plastic 
flow. 

To determine the temperature dependence of the 
resolved shear stress for slip it is necessary to prevent 
twinning at 183°C, and in the present work the 
technique of pre-straining at room temperature was 
In this way deformation by slip could be 
the 


function of 


adopted. 
made to take place for all orientations, and 
shear stresses are shown as a 
Fig. 12. 


is the value listed in Table 2 at which plastic 


resolved 
temperature in The lower yield stress at 

flow commenced, after the pre-strain, rather than the 
drop in load” value, since the former is the stress at 
freed 
during the pre-strain, can move through the lattice 
183°C may 


which dislocations. from their atmospheres 
at 183°C. The upper yield stress at 
ve slightly in error because no account has been taken 
of the rotation of the lattice, or of the work-hardening, 
induced by the 


Nevertheless the values of the upper yield stress are 


pre-strain at room temperature. 
in fair agreement with those obtained by Cox and by 


Allen. 
results and those of Allen ef al. 


The major differences between the present 
are (a) the greater 
discrepancy between upper and lower yield stress at 
in the present work and (b) the linearity of 
With 


regard to the former it has already been suggested that 


183°C 


the temperature dependence found by Allen. 


plastic flow might have commenced at a lower load, 
and it is certainly significant to note that the difference 
between the upper and lower yield stress according 
to Allen is of the same order as the “‘drop in load’”’ 
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recorded in our tests and listed in Table 2. The linear 
relationship between the yield stress and temperature 
which was reported by Allen et al. is puzzling, and 
although it is analogous to the behaviour of cold 
worked f.c.c. metals, the temperature dependence is 
several orders of magnitude greater than that of 
copper or aluminium. These observations are, 
however, not confirmed in the present work where 
the results, and those of Cox e¢ al., are better described 


by a relation of the Cottrell-Bilby type.“”? 


Twinning 

Allen et al. have made a detailed study of the atom 
movements in the twinning of alpha-iron, and of the 
twinning systems which operate during tensile defor- 
Our results, and those of Cox ef al., confirm 
their that that 
carrying the highest resolved shear stress, which gives 


mation. 


view twinning occurs on system 


a tensile strain and not a compressive one. For 
lattice, Cottrell and 
with 


twinning to occur in the b.c.c. 
Bilby“*) that a 
Burgers’ vector 4a{111] must dissociate into partials; 


have proposed dislocation 
one partial is the fixed pole dislocation round which 
the other partial dislocation rotates to produce the 
twin. This mechanism requires a high stress to 
nucleate the twinning dislocation, and a much lower 
stress to propagate the twins once the stable nucleus 
has been formed. Bilby and Entwisle“® have sug- 
gested that a pile-up of dislocations at a barrier 
provides a suitable stress concentration to form the 
twin nucleus, and Bell and Cahn") have demonstrated 


quantitatively and metallographically that this model 


applies to the twinning of zinc. 

183°C 
in our work may be interpreted in terms of this account 
For, when the twinning 


The experiments on crystals twinned at 


of the formation of twins. 
stresses are resolved on to the slip plane carrying the 
maximum shear stress, as in Table 1, the values are 
at least as constant as those resolved on to the twinning 


© 420%, 


147 
65 + 


Orientations of crystals listed Tables 1 and 2. 


Fic. 13. 
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plane; and moreover, they are nearly equal to, or 


slightly higher than, the upper yield stresses of the 
183°C. 
This implies that twinning occurs after the upper 


pre-strained crystals deformed by slip at 


yield stress is reached, and, because of the great 
disparity between the upper and lower yield stresses, 
the release of dislocations is a very rapid process. 
This the 


formation of a sessile at the head of the array. or 


burst of dislocations may be held up by 
perhaps at the boundary of a small included grain or 
non-metallic inclusion. It seems that a burst of slip 
is necessary since there is no detectable deviation 
The first 


twins to form, like Liiders’ bands, usually appear 


from linearity before the first twin forms. 


near the grips and, as mentioned previously, a number 
of twins form consecutively to give a burst of twinning 
and a large drop in the applied stress. Subsequent 
tend to fill in the of the 


The stress-strain curves indicate that after 


bursts remainder gauge 
length. 
the first burst of twins some slip takes place before a 
which 


fresh batch of twins is formed. The stress at 


this slip occurs is generally close to the upper yield 


stress, and is probably associated with the piling-up of 


These 


piled-up groups may create more twins, or, if large 


more dislocations behind the existing twins. 


enough, can lead to fracture as explained in the final 
part of the Discussion. The increased stress at which 
twinning returns, in crystals aged after straining at 

183°C, and the inability of pre-strained, or decarbu- 
rized crystals to form twins, are analogous to the 
classical yield point experiments at higher tempera- 
tures. 

On this basis the nucleation of twinning occurs after 
the upper yield stress, by the rapid formation of a 
moderate pile-up of dislocations at a suitable barrier. 
Twinning will be favoured by deformation at low 
this the 
between the upper and lower yield points) and by 
and [110] (so that 


intersecting slip will occur to form sessile dislocations). 


temperatures (since increases difference 


the choice of orientations near [001 


Provided the nucleation conditions are satisfied, it 
seems that the resolved shear stress on the twinning 
plane is sufficient to propagate the twin until stress 


relaxation takes place. 


Cleavage 

Those crystals which broke in a brittle manner 
relatively flat (001) 
the 


twinning in the previous section, we 


failed by cleavage, exhibiting 
Following description of 
that 


fracture is nucleated by the pile-up of 


fracture surfaces. 
believe 
cleavage 
dislocations against the boundary of a twin, which 
has already been nucleated by the burst of dislocations 
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released at the upper yield stress. During the pro- 
pagation of this cleavage crack the stress field ahead 
of the further 


temporarily arrest the running crack but are unable 


crack nucleates twins, which may 
to stop its propagation. 

Evidence for this suggestion 1s provided by the 
relatively constant values obtained when the fracture 
stress is resolved on to the slip plane, as shown in 
This 


fracture cat 


Fig. ee suggests very strongly that cleavage 


only take place when the upper yield 
is further 
16) and of 


Further 


strength has been exceeded, and this view 
the 


Owen et al, 7 on 


supported by experiments of Low. 


polycrystalline iron 
examination of the stress-strain curves of all of the 
brittle crystals in Fig. 2 showed that twinning had 
fracture. Even the recarburized 
crystals (A127 and A174 of Fig. 3), 


twinning in the stress-strain curve, showed profuse 


occurred before 


with no apparent 


twinning near the fracture and, more important, a 
remainder of the 
According to Allen ef al. “crystals neal 


196°C with no 


number of twins over the 


gyauge 
length. 00] 


gave cleavage fractures at sign of 
plastic deformation on the load-elongation curve’, 
but they have pointed out that their photographic 
stress-recording device was unable to follow the 
rapid fall in load when twins formed, and that twins 
were in fact found in the broken crystals 

According to the dislocation theory of fracture, the 


criterion for cleavage is 


where: 
o is the tensile stress across the cleavage plane 
Oons is the theoretical cohesive strength 
K is a constant of order unity, 
L is the length of slip line, 
7 is the applied shear stress, 


and D ub/2z7(1 y) 


u being the shear modulus, ) the Burgers vector and 


y Poisson’s ratio. Experiments on polycrystal 


metals show that JL can be replaced by d, the 
this determines the maximum leng 


since 


diameter 
of the dislocation array. In the present case L 


be replaced by T’, the mean distance between twins 
This was measured on all the fractured crystals and 
3 em was found. Substituting 


with D 


a mean value of 3 LO 


this value in equation (1 104 dyn/cm, and 


the shear stress at fracture 7 24 10° dyn/cm? we 


find that o ~ 10!2 dyn/em?. This value is somewhat 


larger than the estimates of the theoretical cohesivé 


strength of 0.1G and 0.7G by Osowan"® and 


Stroh" respectively. Similarly from equation (1 
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n, the number of dislocations required in the pile-up, 
is found to be about 1000. 
Furthermore for polycrystalline iron Petch has 
shown that 
(2) 
9 and k and d is the grain 
diameter. o, is a frictional force opposing the motion 
Petch'?® 


suggested that this comprises a small Peierls—Nabarro 


where o are constants. 


of dislocations. and Cracknell and have 


force term, and a term dependent on the concentration 


of C N in the lattice. Rewriting Petch’s equation 


in the form 
») 


and Cracknell and Petch’s value of O, at 


196°C, for iron with 0.0059, C 


taking 
as 6.3 kg/mm? we 


find in our case a value for k of 2.2 108 ¢.g.s. units. 
This compares satisfactorily with Petch’s value of 


2.3 108 ¢.g.s.. and Stroh’s theoretical estimate of 


1.9 108 ¢.g.s. units. 


Weiner and Gensamer"! 


have successfully used this 
treatment to explain the brittle fracture characteris- 
tics of zine single cry stals in various states of pre-strain 
and environment. For zinc the same conclusions are 
reached, namely that the dislocation theory of fracture 
adequately describes the effects, and that twins play 
an important role by modifying the dislocation path 
and acting as barriers. Quantitatively, by inserting 
measured values of twin spacings, good agreement was 
found between experimental values of *& for single 
zine. Following 
brittle 


and _ for pe yerystalline 


Pratt’) has suggested that 


crystals 
Morton et al.,{?? 
fracture in zinc is due to the inability of dislocations 


to climb out of a pile-up and so to accommodate 


sharp orientation gradients. Thus the brittle—ductile 
the 
hence 


transition in zine corresponds broadly with 


which dislocation climb, and 
first 


temperature at 


recovery, can take place, as Seeger also has 


observed." In iron on the other hand, there is a 
sufficient number of slip systems to accommodate 
orientation gradients without dislocation climb, and 
here the transition temperature appears to be deter- 
mined by Stroh’s criterion of delayed yielding around 
the pile-up. In spite of the large differences in the 
transition temperature relative to the melting points 
of iron and zinc. the dislocation theory of cleavage 
the effects 
It is quite clear that dis- 
196°C in both metals, 


fracture gives a_ good description ot 


observed in both metals. 
locations are free to move at 
and it is the movement of the dislocations which leads 
to fracture. 

The present experiments, involving extended decar- 
and brittle crystals at 


burizing pre-straining of 
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the ductile—brittle transition, 


serve to confirm these ideas. In the case of the doubly 


temperatures above 
decarburized crystals the ductile behaviour in other- 
wise brittle orientations is explained by the absence of 
dislocation locking, and hence of an upper yield 
point as shown in Fig. 3. In this way the formation 
of twins is largely suppressed, and any pile-ups which 
do form will be relieved by slip since the surrounding 
sources are not locked. The effects of pre-straining 
at room temperature are rather more complicated, 
for a number of factors are influenced by the pre- 
strain. Clearly the suppression of twinning by prior 
slip, first observed by Pfeil," will serve to eliminate 
and this alone would make 


the dislocation barriers. 


the crystals ductile. On our model this suppression 
is simply explained by the elimination of the upper 
vield point. and of the subsequent burst of dislocations 
required for the initial nucleation of twinning. Ageing 
after the pre-strain causes the yield point to return, 
and thus twinning may occur again, as found by 
Pfeil. A high rate of straining may also produce the 
burst of dislocations required for nucleating the twins 
even in pre-strained crystals, and this is supported 
by the general observation of twins close to the path 
fracture and by Tipper and Hall's 


of a cleavage 


experiments on shock loading of  pre-strained 


crystals.) Furthermore, pre-straining pulls most of 
the potential dislocation sources away from their 
Cottrell atmospheres, and thus, even if twin barriers 
were to form, the dislocation sources around pile-ups 
would be unlocked and able to operate freely as 
A third effect of prior plastic 


indicated in Fig. 6. 
deformation is to increase the number of screw dis- 
locations cutting the potential cleavage plane, as 
shown by Fisher'*® and Pratt,'?” and more recently 
by Gilman."®) This increase in the density of screw 
dislocations increases the effective surface area of the 
cleavage plane by introducing new cleavage steps, and 
hence a greater energy is required to propagate the 
crack. While this factor may be effective at large 
pre-strains, the reversion to cleavage fracture upon 
after that the 


elimination of the yield point is the most important 


ageing small] suggests 


pre-strains 
factor in our work. In polycrystalline metals, Green- 
wood and Quarrell® showed that a pre-strain of 30 
per cent elongation eliminates brittleness in zinc, and 
Jaldwin™®) found that both 


zinc were less liable to fracture at low temperatures 


Ripling and steel and 
if there was prior heavy deformation at high tempera- 
ture. The increased density of screw dislocations may 
play some part here, but such heavy deformations 
may well break up the grain structure so that large 


The 


pile-ups of dislocations can no longer occur. 


U 
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elimination of large pile-ups by any means whatsoever 
is sufficient to eliminate brittleness, and in this respect 
reduction of grain size, or the addition of a suitable 
precipitate, so as to shorten the slip path, are well 
known aids to ductility. 

Contrary to general belief, Allen ef al. found that 
the cleavage strength and fracture strength of iron 
crystals at 253°C is substantially higher than at 

196°C, and this fits well with our description of the 
cleavage fracture process; the upper yield stress 
continues to increase with decrease of temperature 


down to —253°C, and thus greater measured fracture 


stresses are required to release the initial burst of 


dislocations. At this low temperature Wessell,@!) and 
Basinski and Sleeswyk,*) have shown that plastic 
deformation of iron takes place by a series of repeated 
discontinuous yields, and these bursts of dislocations 
are aided by localized heating in the deforming regions. 
This massive discontinuous yielding should favour 
the initiation of twins and hence of cleavage; this is 
substantially confirmed by Allen et al. who found that 
crystals of all orientations broke by cleavage at 
253°C 


From an 


, with detectable twinning near {011}. 


examination of the cleavage fracture 


surfaces we consider that the crack propagated in a 


discontinuous manner with the repeated formation of 


twins ahead of the advancing crack, after the model 
Bilby and Bullough.@*) These 


temporarily arrest the running crack but are unable 


proposed by twins 
to stop its propagation, and re-nucleation takes place 
on the far side of the ruptured twin. On the cleavage 
surface it is difficult to distinguish twins produced in 
this way, i.e. by stresses ahead of the crack, from those 
produced simply by the applied stress before failure 
occurred. Both give rise to the same typical fracture 
surface patterns, and the former may only be distin- 
guished by their grouping close to the path of the 


erack. 


Conclusions 


1. Brittle 
described by the dislocation theory of cleavage. 


fracture of iron single crystals is well 
Twin boundaries act as the necessary dislocation 
barriers. 
Twins are nucleated by a burst of dislocations 
released at the upper yield point. 

The elimination of twinning, by pre-straining or 


by decarburization, eliminates the brittle fracture. 


[RON AT 


5. Once nucleated, a cleavage 
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crack causes repeated 

twinning ahead of itself, but the resulting retarda- 

tion of the crack is unable to stop its advance 
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LIQUID IMMISCIBILITY IN COPPER-IRON AND COPPER-COBALT 
SYSTEMS IN THE SUPERCOOLED STATE* 


Y. NAKAGAWA? 


The constitution of both Cu-Fe and Cu—Co alloys in the liquid state was studied by the following two 
methods: the measurement of magnetic susceptibility at high temperatures, and the microscopic exami- 
nation of quenched specimens. Since the liquid alloys were supercooled 100°C or more, the investigation 
could be extended to the metastable region below the liquidus curves. 

In both systems, the liquid immiscibility has been found only in the supercooled state. The immisci- 
bility gap is nearly symmetrical about the axis corresponding to the equi-atomic composition. The 
and 90°C below 


the liquidus curves at the equi-atomic composition. The results are related to the activities for the liquid 


temperatures of critical mixing for the Cu-Fe and Cu—Co systems are respectively 20 
solution on the basis of thermodynamics. 


TAT 


La constitution des deux alliages Cu—Fe et Cu—Co a l'état liquide a été étudiée par les deux méthodes 


LIMMISCIBILITE LIQUIDE DANS LES SYSTEMES Cu-—Fe ET Cu-—Co A L’E SURFONDU 


suivantes: mesure de la susceptibilité magnétique & hautes températures et examen microscopique des 


échantillons trempés. Les alliages liquides étant surfondus de 100°C ou plus, la recherche peut étre 
étendue a la région métastable sous les courbes de liquidus. 

Dans les deux systémes, l’immiscibilité liquide a été trouvée seulement a l’état surfondu. La lacune 
d’immiscibilité est a peu prés symétrique autour de l’axe correspondant a la composition équi-atomique. 
Les températures de mélange critique pour les svstemes Cu Fe et Cu—Co sont respectivement de 20° et 
90°C en-dessous des courbes de liquidus a la composition équi-atomique. Les résultats sont reliés aux 


activités pour la solution liquide sur la base de la thermodynamique. 


NICHT MISCHBAREN KUPFER-EISEN UND KUPFER-COBALT SCHMELZEN 
IM UNTERKUHLTEN ZUSTAND 


"BER DIE 


Die Korstitution von Cu—Fe und von Cu—Co Legierungen im fliissigen Zustand wurde durch Messung 
der magnetischen Suszeptibilitat bei hohen Temperaturen und durch mikroskopische Untersuchung 


abgeschreckter Proben studiert. Da die Legierungen 100°C oder mehr unterkiihlt worden waren, konnte 


die Untersuchung in den metastabilen Bereich unter halb der Liquiduslinie ausgedehnt werden. 

In beiden Systemen waren die Schmelzen nur im unterkiihlten Zustand nicht mischbar. Di2 Mischungs- 
liicke ist nahezu symmetrisch zu der Achse, die der Konzentration von 50 Atomprozenten entspricht. 
Die Temperatur des kritischen Punktes im Cu—Fe und Cu—Co System liegt bei der Konzentration von 50 

tomprozenten 20°C beziehungsweise 90°C unterhalb der Liquiduslinie. Die Ergebnisse werden thermo- 


dynamisch mit den Aktivitaten der fliissigen Lésung in Zusammenhang gebracht. 


INTRODUCTION the liquid immiscibility in both systems can actually 


According to the recent report on the phase be observed at lower temperatures in the supercooled 


diagrams,” both the Cu—Fe and Cu—Co systems are 
miscible in all proportions in the liquid phase. It 
that 


amounts of impurities, such as carbon, cause separa- 


2,3) 


should be mentioned, however, very small 


tion into two liquid phases.‘ Even if such im- 
purities are absent, there is a pronounced tendency 
towards liquid immiscibility, as can be expected from 


the nearly flat liquidus curves for both systems. This 


tendency is also illustrated by the activity curves for 


the liquid solution, which show large positive devia- 


tions from Raoult’s law.“>°) It is not unlikely that 
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of Science, University of 


region, although no report has yet appeared on this 
subject. 

The author has met this problem in studying the 
magnetic properties of transition metals and 
the 


metals and alloys can be supercooled 100°C or more, 


alloys in liquid state.“ Since these liquid 
the investigation can be extended to the metastable 
region below the liquidus or melting points. It is 
probable that the magnetic susceptibility of a liquid 
alloy exhibits an anomalous behaviour if the liquid 
breaks up into two phases. 


In the present work, liquid immiscibility in both 


the Cu-Fe and Cu-Co systems in the supercooled 


state is studied by magnetic measurement. In 
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addition, microscopic examination of the quenched 
specimen is carried out, to confirm the separation 


into two liquid phases. 


2. EXPERIMENTAL PROCEDURES 

The measurement of magnetic susceptibility was 
made by Faraday’s method using Sucksmith’s ring 
balance. A silicon-carbide resistance furnace was used 
for the measurements at high temperatures up to 
1600°C, as described in our previous paper.'® Each 
alloy specimen, weighing about 400 mg, was prepared 
by melting together in this furnace the two component 
metals, contained in a small crucible made of half-fused 
pure alumina. After the specimen had reached thermal 
equilibrium at 1600°C, its susceptibility was measured 
at various temperatures during successive cooling and 
heating cycles. The temperature was controlled step 
by step, the average cooling or heating rate being 
about 5°C/min. 

Temperatures were measured by Pt-PtRh thermo- 
couple situated close to the specimen, calibrated in 
situ at the four transition temperatures of pure iron: 
ferromagnetic Curie point (770°C), «—y transformation 
point on heating (910°C), y—d transformation point 
(1400°C), and melting point (1535°C); the 
magnetic susceptibility showed abrupt changes. The 


where 


published data on these transition temperatures have 


been reviewed by Pattison and Willows," showing 
The of the 
values of temperature given here in this paper may 


some discrepancies. accuracy 


not therefore be very high (say 


After the susceptibility measurement had been 


absolute 


carried out, the specimen was held in the liquid state 


at a fixed temperature for several minutes and then 


75) 


cu Fe! 
A 


x10 *(X :Magnetic susceptibility per gram) 


i500 
Temperature °C 
(a) 


Magnetic susceptibility. 
T', is the liquidus temperature; 


L 
(a) Cu—Fe alloys. 


1600 


AND C 


(X :Magnetic susceptibility per gram) 


-4 


SYSTEMS 


quenched in water together with the crucible. 


Although this 
purified argon atmosphere, the surface of the specimen 
A 


Was 


measurement was made under a 


was subsequently oxidized during quenching. 


vertical cross-section of the quenched specimen 
polished mechanically and then inspected under the 
optical microscope. 

The metals used for the specimens were of elec- 
trolytic quality, melted under vacuum. The principal 
impurities determined by chemical analysis were as 
carbon—0.006°,, in iron 


follows: in copper, 0.008°, 


and in cobalt: silicon in 


0.008", 0.001% copper 


in iron, and 0.060°% in cobalt. 


3. EXPERIMENTAL RESULTS 


(a) Magnetic susceptibility 

Typical curves obtained for the magnetic suscepti- 
bilities of Cu-Fe and Cu—Co alloys are shown in Fig. | 
where the reciprocal of susceptibility per gram, 1/7 
is plotted against temperature 7’. 

The 1/7 vs. 
temperatures 7',, 


uidus 
At 


Ws 


T curves are linear above the liq 
Curie—Weiss law. 


susceptibility 


following the 
the 


temperatures below 7',, she 
marked changes during heating, owing to the solid 


liquid transformation. During cooling however, the 


vs. 
the supercooling of the liquid phase 


corresponding té 
At about 


7’ curves are smooth at 7',, 


below 7',, the susceptibility measured during cooling 


shows a large discontinuous change, and reaches the 


same value as that measured during heating. I[t is 
considered that the solid phase is precipitated abruptly 
from the supercooled liquid solution at this tempera 


ture. The temperature is not precise 


i/Xxlo 


Compositions of alloys indicated 


0 


120C 300 400 
° 


Temperature °C 
(b) 


are In aton 
is the limit of liquid immiscibility 


(b) Cu—Co alloys 
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measurements, even for the same specimen, but 
depends on cooling rate, degree of over-heating, etc. 
Under moderate conditions the supercooled state can 


easily be retained for , hr. 


There are no differences in the essential features of 


the susceptibility curves for Cu-Fe and Cu—Co alloys 
except for the fact that the change in susceptibility 
through the solid—liquid transformation has the 
opposite appearance in the two cases. 

It is found in some cases that the 1/7 vs. 7 curve 
behaviour in the supercooled 


exhibits anomalous 


region; the curve has an angular point or discon- 
tinuity in its slope at a certain temperature, above 
This 


temperature is completely reproducible in different 


which the relation between 1/7 and 7’ is linear. 


cycles of measurement for the same specimen, and is 
In both Cu-Fe and Cu—Co 


, depends on the composition of the alloys, 


referred to hereafter as 7’). 
systems, T, 
showing a maximum at a nearly equi-atomic composi- 
tion. The maximum values of 7’, for the Cu-Fe and 
Cu-Co systems are respectively 20° and 90°C below 
the liquidus curves at the equi-atomic composition. 
The 7, vs. composition curves are shown in Fig. 3, 
together with the liquidus curves for 7’, obtained in 


the present work. The significance of 7’, is clarified 


by the microscopic examination of the quenched 


specimens. 


hb) Microscopic examination 

Photomicrographs of various specimens are shown 
in Fig. 2. Since the solid solubilities in both Cu—Fe 
and Cu-Co alloys are very restricted, nearly pure 
elements are segregated in the quenched specimens. 
The white parts on the photographs correspond to 
copper, while the black parts are iron or cobalt, the 
surface of the specimens being etched by a solution of 
nitric acid and alcohol. 

If the specimen is quenched from a temperature 
ibove 


the small dendritic segregates are uniformly dis- 


(angular point on the susceptibility curve), 


tributed throughout the specimen, irrespective of 
whether the quenching temperature is above or below 
7’, (liquidus temperature). Photomicrographs of this 
example are shown in Figs. 2(a) and 2(j) for Cu-Fe and 
Cu-—Co alloys, respectively. It can be inferred from 
this result that the liquid phase is homogeneous at 
temperatures above 

On the other hand, if the quenching temperature is 
lower than 7’,, the specimen is clearly separated by a 
horizontal boundary into two heterogeneous layers. 
This separation can be regarded as evidence of liquid 
immiscibility, and the heterogeneity in each layer is 


considered to be due to segregation in the solid state. 


"ALLURGICA, 
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The composition of each liquid phase can be roughly 
estimated from the relative amounts of segregate in 
each layer. In Cu—Fe alloys, as shown in Figs. 2(b) 
2(d), the upper layer is iron-rich and the lower layer 
is copper-rich. The lower the quenching temperature 
relative to 7’), the greater the difference in composition 
between the two liquid phases. 

The Cu-—Co alloys behave very similarly to the 
Cu-Fe alloys. In the the 
layer is copper-rich, as shown in Figs. 2(i) and 2(k). 
These results may indicate that the specific gravity of 


liquid copper is greater than that of liquid iron and less 


former, however, upper 


than that of liquid cobalt at about 1400°C. 

If the specimen is quenched in water immediately 
after it has been rapidly cooled to a temperature 
below 7',, spherical drops of a heterogeneous phase are 
formed, as shown in Figs. 2(e)—2(g) and 2(l). It is 
considered that the formation of these spherical drops 
corresponds to the initial stage of separation into 
two liquid phases. 

For comparison, a microscopic study was also made 
of the specimen slowly cooled to room temperature 
without supercooling. As shown in Fig. 2(h), rela- 
tively large segregates are uniformly distributed 
throughout this specimen. 

The results deduced from the microscopic examina- 
Fig. 3, 


temperature is plotted against 


tion are summarized in where quenching 


composition; two 
different marks are used for the plots to distinguish 
whether or not separation into two liquid phases is 
observed. These plots are useful for determining the 


limit of liquid immiscibility on the phase diagram. 


4. DISCUSSION 

It is concluded from the microscopic examination 
that the temperature 7’, of the angular point on the 
susceptibility curve corresponds to the temperature 
at which separation into two liquid phases begins to 
occur. Thus the 7’) vs. composition curve, shown in 
Fig. 3, can be regarded as the limit of liquid immisci- 
bility. 

Since the 7’, vs. composition curves for the Cu-Fe 
and Cu-—Co systems lie below the liquidus curves, the 
liquid the 
liquids are supercooled to a great extent. As quoted 


immiscibility cannot be found unless 
in our previous paper,‘® extensive supercooling is in 
principle possible with all liquids because of the 
difficulty of crystal nucleation. It should be mentioned 
here that Turnbull et al.,{*) and Gellar and Garbeck,‘® 
also observed the extensive supercooling of various 
kinds of metals and alloys. In Cu—Fe and Cu-—Co 
alloys, the supercooled liquid breaks into two liquid 


phases as soon as the temperature reaches 7’). The 
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two liquid phases are also metastable and Ci be 
retained for a long time at temperatures slightly 
below 


nuclei of the two liquid phases is much less difficult 


It is considered that the formation of 


than the formation of a crystal nucleus. 

The magnetic properties of supercooled liquids 
may not be essentially different from those of normal 
liquids, since the susceptibility measured during 
cooling exhibits no anomalous behaviour near the 
liquidus temperature 7',. This has been confirmed 
for other transition metals and alloys, as reported 
previously.‘® At the temperature 7',, on the other 
hand, the slope of the 1/7 vs. 7’ curve varies discon 
tinuously, for the mean values of the susceptibilities 
of the two liquid phases are different from the 


susceptibility of the homogeneous liquid phase, and 


1306°C) 
1296°C) 
L300°C) 
1304°C) 


the composition of the two phases is also dependent 
on temperature. Further discussion on the magneti 
properties of these alloys will be published elsewher 
together with the full data on the susceptibilities 


The liquid immiscibility is related to the activities 


specimens. 


for the liquid solution on the basis of thermodynamics. 
The activity vs. composition curves for the liquid 
Cu-—Fe system have been determined by Chipman,“ 
and Morris and Zellars.©’ The curves for the activi 


ties of Fe and Cu are approximate mirror images of 


* 

4. 

(7, 


ns of the 
Quenched from 1271°C.+ 


(T, 

| (T, 


4d 


each other about the abscissa corresponding to the 
equi-atomic composition, showing larg positive 


deviations from Raoult’s law. This is ¢ ‘ly con 


from 1412°¢ 


Quenched from 1358°C.* 


Quenched from 13 


sistent with the result obtained in the present work 


that the 7’, vs. composition curve (limit of liquid 


Quenched from 1290°C. 
Quenched from 1269°C.’ 


Quenched from 1390°C.+ 
Quenched from 13 


Quenched from 13 


Quenched fr 


immiscibility) has a maximum at nearly the equi- 


Quenc 


atomic composition, being symmetrical about. it 


49). 
50). 
38). 
50) 
44). 
5S) 


A more quantitative relation between the activity 


(33-6 


(51 
(50 

» (69-31). 
2 


Fe 


curve and the 7’, vs. composition curv in be 


(6: 


established by a thermodynamical analysi 


Fe 
Fe 


‘u 


both curves obtained experimentally cannot 


‘u 
1 
u 


Cu 


( 


expressed by a theoretical formula based 


hotomicrog 
( 
(d) 


2(b) 
(c) 
(e) 

2(f) 


assumption of ‘regular’ solution. Discussion 


» 


subject appears in the Appendix 


Unfortunately, no data have been publi 


Slowly cooled to room temperature without supercooling. 


the activities for the liquid Cu—Co system 
supposed that the activity curves fot 

resemble those for the Cu—F¢ system, sin 
composition curves for the two systems 

It should be mentioned, however, that 

bility gap in the liquid Cu—Co system 

the liquidus curve. Thus except in the case of neat 
equi-atomic compositions, the separation into two 
liquid phases cannot be observed since precipitation 
of the solid phase occurs at a temperature above 7’, 
The effect of impurities on liquid immiscibility in 


these systems has not been investigated by the author 
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According to Maddocks and Claussen) and Iwase et 


al.. liquid immiscibility in the Cu-Fe system has 
been found even above the liquidus curve, if the 
amount of carbon contained in the specimen is more 
than 0.1°,. The specimens used in the present work 


contain at most 0.008°, carbon, so the effect of the 


impurity is considered to be negligible. 
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APPENDIX 

The 
immaiscibility gap in the liquid Cu—Fe system 
Morris Zellars® 


liquid Cu—Fe alloys, 


relation between activities and 


and reported the activities in 
direct 


ment of the partial vapour pressure of copper. They 


determined by measure- 


obtained an experimental formula: 
Nye@(1.4504 
1.4131 


log 


1. 


w/155 
(1) 


where is the activity coefficient of copper and 


ny, 18 the mole fraction of iron. Since this formula 
cannot be derived by using the assumption of ‘regular’ 
solution, a more generalized expression for the free 


energy of the system must be used. 


(Limit of liquid immiscibility). 7 
) and two liquid phases ( are 
boundaries given 


GICA, 


1600 


+s, 
&+B 
“40 +60 
Atomic percent 


on 
20 


(b) 


g metastable two liquid regions. 


I and 
confirmed by the microscopic examination, 


Metals Handbook.“ 


Co system. 


are determined by the magnetic 


(b) Cu 


(10) free 
fol 


symmetrical 


the 
relative to that 


Guggenheim, 
GQ. 


As prop sed by 
of 
solution, 


eXCeSS 
mole, 
be 


energy mixing per 


‘ideal’ may written in 


expansion form: 


Wn 2p 
Gin 


where n_, and np are mole fractions of the components 
W 


independent of n_, and n;,, but may in general depend 


A and JB, respectively. and c; are parameters 


on temperature. The ‘regular’ solution corresponds 


to the case in which all the parameters c,; are zero. 
In this case W is usually called the ‘interchange 
energy per mole. 

of the com- 


The activity coefficients y4 and yp 


ponents A and B are derived from equation (2); 
neglecting the higher order terms in this equation, 
we obtain 


log VA ( W, RT) (1 
4(c, 
(W/RT) 


4(—c, 


(3a) 
log yz 


By comparing equation (3a) with equation (1), the 
parameters for the liquid Cu—Fe system at 1550°C are 
calculated as 

W/R 


3690 (deg.), ¢ 0.0066, 


0.134. 


and ¢, 
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It should be emphasized that c, is vanishingly small 
in this case. This fact implies that the activity vs. 
composition curves for Fe and Cu in the Cu—Fe 


system are mirror images of each other about the 


1 
2 


Morris and Zellars studied also the effect of tempera- 


abscissa corresponding to n 4 
ture on the activities. The results can be accounted 
for fairly well on the assumption that the excess free 
energy G is independent of temperature. Therefore, 
the temperature dependence of W and c, may be 
neglected. 

On the 
activity curve for the Cu-Fe system by a thermo- 


(4) the 


other hand, Chipman obtained 
dynamical analysis of the phase diagram. He assumed 
a priori that the excess free energy G is independent 
of temperature. The parameters calculated by the 
author from Chipman’s activity curve are as follows: 
W/R = 3930 (deg.), ¢, 0.0067, and cy = 0.153. (5) 
These are in fairly good agreement with those given 
in (4). 

The limit of 


calculated from equation (2) by using thermodynamical 


liquid immiscibility can also be 
relations. The calculation is made only for the case 
all This 


simplification is permissible for the Cu—Fe system, 


in which values of c; except c, are zero. 


as mentioned above. The temperature of the immisci- 
bility limit 7’, is thus given by 


W(1 — 2n. 
R log (1 


-2n,)*!] (6) 
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provided that W and c, are independent of tempera- 


ture. Equation (6) indicates that the 7, vs. com- 
position curve is symmetrical about n , 
condition for ‘critical mixing’ is satisfied at 
and 7, = (W/2R)(1 — e,). 

The experimental curve of 7, 


vs. composition, 


The 


meters for the Cu—Fe system are thus determined as 


shown in Fig. 3, fits equation (6) well. para- 


W/R = 3720 (deg.), (c, = 90), andc, = 0.089. (7) 


These values are not very different from those given 
in (4) and (5). 

It should be recalled that the order of magnitude of 
of mixing is the 
the 


solution is 


the excess free energy given by 


W, that 
behaviour of the 
, and Co. It 


above calculation that the activity data on the liquid 


parameter and deviation from the 


‘regular’ indicated by 


parameters ¢ may be concluded from the 


Cu—Fe system are quite consistent with the immisci- 


bility gap obtained in the present work. 
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LETTERS TO 


The electrical conductivity of liquid 
magnesium-bismuth alloys* 
Solid InSb is a typical semiconductor, whereas no 
indication of semiconduction in liquid InSb has been 
(1) the of 


mixing of liquid In-Sb alloys has been found to be 


found. In accord herewith, free energy 
not far from that of an ideal solution.) In contrast, 
a plot of the chemical potential or the logarithm of the 
activity of Mg vs. the mole fraction of liquid Mg—Bi 
alloys shows a distinct inflexion point nearly at the 
ratio Mg : Bi Ses 


of titration curves in aqueous solutions. The occur- 


analogous to the inflexion points 


rence of an inflexion point ina plot —_ liquid Me Bi 
Hauffe Wagner) 


from a thermodynamic analysis of the liquidus of the 


alloys was inferred first by and 


compound Mg,Bi, and was confirmed by Mg vapor 


pressure measurements by Vetter and Kubaschewski 


and by emf measurements on galvanic cells by Egan.‘?? 
This suggests that the constitution of liquid Me 31 
alloys differs substantially from that of liquid In-Sb 
The following model is qualitatively consistent 
Molten Mg. Bi, is assumed 


an ionic constitution with equal 


alloys. 
with the experimental facts. 
to have essentially 
relatively low concentrations of excess electrons and 
electron holes, i.e., to have basically the same elec- 
tronic constitution as solid Mg,Bi, and Mg,Sb, the 
latter of which has been found to be a typical semi- 
conductor.'® Then the plot activity vs. composition 
may be interpreted in the same way as the analogous 
plot for Cu,S at 400°C and liquid Cu,S at 


Ll00°C,™ with the tentative assumption that ordering 


solid 
of the centers of gravity of Mg and Bi atoms is 
immaterial. 

To test 


constitution, 


the above hypothesis of the electronic 


the electrical conductivity of liquid 


of 
composition in the vicinity of that of the solid com- 
pound Mg,Bi,. The alloy melts were prepared from 
99.995°. Meo and 99.95° 


Mg—Bi alloys has been measured as a function 


3i chunks. The apparatus 
consisted essentially of a vertical MgO tube with a 
capillary of 16 mm length and 0.7 mm diameter at 
On 


was contained 


the lower end. immersing the electrode in the 


melt which in an iron crucible, the 


capillary was filled with the liquid alloy, providing a 
well-defined resistance. The voltage drop across this 
d.c. 


potentiometer technique. The open circuit potential 


liquid resistance was measured by a standard 
was determined separately and subtracted from the 
potential drop measured with current. The capillary 
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was calibrated at room temperature, using mercury as 
a standard. Crucible, central electrode and auxiliary 
equipment were contained in a vycor vessel closed on 
top by a brass head. In particular, a feeding device 
was installed to permit changing the composition of 
the melt during a series of measurements. The whole 
apparatus was, while at temperature, flushed with a 
protective atmosphere of purified argon with a small 
addition of hydrogen, which proved effective in com- 
pletely preventing oxidation. 

First, the method was tested by measurements of 
the resistivity of Mg—Bi alloys with 0-12.5 at. °,, Mg 
at with 
composition at a rate corresponding to an increase of 
The 


measured values scattered with respect to the linear 


873°C. The resistivity changed linearly 


0.18 per cent for an addition of 1 at. °, Mg. 


approximation by less than 0.1 per cent. 
An accuracy of that order could not be obtained in 
the at. % Mg 


owing to evaporation of the latter. the other 


and 62 
On 
hand, the changes of resistivity with composition 


measurements between 55 


were much greater in this range than in the dilute 


solutions. In Fig. 1 the results of measurements at 


58 60 


Mg 


62 
Atomic % 


Fic. 1. Specific conductivity « of liquid Mg—Bi alloys as a 


function composition of at 900°C. 
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900°C are presented (the 
823°C). The conductivity 

composition range of only 3 at. °,, by at least a factor 


melting point of Mg,Bi, is 
of the alloy drops within a 


of 3 to a minimum at the composition Mg,Bi,. This 
result is in agreement with thermodynamic considera- 
tions mentioned above. 

The authors would like to thank Prof. Kingery for 
his kindness in preparing the necessary capillary 
electrodes of pure MgO. This work has been spon- 
sored by Office of Ordnance Research, U. S. Army, 
Contract DA-19-020-ORD-3661. 

B. R. ILscHNERt 
C. Wagner? 
Department of Metallurgy, 
Massachusetts Institute of Technology 
Cambridge, Massachusetts 


References 


. G. Buscu and O. Voet, Helv. Phys. Acta 27, 241 (1954). 
W. F. Scnorrky and M. B. Brever, Acta Met. In press. 
K. HAUFFE and C. WAGNER, Z. Elektrochem. 46, 160 (1940). 
F. A. Verrer and O. KusascHEewskI1, Z. Elektrochem. 57, 
243 (1953). 

. J. J. EGAN, to be published. 

B. I. Bovraks and V. P. Zuuze, Zh. tekh. fiz. 18, 1459-1477 
(1948); T. S. Moss, Proc. Phys. Soc. B, 68, 982 (1950); 
G. Buscu, F. HULLIGER and U. WINKLER, Helv. Phys. Acta 
27, 195-196, 249-258 (1954). 

. J. B. WAGNER and C. WaGner, J. Chem. Phys. 26, 1602 

(1957). 

* Received April 8, 1958. 

+ Present address: Fachabteilung Forschung, Fried. Krupp, 
Essen (Germany). 

¢ Present address: Max Planck Institut fiir physikalische 
Chemie, Géttingen (Germany). 


Effects of environment on the fracture 
behavior of germanium* 

Effects of environment on the fracture stress of 
germanium were recently reported by Breidt et al." 
Under the conditions of four point bending, they 
observed that the fracture stress in a mixture of HF 
and HNO, increased to a value of 48 kg/mm?. This 
stress level is far above that for specimens tested in 
air (7 kg/mm?) yet still below the fracture strength of 
germanium whiskers (130 kg/mm?).') They further 
reported that there was no plastic deformation prior 
to fracture. Similar experiments have been performed 
by the 
specimens were tested in CP-4 solution, HF and air. 


present authors. In these experiments, 


In CP-4 solution, the average fracture stress increased 
This 
about three times the fracture strength of a whisker, 
in spite of the fact that the cross-sectional area of 


to a much higher value of 300 kg/mm?. was 


our specimens was one thousand times or more 
larger than that of the whiskers (our specimens: 


5.75 1071 mm?: whiskers: 7.85 1075 mm?). 


4—(12 pp.) 
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Network of surface cracks. Dark field 


i” 


Again, no macroscopic plastic deformation was 


observed, but there was strong experimental evidence 
to show that dislocations and deformation twins were 
generated. Furthermore, the fracture behavior was 
altogether different from that observed on specimens 
fractured in HF or in air. 

dislocation 


N-type germanium with a 


104/em? 


crystals 


density of were used. Specimens having 


0.5 mm 


the 


cross-sectional dimensions of 6 were 
loaded 

the The 
oriented so that the (111) plane was parallel to the 


Prio1 


testing, they were ground with 600 carborundum grit 


centrally as a simple beam, distance 


between supports being 34mm 


plane of maximum resolved shear stress to 


and chemically polished in CP-4 solution to remove 
damaged surface layers. 

Since CP-4 is an etching solution, specimens tested 
in this environment continuously reduced their siz 
so that under a constant load the stress increased 
progressively. The cross-sectional area in the central 
portion reduced to a typical value of 4.5 « 0.13 mm 
load of 


Using the simple 


in 5min, at which point, under a 700 ¢. 


failure generally occurred. beam 
formula, the fracture stress averaged over a numbe! 
When 


many 


of specimens was calculated to be 300 kg/mm? 


these specimens failed, they collapsed into 


small pieces (about 100 or so). Examination of these 
pieces revealed that each was covered by regular 
networks of shallow surface cracks, mostly following 
(111) cleavage planes as shown in Fig. | It is 
interesting to note that these networks did not occur 


only on the outside tension surface, but also on the 


713 
Oy A® a 


Fic. 2. Composite photomicrograph showing (top) ‘“‘side”’ 

cracks in the tension surface and (bottom dislocation etch 

pits on the adjacent cleaved surface produced by a ‘‘parallel 
crack. 266-6. 


compression surface, although the former had a 
higher density. In our opinion crack networks were 
present prior to fracture and when one such crack 
failed, the resulting shock wave supplied additional 


energy for the growth of others. The enhancement of 
fracture stress by CP-4 was due to the rapid rate of 


etching. The continuous removal of the surface did 
not allow such shallow cracks to develop to a critical 
size until the applied stress approached the theoretical 
cohesive strength of the solid. 

There were many interesting features associated 
with the crack networks. First, a series of parallel 
cracks ran straight across the fractured piece. From 
each of these spread short side cracks, which, for 
reasons unknown, were quite regularly spaced and, 
for a given family of parallel cracks, occurred only 
on one side. Second, many dislocations were found 
in the cleaved surfaces exposed to the parallel cracks. 
Their density ran as high as 108/em?. These disloca- 
tions were frequently found to lie in strings just 
beneath the side cracks. In some instances they were 
so close together that it was impossible to differentiate 
them from tiny cracks (Fig. 2). These so-called 
dislocation cracks have also been observed by Allen 
in indium antimonide at room temperature.) 

In addition to the surface cracks, mechanical twins 
were also detected (Fig. 3). An excellent agreement 
was obtained between the measured and calculated 
angles of the twin traces with respect to the specimen 
axis when it was assumed that the twinning planes 
were (111) and (123) planes (Table 1). Churchman 
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Fic. 3. Deformation twins. 750. 


et al.® have also reported these twins, but under their 
experimental conditions twinning did not occur 
below 350°C. Although it was impossible to determine 
when twinning actually took place, Fig. 3 does 
suggest that it was present before some of the cracks 
were formed, since they run continuously across these 
twins. Fig. 3 also shows tiny etch-pits lying on the 
twin boundaries. Unfortunately, it is impossible to 
say that such pits are associated with dislocations 
since they were too small to be resolved under the 
microscope. 

The high density of dislocations present in the 
cleaved surfaces of the parallel cracks shown in Fig. 


2 indicated that it was possible to generate dislocations 


TABLE | 
Angles between Angles between 
twin traces twin/crack traces 
(deg.) (deg.) 
Observed Calculated Observed Calculated 


15 16 (111) (132) 15 16 (111) (132) 
42 42 (111) (132) 22 22 (111) (111) 
23 (111) (132) 
47 47 (111) (312) 32 32 (111) (123) 
33 (111) (123) 
50 51 (111) (312) 55 55 (312) (111) 
54 (111) (111) 
52 52 (111) (123) 74 74 (111) (132) 
53 (111) (132) 
66 66 (111) (321) 89 89 (111) (213) 
(111) (123) 87 (111) (111) 
aa 77 (111) (132) 


76 (111) (111) 


j 
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outer 
210 


Fic. 4. 
tension surface. 


Etch-pits on dislocations lying beneath the 
Specimen sectioned on (111) planes. 


in germanium at room temperature under a sufficiently 
high stress. It was interesting to know whether any 
of these dislocations were generated before fracture. 
For this reason, some specimens were removed from 
the CP-4 


imminent. 


when fracture was 
etch 


surface on 


solution at a time 


dislocation pits were 
(111) 
the 


Using 


Clusters of 
beneath the 


cross-sectional planes (Fig. 


tension 
4). In 
high as 


indeed found 
some areas 
dislocation density was as 107/em?. 
the simple beam formula again, dislocation clusters 
were observed in a region where the stress level was 
estimated to be 35 kg/mm*. This suggests that the 


absence of detectable plastic flow prior to fracture 


was probably due to high lattice frictional forces, 


which restrict the motion of dislocations over long 
distances at the testing temperature. 


Specimens tested in CP-4 diluted by an equal 


Tear marks on the cleavage surface of a 
specimen fractured in air. 


THE EDITOR 

volume of water, showed similar fracture characteris- 
CP-4. to the 
slower rate of etching, failure occurred 24 
When tested in air or in HF, the fracture 


behavior was more usual, i.e 


tics to those in concentrated Owing 
between 
and 28 hr. 
the specimens cleaved 
into two portions. The density and distribution of 
the etch-pits in the cleaved surfaces were the same 
as for the “‘as-grown’”’ condition, indicating that no 
was 


the 


dislocations were generated during fracture. It 


interesting to note that the tear marks on 
cleaved surface always converged to a point on the 
tension surface, indicating that fracture originated at 
defect 
difference in the appearance of the cleaved surfaces 


those 


a point (Fig. 5) However. there was a 


For fractured in air, the tear marks were 


prominent, while in HF they were more difficult to 
detect. 
marks at all. 

It is 


tear marks is a result of cleavage on multiple planes 


In some cases there appeared to be no tear 


reasonable to assume that the presence ot 


In growing to the critical size it is possible that the 
point defect will cut across many cleavage planes, 


that the direct 
correlation to the critical size of the point defect 


so number of tear marks bears a 
creater the number of 
the for 
specimens tested in air is larger than that found in 
HF. According to Griffith’s theory, the 


crack 


the larger the critical size, the 


tear lines. This implies that critical size 


critical 
length is directly proportional to the surface 
energy, so that these observations suggest the surface 


energy in air is greater than that in HF. Accordingly, 


if fracture is due to surface defects, then the fracture 


strength in HF should be very low. To measure this 


specimens were loaded in CP-4 for 3 min unde 


700 ¢ weight and then reloaded in HF under a 50 g 
weight; they failed immediately. 


From the above observations, the 


conclusions can be drawn 


|. Fracture stress of germanium can approach the 


theoretical value if surface defects are not allowed to 


crow to their critical size. 


2. Deformation twins can room tempera- 


123 


occur at 


ture. Twinning takes ace on (111) and 
planes. 


3. Dislocation 


can be generated provided the 
applied stress is high enough. 

4. HF the 
This be the 
energy. 
Minneapolis—Honeywell 
Research Center 


Hopkins 


Minnesota 


lowers fracture stress of germanium. 


may result of a reduction in surface 
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Dislocation etch pits in tellurium* 


We have investigated the etching characteristics of 


single crystal tellurium with regard to dislocation 


etch pits. This material is hexagonal.t The atoms 
are essentially covalently bonded in spiral chains 
the 


number is two. The chains are held together by weak 


lying along the [0001] direction; coordination 


van der Waals forces. Thus, the cleavage plane is 
the (1010) plane,t which is also the slip plane.” 
The cleaved surfaces are mirror-like and are excellent 
surfaces for the observation of microstructure with- 
out mechanical preparation. On etching with a 
polish-etch solution, etch pits are seen which, by 
means of deformation and annealing studies, have 
been shown to be the sites of dislocations. 

Single were grown from refined 


crystals zone 


tellurium of starting purity 99.999°,. Zone refining 
was carried out in a nitrogen atmosphere in quartz 
boats coated with lamp black. Several passes were 
necessary to produce large crystals, without seeding, 
in order to obtain sizeable cleavage faces for study. 
The zone refined single crystal bars were cooled to 
nitrogen and cleaved with a 


liquid temperature 


chisel. Laue X-ray patterns established that the 
surfaces examined were the (1010) cleavage planes 
ind that the amount of damage due to cleaving was 
small. 

The cleaved faces were etched in a_polish—etch 


solution composed of 
3 parts HF (40°,) 
5 parts HNO, (conc.) 
6 parts glacial acetic acid 


for 30 sec 


specimens, 


using stainless steel forceps to hold the 


They were then rinsed in water and air 


ta 4.447,¢ 5.915. 
+ Actually, all of the Class I prism planes are the cleavage 
planes. 
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dried. The solution rate is 7 mils/min at room tem- 
perature. 

Microscopic examination showed etch pits on all 
cleaved surfaces. A typical array of pits is shown in 
Fig. 1. Pit 1000 


indicate an average density of 5.0 most 


surfaces at 
10°. In 


specimens networks composed of uniform rows of 


counts on several 


pits were seen which are similar to low angle boundaries 


in germanium”) and antimony.®) These are shown 
in Fig. 2. The majority of the rows tend to be parallel 
to each other and to the [0001] direction. Suitable 
not long enough to 


None of the rows was 


intersecting boundaries were 
obtain pit density balances. 
long enough to permit X-ray determination of the 
tilt angle. Mechanical defects on the surface, such 
as scratches, were accompanied by what appeared to 
be lines of pits on slip traces and an increased density 
of pits in the immediate vicinity of the disturbance 
(Fig. 3). With this evidence that these pits might be 
dislocation sites, experiments were undertaken for 
confirmation. 

A specimen with a uniformly low density of pits 
was indented on the (1010) plane with a needle to 
introduce dislocations by local deformation. Etching 
revealed definite slip traces around the disturbance 
and an increase in the number of pits in the area of 
the indentation, as seen in Fig. 4. This same specimen 
was intentionally scratched on the (1010) plane 
approximately normal to the [0001] direction, and 
the resultant etch pit pattern is shown in Fig. 5. It 
is noteworthy that the long axis of the aligned pits is 
parallel to the slip trace in every instance. 

A specimen was bent about the [1010] axis at a 
temperature close to the melting point, etched and 
examined. The distribution of pits was characteristic 
of dislocations in a bent bar of germanium, namely, 
a high concentration at the edges of the specimen 
and a relatively clear area at the neutral axis (Fig. 6). 
Slip traces lie parallel to the neutral axis or [0001] 
direction. During bending, local melting occurred 
and the dark area in the photomicrograph is a region 
where this took place. Because of the high tempera- 
ture at which bending was carried out, some areas 
were found which indicated that pits had begun to 
line up normal to the slip traces, as shown in Fig. 7. 
The specimen was then annealed 2} days at 370°C 
and again etched and examined. It is seen in Fig. 8 
(same area as Fig. 6) that annihilation has taken 
place. Moreover, the line-up of pits normal to the 
slip traces has continued, and a polygonized structure 
Note that in Fig. 10 the 
pits are seen with their axes still parallel to the slip 


is shown in Figs. 9 and 10. 


trace. 


716 
{ct 
4. A 
Re 


"HE EDITOR 


Fic. 1. Random distribution of etch pits on the (1010) ‘ia. § 4 angle boundaries and etch pits 
plane. 600. 


. 3. Dislocation etch pits on slip traces. 


Fig. 4. Dislocation etch pits on slip traces around an . 5. Dislocation etch pits on slip traces around an 
indentation. x 105. indentation and scratch. 50. 
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:. 6. Dislocation etch pits on (1010) plane due to plastic bending 


about the [1010] axis. 62-5. 
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The slip direction is in doubt. but is thought to be 
1120).” Further studies are necessary to determine 
the slip direction. 

The authors would like to thank B. Cetlin for the 


X-ray work and J. N. Hobstetter for discussion. 
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Uber das Achsverhiltnis hexagonal dichtest 
gepackter Messing-artiger Legierungs- 
phasen* 


Nachdem H. Jones“ 


die Regeln von W. Hume-Rothery, sondern auch die 


gvezeigt hatte. dass nicht nur 


Achsverhialtnisinderungen bie Anderung der Valen- 
zelektronenkonzentration von Epsilon- und Eta-A3- 
Phasen (hexagonale dichteste Kugelpackung) aus dem 
Bandmodell der Elektronentheorie besser verstanden 
werden kénnen, erhob sich die Frage, ob alle Epsilon- 
und Eta-Messing-Phasen dieser Regel folgen. Diese 
Frage wurde beantwortet durch K. Loéhberg,) der 
das damals verfiigbare Erfahrungsmaterial zusam- 
menstellte und zeigte, dass die Achsverhiltnisse dieser 
Phasen in Abhangigkeit von der Valenzelektronen- 
konzentration einen verhaltnismassig engen Streube- 
Diese Tatsache lasst sich dadurch 


reich erfiillen. 


besser verstehen, dass der Fermikérper der Valenz- 


elektronen in erster Naherung kugelf6rmig ange- 
nommen wird, und die Achsverhaltnisinderung durch 
Wechselwirkung mit gewissen Brillouinebenen zu- 


standekommt.®) Diese Uberlegung legte nahe, dass 
es ausser Epsilon-Phasen (Brillouin-Ebene (BE) 
(100) .5 BE (002),, tangiert) und Eta- 
Phasen (BE (002),, tiberragt, BE (011),, tangiert) 
Delta-Phasen (BE (100),. 
miisste, bei denen das Achsverhaltnis c/a mit anstei 


iiberragt, 


auch tangiert) geben 
gender Valenzelektronenkonzentration anwachsen und 
1,633 sollte. In Weise 


durchgefiihrte Uberlegungen von J. B. Goodenough‘) 


grosser als sein ahnlicher 


bestatigten, dass solche Phasen zu erwarten waren. 
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Es sind soviel wir sehen, keine sicheren Messungen 
bekannt, die einen solchen c/a-Anstieg aufweisen. Fiir 
die A3-Phase Gold 
T. B. Massalski!® dass das Achsverhaltnis 


nicht zunimmt, wie von friiheren Autoren angegeben 


des Systems Indium konnte 


zeigen, 


worden war, sondern erst langsam und dann besch- 


leunigt abnimmt. Wenngleich die Phase in dem 
Bereich der beschleunigten Abnahme nach unseren 
Messungen eine Uberstruktur aufweist und ortho- 
rhombisch verzerrt ist,{®) wodurch bei hexagonaler 
Auswertnug ein scheinbarer steilerer Abfall gefunden 
wird, so scheint doch auch in diesem System kein 
Das ist 
Im System Gold—Indium dehnt 


Beispiel einer Delta-Struktur vorzuliegen. 
aber nicht der Fall. 
sich bei 350° die A3-Phase gegen goldreichere Kon- 
zentrationen aus, als 15 at.°,, Indium. Diese gold- 
reicheren Legierungen geben ein iiber der Valenz- 
elektronenkonzentration praktisch stationir werden- 
des Achsverhialtnis. Weitere Steigerung des Gold- 
gehalts fiihrt zu einer dichtesten Kugelpackung der 
Stapelfolge ABAC (DO,,-Typ) ohne Uberstruktur, 
welche ebenfalls eine Brillouin—Ebene (100),, auf- 
weist, also einen Delta-Effekt zeigen miisste. In der 
Tat ist 


Achsverhaltnis (c/a),, entspricht, kleiner, als das der 


das 


Achsverhialtnis (¢/2a)p 9, das dem 
24 


goldreichsten A3 Legierung. Die Ergebnisse unserer 
Messungen sind zusammen mit anderen Messungen im 
System Gold—Cadmium-Indium“ in Bild 1 einge- 
tragen. Sie zeigen, dass es in der Tat Legierungen mit 
dem fiir Delta-A3 erwarteten Verhalten gibt. (Uber 
die Phasenbezeichnungen des Bildes wird 
berichtet.)‘® 


Man konnte meinen, dass das VEK-unabhangige 


spater 


Achsverhaltnis von Au,Hg) vorliegendem Befund 
widerspricht. Nun wurde gefunden, dass Goldlegie- 
B-Metallen Valenz- 


elektronenbeitrags in bessere Ubereinstimmung mit 


rungen mit nicht zu grossen 


sonstigen Messing-artigen Legierungen kommen, wenn 
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man annimmt, dass das Au-Atom etwa 1.15 Valenz- 


elektronen beisteuert. Billigt man auch dem Hg- 


Atom, verglichen mit dem Cd-Atom, einen héheren 
Elektronenbeitrag dieser Grésse zu, so wird die Phase 


gerade zu solchen Elektronenkonzentrationen ver- 


schoben, die dem Maximum der c/a Kurve ent- 


sprechen. 
J. Werast 
K. SCHUBERT 
Max-Planck-Institut fiir Metallforschung 
Stuttgart 
Schrifttum 
H. Jones, Proc. Roy. Soc. A147, 396 (1934). 
XK. LoHBERG, Z. Metallk. 40, 68 (1949). 
K. ScHUBERT, Z. Metallk. 48, 1 (1952). 
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A suggestion of possible nucleation § sites 
within dislocation networks for precipitation 


in quenched supersaturated solid solutions* 


Nucleation of precipitate particles during the aging 
of quenched supersaturated solid solution alloys has 
been observed to take place heterogeneously at grain 
boundaries, sub-boundaries, edge dislocations, and 
impurities and apparently homogeneously within the 
Detailed of 
nucleation have 


dislocation network. theories hetero- 


geneous and homogeneous been 
presented and these, in many cases, agree reasonably 
well with experiment.” The purpose of this note is to 
suggest additional sites for nucleation within dis- 
location networks, which may account for some of the 
previously reported homogeneous nucleation. 

In a recent paper, Kimura et al.) presented an 
explanation of the annealing of quenched-in defects 
in Au® and Cu in terms of the distribution and 
motion of vacancies. An important distinction was 
made between the annealing behavior of samples 


After 


quenching from a low temperature, e.g. 700°C in Au, a 


quenched from low and high temperatures. 


uniform distribution of single vacancies is expected 


within dislocation networks. On quenching from 


higher temperatures, e.g. 900°-1000°C in Au, the 


formation of vacancy clusters during quenching is 


postulated. These vacancy clusters act as nuclei for 


the formation of sessile rings during subsequent 
annealing. The density and size of sessile rings given 
in Table 1 has been calculated by Kimura et al.” for 
Au, from Bauerle and Koehler’s data.) The density 
of sessile rings in alloys is expected to be considerably 


THE EDITOR 


Calculated density and size of sessile rings in 


quenched and annealed Au 


TABLE l. 


Density 


(sessile rings 


Quenching 
temperature 
(°C) 


Diameter of 


sessile rings (cm) 


per cm?) 


0.14 
LOOO » 


greater than in pure metals because solute atoms would 
help trap vacancies which could act as nuclei for 
sessile 

The suggested nucleation sites for precipitation 
within dislocation networks are sessile rings formed 
during the early stages of aging a quenched super- 
saturated solid solution. The proposed sequence of 
events leading to solute precipitation is as follows 

1. Formation of vacancy clusters during the quench 
from high temperatures. 

2. Growth of vacancy clusters and collapse to form 
sessile rings. 

This 
process initially may be controlled by a modification 
of the Cottrell Bilby®) dislocation attraction mecha- 


3. Migration of solute atoms to sessile rings. 


nism and at some later stage by activity gradient 
controlled diffusion. 

4. The solute atoms cluster about the sessile ring 
and eventually precipitate when the region becomes 
supersaturated. 

The experimental evidence which tends to support 
this view includes: 

1. The order of magnitude agreement of the number 
of precipitate particles and sessile rings.‘®* 

2. The of Nowick'® on the 


kinetics of vacancy precipitation in a Ag-Zr alloy, 


work Roswell and 


+ 


which indicates that the vacancies condense into dise- 
shaped particles, presumably sessile rings 
3. Precipitation kinetics are usually described by 


some variation of the following equation 


df 
dt 


Kt’ 


where f is the fraction transformed, ¢ the time, A the 
rate constant, and n a constant with values generally 


equal to or greater than 1/2. In the few cases where 


n is less than 1/2, sessile rings may be important 


nucleation sites. Such kinetics have been observed in 
Cu-Al™ (n 1/3) and Cu 


controlled by a 


1/4) and may be 
Cottrell—Bilby 


(7 
one dimensional 
attraction mechanism between solute atoms and sessile 
to that 
2 


Cohen," which would give a time exponent of 1/3. 


rings, similar described by Lement and 


Direct evidence for the existence of the suggested 
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nucleation sites might be obtained by direct obser- 
vation of large sessile rings in pure metals.t A 


decoration technique using alloys with a low degree of 


supersaturation might conceivably outline the sessile 
rings. An indirect experimental indication of the 
importance of sessile rings in precipitation could be 
accomplished by studying precipitation kinetics and 


particle density as a function of the temperature of 


the quench. In this way. the density of sessile rings 
can be made to vary over several orders of magnitude 
and thus should affect the precipitation reaction. 
Nuclear Metals, Inc. A. BoLTrax 
Cambridge, Massachusetts 


+ R. Maddin reports that such an experiment is planned by 
P. B. Hirsch. 
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THE INFLUENCE OF GRAIN SIZE ON THE STORED ENERGY AND MECHANICAL 
PROPERTIES OF COPPER* 


L. M. CLAREBROUGH, M. E. HARGREAVES and M. H. LORETTO 


Specimens of commercial copper (99.98°, Cu) e been used 
investigate the variation in mechanical properties and stored energy with deformation. In agreement 


with previous investigations, the flow stress is higher for the fine-grained material at low strains, and 
after sufficient strain the mechanical properties become the same for both grain sizes. At low strains the 
energy stored in fine-grained specimens is 50 per cent greater than in coarse-grained specimens, but at 
high strains the energy stored is the same for both grain sizes. At all strains the recrystallization tem 
perature is lower for the fine-grained material and the stored energy is released much more rapidly. The 


results are discussed in relation to the current theories of work hardening. 


LOINFLUENCE DE LA DIMENSION DU GRAIN SUR L°ENERGIE EMMAGASINEE ET LES 
PROPRIETES MECANIQUES DU CUIVRE 


Les auteurs utilisent des échantillons de cuivre commercial (99, 98°, Cu) de s de grain de 
0,150 et 0,03 mm afin d’étudier la variation des propriétés mécaniques et de énergie emmagasiné¢ 
au cours de la déformation. En accord avec des études antérieures, la tension de glissement pour le 
faibles déformations est plus grande pour le métal a petit grain. 

Apres une déformation suffisante, les propriétés mécaniques deviennent le 
lénergie emmagasinée dans les échantillons a faible 


Ss memes poul les deux 
dimensions de grains. Aux faibles déformations, 
dimension de grain est supérieure de 50% a celle des échantillons a gros grains, mais pour les grandes 
déformations l’énergie emmagasinée est la méme pour les deux dimensions dé ain. Pour toutes les 
déformations, la température de recristallisation est plus basse pour les métaux a grain fin et l’énergis 


emmagasinée est dissipée beaucoup plus rapidement. Les auteurs discutent ces résultats en relation 


avec les théories admises sur le durcissement par écrouissage 


DER EINFLUSS DER KORNGROSSE AUF DIE GESPEICHERTE 

UND DIE MECHANISCHEN EIGENSCHAFTEN VON KUPFER 
\n Proben aus technisch reinem Kupfer (99,98°,) mit Korngr6éssen von 0,150 bzw. 0,030 n wurde die 
Variation der mechanischen EKigenschaften und der gespeicherten Energie mit der Verformung untersucht 
In Ubereinstimmung mit friiheren Messungen ist die Fliessspannung bei kleiner Verformung fiir das 
feinkérnige Material héher und die mechanischen Eigenschaften erreichen nach geniigender Verformung 
fiir beide Korngréssen dieselben Werte Bei geringer Verformung ist die gespeicherte Energi 
kérnigen Proben um 50°, grésser als in grobkérnigen, nach grossen Verformunger 
beide Korngr6éssen dieselbe. Fiir alle Verformungsgrade liegt fiir das feinkérnige Mater 
lisationstemperatur tiefer und erfolgt die Abgabe der gespeicherten Energie 


Ergebnisse werden im Zusammenhang mit den derzeitigen Theorien der Verfestigu 


1. INTRODUCTION of the specimen. However, Busk and Philliy 

It is widely accepted that the grain size of metals Jeffries and Archer found that although thx 
and alloys affects their mechanical properties and that of grains in the cross-section of the specimen 
an improvement in these properties is favoured by a important when this number was small, it | 
decrease in grain size. However, a considerable jnfluence when more than a thousand a 
divergence of opinion exists as to the exact influence of _ present 
grain size in particular cases. Carreker and Hibbard,'® Carreker and 

Corson” suggested that grain size has little induence and Carreker’® have carried out extensive investi 
on the mechanical properties of extremely pure metals — gations on the effect of grain size on the mechanic 
although the data presented hardly justified this. properties of copper, molybdenum and silver. Inter 
Gensamer®) interpreted Pell-Walpole’s results) on pretation of these results on the basis of grain size alons 


cast tin as showing that the influence of grain size was js difficult, since all the specimens used were thin 


due solely to the number of grains in the cross-section — wires and thus the number of grains in the cross-section 


was probably a controlling factor for the large grain 


* Received March 25, 1958. sizes, as would be suggested by Pell Walpole s results 
+ Division of Tribophysics, Commonwealth Scientific and Kuhlmann-Wilsdorf and Wilsdorf' investigated 


Industrial Research Organization, University of Melbourne, ; 
) 


the effect orain size on the tensil properties of 
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copper and x-brass. For copper no effect of grain size 
was detected, but an appreciable effect was found for 
x-brass. 


stead. 


In part agreement with these results, Hal- 
McHaughey Markus"®) that the 
effect of grain size was more marked in «-brass than in 
copper. 


The expezimental results on the influence of grain 


and found 


size on mechanical properties are conflicting and it 
was decided to investigate this problem further by 
combining measurements of stored energy with 
measurements of mechanical properties on commer- 
cially pure copper. The variation in hardness with 
grain size for the annealed material was investigated 
and then two different grain sizes were used to study 
hardness as a function of deformation, stress-strain 
curves in tension and compression, and stored energy 
and characteristics after 


recrystallization various 


deformations. 
2. EXPERIMENTAL 
a) Mate rial 


The material used in this investigation was com- 


mercially pure copper (99.98 °, Cu) in the form of a 
12 ft long. 


cut from the central section of the bar and annealed in 


2 in. square bat 


Specimens, 4 2? 2? in. 


vacuum for | hr at 600°C were used as starting ma- 
terial. No marked preferred orientation was detec- 


in any of these specimens. 


1. Treatments used in the pre 


Coarse-grained specimens for stored energy, tensile, 


pression and hardness measurements 


red energy, te 


isurements 


isurements 
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(b) Pre paration of Spe cimens of diffe rent grain SIZ 
In much of the previous work on the influence of 
grain size on mechanical properties, the coarse-grained 


specimens were obtained by annealing for long times 


at high temperatures. Ogilvie" has shown that such 


annealing treatments increase the probability of slip 
crossing grain boundaries on subsequent deformation. 
Thus the mechanical behaviour of a specimen of given 
grain size is influenced by the thermal treatment used 
to produce the grain size. For this reason the anneal- 
ing treatments were kept identical during the pro- 
duction of the specimens with the various grain sizes 
used in this work. except for some of the specimens 
used for hardness measurements 

The details of the thermal and mechanical treat- 
ments applied to the different specimens are given in 
Table | 


technique common to all specimens. The largest grain 


and it will therefore suffice to outline the 
size was obtained by annealing the as-received bar. 
but for all other grain sizes deformation sufficient to 
cause the desired refinement on annealing was used. 
In general, cubic compression was used as the method 
of deformation for grain refinement for two 


Firstly, it 


reasons. 
was imperative to avoid any marked 
preferred orientation which would affect the mecha- 
nical properties, and cubic compression was found 


to be satisfactory in this respect. Secondly, with this 


paration Of specimens of different grain sizes 


Treatment Grain size (mm 


l hr at 600°C 
hr at 410°C 
hr at 412°( 


at 600 ( 
5°, cubic compression, 
hr at 410°C, 
, cubie compression 


hr at 412°C 


hr at 600°C, 
5°, cubic compression, 
Shr at 410°C, 
hr at 412°C 
l hr at 600°C, 
80°. straight compression 
hr at 410°C 


0.028 


at 600°C, 
cubic compression 0.032 
Shr at 410°C 
d) 1 hr at 600°C, 
38% straight compression 
Shr at 410°C 
l hr at 600°C, 


0.056 


cubic compression 
hr at 600°C 
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of specimen 
0.150 0.04 
ympression and hardness 2 
Additional specimens for hardness O.O38 0.004 
I 0.004 
O.004 
0.007 
0.03 


CLAREBROUGH, HARGREAVES anp 
method the large amount of deformation necessary to 
cause sufficient grain refinement could be introduced 
into the material and still leave a specimen of conve- 
nient shape for the subsequent manufacture of test 
pieces. 

Initially high pressure oil was used as a lubricant 
during cubic compression, but the large variation in 
obtained on that the 
had After 
substituting “Teflon” for the oil, satisfactory results 


to 25 


grain size annealing showed 


deformation been very inhomogeneous. 


were obtained for deformations up per cent 


cubic compression. By using a cubic compression of 
25 per cent with an intermediate anneal, and then a 
second cubic compression ot 95 per cent followed by a 
final annealing treatment, a refinement of grain size by 


a factor of 5 was achieved (cf. Table 1). 


(c) Measurements of grain siz 

For the measurement of grain size all specimens 
were electropolished in a phosphoric acid solution and 
then electrolytically etched in a phosphoric acid 
sulphuric acid solution. 
grain size measurement was used and the standard 
piactice of attaching zero significance to twin boun- 
daries was employed. The reproducibility of the 
measurements was +-15 per cent. 
(d) Measurements of hardness 

All hardness results were obtained using a Vickers 
Diamond Hardness tester. For annealed and lightly 
cold worked specimens a 5 kg load was used and for 
heavily cold worked specimens a 10 kg load: these 
conditions gave maximum sensitivity. 

Before the 
annealed specimens were ground on 600 emery pape! 


making hardness measurements the 


and then electroplished in a methyl! alcohol-nitric acid 


solution using a high current density. Electro- 


polishing was continued until the hardness values 
obtained after three successive polishes, each removing 


(3/4) V.H.LN. 


0.005 in., agreed to within 


is a function of grain size for 
annealed copper 


specime 


Hardness : 


LORETTO 


The intercept method”* of 


PROPERTIES OF COPPER 


For the specimens deformed in compression or by 


cold rolling the hardness measurements were made on 


one of the faces mating with the anvils. or the rolls 
and the surface used for the measurement was always 
handpolished and then lightly electropolished before 
the measurement. The hardness of the compressed o1 
rolled specimens could not be measured with the same 
to the 


accuracy as for the annealed spe cimens OWlNYg 


inhomogeneity of the deformation. For these 


2 V.H.N. 


speci- 


mens a Maximum scatter of had to be 


accept dat the high 


(e) Tensile tests 

Tensile specimens prepared from the fine-grained and 
coarse-grained material were of ick ntical reon trical 
form with a gauge length of 2 in. and a cross-section of 
OS8 0.2 in. These dimensions were governed by the 
need for obtaining sufficient grains in the cross-section 
and a homogeneous grain size throughout the gauge 

0.0005 in. was used 


load 


A dial gauge reading to 
the 


length. 


to measure extension, and readings were 


recorded ¢ very 200 Ib 


(ft) ( om pre ssion tests 


compression Tests Were 


The specimens for the 


l l in. and were carefully machined fron 


larger specimens. The ends which mated against the 


anvils during compression were surface ground and 


polished TO 600 emery papel flon Was used 


lubricant and three specimens for each grain size wert 


t 
ati 


compressed up to approximate ly 60 pel en 


strain. A dial gauge reading to +0.0005 in 


to measure the change in height of the speci 
05 tor 


load readings were recorded eve! 


of stored enerqy 


Veasure 


ments 


The differential method of Clarebrough, H 
Michell and West“? 
With this technique thi 


AP, necessary to maintain an equal, constant 


was used to measur 


energy powel 


ate for both a deformed and a standard 


specimen in a thermally controlled environm« 


measured continuously as a function of tim 


3. RESULTS 


Measure nits of hard) 


The 


annealed specimens is shown in Fig. | 


variation in hardness with grain size 


and it cai 

seen that there is a significant change in hardness ove! 
the range of grain size examined. The main interest 
here is that specimens with grain sizes of 0.150 mm and 
which the thermal treatments are 


0.030 mm, for 


identical, show significantly different hardness values 
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10 20 30 40 50 60 70 80 90100 
REDUCTION, % 
Hardness as a function of percentage reduction by 
rolling for specimens of copper. 


@ | ine 


Coarse 


grained (0.030 mm), 
grained (0.150 mm) 


Specimens 


35 V.H.N. 


these 


and 40 V.H.N. respectively. 
with grain sizes were used to investigate the 
variation of hardness with deformation in rolling and 
compression. The results are shown in Figs. 2 and 3. 
Both for rolling and compression there is a significant 
difference in hardness for the two grain sizes at low 
deformations, but this disappears at high deformations. 
Although the 
V.H.N. the initial difference in hardness has definitely 
disappeared after 90 per cent compression or 90 per 
It is likely that both for 


scatter in hardness values was 2 


cent reduction by rolling. 
compression and rolling the hardness becomes the 
same for both grain sizes between 40 per cent and 70 
per cent reduction, but the scatter in the results is too 


oreat to show the exact reduction at which this occurs. 


(b) Tensile tests 

Load-extension curves for specimens with grain 
sizes of 0.150 mm and 0.030 mm are given in Fig. 4. 
The fine-grained specimen has a higher flow stress 
(stress at an extension of 0.010 in.) and ultimate stress 
In addition, the 


rate of hardening appears greater in the fine-grained 


than the coarse-grained specimen. 


than in the coarse-grained specimen at low strains, but 
this difference is reversed at high strains. However, 
more accurate stress-strain curves are required before 


| 


e FINE GRAIN 
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50 60 70 80 9 100 
STRAIN, % 
Hardness as a function of percentage strain in com- 
pression for specimens of copper. 
@ Fine-grained (0.030 mm), 
Coarse-grained (0.150 mm) 


@FINE GRAIN 
+ COARSE 


Fic. 4. Load-—extension curves for annealed 


specimens ¢ 
copper. 
@ Fine-grained (0.030 mm), 
Coarse-grained (0.150 mm). 


particular significance can be attached to this varia- 
tion in rate of hardening with grain size. 
The 


tensile stress for three specimens of each grain size are 


stress, reduction in area and ultimate 


flow 


listed in Table 2. The fine-grained specimens always 


TABLE 2. Summary of tensile properties for 
fine and coarse-grained specimens 


Coarse-grained 
(0.150 mm) 


Fine-grained 


Propet \ (0.030 mm) 


Flow stress (lb/in?, at an (i) 14,690 
extension of 0.010 in.) (11) 14,375 
(ill) 15,250 
Reduction in area (°,) (i) 75 
(li) 75 
(ili) SO 


(i) 35.200 
(11) 35,060 
35,100 


’.T.S. (1b/in?) 


3 
WwW 


Ib/in*10 
1 
O 


STRESS, 


Stress-strain curves in compression for specimens 
of annealed copper. 
@ Fine-grained (0.030 mm), 
Coarse-grained (0.150 mm) 
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show a higher flow stress, a greater reduction in area 


and a higher U.T.S. than the coarse-grained specimens. 


(c) Compre ssion tests 

Stress—strain curves in compression for specimens 
with grain sizes of 0.150 mm and 0.030 mm are given 
in Fig. 5. The curve for the fine-grained specimen 
lies above that for the coarse-grained specimen up to 


strains of 40 per cent. By 60 per cent strain the 
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results for the fine and coarse-grained specimens are 
indistinguishable, but failure of the Teflon and buck 
ling of the specimens between 40 and 60 per cent 


strain reduced the reliability of the results in this 


range. 


(d) Measure ments of stored 


enerdy 


Before making measurements of the energy stored 


in deformed specimens, two annealed specimens of 
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r re 38%, , and 
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d sve 


The 


prTralne 


temperatures 


ire 


grain sizes 0.150 mm and 0.030 mm were placed in the 


calorimeter and heated to 500°C. No evolution of 
energy from either specimen was observed. 
Measurements of stored energy were made on both 
fine and coarse-grained specimens after deformations 
t 10. For 
each the be 
‘aleulated load 


typical AP curves obtained in the measurements of 


20, 38, 50 and 70 per cent compression. 
deformation could 


the 


energy expended 


from and strain values. Some 
stored energy are collected in Fig. 6, the open circles 
being the points obtained in the first run and the 
closed circles those from the second run which estab- 
the 


where they coincide with the closed circles. 


lishes base line. The open circles are omitted 


For each 
grain size and each degree of deformation there were 


at least two other determinations of stored energy 


apart from those represented by the curves in Fig. 6. 


In all cases the values of stored energy agreed within 
-5 per cent. In previous papers describing experi- 


ments with this apparatus, smooth curves derived by 


fine 


nergies 
fine 
indicated on the figure 


TEMPERATURE, °C 
(0.030 mm), 
compression. The 
0.192, 0.151, 0.110, 
stored O.191, 


specimens 


0.150 mm 
the « grained 
g respectively. For 
0.039 eal/s 


grained 
for 


0.022 ¢ 


grained and coarst speci 


energies stored oarse 
O.074, 
0.149, 


for 


are al 
0.120, 


the 


are 0.086. 


coarse-grained various reductions 


and 


averaging the results of three or more determinations 
have been presented, to avoid the labour and confusion 
attendant on plotting all the experimental points on 
one figure. Some criticism of this procedure has been 
expressed privately and for this reason we represent 
the results here by single experimental curves, in- 
cluding the slight irregularities, due to the charac- 


teristics of the have real 


total 


circuit, which no 
the ot 


energy given have been obtained by the more accurate 


contro! 


significance. However, values stored 
averaging procedure. 
These 


function of energy input in Fig. 7: 


values of stored energy are plotted as a 
the percentage of 
the energy of deformation which was stored is plotted 
as a function of energy input in Fig. 8. Recrystalliza- 
tion temperatures were estimated in each case as the 
position of the centre of gravity of the principal peak 


The 


results are plotted in Figs. 9 and 10 as functions of the 


in the AP curve on the temperature scale. 


stored energy and energy input respectively. 
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Energy 
deformation for specimens of copper. 
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features of the results may be sum- 


The 


marized as follows. At low strains the stored energy 


main 


is greater for the specimens of smaller grain size, but 
as the strain increases this difference gradually dis- 


appears. 


for specimens of larger grain size and this difference 


persists to the higher strains, although the stored 


energy becomes equal for the two grain sizes. The 


fraction of the energy of deformation which is stored 
is greater for specimens of smaller grain size at low 


strains only, but for both grain sizes the fraction 
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Fic. 8. Percentage energy stored as a function 
expended in deformation for specimens of copper 
@ Fine-grained (0.030 mm), 


Coarse-grained (0.150 mm) 
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energy tor specime! 


@ Fine-grained 


Coarse-grained 
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O.1501 


decreases as the strain increases. The curves in Fig. 8 


are in fact extensions to lower strain of the curve 


published for copper of comparable purity 


14 


already 
deformed in compression or torsion 

There are also marked differences in the shapes of the 
AP curves in Fig. 6 for the 
different Firstly, in the curves for the 


fine grain size the principal peak is sharper, i.e. the 


specimens of the two 
grain sizes. 
stored energy is released in a smaller range of tem 
perature and the rate of release of energy is greate1 
Secondly, a release of energy prior to the occurrence 
of the principal peak takes place in a separate, small 
broad peak for the specimens of smaller grain size 
but in a tail attached to the main peak for the speci 
Me tallographic 


to be described in the following section indicates that 


evidences 


mens of larger grain siz 


this release of energy prio! TO the principal peak IS not 
associated with recrystallization and it therefore 


attributed to recovery. The energy associated with 


the recovery process wmcreases with defor! ( tol 


hoth grain sizes 
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TABLE 3. Grain size after recrystallization 


Recrystallized grain size (mm) 


Compression 


Coarse-grained Fine-grained 


specimens * specimens * 


0.104 0.047 
0.054 0.028 
0.039 0.022 
0.023 O.O15 
70 0.014 


* Original grain sizes 0.150 and 0.030 mm respectively. 


(e) Metallography 


(i) Observations of slip lines. The length of slip lines 
on polished surfaces was examined for both grain 
sizes On specimens given a small incremental strain 
after zero or heavy (~70 per cent compression) pre- 
strain. In the absence of any pre-strain the slip lines 
were in many cases as long as the grain diameter for 
both grain sizes. However, after heavy pre-strain the 
slip lines were short and in no case were they of a 
length comparable with the grain diameter for either 
grain size. 

(ii) Grain size after recrystallization. The grain size 
after recrystallization was measured on specimens 
used for the measurements of stored energy and the 
results are given in Table 3. For deformations up to 
50 per cent compression the original fine-grained 
material gave an appreciably finer grain size after 
recrystallization than the original coarse-grained 

wapes material. After 70 per cent compression the grain size 
after recrystallization was similar for both the original 
grain sizes. 

(iii) Mode of recrystallization. The mode of re- 
crystallization was investigated by metallographic 
examination of specimens that had been heated at 
6°C/min to a temperature just above that at which the 
principal peak, corresponding to recrystallization, in 
the AP curve commenced. This was done for both 
grain sizes and for all the deformations used. In all 
cases it was found that recrystallization commenced at 
the grain boundaries. This was most readily observed 
in the coarse-grained specimens because of the large 
difference in size between the new grains and the 
coarse grains of the matrix. Fig. 11 shows examples 
of this preferential nucleation at grain boundaries. 
At high deformations clusters of new grains were 
observed along the original grain boundaries. Oc- 
, casionally new grains were observed away from grain 
Fic. 11. Photomicrographs showing commencement of re- boundaries in the section examined, but these were 
crystallization in specimens of coarse-grained (0.150 mm) always smaller than those formed at the grain boun- 


copper deformed various amounts in compression ‘ 
and heated at 6°C/min. 500. daries. It is likely that these small grains originated 


At \ 
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from boundaries beneath the surface under examina- 
tion. 

At the deformations for which there were two dis- 
the AP curve for the 
specimens, metallographic examination and hardness 


tinct stages in fine-grained 
measurements were done on specimens heated at 
6°C/min to a temperature between the two peaks. No 
sign of recrystallization was found in these specimens. 
The energy evolved in this first peak is 0.01 cal/g, 
which is equivalent to half of the total energy stored 
in a coarse-grained specimen deformed 10 per cent in 
compression. Recrystallization can be readily detec- 
ted 
measurements, on a specimen deformed 10 per cent 


by metallographic examination and_ hardness 


in compression after heating at 6°C/min to a tem- 
the beginning of the 
Thus if the 0.01 


cal/g in the first peak observed for the fine-grained 


perature corresponding to 


principal peak in the AP curve. 
specimens were associated with recrystallization, 
evidence for this would have been obtained. 

the 


formation (70 per cent compression) X-ray examina- 


(iv) Preferred orientation. For heaviest de- 
tion showed that the degree of preferred orientation 
the 
crystallization was very small and was the same for 
both 


Similarly, Cook and 


both in as-deformed condition and after re- 


and fine-grained 


Richards?) 


coarse-grained specimens. 


found 


annealing texture of copper. Thus the differences in 
annealing characteristics for specimens of the different 
grain sizes used here cannot be due to differences in 


preferred orientation. 


4. DISCUSSION 


Previous investigations have shown that 
the differences in hardness and flow stress, which are 
observed for specimens of different grain size at low 
strains, are eliminated at high strains. The present 
results confirm these findings and provide the addi- 
that, the 


varies markedly with grain size at low strains, there is 


tional information whilst stored energy 
no difference in total stored energy at high strains 
detectable with the present technique. 

The elimination of differences in mechanical pro- 
perties and total stored energy for specimens of 
different grain size can perhaps be understood on the 
basis of current theories of work hardening.7-!8.!9 
At low strains for both coarse and fine-grained speci- 


mens, grain boundaries form the major obstacles to 


slip in the crystals, as shown by the observations of 


length of slip lines. At these strains the higher flow 


stress and hardness of fine-grained specimens can be 
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that the 


original grain size had no significant effect on the 
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related to the closer spacing of these pi mary obstacles 
to slip. 

For both the fine and coarse-grained specimens the 
piling up of dislocations at these obstacles or. in othe 
words, the stress due to interaction with neighbouring 
grains, results in considerable activity ot secondary 
with 


slip systems near the boundaries consequent 


formation of sessile dislocations. These obstacles to 
dislocation movement, which result in further pile-ups 
become more and more closely spaced as deformation 
This is the 
the so-called 


broceeds and work hardening occurs. 


mechanism of hardening suggested for 
linear hardening stage in single crystals. It continues 


the stress is high enough for leakage of dis- 


until 
locations from pile-ups to occur by cross slip, when 
the parabolic stage of lower rate of hardening begins 


(19 


It has been suggested that the pile-ups are the 
origin of the subgrain boundaries whose existence has 
Hirsch and Kelly" on the 


evidence of their observations with the X-ray 


been postulated by Gay 
micro 
beam technique. On this basis the equality of mecha 
nical properties would be attributed to the production 
of the 


grained specimens, 


subgrain size in the fine and coarse 


same 
as the subgrain size 
(21) It 
“limiting subgrain size”’ has been reached when the 
The 


subgrain size” is independent of initial grain siz 


appears to 


determine the flow stress is likely that the 


mechanical properties become equal. limiting 


In terms of the deformation of individual crystals 


it has been suggested@® that the limiting subgrain 


size is reached when leakage of dislocations from 


pile-ups is general, i.e. when the “linear” hardening 


stage has finished throughout the crystal and the 


“parabolic” hardening stage Is reached In this con 


nection the terms “linear” and “‘paraboli: re used 


relate the stages of deformation to those 


only to 


recognised for single crystals, and not in relation to 


the stress-strain curves of the polycrystals 
The 


hardening in aggregates occurs earlier in aggrega 


transition to the lowe1 parabolic 


smaller grain size, because of the more rapid 


+ 


duction of sessile dislocations during the *‘linear’’stage 


with consequent higher rate of hardening. This is duc 
to the fact that, in a larger proportion of the volume 
secondary slip is assisted by intergranular stresses 


greater 1s the possibility 


The larger the grain size the 
that the 
substantially like the corresponding single crystal, and 


central portions of the grains can deform 


the “linear” stage persists to higher strains. In this 


way the more rapid initial hardening of the. fin 
grained specimens and the subsequent more rapid 
hardening of the coarse-grained specimens can be 
inhomogeneity of the 


explained. Because of the 


= 
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deformation the transition from the “‘linear’’ to the 
“parabolic” stage takes place in the various portions 
of the aggregate over a large range of strain, and the 


cumulative effect is a gradual decrease in 
hardening. 

When the mechanical properties have become equal 
for the fine and coarse-grained specimens the stored 
energies are also equal within the experimental error, 
somewhat surprisingly. If, as suggested above, the 
subgrain sizes are equal, this implies that the concen- 


tration of dislocations in the sub-boundaries cannot 


differ appreciably for the two initial grain sizes. In 


general terms, this is to be expected if the pile-ups 


limiting size before leakage of dislocations 
and the 


However. one would expect some e@xXcess of dislocations 


reach a 


subgrain size becomes constant. 


occurs 


in the fine-grained specimen over those present in the 
New 


must be created during deformation in the “parabolic” 


coarse-grained specimen. lengths of dislocation 


stage. even if extensive mutual annihilation of dis- 
locations from neighbouring pile-ups occurs, and the 
fine-grained specimen will have undergone more strain 
in the Apparently this excess is 


small and is not detected with the present technique. 


parabolic” stage. 


The difference in recrystallization temperatures of 


fine and coarse-grained specimens at low strains is 
readily explained by the higher stored energy in the 
fine-grained specimens. However, at strains where 
properties and total stored energy 


both 


the mechanical 


become the same for grain sizes, it would be 


expected that the recrystallization temperatures 


would also be the same. The marked difference in 
recrystallization temperature which is still present at 
that in this 


factors additional to 


the highest strain used suggests case 


recrystallization is controlled by 
the density and arrangement of dislocations. 


Since in all cases grain boundaries are the sites for 


the growth of new grains during recrystallization, two 


factors probably act together to cause the lower 


eciystallization temperature in the fine-grained 


material. Firstly, the much larger grain boundary 


rea per unit volume in the fine-grained material 


provides a greater probability for sites of nucleation 
of low activation energy. The second factor is related 
to differences in the distribution of impurities in the 
specimens of different grain size. It will be remem- 
hered that the coarse-grained specimens were pro- 
duced by annealing the original bar without any 
intermediate plastic strain. These are the conditions 
suitable for causing segregation of impurities to grain 
boundaries.) However, the fine-grained specimens 
were prepared by subjecting the original material to 


two very severe plastic deformations. each of which 
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was followed by an annealing treatment, so that the 
impurities in this case should be much more evenly 
distributed throughout the grains. It is likely that the 
localized concentration of impurities at the grain 
boundaries in the coarse-grained specimens, by locking 
the dislocations, retards the rearrangement necessary 
for producing the large angle boundary required for 
effective growth of a nucleus, and thus raises the re- 
crystallization temperature.) This restraint in the 
vicinity of the boundaries will be much less for the 
fine-grained specimens where the impurities are dis- 
tributed uniformly throughout the material. 

The appearance of a recovery peak in the fine- 
grained specimens, as distinct from a tail on the 
principal peak as observed for coarse-grained speci- 
mens, may also be related to the suggested difference 
in distribution of impurities for the two sets of speci- 
mens. Owing to grain boundary segregation, the 
climb and glide of dislocations involved in recovery 
will be retarded to higher temperatures?” in the 
coarse-grained specimens, so that the energy released 
during recovery appears as a tail preceding the prin- 
cipal peak due to recrystallization. However, in the 
fine-grained specimens the rearrangement of dis- 
locations in the region of the boundaries can go to 
completion at lower temperatures, since it is less 
retarded by impurities, and a recovery stage distinct 
from recrystallization is observed. It is likely that the 
first stages of recovery, namely, movement of dis- 
locations by glide from within subgrains to subgrain 
boundaries, occur at room temperature for both grain 
sizes. 

A characteristic feature of the results is the much 
more rapid release of stored energy during recrystal- 
lization from the fine-grained than from the coarse- 
grained specimens, and several factors are probably 
involved in this. 

The determinations of grain size after recrystalli- 
zation show that, for deformations up to 50 per cent 
compression, the fine-grained specimens recrystallize 
than the 


Thus more nuclei are operative in the 


to give a finer grain size coarse-grained 
specimens. 
fine-grained material than in the coarse-grained, and 
hence for the same rate of growth recrystallization is 
completed in a shorter time. This factor probably 
contributes to the more rapid release of energy from 
the fine-grained specimens. However, since the 
recrystallized grain sizes are very similar after 70 per 
cent compression, additional factors must be involved. 

One such factor may be the inhomogeneity of 
deformation in regions near grain boundaries, which 
may cause more rapid growth of new grains because of 
the local fine-grained 


curvatures present. In the 
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specimens one expects that these regions of higher 


curvature will occupy a much greater proportion of 


the volume of the grain than in the coarse-grained 
specimens. This is not necessarily incompatible with 
the equivalence of mechanical properties and stored 
energy for the two grain sizes after heavy strain. 
Subgrain size and dislocation density may be the same 
in both specimens, as we have suggested, the difference 
between them being that in the fine-grained specimen 
the tilts between subgrains are arranged so as to give 
macroscopic curvatures in a greater proportion of the 
volume of the specimen. 

Segregation of impurities at the boundaries of the 
coarse-grained specimens may also contribute to the 
lower rate at which stored energy is released from 
them. Thus impurities in the vicinity of boundaries 
may retard not only the rearrangement of dislocations 
to form a large angle boundary required for effective 
growth of a nucleus, but also may retard the move- 
ment of this boundary once it is formed.) Thus if 
the impurities can remain locked to the boundary of a 
nucleus during its growth, the rate of growth of a new 
the rate at the 


energy is released, will be reduced. 


grain, and therefore which stored 
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TWINS AND PHASE 


J. H. INGOLD?+ 


and R. 


TRANSITIONS IN SODIUM TUNGSTEN BRONZE* 


C. DeVRIES* 


\ temperature range over which a twinned phase exists has been found for single crystals of sodium 


tungsten bronze, Na,W0Os, for x greater than 0.5. 


phase vary as a function of the sodium content. 
behavior can be described in terms of a tetragonal cell with c/a slightly less than one. 


The 


tetragonal inversion in BaTiO, at 120°C. 


phase is not birefringent. transformation 


MACLES ET TRANSITION DE PHASES 


Les auteurs trouvent un domaine de 


monocristaux de bronze au sodium-tungsténe Na,WQ,, oti x est plus grand que 0,5. 


at both temperatures is comparable to the 


DANS LE 


Both the upper and lower temperature limits of this 
The twinned phase is birefringent, and its optical 


The untwinned 
cubic 


BRONZE AU SODIUM-TUNGSTENE 


temperature pour lequel existe une phase maclée dans des 


La température 


supérieure et la température inférieure d’existence de cette phase varient en fonction de la teneur en 


sodium. 
d une maille tétragonale dont le rapport c/a est 
nest pas biréfringente. 
tétragonale du BaTiO, a 120°C. 


ZWILLINGE UND 


légeérement inférieur a lunité. 


PHASENUMWANDLUNGEN 


La phase maclée est biréfringente et son comportement optique peut étre décrit en fonction 


La phase non maclée 


La transformation aux deus températures est comparable a l'inversion cubique- 


IN NATRIUM-WOLFRAM-BRONZE 


In Einkristallen aus Natrium—Wolfram—Bronze, Na,WO, mit x grésser als 0,5, wurde ein Temperatur- 


bereich gefunden, in dem eine verzwillingte Phase existiert. 


dieser Phase hangen vom Natriumgehalt ab. 


optisches Verhalten kann anhand einer tetragonalen Zelle mit 


werden 


Die verzwillingte 


Die obere und die untere Temperaturgrenze 
Phase ist doppeltbrechend und ihr 


a etwas kleiner als eins beschrieben 


Die unverzwillingte Phase ist nicht doppeltbrechend. Die Umwandlung ist bei beiden Tempera- 


turen vergleichbar mit dem kubisch-tetragonalen Ubergang in BaTiO, bei 120°C. 


INTRODUCTION 
Sodium-—tungsten bronze is a nonstoichiometric 
compound which may be represented by the formula 
Na,,WO.,, where the theoretical range for x is 0 < x l. 
Previous work has indicated that the bronze is cubic 
- 0.35. 
F. Wohler in 1824.” and acquired the name “bronze” 
Other 
properties include a positive temperature coefficient 
The 


when 


for x The compound was discovered by 


hecause of its metallic appearance. metallic 


of resistance and high electrical conductivity. 


resistivity of single crystals of Na,WQOsg, 


plotted as a function of sodium concentration in the 


range 0.5% x 0.85. shows an anomalous minimum 
at x 


explanation of this minimum in terms of an equili- 


Brown and Banks proposed an 


brium between sodium atoms and sodium ions plus 


However, Gardner and Danielson‘) 


Hall 
sponding to one free electron for each Na atom over 
0.90. 


free electrons. 


showed that the coefficient has a value corre- 
the entire Na concentration range 0.58 x 
They considered ordering of the Na atoms as a 
possible explanation for the minimum, but their 
preliminary X-ray investigation showed no evidence 


for ordering. 


* Received September 27, 1957; revised version March 21, 
L958. 
+ General 


New York. 
ACTA METALLURGICA, 


Electric Research Laboratory, Schenectady, 
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Rosen et al.‘®) measured the lattice spacings of 
Na,WO, as a function of temperature and found 
discontinuities in the slopes of the curves at tempera- 
tures above room temperature. The temperature at 
which the discontinuity occurs varies with x-value 
and goes through a broad minimum at x w 0.50 and 
165°C. 


impossible to explain the discontinuities in terms of 


T= The authors say that it is apparently 
an order—disorder phenomenon. 

The present investigation was undertaken after it 
that 


considered to be 


was found an electrolytically-grown bronze, 


heretofore cubic, behaves as a 
noncubic crystal when observed in reflected plane- 
polarized light. This new phase is birefringent under 
these conditions and is characterized by groups of 
parallel bands alternately light and dark. By direct 
observation of single crystals of the bronze during 
heating and cooling from room temperature, it was 
determined that the birefringent phase is present 
throughout a limited temperature range which varies 
with the sodium content. In addition, the optical 
properties of the birefringent phase can be explained 
crystal structure with 


in terms of a_ tetragonal 


twinning on the {101} planes. It was considered 
worthwhile to report this discovery in view of its 
possible relationship to interpretation of the properties 


of this material as outlined above. 
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INGOLD anv DEVRIES: PHASE 
EXPERIMENTAL 
Apparatus 
The petrographic microscope used was a Leitz 
polarizing microscope with a reflected light attach- 


All 


object ive and 


made with 5.6 


The 


objective is needed to reduce as much as possible the 


ment. observations were a 


an S eyepiece. low power 
However, the bands were 


45). 


The hot stage was a glass plate coated with tin 


effects of convergent light. 
visible with a high power objective ( 
oxide, with a ceramic frame for insulation between 
the glass plate and the microscope stage. The cold 
stage consisted of a brass block with a central chamber 
for the sample which was observed through a glass 
cover-plate. The cover-plate was heated by a con- 


ducting coating of tin oxide to prevent condensation, 


TRANSITIONS 


and the sample was cooled by placing small pieces of 


dry ice in a groove around the chamber or by blowing 
the the 
40°C were obtained with 
the 


cold nitrogen gas through chamber over 
sample. Temperatures of 
the dry ice, while 100°C was reached with 
nitrogen gas. 

Temperatures were measured by chromel—alumel 
thermocouples which were spring loaded directly on 
top of the samples. The thermocouple used with the 
hot to 


compounc with known melting points. 


organic 
the 


calibrated 5° against 


stage 


Is 


Was 


calibration the calibrant was placed on a sample of 


/ 


IN SODIUM TUNGSTEN BRONZE 


the bronze in close proximity to the thermocouple 


The thermocouple used in conjunction with the cold 


stage was calibrated to 3 using alcohol—water 


ot 


nitrogen point 


by 


mixtures known freezing points, plus the liquid 


Samples: preparation and analysis 


Single crystals of the bronze were prepared by the 
f mixtures of Na,WQ, and 
24-48 hr 


25-30 of the 


electrolytic reduction o 
WO, in alumina crucibles with Pt electrodes 
at about 775°C were required to grow 
bronze. The cry stals grew on the cathode as a mass 
of interpenetrating cubes of sizes varying from about 
2 to 12 mm on an edge for the violet. red. orange, and 
yellow bronze, while the blue bronze grew in the form 
of thin the 


anode pel pendicularly from the cathode. The sodium 


long, needles which extended toward 


of the bronze cry stals was controlled by 
the ot Na,WO, the 
It found that of 50 mA, 


which corresponded to a current density at the anode 


content 


varying amount in starting 


mixtures. was a current 


of about 0.01 A/em?, produced the most homogeneous 
crystals. 

The cry stals grown 1y electrolysis seem to be 
identical in appearance, morphology and electrical 
properties with those previously reported. Howeve 
the chemical analyses (for Na and W; O by difference) 


indicate an oxygen excess over the 3 to | atom ratio 


62.5 


3 


\ 
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2524 23 2221 20 19 8 17 16 15 14 13 


WEIGHT _ PERCENT Noa 


Fic. 1. Portion of the system Na—W-O. 


Crosses are compositions of bronze from reaction of 


Dots are compositions of electrolytically grown crystals 


Na,WO, W WO,. Cirele indicates 


deviation of each analysis. 
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STALLI 


considered 
Fig. ] 
none of the compositions (solid dots) of the samples 
NaW0O,-WO, 


none has an oxygen deficiency (or tungsten excess). 


between oxygen and tungsten which is 


characteristic of the phase. As is shown in 


falls on the join, and furthermore, 


platinum, the 
Most of the 


for samples which 


Spectroscopic analysis showed that 
most likely impurity, was not present. 
malytical results are reported 
appeared to be ‘ingle phase by microscopic observa- 
tion: however, some samples contained small areas 
of the same phase but of a slightly different color. 
These regions were randomly located and not present 
in regular layers as might be expected in zoned 
Possible reasons for these inhomogeneities 


the cathode 


crystals 
are variation of the current density at 
as the crystal grows, and volatilization of WOg. 

The 


becomes more significant when compared with the 


oxygen excess revealed by these analyses 
analy ses of bronzes formed by the reaction of Na, W¢ Ds 
WO, and W at 775°C 


are shown as crosses in Fig. 1. 


in an inert atmosphere. These 
Under these conditions 
it is possible to achieve the O/W ratio reported by 


7.8.9 


many workers. Unfortunately the crystals from 
these reactions were too small positively to determine 
if any bands were present. 

It is reasonable to assume that there is a primary 
area of tungsten bronze solid solutions in the 
system Na—-W-O. If is the 
possible that the electrolytic reduction of molten 
mixtures of Na,WO, and WO, would vield crystals 


whose compositions are represented along part of a 


phi se 


ternary this case. it is 


solidus surface on the oxygen-rich boundary of this 
primary phase region and not on the NaWO,-WO, 
join. It is interesting to speculate that the excess 
oxygen could be accommodated in the structure by 
the type of ionic arrangement characterized by the 
pvrochlore structure. 


It is to emphasize this composition 


iiation from that reported by previous work, and 


important 


© point out that none of the crystals studied in this 
investigation lies on the NaWO,—-WO, 


identical in all 


join, even 


though they are apparently othe 
respects to crystals grown by different techniques. 

the O/W for the this 
experiment is not exactly 3: 1, the correct formula 
for the bronze is Na,WO.,, this 


slightly greater than three. The analytical results are 


Since ratio bronze used in 


where in 


case y is 


used to calculate x-values in the following way: 


LOO? 


RGICA, 


VOL. 
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where 23 and 184 are the molecular weights of Na 
and W, respectively, and °,Na and °,W 


mined by chemical analysis: then 


are deter- 


alte? 


It is to be noted that this x-value is independent of 
the oxygen content. 
Na,WO, will be used to describe the bronze with the 


understanding that the subscript 3 is not quite correct. 


For simplicity. the formula 


It has been shown that there is a distinct correlation 
color: i.e., as the 
the 


and 
the 


between sodium content 


sodium content increases. color of bronze 


changes from dark blue to violet. red. orange. and 
vellow.2% This is true for the 


finally to bright 


electrolytically grown crystals also. It was found 
that 


easily, while the violet bronze did not cleave at all. 


the red, orange, and vellow bronze cleaved 
The blue bronze cleaved easily on a plane transverse 
to the long axis of the needles. An orange crystal, 
« w 0.75, was subjected to X-ray analysis, and it was 
determined that the cleavage plane was the {100! 
plane in the pseudo-cubic system. 

The birefringent twinned phase was first observed 
on an etch-polished section of Na,WQO,. (To obtain a 
the had 


only to polish mechanically a {100} section: however, 


surface on which bands* are visible. one 


etching the polished surface enhances the visibility 
of the bands by removing the flowed layer produced 


Later it that the 


were visible on the {100} cleavage planes and because 


by polishing.) was found bands 


of the ease of preparat ion the ma jority of observations 


were made on such surfaces of bronze for which 


xr 0.5.t The banded structure could not be resolved 
with certainty on samples less than about 0.1 mm 
(cube edge) on either cleavage surfaces or polished 


sections. 


Transitions 


In samples of Na,WO, (for x 


gent twinned phase exists over a limited temperature 


0.52). the birefrin- 


* The microstructure which is observed with reflected 
polarized light can be described as groups ot parallel bands 
or stripes alternately light and dark (Fig. 7). These have 
interpreted throughout this paper as_ being 
polysynthetic twinning. The word “‘band” is used to describe 


The use of the word 


been due to 
the actually observed microstructure. 
“twin” is justified on the basis of opt ical interpretation only ° 

+ The same type of microstructure is not present in the 
blue bronze (a 0.4). It is well established that the crystal 
structure of that Na,WO, for which 2 is less than about 0.4 
is tetragonal with a c/a ratio of about 0.3.4!) The uni- 
axiality of the blue bronze is verified by optical examination: 
the blue bronze does not show birefringence when examined 
on the cleavage planes which are perpendicular to the long 
show birefringence when 


axis of the needles, but does 


examined on any plane parallel to the long axis of the needles. 
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INGOLD DEVRIES: 
range. This phase is present in the material only at 
temperatures below an upper “‘transition”’ tempera- 
ture, 7',, 
Ty 


possible by varying the temperature very slowly. 


.and above a lower “‘transition”’ temperature, 


and 7’, were determined as accurately as 


That Na,WO, is a good thermal conductor is shown 


by the fact that neither 7',, nor 7’, is changed when 


the thermocouple is removed from the sample and 
placed in contact with the heating or cooling element 
near the sample. 

As a sample is heated from below 7',., the band 
pattern changes and gradually disappears, until at 
T=T, 


above 


it is no longer visible. Upon cooling from 
the bands reappear at about the same 
temperature (+-3°C) at which they disappear, but 
The 
hands do not disappear at the same temperature ove 
the 


variations: in 


not necessarily in the same pattern as before. 


entire surface of samples which have color 
fact, for 
eventually discarded, there was a difference of 15°C 
T's for different areas on the surface. 
the Table 1) that a 


higher sodium concentration means a higher 7’, 


one sample which was 
between 


However, general trend (see 
was 
upheld because the color of the area which had the 
higher 7';, was more yellow than that of the area 
with the lower 7’,-. 

Etch-polished samples show no birefringence fo1 
temperatures above 7',,.. This cannot be ascertained 
for samples which are examined on cleavage surfaces 
of the 


invariably present on cleavage surfaces. These level 


only, because level differences which are 
differences are steps in the atomic layers and cry stal 
structure irregularities which form as the crystal 
grows.* Electron micrographs show that the bands 
cause no level differences on either a polished or an 
etch-polished surface. 

The behavior at Ty, is similar to that at T . Asa 
sample is cooled from above 7',, the band pattern 
changes and gradually disappears, until at 7’ = 7, 
it is no longer visible. Upon heating from below 7’, 
the bands reappear at about the same temperature 
(+3°C) at which they disappear, but not necessarily 
in the same pattern as before. 

No birefringence was seen at room temperature for 
a cleaved sample of high Na content (7'; above room 
temperature) which was etched in concentrated HC! 


* A surface with steps in it appears corrugated to plane 
polarized light, while the irregularities are usually either pits 
or ridges and valleys. In either case the light which reaches 
the eyepiece has experienced at least two oblique reflections. 
elliptically polarized instead of plane 
polarized. As a result, the intensity of the reflected light 
transmitted by the analyzer shows four maxima and four 
minima in a complete rotation, the same as for a 
anisotropic metal surface. 


and is. therefore 


smooth 


PHASE TRANSITIONS IN 


SODII 


Dark blu 
Dark blue 
Dark blue 
Dark blue 


Violet 
Violet 
Viole 


Red 
Red 
Red 
Red 
Red 


Orange 
Orang 
Orange 
Orange 
Orange 


Yellow 
Yellow 
Yellow 
Ye llow 


three minutes to remove level differences 
lower Na 
and the 


tor about 
This has not been checked for samples ot 
must be used 


content since the cold stage 


glass viewer exhibits birefringence due to. strain 
introduced at lower temperatures 

For a few samples both cleavage and etch polished 
that neither 
the type ol 


and 7’, for a few 


pieces ol the 


surfaces were examined. It was found 


transition temperature varied with 


surface. Also, in determining 7', 


of the samples several same s mpl 
but ot different sizes. were placed on the Bade) pl 
stage, and it was found that neither 7',, nor 


The 


shown it 


with the size of the sampl experime! 


Table | 


the sample 


for both transitions ar 


vs. xin Fig. 2. In the table 


order of color from blue-black to vellow 


vellowest sample at the hotton ot the Ist The 


overall correlations between | color and r-\y und 
y 2 evident 


In Fig 


have been moved to higher x-values on the basis of 


(2) a-value and transition temperatures ar¢ 
2 the three samples denoted by open circle 
color and transition tempe ratures It is thoug! t that 
the correlation between color and sodium content for 
some of the samples is poor because of a combination 
rhe 


Drecise TX 
I 


of sample inhomogeneity and analytical errot 


chemical analyses are considered TO he 


0.4 wt.°., for sodium and O.5 wt for tungstel 


this corresponds to a maximum possible error 


a-values of —-0.1 which includes a considerable co 


variation. 
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TABLE |] 
/ 
Sample Color 
{ 
19 
Is 
2A 125 
7 52 135 
21 66 
1? 67 129 
25 125 
LO 68 129 
20 73 125 2 
16 orang 61 134 L6 
9) 77 
22 76 149 
24 82 149 
SZ 168 13 
2B 105 3 
17 77 LS0 3 
27 95 LOS 
14 78 198 62 
X-ra 
TOLe 
6 
tted 


ACTA 


a 


SOTROPIC 


ON-T D 
NON- TWINNED 


a. 


at 


BIREFRINGENT TWINNED 


SOTROPIC NON-TWINNED 
VIOLET RED ‘ORANGE! YELLOW 
04 O5 OF O8 O89 10 


BLUE-BLACK 


concentration. 
Dashed circles 
are positions for solid circles adjusted for color. 


as function of sodium 


r-values calculated from chemical analyses. 


De scription of optical behavior of twins 

On the {100! faces, the light and dark bands meet 
each other or the traces of other {100} planes at angles 
of either 45° or 90 
either (110) or (100 
in tetragonal BaTiO.,, the bands which do not extend 


that is, the bands are parallel to 
directions. Similar to the twins 
across a cleavage face either taper to a point or 
coalesce with other bands or areas of the same optic 


ixis orientation (see Fig. 3). In addition, the bands 


posit ion, 
vibration 


‘100: face of an orange-colored sample; 45 
crosshairs parallel] to 
100} face at lower right indicates 


Etch-polish. 48. 


Fic. 3. 
slightly 
planes of nicols. 


the twins are 


uncrossed nicols;: 
Trace of 


type. 


METALLURGICA, 
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x 


No 


N, oN 


2 


Fic. 4. Sketches of the various {100} faces of a sample in a 
45° position between (a) slightly 
exactly crossed nicols. 


uncrossed nicols and (b) 


are very stress sensitive, i.e., they ““move” when the 
crystal is stressed mechanically. 

There is no contrast, i.e. the light and dark bands 
are not visible, when the vibration planes of crossed 
LOO There are four 
the 
light and dark bands are visible, throughout a range 


nicols are parallel to directions. 


such positions, 90° apart. There is contrast, i.e., 


of about 75° between two positions of no contrast. 
Figure 4 shows an idealized sketch of the various 
{100} cleavage faces of a specimen as they appear in 
reflected plane-polarized light between crossed nicols, 
with the specimen in a position such that the vibration 
planes of the crossed nicols make angles of 45° with 


100) directions.* In subsequent descriptions, planes 
containing bands which are parallel to (100) directions 
will be termed a—c faces, and planes containing bands 
110 


a—a faces, as shown in Fig. 4. 


which are parallel to directions will be termed 
Since observations made with exactly crossed nicols 
differ from those made with slightly uncrossed nicols, 
the optical behavior of each situation will be described. 
The the 
specimen is viewed between exactly crossed nicols. 
light 


bands is greater when the specimen is in a position 


following observations are made when 


1. a-~a Face. Contrast between and dark 


on either side of the 45°-position than when the 
specimen is in the 45°-position,t and the light and 


dark bands are interchanged on either side of the 


* According to the crystal structure model to be set up 
later, this position is a “45 -position”’, i.e. a position of the 
specimen in which an optic axis makes an angle of 45° with 
the vibration planes of crossed nicols. 

+ If considerable care is exercised in crossing the nicols 
exactly, a position of the specimen near the 45°-position can 
be reached in which there is no contrast between the bands 
on this face, and only very thin dark lines remain to distinguish 


between the bands. (See Fig. 5b.) 


1() 
T 
80 a-c 
: 7 (a) 
60} / 
e 
fe 
a-a 
= ° | 
° 
a-c 
80} (b) 
60} 
le 
40} / 
,/ 
20} 
e/ 
/ 
| 
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$5°-position. (See Fig. 5.) Each band goes through 
four maxima and four minima of intensity* more o1 
less simultaneously as the specimen is rotated 
through 360 


a—c Faces. Contrast between light and dark 


bands is greater than contrast on the a—a face with 


maximum contrast occurring at about the 45 -position 
The dark bands remain at a minimum intensity 
while the light bands go through four maxima and 
four minima of intensity as the specimen is rotated 


through 360°. The light and dark bands are not 


of nicol 
(a) and 
respec 


plane o 


interchanged at successive 45°-positions 

3. For each face ther four position 
specimen HU which there is no contrast These 
positions are reached when the vibration planes 
the crossed nicols at arallel to the LOO) direction 

+. When a specimen in the 45°-position is bent 
that an a—c face is concave upwards (upward meaning 
toward the eyepiece of the microscope ( cht 


bands become wider at the « xpense of the a 
and if enough stress is applied, the d 
disappear altogether. If the specimen is 
downward. the dark bands dominate at 
of the light ones. (Rotating the specimen t 
45 -positions does not alter the above 
The light and dark bands on the 
conjunction with those on the a 
specimen is stressed mechanically 

The following observations al 
specimen is viewed between slightl 
(Maximum contrast is observed on 
the analyze! Is displaced from its crossed 
through an angle of about 2 therefore we 
“slightly uncrossed”’ to mean uncrossed 

1. a—a Face. Contrast is now about the sa 
that on the a—c faces, and maximum contrast ov 
throughout a range of : F The light and 


(b) bands now are not interchanged on either sid 


15°-position, but are interchanged at successiv: 
* ‘“‘Intensity’» means the intensity of the component of the 


reflected light that is transmitted by the analyzer. positions, as shown in Fig. 7 Kach band goes thi 
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ough 


at successive 45 °-positions between exactly 
to 


not 


nicols are 


dark 


vibration planes of parallel 
bands are 


tS. 


ight and 


ge surtace 
two maxima and two minima of intensity as the 


specimen is rotated through 360°, but not at about 
the same position as with exactly crossed nicols. 

Face still 
ibout the 45°-position. Now, however, the light and 


2. ac Maximum contrast occurs at 


dark bands are interchanged at successive 


positions, as shown in Fig. 8. 


the and dark 


interchanged 


a position of contrast. light 


bands of each face are whenever the 
analyzer is flicked back and forth through the crossed 
position. 

4. For each face there are still four positions of the 
These 


positions are the same as for exactly crossed nicols. 


specimen in which there is no contrast. 


5. With the specimen in the 45-position, it some- 


a—a twins at successive 45 -positions between slightly 
Note that the light and dark 
interchanged. Cleavage surface. 4S. 


uncrossed nicols. bands are 


times appears as if the contrast on the a—a face is 


sreater than that on the a—c faces. 
6. The light and dark bands can be traced around 
the sides of the specimen, as sketched in Fig. 4a. 
DISCUSSION 
Metallic refle ction of plane polarize d light 
When plane polarized light is incident normally on 
an isotropic metallic surface, the reflected light is 
plane polarized in the same plane as the incident light. 
Therefore, if an isotropic metal surface is viewed 
reflected light 


However, when plane 


between crossed nicols. no will be 
transmitted by the analyzer. 
polarized light is incident normally on a surface which 
is a plane of symmetry of an anisotropic metal, its 
electric vector may be thought of as being resolved 
into two components, one parallel and one perpendi- 
cular to certain crystallographic axes as in Fig. 9. 
The two components, (E, and E,) are reflected with 
different amplitudes (as R, R,) and different 
phases. The difference in reflected amplitudes gives 


and 


rise to a rotation of the plane of polarization of the 
incident light through an angle 4, and the introduction 
of a phase difference between the reflected components 
for 


produces elliptically polarized light. However, 


metals in general* the phase difference between 


* That the “n applies to Na,WO, may be assumed 
since the optical constants of Na,WQO, have normal values 
14) Ordinary white light was used in 


general 


for red and vellow light. 
this experiment. 
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AND 


b 


Fic. 8. a—c twins at successive 45°-positions between slightly 
uncrossed_ nicols. 


interchanged. Cleavage surface. 48. 


reflected incident. 


polarized light is slight,“®) and the reflected light may 


components of normally 


be considered as being plane polarized. The rotation of 


the plane of polarization produces a component (E) 
perpendicular to the plane of polarization of the 
incident light, and this component is transmitted by 


the analyzer when the nicols are in the crossed 


position. The amplitude of this component depends 


upon §, which is the angle between the optic axis (C) 
and the plane of polarization of the incident light. 
surface which 


Therefore, if an anisotropic metal 


happens to be a plane of symmetry is rotated through 


TRANSITIONS 


Note that the light and dark bands are 


plane 


IN SODIUM TUNGSTEN BRONZI] 


N, 


E 


Fic. 9. Vector diagram illustrating 

incident. plane polarized light E, 

N, and N, are the polarizer and analyzer, ré 
and R is the reflected light vector 


reflection of 
from an anisotropiK 


surface 


it will show four maxima 
The 


when the vibration planes of the crossed nicols are 


360° between crossed nicols 


and four minima of intensity. minima occu 
parallel to and perpendicular to the axis of symmetry 
and the maxima occur at what is usually termed the 
*45°-position,”” i.e. when the optic axis makes an 
angle of 45° with the vibration planes of crossed 


nicols. 


Inte rpre tation of optical behavior of twins 


On the basis of the above outline of metallic 
reflection, it is possible to construct a model (Fig. 10 
which accounts for the optical behavior of Na WO, 
in terms of a tetragonal crystal structure with c/a 


and twinning on (101). 


/ 


Fie. 10 


twinning 


Model « 
plane, seen in a 


Arrows and dot 


and parallel to the obse1 


crossed nicols 
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Using the model shown in Fig. 10, the experimental 
observations made with exactly crossed nicols may be 
explained as follows. 

1. a~a Face. According to the model, the intensities 


of adjacent bands are equal whenever the vibration 


plane of a nicol bisects the angle between the c-axes 
lla). On 


position, the intensity of a set of alternate bands will 


of adjacent bands (Fig. one side of this 
be slightly greater than that of the other bands while 
on the other side of this position the intensity of the 
same set of bands will be slightly less than that of the 
other bands, because the angle between the c-axes of 
adjacent bands differs slightly from 90°.* In addition, 


each band should be at an intensity maximum 
whenever its optic axis lies in the 45°-position and 
at an intensity minimum whenever its optic axis lies 
parallel to one of the vibration planes of crossed 
This is observed. 

Faces. That 


greater than that on the a—a face is easily understood: 


nicols. 


2. a-c 


the contrast on these faces is 
on these faces, the dark bands remain at an intensity 
minimum because their optic axes are parallel to the 
axis of the microscope, while the light bands go 
through four maxima and four minima of intensity 
because their optic axes are perpendicular to the axis 
of the microscope: therefore, at a position of maximum 
contrast on an a—c face, a maximum intensity is being 
contrasted with a minimum intensity, while on the 
between two intensities of 
about the lla and b). In 


addition, the light and dark bands are not interchanged 


i~a face. the contrast is 


same magnitude (Fig. 
at successive 45°-positions because the dark bands 


behave a isotropic metal surface. Finally, 
maximum contrast occurs at about the 45°-position 
because the optic axes of the light bands make angles 
of 45° with the vibration planes of the crossed nicols, 
giving intensity maxima. 

3. According to the model, whenever the vibration 
planes of the crossed nicols are parallel to the (100 
they are essentially parallel to the optic 
therefore, the of all 


bands are very nearly equal and at a minimum, hence 


directions. 


axes of all twins: intensities 
there is no contrast, agreeing with experimental 
observation. 

$4. The observation that the light areas dominate a 
surface in compression may be explained by assuming 
10, it is reasonable to 


that c a. Referring to Fig. 


assume that, when an a-—c face is compressed, the 


shorter axes will tend to line up with the direction of 


compression. Therefore, if the light areas have their 


c-axes as shown in Fig. 10, the c-axes must be shorter 


* See Appendix. 
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(d) 


Fic. ll. Vector diagrams illustrating reflection of plane 
polarized light incident normally upon the bronze: 

(a) a—a twins, exactly crossed nicols, 45°-position; 

(b) a—e twins, exactly crossed nicols, 45°-position; 

(c) a—a twins, slightly uncrossed nicols, 45°-position; 

(d) a—e twins, slightly uncrossed nicols, 45°-position; 
Unprimed and primed quantities refer to adjacent members 


of a twin. 
than the a-axes. (It may be remarked incidentally 
that the observation that bands on the a—a face move 


in conjunction with bands on the a-c face when 
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stressed mechanically is good evidence against the 
band pattern being merely a surface effect.) 

The experimental observations made with slightly 
uncrossed nicols may be explained as follows: 

1. a—a Face. Contrast on this face is greater than 
with exactly crossed nicols because the contrast is 
no longer between two intensities of about the same 
magnitude. This can be seen qualitatively with the 
aid of the vector diagram, Fig. lle: the vibration 
plane of the slightly uncrossed analyzer is nearly 
perpendicular to the vibration plane of the light 
reflected from the primed member of the twin—hence 
the dark bands: the other bands are light because the 
analyzer transmits a component (E in Fig. llc) of the 
Also, 
from the same diagram, it can be seen that E > E’ 
for 0 in the range 0 < 9 < 90°, and E < E’ for @ in 
the range 0 > 4 > —90°: hence the light and dark 


light reflected from the unprimed member. 


bands are interchanged at successive 45°-positions but 
are not interchanged between any two positions of 
no contrast as with exactly crossed nicols.* 

2. a-c Faces. The argument for maximum contrast 
the the 
reasoning as for the case of crossed nicols. 
to Fig. 11d, it is seen that E < E’ for 4 in the range 

90°, and E>E’ for 9 in the 
90°, hence the light and dark bands are 


occurring in 45°-position follows same 


Referring 
range 


now interchanged at successive 45°-positions. 
3. Referring to Fig. Ile, it is that E’ 0 
d’, and E therefore, 


the light and dark bands are interchanged when the 


seen 
when 0 when ad: 
analyzer is turned through the crossed position. 

4. The uncrossing of the analyzer does not change 
the positions of no contrast, because when the vibra- 
tion plane of the incident nicol is parallel to an optic 
axis, the intensity of the light transmitted by the 
analyzer is approximately the same for the bands 
whose optic axes are parallel to the axis of the micro- 
scope as it is for the bands whose optic axes are 
perpendicular to the axis of the microscope. 

5. That the contrast on the a—a face can be greater 


than that on the a—c faces when the specimen is in 


the 45°-position can be seen qualitatively with the 


aid of a vector diagram, Fig. 12. If, for instance, the 
analyzer is uncrossed slightly counterclockwise and 
the the 


intensity, then the light bands on the a—a face are 


dark bands on all faces are about same 


brighter than the light bands on the a—c faces. On 
the other hand, if the analyzer is slightly uncrossed 


clockwise. then the light bands on all faces should be 


the same intensity, and the dark bands on the a—a face 


* See Appendix. 
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SODIUM TUNGSTEN BRONZE 


Fic. 12 


bands can be 


Vector 


traced around the 


diagram illustrating why light and dark 


sides of a sample and wh 
than contrast on an 


Numer 


subscripts refer to numbered areas in upper sketcl 


contrast on an a—a face can be greater 


a—c face when nicols are. slight! uncrossed 


should be lighter than the dark bands on the a-« 


faces. This diagram also shows why light and dark 
bands can be traced around the sides of the specimen 


when the nicols are slightly uncrossed. 


CONCLUSIONS 


It has been found that electrolytically grow 


crystals of sodium tungsten bronze exhibit a birefrin 
gent twinned phase over a well-defined but limited 
temperature range. Both the maximum and minimun 
temperature limits of the twinned phase vary as a 
Above and 


these limits the bronze behaves as an isotropic materia| 


function of sodium concentration helow 


in reflected polarized light The optical beha 
explained in terms of ; 


crystals 


the twinned phase can be 
tetragonal unit cell with c a and twinning 01 


The 


contain oxygen in excess of the WO, ratio can be 


fact that the electrolytically grown 
explained by the existence of a volume in the tempera 
ture space of the Na—~W-—O system—the composition 
of the crystals studied being expressed somewher 
near the oxygen-rich boundary of the phase volum« 
This 


Structurally the accommodation of excess oxygen In 


view allows oxygen-deficient bronze as well 
this structure is not understood, but the possibility of 
solid solution between a perovskite (NaWO,) and a 
pyrochlore type structure, which could accommodate 
considered. 


excess oxygen, should be 
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Using the structural conclusions of this study in 
combination with analogous relations in other systems, 
certain speculations regarding the structure can be 
made. The c/a ratio must be very close to unity 
because the deviation from cubicity has not yet been 
resolved by X-ray techniques. As a consequence, the 
angle between the c-axes of adjacent twins, must be 
very close to 90°. By comparison with data available 
for BaTiO, it is possible to arrive at a possible range 
BaTiO, is tetragonal 

1.007 so that the 


about 


for the c/a ratio of the bronze. 
it room temperature and c/a 
twins is 


angle between c-axes of adjacent 


89° 25’. This deviation of 35’ can be measured by 


X-ray techniques quite readily. Therefore, it seems 
reasonable to assume that the distortion from cubicity 
in the sodium tungsten bronze is less than 35’ and that 
c/a is in the range 0.990—-1.000. 

The structural similarity of the bronze and barium 
their behavior under 


titanate is further shown by 


thermal and mechanical stresses. The twin behavior 
of barium titanate at the cubic—tetragonal inversion 
is essentially identical to that of the bronze at its 
transformation temperatures. The similarity is also 
barium 


the 


seen when crystals of each are bent. For 


titanate the transformation c: be assigned in 
first approximation to minor adjustments in the 
TiO, groups. The several structural changes in WO, 
itself can be described by distortions of the WO, 
octahedra. (The direct relationship of transformation 
temperature and sodium content might then be 
considered as due to the increased rigidity or tempera- 
ture stability imparted to the WO, cage structure by 
increasing the number of filled sodium sites.) Because 
of these structural analogies between barium titanate 
and sodium tungsten bronze, it seems reasonable to 
assume a similar diffusionless mechanism for the 
transformations in the latter rather than to appeal to 
ordering of the sodium atoms. 

The data of Smith and 


to show that diffusion of sodium atoms to adjacent 


(15) 


Danielson can be used 
sites is not likely to happen in the time involved in 
the transformation. They found that the diffusivity 
f sodium in Na,» 7.WO, could be represented by the 
equation D = D, exp (—AH/RT'), where D, 
and AH = 51.8 keal/mole. At 
then, D 


Using the well-known diffusion equation s 


0.87 
about 1SO°C 


this 


cm?/sec 
bronze. 
(Dt), 
where s is the distance an atom of a substance with 
D diffuses in time ¢, it is found that it 


0.87 10-2° em?/sece for 


diffusivity 
would take about 3 10° min for an atom of sodium 
in Nag z7gWO, to move to an adjacent site. Since the 


actual transformation consumes no more than 10 min. 


it can be presumed that the transformation is similar 
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to the diffusionless type characterized by those in the 
Co—Pt, In—-TI and other systems. 

A final aspect of the transformation is the remark- 
able sequence observed during heating and cooling of 
the the the 
bronze appears to change from a cubic to a non-cubic 
If this is indeed 


bronze. From optical observations 
and back to a cubic material again. 
the case (i.e. if the observation is not merely due to 
some peculiar intersection of a phase volume) then 
it would be interesting to know if the phases which 


appear to be cubic are identical in structure or not. 
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APPENDIX 
Figure | illustrates what takes place when plane 
incident normally upon a-—a 


polarized light E, is 


twins in a 45°-position. The unprimed and primed 


quantities refer to adjacent members of a_ twin. 
Following the outline of metallic reflection of plane 
polarized light given earlier, E, is thought of as being 
resolved into components E, and E, which are 
reflected as R, and R.. respectively, where for 
simplicity it is assumed that R, = E, and R, = aE, 
R, and R, then combine to produce 
R, which represents the amplitude of the reflected 
light. 


through an angle 4, which is about 2° for the bronze. 


with 0 od l. 


The plane of polarization has been rotated 


(A Bausch and Lomb elliptical compensator was used 


Nj 


Fic. 1. Vector diagram illustrating reflection of plane 


polarized light incident normally 
position. 


upon a-a twins in a 45 - 
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AND 


270° 360° 


Variation of intensities of adjacent a-—a twins 


functions of # for exactly crossed nicols. 


to determine ¢.) Finally, E is the component of R 


In Fig. 2. 


N, is the polarizer, and the dotted line represents the 


which is transmitted by the analyzer N,. 


crossed position of V, with respect to N,. 


For exactly crossed nicols (y 0) it can be shown 
that J oc sin? 29 and I’ « sin? (26 


I’ are the intensities of adjacent bands and / is the 


2), where J and 
angle between optic axes of adjacent bands, i.e., 
B= 0’ + 0. 
for p 


fon 


Fig. 2 shows the curves of J and J’ versus 
The curves show the following: 


when 24 26 20) 7/2, 1.e., when 4 

7/4, hence there is no contrast when 4 equals 

I’ for 
I’ for 9 in the 

light and dark 

side of a 45°- 


essentially an integral multiple of 7/4; (2), J 


f in the range $ f) 454° and / 
range 454 903 the 


interchanged on either 


hence 
bands are 
position. 


For slightly uncrossed nicols, it can be shown that 


I x [sin (24 y) + asin 
and 


I’ x [sin {2p (24 y) | asin 
I and I’, 


x)/(1 


where and p are the same as before and 


a (1 x) where x? is the reflecting powel 
associated with the direction perpendicular to the 


optic axis, R, and R; 


It can be shown also that cot db (1 


4B, (see Fig. 1) 
x)/(1 x), 
where ¢@ is the rotation of the plane of polarization 
(df is about 2° for the bronze, so that « 93 and 


a ww 27.6). Figure 3 shows the curves and 


versus 4 for 27.6. 


It can be shown that: 
(/ I’) sin sin 2[(20 + py) — P] 


4a sin y sin cos 


so that J 4 


when (24 y) }) 


TRANSITIONS IN 


SODII 


intensities 


or when 89} 


3 
Therefore 


no contrast which occur when the vibration plane of 


} 90 3 there are four positions of 


the incident nicol is essentially parallel or perpendi 


cular to an optic axis. In addition, the light and 


dark bands are interchanged at successive 45 


positions but are not interchanged between any two 
positions of no contrast as in the case of crossed 
nicols. 

It is obvious from Fig. 3 that any one band shows 
two maxima and two minima of intensity for a 
complete rotation in contrast to the case of exactly 
Therefore, slightly 


account for the two 


crossed nicols. uncrossed nicols 


may extinction positions pel 


complete rotation often cited in the literature on 


reflected light microscopy 
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A TRANSITIONAL h.c.p. PHASE IN THE yy — « TRANSFORMATION 
IN CERTAIN Fe-BASE ALLOYS* 


B. CINA?* 


Che transitional h.c.p. ¢ phase of martensitic nature in Fe—Mn alloys has been shown not to be unique 
to this system but to form also in ternary Fe—Mn alloys containing Ni, Cr, Co or C. Carbon which had 
the greatest effect on the transformation characteristics, depressed the MW, and V/ points of the y > 
and 7 —> %, O1 > x transformations. In Fe—Ni alloys, no ¢ phase was detected in 8°, and 19°, nicke 
alloys and it is concluded from this and other published work that this phase does not form in the Fe—Ni 
svsten \ study of certain Fe-Ni-Cr alloys confirmed that a total Ni Cr content of more than about 
24°. was necessary for ¢ to forn \ study was also made of the formation and decomposition of ¢ in 
commercial 18°, Cr, 8°, Ni alloy steel \ similarity was noted between the microstructure of f. 

h.e.p. phases in binary and ternary Fe—Mn alloys and Fe—Ni-Cr alloys, and that of similar phases in 


ferrous alloys, in some of which, at least, the h.c.p. phase has formed martensiticall 


PHASE TRANSITOIRE HEXAGONALE COMPACTE AU COURS DE LA TRANS 
FORMATION y — « DE CERTAINS ALLIAGES FERREUX 

transitoire hexagonale compacte ¢ de nature martensitique observée dans les alliages Fe—-Mn 

nest pas charactéristique de ceux-ci. Elle se forme également dans les alliages ternaires Fe—Mn contenant 

Ni, Cr, Co et (¢ C'est le carbone qui produit leffet le plus marqué sur les charactéristiques de la trans 


formation en diminuant les points WM, et des transformations y — et y— ou Dans les 


alliages Fe—Ni, on n'a pas observé la presence de la phase € pour des teneurs en nickel de 8 et 19 ' En 
relation avec un autre travail déja publié, auteur en conclut que cette phase ne se forme pas dans | 
svsteéme Fe—N Une étude de certain alliages Fe—-Ni-Cr a confirmé qu‘il est nécessaire que la concer 
tration Ni Cr soit supérieure a 24°, pour que la phase ¢ puisse apparaitre. 

L’auteur a également étudié la formation et la décomposition de cette méme phase dans unacier inoxyd 
able 1S—S de ty pe commercial. Il a observé une similitude entre la microstructure des phases h.e C3 
dans les alliages binaires Fe—-Mn ou ternaires Fe—Ni—-Cr et celle de phases semblables d’alliages non 


erreux oti la formation de la phase h.c. a résulté dune transformation martensitique 


EINE HEXAGONAL DICHTEST GEPACKTE UBERGANGSPHASE 

UMWANDLUNG GEWISSER EISENLEGIERUNGEN 
Es wurde gezeigt. dass die martensitische, hexagonal dichtest gepackte Ubergangsphase e der Fe—Mn 
Legierungen nicht allein in diesem System auftritt, sondern dass sie sich auch in ternaren Ni, Cr, Co 
oder C enthaltenden Fe—-Mn Legierungen bildet. Der Kohlenstoff hatte den gréssten Einfluss auf die 
Umwandlungscharakteristik und unterdriickte die und M, Punkte der y — und der — x, odet 
> a Umwandlungen. In Fe—Ni Legierungen mit 8% und 19°, Nickel wurde keine ¢ Phase gefunden 
und daraus und aus anderen ver6ffentlichten Arbeiten ergab sich der Schluss, dass sich diese Phase im 
Fe—Ni System nicht bildet. Eine Untersuchung von gewissen Fe—Ni—Cr Legierungen bestatigte, dass 
zur Bildung von ¢ ein Gesamtgehalt von Ni Cr von mehr als 24% notwendig ist. Die Bildung und 
der Zerfall von ¢ in einem handelsiiblichen 18° Cr und 8% Ni enthaltenden Stahl wurde ebenfalls 
untersucht. Im Gefiige von kubisch-flachenzentrierten und hexagonal dichtest gepackten Phasen det 
binaren und ternaren Fe—Mn Legierungen und der Fe—Ni—Cr Legierungen und im Gefiige von ahnlichen 
Phasen verschiedener Nichteisenlegierungen, in denen sich die hexagonale Phase wenigstens zum Teil 

martensitisch bildet, wurden ahnliche Ziige bemerkt 


1. INTRODUCTION alloys, the possibility arose of the martensitic trans- 
Until fairly recently the h.c.p.¢ phase, formed formation from a f.c.c. to a b.c.c. lattice through an 
martensitically as a transitional phase in the y—« intermediate h.e.p. stage, 


transformati in certain Fe—Mn ; s, has bee 

ran formation in certain Fe—Mn alloys, has been f.c.c.—> h.c.p.— b.c.c., 

regarded as peculiar to that system. The most 
h.c.p. 

recent and comprehensive work on the ¢ phase in 

Fe—-Mn alloys has been that of Gorden-Parr.“-®*) 


-. or thus f.c.c. —————>. 
With the discovery of an analogous h.c.p. phase“? 


forming in certain unstable austenitic Fe-Ni-Cr being a more general phenomenon than was hitherto 


supposed. In the work here reported, an exploratory 


* 
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i. , - attempt has been made to see whether such a transi- 
+ The Brown—Firth Research Laboratories, Princess Street. 


Sheffield 4. tional phase can form either in alloys which are 
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analogous in their y—« transformation charac- 


teristics to those described above, or in more complex 
alloys based on Fe—Mn, for the purpose of establishing 
the more general nature of the phenomenon and 
determining the effect of other alloying elements 

In what follows, the term «, will be applied to the 
non-equilibrium phase of b.c.c. structure formed 
martensitically either on quenching from the fully 
austenitic region or by cold working a metastable 
austenite in the alloy systems based on Fe—Ni or 
Fe-Mn. The term «x will be reserved for the equili- 


brium phase of b.c.c. structure formed on tempering 


% . A transitional h.c.p. phase formed in any of the 


above alloy systems will be termed e. 


observed in Fe—Ni-Cr allovs had previously been 


termed 


2. EXPERIMENTAL WORK 


2.1. Materials used 
Essentially seven series of alloys were prepared for 
study: 


(1) Fe 


sitic transformation characteristics being analo- 


Ni alloys, because of their y— a, marten- 


gous to those of Fe—Mn alloys.‘ 


Fe—-Ni-Cr alloys, extending the range of com- 


position of those studied previously 09) 


Fe—Mn alloys as standards for comparison with 
series (4) to (7). 
Fe-15%, 


Cr or Co. 


Mn alloys containing also 5°,, of Ni, 


Nominal 
composition 


G5195 O.0L5 
G5197 0.014 
G6112 0.009 
G6113 0.017 
XF62161 0.11 
G7958 0.03 
Gb6680 0.06 
G668!1 
G5982 .032 
G6226 O13 
G6227 O15 
G6228 
G5983 O19 
G6214 
G6111 O12 
G7957 
G7959 
GS8024 19 
G6127 42 
82911 AT 
G6027 .62 


80655 


5 Mn,Co 
10 Mn,Ni 
10 Mn,Cr 
‘10 Mn,Co 
15 Mn,Ni 
15 Mn,Cr 
0.2 Mn,C 
20/0.4 Mn,C 
20/0.5 Mn,C 
20/0.6 Mn,C 
20/3/0.5 Mn,Cr,C 


PH > Fe-BASE 


Such a phase 


OLS 


ALLOYS 


10°, Mn alloys containing also 10 

Co 
Mn alloys containing also 15 of Ni 
or Co 
20° Mn 


some 


oO 


contaming carbon 
the 


indicated 


alloys also 


unpublished work by tuthor in 


another connection had that this 


system was worth re-investigating 

chromium Were 
had 
and the 


might 


In series (4) to (6). nickel and 


added 


found in 


because a phase 


transitional h.c.p 
a plain Fe—18 Cr-8°% Ni 
separate additions of Cr or Ni to Fe—Mn 


alloy 
alloys 
was the element favouring the 


phase \ 


comparison 


elucidate which 


formation of an h.ec.p total alloy content 


of 20°. was chosen for with an Fe—20 


Mn alloy in which ¢ was known to form readily 
Cobalt added in 
martensiti 


lattice 


was (4) to (6) because it 


series 


itself undergoes a transformation from 


an f.c.c. to an h.e.p and it was, therefore, of 


interest to observe its effect in another system 


undergoing a similar transformation 

Because ot the exploratory nature of the work. 
the facilities available, and the fact that preliminary 
had that, at least for Fe—Mn 


highly pure alloys were not essential for 


trials shown illoys 
formation 
all the alloys were prepared from materials normal! 
used for experimental casts of commercial quality 
Their analyses are listed in Table |] 

All the alloys chill cast 


or 28 lb, 24 in 


14 in 


and were 


were either ls 


1} in ingots 


hot forged to 2 Lil 


square square 


square har 


O.013 
006 0.012 
O04 
O04 0.012 


O24 0.028 


O17 O.O16 


OLS 


O.028 


O.O17 


O17 OO1l7 


OLS OLS 
OLO 
O12 OLS 


O12 O12 


("y ( 
(6 Ke 
C1 
7) 
6 2) 
1958 
(3) 
(4) 
TABLI Ana ses ota 
Compositior t 
‘No. 
No 
( Si Mn P C1 N \I ( \ 
8S Ni 0.02 0.03 0.0 ) 
19 Ni 0.29 0.05 0 0.08 18.65 
10/8 Cr. Ni 0.05 0.0 0 4 64 l 
18/4 Cr.Ni 0.21 0.08 0 17.46 A 
18/8 Cr,Ni 0.54 0.97 18.59 8.78 0.30 O44 
5 Mn 0.32 0.28 
10 Mn 0.29 10.10 7... 0.34 0.06 
15 Mn 0.39 15.61 0 as 0.24 0.04 
20 Mn 0.49 20.00 0.05 0.02 
15/5 Mn,Ni 0.24 15.0 0.0 5.03 0.19 
15/5 Mn,Cr 0.38 14.1 0 9.05 0.05 0.0 ) 
0.34 14.15 0 lr 0.02 17 
0.18 10.40 0 0.0 +4 
0.21 9.50 0 9.70 0.03 nD) 
0.18 8.55 0 0.11 0.04 10.31 
0.03 4.60 0.0 14.92 
0.20 5.0 14.8] 0.07 
0.57 19.50 0.008 0.007 0.07 0.04 
0.59 18.52 
0.75 19.65 0.005 0.025 0.14 0.11 
0.69 19.15 
0.87 18.5 0.004 0.021 3.28 0.1] 0.02] 


Homogenization and heat treatment 
Fe—-Ni-C1 
forged bar lengths, 
genized in 70 hr at 
cooled to R.T.* 
the 


The two experimental alloys, G6112 


ind G6113. in 6 in were homo- 


vacuo for 1300°C, and rapidly 
furnace Because of the large grain 


were cold worked about 
RT... 
‘rvstallized for ‘ hr at 1050°C and water quenched. 


obtamime at 


O obtained bars 


were then 


20) per cent in compression at and 


grain size 


facilitated 


treatment refined the austenite 


elevated temperatures and 
iter high temperature X-ray diffraction examination. 
\ homogenizing treatment of 60hr at 1300°C in 
hydrogen was carried out on one 6 in. bar length of 
Mn alloy, Cast G5982. While this 
to 0.011%. a 


18.70° 


the plain 20° 
the 


reduced carbon content loss of 


20.00 to was sustained, 
For 


high 


manganese trom 


presumably owing to volatilization. this reason 


und because some preliminary temperature 


X-ray diffraction work showed no significant difference 
in transformation characteristics between as forged 
material which had been homogenised, cold 
worked, and the other, 
Mn-bearing The Fe—Ni 


alloys were also examined without homogenization 


ind bat 
recrystallized, none of 
alloys was homogenized. 
since no serious segregation was expected in them. 

\ll heat treatments for samples to be examined by 
optical microscopy or X-ray diffraction were carried 
the latter 
OF 


a longitudinal surface by 


out in air on forged bar lengths, being 


sectioned transversely for examination at 
machined and examined on 


high temperature X-rav diffraction. 


Mi thods raminat On 

Three 
temperature X-ray diffraction, and optical microscopy. 
The high X-ray 


iS the deseribed 


techniques were used: high and room 


temperature diffraction technique 
same as that a 


uncing angle photograph using Co Ax X-radiation 
eing obtained from the centre of the L in. diameter 
iuge leneth of a test which was heated in 
acuo. K.T. X-ray diffraction and optical microscopy 


were carried out on 


9 piece 
transverse sections of the heat 
abraded 
electrolytically polished to remove the cold work 
effects of the the X-ray dif- 
fraction again employing the glancing angle technique 
and either Co Ka X-radiation. 


Some of the high-temperature X-ray diffraction 


treated bar. mechanically and finally 


abrasion 


mechanical 


Ke K or 


using 


photographs were taken in asomewhat unconventional 


manner and are worthy of brief description. It was 


considered possible that if an h.c.p. phase formed in 


Room temperature 
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some of the alloys, it might be even more transient 


than the or phases previously 
encountered. Thus, 


it appeared useful to study the diffraction pattern on 


in character 
in order to ensure its detection, 


continuous cooling as well as at fixed decrements of 
temperature. Since no Geiger counter spectrometer 


was available, continuous exposure on film was 
made during continuous cooling over temperature 
ranges of up to 50C° and for periods of about 7 min 
(the minimum exposure time required for the quality 
of film used). Exposures were also made at fixed 
temperature intervals after allowing 2-3 min for the 
narrow specimen to attain thermal equilibrium. The 
sensitivity of phase detection is regarded as about 
2~3°,, for samples in thermal equilibrium and possibly 


about 5 for samples examined on continuous 
cooling, being then dependent on the rate of formation 
| illustrates diagrammatically 


of the new phase. Fig. 


the types of heating, cooling, and X-ray exposure 
cvcles adopted for these experiments. 
3. RESULTS 
Both the 8°, 
for 1 hr at 900°C and water quenched, and in this 


N 2 alloys 


and 19°, Ni alloys were austenitized 


condition were both found to consist entirely of a, 
the 


as expected.) Jones and Pumphrey‘* give 
temperature range for the formation of 10 to 90°, a, 
on cooling as about 570° to 540°C for the 8°, Ni alloy, 
and about 310° to 250°C for the 19°, Ni alloy. If an 
h.c.p. phase is to form in these alloys it probably will 
do so either within those ranges of temperature or 
just above them. Using the temperature cycle and 
X-ray examination technique illustrated in Fig. 1, 
the MV. points for the Y—> A transformation of these 


? 290°C, 


alloys were found to be about 525° and 
respectively. On holding the alloys at a temperature 
about 5—10°C above their respective M. points, only 
detected. X-ray 


below M. or on 


austenite was examination on 


holding at temperatures cooling 
through temperature ranges of 25 or 50°C between 
M, revealed only 3 


with 


Xo. the proportion of Le 


increasing decreasing temperature until the 
alloys were fully transformed to a. 

Alloys containing more than 27°, Ni are incom- 
pletely transformed to a on rapid cooling from an 
austenitizing temperature to R.T., but no phase other 
or % has ever been reported in them at R.T., 


196°C. 


than y 
nor after cooling to, or cold working at, 
that 


phase does not form in Fe—Ni alloys. 


It would, therefore, seem a transitional h.c.p. 


3.2. Fe—-Ni-Cr alloys 


3.2.1. 10% Cr, 8% Ni and 18% Cr, 4%, Nis alloys. 


6 
195 
RT. = 


TRANSITIONAL h.e.p. PHASE IN Fi 


Austenitisation 


Mray exposure indicated by 


broken line, thus:- 


TEMPERATURE 


TIME —— 


Fic. 1. Schematic diagram of thermal cycle for high temperat 


Since a transitional h.c.p. phase had previously been commercial 18°, Cr, 8°, Ni allov by deformation at 
detected'*® in an 18°, Cr 8°, Ni alloy, two further 196°C, in order to reconcile the above results. 
alloy compositions were studied, in one of which the Material from Cast XF6216] prior softened by 

nickel content was kept constant at 8°, and the treatment of 1 hr/1050°C, W Q was iiesnnadl 
chromium reduced to 10°... whilst in the other the slowly in tension at 196°C’ and examined afte 
chromium content was retained near 18°, and the various amounts of true reduction area* up to 
nickel reduced to 4°,. All this was done to determine — 106 per cent. The phases detected are listed in Table 2 
which element favoured the formation of an h.c.p. The results in Table 2 confirm that an h.c.p. phase 
phase. The same high temperature X-ray diffraction is formed in a commercial 18°, Cr, 8°, Ni alloy by 
technique was used as for the Fe—Ni alloys. Both the deformation at 196°C but show that the phas is 
10°, Cr, 8% Ni and 18°, Cr, 4°, Ni alloys were transitional and is finally transformed to «, by 
austenitized at 1000°C and the approximate y—«, further deformation. The persistence of uy 


) 


transformation temperatures were as_ follows 26.8°, deformation is in keeping with Binder 


work, 4 but its subsequent transtormatio1 simp 


10/8 CrNi 18/4 CrNi 
M, 150°C 275°C 


means that Binder had insufficiently cold 


No h.c.p. phase was detected in either alloy, on Cold 
continuous cooling, on holding above the V7, of the ees 


y — a, transformation, or within the WV —M, range of 


this transformation. This will be discussed later. 

3.2.2. 18°, Cr, 8°, Ni alloy. Binder™ has found 
no change in the amount of h.c.p. phase formed in a 
commercial 18°, Cr, 9°, Ni, 0.056°,C alloy with 
increasing amount of total plastic strain at 320°F 
(—196°C). The author® has observed an _ h.c.p 
phase in commercial alloys cold worked mainly at 
R.T., but this phase disappeared with further cold 
work. Similar behaviour was observed in pure 
Fe-Ni-Cr alloys’ deformed at room or sub-zero 
temperatures. There seemed justification for re- 


investigating the formation of an h.c.p. phase in a 


CINA: ALLOYS 751 
| 
} 
| \ 
| j 
| > 
| | 
> 
| 
| > 
| 
| 
| | 
| | 
| 
| 
TOL. 
6 
1958 
6 
Inter f X-1 
1.7 M/S VV VW 
\\ \\ 
7.4 W/M w/) 
14.8 W 
26.8 W/M 
$5.6 ~ 
106 ) 
S trong. M rm 1 \\ VW ‘ 
Prue reductior rare ( 
“ 


ACTA 


alloy. The transitional character of ¢ so revealed 
reconciles the results with other work.?) 
Krainer Otte’ 


that e was formed by cold work prior to a. In so far 


and Krainer'® and have found 
as the strength of the diffraction pattern of ¢ was 
slightly greater than that of a, in the alloy cold 
worked 1.7 per cent, there might be some support for 
this observation. It is more probable that for this 
alloy, some a forms directly from y and some from ¢ 


as in Fe—Mn alloys. 


As standards for comparison, the R.T. constitution 
of Fe—Mn alloys containing 5, 10, 15 and 20°,, Mn was 
studied. Table 3 lists the phases detected by X-ray 
diffraction, (a) after 10 min/1050°C, W.Q., (b) as (a) 
196°C, the 196°C 


carried out within 4 min of water quenching from 


M alloys 


10 min treatment at being 
1050°C to reduce any stabilization of the austenite 
occurring at R.T., and (ec) as (a) heavily cold 
R.T. Treatments (b) and (ce) were carried 
out to bring the alloys nearer to R.T. 
the 


worked at 
equilibrium 
constitution and to demonstrate transitional 
character of ¢ if any were formed on quenching to 
R.T. from 


compression of a small cylinder of the alloy to about 


L050°C. The cold work consisted of slow 


half its original height. The compressed cylinder was 


then sectioned transversely at mid-length and 
examined on this section after suitable preparation. 

The data in Table 3 show that ¢ has been formed in 
only the 10—20°,, Mn alloys on water quenching from 


with increasing manganese content. 


LO050°C to being present in relatively greater 


amount Under 


the same conditions «, was formed in only the 5-15°, 


Mn alloys, and to a greater relative extent with 


decreasing manganese content, i.e. increasing man- 


content tends to stabilize the austenite and 


ganese 
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allows e to form more readily than «,, presumably 
by depressing the W, of the y—> «, transformation. 
Treatment at 196°C caused the complete dis- 
appearance of y in the 10°,, Mnalloyand the formation 


of a small amount of «, in the 20°, alloy. The relative 
did 
affected in any of the alloys. 

Cold 
of all the y and ¢ to «, in the 10°, Mn alloy, of all the 
y and almost all the ¢ in the 15°, alloy, and almost all 
the y and ¢ in the 20°, alloy, thus confirming the 


amount of ¢ not appear to have been much 


work caused the martensitic transformation 


transitional nature of ¢ in these plain Fe—Mn alloys, 


and the stabilizing tendency of manganese on 


3.4. Fe—Mn—Ni alloys 

Table 4 shows the constitution of Fe-Mn—Ni alloys 
containing 5, 10 and 15°, Ni respectively, each alloy 
containing a total of 20°, The 
same (a), (b) and (c) treatments were studied as for 


alloying elements. 


plain Fe—Mn alloys. 

Table 4 shows that on water quenching from 1050°C, 
e can form in Fe—Mn-Ni alloys with a total alloy 
of 20° with up to 10°, Mn 
replaced by Ni. the effect 
nickel content to this extent is to decrease the relative 


content and being 


However, of increasing 
proportion of ¢, mainly by increasing that of y and to 
a lesser extent that of a. Subsequent cooling to 

196°C resulted in the formation of more «, mainly 
at the expense of y. For the (a) and (b) treatments, 
the 5°, Mn, 15°, Ni alloy showed only y and «,, the 
latter phase being preponderant. A similar structure 
would have been obtained in an Fe—20°, Ni alloy 
under the same conditions. 

Heavy cold work caused the disappearance of ¢ 
from the 10°, Mn, 10°, Ni alloy and to a 
extent from the 15°, Mn, 5°, Ni alloy, establishing 


large 


the transitional nature of ¢ also in Fe—Mn-Ni alloys. 


.T. constitution of plain Fe—Mn alloys 


Alloy 


content 


10 min 


Treatment 


Intensity of X-ray 
diffraction patterns 


L050°C, W.Q. 


10 min/1050°C, W.Q. 


10 min 


1L050°C, W.Q. 


10 min/1050°C, W.Q. 


As (a) 
As (a) 
As (a) 


As (a) 
As (a) 
As (a) 


10 min 
10 min 
10 min 


196°C 
196°C 
196°C 


heavy cold work 
heavy cold work 
heavy cold work 


3. 
Seriog 
é 
10 vw W M/S 
15 M M/S VW 
20 sr M M/S 0 
10 0 W M 
(b 15 M M VW 
20 M M/S W 
LO 0 0 Ss 
15 0 VW M 
20 VW W M 
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TABLE 4. R.T. 


Alloy content 


%Ni 


10 min 
10 min 
10 min 
10 min 


constitution of 


W 
W 
Lo50°C, W 
L050°C. W 


PHASE 


B 


IN Fe 


Fe—Mn—Ni alloy 


Q 
Q 
Q 
Q 


ASE ALLOYS 


10 min 196 
10 min 
10 min 


10 min 


As 
As (a) 
As 
As (: 


LOS ¢ 
196 
196 


cold work 
cold 
cold work 


cold 


As (i heavy 
As (3 
As 


As (: 


heavy work 
heavy 


heavy WOT 


TABLE 5. R.T. constitution of Fe 


Alloy content 
Treatment 


Mn C1 

Lo50°C, W 
10 min/1050°C, W.Q 
10 min/LO50°C, W.Q 
10 min/1050°C, W.Q 


10 min Q 


As (a) 
As (a) 
As (a) 


10 min 
10 min 
10 min 
10 min 


196°C 
196 
196 


cold work 


he 


heavy cold work 


avy 


work 


cold 


LO 


cold WOrK 


)-ferrite, as shown by optical microscopy. 


Mn in com! 


Fe 
not seem to have the 


Ni and Mn 


In 


in the Mn-—Cr alloys. Cr and 


same stabilizing effect 


he 


It is interesting to note that the ;3 » Mn, 
10°, Ni alloy is much more stable than that of 
, Mn alloy or the 5°, Mn, 15°, Ni 


as shown in t previous sectio 


either the plain 20°, 


Plain 


Fe-10°,, Mn 


and 


Fe—-10°,, Ni 


alloys 


The 5' Mn. 


alloy 


15% C1 


consisted 


alloy. 
equal proportions of 0-ferrite and «,-marte1 


x, after water quenching 


would have consisted of 100°, 


from LOSO-C. water que nehing from 1L050°C 


3.6. alloys 


Fe—-Mn—Co 


Table 6 shows the constitution of F 
to 


3.5. Fe—Mn-Cr alloys 
Table 5 shows the constitution of Fe—~—Mn—( 
for Fe 


l alloys 
Mn—-Ni_ studied in a manner similat that f 


studied in a manner similar to that 
alloys 

While Co is regarded as a ’ i 
alloys, its effect in combination with Mn is to 


of of the 10 


(‘o alloy being LOO 
The 15°,, Mn 


conditions 


alloys. 

Replacement of Mn by Cr has roughly the sam« stabilizer in 
effect on constitution as replacement by Ni, for up to 
10°, of However, 
present in greater relative amount in the comparable 
Heavy the 


the formation the structure Mn 


each substitute element. is Lo 
watel 


quenching 


did 


Cr-bearing alloys. cold work causes from 1LO050°C 5°. Co alloy show 


complete martensitic transformation of y and ¢ to « 
in both the 15°, Mn, 5°, Cr, and 10°, Mn, 10°, Cr 


alloys, establishing the transitional character of « 


somew! 


Mn 


it simi I 


Ni 


in the 


under the same to a 
relative extent as the corresponding F‘ and 


Fe—Mn-Cr alloys. 


The relative proportion ot 


Series lreatment liffraction pattert 
20) Mi M/S 
D \I VW 
(a) 
LO VW W/M 
20 \L/S \\ 
(b 
10 10 \L/S VW 
20 VW \\ 
: 10 10 \l ( 
Cr alloys 
Intensit f 
M/S () 
0 
TOT 0) 
6 20) \l VL/S 
) 10 10 () \\ 
15 As (a ‘) () 
20 As (a VW W 
15 5 As (a as 0 0 M/S 
10 = As (a levy = = 0 0 M/S 
d 
li 
Vin—¢ OVS 
Mn—Ni 
O, 
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constitution of Fe-Mn—Co alloys 


\llov content 


Intensity of X-ray diffraction patterns 


Treatment 


Vin 


LO min/1050°C, W.Q. 
10 min/1L050°C, W.Q. 
10 min/1050°C, W.Q. 


LO min 196 
10 min 196 
10 min 196 


heavy cold work 


heavy \ cold work 


heavy cold work 


TABLI 
Phases detected 


1050-C, W.Q ( 


old work at R.T 


Intensit 


VW W 
W/M W 
) 
) 


cold work 


cold work is defined as previously 


cted by hand magnet only. 


15°,, Mn, 5°, Co alloy was little affected by treatment 
at 196°C, but both the y and ¢ in this alloy were 


fully transformed martensitically to x, by heavy cold 


work. thus establishing the transitional character of 


in Fe 
omposition in which it will form. 
f.¢.¢. 


transformation 


undergoing a martensitic transformation from 


to N.c.p., it does not favour such a 


when combined with Fe and Mn. 


3.7. Fe—Mn-C alloys 


While Walters and Wells@® have reported that 
carbon suppressed the formation of ¢ in Fe—Mn alloys 
and that e could be formed in such alloys only after 
the carbon had been precipitated from solution by 
suitable heat-treatment, work by the present author 
had that 
, Mn alloy containing 0.47°, C 


in another connection shown could be 
formed in an Fe-20 
cold 


Accordingly, a series of Fe—20°,, Mn alloys containing 
from 0.03 to 0.62°, C 


in solution. on working at 78 or 183°C. 


was prepared for study. These 


The constitution of Fe 


Mn—Co alloys within the limited range of 
Despite Co itself 


20°, Mn-—-C alloys 


.T. by X-ray diffraction after: 


(d) 


Cold work at 78°C Cold work : 196 C 


of X-ray diffraction patterns 


M/S 
W 
M 
VW 


The letters ( and i] alongside the amount of cold work indicate compression and tension respec 


alloys were solution treated at LO50°C and water 


quenched, subsequent micro-examination showing 


all the carbon to have been retained in solution in 
each alloy. The R.T. 
then determined as follows: 
from 1050°C: 


to 196°C for 


constitution of the alloys was 
(a) as water quenched 
(b) as (a) and immediately quenched 
10 min: (c) as (a) and heavily cold 


(d) as (a) and cold 


worked in compression at R.T.: 


a and (e) as (a) and 
196°C. 

The phases detected by X-ray diffraction at R.T. 
after treatments (a), (ce), (d) listed in 
Table 7. 196°C (treatment (b)). 


all the alloys showed the same diffraction pattern as 


worked in tension at 


cold worked in tension at 


and (e) are 
After quenching to 


after water quenching from 1050°C to R.T., 
that 0.03°, C 


amount of «, to have formed on cooling to 


except 
small 
196°C, 
and a can be 
C, the effect 
of increasing the carbon content being to depress the 


M. and 


containing which showed a 
The results in Table 7 show that 
formed in alloys containing 0.03—0.62°, 


points of the transformation. 


754 ACTA MEO 
6. 
Series 
20) M M/S 0 
Ld 5 W/M M 
10 LO 0 ML/S 
20) As (a . M M/S W 
b LS 5 As (a) C W/M M M/S 
10 As (a C 0 0 VL/S 
20 vw M 
15 5 \s (a) 0 0 M 
10 10 0 0 M 
0.03 M ML/S 0 G2 M 
0.19 M/S M 0 61 ¢ M W/M 52 T M M/S M 19 T M/S W/M 6 
0.42 M/S 0 0 63 ¢ VW 35 T' Ss M M/S 11 7 M VW 106 
0.47 S 0 0 63 7 0 47 7 M M/S W 14 7 M/S Vwt a 7 ~ 
0.62 S 0) 0 93 ¢ 0 60 7 M 0 VW 1T M/S VW 
Che percentage 
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Thus, for alloys containing 0.03—0.19°, C, the W. of 
the y—« transformation is above R.T., while for 
those with 0.42°, C or over, this MV. is below R.T 
While ¢ can be formed by cold work at —78°C in an 


alloy containing 0.42°,C, none is formed at this 


temperature in a 0.62°,, C alloy but can be formed in 
the latter alloy by cold working at 196°C. While, 
no doubt, different relative amounts of ¢ would have 
been obtained by using different amounts of cold 
work, the fact that roughly comparable degrees of 
cold work were applied at each temperature permits 
comparison of the effect of different carbon contents 
on ¢ formation. 

%, Can also be formed in all these alloys, the effect 
of increasing carbon being to depress the temperature 
at which it can form either directly on cooling to, or 
by cold work at, that particular temperature. It is 


not certain whether the «, which formed in eithe1 1050°C. W.Q a Wes 


\in 

or via the intermediate ¢ stage. This uncertainty is ‘ig. 3. 3 % phi *e-5% Mn-15% Ni, 1050°C, W.Q 

alloy, however, alone was formed by 63 per cent Mn 


way did so by direct transformation from austenite 
greater for the lower carbon alloys. In the 0.42°, C 


cold work at R.T., while only y was detected after W.Q 196 
25 per cent cold work at R.T. implying that in the simple to interpret, the normal characteristic lines 
former sample the x, formed directly from y: ¢ and jing obtained for v and x. The detection of ¢ was 
hs both appeared in this alloy only after cold working ; , 


at 7S” and 196°C. Likewise in the 0.62°, C 


if anything. the most difficult since sometimes only 


one or two tow angl imes were visible as Was found 
alloy, % alone appeared after heavy cold working previously for Fe-Ni-Cr alloys. Thus, Fig 
(60 per cent) at —78°C; only y was detected after 5, typical X-ray diffraction pattern for «,, Fig. 3 that 


or 25 per cent cold work in tension at 78°C. eand for yg. and v. Fig. 4 that for v alone. and Fio & that for 
4, appeared together after cold working this alloy at : ‘ 
196°C. Samples of the 0.47 and 0.62°, C alloys 


cold worked only 25 per cent in compression also 


x, in small amount (only the 110 diffraction 


line from a, visible 


showed only y in their X-ray diffraction patterns, Meta PNY 


thus confirming that no faint diffraction lines from a Prior to considering the complex met 
transformation product were being obscured by features of some of the alloys, it may 
broadening from the much larger amounts of cold helpful to examine some of the simpler microst 
work as detailed in Table 7. It would seem that in Thus, Fig. 22 illustrates a fully austeniti 
part, at least, x, can form directly from austenite. structure Fig. Sthat froma fully ferritic (%, n 
However, as ¢ has been shown to be only transitional mater! und Fig. 20 a microstructure co1 
in character, it, too, eventually can be transformed y and e, the former i ymewhat greate! 
tO &. The characteristl ipl defined thin 

4. THE IDENTIFICATION OF >», microstructure of ¢ is el Visible, and 

AND «, PHASES with the ragged martensitic ferrite laths 
While the above phases could sometimes be Consideration can now be given to tl 

identified by metallography with a fair degree of composition, sub-zero treatment und cold 
certainty, this was not always the case especially the microstructure and constitution of th 
when transformation to ¢ or % or both had been alloys 
induced by cold work. Alloy constitution was 4.11. Fe—Mn alloys. While tl 
determined with greater certainty by X-ray clif- consisted of rather more e than ° vater quenchin 
fraction examination and it was with this background from 1050°C, as illustrated in Fig. 6, decreasing 
knowledge that the metallography of the alloys was Mn content resulted in the 
studied. The X-ray diffraction photographs were for the 15 Mn alloy in Fig 
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24 Photomicrographs: all electropolished and etched (Fig. 15 in Vilella’s reagent, 


Fig. 16 in acidified aqueous FeCl, and the remainder in 2°, nital). 1500. 


in Fe—15°, Mn, 1050 °C, 
Work at R.T 


% in Fe—-10% Mn—-10% Ni, 1050°C, W.Q. 
10 min/—196°C. 


“Cold 
Fic. 6. in Fe-20% Mn, 1050°C, W.Q 

Fic. 7. y é % in Fe—-15°, Mn, 1050°C, W.Q. Fic. 10. y é + a, in Fe-15% Mn—5% Ni, 1050°C, W.Q. 

Fic. 8. % in Fe—5°, Mn, 1050°C, W.Q. 


ALLOYS 


BASE 


IN 


=~ 


| 


TRANSITIONAL 


CINA: 


h.e.p. P 
G. 12. In Fe—5' Mn-—15 Ni. 1050°C. W.Q 
W.Q 
ran 
Fic. 13. é in Fe—15%, Mn—5°, Cr, 1050°C, W.Q | 
4 
My | > Ne 

1G. 14. in Fe—-15% Mn—5% Cr, 1050°C, W.Q Cold Worl 
at R.T 17 x 1th 
‘ ) Min—5 Co. 1050°C. W.O 


% 


20% Mn-—0.42° 
at 


in Fe 


Le 


W.Q 
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| 18. x. in | 15 Mn—5 Co, Cold Fic. 21. x, in Fe—20% Mn—0.199.C, 1050°C, W.Q 
Wor it R.I Cold Work at R.T 
19. a, in | 10) \in—10 Co, 1050 C, W.Q Fic. 22. y in Fe-20% Mn—0.42% C, 1050°C, W.Q 
Cold 


Fe—18% Mn 
Cold Work at 


% 


W.Q. 


the 
Fig. 8. 


alloy had transformed fully to %, as shown in 
In contrast to the latter photomicrograph, 
Fig. 9 shows the almost fully % microstructure formed 
cold the Fe—15°,, Mn at 


Traces of the plate-like microstructure (Fig. 7) from 


by working alloy 


which it had formed are still visible, the new marten- 


sitic x, structure being more akin to its parent 


microstructure than to that of x, formed in a 
Mn alloy simply on cooling from 1050°C to 
4.12. Fe-Mn—-Ni alloys. 10 


amount of x in a matrix of y and ¢ in the 15‘ 


lowel 
R.T 
small 


Mn 


5°, Ni alloy on water quenching from 1050°C. This 


Fig. shows a 


microstructure is similar to that of the plain Fe—-15°,, Mn 
alloy. Although the 10°, Mn, 10°, Ni alloy 
shown by X-ray diffraction to contain a very small 
of ¢ 


and after subsequent cooling to 


Was 


both on water quenching from 1050°C 
L96°C, 


amount 
its micro 


structure of y and x, as in Fig. 11 suggested a more 
apparent coherence between the and 2. phases, 


possibly indicating the formation of the x, through 
Fig. 
the microstructure of x and y formed in the 5°, Mn, 


15°, Ni alloy on water quenching from L050°C. The 


an intermediate ¢ stage. In contrast 12 shows 


coherence between Y and %y IS NOW less apparent, the 


martensitic x, now resembling rather that of the 
plain Fe—5°,, Mn alloy (Fig. 8). 

4.13. Fe-Mn—-Cr alloys. While the Fe 
alloy consisted of y and ¢, the Fe—-15°,Mn-5°,Ni 


and a little the 


Mn 


alloy of 3 
alloy consisted of almost equal proportions of y, ¢ 
and x, on water quenching from 1050°C as illustrated 
13. 
parallel to the e plates. 


in Fig. The martensitic x laths often seem to lie 


While this could 


preted as due to the formation of %, from e, it is also 


be inter- 
possible that the «, could have formed directly from 
the y, the x, and ¢ simply having the same habit 


plane in the y. Even after the complete transformation 
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of this alloy to «, induced by cold work, traces of the 


original plate-like microstructure are still visible as 
l4. The 10°, Mn 


small amount of ¢ on water quenching fron 


the « 


in Fig LO Cr allov consisted of x 
with a 


| 


an eC discerned 


L050°C. but little of clearly 


in the microstructure as illustrated in 


the fineness of the martensitic Ly | iths 
ot 
have played a greater part in the transformation of «, 
of « left 


16 shows the microstructurs 


Howevel! 
that may 


some semblance coherence, suggests 


than was indicated by the amount untrans 
formed at R.T. Fig 
pools of x martensite in a matrix of 6-ferrite observed 
Mn, 15°, Cr 


There was no trace 


ol 


in the 5° alloy on watel quenching 


from LOSO-C or indication of the 


presence of ¢€ at any in this alloy s history 

$4.14. Mn 
resulted in the oreatest changes in constitution and 
by 


stave 


alloys Replacing hy 


compared with 


Fe—15°,, Mn-5°,Co 


a smaller amount of 


microstructure replacement 
Ni The 
mainly of « with 
of y, 


structure is illustrated in Fig 


as 


or alloy consisted 
and still less 
on water quenching from 1L050°C. Its micro 
17. The 
laths are extremely fine and again possibly 
to the Cold 
transformation of 


extremely complex microstructure 


martensitic 
ie paralle 


plates work, which caused complete 
resulted in an 
Fig 
Apart from the small size of the x, particles, nothing 
The Fe VMn—10°.C 
alloy was fully transformed to « on water quenching 
the 


this alloy to «2, 


is seen IS 


can be clearly discerned lv) 


1050°C and, in contrast to previous alloy 


from 
showed relatively coarse martensitic % laths as show 
19 
Fe-Mn—C alloys 
the addition of carbon to 
effect 


of the other alloying elements added 


in Fig. 


basis. 


On a weight 
Fe—Mn allovs had 


behaviour thai 


pe reent 


oreatel on transformation 
its effect 
to lower the temperature of formation of both 


The 


from 


formed 
Mn 


compared with the amount occurring with 


proportion of on qu 


smaller 


1050°C to R.T., in an IS 0.19% ( 


resulted less Tragmentatio 


but only 0.032°, C in 


the austenite in the former alloy. a be 


Figs W hile 


lower carbon alloy was largely transformed to z, 


comparing 20 and 6 respectively 


cold work applied at R.T., the higher carbon materia 
and 
illustrated in Fig 
Mn alloy 


being 


% «alter a 
2] The 


resulted ina 


contained equal proportions of 


treatment 


similar as 
addition of 0.42 C to 
fully 
water quenching from 1050°C to R.T 
Fig. 22 While cold work applied at R T 


only a very small amount of transformation of the 


an 18‘ 


austenitic microstructure retained on 


shown 


as 


produced 


y to #. cold work at 78°C resulted in the formation 


Fig, 24 ) 3% Cr-—0.5% C, 1050°C, 
78 
6 | 
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of considerable amounts of both e and x, as illustrated 
While what is considered to be « 


the 


in Fig. 23. still has 


its thin plate-like character, martensitic 2%, 


needles tend to have a sharper contour than those 
formed in other Fe—Mn alloys simply on quenching to 


room or sub-zero temperatures. There is also a 


suggestion in the microstructure in Fig. 23 of the «, 
That 


an alloy containing 18° 


features are not 
Mn. 


(Cast 80655). This was also fully 


having formed from such 
unique was shown by 
0.5% C and 3%, CG 
and partially transformed to 


The 


austenitic at R.T.. 
cold 


microstructure is shown in Fig. 24. 


and x, on working at 48 CU. resulting 


5. DISCUSSION 


D | Te } nary alloys hase d On Fe Mn 


The existence of a transitional h.c.p. phase, €, 
Mn alloys is now well established, the most 
this 


binary Fe 


recent and comprehensive work on subiect 
being that by Gordon-Parr.“~*) However, very little 
attention has been paid to ternary alloys based on 
Fe—Mn from the point of view of the effect of the 
latter being con- 


Walters 


was a low-carbon phase 


third element on formation, the 
sidered 
and Wells(@® reported that 
Fe—Mn—C 
only when the latter had been heat treated so as to 
The 
present work has now shown this view to be erroneous. 


and 


sufficient 


as peculiar to the Fe-Mn system. 


in ternary alloys and that it would form 


precipitate most of the carbon from solution. 


The effect of carbon is to lower the .V/ points 


transformation so that with 


().4' 


only below R.T. and then is formed only by cold work. 


ot the > 
carbon (about in solution, formation occurs 
The effect of other alloying elements such as Ni, Cr, 
that. 
20°, Mn alloy in which 
5°, Mn could be replaced by Ni, Cr or Co and yet 
quenching from LO050°C 
after 


or Co was such taking for comparison an 


was readily formed, up 


was still present on watei 
.T. In similai 
replacing 10°,, Mn by 
the Fe—10°,. Mn—10° 


manne! was detected 
Ni or Cr, but it wa 
allov. The amount of 
found in these Fe—15°,. Mn—5 X and Fe—10° 
Mn-10% X where X Ni, Cr or Co, 


general proportionately less than was obtained in the 


s absent in 


alloys Was in 
plain Fe—20°,, Mn alloy or the corresponding plain 
Fe—-15°,, Mn or Fe—10°,, Mn This 
imply either that Ni, Cr and Co tend to depress the 
VW. of the y— 
suppress its occurrence. In 
added to Fe—Mn, 
In the case of Ni, 
This effect of Ni in stabilizing the y 


materials. might 
transformation, or that they at least 
the case of Cr and Co 
was suppressed in favour of a. 
was suppressed in favour of 


phase in Fe—Mn 


alloys is akin to its behaviour in depressing the V7, 


METALLURG 
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martensitic 


While 


to h.c.p. martensitic 


and WM. the f.c.e. 
transformation in Co-rich Co—Ni alloys.@) 


points of > h.e.p. 


an f.c.c. 
of its addition to Fe—Mn 


cobalt itself undergoes 
transformation, the effect 
was nevertheless to suppress ¢ formation in favour of 
that of Ay. While, as Otte’ has pointed out, the 
addition of Cr to Fe—Ni alloys results in the formation 
of an ¢ phase, its addition to Fe-Mn did not par- 
formation. 

that the 


Fe—Mn alloys is not unique to the system but can also 


ticularly facilitate ¢ 


It can be concluded phase of binary 


occur in ternary alloys based on Fe—Mn. However, of 
has not been found 


absent in the binary Fe—r°,, Mn. This implies that the 


the ternary alloys investigated, : 
at a composition containing .' when it was 
presence of ¢ in these ternary alloys is primarily due 


to the presence of Mn. 


Fe N alloys 


Despite the similarity of the y x, transformation 
in the Fe—Mn and Fe—Ni systems, no ¢ phase has been 
Ni alloys though 


specifically sought it in alloys in the range 


reported in the literature for Fe 
Otte! 
28-40°,, Ni after suitable sub-zero treatment. Such 


In the present work, high temperature X-ray Ciffrac- 


materials were largely or wholly austenitic at 


tion also failed to detect an ¢ phase either prior to or 


My NI 


phase does 


during the y—> x, transformation in 8°, and 19! 
alloys. It would, therefore. seem that an ¢ 


not form in Fe—Ni. 


Ni Cr alloys 


It has already been established that an ¢ phase 
‘ 


can form in 18°, Cr, 8°, Ni type steels. An attempt 
in the present work to determine which element was 
the more important was unsuccessful, high tempera- 
ture X-ray diffraction failing to detect an ¢ phase in 
either a 10% Cr, 8% Ni or 18% Cr, 4% Ni alloy, the 
carried out both prior to and 


examination being 


during the y—> x, transformation. In this respect the 
work confirms Otte’s conclusion that will not form 
Ni Cy although this 


probably be reduced to about 24°, since he detected 


when figure should 
éina 17/7 Cr Nisteel. The proportions (joint effect) 
of Ni and Cr are possibly more important than their 
sum total. It may be that an h.c.p. phase will form 
in these alloys only below a certain critical tempera- 
ture and that the joint effect of nickel and chromium 
lower the of 


mations, thus indirectly determining whether an h.c.p. 


is to and >, transfor- 


phase can form. It is significant that in the majority of 


Fe—Ni-Cr alloys in which an ¢ phase has so far been 


5.2. 
6 
19 


CINA: TRANSITIONAL 
detected,“4-” this phase was formed after cooling to, 
or cold working at, sub-zero temperature. However, 
it has been observed at R.T. without such sub-zero 
treatment. 

The apparent persistence of ¢ in Binder’s com- 
mercial 18/9Cr, Nialloy™ has now been shown to be due 
to his material having been insufficiently cold worked. 
Increasing amounts of cold work can first transform 
an alloy to ¢ and a, and eventually fully to «,, as 
found previously’) and also recently by Otte. 

It has been reported'®.” that ¢ forms ahead of «, 
as a result of cold work. A specific investigation of 
this point in the commercial 18/8 Cr, Ni alloy in the 
present work showed that very weak X-ray diffraction 
patterns of both ¢ and «, were detected together, after 
196°C. It is, 


therefore. not established for this alloy which phase 


1.7 per cent cold work in tension at 


appears first. It is quite possible that some x, forms 
directly from austenite and some from ¢, depending 
perhaps on austenite grain orientation relative to the 
work and the state of lattice dis- 


direction of cold 


turbance resulting from such work. 


5.4. The microstructure of the s phase 
The 


platelets running parallel to two and generally three 


characteristic pattern of ¢, thin straight 
principal directions in each austenite grain, was again 
observed in the present work both in simple binary 
Fe—Mn alloys and also in ternary alloys based on 


Fe—Mn. 


on the appearance of « than on that of e. 


The effect of the third element was greater 
The 
phase is very difficult to distinguish with certainty in 
Fe—-Ni-Cr alloys since it appears together with «, 
however, photomicrographs of ¢ in such alloys have 
been published.°:” They are similar to those of the 
é phase in Fe—Mn alloys. It is of interest that micro- 
in Fe—Mn alloys 


have been observed for the martensitic h.e.p. od phase 
1] 


structures similar to those of y 


in a matrix of f.c.c.f in Co and Co—Ni alloys.' 
Very similar microstructures have also been published 
for Cu-rich Cu-Zn-Ge alloys") in which the h.c.p 
C (zeta) phase was present together with the f.c.c. 
In this case, € is reported to have been 
400° or 550°C, the 


phase. 
formed isothermally at micro- 
structure being observed after water quenching from 
these temperatures. As the C plates were formed 
parallel to those of the (111) planes of the f.c.e. 
x matrix and since the atomic spacings of the « and 
¢ phases were such as to allow one phase to form 
from the other with very little lattice strain, the mode 
of transformation might have been martensitic. 
Massalski™@®? 


corresponding to a mixture of f.c.c. and h.c.p. phases 


has observed a similar microstructure 


PHASE IN Fe-BASE ALLOYS 


in a Au-Cd alloy after homogenizing, and likewise 


Barrett“4 


found such a microstructure when ( 


and h.c.p. phases were present together in Cu-—Si 


alloys. The microstructures in all these Cu-base and 
Au-Cd alloys were observed at R.T. though the h.c.p 
phases were reported to have been formed by 


1ISO- 


thermal treatment at higher temperatures. Further 
study of the mode of formation of these h.e p ph USES 
possibly by high temperature X-ray diffraction, might 
well be profitable. 

5.5. T he phase and stacking faults 

In the pre sent work ho attempt Was made to look 


for faulting in the y or ¢ phases, the appearance of 
an h.e p. phase and the occurrence of stacking faults 
being considered as two separate 
felt that 
phase, as demonstrated by the 


cold 


change of composition justify this view 


though possibly 


related, phenomena. It is the martensiti 


characteristics of the 
latter’s work and 


response to heat treatment 


6. SUMMARY 
(1) The 


Fe—Mn alloys has now been shown not to be per uliat 


transitional h.c.p phase observed in 
to the binary system but has also been observed i 
ternary alloys based on Fe—Mn and containing eithe 
Ni, Cr, Co or C 

(2) Ona weight percentage basis, C had the greatest 
effect of all 
characteristics of the alloys 


both the and 


or ¢— transformations 


four elements on the transformation 


its effect being to 


lowel 
ints of the e and 


(3) ¢ is not a low-carbon phase in the 
system as reported (10 
(4) In the 


formed unless the percentage Mn present w 


ternary alloys studied, ¢ w 
as to have allowed ¢ to form in a simple Fe—M: 
alloy of the same Mn content. This suggested 
Mn the 
ternary alloys 

(5) The effect of Cr and Co in F 


was to favour the 


Was primary cause ol formatio! 
Mn ternary alloys 
formation of «, at the expense of 
martensithi 


The effect of 


€, this despite Co itself undergoing a 
transformation from f.c.c. to h.c.p. «. 


Ni was to stabilize the y al the expense of ; 


X-ray diffraction 
phase could be detected prio! to 


(6) Using a high temperature 
technique, no 
the transformation in 
8° Ni or Fe-19 


this 


course of the ) > Xs 
Ni alloys 
that a 


during 


plain Fe Taken witl 


othe transitiona 


Ni allovs 


(7) Using a similar technique to that in (6 


suggests 


evidence!’ 


h.c.p. phase does not form in Fe-rich Fe 
Pp. } 


above, 


6] 
6 
1958 


no 


phase was detected in an Fe—10°, Cr-8°, Ni 


nor inan Fe-18°,, Cr-4°,, Niallov. This confirms 


Otte’s conclusion’ that there is a minimum total 


Ni 


Cr content above which e will form in Fe—Ni—-Cr 


illovs. This total is probably about 24°). 


S) e and x appeared simultaneously as a result of 


sub-zero cold working a commercial 18°, Cr. 8°, Ni 


lloy for the smallest amounts of either phase detect- 


able. It was concluded that x, probably forms both 


from ¢ and also directly from y. 


%) Asimilarity in microstructure was noted bet ween 


the y — e (f.c.c. and h.c.p. phases) observed in binary 
und ternary Fe—Mn alloys and in Fe—Ni-Cr alloys, 


ind those in non-ferrous metals and alloys such as Co, 


‘o-Ni. Cu—Si. Cu—Zn—Ge and Au—Cd in all of which 


c. and h.c.p. phases were present together. The 


martensitic mode of formation for the h.c.p. phase is 


established for binary’® and now ternary Fe-Mn 
llovs, Fe-Ni-Cr Co@? and Co—Nialloys.4” 


The mode of formation of the h.c.p. phase in the other 


svstems may well profitably be studied further. 


10) It is suggested that the transitional h.c.p. ¢ 


phase observed in Fe—Mn-base and Fe—Ni-Cr alloys 


should be considered as a phenomenon distinct from 


the possible occurrence of stacking faults in these alloy 


L958 
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THE FREE ENERGY OF FORMATION AND THE INTERFACIAL ENTHALPY 
IN PEARLITE* 


KRAMER,*+ G. M. and R. F. MEHL 


\ constant heat-flow calorimeter was used 
formation as a function of pe irlit spacing in ‘ on-—carbo! 
the interfacial enthalpies of the pe irlitic phases were found te 


ergs/cm?*, respectively. The corresponding interfacial free energ 


and 1000 ergs/em?. Thus the interfacial free energy between fer 
and probably about one fourth of that required by the Zener the 
only something between one fourth and one 

is conserved as pearlitic interfacial free en 


energies of formation of bulk pearlite are 


LOENERGIE L DE FORMATION ET L’ENTHALPIE I! 


Un calorimeétre adiabatique a été utilisé pour mesurer lent] 


] 


perlite, en fonction de |écartement des lamelles de la perlite dans 


Les auteurs ont trouvé que les enthalpies d’interface des phases pe 
300 ergs/em? et L500 600 ergs/em*, tandis que | estimati 

conduit aux valeurs de 700 ergs/em? et LOOO ergs/em 

entre la ferrite et la cémentite sont inférieures a la moitié, 

par la théorie de Zenet poul la croissance de la perlite Cel 

et 1/8 de lénergie libre disponible pour la transformation 

l‘interface de la perlite, tandis que la théorie exigeait que 

lénergie disponible. Les auteurs donnent également de 


pe rlite massive pour les deux eutectoides 


DIE FREIE BILDUNGSENERGLE UND DIE GRENZFLACHENENTHALPII 
DER PERLITBILDUNG 


Di Enthalpie det Perlit-Austenit-Umwandlur g wurde kalorime 
eutektoiden Eisen-Kohlenstoff- und Kupfer-Aluminium-G 


Grenzflachenenthalpien der perlitischen Phasen Wert: 


erg/cm*. Die entsprechenden freien Energien der Gre 


geschatzt. Demnach betragt die freie Brenzflachene 


Halfte und wahrscheinlich nur etwa ein Viertel des 
geforderten Wertes Dies bedeutet. dass nur ein 
Umwandlung als Energie der Perlitgrenzflache 
gefordert. Fiir die beiden untersuchten eute 


energie des Perlits angegeben 


INTRODUCTION appeal d as a recent 
The rate of nucleation and the rate of growth of tory.” Che present 
pearlite in the austenite pearlite reaction depend earlier work with an 


upon, among other things, the free energy of formation precision, 


of pearlite and the interfacial free energy between It has long been realised tl 


ferrite and cementite. This subject has been reviewed — exist between the rate of growth and the in 
in detail”) A preliminary study of the subject spacing in Zener) has show 


edgewise growth rate of a pearlitic struct 


* This paper Is from part of a thesis presented by J. J he maximized if one half of the total Gibbs fre 
Kramer to the Committee on Graduate Studies of the 
Carnegie Institute of Technology, Pittsburgh, Pennsylvania, available for the reaction is consumed » dl 
in partial fulfillment of the requirements for the degree of diffusional processes while the other half is 
Doctor of Philosophy in Metallurgical Engineering, September , 

1956. The work was supported by the U.S. Army Office of form the interfaces between the two phases 
Ordnance Research under Contracts No. DA-36-061-ORD-205 treatment is subject to the condition that diffusion 
and -350. Received March 6, 1958. 

+ Westinghouse Electric Corporation, Pittsburgh, Penn 
sylvania. reactions are sufficiently rapid to require negligible 

+ Department of Metallurgical Engineering, Carnegi 
Institute of Technology, Pittsburgh, Pennsylvania 
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the rate controlling step in the reaction, i. intertace 


driving force. The total free energy change available 


» 
J. 
a ppel Inu | 
1400 000) 1 HO) 
e and ceme! t ne 
for pearlite gro | eal that 
rg iVvallable ( 
ilf as required t | 
INTERFACE DE LA PERLITI 
: = 
des énergi b pondante 
ufie qu une part ntre 1/4 
onservet orres! a oitie ad 
cle energie b ‘ le 
Lie 
1958 
gem Darau ud 
n der Zener Phe t 
rte hy \ ler ¢ | 
tem ner Wert Bildung 
contri tio fron t 
pi pel exten ( 1 
Tel ( 1 
that the 
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for the reaction affects both the growth rate and the 


interlamellar spacing ol the pearlite. Zener’s value of 


the interfacial free energy between the ferrite and 


cementite in the iron—carbon eutectoid. calculated 


from available free energy and pearlite spacing data, 
is 2SOO ergs ¢ m* 


tree energy 


Thompson measured the interfacial 
between ferrite and spherodized cementite by means 
of the Gibbs—Thomson effect and found it to be 1350 
ergs em? From the relative interfacial free energies 
measured in the iron—carbon system by Smith'® and 


Vilack™ of 


grain bound wy tension* of gamma Iron, the ferrite 


the measurements by Van the absolute 


spherodized cementite interfacial free 


energy at 


Was computed to be 710 ergs em?. The 


discrepancies between the interfacial free energy 


required by Zener’s theory and these measured values 
constitute a difficulty in understanding the mechanism 


of pearlite growth However. there is some un- 


certainty in the reported experimental values of the 
interfacial free Thus, it seemed 


specific energy. 


desirable to estimate this value by calorimetric means. 
and this was one of the objects of the present work in 
which the interfacial enthalpy was measured and the 
interfacial free energy computed by assuming a value 
The 


enthalpy was determined by measuring the enthalpy 


for the entropy of the interface interfacial 


of the pearlite—austenite transformation as a function 
of pearlite spacing. Also, using the data obtained in 


the course of these measurements. the fre: energy of 


interlamellar 
and the 


of the 


Infinite 
this 


formation of bulk  pearlite 


spacing) was computed. From value 


specific interfacial free energy, the fraction 
vailable free energy conserved es pearlitic interfacial 
free energy was determined in order to check the 
prediction that it should be one-half. 

\s a subsidiary investigation, the specific interfacial 
enthalpy hetween the pearlitic phases in the copper 
was measured and the interfacial 


The 


;(x and y,) in the copper 


uluminum system 


free energy estimated interfacial free energ\ 


hetween the pe rlitic phase 


tluminum system has not been calculated on the basis 
of Zener nalysis because of the lack of thermo- 
dynamic data. Smith’s measurements‘® of the relative 
between 


that 


interfacial free phases in alloys 


these 


energy 


containing copper indicate interfaces 


usually have smaller free energies than the large-angle 


ypper 


grain boundary. Fisher and Dunn") have 


* Although, of solids, there is a small difference 


between specific interfacial free energy and interfacial tension, 


in the case 


these terms will be used interchangeably 
Another difficulty of the theory is that 
inverse linear relationship between edgewise growth rate and 


it predicts an 


pearlite spacing which is not borne out by experiment. 


ALLURGICA, 


VOL. 6. 1958 

evaluated a number of measurements of the copper 
grain boundary free energy and give the most reason- 
able value for this energy as 550 ergs/em? between 
950 and LOS50°C, 


EXPERIMENTAL PROCEDURE 


a. Principle of calorimete) 


The constant heat-flow calorimeter used for these 
measurements was a modification of the type originally 
developed by Smith.”® A specimen on which thermal 
measurements are to be made is positioned within a 
small refractory container in a tubular furnace (Fig. 1). 
Power to the furnace is controlled to maintain a 
constant temperature difference between the outside 
and inside surfaces of the container. Under these 
conditions, the heating or cooling rate of the specimen 
is a function of its enthalpy, the thermal conductivity 
and heat capacity of the container, and any extraneous 
losses. 

If no transformation requiring the absorption of 


within a given temperature range, the 


heat 
specific heat of a specimen can be caleulated within 


occurs 
this range from the heating rate curve of the container 
without any specimen, the curve with a specimen of 


known heat capi city, and the curve for the specimen 


/ p 

ecording 
4 MY p 
Differentia 


Thermocouple 


Thermopile 


McDone! 


Ceramic 


— Ceramic 


Cap 


Container 


Nichrome Winding 


Schematic diagram of calorimeter. 
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of unknown thermal properties. The expression fo1 
specific heat is 

(At/AT). (At/AT) 


(1) 
(At/AT), (At/AT) 


where the subscripts 8, k, c, refer to the test specimen, 
the specimen of known thermal properties, and the 
the weight of the 
its specific heat, and At/A7' the slope 
of the inverse heating rate curve. 

When a the 
absorbs or evolves heat as determined by the require- 
the 


container, respectively: W_ is 


specimen, P. 
transformation 


occurs, specimen 


ments of transformation. For transformations 
which are sufficiently rapid, no temperature change 
occurs throughout the process of the reaction, and the 


enthalpy of the transformation can be expressed as 


At, 

AH 
(At/AT7’), (At/AT) 

where Af, is the time required for the transformation. 


Sluggish transformations occur over a temperature 
range, and part of the enthalpy of transformation is 
manifested as an apparent specific heat. Evaluation 
of the enthalpy of such a reaction requires knowledge 
of the true specific heat and an integration of the 
difference between true and apparent specific heats 


over the temperature range of the reaction. 


bh. Calorimeter construction 

In order to measure the small variation in enthalpy 
of transformation as a function of pearlite spacing 
the 


ducibility. This Was accomplished by the control ot 


calorimeter was designed for maximum repro- 


four major variables. 


|. The reproducibility in position of all components 
of the calorimeter was carefully maintained. 
Thermocouples were selected which were chemi- 
cally and structurally stable for long periods of 
time when used within the temperature range 
O0-850°C. 
Stray electrical pickup in the thermocouple 

circuits was eliminated. 

Heat transfer was made reproducible by using a 

chemically stable refractory specimen container 


and eliminating moisture from the furnace. 


Test specimens were replaced in the crucible by 
removing the thermocouple and the assembly con- 
taining the plug, the container cap, and the thermo- 
couple guide tube. The thermocouple well of each 


specimen was thread-tapped, and by screwing a rod 
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into this well. specimens could he replaced in the 


furnace. Small guides in the crucible positioned the 


specimen reproducibly to within 1/32 in 


Control of the temperature difference through the 


containe! Was effected by an electronic controller 


which was activated by a differential thermopile 


The thermopile (of No. 28 gage platinum platinum 
10° rhodium) consisted ot twelve alternate beads on 


of the With 


special preparation this wire was found to give very 


the outside and inside surfaces container 
reproducible readings for long periods of operation of 
that thermal 
of the 


the calorimeter, and was sufficiently fine 
leakage from the outside to the inside surfac« 
Control of th 
C for 
temperature 
Chromel—Alume!l 


which was replaced after each measurement 


container was not a problem tempera 


ture difference was to within 0.1 a difference 


calibrated 


of 50°C specimen was measured 


with a thermocouple 
le 
The potentiometer circult consisted of an electronic 


recorder and the temperatures were accurate to 44°C 


Any stray electrical pickup in the thermocouple 


circuit, as e.g. from the furnace winding. was elimi 
nated by encasing the container in a thin nickel sheath 
which was grounded 

The container and all insulation were of Armstrong 
A-20 brick which was found to be stable 


free of 


temperature range of calorimeter operation 


chemically 


and any phase transformation within the 


The low 
thermal conductivity and low temperature coefficient 


of conductivity of this brick made it particularly 


desirable. However, it is somewhat hygroscopic, and 


accordingly, the furnace was evacuated and baked out 


at 400°C to remove any adsorbed or chemically 


combined moisture reproducibility Wa 


hieved when the calorimeter was used in measurements 
ona heating cycle, and was found to be best when the 


controller was set to give a flow of heat through the 


container walls of approximately I cal/s Unde 


these conditions, heating curves on specimens of 


identical heat reproducible to within 


LO sec 


capacity are 


over a 3hr period of operation, an overall 


cent A 


discussion of experimental error will be given i the 


variation of 0.1 per more complete 


Discussion of Results.) 


Cc. Ope cimen pre paration 


The plain-carbon eutectoid steel was obtained* in 


the form of annealed | in. round bars. Two heats of 


steel were used in the experiments. Precautions were 


taken in the preparation of the alloys to prevent 


ym the Vanadium Alloy Steel Cor 


| 
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lecarburization and to minimize alloy banding. The 


‘compositions were as follows 


O.OL0 O.0] 


O.O1] 


OS] 0.20) 0.21 


0.27 0.016 


0.008 0.00 


0.80 | 0.22 


Specimens were cut from the | in. bars and austeni- 
tized in a well-deoxidized lead pot at 900 2°C for 
3hr. They were then isothermally reacted at various 


temperatures below 727°C to form pearlite of the 


required spacing. A } in. rim was machined from the 
surface of all specimens to remove any possible trace 
f decarburization, and a small sample was removed 
from each specimen and used for spacing determina- 


tion.“ All pearlite formed was found to be uniform 
with little degeneracy (Fig. 2). 

The non-ferrous copper—aluminum eutectoid* was 
received in the form of ? in. extruded rods. This alloy 


analyzed in weight 88.07°,, copper, 11.89°,, aluminum, 


iron. and the balance. trace 


0.01°. manganese. 0.02° 


impurities. The same austenitizing schedule used for 


the Fe—C eutectoid was employed in the preparation of 


this alloy. Further protection from oxidation was 


provided by encasing each sample in a_ graphite 


capsule. Lsothermal transformations were conducted 
at temperatures below the eutectoid temperature of 
565°C. This pearlite was also found to be uniform and 
» 


free from degeneracy (Fig. 3). The necessary trans- 


formation times at various temperatures were 
obtained from appropriate isothermal transformation 
curves.%?.13) The reaction temperature necessary to 
obtain pearlite ot any given spacing was determined 
from the experiments of Pellissier ef al." on the iron 


carbon system and Haynes" on the copper—aluminum 


system. 


d. Spacing determination 


Pearlite spacings were determined by the method 


developed by Pellissier ef al." which consisted of 
matching the experimentally observed distribution of 
apparent spacingsT on a plane of polish to the 


theoretical distribution of apparent spacings. Two 
hundred spacing counts at X1000 were used to obtain 
the experimental distribution of apparent spacings. 
With this number of counts, the accuracy in spacing 


or interfacial area is within 5 to 10 per cent. Since the 


. Prepared by the Ampco Metal Company. 

+ The apparent spacings are those observed on a plane of 
from the 
perpendicular spacing between lamellae to observed larger 
from the 


polish, and represent a range of spacings true 


spacings which result inclination of the lamellae 


to the plane of polish. 


"e—C fine pearlite, Picral etch. » 2000. 


apparent spacing ranges much larger than the true 


spacing, this method of determination can be used 


for true spacings as narrow as 2000 A although the 


limit of resolution of the light microscope is 5000 A. 


Spacings ranged between 2000 and SOOO 


‘u—Al fine pearlite, Ferric chloride etch. 


Mehl '!® 


normalizing treatment (Fe—C 


found that pearlite formed by a 
pearlite ~3500 A) 
, to inhomogeneous austenite within 90 sec 


* Roberts and 
of spacing 
transforms 99.5 
at. 732°C. 

Darken and Gurry'!® determined the heat of solution of 
cementite in austenite and found that, to a first approximation, 
it is independent of carbon concentration in the austenite. 
Therefore, no heat effect is expected from homogenization of 
the carbon in the austenite. 


Si Mn § P |Mo|Co|Ni 
SSS SSS 
QS 
2, 
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SS 
SSS SERS SESS 
Sz 
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| — — — = 
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coarser pearlites, diffusion distances are too great and 
the rate of transformation to austenite becomes too 
sluggish. Therefore. very accurate determination of 
the heat of the transformation of coarse pearlites is 


not possible. 


O pe ration of the calorimeter and results 


A sufficient number of samples of Fe-C and Cu—Al 
pearlites were investigated to allow statistical analyses 
of the data. Measurements were made on pearlites of 
medium and fine spacing in a random sequence in 
order to minimize the effect of any systematic chang: 
in the thermocouples or calorimeter. The calorimetet 


was calibrated by measuring the heating rate curve 
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of the container with and without a specimet 
specific heat after every 3 or 4 measurements on the 
of the 


pearlite This permitted i check of the stability 


calorimete! Coppel was selected for the calibration 
specimen because its specihc heat is well-known and 
does not differ 
The data of Kelly 1% 


the spe ific he: 


greatly from the specific heat of steel 


were taken as the best values for 
T ot coppel 
The reproducibility of both the p und 


austenitic specific heats in successive measurements 


on an iron—carbon alloy is shown in Fig. 4. The 


coppt I 


n abrupt change in specific heat 


curve 
eutectoid 


of the 


ot speciic heat fol the 
(Fig. 5D) shows 


austenitic phase close to the eutectoid temperature 
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0.320 


0300 


Q280 


g 
re) (2) 


@ 


= 
a 
” 
J 
oO 
<= 
=x 


AUSTENITE 


600 


640 


TEMPERATURE , 


scatter in specific ata fro 


CeSSI\ 


PEARLITIC PHASE 


© 


SPECIFIC HEAT , CALORIES /GRAM 


AUSTENITIC PHASE 


480 520 560 600 


640 


TEMPERATURE , °C 


Mean value of specific heat as a function of temperature 


L 
PEARLITE 2 
6 
8 
.958 0.160 
0140 = 
0120 
0,100 
440 480 52C 560 = = 68C 720 76C 800 
MiG. 4. runs on plan on eutectold 
0,260 
0,240 
0220 
0200 
0.180 
0.160 
0.140 
0100 
0080 
0.060 
0.040 
0.020 
440 a 680 720 760 800 


@ 


@ 


@ 
oO 


4 6 8 10 12 14 16 
FERRITE-CEMEIITITE INTERFACIAL AREA, cm? x / GRAM 


ENTHALPY OF PEARLITE TO AUSTENITE TRANSFORMATION 
AT EQUILIBRIUM TEMPERATURE (727 °C) , CALORIES / GRAM 
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Variation of enthalpy with interfacial area for Cu—Al eutectoid. 
least square points 


This makes determination of an enthalpy or free pearlite and 565°C for Cu-Al bulk pearlite.* The 

energy change-temperature relationship difficult exact slopes of the curves were determined from 

because of uncertainty in extrapolating the austenitic — a least squares analysis of the data. Interfacial enthal- 

specific heat curve to lower temperatures. pies of the pearlite were determined from the enthalpy 
For the iron—carbon alloys. complete reaction variation by the relationship 


occurred within a temperature range of 3 °C. For (OAH 0A) H... (3) 


the copper—aluminum alloys, however, this range was 
PI ; For the Fe—-C pearlitic interface this value is, from 

Fig. 6. 1400 + 300 ergs/em? at 727°C while for the 


Cu—Al pearlite (Fig. 7) it is 1500 + 600 ergs cm? at 


found to be as great as 1o°C. The enthalpy of the 
pearlite to austenite reaction at the equilibrium 


eutectoid temperature for both iron—carbon and 
i, 565°C. By extrapolation of the enthalpy—surface area 
copper—aluminum allovs as a function of the inter- : 7 : 

relationships, the enthalpy for the reaction of the bulk 
facial area is given in Figs. 6 and 7. The equilibrium 


eutectoid temperature is taken as 727°C for Fe—C bulk * Bulk pearlite refers to pearlite of negligible interfacial area. 
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constituents transforming to austenite is 18.4 (727°C) | difference between the specific hea { the pearliti 
cal/g for the Fe—C alloy and 8.9 (565°C) cal/g for the and austenitic phases. The results ; esented in 
Cu—Al alloy. Using these enthalpy and specific heat Figs. 8 and 9 
data, the free energies of the reactions were calculated 
from the thermodynamic relationship, 
cb) Precision 
AF, .p To The reproducibility of measurements on tl 
heat of the plain-carbon eutectoid ste 
C' ply or p)dT d(1/7) (4) cent and the same reproducibility was 
Cu Al eutectoid at the lower temperat res H 
where AH, is the enthalpy of the austenite to near the Cu—Al transformation temperature 
pearlite reaction at the equilibrium transformation the reproducibility of specific heat for thi 
temperature 7')°K, AF, is the free energy change at — only t per cent. This is thought to be du 


uly temperature, and (,(P)—C,(y or is the presence of an ordering reaction ® 
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MET 
temperature) phase and the slowness of the austeni- 
The 


reproducibility of the enthalpy of transformation was 


tization process in this substitutional alloy. 


0.5 per cent for the eutectoid steel and 
Al eutectoid. 

From an analysis of the experimental method it is 
that 


# per cent 
for the Cu 
estimated the measure 


precision (supposed 


absolute accuracy) of the specific heats is +3 per cent 
for the Fe-C alloy. However, the error is undoubtedly 
greater (pel haps LO per cent) in the case of the Cu—Al 
eutectoid for the reasons given above. The precision 
measure of the ent halpy of transformation is estimated 
about But again, the error for the 


to be a per cent. 


Al eutectoid is probably about LO per cent. 
The same precision measures are assumed to apply to 
the enthalpies of transformation of the pearlites of 
infinite interlamellar spacing, and similar errors should 
apply to the free energies of transformation of these 
bulk” pearlites 
The 


reasonable agreement with the results of Awbery and 


present specific heat data on steel are in 


Snow.” Esser and Baerlecken,@® and Hagel et al.‘?? 
Also. the present data on Cu—Al eutectoid specific heat 
the 
Nevertheless, the present value for 
steel of 


are in reasonable agreement with results of 


Masumoto ef al 18 
transformation of 


enthalpy ot eutectoid 


infinite interlamellar spacing (18.4 eal/g at 727 C) 


Is 
not in good agreement with the values reported by 
Hagel ef 


agree well with the value 


Grass’) (19.3 eal/g) and al.) 
Neither does it 


calculated indirectly from the data of 


1.22 


and 


Essel 
19.6 eal/g 


of 20.0 ealig 


Darken and co-workers. 

However. the precision measure of the interfacial 
nthalpy hetween the eutectoid phases of the plain 
irbon steel or the Cu—Al eutectoid is not limited by 
he absolute accuracy of the enthalpies of transforma- 
ion. Rather it is determined only by the probable 
rror in the slope of Fig. 6 or Fig. 7, respectively, due 
the data. Thus the 


enthalpy is 


to scatter (reproducibility) of 


precision measure of the interfacial 
20 per cent for the 
40 per cent for the 
Cu—Aleutectoid. Accordingly, the interfacial enthalpy 


300 


estimated from the data to be 


plain-carbon eutectoid steel and 


between the eutectoid phases is given as 1400 
ergs em? tol the steel and L500 600 ergs em2 for the 


Cu—Al eutectoid. 


bh) Specific interfacial free energy 
In order to estimate specific interfacial free energy, 
between the eutectoid phases, one must assume a value 


for interfacial entropy. Not many data are available 


to provide a basis for accurate selection of an inter- 


facial entropy value. The entropies of solid gold‘?*) 
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and silver?) surfaces have been determined from 


surface tension measurements to be | erg/em?/°K at 


I300°K and 0.5 erg/em?/°K at 1100°K, respectively. 
For the purposes of the present computation, Sy was 
assumed to be § erg/em? “K. Accordingly, the specific 
interfacial free energy between cementite and ferrite 


was calculated from 
T'S. 


to be 700 ergs/em? at 727°C. The corresponding figure 
for the Cu—Al eutectoid is 1000 ergs/em?. 

[It is evident from the results that the specific inter- 
facial free energy between ferrite and cementite is less 
than one half and probably about one fourth of that 
required by the Zener theory for pearlite growth 
(2800 ergs/em?).* This means that only something 
between one fourth and one eighth of the free energy 
the 


pearlitic interfacial free energy, instead of one half as 


available for transformation is conserved as 


required by the theory. It has been suggested that 
there may be at least one other source of irreversi- 
bility in pearlite growth besides that of carbon 
diffusion.'*°-?® For example, there may be appreciable 


irreversibility in one of the interface reactions.'?® 


CONCLUSIONS 


|. The enthalpy of the interface between the ferrite 

and cementite phases of plain-carbon eutectoid 
1400 
the interface between the eutectoid phases of the 


steel is 300 ergs/em?. The enthalpy of 


copper—aluminum system is 1500 + 600 ergs/em?. 


Assuming an interfacial entropy of 3 erg/em?/°K 
for both systems, the interfacial free energies for the 
eutectoid phases of the iron—carbon and copper 
are 700 + 300 ergs/em? and 


aluminum systems 


L000 600 ergs/cm?, respectively. 

The specific interfacial free energy between ferrite 
and cementite is less than one half and probably 
about one fourth of that required by the Zener 
This 
means that only something between one fourth and 
the the 


transformation is conserved as pearlitic interfacial 


theory for pearlite growth (2800 ergs/cem?). 


one eighth of free energy available for 
free energy, instead of one half as required by the 
theory. 

The enthalpy of copper—aluminum eutectoid trans- 
0.9 cal/g at the 


formation is 8.9 eutectoid 


temperature of 565°C. 


* The upper limit of one half arises from the extreme 


assumption of an interfacial entropy Ss equal to zero, and 
affect the validity of this 


thus uncertainty in Ss does not 


conclusion. 
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reported grain boundary 
is assumed that 
R LA NATURE DE 
montrent que si lon admet que | 


des énergies des joints interg? 


argent 
DIE 


KIGENSCHAFTEN DER 


METALL 


den Daten, die im 


zwischen fester und Fliissigkeitsphase auftretends 


Zustand dieser Bet 


INTERFACE 
ITS MELT* 


ind solid—liquid interfacial energies for « 
the solid—liquid interface 
LSINTERFACE 


intertace 


nulaires et cde 


BERUHRI 
ND SCHMELZE 


Falle von Kupfer und Silber fiir die Kornbegre 


ihrungsflache 


BETWEEN A SOLID METAL 


CAHN? 


rand silver 


is diffuse. 


LIQUIDE-SOLIDE DUN METAL 


solide—liquide est diffuse, on peut expliquer 


interface solide liquide dans le cas du 


NGSFLACHE ZWISCHEN EINEM FESTEN 


grenzung und fiir dic 


Energie ang ege ben werden. 


als diffus angenommen wird 


\ recent theoretical treatment” indicates that the 
interface between two fluids with similar properties 
is diffuse: by this we mean that the change in com- 
position or density does not occur abruptly across a 
single plane, but is spread out over distances varying 
from a few to many atomic spacings. This type of 


interface will occur whenever a gradual change 


between two equilibrium phases gives the lowest free 
energy. The distance over which the transition takes 
place is determined by a balance between the energy 
issociated with a gradient in composition or density 


and the energy required to form material of inter- 
mediate properties 

Although a corresponding analysis? has vet to be 
between a solid metal and its 


that 


made for the interface 


melt one would suspect some vestige of the 


atomic 
If the effect 


ilso extends into the solid then it will 


lattice structure will persist in the first few 


lavers of the liquid adjoining the solid. 
of the interface 
be impossible to discern where one phase ends and the 
tther begins unless a major fraction of the change in 
s long range order) occurs across a 


properties such ; 


single plane This uncertainty is of little consequence 
for a flat interface, but is important if the interface is 


The 


question of the interfacial thickness is thus not only 


curved as. for example. is the case for a nucleus. 


of intrinsic interest but also has a direct bearing on the 
interpretation of data on the undercooling of liquid 


metals. 
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It is our purpose to show that some information on 
this question can be inferred from the reported values 
of the grain boundary energy (6,,,,) and the solid 
liquid interfacial energy (o,,) for the three metals for 
data One 


expect that, for a given metal. CGR would be less than 


which concomitant are available. might 


or equal to 2¢g,. since any boundary having a higher 
SI] the 
melting point, be unstable with respect toa composite 


energy than 206 would, sufficiently close to 


or ‘sandwich’ consisting of two solid—liquid interfaces 


with an intermediate layer of supercooled liquid 


If the solid—liquid interface 
will be 


required in the composite and hence the maximum 


constituting the “filling” 


is sharp, then no supercooled liquid laver 


permissible value for o,,,, will be 20g, at all tempera- 
tures. This expectation is not borne out by the data 
Table 1 


measurements of for silver. gold.“ and copper; 


collected in which includes experimental 


the value for the last 
(4) 


being an average obtained by 
Fisher and Dunn") from five different investigations. 
The corresponding value s of Ogsr are those estimated 
(on the basis of the classical nucleation 
Turnbull™ 


small droplets. 


theory ) by 


from measurements of undercooling in 


It will be noted that in each case the 
We 


do not believe that the experimental measurements 


ratio is appreciably greater than two. 


are at fault since very careful precautions were taken 
in the determination of the degree of undercooling used 
in the calculation of ag, and, in the case of copper, 
similar values of o,;,, have been obtained by different 
methods. 

We will first demonstrate that this anomaly cannot 
be resolved for a sharp solid—liquid interface by 
that is highly anisotropic. Let us 


assuming Og, 
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TABLE | 


Grain boundary energy 
Metal © 
erg 


GB 


cin 


550 LS LOOD 
400 (900°C)(2)* 


365 50 (830 C 


Copper 
Silver 
Gold 


* Using a revised value of 1200 erg em for the surface 


define a geometric factor B such that the free energy 
o(comp)|, per cm? of a solid liquid solid composite is 


given by: 


a(comp) = 2 Bog,(cale) + « (1) 


where O,,(cale) denotes the values of Oxy quoted in 
the table and « is the free energy per cm? of forming 
the supercooled liquid laver. For a sharp interface 
which we are presently considering x will be zero 
because of the absence of a liquid layer. The factor 
B will be unity if og, is isotropic and other than unity 
if it is anisotropic. In the latter case there will be two 
contributions to B, one being the correction required 
because the solid nucleus will have a shape dictated by 
the Wulff construction’® instead of being spherical as 
assumed in the calculation of og,(cale), and the other 
a factor representing the increase in area of a solid 

liquid interface when low energy faces are exposed 
by faceting. 

If we select an extreme case in which og, for a (111) 
face of a cubic crystal is less by a factor of at least 
(3)? than that for any other face, it is easily shown 
that the solid nucleus will be an octahedron. Faceting 
of the solid—liquid interface in the composite will also 
occur even for the most unfavorable orientation when 
the interface is parallel to a (100) plane. The correction 
for the octahedral nucleus is (7/3 1/3)"* or 0.84 and 
the maximum possible increase in the interfacial area 
is (3)'/2. Multiplying the two factors together gives 
2.92 for the ratio 6,,;,/0,,(cale) for a sharp interface. 
At each stage of the preceding calculation we have 
purposely chosen those conditions which, though 
rarely satisfied in practice, will give a maximum value 
for the ratio but, even so, it is significantly less than 
that observed for copper and silver. We therefore 
conclude that the anomaly cannot be accounted for 
solely by an anisotropic dg,. 

Turning now to the possibility of a diffuse solid 
liquid interface: again we have to consider the effect 
on both the calculation of og,(cale) and on the free 
energy of the composite. The quantity « in equation 
(1) will no longer be zero since a finite thickness of 


supercooled liquid is required to separate the two 


1.46 corresponding to a limiting value of 


t< 


Solid—liquid interfacial energ 
by 


Turnbu indet 


nsion of 


solid—liquid interfaces. The equilibrium thickness of 


the lave will be approximately equal to that of the 


intertac a layer appre iably thinne1 O thicker will 


raise the free energy of the composite, in the formes 


case because ot interference hetween the two intel 


faces and in the latter because of the introduction of 


needless supercooled liquid. The entropy of fusion of 


l deg™! 


issumed 


‘AT’ erg 


which, if it i 


0.15 


coppel 3 cal mol 


independent of temperature CIVeS 
em for the of forming a liquid 
of thickness ¢ A temperature AT°C 
melting point since a(comp defined bv equatio1 | 
find 
b 1.2 


free energy 


at a 1y¢ low the 


must equal to or greater than o,,,,. we 


i7 erg cm~* and 


substituting o,,(cale 


ot its 


\7 


the solid liquid interface does not 


(an approximate average m 


minimum values) that f¢ ~20 A for of 50° 


Howeve1 heces 
sarily have to be this thick to reconcile the data. since 
a much thinner interface would invalidate the appli 
for the « 


cation of the classical nucleation theory aicu 


ot The deg ot 


Og,(cale). undercooling 
observed in the droplets of the three metals corre 


lation 


sponds to a radius of only about 10 A for the critical 
We 7 
that 


neral 


ries 


more 


the 


nuclei. know from 


nucleation when interfacial thickness 


comparable withthe radius of the nucleus g 


classical theory, the latter will be in serious e1 


that the such as to make the 


erro! will be 


values of Og] too low. It is therefore certain 
true values of Og, are largel than those report 
table. Moreover 


be satisfied at the melting point since x go¢ 


the condition o 


results of a recent investigation’ 


that 


Preliminary 


range 


within the temperatur 


copper indicate 


the measurements (which extended to within 18°C 
the melting point) o,,, decreases only slightly with 


Thus 


abrupt drop in dgp in the immediate vicinity « 


increasing temperature barring an untorseen 


the 
melting point, we can also conclude that the condition 

O¢;,/2B will hold down to lower temperatures 
2Bo the 
for a 


imply that the grain boundary 


ST. x (where og, is now value 


corrected non-homogeneous nucleus). it would 


physically corresponds 
words 


to the composite we have described or. in othe 
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This 


particularly for 


of the grain boundary. 


there is “premelting” 


possibility cannot he excluded. 


those grain boundary orientations which yield a low 
value for B. 
We may 


observed 


metals is 


summarize our findings as follows: 


ratio ot Oey to tor two 


ippreciably larger than expected even after allowing 


for an anisotropic solid—liquid interface. The existence 
of this discrepancy leads to the that 
there is some degree of diffuseness at the solid—liquid 
that 


conclusion 


that this diffuseness is such 


estimated from the undercooling 


interface. and 


the values 


data will be too low by a presently unknown factor. 
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LETTERS TO 
Dislocation etch pits in apatite* 


Honess,) illustrated 


many excellent photographs, describes the etch figures 


An etching study by with 
produced by chemical reagents on the natural faces of 
various mineral crystals, most of which are transparent. 
This information is of value to those who are interested 
in crystal imperfections or the mechanism of dissolu- 
tion. Honess’ photomicrographs show arrays of etch 
pits which are probably dislocation patterns such as 
are seen on the {100} and {111} faces of germanium 
and silicon, and the structures which he calls solution 
channels are apparently low angle boundaries. 
Recently, Amelinckx™ has shown that the boundary- 
like structures in single crystal rock salt are low angle 
boundaries composed of pits representing the sites of 
The of 
decorating dislocations crystals for 
(3) 


dislocations newly developed technique 


in transparent 
internal observations™) increases the importance of 
studying etch pits in other transparent crystals. 
The study presented here is designed to show the 
relationship between pits and dislocation sites in the 
mineral apatite. 

The crystal form of apatite [Ca,;(Cl,F)(PO,),| is 
hexagonal bipyramidal of the class 6/m, and it varies 
For this study 
Mexico) 

Thin 


(~0.20 in.) were cut from the crystals to expose the 


in habit from prismatic to tabular. 


prismatic yellow crystals (Durango, were 


obtained from a commercial source. dises 


basal plane (O0OL), and then mounted in lucite and 
mechanically polished. Small fragments from internal 
cleavages chipped out and scratched the surfaces, 
thereby preventing the attainment of a perfect polish. 
However, it was found that the residual scratches did 


not interfere with observations of the etch pits. 
») 


Each specimen was immersed for 2 min in a hot 


(60°-70°C) of 


washed in running water, and dried in a stream of air. 


concentrated solution tartaric acid, 
Etch figures mey also be produced with citric acid 
(60 
in various concentrations and with appropriate time 
this 


chosen because the longer etching time allowed greater 


70°C) or by any of the common laboratory acids 


adjustments. For work, an organic acid was 


control over the development of pits. 

Examination of the surfaces at 100 showed net- 
works comparable to the low angle boundaries in 
In Fig. 1, 
cation, some of the lines are seen to consist of separate 


facet 


germanium and silicon. at higher magnifi- 


hexagonal pits with edges approximately 


Honess and 


parallel to the idealized crystal edges. 
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Jones'4 have observed that these figures may lye 


oriented asymmetrically with respect to the structural 
symmetry of the crystal if the organic etchant is 

d- Also, the 
rotation of the pit, right or left according to the form 


or /-optically active form degree of 
of the acid, seems to vary with the concentration and 
temperature of the solution. They suggest that in 


apatite the rotation may be possible because of an 
absence of symmetry planes vertical to the surface of 
view. An X-ray pattern of one of the samples used in 
rotated 


This is well within the 


this study shows that thess pits are by less 
than 5° from the crystal edges 
error which might be incurred in lining up the sample 
in the X-ray beam, and since the commercial form of 
tartaric acid is not optically active, it is assumed that 
the pits are symmetrical with the hexagonal crystal 
edges. 

If the pits in Fig. | a dark 


This 


is the image of a tubular cavity, or normal beak, which 


are examined closely 
streak will be seen across the center of each one 
extends into the crystal in a direction perpendiculai 
to the (0001) face. Plastic replicas made for examin 

tion by the electron microscope (Fig. 2) show thei 
length and that there is no loss of hexagonal symmetry 
shadow” in the picture indi 


the 


in the pit. The white 
that the bea 
replica was carbon shadowed but has been bent during 
Fig. 3 


long tubular cavitie 


cates k was perpendicular when 


subsequent handling. illustrates some oblique 


pits which have extendil 


s and et 


angle boundark 


Ooo plar 


|. Low 


6000, 
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the crystal in several directions thought to be the 


cleavage directions. These, unlike the normal beaks, 
lower the symmetry of the pit, sometimes to the point 
where the facets of the hexagon no longer appear. 
There seems to be no agreement in the literature on 
the cause of these anomalous figures. 

A dise was broken to expose the surfaces per- 
pendicular to the basal plane and etched as described 
above without further surface preparation. The pits 
thus formed are rectangular and of varying lengths, 
perhaps indicating the length of the dislocation line 
between jogs. Where the rectangular pit emerges on 
another crystal plane, it assumes the symmetrical 
shape characteristic of that orientation. This is 
illustrated in Fig. 4. which is a composite photograph 
with one exposure on each of two intersecting sur- 
faces. both of which are perpendicular to the basal 
plane. A strong indication that these are dislocations 
is the fact that the etch pit patterns on the two halves 
of broken crystals are exact mirror images, although 
this is not shown in the illustrations used here. 

It is not practical to observe the behavior of the 
pits in apatite by deformation and annealing because 
of the high temperature involved. Another way to 
determine whether the etch pits are dislocation sites is 
the analysis of intersecting tilt boundaries. For 
intersecting low angle boundaries on the (OOOL) plane, 
the densit\ of pure edge dislocations, n. in branches 


A, and C'is 
(1) 


when Y 4 is the angle between the houndary trace and 


Fic. 5. Intersecting low angle boundaries. 
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L. C. LOVELI 
Pits in Antimony J. 


Sur la croissance en aiguilles de la phase 
hematite dans les pellicules d’oxydation 
du fer aux temperatures élévées*t 


La croissance en filaments des métaux et de leurs 
produits de réaction a fait récemment l’objet d'une 


mise au point détaillée.”) Plus particuli¢rement la 


croissance de “barbes” sur des échantillons métal- 
liques oxydés dans lair ou loxygene a été observée 
par Pfeil’) et Richardson") dans le cas du fer. par 
‘) par Liebhafsky dans 
Pfefferkorn® et 
étude 


Dans la présente 


Ty lecote dans le cas du cuivre, 
celui du molybdéne.) Récemment 


Arnold et 


barbes a plusieurs autres métaux. 


Eloise Koonce’ ont étendu des 
communication nous nous proposons d’exposer briéve- 
ment nos propres observations dans le cas de l’oxvda- 
tion du fer et de ses oxydes dans lair, précisant ainsi 
les remarques d’une publication faite en 1952 sur le 


méeme sujet. 


Les échantillons étaient constitués par des _pla- 
quettes de fer Armco ou du fer dénommé *Puron” 
par la Westinghouse, soumis préalablement a une 
préparation soignée déja décrite en détails" ou pat 
des pellicules d’oxydation superficielle préalablement 
détachées mécaniquement de leur support de fer et 
constituée comme l'on sait de 3 couches de Fe, ).. de 
Fe,O, et de FeO dans les proportions de 1,4 et 95°, 
respectivement.'®) Ces échantillons étaient en général 
oxydés en les introduisant directement dans un four 
vertical ouvert (technique 1). Cependent pour cer- 
taines expériences de contrdle une technique plus 
Les échantillons étaient 
4 


raftinée était mise en oeuvre. 


alors préchauffés dans le vide (10-4 mm Hg) jusqu’a 


la température d’expérience avant d‘introduire dans 
le tube laboratoire l’air purifié soigneusement desseché 
technique 2). 

En général, comme nous l’avons déja montré? la 
phase Fe ).. se présente dans les pellicules sur support 
de fer ou de formées dans lintervalle 400—1300 °C, 


realisée en liaison avec Monsieur 


Paris, a fait 


+ La presente recherche 
J. Bénard, Professeur a la Faculté des Sciences de 
‘objet du contrat No 43 entre 


de | Université de Concepcion (Chile) 


‘auteur et le “Consejo de 


Investigacion Cientifica 
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a état d'une couche superficielle continue d’épaisseur 
sensiblement constante tout au long de |’échantillon. 
Cependant dans certaines conditions que nous allons 
ici préciser, sur cette couche externe d’hématite 
apparaissent de fines aiguilles. 

Que |’échantillon de départ soumis a l’oxydation 
soit du fer ou du protoxyde de fer, nos expériences 
nous ont montré que les aiguilles apparaissent seule- 
ment aux températures inférieures a 700—750°C 
(exceptionnellement des aiguilles isolées ou des touffes 
d’aiguilles s’observent encore a SOO°C). La direction 
de ces aiguilles est en général sensiblement normale a 


la surface de la pellicule. Leur longueur peut atteindre 


plusieurs fois l’épaisseur de la couche massive de Fe, Qs. 


Dans le cas de l’oxydation du fer dans lintervalle 


$00-550°C et des durées d’oxydation jusqu’a 48 
Fe,O. 


heures, les aiguilles de sont tres fines et leur 


longueur ne dépasse pas | a 2 uw. Elles sont plus 


serrées en général a lemplacement de rayures de 

polissage, et sur bords de l’échantillon. Elles apparais- 

sent en colonies qui s étendent rapidement en taches. 


surface d'une pellicule 450°C-3h on les voit couchées 


Sur la micrographie de la Figure | qui montre la 


sur la surface. Elles ont l’aspect de cils. Le plus 
souvent elles sont cependent dressées sur la surface 
et leur étude im situ au microscope optique devient 
alors difficile. 

Sur les micrographies des Figures 2 et 3 qui montrent 
respectivement les coupes polies des pellicules sur 
support de fer suivantes: 650°C-22 mn 30s et 800°C 
th, les aiguilles de Fe,O, plus résistantes apparaissent 
la pellicule. L’étude des 


dressées sur la surface de 


coupes a lavantage de montrer que les aiguilles 


peuvent envahir des zones de la pellicule restées 


parfaitement adhérentes au support a la température 
de l’expérience et ot par conséquent les diverses 
couches constitutives de la pellicule ont leur épaisseur 
normale. 

Dans le cas de la réoxydation des pellicules d’oxy- 
dation superficielle détachées méceaniquement de leur 
support de fer les aiguilles se forment presqu’ exclusive- 
ment sur la face interne de la pellicule (qui est sensible- 
ment déformée et a inverse de la face externe ne 
porte pas de couche superficielle d’*hématite). Ce fait 
semble indiquer que la formation des aiguilles est 
facilitée par la présence de tensions mécaniques et par 
dislocations et de 


conséquent de plus quelle est 


favorisée au cours de |’étape de germination de la 
phase hématite. 

Les aiguilles qui se forment au cours de |oxydation 
du protoxyde croissent plus rapidement que dans le 
cas de celle du fer: cependant le rapport L/e ot L est 


la longueur moyenne des aiguilles et ¢ l’épaisseur de la 


surface d'un échantillon de 


Aspect de la 

dans lair a 450°C pendant 3 heures 750 
couche compacte d’hématite, est approximativement 
le méme dans les deux cas. Les micrographies de la 
Figure 4 montrent les aiguilles de Fe,O, formées sur la 
face interne d’une pellicule superficielle détachée de 


son support le fer et réoxydée a 700°C pendant 48 


Coupe d'une pellicule d’oxydation superficielle du fer 


dans lair obtenue a 650°C pendant 22 m 30s 
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heures. La premiere montre l’aspect d’une fractur 


de la pellicule, la deuxiéme les aiguilles couchées a 


plat sur la pellicule. 


Un fait digne d’étre noté est que loxydation de la 


phase magnétite dans l’air ne donne jamais lieu a la 


croissance d’aiguilles dressées sur une couche com 


pacte d’hématite: cette derniére phase quand elle 


apparait possede une morphologie différente et trés 


particuliére.“° 


Coupe de partie externe 


ficielle du fer dans air obtenue a S00 ( 


Les présentes observations sont insuffisantes pou 
la CTOISSance des 


permettre d’établir le mécanisme de 


aiguilles. Tout au plus sur leur base nous pouvons 


énumérer un certain nombre de conditions favorisant 
leur formation 

Température d’oxydation relativemet 

1-dire 

couche de Fe,Q, 


Tensions mécaniques préexistantes dans 


des conditions de croissance lent 


echan 


tillon ou créées au cours de l’oxydation méme du 


fait des conditions opératoires. Comme tensions du 


premier type, il faut citer les tensions de polissage et 


les tensions prenant naissance au cours de la sépara 
tion de la pellicule de son support (cas des pellicules 


réoxydées)—comme tensions du deuxiéme type les 


tensions crées au cours de la muse en te mperaturt de 


léchantillon oxydé par la technique | (il y a lieu de 


souligner que si l'on opére par la technique 2, la 


formation des aiguilles devient exceptionnelle 
Remarquons pour terminer que dans nos conditions 
eCXCeS 


opératoires, loxvgene est toujours en grand 
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Aspect de la fracture de la pellicule Aspect de sa face interne oti l'on distingue 
les aiguilles couchées a plat. 


\iguilles sur la face interne d'une pellicule d’oxydation superficielle du fer reoxydée dans 
lair & 700°C pendant 48 heures. 
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c est pourquoi on ne peut retenir les raisons générale- 


ment invoquées pour expliquer la croissance lente 
difficile de plus de vérifier si hypothése admise pour 
a savoir la présence d'une dislocation vis dans le 
réaction d’oxydation. 
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